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Foreword 


This, the 194th volume of the Transactions of the American Institute of Mining and Metallurgical Engineers, 
contains the technical papers of the Metals Branch published in the Transactions section of the JOURNAL OF 
METALS in 1952. The technical papers and discussions of the Institute of Metals, Iron and Steel, and Extractive 
Metallurgy Divisions are presented under a single cover. : 

The papers included in this volume have been approved by Divisional Auxiliary Publications Committees 
only after careful screening and generally after appreciable condensation. Rewriting to achieve brevity has 
usually benefited the reader. At the same time, elimination of extraneous words has enabled the Metals Branch 
to publish all valuable papers and still remain within a generous but distinctly limited budget of pages for 
this Transactions. 

The Institute of Metals Division has contributed 80 papers including the IMD Annual Lecture by Shockley. 
The Iron and Steel Division is represented by 13 papers including the Howe Memorial Lecture by Kinzel. The 
Extractive Metallurgy Division has 14 papers in the volume. Besides these papers, there are 34 technical notes 
interspersed through the volume. Discussions to various papers are assembled in four places but can readily 
be found by use of the Index. 

The JOURNAL OF METALS was paged consecutively throughout 1952 and as a result, there are eleven inter- 
ruptions in the pagination. The missing pages are non-Transactions material printed in the JoURNAL OF METALS. 

An expression of thanks is due the authors and contributors of discussions. Members of the Divisional 
Auxiliary Publications Committees basically are responsible for the uniformly high quality of papers accepted 
for publication here. Members of the headquarters staff should receive credit not only for handling the com- 
plex machinery involved in translating papers into this volume, but in particular for the excellent Contents 


and Index. Only a Contents of the completeness provided here would make it possible for the user to find the 
excellent material in this large volume. 


DECEMBER 4, 1952 R. M. Brick, Chairman 
PHILADELPHIA, Pa. Metals Branch Council, AIME 
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Bylaws of the Institute of Metals Division 


(Revised February 1953) 


ARTICLE I 
NAME AND OBJECT 

Sec. 1. This Division shall be known as the Institute 
of Metals Division of the American Institute of Mining 
and Metallurgical Engineers. 

Sec. 2. The object of the Division shall be to fur- 
nish a medium of cooperation between those interested 
in the field of physical metallurgy; that is, the nature, 
structure, alloying, fabrication, heat treatment, prop- 
erties and uses of metals; to represent the AIME in- 
sofar as physical metallurgy is concerned, within the 
rights given in AIME Bylaw, Article XI, Sec. 2, and 
not inconsistent with the Constitution and Bylaws of 
the AIME; to hold meetings for the discussion of phys- 
ical metallurgy; to stimulate the writing, publication, 
presentation and discussion of papers of high quality 
on physical metallurgy; to accept or reject papers for 
presentation before meetings of the Division. 


ARTICLE II 
MEMBERS 

Sec. 1. Any member of the AIME of any class and 
in good standing may become a member of this Divi- 
sion upon registering in writing a desire to do so, but 
without additional dues. 

Sec. 2. Any member not in good standing in the 
AIME shall forfeit his privileges in the Division. 


ARTICLE III 
FUNDS 


Sec. 1. The expenditure of the funds received by 
the Division shall be authorized by the Executive Com- 
mittee of the Division. 


ARTICLE IV 
MEETINGS 

Sec. 1. The Division shall meet at the same time 
and place as the annual meeting of the AIME, and at 
such other times and places as may be determined by 
the Executive Committee subject to the approval of 
the Board of Directors of the AIME. 

Sec. 2. The annual business meeting shall be held 
within a few days before or after the annual business 
meeting of the AIME. 

Sec. 3. At a meeting of the Division, for which no- 
tice has been sent to the members of the Division 
through the regular mail or by publication in the 
JOURNAL OF METALS at least one month in advance, a 
business meeting may be convened by order of the 
Executive Committee and any routine business trans- 
acted not inconsistent with these Bylaws or with the 
Constitution or Bylaws of the AIME. 

Sec. 4. For the transaction of business, the presence 
of a quorum of not less than 25 members of the Divi- 
sion shall be necessary. 


ARTICLE V 
OFFICERS AND GOVERNMENT 


Sec. 1. The officers of the Division shall consist of 
a Chairman, a Senior Vice-Chairman, a Vice-Chair- 
man, a Secretary and a Treasurer. The office of Secre- 
tary and Treasurer may be combined in one person, if 
desired by the Executive Committee. 

Sec. 2. The government of the affairs of the Divi- 
sion shall rest in an Executive Committee, insofar as 
is consistent with the Bylaws of the Division and the 
Constitution and Bylaws of the AIME. 

Sec. 3. The Executive Committee shall consist of 
the Chairman, Senior Vice-Chairman, Vice-Chairman, 
past Chairman, Secretary, and nine members, all of 
whom shall be nominated and elected as provided 
hereafter in Article VII. 

Sec. 4. The Chairman, Senior Vice-Chairman and 
Vice-Chairman shall serve for one year each, or until 
their successors are elected. Each member of the Exec- 
utive Committee shall serve three years. The Chairman 
shall remain a voting member of the Executive Com- 
mittee for one year after his term as Chairman. 

Sec. 5. The Treasurer of the Division shall be in- 
vited ‘to meet with the Executive Committee, but with- 
out ex-officio right to vote. He shall be appointed an- 
nually by the Executive Committee, from the member- 
ship of the Executive Committee or otherwise. 

Sec. 6. The annual term of office for officers of the 
Division shall start at the close of the Annual Meeting 
of the Institute and shall terminate at the close of the 
next Annual Meeting. 


ARTICLE VI 
COMMITTEES 

Sec. 1. There shall be standing committees as fol- 
lows: Programs Committee, Finance Committee, Mem- 
bership Committee, Annual Lecture Committee, Tech- 
nical Publications Committee, Mathewson Gold Medal 
Committee, Nominating Committee, Education Com- 
mittee and such other Committees as the Executive 
Committee may authorize. 

Sec. 2. It shall be the duty of the Programs Com- 
mittee to secure the presentation of papers of appro- 
priate character at meetings of the Division. 

Sec. 3. It shall be the duty of the Finance Com- 
mittee to inquire into and examine the financial con- 
dition of the Division and to consider proper means of 
increasing its revenue and limiting its expenses. The 
Finance Committee shall audit the accounts of the Divi- 
sion and report to the Executive Committee prior to 
the Annual Meeting of the Division. It shall render a 
budget to the Executive Committee estimating receipts 
and expenses for the ensuing year so that action can 
be taken on same at the first meeting following the 
Annual Meeting. 


Vv 


Sec. 4. It shall be the duty of the Membership Com- 
mittee to encourage and solicit membership in the 
AIME and in the Division in accordance with the By- 
laws and Constitution of the AIME. 

See. 5. It shall be the duty of the Annual Lecture 
Committee to arrange for the presentation at the time 
of the Annual Meeting of the AIME of a lecture on a 
technical subject of particular interest to the Division 
and the AIME as a whole. This lecture is to be known 
as the “Institute of Metals Lecture.” This Committee 
shall make all arrangements, financial and otherwise, 
and render a complete report on same to the Executive 
Committee. 

Sec. 6. It shall be the duty of the Technical Publi- 
cations Committee to appraise manuscripts of technical 
papers of subject matter within the scope of the Divi- 
sion that may be submitted to the AIME for publica- 
tion in the Transactions; to recommend their accept- 
ance, revision or rejection. 

See. 7. It shall be the duty of the Mathewson Gold 
Medal Committee to recommend the author(s) of a 
paper published in the Transactions Section of the 
JOURNAL OF METALS as recipient(s) of this Medal in 
accordance with conditions stipulated by the Executive 
Committee. 

Sec. 8. The Nominating Committee, consisting of 
five members of the Division, shall nominate a Chair- 
man, a Senior Vice-Chairman, a Vice-Chairman, a Sec- 
retary and three members of the Executive Committee 
not later than June 1. Such nominations shall be sub- 
ject to the approval of the Executive Committee. 

Sec. 9. It shall be the duty of the Education Com- 
mittee to assist in the accreditation of metallurgical 
curricula through the Engineers’ Council for Profes- 
sional Development and such other duties related to 
the education of prospective metallurgical engineers 
as shall be referred to it by the Executive Committee. 

See. 10. The Chairman of the Division shall, sub- 
ject to approval of the Executive Committee, appoint 
the Chairmen and new members, as required, of the 
Committees referred to in Sec. 1. 


ARTICLE VII 
NOMINATION AND ELECTION OF OFFICERS AND 
EXECUTIVE COMMITTEE 


Sec. 1. Every year the Division shall elect a Chair- 
man, a Senior Vice-Chairman, a Vice-Chairman, a Sec- 
retary and three members of the Executive Committee. 

See. 2. In addition to the nominations made by the 
Nominating Committee (see Article VI, Sec. 8) any 
ten members of the Division may submit nominations 
for one or more Offices to the Executive Committee not 
later than August 15, and the persons so nominated 
shall be included in the official ballot. 

Sec. 3. The voting shall be by letter ballot, except 
that when only one candidate has been nominated for 
each elective position by August 15 following publica- 
tion of the Nominating Committee report in the July 
issue of the JOURNAL OF METALS (or thirty days after 
publication in a subsequent issue), no letter ballot shall 
be sent to the membership and the candidates shall be 
declared elected at a subsequent meeting of the Board 
of Directors of AIME. 

Sec. 4. The ballots shall be counted by a committee 
of tellers appointed by the Executive Committee. 

Sec. 5. The Executive Committee shall fill vacancies 
in any offices of the Division occurring for any reason 
other than the expiration of term of election. 


ARTICLE VIII 
AMENDMENTS 


Sec. 1. Proposals to amend these Bylaws shall be 
made in writing to the Executive Committee and signed 
by at least ten members. They shall be considered by 
the Executive Committee and announced to the mem- 
bers through the columns of JOURNAL OF METALS, to- 
gether with any comments or amendments made by 
the Executive Committee thereon. They shall be voted 
upon at the annual meeting of the Division in February 
or by letter ballot, as may be directed by the Executive 
Committee. 


Bylaws of the Iron and Steel Division 


(Revised February 1953) 


ARTICLE I 
NAME AND OBJECTS 


Sec. 1. This Division shall be known as the Iron 
and Steel Division of the American Institute of Mining 
and Metallurgical Engineers. 

Sec. 2. The objects shall be to furnish a medium of 
cooperation between those interested in the metallurgy 
and industry of iron and steel manufacture; to repre- 
sent the AIME in so far as ferrous production metal- 
lurgy is concerned, within the rights given by AIME 
Bylaw, Article XI, Sec. 2, and not inconsistent with the 
Constitution and Bylaws of the AIME; to hold meetings 
for the discussion of ferrous production metallurgy; to 
stimulate the writing, presentation and discussion of 
papers of high quality on ferrous production metal- 
lurgy; to reject or accept such papers for presentation 
before meetings of the Division. 


ARTICLE II 
MEMBERS 


Sec. 1. Any member of the AIME of any class and 
in good standing may become a member of the Divi- 


Vi 


sion upon registering in writing a desire to do so. 
Sec. 2. Any member not in good standing in the 
AIME shall forfeit his privileges in the Division. 


ARTICLE III 
DUES AND ASSESSMENTS 


Sec. 1. Dues or assessments may be fixed by the 
Executive Committee of the Division, subject to the 
approval of the Board of Directors of the AIME. 

Sec. 2. The funds received by the Division shall be 
apportioned by the Executive Committee of the Divi- 
sion. 

ARTICLE IV 
MEETINGS 


Sec. 1. The Division shall meet at the same time 
and place as the Annual Meeting of the AIME and at 
such other times and places as may be determined by 
the Executive Committee subject to the approval of 
the Board of Directors of the AIME. 

Sec. 2. The annual business meeting shall be held 
within a few days before or after the annual business 
meeting of the AIME. 


Sec. 3. At any meeting of the Division for which 
notice has been sent to the members of the Division 
through the regular mail at least one month in advance, 
a business meeting may be convened by order of the 
Executive Committee, and any routine business trans- 
acted not inconsistent with these Bylaws or with the 
Constitution or Bylaws of the AIME. 

Sec. 4. For the transaction of business, the presence 
of a quorum of not less than 25 members of the Divi- 
sion shall be necessary. 


ARTICLE V 
OFFICERS AND GOVERNMENT 


Sec. 1. The officers of the Division shall consist of a 
Chairman, three Vice-Chairmen, a Secretary and a 
Treasurer. The office of Secretary and Treasurer may 
be combined in one person, if desired by the Executive 
Committee. 

Sec. 2. The government of the affairs of the Divi- 
sion shall rest in an Executive Committee in so far as 
is consistent with the Bylaws of the Division and the 
Constitution and Bylaws of the AIME. 

Sec. 3. The Executive Committee shall consist of 
the Chairman, three Vice-Chairmen, the Past Chairman, 
and nine members, all of whom shall be nominated and 
elected as provided hereafter in Article VII and the 
chairmen of the Membership Committee, the Open 
Hearth Steel Committee, the Blast Furnace, Coke Oven 
and Raw Materials Committee and the Electric Fur- 
nace Steel Committee as ex-officio members with power 
to vote. 

Sec. 4. The Chairman and Vice-Chairmen shall 
serve for one year each, or until their successors are 
elected. Each member except ex-officio members of the 
Executive Committee shall serve for three years. The 
Chairman shall remain a voting member of the Exec- 
utive Committee for one year after his term as Chair- 
man. 

Sec. 5. With the exception of the Vice-Chairmen, 
Secretary and Treasurer, no officer or member of the 
Executive Committee may be immediately re-elected 
to the same office. 

Sec. 6. The Secretary and the Treasurer of the Divi- 
sion shall be invited to meet with the Executive Com- 
mittee, but without ex-officio right to vote. These officers 
shall be appointed annually by the Executive Committee, 
from the membership of the Executive Committee or 
otherwise. 

Sec. 7. The annual term of office for officers of the 
Division shall start at the close of the Annual Meeting 
of the Institute and shall terminate at the close of the 
next Annual Meeting. 


ARTICLE VI 
COMMITTEES 


Sec. 1. Standing committees, technical committees 
and special committees may be established, re-appointed 


and discharged by the Executive Committee except as 
provided in Article VI, Sec. 2. 

Sec. 2. After the initial organization any technical 
committee may, by proper notice to the Executive 
Committee, elect annually its own officers and mem- 
bers. In the event that any such committee fails to 
hold annual elections, the right to re-appoint or dis- 
charge shall revert to the Executive Committee. 

Sec. 3. The duties of the technical committees shall 
be to advance the art of the industry in the field of 
their assignment and to secure papers within their own 
fields for presentation at meetings of the Division and 
of the AIME, subject to the regulations of the Program 
Committee of the Division. 


ARTICLE VII 
NOMINATIONS AND ELECTION OF OFFICERS 
AND COMMITTEES 


Sec. 1. Every year the Division shall elect a Chair- 
man, three Vice-Chairmen and three members of the 
Executive Committee. 

Sec. 2. A Nominating Committee of five members 
of the Division shall be appointed by the Executive 
Committee immediately after the Annual Meeting. 

Sec. 3. The Nominating Committee shall make its 
report to the Executive Committee not later than June 
il, 

Sec. 4. Any ten members of the Division may sub- 
mit nominations for one or more offices to the Exec- 
utive Committee not later than August 15, and the 
persons so nominated shall be included in the official 
ballot. 

Sec. 5. The voting shall be by letter ballot, except 
that when only one candidate has been nominated for 
each elective position by August 15 following publica- 
tion of the Nominating Committee report in the July 
issue of JOURNAL OF METALS (or thirty days after pub- 
lication in a subsequent issue), no letter ballot shall 
be sent to the membership and the candidates shall be 
declared elected at a subsequent meeting of the Board 
of Directors of AIME. 

Sec. 6. The ballots shall be counted by a committee 
of tellers appointed by the Executive Committee. 

Sec. 7. The Executive Committee shall fill vacancies 
in any offices of the Division occurring for any reason 
other than the expiration of term of election. 


ARTICLE VIII 
AMENDMENTS 


Sec. 1. Proposals to amend these Bylaws shall be 
made in writing to the Executive Committee and 
signed by at least ten members. They shall be con- 
sidered by the Executive Committee and announced 
to the members through the columns of JOURNAL OF 
METALS, together with any comments or amendments 
made by the Executive Committee thereon. They shall 
be voted upon at the Annual Meeting of the Division 
in February or by letter ballot, as may be directed by 
the Executive Committee. 


Bylaws of the Extractive Metallurgy Division 


(Revised February 1953) 


ARTICLE I 
NAME AND OBJECT 
Sec. 1. This Division shall be known as the Extrac- 
tive Metallurgy Division of the American Institute of 
Mining and Metallurgical Engineers. 
Sec. 2. The object of the Division shall be to fur- 
nish a medium of cooperation between those interested 


Vil 


in all phases of extractive metallurgy with emphasis 
on the extractive metallurgy of the nonferrous metals; 
to represent the AIME in so far as extractive metal- 
lurgy is concerned, within the rights given in AIME 
Bylaw, Article XI, Sec. 2, and not inconsistent with the 
Constitution and Bylaws of the AIME; to hold meetings 
for the discussion of extractive metallurgy; to stim- 


ulate the writing, presentation, and discussion of high 
quality on extractive metallurgy; to reject or accept 
such papers for presentation before the meetings of the 
Division, and to make recommendations on publication 
thereof. 

ARTICLE II 


MEMBERS 


See. 1. Any member of the AIME of any class and 
in good standing may become a member of this Divi- 
sion upon registering a desire to do so, but without 
additional dues. 

Sec. 2. Any member not in good standing in the 
AIME shall forfeit his privileges in the Division. 


ARTICLE III 
FUNDS 


Sec. 1. The expenditure of funds received by the 
Division shall be authorized by the Executive Com- 
mittee of the Division. 


ARTICLE IV 
MEETINGS 


Sec. 1. The Division shall meet at the same time 
and place as the Annual Meeting of the AIME, and at 
such other times and places as may be determined by 
the Executive Committee subject to the approval of 
the Board of Directors of the AIME. 

Sec. 2. The annual business meeting shall be held 
within a few days before or after the annual business 
meeting of the AIME. 

Sec. 3. At any meeting of the Division for which 
notice has been sent to the members of the Division at 
least one month in advance either through the regular 
mail or through notice published in the monthly pub- 
lication of the Institute in which technical papers of 
this Division appear, a business meeting may be con- 
vened by order of the Executive Committee and any 
business transacted not inconsistent with these Bylaws 
or the Constitution and Bylaws of the AIME. 

Sec. 4. For the transaction of business, the presence 
of a quorum of not less than fifteen members of the 
Division shall be necessary. 


ARTICLE V 
OFFICERS AND GOVERNMENT 


Sec. 1. The officers of the Division shall consist of 
a Chairman, a Chairman-elect, three Vice-Chairmen 
and a Secretary. 

See. 2. The Government of the affairs of the Divi- 
sion shall rest in an Executive Committee as is con- 
sistent with the Bylaws of the Division and the Con- 
stitution and Bylaws of the AIME. 

Sec. 3. The Executive Committee shall consist of 
the Chairman, Chairman-elect, Vice-Chairmen, past 
Chairman, Secretary and six members, all of whom 
shall be nominated and elected or appointed as pro- 
vided hereafter in Article VII. 

Sec. 4. The Chairman and Chairman-elect shall 
serve for one year each, or until their successors take 
office. Each member of the Executive Committee and 
each Vice-Chairman shall serve three years. The Chair- 
man shall remain a voting member of the Executive 
Committee for one year after his term as Chairman. 

Sec. 5. Terms of office for officers and Executive 
Committee members shall begin and end at the close 
of the Annual Meeting. 


ARTICLE VI 

COMMITTEES 
Sec. 1. There shall be the following standing com- 
mittees: Papers and Program Committee, Technical 


Publication Committee and Membership Committee. 
Technical Committees on functional and commodity 
lines will be established by the Executive Committee. 
The Executive Committee is also authorized to estab- 
lish other committees or discharge committees when 
desirable. 


Vill 


Sec. 2. It shall be the duty of the Papers and Pro- 
gram Committee to secure for presentation papers of 
appropriate character at meetings of the Division and 
of the AIME. 

Sec. 3. The duties of the Technical Publications 
Committee shall be to examine and review all papers 
in its field submitted to the Institute for publication; 
to evaluate reader comment obtained on each paper; 
and to recommend to the Institute Technical Publica- 
tions Committee as to acceptance or rejection of papers. 

Sec. 4. It shall be the duty of the Membership Com- 
mittee to encourage and solicit membership in the 
AIME and in the Division in accordance with the By- 
laws and Constitution of the AIME. 

Sec. 5. The Chairman of the Division shall, subject 
to the approval of the Executive Committee, appoint 
the Chairmen and new members as required of the 
Committees referred to in Sec. 1. The Chairmen of the 
Technical Committees shall be members of the Papers 
and Program Committee. 

Sec. 6. Appointments on standing committees shall 
be for terms of three years each with approximately 
one third of the committee membership being ap- 
pointed each year. 


ARTICLE VII 


NOMINATIONS, ELECTIONS, AND APPOINTMENTS 
OF OFFICERS AND COMMITTEES 


Sec. 1. Every year the Division shall elect a Chair- 
man-elect, a Secretary, and two members of the Exec- 
utive Committee. 

Sec. 2. The Chairman-elect shall succeed to the 
office of the Chairman, and shall preside at all meet- 
ings in the absence of the Chairman. In the absence of 
both the Chairman and Chairman-elect, one of the 
Vice-Chairmen shall preside. 

Sec. 3. Every year before the end of the Annual 
Meeting the Executive Committee shall appoint one 
Vice-Chairman for a term of three years to take office 
at the close of the Annual Meeting. 

Sec. 4. A nominating committee of five members 
of the Division shall be appointed by the Chairman of 
the Division subject to the approval of the Executive 
Committee. 

Sec. 5. Any ten members of the Division may sub- 
mit nominations for one or more elective offices of the 
Executive Committee not later than August 15, and 
the person so nominated shall be included in the official 
ballot. 

Sec. 6. The voting shall be by letter ballot, except 
that when only one candidate has been nominated for 
each elective position by August 15 following publica- 
tion of the Nominating Committee report in the July 
issue of the monthly publication of the Institute in 
which the technical papers of the Division appear (or 
thirty days after publication in a subsequent issue), 
no letter ballot shall be sent to the membership and 
the candidates shall be declared elected at a subsequent 
meeting of the Board of Directors of AIME. 

Sec. 7. Ballots shall be counted by a committee of 
tellers appointed by the Executive Committee. 

Sec. 8. The Executive Committee shall fill vacancies 
in any offices of the Division occurring for any reason 
other than the expiration of term of election. 


ARTICLE VIII 
AMENDMENTS 


Sec. 1. Proposals to amend these Bylaws shall be 
made in writing to the Executive Committee and 
signed by at least ten members. These shall be con- 
sidered by the Executive Committee and announced 
to the members through the columns of the monthly 
publication of the Institute in which the technical 
papers of this Division appear, together with any com- 
ments or amendments made by the Executive Com- 
mittee thereon. They shall be voted upon at an annual 
meeting of the Division in February or by letter ballot 
as may be directed by the Executive Committee. 


Heats of Formation of Sodium-Tin Alloys Determined With A 


New High Temperature Calorimeter 


by Raleigh L. McKisson and LeRoy A. Bromley 


A high temperature calorimeter designed for use up to 1500°K is 
described and the theory of its operation presented. This calorimeter was 
used to measure the heats of formation of Na-Sn alloys ranging in com- 
position from tin to Na.Sn. The values tend to support those reported by 

Kubaschewski and Seith. 


NE method of obtaining the heat of formation of 
an alloy is to measure the heat of mixing of the 
elements at high temperature. The principal advan- 
tage of this method is that the desired quantity is 
measured directly, while in conventional room tem- 
perature methods the differences of the heats of 
solution of the elements and the alloy in a suitable 
solvent are measured. A method of improving the 
accuracy of the high temperature measurements, 
when the precision of the measurement is lower 
than that of the heat capacity values for the ele- 
ments, is to add one component at room temperature 
to the other at the high temperature, so that part of 
the heat of reaction is dissipated in heating the cold 
component to the high temperature. Thus, only a 
fraction of the heat of reaction is measured, and a 
result of higher precision is obtained. The limitations 
of the high temperature technique are that volatile 
systems cannot be studied, and that many alloys 
melt at temperatures higher than those at which the 
calorimetric apparatus operates readily. Neverthe- 
less, a calorimeter operating at 1500°K would be 
useful in investigating many of the lower melting 
alloy systems and the low melting mixed oxide sys- 
tems. A unit designed for these applications was 
built and is described here. 
The Na-Sn system was chosen for investigation 
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25, 1951. St. Louis Meeting, February 1951. 
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because the temperature involved, 880°K, would 
adequately test the operation of the calorimeter. 
Further, the data reported in the literature for the 
various alloys of sodium and tin differ markedly, and 
it was hoped that this investigation would help to 
fix the values of the heats of formation in this system. 


Design of Apparatus 

A detailed discussion of the considerations in- 
volved in the calorimeter design is given by Mc- 
Kisson and Bromley, and a brief summary follows. 
Fig. 1 shows a sectional view of the calorimeter. 

The inner graphite chamber is maintained at con- 
stant temperature by means of the circulating molten 
tin bath in which it is submerged. The tin is con- 
tained in a graphite vat. This unit comprises a 
thermostat whose heat capacity is about 7000 cal 
per °C. The main heating element consists of a 
machined graphite spiral with a room temperature 
resistance of about 4% ohm. These parts are separated 
from the powdered carbon external insulation by 
the cage, a cylindrical graphite chamber. The electri- 
cal insulators and separators, the auxiliary heater 
spool, and the loading tube liner are made of sin- 
tered alumina. The tin vat stirrers, the sample stir- 
rer, the melt thermocouple well, and the power leads 
are made of molybdenum. The auxiliary heater is 
wound with molybdenum wire and serves to com- 
pensate for the heat loss up the loading tube. All 
of the individual components in the high tempera- 
ture region of the calorimeter will withstand at 
least 2000°K, and the various contacting materials 
should easily withstand 1500°K. The external con- 
tainer for the insulating carbon powder is a copper 
shell upon which copper tubes are soldered to serve 
as cooling coils. 
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Fig. 1—High temperature calorimeter. 


The sample dispenser unit, Fig. 2, rests on the top 
of the loading tube and carries the samples from 
the sample chamber to the melt. The lower end is a 
cell, closed by a trap door, into which the samples 
are placed. When the sample tube has been cranked 
down through the loading tube to its lowest position, 
the ejector mechanism forces the sample out into 
the melt. 

The calorimeter power supply consists of a 220 v 
7.5 Kva Variac, whose secondary feeds a 4:1 step- 
down transformer. The output from the step-down 
transformer is fed into the main heating coil of the 
calorimeter. The control of the main power supply 
is obtained by varying the Variac setting to correct 
the temperature of the heating element. This tem- 
perature is continuously read by a Wheelco Poten- 
tiotrol unit which operates from a thermocouple in 
contact with the main heating element. The Poten- 
tiotrol unit is wired to control a reversible motor 
which is geared to the Variac shaft. When the tem- 
perature of the heating element is low, the motor 
increases the emf delivered by the Variac; when the 
temperature is high, the emf is decreased. In addi- 
tion to this control, movable limiting switches are 
mounted so that the maximum variation in the 
Variac emf can be set to give the best degree of 
constancy in the temperature cycle of the tin bath. 

The recording instruments are a controller-re- 
corder, a precision potentiometer, and a timer. In 
normal operation, the controller-recorder unit is used 
to record the temperature-time trace of the sample, 
another unit controls the tin-bath temperature as 
previously described, and the potentiometer in con- 
junction with the timer is used to read the tempera- 
tures of the sample, at known times. The controller- 
recorder trace and the potentiometer-timer reading 
constitute the data obtained from the calorimeter. 

The gas system used consists of a tank of argon 
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and a tank of helium, each piped through mano- 
meters and drying tubes to the calorimeter. The 
drying tube on the argon line consists of a bubbler 
unit in which the gas bubbles through the liquid 
alloy of sodium and potassium to remove water and 
oxygen. The dry argon then flows into the heating 
element region, and also into the inner graphite 
chamber, providing an inert atmosphere around the 
heating element and around the sample. The drying 
tube on the helium line consists of a column of phos- 
phorus pentoxide. The dry helium then flows to the 
top of the sample dispenser unit. Thus the argon fills 
the inner graphite container displacing any lighter 
gas and overflows into the sample chamber where it 
meets the helium which displaces heavier gas in the 
upper part of the dispenser unit. The sample cham- 
ber does not have a gas-tight seal with the loading 
tube, and the two gases escape through this joint 
and thus provide the calorimeter with an inert 
atmosphere. 


Derivation and Application of Equations 

The data obtained from the apparatus consist of 
a temperature-time trace of the crucible and its 
charge, together with a number of checks of tem- 
peratures on this curve from readings taken on the 
potentiometer. The problem is, then, to devise a 
method of calculating the heat liberated in a reac- 
tion using these data. McKisson’* previously analyzed 
a system similar to the one concerned here, and this 
derivation will follow a similar approach. 

The rate of heat transfer from the crucible at tem- 
perature, T, when the surroundings are at tempera- 
ture, t, is: 


—q = + [1] 


where: q is the rate of heat transfer, cal per min; a, 
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Fig. 2—Sample dispenser unit. 


TRANSACTIONS AIME 


= 
We 
NW | 
| NN i NN 
PEO NES 
| 
| 
| | | 
|| 
|| _ 
\ 
\ 
\ 
| \ \ 
ail \ 
| \ 
| \ \ 
\A 
\ \ 
| \ \ 
| \ \ 
{ 
\ 
\— 
\ 
Ke 
— 
| 
N 
| 
See ®] 
\ 
| 


40 


30 
L 
20 
vs. t 
GRAPH 
= 10 
N 8 
4 
3 
7 
2 
2 20 30 40 5060 
t in*K «1072 


Fig. 3—P/R ys. t curve. 


the Stefan-Boltzmann constant, cal per min sq cm 
°K;* A,, the area of crucible system for radiative 
heat transfer, sq cm; A, the area of crucible system 
for convective heat transfer, sq cm; e, the effective 
emissivity of the crucible; T, the temperature of 
crucible, °K; t, the temperature of cavity, °K; and 
h, the heat transfer coefficient for convection, cal 
per min sq cm °C. 

(T* — t') can be expanded in terms of (T—t) = 
AT, thus: 


(T*— t*) = + 6t?AT’ + 4tAT? + AT* [2] 


If AT is less than 0.1t, neglecting the last two 
terms of the expansion will give an error of less than 
1 pet. Then, substituting the first two terms of eq 2 
into eq 1 and rearranging: 


4 AT (6aAet) AT? [3] 


In eq 3, the Stefan-Boltzmann constant, o, is a con- 
stant for all conditions. The emissivity, ¢«, is a func- 
tion of T, but can be considered constant during a 
run. The effective area for radiative heat transfer, 
A,, and the effective area for convective heat trans- 
fer, A., are functions of melt-height. The convection 
heat-transfer coefficient, h, is a function of melt- 
height, melt temperature, T, and AT, but the depend- 
ence on AT is small. Because of the small variability 
of these quantities, they can be considered to be 
constant during an individual addition. 


Now let: 
(4cA,et® + hA.) = P [4] 
and: 
(6cA,et?) = R [5] 
Substituting eq 4 and eq 5 in eq 3: 
—q = PAT + RAT” [6] 


Eq 6 gives an expression which relates the rate of 
heat transfer from the crucible to the temperature 
difference between the crucible and the cavity 
through the quantities P and R. Since q = dQ/dé, 
plotting q against time, 0, will give an area which is 
proportional to the heat liberated in the reaction. 
Such a plot may be constructed if P and R are 
known. The ratio of P to R can be written, using eq 
4 and eq 5: 
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+ hA, 


7 
R 60 A,et” 


In eq 7 if hA, = 0, the minimum value of the ratio 
(P/R) can be calculated as: 


2 
(P/R) min. = a [8] 


The system can be analyzed by means of heat trans- 
fer correlations given by McAdams‘ and the ratio 
P/R calculated within 5 pct. The results of such an 
analysis are shown in Fig. 3. Details of this calcula- 
tion are given by McKisson.® These values are used 
only in estimating R once P is known, since RAt’ 
represents only a correction term in eq 6. The prob- 
lem, then, is to obtain the best value for P. 

When no heat is being liberated in the system, the 
expression relating the heat, Q, to the heat capacity 
of the system is dQ = C, dt, and when this is com- 
bined with the expression for Q in terms of time, 6: 


’ Now, since AT = (T —t), then dAt = dT. Using this 


equality in eq 9 and rearranging: 


= dé 10 
PATER [10] 
Eq 10 is integrable, yielding: 
0 1 P + RAT 


n 
GR Je AT 
or, rearranging in more useful form: 


C, AT 
R/ 


Eq 12 indicates the relation between @ and AT for 
the system when no reaction is occurring. By plot- 
ting In (AT/[1 + (R/P)AT]) vs. 6 for the addition of 
an inert material, a straight line is obtained whose 
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Fig. 5—Ln (Amy/[1 + (R/P)Amy]) ys. 6 curve. 


slope is — (P/C,). In eq 12 it is more convenient to 
use Amv, the millivolt difference reading of the melt 
thermocouple from the equilibrium millivolt value, 
provided that a linear relation exists between mv 
and temperature. When C, is known the slope yields 
P, and the q vs. 6 plot can be made. 

The C, of the system can be determined from the 
addition of an inert material to the melt. The pro- 
cedure is outlined as follows: 

1—Plot the T vs. @ curve or the Amv vs. @ curve 
using data from the addition of an inert material of 
known heat capacity (Fig. 4) and estimate the aver- 
age temperature of the addition. 

2—Refer to Fig. 3 and find the value of P/R cor- 
responding to this average temperature. 

3—Calculate values of Amv/[1 + (R/P)Amv] 
and plot In (Amv/[1 + (R/P)Amv]) vs. 6 (Fig. 5). 
The slope of the resulting line is — (P/C,). In the 
event that the final equilibrium temperature differs 
from the initial equilibrium temperature, the one 
that more accurately represents the true equilibrium 
temperature must be determined. This is most easily 
done by plotting the data corresponding to both 
temperatures on the In (Amv/[1 + (R/P)Amv]) vs. 
6 plot and determining which gives the best straight 
line. Such a case is shown in Fig. 5, where use of 
the final equilibrium temperature gives a straight 
line over the entire time range but the initial equi- 
librium temperature does not. 

4—Extrapolate the In (Amv/[1 + (R/P)Amv]) vs. 
6 curve back to low values of @ and plot the cor- 
responding extrapolated curve of Amv vs. @ (Fig. 
4). 

5—Estimate Amv, (AT; is the first approximation 
of temperature drop of mixing, when inert material 
is added) in the Amv vs. @ curve (Fig. 4) by adjust- 
ing 6, so that Area I equals Area II. The significance 
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of this equalization is explained under item 9, below. 
6—Calculate the value of C,, corresponding to AT, 
from the known heat content of the inert material: 


IN == (Coz: — Coinert) AT, [13] 


In eq 13, Coinert iS calculated at the average tempera- 
ture of the addition. The heat capacity, C»,, which is 
operative in the warming process, includes the heat 
capacity of the inert material added. 

7—Evaluate the slope of the In (Amv/[1 + (R/P) 
Amv]) vs. 6 curve, calculate P, from this slope and 
the value of Cp, from eq 13, and find the correspond- 
ing value of R, R,, from the P/R ratio. 

8—Calculate values of q;: 


qi +. R,AT? [14] 


and plot qi vs. 6 (Fig. 6), including values corre- 
sponding to the extrapolated Amv’s from 4. 

9—Now, since areas in the q vs. @ plot (Fig. 5) 
are equivalent to heat, a time, 6;:, may be found for 
which the total area between the curve plotted from 
the measured data and the base line (q = 0) is equal 
to the total area between the extrapolated curve and 
the base line. This is equivalent to finding the time 
of a fictitious instantaneous temperature equilibra- 
tion between the melt contents and the inert ma- 
terial. The time corresponds to a Amv;, 
on the Amy vs. @ plot (Fig. 4). In general, 6;, will be 
slightly less than @,, and AT;, will be slightly larger 
than AT,. The procedure of item 5 is analogous to 
the one described in 9 except that in 5 it is assumed 
that (R/P) is negligible and q is directly propor- 
tional to Amv. 

10—Calculate the value of C,;, using AT;; in eq 13. 
Then calculate the corrected values P;; and Ri. 


or -- 
0.183 min 
-400-F 
£ 
Fig. 6—q ys. € 
6 curve. 
°-600F 
-800r } 
O | 2 


8, min 
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11—Evaluate the values of q,, using eq 14 and re- 
peat steps 8 through 10 until successive calculations 
show P and C, to be constant. In most cases, it is 
not necessary to calculate q,;, since 6; and 6,, will 
differ only slightly, if at all. 

The final values of P and C, calculated as above 
apply only to the alloy melt to which the inert ma- 
terial was added. In order that an individual heat 
of reactive addition be calculable, a value of P for 
the particular addition is needed. The estimation of 
P for any particular addition can be effected by 
interpolation between quantities directly deter- 
mined. These points must be taken from the addi- 
tion of nonreacting material, since this is the only 
way to be certain that there are no rate of reaction 
effects to affect P. An initial point can be readily 
obtained by adding a piece of the melt metal to the 
crucible containing only this metal. Other points 
must be taken by the addition of an inert material. 

When the values of P for each addition have been 
determined, the graphical solutions to the equation 
can be made: 


Q = fq dé [15] 


for each addition. The quantity Q is the heat effect 
for the reaction: 


(Cold Reactant) + (Hot Alloy,) ——> (Hot Alloy.) 


Sample Measurement 

The sodium samples were cast from Mallinkrodt 
analytical reagent sodium in a dry-box.* The tin 
stock was obtained from the American Smelting and 
Refining Co.; and from the Reynolds Metals Co.; and 
samples were prepared by casting. Spectrographic 
analysis of the prepared samples indicated a purity 
of 99.9+ pct for each component. The calibration 
samples were tin (added to pure tin only) and 
molybdenum (added to alloy melts). 

About 18 hr before starting a measurement, the 
samples were placed in the sample chamber, the 
Variac was set to give the desired equilibrium tem- 
perature, and the inert gases were introduced. The 
measurement was started after the system had been 
at the desired equilibrium temperature for 30 min. 

The measurement proper consisted of recording 
the temperatures of the reaction crucible melt, the 
two tin bath thermocouples, and the sample 
chamber. The sample was transferred to the dis- 
penser tube (with the helium flow turned up to 
about 0.10 cu ft per min) and a final check on the 
reaction crucible temperature was made. The timer 
was started when the sample was ejected into the 
melt and temperatures (emf) were read on the 
precision potentiometer as rapidly as possible. The 
emf was recorded, together with the corresponding 
times. This record was then compared with the 
trace of the temperature vs. time from the con- 
troller-recorder and if there was a gap in the po- 
tentiometer data, the controller-recorder tracing was 
used to provide supplementary data. 

The initial melt was tin, and the first addition was 
pure tin, to provide an initial determination of P 
and C,. Subsequent additions were sodium plus a 
protective wrapping of tin foil. These were used 
until the melt had reached one of the check points, 
then several additions were made using samples 
whose Na-Sn ratio was identical with that of the 
melt. Then a molybdenum sample was added to 
provide a final determination of P and C,. This 
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Fig. 7—Heat of formation and phase diagram for Na-Sn alloys. 


sequence yields a number of heats of formation of 
tin-rich alloys plus several direct measurements for 
a single composition. In the determinations for the 
sodium-rich alloys, the step-wise measurements 
could not be made, and only the measurements for 
which the sample composition and the melt com- 
position were identical were made. The calcula- 
tions were made as outlined above using the data 
of Kelley’ for the heat capacities of the elements. 

Six runs were completed, yielding 58 individual 
measurements. One entire run, consisting of 11 ad- 
ditions, was discarded because the stirring was in- 
adequate: and 7 other additions were discarded; 5 
because of stirring rate, and 2 because of obvious 
experimental error. Thus 40 additions were usable, 
yielding 40 individual measurements. Of these, 12- 
were for the composition NaSn, 6 for the composi- 
tion Nai.:Sn, and 4 for the composition Na,Sn. 
These three averages are plotted in Fig. 7 together 
with the other 18 results. The phase diagram shown 
below the curve of experimental results is taken 
from Hansen.* 

Discussion 

It was found that the heats found in the q vs. @ 
plots for the same reaction varied widely. For the 
12 direct determinations of the composition NaSn, 
these values average +898 cal per mol with an av- 
erage deviation of 267 cal per mol or 30 pct. This 
greatly exceeds the maximum probable error 
(+10 pct) estimated. However, for the four direct 
determinations of the composition Na.Sn, the q vs. 
6 plot values average +3148 cal per mol with an 
average deviation of 230 cal per: mol or 7.3 pct. 
This is of the order of the estimated probable error. 

The cause of the very large average deviation 
above cannot be positively determined, but one 
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Table |. Heats of Formation of Na-Sn Alloys 
Tem- 
pera- 
Compo- AH; Keal ture, 
sition per G-atom oK References 
NaSn —5. 298 3 
—6.7 298 10,11,12 
—3.65 + 0.25 880 This research 
NaSn —5.5 298 3 
—s. 298 10,11,12 
—6. Room 13.1415 
—4.9 + 0.2* 873 9 
—4.80 + 0.14 882 This research 
Nax.105Sn —4.86 > 0.04 881 This research 
Na.Sns —5.1 298 
—8. 298 10,11,12 
(—4.65 = 0.3) 880 This research 
Na2Sn —4, 298 3 
298 10,11,12 
—4.8 Room 13,14,15 
—4.03 = 0.08 885 This research 
Na.Sn —4.2 298 3 
—6.8 298 10,11,12 
—2.9 298 13,14,15 
(—2.50.5) 8380 This research 


* Recalculated value. 


factor which would have a marked effect on these 
quantities is the stirring rate, or more particularly, 
the extent to which uniformity of composition and 
temperature was attained. The development of the 
equations used is based on a uniform temperature 
in the reaction crucible, and the entire Run 1 was 
discarded because its results deviated markedly 
from those of the later runs. Since the stirring rate 
in Run 1 was about 250 rpm, and the rate was in- 
creased to >400 rpm in the later runs (which gave 
better agreement), the slower stirring was assumed 
to be the cause of the poor results. It is possible 
that the stirring rate, although high, in the NaSn 
additions was not always effective in maintaining a 
uniform temperature and composition in the cruci- 
ble. Although the 30 pct deviation is large, its 
effect on the ultimate result is minimized by the 
fact that the total heat effect is —9590 cal, which 
means that the inaccurate measurement involves 
less than 10 pct of the total heat effect. This is be- 
cause the q vs. @ plot measures the heat for the re- 
action: cold sodium plus cold tin to yield hot alloy: 
and more heat is required to heat the reactants up 
to the high temperature (10,490 cal), than is liber- 
ated in the reaction (9590 cal); therefore there is a 
net heat absorption by the crucible. The heat ca- 
pacities of tin and sodium are known to within 1 pct 
so that the large error in the q-é@ plot heat is ab- 
sorbed in the final result. 

The only data on the Na-Sn system taken at high 
temperature was that of Barber et al The other 
values by Biltz and Holverscheit,® Biltz and Meyer,” 
Biltz,” Bichowsky and Rossini,“ Kubaschewski and 
Seith,“ Kubaschewski and Wittig,“ and Kubaschew- 
ski,” are reported at 298°K. Table I lists all the 
available values for the heats of formation of Na-Sn 
alloys, together with the temperature of the meas- 
urement and the reference. 

The results at high temperature check very well 
with those of Barber et al.* A quantitative compari- 
son between the results of this research and the 
other values shown in Table I is possible only if the 
heats of fusion and heat capacities are known for all 
the alloys and the elements. Since these data are 
not available for the alloys, only a qualitative com- 
parison is possible. Such a comparison can be made 
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by solving for the various combinations of heat ca- 
pacities and heats of fusion which are required to 
compute AH;.s. Any result requiring absurd values 
of heat capacity and/or heat of fusion cannot be 
considered compatible with the results presented 
here. The limits considered acceptable for the liquid 
alloy heat capacity are from 7 to 10 cal per deg g- 
atom; for the entropy change in melting, 1.5 to 3.5 
e.u. per g-atom: and for the solid alloy heat capac- 
ity, 6 to 9 cal per deg g-atom. 

A comparison of the limits noted above with the 
data of Table I shows that all of the values of Biltz 
and Holverscheit,* are within the compatible range, 
that all the values of Kubaschewski*® and Kuba- 
schewski and co-workers“ are near the center of 
the compatible range, but that the values reported 
by Bichowsky and Rossini,“ who reviewed the work 
of Biltz,* and Biltz and Meyer,” are higher than the 
upper compatible limit. 


Conclusion 
A new high temperature calorimeter has been de- 
signed, constructed, and used for the determination 
of heats of formation of Na-Sn alloys at 880°K. The 
results tend to support the values originally re- 
ported by Kubaschewski and Seith. The results of 
the measurements are shown in Table I and Fig. 7. 
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Constitution of the System Gallium-Indium 


by John P. Denny, J. Hugh Hamilton, and John R. Lewis 


The constitution of the Ga-In system was determined by thermal 
methods. An experimentally determined metastable equilibrium line 
(an extension of the indium-rich liquidus) was obtained. The various 
alloys were studied metallographically using polished samples ob- 
tained by a casting method. These low melting alloys required a 

special dry-ice assembly to maintain a suitable temperature. 


ECENT interest in alloys that are liquid at room 

temperature has led to rather extensive investi- 
gation of gallium-base alloys. Widely distributed 
over the earth, gallium could be produced in sub- 
stantially larger quantities than at present, if a 
significant demand existed." One study*® has estab- 
lished its presence in 12 out of 14 zine blends, in all 
of 15 aluminum ores, in 4 out of 12 manganese ores, 
in 35 out of 91 iron ores, and in all of 7 magnetite 
ores. It occurs as a rule in minute amounts, how- 
ever, leading to high extraction costs. Recent quota- 
tions run from $2.50 to $7.50 per g. 

During the course of the present investigation, 
portions of the system Ga-In have been redeter- 
mined, and the results of this study are presented 
herein. Thermal and metallographic methods have 
been employed. 

Lecoq de Boisbaudran, the discoverer of gallium, 
conducted the first investigation®* on Ga-In alloys in 
1885. The temperatures of incipient melting, and of 
completion of melting, were determined at four alloy 
compositions. In 1936, Hansen* constructed a eutec- 
tic-type phase diagram for the system Ga-In, based 
on Boisbaudran’s work. The existence of a Ga-In 
compound was regarded as improbable by Hansen, 
and subsequent investigations are in agreement. 

French, Saunders, and Ingle’ conducted a more 
complete study of the system in 1938, using thermal 
methods. Their phase diagram is a eutectic type, 
containing a unique concave-upward liquidus. The 
solid-solution range of gallium in indium was re- 
ported as 9.5 pct by weight, and that of indium as 
less than 1 pct, at the eutectic temperature. The 
eutectic composition, determined as being bracketed 
by the compositions showing a true horizontal at the 
eutectic temperature (16°C), was reported as 76 + 
0.5 pet Ga and 24 + 0.5 pct In. 


Experimental Procedure 

The preparation of Ga-In alloys is simplified by 
the low melting points involved. Various composi- 
tions were prepared by melting in pyrex tubes, using 
a cover of distilled water or paraffin to prevent the 
alloys from wetting the glass wall. In all cases, the 
melts were homogenized by stirring. 

Where possible, both cooling and melting curves 
were determined. The extensive undercooling of 
gallium was found to prohibit a satisfactory cooling- 
curve analysis of gallium-rich alloys, however, and 
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transition points on the gallium side of the eutectic 
could be determined only by melting curves. The 
inverse rate method of thermal analysis proved to 
be most satisfactory and was used to a great extent. 
Various heating and cooling rates were used, rang- 
ing from 0.2° to 5.0°C per min. 

Low temperature melting analyses were con- 
ducted within a constant temperature bath, main- 
tained at about 70°C. The alloys were solidified 
(under water or paraffin) within a pyrex tube, 
using dry ice; the tube was then sealed within a cold 
Dewar flask, the unit transferred into the constant 
temperature bath, and periodic temperature read- 
ings taken. 

The high temperature melting-curve determina- 
tions and all cooling-curve determinations were 
made in a vertical tube furnace. At near-eutectic 
compositions, the furnace was placed within a re- 
frigerated room held at —20°C. Accordingly, the 
furnace on cooling approached —20°C asymptotically 
and permitted the determination of those phase 
transitions occurring below room temperatures. 

Temperatures were measured with a 30-gage 
iron-constantan thermocouple, immersed directly in 
the alloy. To prevent contamination of the melt, the 
leads and junction were coated with Lucite, applied 
by painting with a solution of Lucite in ethylene 
dichloride. Electromotive force measurements were 
made with a Leeds and Northrup precision potentio- 
meter, type 8662. The couples were calibrated 
against the boiling point of water and, at lower 
temperatures, against a calorimeter thermometer 
having a Bureau of Standards certificate. 

The melting points of gallium and indium used in 
the present investigation were determined as 29.- 
77° and 156.1°C, in good agreement with previously 
reported values of 29.78°C° and 156.4°C.” The spec- 
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Fig. 1—Ga-In constitution diagram. 


troscopic analyses were: gallium (Eagle Pitcher Co.) 
—0.01 pet Cu, 0.01 pct Si, 0.005 pet Pb, 0.0007 pct 
Ag, balance Ga; and indium (Indium Corp. of 
America)—0.0005 pet Mg, balance In. 


Discussion of Results 
The Ga-In phase diagram is presented in Fig. 1. 
The liquidus and eutectic horizontal are plotted 
from experimental points obtained in the present 
investigation, while the indium-rich solvus is taken 
from the work of French et al.° In contrast to pre- 
viously reported diagrams, the indium-rich liquidus 


is found to be concave downward from the eutectic 


to approximately 70 pct In. The gallium-rich lqui- 
dus, eutectic temperature (15.7°C), and eutectic 
composition (24 pet In) are in reasonable agree- 
ment with the investigation of French and co- 
workers. 

The liquidus inflection at about 70 pct In is sug- 
gestive of a third phase which undergoes peritectic 
decomposition. Careful thermal analyses have failed 
to indicate such decomposition, however, and the 
reported diagram is therefore similar to the system 
Cd-Pb. 

Confirmation of the eutectic temperature was ob- 
tained when a slightly undercooled eutectic alloy 
was nucleated. The temperature subsequently rose 
to 15.7°C, where it remained until solidification was 
complete. Under certain conditions, it was found 
possible to quench the eutectic alloy to — 25°C with- 
out complete solidification. Slight undercooling of 
the indium-rich alloys was also apparent. On cool- 
ing, a short, nearly horizontal arrest was found to 
accompany the initial crystallization of indium, and, 
in a few instances, a small temperature rise was 
observed. The supercooling of indium is not nearly 
so extensive as that of gallium, however, and good 
checks were obtained by melting and cooling the 
indium-rich alloys. 

In general, cooling-curve transitions along the 
indium-rich liquidus were better defined than the 
melting curves. The melting transitions were par- 
ticularly slight at compositions lying between 24 
and 35 pct In, rendering their detection extremely 
difficult or impossible, and cooling-curve values have 
accordingly been plotted in this portion of the dia- 
gram. The better defined cooling-curve transitions 
may be attributed to the slight undercooling of the 
indium; after undercooling, the initial crystallization 
is accompanied by a relatively large thermal effect. 

An interesting feature of the present diagram is 
an experimentally determined metastable equilib- 
rium line, shown as an extension of the indium- 
rich liquidus in Fig. 1. If an alloy containing 80 pct 


40—JOURNAL OF METALS, JANUARY 1952 


Ga in 20 pct In is cooled slowly, it ordinarily will 
not undergo a phase transition at either the gallium- 
rich liquidus or the eutectic, due to the absence of 
proper nucleating agents. It will, however, crystal- 
lize out the indium-rich solid when the temperature 
has fallen to 5.2°C. After solidification and heating, 
a transition will be seen at the eutectic temperature. 

Portions of the liquidus reported in the present in- 
vestigation differ from the previously reported dia- 
grams by as much as 25°C. Considering the low 
temperatures involved in this system, the difference 
is quite significant. A visual test at the composition 
62 pct Ga-38 pct In was used to demonstrate the 
correctness of the diagram reported herein. This 
composition was found to be definitely semisolid at 
room temperatures, a fact that is in agreement with 
the diagram shown in Fig. 1, and not in agreement 
with the diagrams reported previously. 

A series of experiments were conducted at high 
indium compositions, in which the constituents were 
melted, homogenized by stirring, slowly cooled to 
room temperature, held in a water bath for 30 min 
at the eutectic temperature, quenched in dry ice- 
acetone, and then subjected to inverse rate melting 
analysis. It is noteworthy that a distinct transition 
was observed at the eutectic temperature at all 
compositions up to 99 pct In. This result appears to 
be in contradiction to the French solvus line. It is 
felt, however, that the hold at the eutectic tempera- 
ture during sample preparation was not of sufficient 
duration to insure equilibrium. X-ray diffraction 
studies are desirable. 


Metallography 

Both casting and microtome polishing techniques 
have been found to be satisfactory for Ga-In alloys. 
Casting has the advantage of more rapid surface 
preparation and has been used to a larger extent. 

In the casting method, the liquid alloy was solidi- 
fied between clean glass plates. Although liquid 
gallium wets glass, the solidified alloy may be de- 
tached readily from the plates, either on prying 
with a razor blade or on slight impact by a glass rod. 
The sides adjacent to the glass plates are found to 
be in a highly polished condition, and readily 
adapted to metallographic examination. It is possi- 
ble that the cast surface is nonhomogeneous because 
of selective wetting of oxides and alloy, but this 
film is very thin and may be removed by a suitable 
etching reagent. 

To prevent melting of the polished specimens, the 
etching solutions were kept in an ice bath. The fol- 
lowing etchant, previously developed by Rhines,° 
was found to be quite satisfactory: 50 ml distilled 
water, 1.5 g potassium dichromate, 5 ml sulphuric 
acid, 3 ml saturated sodium chloride solution, 20 ml 
hydrofluoric acid, and 10 ml nitric acid. In order to 
control the rate of etching, one part of the etching 
solution was normally mixed with three parts of 
water. The solution etches glass, and is preferably 
kept in a wax container. Best results are obtained 
when it is freshly prepared. 

In order to prevent melting during metallographic 
examination, a small assembly containing dry ice 
(or other coolant) was placed in direct contact with 
the specimen. The formation of frost on the pol- 
ished surface was prevented by enclosing the entire 
objective assembly and specimen within a plastic 
cover containing a quantity of desiccant. An alter- 
nate and simpler method, applicable during periods 
of low humidity, was to play a stream of dried 
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Fig. 2—Pure gallium, unetched. 
Quenched to —25°C. X110. 


nitrogen on the specimen throughout the entire 
period of examination, 

By treating various Ga-In alloys with the above 
etching reagent, it was determined that the finely 
divided eutectic is fast etching, that the indium- 
rich phase is slow etching, and that the gallium-rich 
phase is very slow etching. The reported Ga-In 
eutectic composition (24 pct In) was subsequently 
confirmed as correct. A 24 pct In sample, homogen- 
ized and cooled to approximately 15.7°C and seeded 
with a small solid particle of the same composition, 
had only the finely divided eutectic structure. 

A characteristic of the gallium-rich structures has 
been found to be their large grain size. Once seeded, 
gallium crystals grow at a fairly rapid rate, and the 
large grain size is therefore attributed to a slow rate 
of nucleation. Even after quenching in dry ice- 
acetone mixtures (—78°C), or in liquid nitrogen 
(—195.8°C), the grains were found to be visible to 
the naked eye after etching. The liquid nitrogen 
quench was found to produce the smallest grain 
size, 1/16 to % in. in width and radiating from the 
edges of the sample inward to the center. 

An unexpected result of the metallographic in- 
vestigation was the observation of striking striations 
at the gallium-rich compositions. These are ap- 
parently associated with the gallium crystal growth 
process and result from the method of polishing 
(casting). 

Typical micrographs are presented in Figs. 2 
through 7. Striations are to be observed in Figs. 2, 
4, and 6. Their spacing is apparently a function of 
the temperature to which the alloys were quenched; 
the lines were quite dense in specimens quenched 
to low temperatures, whereas at higher quenching 
temperatures, they were less numerous, with greater 
distances existing between adjacent lines. 

A typical gallium-rich alloy is shown in Fig. 3, 


Fig. 5—70 pct Ga-30 pct In, 
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Fig. 3—90 pct Ga-10 pct In, 
etched. Quenched to —25°C. X200. 


Fig. 6—76 pct Ga-24 pct In, un- 
etched. Quenched to —35°C. X110 


Fig. 4—76 pct Ga-24 pct In, un- 
etched. Quenched to —35°C. X110. 


representing the composition 90 pct Ga-10 pct In. 
The light etching gallium-rich phase is surrounded 
by a finely divided eutectic mixture; under the 
microscope, the gallium-rich phase was found to 
be striated. 

A typical indium-rich alloy, shown in Fig. 5, con- 
tains elongated indium-rich particles (light) in- 
timately associated with the eutectic (dark). This 
microstructure contains what appears to be a smaller 
amount of eutectic than is dictated by the equilib- 
rium diagram. During sample preparation, the in- 
dium-rich phase precipitates out continuously as the 
temperature is lowered below the indium-rich 
liquidus, whereas the composition of the liquid ap- 
parently tends to follow the metastable line shown 
in Fig. 1. When the supercooled liquid finally solidi- 
fies, it is much richer in gallium content than indi- 
cated by the stable portion of the diagram, leading 
to the anomalous structure. 


Chemical Analysis Method 


A rapid method for the chemical analysis of Ga- 
In alloys was evolved during the present investiga- 
tion. As finally developed, the analyst was able to 
determine the compositions of unknowns within 
about 0.5 pct, and several determinations could be 
made in one afternoon. The method is thus prefer- 
able, in the case of simple Ga-In mixtures, to the 
more complex cupferron and tannin methods. 

The weighed Ga-In sample is dissolved in nitric 
acid. To facilitate solution, small amounts of hydro- 
chlorie acid may be added, and the acids may be 
warmed slightly. After the alloy has dissolved, the 
liquid is boiled to remove any chlorides that may 
remain; these would otherwise cause subsequent 
volatization of the indium. 

The solution is neutralized with 20 pct NaOH, and 
a few drops added in excess so as to dissolve the 


Fig. 7—76 pct Ga-24 pct In, etched. 
Same area as shown in Fig. 6. X110. 
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amphoteric gallium. The In(OH), precipitate is al- 
lowed to settle, is filtered through a fairly coarse 
filter paper, and washed several times with water. 
The filtrate and washings may be discarded, or 
analyzed for gallium. 

The precipitate is dissolved from the paper with 
dilute nitric acid, and the paper washed thoroughly 
with water. The solution is brought to a boil and 
reprecipitated with ammonia solution in slight ex- 
cess. After settling, it is filtered through the same 
paper and washed thoroughly with water. The pre- 
cipitate and paper are charred slowly in a tared 
porcelain crucible (not platinum), the temperature 
is gradually raised, and a final ignition is given over 
the full blast. The crucible is cooled in a desiccator 
and weighed, the difference in final and tare weights 
is the indium oxide, In.O;. 


Wt In.O; X 82.7 
Wt Sample 


Calculation: == 


Summary 

The constitution of the system Ga-In has been 
studied using thermal and metallographic methods. 
In contrast to the previously reported diagrams, the 
indium-rich liquidus is found to be concave down- 
ward from approximately 70 pct In to the eutectic. 
Metastable experimental points have been deter- 
mined along the extension of the indium-rich 
liquidus. The gallium-rich liquidus, eutectic tem- 
perature, and eutectic composition are found to be 
in reasonable agreement with the investigation of 
French and coworkers, The eutectic point is located 
at 15.7°C and 24 pct In. 

Metallographic techniques applicable to the study 
of those alloys which are liquid at room tempera- 
tures have been developed and are described. A 


rapid method for the chemical determination of Ga- 
In alloys is presented. 
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Technical Note 


Secondary Recrystallization Texture in Copper 


by M. Sharp and C. G. Dunn 


ey BE orientations of 137 crystals of copper pro- 
duced by secondary recrystallization in a cube 
texture matrix have recently been obtained. Al- 
though the crystals were not prepared for the pur- 
pose of determining a secondary recrystallization 
texture, the orientations obtained proved to be rather 
interesting, as they confirmed, in part, published re- 
sults and also disclosed additional preferred orienta- 
tions in the texture. 

The investigation of Dahl and Pawlek,* Bowles 
and Boas,’ and Kronberg and Wilson’ showed re- 
spectively that the orientations of secondary grains 
growing in a cube texture matrix were related to 
those of the primary grains by a rotation of approxi- 
mately 30° about [001], the rolling direction, by 30° 
about a <111> direction, and by either 22° or 38° 
about a <111> direction. Kronberg and Wilson also 
obtained a component of the texture similar to that 
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of Dahl and Pawlek except the angle of rotation 
about [001] was 19°. When the cube texture matrix 
was deformed a small amount, Kronberg and Wilson 
also obtained large grains on subsequent annealing 
corresponding to a rotation of 15° about the normal 
to the sheet, but these grains should not be classified 
as secondary recrystallization grains since they were 
produced subsequent to mechanical straining. 

The particular texture obtained, of course, de- 
pends on the composition of the copper and the 
processing schedule employed, since these factors 
markedly affect the primary recrystallization tex- 
ture and the sharpness of any cube texture produced. 
In the present investigation, pieces of OFHC copper 
in the form of % in. round bars were cold forged to 
a thickness of about 0.40 in., annealed 1 hr at 350°C 
in an atmosphere of hydrogen, and cold rolled cross- 
wise to a thickness of 0.200 in. These pieces were 
given a penultimate anneal of 1 hr at 350°C in 
hydrogen and a 90 pct cold-rolling reduction length- 
wise to a thickness of 0.020 in. Indentations gener- 
ally were put in one end of the as-cold-rolled strips 
to promote earlier formation of secondary grains. 
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Fig. 1—{100} poles of 61 crystals related to the cube texture 
by rotations about <100> axes. 


Circles with long dash lines — Component A 
Circles with short dash lines — Component B 
Circles with solid lines — Component C 


Specimens were lowered at a speed of % cm per hr 
through a high temperature gradient into a furnace 
operating just below the melting point of copper. 
Under these conditions growth of secondary grains 
occurred at temperatures near 1050°C. The cold- 
rolled structure recrystallized at lower tempera- 
tures, of course, to a matrix of small grains of about 
0.1 mm diam and, according to X-ray and micro- 
graphic data, had a strong cube texture plus a small 
amount of twinned structure. 

During growth of the large grains, twinning and 
even repeated twinning occurred. Twins often 
formed as narrow lamellae; at other times they be- 
came large grains. X-ray data were taken only of 
the large crystals, i.e., those of 15 mm to several 
centimeters length. 

Plots of the cube poles for each of the 137 crystals 
were made and the texture determined. Results 
showed that the texture consisted of a number of 
preferred crystal orientations, which could be sim- 
plified by combining those of the same kind. 

Fig. 1 shows three kinds of preferred orientations 
designated in the legend by the letters A, B, and C. 
In this and in Fig. 2 circles of 10° radius are used to 
show the sharpness of each component of the tex- 
ture. Component A consists of 30 crystals that are 
related to the cube texture by a rotation of 21° 
about R.D. or [001]. Component B contains 24 crys- 
tals that correspond to a rotation of 18° about C.D. 
or [010]. This is a new preferred orientation. Com- 
ponent C contains 7 crystals that correspond to a 
19° rotation about the normal to the sheet or [100]. 
The three preferred orientations A, B, and C, there- 
fore, correspond to rotations of approximately 19° 
about <100> axes of the cube texture and comprise 
a complete set of such possible orientations. In 
crystallographic terms A, B, and C have the orien- 
tations (130) [001], (130) [310], and (100) [013] 
respectively. The first of these agrees well with the 
data of Kronberg and Wilson. 

Fig. 2 shows 59 crystals related to the cube tex- 
ture by an average angle of rotation about a ren ess: 
axis of 28°. This result agrees with the 30° value 
reported by Bowles and Boas. 5; 

Within the accuracy employed so far, the orienta- 
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tions of the remaining 17 crystals may be described 
as twins of the above orientations. Seven crystals 


in orientations of the form (212) [547], are related 
to component C of Fig. 1. They may be derived from 
the cube texture by a rotation of 54° about the axis 


[375]. Others that were twin-related to components 
A and B of Fig. 1 had the orientations (815) [122] 


and (574) [221] or had these after a 90° rotation 
about the normal to the sheet. They could be derived 
from the cube texture by a rotation of 54° about an 
axis of the type <357>. Finally, there were a few 
crystals in twin orientation to the preferred orienta- 
tion given in Fig. 2. These could be derived from 
the cube texture by a rotation of 47° about a <523> 
axis. 

If the above texture had been determined by 
{200} and {111} pole figure plots, as is done for fine- 
grained materials, it might wrongly be concluded 
that there were some cube orientations present (con- 
tribution from the 61 crystals of Fig. 1 or the 59 
crystals of Fig. 2 respectively). 

Regarding orientations for good growth in a cube 
texture matrix, the present results show that there 
are several and that these require four different types 
of axes to relate them to the cube texture. 

The orientations obtained represent a larger num- 


R.D. 


Fig. 2—{100} poles of 59 crystals related to the cube texture 
by rotation about a <111> axis. 


ber than have been reported by other investigators. 
The reason for this is not clear, but the use of in- 
dentations in the present work may account for part 
of the differences. On the other hand, significant dif- 
ferences in texture, regardless of cause, in them- 
selves indicate differences in the orientations of 
grains that grow (active nuclei) and, therefore, a 
lack of randomly oriented nuclei in the cube texture 
matrix that become restricted to a limited number 
of active ones by a selective growth process. This is 
not to say that selective growth plays no significant 
role. It means, however, that one begins to explain 
the results obtained in terms of a restricted number 
of available nuclei: 
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Solidification Mechanism of Steel Ingots 


by H. F. Bishop, F. A. Brandt, and W. S. Pellini 


The solidification mechanism of experimental steel ingots 
(7x7x20 in.) was studied by thermal analysis. It was deter- 
mined that solidification proceeds in wave-like fashion at rates 
which are determined by the carbon level, superheat, and mold 
thickness. The thermal cycles of the mold walls were related 

to the course of solidification. 


ESPITE marked advances in the field of solid 

state transformation, metallurgical research has 
contributed comparatively little exact quantitative 
data on the mechanism of solidification of metals. 
There is, therefore, a great need for such data in the 
various metallurgical industries. 

The mechanics of solidification of ingots have been 
investigated in the past primarily by studies of the 
rate of skin formation as indicated by bleeding or 
“pour out” tests. The “pour out’? method, however, 
is a tool which gives only approximate information. 
In the case of alloys with wide solidification ranges, 
such as irons and certain nonferrous alloys, the 
method will not work at all; in the case of alloys of 
intermediate solidification ranges, such as commercial 
steels, the information may be misleading. Thus, the 
general adoption of this method has resulted in diver- 
gent conclusions regarding the solidification process. 

Chipman and Fondersmith* by means of bleeding 
tests have shown that the linear growth of a solidi- 
fying ingot wall follows a parabola of the general 
form, D = K\/t — C, with the start of solidification 
delayed until superheat is exhausted, as indicated 
by the constant C. These tests were carried only to 
a wall thickness of about 5 in. using an ingot of 
approximately 17x39 in. in cross-section; hence 
the latter stages of solidification were not studied. 
Matuschka’** indicated that linear solidification of 
ingots is rapid at first, then slow, but toward the 
end of solidification the rate becomes extremely 
rapid again. Spretnak’s* bleeding studies indicated 
that wall growth is expressed more rigorously by 
two parabolas, and that their point of intersection 
corresponds to a change of solidification mode from 
columnar to equiaxed. Spretnak also showed that 
the K values of the first parabola are always the 
same regardless of superheat. Nelson’ bled ingots of 
square cross-section and found that linear wall 
growth is initially rapid but decreases continually 
until the end of solidification. He also concluded that 
rate of solidification in ingots of square cross-section 
increases 2.15 pct for every 10 pct increase in cross- 
sectional area of the mold. The mold ratios con- 
sidered (ratio of cross-sectional area of the mold to 
cross-sectional area of the ingot) were all less than 

The subject of solidification has also been treated 
mathematically in many cases, but because of the 
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Fig. 1—Test assembly. 


lack of accurate thermal constants and the simplify- 
ing assumptions required, as their authors generally 
acknowledge, they represent only approaches to the 
actual conditions of ingot solidification. 

A third method of studying solidification is the 
electrical analogue method promulgated by Pasch- 
kis** and by Jackson and coworkers.* This method 
treats solidification as a heat transfer problem with 
the solidification cycle synthesized on an electrical 
circuit. Paschkis in his treatment of solidification 
considered the fact, which was generally ignored, 
that solidification of steel is not simply the growth 
of a plane solid wall but a more complex process 
occurring over a temperature range as indicated by 
the constitution diagram. Undoubtedly, the anom- 
alous results obtained by bleeding tests arise from 
the inability to measure quantitatively this mushy 
condition. The shape of Paschkis’ solidification curves 
are more nearly in accord with those of Matuschka, 
in that they indicate rapid linear solidification at the 
beginning and end of solidification with intermediate 
solidification occurring at a slower rate. Paschkis 
indicates a definite lengthening of solidification time 
with increasing superheat. 

Thermal analysis is a direct method providing 
exact information for all types of metals regardless 
of solidification range and was thus adopted in the 
present program to follow the entire course of solidi- 
fication from the surface to the centerline of the 
ingots. The method has the added advantage of be- 
ing adaptable to following the thermal cycle of the 
ingot mold during the course of solidification. 


Test Methods 


The ingots studied were of square cross-section, 
20 in. long, tapered from 714 in. at the top to 6% in. 
at the bottom, and fed with a hot top 7 in. in diam 
and 12 in. high. The molds were uniform in wall 
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thickness from top to bottom and were made of gray 
iron containing approximately 3.50 pct C, 2.00 pct 
Si, and 0.80 pct Mn. To prevent damage to the 
thermocouples extending into the mold cavity it was 
necessary to gate the ingots into the bottom as shown 
in Fig. 1. The ingates were molded in sand and the 
bottoms of the ingots were also sand instead of the 
conventional chill. 

Temperatures were measured across both the in- 
got and the mold in a plane at the midheight of the 
ingot. At this position bottom and riser gradients 
were essentially eliminated and solidification could 
be considered unidirectional; i.e. as growth of a solid 
skin in a direction perpendicular to the vertical mold 
surface. Steel temperatures were measured by means 
of Pt-Pt-Rh (13 pct) thermocouples enclosed in % 
in. OD, 1/16 in. ID quartz tubes which extended 
completely through the ingot and mold (Fig. 2) 
parallel to and at varying distances from a refer- 
ence mold wall. All hot junctions were immersed 
equally in 3% in. of steel and thus temperature in- 
accuracies due to conductivity losses along the ther- 
mocouple wires were minimized. The % in. OD 
quartz tubes were the smallest which could protect 
the thermocouples from the erosive action of the 
metal, and even these softened to some extent and 
were bowed upward by the buoyant force of the 
liquid steel. X-ray examination of sections contain- 
ing the tubes showed, however, that the deforma- 
tion was never more than 1 in. and was entirely in 
the vertical plane, so that the beads maintained the 
correct alignment with respect to the interface. 

The temperatures in the ingot molds were measured 
by means of chromel-alumel couples flash welded 
to the bottoms of 3/32 in. diam holes which were 
drilled in the mold wall to the desired distance from 
the interface. These couples were spaced ¥ in. apart 
along the vertical centerline of one of the mold sur- 
faces near its midlength. 

Interface temperatures were measured on both 
the mold and hot metal side of the interface. The 
metal interface temperatures were obtained by 
means of a couple enclosed in a quartz tube which 
lay against the inner mold surface and extended 
through the mold in the same manner as the other 
thermocouple tubes. In this case, however, a pro- 
tection tube of only 1/16 in. OD was adequate since 
the metal solidified rapidly at this position. The inter- 
face temperature on the ingot mold side was ob- 
tained by first drilling a hole through the mold wall 
until the point of the drill pierced the inside sur- 
face. The bead of the chromel-alumel couple was 
flash welded into this opening so that it was flush 
with the inside mold surface. The partially exposed 
bead was then covered with a thin coating of silica 
wash. Except at this point no mold wash was used 
in-any of the tests; the oxide coating which had 
formed on the molds when they were cast was not 
removed and served to prevent welding of the ingots 
to the mold walls. 

The platinum and platinum-rhodium wires were 
26 gage, the chromel and alumel wires 28 gage. The 
ingot temperatures were recorded on .a 16 point 
automatic potentiometer recorder, 1500° to 3000°F 
scale, with an accuracy of 0.25 pct of full scale and 
a sensitivity of 0.1 pet. The mold temperatures were 
recorded on a similar instrument 0° to 2500°F scale. 
These instruments permitted sequential temperature 
readings from 16 thermocouple stations within 30 
sec. Since in the majority of tests there were not 
over 8 couples attached to each instrument, readings 
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Fig. 2—Thermocouple locations in ingot and mold. 


were obtained from each thermocouple on 15-sec 
cycles. The response characteristics of the thermo- 
couple bead in the quartz tube were studied by sud- 
den immersion into molten steel. Near metal tem- 
peratures were reached in approximately 5 sec, and~ 
full equalization was obtained in the ensuing 10 sec. 
It was concluded accordingly that the response to 
temperature changes which occurred during solid- 
ification was of the order of 10 sec. 

The effect of the following three variables on 
solidification were studied: 1—mold ratio (ratio of 
the cross-sectional area of the mold to the cross- 
sectional area of the steel ingot); 2—pouring tem- 
perature, and 3—carbon content. Specifically, the 
ingot molds employed had wall thicknesses of 1%, 
2%, and 4% in., thus making the mold ratios ap- 
proximately 1 to 1, 1 to 2, and 1 to 4. The ingots were 
poured at three different temperatures (measured in 
the ladle with a Pt-Pt-Rh immersion couple) which 
were equivalent to superheats of between 25° and 
200°F. The effects of these mold ratio and superheat 
variations were studied with steels of two nominal 
carbon contents: 0.08 and 0.60 pct C. The steels were 
melted in a 1000 lb induction furnace and 0.10 pct 
Al was added to the ladle as a final deoxidizer. 
Liquidus and solidus temperatures were determined 
from inverse rate cooling curves of the couple located 
at the center of the ingot. These curves were deter- 
mined by plotting the time required for the tem- 
perature to drop consecutive steps of 5°F. It is esti- 
mated that the accuracy of the liquidus and solidus 
determinations was +3°F. The solidus in these ex- 
periments represents a “technical solidus,” indicat- 
ing essential solidity except for possible thin films 
of interdendritic liquid metal, the solidification of 
which cannot be determined thermally. 


Temperature Distribution in Ingot and Mold 
Figs. 3a and 4a show the temperature cycles 
at various locations in the 0.60 pct C steel ingots and 
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3b—Thermal gradients in ingot and mold. 


Fig. 3—Superheat series for high carbon steel. 


mold walls during the solidification process. These 
data are replotted in Figs. 3b and 4b to show 
the thermal gradients from the casting centerline to 
the outer edge of the chill wall at various times 
after pouring. Fig. 3 illustrates the thermal effects 
resulting from increasing superheat and Fig. 4 of 
increasing mold wall thickness. Figs. 5 and 6 show 
similar data for 0.08 pct C steel ingots. 

Thermal Course of Mold Walls: It is apparent from 
Figs. 3 and 5 that the superheat condition has rela- 
tively little effect on the thermal course of the mold 
walls. Temperature differences can be observed 
mainly at the mold interfaces for the first 2 min 
after pouring. This is due to the initial temperature 
differences in the metal in contact with the mold. 
The higher pouring temperature is reflected in a 
higher rate of heating and a higher maximum tem- 
perature at the interface. The differences are greatly 
reduced in the later stages of the solidification process. 

Variations in the volumetric thermal capacities of 
the mold walls, however, develop pronounced effects 
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on the entire thermal course of the walls, Figs. 4 and 
6. The effects are not marked during the period of 
initial surface heating of the walls, for during this 
period the walls are heated appreciably only near 
the interface. At this stage all of the walls, 1% to 
4¥g in. thick, behave essentially as if of the same 
thickness. However, as solidification proceeds and 
general heating occurs throughout the walls, the 
various volumetric heat capacities of the mold walls 
begin to be reflected markedly in the thermal course 
of the mold walls. 

The first indication of the heat capacity effect is 
shown by the timing and nature of a thermal dis- 
turbance at the interface due to the formation of an 
air gap. In the systems with the thinnest walls this 
disturbance is developed at approximately 1 min 
after pouring, as indicated by inflections in the 
thermal course of the ingot and mold interfaces. The 
systems with the intermediate and large size molds 
undergo a gradual temperature reversal in the chill 
side at about 14% min. When the air gap forms in 
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Fig. 4a—Temperature cycles in ingot and mold. 
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Fig. 4b—Thermal gradients in ingot and mold. 


Fig. 4—Mold thickness series for high carbon steel. 


these systems, the cooling rates of the ingot side of 
the interfaces are markedly reduced. That these 
temperature disturbances are the result of air gap 
formation was verified experimentally by pouring a 
similar ingot against a 2% in. thick mold with a 45° 
tilt such that the bottom face remained in continuous 
contact with the mold, while the opposite side could 
shrink away to form an air gap. The mold interface 
temperature on the top side fell when the air gap 
formed, but on the bottom side it climbed pueadily 
throughout solidification. 

The air gap times noted in these experiments are 
in close agreement with the air gap time found by 
Matuschka’ in a 0.65 pet C, 10 in. diam ingot cast 
into a mold having walls 3% in. thick. Matuschka 
found that an electrical circuit through the mold and 
the ingot was broken by the air gap 1 min and 25 sec 
after pouring. 

The fact that an air gap forms earlier with thin 
molds than with thick molds is ascribed to the more 
rapid heating of the thin mold, which then expands 
and pulls away from the ingot. 
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Following the stage of air gap formation with its 
consequent drop in rate of heat transfer across the 
interface, further indications of the relative heat 
capacities of the mold walls are provided by the 
temperature course of the various mold walls. The 
thinnest mold wall shows insufficient heat capacity 
to prevent continued rapid heating throughout the 
entire wall. The intermediate mold wall has sufficient 
heat capacity to maintain an approximately constant 
interface temperature, while the heaviest is over- 
sufficient in that the interface temperature falls. 

An indication of the relative heat capacities of the 
three mold wall sizes can be made by comparing 
outer surface temperatures at a given time. For 
example 2 min after pouring, the surface tempera- 
ture of the 1%, 2% and 44% in. molds, Fig. 6, are 
770°, 425°, and 140°F, respectively. 


Solidification Course of Ingots 
For a basic understanding of the process of solid- 
ification from mold walls, it is essential to consider 
the nature of heat transfer from the ingot to the 
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Fig. 5—Superheat series for low carbon steel. 


FROM INTERFACE - INCHES 


mold. This may be deduced from the shape of the 
thermal gradient curves shown in Figs. 3 to 6. It is 
recognized that heat from three sources is metered 
from the ingot to the mold during solidification: 1— 
specific heat of liquid metal, 2—heat of solidification, 
and 3—specific heat of the solid metal which has 
already formed. The nature and progression of solid- 
ification at any given time is governed by the rates 
at which these various heat components are metered 
to the mold. 

It will be noted from Figs. 3 to 6 that the usual 
continuous thermal gradients generally associated 
with heat flow are disturbed by the formation of a 
“knee” in the temperature range of transformation 
from liquid to solid. The abrupt change in gradients 
at the knee is due to the necessity of removing heat 
of solidification from this zone before the thermal 
gradients can move inward. The knee zone thus rep- 
resents a band of active solidification which forms 
a “thermal block” to the central liquid portion of 
the ingot. The development of this thermal block 
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occurs early in solidification during the formation of 
the initial skin on the mold wall. Since the solid- 
ification knee zone becomes established at and below 
the liquidus temperature, it will not act to block the 
specific heat of the metal above that temperature. 
Thus, during the formation of the initial skin at the 
wall surface, the superheat of the liquid metal is 
simultaneously metered out at a very rapid rate, as 
indicated by the short time required for the gradient 
curves in the central portion of the casting to reach 
the liquidus temperature. It will be noted for exam- 
ple that the 180°F superheat in the ingot of Fig. 3 
poured at 2880°F is lost in little over a minute and 
in this time a completely solid skin % in. in thick- 
ness has also been formed. 

Since significant cooling of the central portion of 
the ingot below the liquidus temperature cannot 
occur because of the thermal block, the central por- 
tion of the ingot gravitates to an essentially iso- 
thermal condition at the liquidus temperature and 
remains as such until reached by the solidification 
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Fig. 6b—Thermal gradients in ingot and mold. 
Fig. 6—Mold thickness series for low carbon steel. 


knee. The passage of the solidification knee is de- 
noted by a temperature drop which is consequent 
to the removal of heat of solidification; for example, 
the center of the ingot poured in the small size mold, 
Fig. 4, remains near the liquidus temperature until 
10 min after pouring; however, in the interval be- 
tween 10 and 11 min, during which time solidifica- 
tion is completed, a drop of approximately 125° 
occurs. With the passing of the transformation knee 
the remaining, now solid, metal on the mold wall 
side of the knee cools further, thus contributing 
specific heat of solid to the total flow of heat to the 
mold. These basic features of solidification are ob- 
served to hold for all the test ingots. 

The specific contributions of superheat and mold 
wall thickness to solidification may be observed more 
readily by replotting the thermal data in terms of 
the progression of solidification waves or “fronts” 
through the ingot. Fig. 7 shows the course of solid- 
ification of the high and low carbon steel ingots thus 
summarized from the thermal data of Figs. 3 to 6. 
The progression of the forefronts and ends of the 
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knee zones, which represent the position of the two 
freezing waves, are shown as “start of freeze’ and 
“end of freeze” curves respectively. These data are 
also plotted on square root of time basis in Fig. 8. 

The effects of superheat and mold thickness on the 
course of solidification are shown in both the “start” 
and “end” curves; the specific effects being similar 
for both curves but somewhat more pronounced for 
the “end” curves. Thus, in order to simplify discus- 
sion, and because of the greater practical signifi- 
cance of the ‘“‘end of freeze” curves, further discus- 
sion will be restricted to the wave of complete 
solidification. 

It was observed earlier from the gradient curves 
that superheat is lost rapidly during the stage of 
initial skin formation. Since the mold has a limited 
capacity for accepting heat, the presence of super- 
heat necessitates a reduction in the flow of solidifi- 
cation heat. The bottom graphs of Fig. 7 show that 
this is reflected in decreased initial rates of solidifi- 
cation. Following the complete release of superheat 
the rates of solidification of all ingots of a given 
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carbon level become essentially equal regardless of 
initial superheat; i.e. the solidification curves are 
thereafter displaced by a time interval which is 
proportional to the amount of initial superheat. This 
time displacement is retained throughout the re- 
mainder of solidification. For the high carbon steel 
an increase in superheat from 25° to 180°F increases 
solidification time approximately 13 pct (9.5 to 10.7 
min); for the low carbon steels an increase in super- 
heat from 50° to 200°F increases solidification time 
approximately 6 pct (9.8 to 10.4 min). 

The volumetric heat capacities of the mold walls 
also affect solidification as shown in top graphs of 
Fig. 7. During the first % min the solidification rates 
of the three ingots in each series are identical. This 
should be expected inasmuch as during this period 
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Fig. 8—Linear progression of solidification showing extent to which 


the parabolic relationship (D = ky/t) is valid. Superheat, upper 
graphs, and mold ratio, lower graphs. 
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only the mold wall surfaces are heated, hence all 
act as of infinite thickness. After the first 4% min 
the solidification of the ingots in the lowest heat 
capacity mold wall (1% in.) becomes slower. The 
solidification rates of the high carbon steel ingots in 
the two larger molds (2% and 4% in. walls) are 
identical for the first 4 min after which the rate for 
the intermediate 2% in. wall becomes somewhat 
slower. This divergence is not as pronounced in the 
low carbon ingots, the solidification rates in the two 
larger molds remaining essentially the same 
throughout the entire process. It is noted for the 
high carbon steels that the time of total solidifica- 
tion is decreased approximately 13 pct (11.5 to 10 
min) by increasing the chill thickness from 1% to 
4% in. Increasing the chill thickness from 1% to 
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2% in. decreased the solidification time by approxi- 
mately 9 pct (11.5 to 10.5 min) while an increase 
from 2% to 4% in. further decreased this time only 
oy pet (10% to 10 min), thus indicating rapidly 
diminishing returns in this mold ratio range. A 
similar trend is noted in the low carbon steels. 

While variations of chill thickness or of super- 
heat may have approximately the same effect on the 
time for final solidification, the mechanisms by 
which this time difference is developed are markedly 
different. The retarding effect of low heat capacity 
mold walls does not begin until after considerable 
solidification has occurred and then becomes in- 
creasingly greater as solidification progresses, while 
the superheat effect retards the solidification process 
only during the initial stage of solidification. 

From Fig. 8 it can be seen that growth becomes 
approximately parabolic soon after pouring. How- 
ever, when the wall has solidified for approximately 
half of its total thickness, growth rates deviate 
rapidly from the parabolic condition. These solidifi- 
cation curves have shapes very similar to those in- 
dicated by the work of Matuschka and Paschkis. 
The constants for the period of parabolic relationship 


(d = k\/t) are indicated on the curves of Fig. 8. If 
the straight line portions are extrapolated back (as 
a straight line) to zero thickness, the superheat de- 
lay factor C of the classic solidification formula 


d = k\/t — C may be deduced. The effect, however, 
is not a simple initial postponement in the start of 
freezing as predicted by this formula, but rather is 
one of decreasing solidification rates due to the 
presence of superheat as shown by the various 
curves of Fig. 7. Thus, the delay factor has physical 
significance only after superheat has been eliminated 
completely and a fixed lag in the progression of 
solidification has been established. The lag is re- 
tained essentially without change to the end of 
solidification. 

It was observed that solidification of steel from 
metal, the term “wall thickness” or “skin thickness” 


* Similar studies for sand mold walls (ref. 10) indicate a general 
rather than a “‘band’’ solidification mechanism for the solidification 
of the same steels and ingot sizes. 
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Fig. 10—Effect of mold ratio (upper graphs) and superheat (lower 
graphs) on volumetric progression of solidification. 


ceeds as a band of solidification by the simultaneous 
travel of “start” and ‘end of freeze’? waves. The 
space separation of these two waves is relatively 
narrow, hence the solidification process consists 
basically of the movement of the solidification band 
from the mold wall into the near-isothermal liquid 
which is retained essentially at the liquidus tem- 
perature. However as the solidification zone moves 
inward, the perimeter of the liquid center decreases 
and the width of the solidification zones increases as 
shown in Fig. 9. It can be noted for the high carbon 
steel that the solidification zone widths in the ingots 
of the pouring temperature series are approximately 
the same at comparable locations, the maximum 
difference being about ¥g in. However in the mold 
ratio series of both steels there is a difference of as 
much as % in. in zone widths of the ingots cast in 
the smallest and largest molds. 

Because of the presence of the solidification zone, 
which represents a mixture of liquid and solid 
metal, the term “wall thickness” or “skin thickness” 


Pouring temperature 2880°F. 
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Pouring temperature 2795 °F. 
Fig. 11—Effect of pouring temperature on macrostructure of 0.60 pct C steel ingots. 
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Fig. 12—Cumulatiye heat evolution by solidifying ingots. 


in describing solidification phenomena of steel ingots 
is ambiguous. Furthermore, the constantly decreas- 
ing solidification perimeter as solidification pro- 
gresses toward the center of the ingot results in 
possible misleading conceptions of solidification 
when linear rates alone are considered. Accordingly, 
the volume rate of solidification, including the solid 
which is present in the mushy region, was deter- 
mined for the various ingots and plotted in Fig 10. 
It will be noted from these curves that the volume 
rates of solidification constantly diminish during the 
solidification cycle, whereas linear rates of solidifica- 
tion become very rapid at the end of freezing cycle. 
The increased rates of linear solidification result 
from the increased proportion of solid developed in 
the central regions (general solidification) as the 
“end of freeze’? wave moves toward the center and 
also from the decreasing perimeter of the solidifica- 
tion front which gravitates to a point as the center 
is approached. The increase in linear rates is, how- 
ever, insufficient to prevent a decrease in volume 
rates resulting from a decreasing perimeter. It is of 
interest to note that half of the liquid metal becomes 
solid in approximately 1142 min, while an additional 
8 to 10 min is required for the last half of the liquid 
to solidify. 

Variations in thickness of chill wall were found to 
have no significant effect on the macrostructural char- 
acteristics of the ingot. Increasing superheat, how- 
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ever, produced a marked coarsening effect through- 
out the ingot. Fig. 11 shows typical macrostructures 
of the high carbon ingots resulting from variations 
in superheat. It is hypothesized that the fine struc- 
tures present when superheat is low result from the 
formation of many small crystallites during pouring 
which are uniformly distributed throughout the 
liquid and serve as nuclei or centers of growth as 
the “start of freeze’ wave moves through the cast- 
ing. With high superheat fewer nuclei are developed, 
hence the start of the freeze wave moves through 
comparatively nuclei-free liquid providing conditions 
for the growth of fewer but larger crystals. 


Heat Transfer in Solidifying Ingots 

Fig. 12 shows the cumulative amounts of the vari- 
ous heats (the determination of which is given in the 
appendix )—liquid and solid specific heats and heat 
of fusion—which are liberated from a 1 in. thick 
segment at the midheight of each of the high carbon 
steel ingots. The heat of fusion curves are, of course, 
the same as the volume solidification curves plotted 
as Btu’s rather than percent. While the rate at which 
heat of fusion is liberated diminishes with time, the 
rate at which heat is liberated from the metal that 
has already solidified increases and nearly balances 
the diminishing rate of heat evolved by solidifica- 
tion. Thus the rate of total heat evolved from an 
ingot after the air gap is formed is nearly constant. 
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Fig. 13—Effect of carbon content on volumetric (upper graph) 
and linear (lower graph) progression of solidification. 


Most of the liquid specific heat is lost very early as 
superheat and the small amount remaining is lost 
as the liquid cools into the mushy region. 

The heat evolution curves of the various ingots 
are plotted in one group, Fig. 12F, in order to afford 
an easier quantitative comparison. It is noted that 
there is a marked spread between ingots only in the 
amounts of total heat and of specific heats of liquid 
and solid metal evolved. The spread between the 
heat of fusion curves is relatively nil. The heat com- 
ponents of ingots poured at the same temperature 
into molds of small and large mold ratios indicate 
interesting relationships. More total heat is absorbed 
by the heavy mold than by the thin mold at any 
given time, but this extra heat is specific heat from 
the solid metal which has already solidified. Similarly 
when the mold ratios are the same and superheat 
is varied, more total heat is absorbed by the mold 
when superheat is high. This extra heat is primarily 
specific heat of liquid. Thus while thin molds and 
high superheat prolong solidification times, these 
differences are not as great as would be expected 
from a consideration of only the heat capacities of 
the molds or the initial heat within the liquid metal. 


Effect of Carbon Content on the Solidification 

The wide range of carbon contents between the 
two steels studied permits evaluation of the com- 
bined effect of differences in phase transformation, 
temperature range of solidification, and temperature 
level of solidification on the solidification mechanism 
of steel ingots. The 0.08 pct C steel solidifies to 6 
iron over the temperature range of 2775° to 2740°F 
(35°F) while the 0.60 pct C steel solidifies to y iron 
over the range of 2700° to 2570°F (130°F). 

A complete evaluation of the carbon effect neces- 
sitates consideration of the entire course of solidi- 
fication. As discussed in the foregoing sections solidi- 
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fication proceeds by the development and move- 
ment across the ingot of three distinct zones: 1—a 
completely solid zone adjacent to the mold wall, 2— 
a completely liquid zone at the center of the ingot, 
and 3—a solidification zone located between zones 1 
and 3 which is a mixture of liquid and solid metal. 
It should be noted that variations in the tempera- 
ture range of solidification arising from differences 
in carbon contents affect only the relative widths 
of the three zones leaving the basic mechanism of 
solidification essentially unchanged. 

The major effects of variations in the temperature 
range of solidification are illustrated in the linear 
and volumetric solidification curves of the high and 
low carbon steel ingots poured at intermediate tem- 
peratures into molds of 2 to 1 mold ratio, Fig. 13. 
It may be noted from the linear curves that at com- 
parable times in the solidification process the “start 
of freeze” front in the high carbon steel is more 
advanced and its “end of freeze” front is less ad- 
vanced than the comparable fronts of the low carbon 
steel. While the “start of freeze” front of the high 
carbon steel is active, the rate of travel of the ‘end 
of freeze” front of the high carbon steel is slower 
than that of the low carbon steel. During this period, 
as can be seen at the bottom of Fig. 13, the separa- 
tion of the “‘end of freeze’? waves of the two steels 
is constantly increasing. However, with the comple- 
tion of the “start of freeze’ wave the central portion 
of the high carbon steel ingot is in a partially solid 
condition with the consequent result that the “end 
of freeze’? wave thereafter moves forward at a more 
rapid linear rate than that of the low carbon steel. 
After completion of the “start”? wave the relative 
rates of travel of the “‘end”’ waves for the two steels 
are reversed as should be expected. 

Despite the differences in distribution of solid 
within the two ingots freezing over wide and narrow 
solidification ranges, Fig. 13 (lower graph), the vol- 
umetric solidification rates are very nearly alike as 
shown in the top graph of Fig. 13. The high carbon 
steel requires a slightly longer time (approximately 
5 pet) to complete solidification than does the low 
carbon steel poured under comparable conditions of 


~ superheat and mold ratio, as shown in Fig. 14. This is 


ascribed in part to the lower temperature differential 
between the mold and metal for the high carbon 
steel which results in a lower rate of heat transfer, 
and also to the fact that the high carbon steel, in 
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solidifying over a temperature range of approxi- 
mately 130°F must liberate concurrently with heat 
of fusion more specific heats of both the liquid and 
solid components of the metal within this tempera- 
ture range than the low carbon steel which solidifies 
over a range of only 35°F. 


Conclusions 


1—The lateral solidification of steel in ingot molds 
is characterized by the simultaneous travel of “‘start”’ 
and ‘end of freeze’ fronts by encroachment into 
liquid which remains essentially isothermal at the 
liquidus temperature. The space separation of these 
fronts, which indicates a zone of intermixed liquid 
and solid, is proportional to the width of the liquidus 
to solidus temperature range and, within limits, in- 
versely proportional to mold ratio. 

2—Linear solidification rates based on ‘‘end of 
freeze” are parabolic only during approximately the 
first half of the solidification cycle, after which there 
is a rapid deviation from the parabolic condition. 


The classic relationship thickness = K \/time ap- 
ples only to this first stage. The K values of the 
parabolic relationship increase as the carbon content 
decreases. 


3—Ingots of 7x7 in. cross-section solidified com- 
pletely in 10 to 12 min within the limits of carbon 
content, superheat, and mold thickness investigated. 
These ingots developed an air gap at 1 to 1% min 
after pouring with consequent marked temperature 
fluctuations at the ingot-mold interface. 

4—Volumetric solidification rates of 0.08 and 0.60 
pet C steels poured under like conditions are closely 
similar. Linear solidification rates of the low carbon 
steels are greater during the early period of para- 
bolic progression and slower in the later stages of 
solidification. This is the result of the difference in 
widths of the zones of intermixed liquid and solid 
in the two steels. 

5—Superheat is completely liberated at early 
stages of solidification. During the period of super- 
heat elimination the progression of solidification is 
retarded. Following this period linear solidification 
rates become essentially equal irrespective of initial 
superheat. Increasing superheat produces a general 
coarsening of the macrostructure. 

6—Variations in mold thickness under like condi- 
tions of superheat and steel composition have no 
effect on solidification rates in the very early stages 
of solidification. At early stages molds of lower heat 
capacity show reduced rates of solidification. Mold 
ratio variations in the range of 1 to 1 to 4 to 1 do 
not affect macrostructure. 


7—Heat balance determinations show that follow- 
ing the formation of the air gap the total heat trans- 
fer of any particular ingot in a given mold remains 
essentially constant. A constant rate of heat transfer 
is maintained by the simultaneous metering of the 
various heat components (specific heat of liquid, 
specific heat of solid, and heat of fusion) to the mold 
as solidification progresses. 


Appendix 


The various components of the total heat liberated 
after any time in the solidification process were calcu- 
lated from the gradient curves shown in Figs. 3 to 6. 
The following thermal constants were employed: | 


Specific Heat-Liquid Steel 0.2 Btuper lb, °F 
Specific Heat-Solid Steel 0.165 Btu per lb, °F 
Heat of Fusion 117 Btu per lb 
Density (Liquid and Solid Steel) 0.26 lb per cuin. 
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To determine heat of fusion which had been liberated 
up to any given time it was necessary to determine the 
amount of solid present not only in the completely 
solid region which had cooled below the solidus tem- 
perature, but also in the mushy region above the solidus 
temperature. The percentage of solid in the mushy 
zone of each ingot was determined by averaging the 
percentage of solid at three equispaced puints within 
the mushy zone. The fractional part of the tempera- 
ture range between the liquidus and solidus through 
which each point had cooled was determined from the 
gradient curves of the particular ingot under consid- 
eration. This point was transferred to the comparable 
location on the Fe-C equilibrium diagram and the per- 
centage of solid was determined by the lever arm rela- 
tionship. 

In calculating specific heats of liquid and solid metal 
liberated between the liquidus and solidus tempera- 
ture, where liquid and solid coexist, transformation 
from liquid to solid was considered as occurring iso- 
thermally at a temperature where, according to the 
equilibrium diagram, the metal was 50 pct lquid and 
50 pct solid. This condition exists in 0.55 to 0.65 pet C 
steels when the metal has cooled to a point below the 
liquidus equal to one third of the temperature range 
of solidification. 

The heat liberated by the liquid metal as specific 
heat up to any given time included: 1—superheat, 2— 
specific heat of the liquid within the mushy region, 
and 3—specific heat of the solid metal below the solidus 
temperature which necessarily had to give up specific 
heat as a liquid within the mushy zone before it solidi- 
fied. 


The cumulative amounts of specific heat liberated by 
the cooling of solid metal include the heat liberated 
by the solid at temperatures both within and below the 
mushy zone. All of the solid present in the ingot at any 
particular time is considered to have cooled from the 
50 pet liquid-50 pct solid point. The heat evolved in 
cooling below the solidus was obtained by figuratively 
dividing the ingot element into % in. wide concentric 
rings and from the gradient curves obtaining the mean 
number of degrees below the solidus that each ring 
had cooled. This figure for each ring when multiplied 
by the density and specific heat of the steel, and by 
the volume of the ring is the specific heat of solid 
evolved by the ring. The total of the heats evolved by 
the ingot is equal to the sum of the heats evolved by 
each ring in the ingot. 
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Constitution and Properties of Some Iron-Bearing Cupro-Nickels 


by E W. Palmer and F. H. Wilson 


The solid solubility of iron in 2 to 10 pct cupro-nickels increases 
with temperature and nickel content. Property changes accompany- 
ing various heat treatments indicate typical precipitation hardening 
behavior. Iron content also affects softening temperature and sub- 
scale formation. These factors, as well as impingement corrosion 
resistance, influence the optimum iron content of commercial alloys. 


ee many years Cu-Ni alloys have been used ex- 
tensively in the form of tubes, pipes, and plates 
for the construction of salt-water lines and surface 
condensers on shipboard and in tidewater power 
stations. The 30 pct Ni alloy has been considered 
more resistant to rapidly flowing sea water than 
alloys of lower nickel content, and has been stand- 
ard on ships of the U. S. Navy. Some ten years ago, 
the still better corrosion resistance obtained by modi- 
fying the 30 pct Ni alloy with approximately 0.5 pct 
Fe was recognized, and the iron-bearing alloy rapidly 
superseded the plain alloy as the standard material 
for severe service. In 1945, Tracy and Hungerford’ 
published a study of the effect of iron on the corro- 
- sion of various cupro-nickels in sea-salt solutions, 
and their data indicated that the 10 pct Ni alloy con- 
taining about 0.75 pct Fe was equivalent to the 30 
pet Ni alloy containing 0.5 pct Fe. This was confirmed 
by LaQue in discussion of the above paper, and by 
results in an experimental condenser set up at the 
Kure Beach marine test station of The International 
Nickel Co., reported by Freeman and Tracy.” 

The 10 pct Ni iron-bearing alloy is now being very 
widely used in applications where the 30 pct Ni iron- 
bearing alloy was formerly considered standard. 
While. this “substitution” has undoubtedly been 
stimulated by the present extreme shortage of nickel, 
it must be emphasized that it involves no loss of 
service performance, and would have occurred any- 
way in the course of time, for economic reasons. In 
view of the increasing use of the 10 pct alloy, it 
seems desirable to make generally available the re- 
sults of several investigations of Cu-Ni-Fe alloys 
carried out in the Metallurgical Research Labora- 
tory of The American Brass Co. in recent years. 

The present paper deals with the constitution of 
these alloys in the copper-rich corner of the system, 
and with the variations in hardness and tensile prop- 
erties resulting from the heat treatment of alloys 
containing various amounts of iron. Most of this work 
is concerned with alloys containing 10 pct Ni. With 
over about 0.75 pct Fe, the 10 pct Ni alloy is suscep- 
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Table |. Compositions of Alloys Studied 


Alloy Cu, Ni, Fe, Mn, Total 
Series No. Pet Pet Pet Pet C, Pet 
2 Pct Ni 
A 5148 97.93 1.98 0.005 0.08 
5149 97.85 2.01 0.097 0.09 
5150 97.72 2.00 0.25 0.09 
5151 97.44 2.01 0.50 0.08 
5152 97.22 1.99 0.75 0.09 
5153 96.94 2.03 1.01 0.08 
5154 96.45 2.01 1.52 0.09 
5 Pct Ni E 
A 5155 95.17 4.78 0.005 0.077 
5156 94.79 5.01 0.097 0.090 
5157 94.80 4.92 0.26 0.090 
5158 95.54 4.92 0.50 0.090 
5159 94.14 4.99 0.76 0.094 
5160 93.95 5.03 1.00 0.095 
5161 93.43 5.04 1.50 0.075 
10 Pct Ni 
B 6788 89.63 9.94 0.11 0.32 0.004 
6789 89.48 9.98 — 0.21 0.33 0.002 
6790 89.42 9.94 0.30 0.34 0.001 
6791 89.29 9.97 0.41 0.33 0.001 
cS 6758 89.67 9.98 0.01 0.32 0.017 
6759 89.20 9.99 0.48 0.32 0.010 
6760 89.00 9.95 0.71 0.32 0.016 
6761 88.75 9.97 0.95 0.32 0.014 
6762 88.48 10.00 1.19 0.32 0.006 
6763 88.18 10.05 1.44 0.32 0.006 
6764 87.56 10.14 1.96 0.33 0.008 
D 7288 86.56 10.02 3.08 0.34 0.021 
7289 85.69 9.95 4.00 0.34 0.024 
7290 84.78 9.98 4.88 0.32 0.025 
E 7423 88.59 10.07 1.03 0.30 0.012 
7424 88.27 10.03 1.46 0.23 0.010 


tible to precipitation hardening, and the consequences 
of this in connection with commercial production are 
examined in some detail. 


Alloys 


Several series of cupro-nickel alloys containing 
iron were used in these investigations. Most of them 
were prepared in the laboratory, but two samples of 
commercially fabricated alloys were included. 


Series A—Nominally 2 and 5 pct Ni, each with 0 to 
1.5 pct Fe. 

Series B—Nominally 10 pct Ni with 0.1 to 0.4 pct 
Fe. 

Series C—Nominally 10 pct Ni with 0 to 2 pct Fe. 

Series D—Nominally 10 pet Ni with 3 to 5 pct Fe. 

Series E—Nominally 10 pct Ni with 1 and 1.5 pct 
Fe. 
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Fig. 1—Vertical section through the solyus surface of the 
Cu-Ni-Fe phase diagram at 5 pct Ni. 


Series A contained about 0.1 pet Mn and the others 
about 0.3 pct Mn. Series A, B, and D were cast as 
5¥gx14%4x6 in. bars, while Series C consisted of 6 in. 
ingots, 2% in. square at the bottom and 3% in. square 
at the top, hot forged to %x3x27 in. bars. Series E 
was two commercially cast heats, hot rolled to %4 in. 
thick plate. The compositions as determined by anal- 
ysis are given in Table I. 

For both mechanical tests and for solubility limit 
studies, Series A bars were scalped, cold rolled to 
0.16 in., annealed 1 hr at 800°C, quenched, cold rolled 
to 0.080 in., annealed 1 hr at 850°C, quenched, and 
cold rolled to 0.040 in. Series B bars, used only for 
the phase-diagram studies, were hot rolled at 900°C 
to 0.2 in., annealed 1 hr at 900°C, quenched, and 
cold rolled to 0.1 in. For mechanical tests, the forged 
Series C bars were annealed 2 hr at 900°C, quenched, 
and fabricated to 0.040 in. by the same schedule as 
Series A, except that the annealing temperatures 
were 900°C. Bars % in. thick from Series C and D, 
used for the solubility limit studies, were heated 2 
hr at 1085°C, quenched, and cold rolled to 0.1 in. 

None of these procedures completely eliminated 
from alloys of 1 pct or more iron the nonhomogeneous 
distribution of iron concentration arising from den- 
dritic solidification. It was found possible to make 
the 10 pct Ni alloys homogeneous by three cycles 
of alternate cold rolling and annealing for 2 hr at 
1085°C, and further samples of alloys requiring this 
treatment were so processed for equilibrium studies. 


Constitution 

An understanding of the behavior of the iron- 
bearing cupro-nickels must necessarily be based on 
knowledge of the extent to which iron is soluble at 
various temperatures under equilibrium conditions. 
Using metallographic techniques, the solid solubility 
of iron in 5 and 10 pet cupro-nickels containing small 
amounts of manganese (less than 0.35 pct) has been 
determined. The results are shown in Figs. 1 and 2 
as partial vertical sections of a ternary Cu-Ni-Fe 
phase diagram. (For the purpose of plotting, the 
presence of manganese in the alloys has been dis- 
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Fig. 2—Vertical section through the solvus surface of the 
Cu-Ni-Fe phase diagram at 10 pct Ni. 


regarded.) Isothermal points from these two solu- 
bility curves, and data on the solubility of iron in 
copper from Tammann and Oelsen,’ provide three 
points on the ternary diagram defining the limit of 
iron solubility at a given temperature. The bound- 
aries of the a solid solution at 500°, 600°, 700°, 800°, 
and 900°C as determined thereby are drawn in Fig. 3. 

In their survey of the whole Cu-Ni-Fe diagram 
as determined by X-ray diffraction studies, Bradley, 
Cox, and Goldschmidt* show peculiar humps in the 
iron solubility lines in this portion of the diagram, 
which indicate very much higher solubilities of iron 
than were found in the present work. It appears that 
the X-ray diffraction technique must have missed 
some of the iron-rich phase, for there is considerable 
evidence, both metallographic and in the response 
of the alloys to heat treatment, that the solubilities 
they indicate cannot be correct. It is exceedingly 
doubtful that the presence of small amounts of man- 
ganese in the present alloys could have such a pro- 
found effect. 

Complete homogenization of the high iron alloys 
used in this investigation required a very drastic 
treatment (three 2 hr anneals at 1085°C, alternated 
with 50 pet reductions by cold rolling), but results 
identical with those reported here were obtained on 
definitely nonhomogeneous samples fabricated ac- 
cording to commercially reasonable schedules. Ap- 
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Fig. 3—Isotherms showing solid solubility of iron at the copper-rich 
corner of the Cu-Ni-Fe phase diagram. 
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a—As revealed by electropolishing. 


Fig. 4—Precipitation in 2 pct Fe-10 pct Ni alloy annealed 2 hr at 700°C. Sample previously cold rolled 
50 pct after quenching from above solyus. X150. 


parently the local variations in iron concentration 
in the partially homogenized alloys, while causing 
heavier precipitation in some places than in others, 
were too small to affect conclusions drawn from suc- 
cessive anneals near the boundary differing by 10°C 
in temperature. 

Establishment of the solvus surface depended upon 
positive recognition of the iron-rich phase, and it 
was found necessary to use special techniques for 
this purpose. Micrographic examinations were made 
after annealing and quenching, from a series of tem- 
peratures, both hard-worked samples and samples 
prequenched from a solution anneal. At 750°C and 
above, the annealing time was 1 hr; from 500° to 
750°C, the time was 2 hr; and at lower temperatures 
a series of times up to 1 week were employed. The 
specimens were polished electrolytically in an elec- 
trolyte of 100 parts 85 pct orthophosphoric acid and 
15 parts water. This technique revealed any optically 
resolvable particles of the iron-rich precipitate with- 
out the aid of etching; in fact, etching effects tended 
to mask clear evidence of precipitate on the polished 
surface. 

Samples containing at least 1 pct Fe quenched 
from above the solvus developed a grain boundary 
pattern during the electrolytic polishing, the inten- 
sity of the effect increasing with iron content. It was 
established that the pattern resulted from a greater 
rate of solution at the boundaries. This is an in- 
teresting phenomenon not commonly found in the 
electrolytic polishing of single-phase alloys, but it 
seems to be the same as that described by Chaudron* 
for an Al-Zn alloy. The breadth of these boundary 
lines is greater than boundaries revealed by mechan- 
ical polishing and etching with bichromate.* Al- 
though not studied in detail, there appeared to bea 
tendency for these heavy boundaries to disappear 
when samples showing them were electrolytically 
polished after an anneal at temperatures causing 
precipitation. 

In general, hard specimens recrystallized over an 
appreciable range of temperatures, the range in- 
creasing with iron content. Specimens annealed 
within this range showed precipitation accompany - 
ing recrystallization. Thus, for example, Fig. 4a 
shows a beaded grain boundary precipitate as elec- 


* Etch No. 5 in Metals Handbook, p. 901 (1948 Ed.) A.S.M. Cleve- 
land. 
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b—As etched lightly with bichromate. 


tropolished, and Fig. 4b shows the same field follow- 
ing a very light bichromate etch. This occurrence 
of the precipitate at the boundaries of new grains 
in compositions which, if quenched from above the 
solvus, showed the grain boundary effect on electro- 
polishing, made it difficult to identify the precipitate 
positively at temperatures near the solvus. Nor was 
it certain that the precipitate had formed in the 
grain boundaries of high iron specimens which were 
quenched from above the solvus and reheated. The 
best technique available for detecting small amounts 
of precipitate at the grain boundaries was the use 
of polarized light. The heavy grain boundaries ap- 
peared bright against a dark field, and small dis- 
continuities in this bright line were assumed to be 
precipitate, since they were very rare (inclusions, 
etc.) in samples quenched from temperatures defi- 
nitely above the solvus. 

Detection of optically unresolvable precipitation 
was not difficult when it occurred locally in small 
areas associated with grain boundaries. Such areas 
of relatively dense precipitation were shown by 
Gordon and Cohen*® for Cu-Fe and Cu-Co alloys. 
This “patch” type of precipitation was found only in 
alloys quenched from a solution anneal and re- 


Fig. 5—Patch-type precipitation in 1.5 pct Fe-10 pct 

Ni alloy annealed 1 hr at 500°C after quenching 
from 900°C. X150. 
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a—Magnetic colloid on mechanically polished surface. 


b—Same field as-electropolished. 


Fig. 6—Pattern of magnetic colloid compared with precipitation pattern shown by electropolishing in 
sample annealed below the recrystallization temperature. 5 pct Fe-10 pct Ni cold rolled 50 pct and 
annealed 1 hr at 850°C. X50. 


heated. For a given iron concentration it occurred 
only at and below a certain temperature, and this 
temperature was lower as the iron content increased. 
Samples of the 1.5 pct Fe-10 pct Ni alloy, quenched 
from a solution anneal and reannealed at 600°C, 
show this form, but at 700°C the precipitation is 
rather uniformly distributed. The alloy containing 
3 pet Fe and 10 pct Ni precipitated mostly in 
patches at 500°C and mostly as generally distributed 
particles at 600°C, while the 5 pct Fe-10 pct Ni 
alloy did not precipitate in patches even when an- 
nealed at 300°C for 24 hr. 

The general appearance of this patch form of pre- 
cipitation is illustrated in Fig. 5 for a 1.5 pct Fe-10 
pet Ni alloy which was annealed 1 hr at 500°C fol- 
lowing a solution anneal. The patches, which are 
very dark after an ammonia-peroxide etch, are not 
contrasted in color from the rest of the structure 
when a bichromate etchant is used. The structure 
was usually observed directly after electropolishing 
and the patches had a splotchy brown appearance 
as if a deposit formed during polishing and was 
not entirely removed during rinsing. 

Two observations concerning the patch-type pre- 
cipitation, which were found to be quite generally 


a—Magnetic colloid pattern. 


b—Same field immediately after removal of mag 


true, are typified in Fig. 5. First: in direct corres- 
pondence to the observations of Forsyth, King, Met- 
calfe, and Chalmers’ on Be-Cu, it will be noted that 
the relative orientations of the grains at whose 
boundary a patch grows have an effect on the 
growth of the patch. Several examples of patches 
which are made discontinuous where a twin bound- 
ary meets a grain boundary can be seen. Second: no 
examples were observed in which a patch grew in 
both directions from the same part of a boundary, 
although this did not indicate preference for one 
orientation as against the other since growth into 
the other grain occurred at other places in the same 
boundary. Rather it would appear that whatever 
it may be in the boundary that nucleates precipita- 
tion in a patch is consumed by the nucleation. The 
arrow in Fig. 5 indicates a typical example of this 
second observation. 

A method for detecting small amounts of optically 
unresolvable precipitate not occurring in patches 
involves the use of magnetic colloid. A magnetic 
field can be set up in a drop of a colloidal suspension 
of magnetic iron oxide on the polished surface of the 
sample by placing a permanent magnet close behind 
a thin specimen. Since the unresolvable precipitate 


Se 


net, 


Fig. 7—Optically unresolyable ferromagnetic precipitate revealed by magnetic colloid 2 pct Fe-10 pct Ni 
alloy quenched from 900°C and annealed 2 hr at 550°C. X500. 
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Table II. Effect of Iron on Hardness of Quenched, Cold-Rolled and Reheated Cupro-Nickels (2 and 5 Pct Ni) 
Rockwell F Hardness 


As Cold Rolled 
Alloy Reheated 1 Hr At 
. i, Pe Fe, Pct 850°C No. Hard 300°C 400°C 500°C 600°C 700°C 
24.5 90.6 89.5 50.6 40.1 35.0 27.3 
23.4 92.0 90.6 50.4 40.2 35.2 27.1 
26.2 93.4 90.8 63.8 45.2 38.2 33.0 
27.5 92.7 91.3 61.3 49.9 49.6 37.6 
36.2 94.0 92.0 84.2 56.0 58.1 56.0 
ae oe 34.8 93.6 92.6 83.7 62.5 67.3 64.6 
; 1.52 50.9% 94.7 94.3 90.6 72.0 73.7 72.9 
5155 4.78 0.005 26.6 93.6 91.7 79.9 
; 45.5 41.2 37.3 
pies ae 0.097 30.1 93.7 92.3 84.6 45.7 41.3 38.0 
pis Se 0.26 33.5 94.2 92.7 89.0 47.4 43.1 37.9 
pips aoe 0.50 31.5 93.7 93.6 91.0 55.3 48.3 42.3 
ere a 0.76 40.6 95.1 94.9 92.6 68.0 59.2 48.2 
Bre 2 1.00 44.8 92.6 95.1 92.4 81.6 73.0 61.5 
.04 1.50 46.9 95.5 95.6 93.0 89.9 87.7 85.2 


* Quenched from 900°C. 


is ferromagnetic, the colloid will tend to congregate 
in the areas of precipitation. A comparison can be 
made between this technique and that of electro- 
polishing for a resolvable precipitate in the case of 
a 5 pet Fe-10 pct Ni alloy quenched from above the 
solvus, cold rolled, and then annealed for 1 hr at 
850°C, a temperature below the recrystallization 
temperature for this alloy. By viewing the same 
field first with magnetic colloid on a mechanically 
polished surface (Fig. 6a) and then as electro- 
polished (Fig. 6b), it can be seen that heavy pre- 
cipitation is revealed by the colloid. Neither sample 
was etched. The use of magnetic colloid in a case 
where the precipitate is too fine to be resolved after 
electropolishing, is shown by micrographs, Figs. 7a 
and b, of the same field of a sample of the 2 pct Fe- 
10 pet Ni alloy quenched from 900°C and annealed 
2 hr at 550°C. The local aggregation of the colloid 
shown in Fig. 7a disappears upon removal of the 
magnet as shown by b. There is no resolvable pre- 
cipitation, nor can any be found in these areas at 
magnifications up to X2000, even when the specimen 
is etched. 

The appropriateness of this technique for estab- 
lishing the limits of solubility is indicated by the 
fact that for each alloy there is a temperature above 
which quenched samples show no pattern of the 
colloid in a magnetic field. In alloys with 0.5 pct Fe 
or less, the limit of solubility was determined by the 
presence or absence of very narrow patches in the 
electrolytically polished surface. However, for higher 
iron contents the criterion employed was detection 
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Fig. 8—Effect of iron content on precipitation hardening of 10 pct 
cupro-nickels quenched from 800°C. 
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of any magnetic colloid pattern. Simple magnetic 
tests, based on the pull exerted on the specimen by 
a strong permanent magnet, were also used, and in- 
dicated diminishing attraction with progressively 
higher annealing temperatures below the solvus. 
This paralleled weakening magnetic colloid patterns, 
but in general a colloid pattern could be detected in 
samples given an anneal at a temperature slightly 
higher than the highest one for which samples showed 
attraction to the permanent magnet. 

The equilibrium phase diagram for Cu-Ni-Fe in 
the copper-rich region shows that the solubility of 
iron increases gradually as the nickel content in- 
creases and appreciably as the temperature increases. 
The room-temperature solubility in the 10 pct Ni 
alloy is less than 0.1 pet and increases to more than 
5 pet at temperatures above 950°C. Compositional 
variations due to dendritic segregation in these alloys 
are not easily eliminated, but ordinary fabrication 
procedures reduce them sufficiently so that the equi- 
librium diagram may be usefully applied to com- 
mercially wrought materials. 


Properties 


The rather pronounced increase with temperature 
in the solubility of iron in these alloys indicates that 
above certain iron contents precipitation hardening 
effects may be expected during fabrication. 

That such effects occur in 2 and 5 pct Ni alloys is 
indicated in Table II, which shows the Rockwell F 
hardness of specimens of Series A alloys (quenched 
from 850°C, rolled 6 B&S numbers) reheated 1 hr 
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Fig. 9—Effect of iron content on precipitation hardening of 10 pct 
cupro-nickels quenched from 900°C. 
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Fig. 10—Effect of iron content on the tensile properties and 
hardness of 10 pct cupro-nickels quenched from 900°C. 


70 90 


60 70 


50 TENSILE STRENGTH ——{50 
fo) 


| ROCKWELL _ HARDNESS 


30 


ELONGATION 


ROCKWELL “B" HARDNESS 


YIELD STRENGTH 


20 


ELONGATION—PERCENT IN 2 INCHES 
TENSILE AND YIELD STRENGTHS—THOUSAND POUNDS PER SQ.IN 


| 
0.5 1.0 1.5 2.0 


IRON CONTENT — PERCENT 


Fig. 11—Effect of iron content on the tensile properties and 

hardness of 10 pct cupro-nickels quenched from 900°C and 

reheated 2 hr at temperatures giving maximum hardness 
(see Fig. 9). 


at temperatures from 300° to 700°C. The normal 
softening behavior of the low iron content alloys is 
in sharp contrast with the marked retention of hard- 
ness by the alloys containing 1.0 and 1.5 pct Fe. 
However, these low nickel content alloys were con- 
sidered inferior to the 10 pct Ni alloy for commercial 
development, chiefly on the score of corrosion re- 
sistance, and hence the precipitation hardening 
characteristics of the lower nickel alloys have not 
been investigated in detail. Most of the work has 
dealt with the 10 pct Ni alloy group. 

The effect of iron in producing precipitation hard- 
ening characteristics in 10 pct cupro-nickels is indi- 
cated in Figs. 8 and 9, which show Rockwell B hard- 
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Fig. 12—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 500°C. Quenched 
from 900°C prior to rolling. 
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Fig. 13—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 550°C. Quenched 
from 900°C prior to rolling. 


ness results on specimens of Series C alloys quenched 


‘from 800° and 900°C, respectively, and reheated 2 


hr at temperatures from 400° to 700°C. It will be 
noted that little, if anything, is gained by quenching 
from 900° rather than 800°C. With both quenching 
temperatures, the alloy containing 0.48 pct Fe seems 
free from any precipitation hardening tendency, but 
slight hardening at about 550°C is noted on reheat- 
ing the 0.71 pct Fe alloy. With higher iron contents, 
increasing amounts of precipitation hardening are 
found. A reheating temperature, for a 2 hr treat- 
ment, of 550° to 600°C seems to produce maximum 
hardness in these quenched alloys. 

Tensile property changes associated with precipi- 
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Fig. 14—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 600°C. Quenched 
from 900°C prior to rolling. 
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Fig. 15—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 650°C. Quenched 
from 900°C prior to rolling. 


tation hardening are indicated in Figs. 10 and 11. 
Fig. 10 shows the effect of iron content on the tensile 
properties of 0.040 in. strip of 10 pct cupro-nickels 
(Series C) quenched from 900°C. There is a slight 
upward trend in tensile strength and Rockwell hard- 
ness with iron content, and a downward trend in 
elongation, but the yield strength remains essen- 
tially constant. Fig. 11 shows the same alloys re- 
heated 2 hr at temperatures giving maximum hard- 
ness, as taken from Fig. 9. It is apparent that 
precipitation hardening of these iron-bearing cupro- 
nickels can reach substantial proportions. For exam- 
ple, the yield strength of a precipitation hardened 
alloy containing 2 pct Fe is more than twice that of 
the iron-free alloy given the same treatment. 
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Fig. 16—Changes in hardness with time of cold-rolled iron- 


bearing 10 pct cupro-nickels annealed at 700°C. Quenched 
from 900°C prior to rolling. 
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Fig. 17—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 750°C. Quenched 
from 900°C prior to rolling. 


The effect of iron on the softening behavior of the 
10 pet cupro-nickels during anneal is of great in- 
terest to the fabricator. In studying this point, speci- 
mens of Series C alloys (quenched from 900°C and 
rolled 6 B&S numbers hard to 0.040 in. gage) were 
reheated for times of 1%, 1, 2, 4, and 8 hr at tem- 
peratures from 500° to 800°C. The results of Rock- 
well hardness measurements on these specimens are 
given in Figs. 12 to 18. Fig. 19 shows softening curves 
for the same alloys for a 2 hr treatment at various 
reheating temperatures. It is apparent that, while in 
no case does the precipitation treatment result in a 
hardness above that of the cold-rolled stock, the 
precipitation of iron does have a profound effect on 
softening behavior. The iron-free alloy is completely 
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Fig. 18—Changes in hardness with time of cold-rolled iron- 
bearing 10 pct cupro-nickels annealed at 800°C. Quenched 
from 900°C prior to rolling. 


softened by a 30 min anneal at 500°C. With 1.96 pct 
Fe, the alloy does not fully soften even at 800°C. An 
interesting point brought out by Figs. 12 to 18 is 
the small effect of time of reheating on these cold- 
worked and reheated alloys. 

In order to study the effect of rather full precipi- 
tation, tensile specimens of Series C alloys were re- 
heated 8 hr at 650°C. Results of tensile tests and 
Rockwell hardness measurements are given in Fig. 
20 and indicate once again the marked effects of iron 
content and heat treatment on the properties of this 
alloy. 

Since this same 10 pet cupro-nickel is also used 
for tube sheets, the properties to be expected in 
commercially produced hot-rolled plate are of in- 
terest. Table III gives the results of a series of tensile 
tests made on two such plates, one containing ap- 
proximately 1 pct and the other 1.5 pct Fe (Series 
E). The hot-rolled plates were %4 in. thick, and 
threaded-end tensile specimens having 0.505 in. diam 
over a 2 in. gage length were machined from speci- 
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Fig. 19—Effect of iron content on softening behavior of cold-rolled 
10 pct cupro-nickels. Strip cold rolled 50 pct after quenching from 
900°C. 
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Fig. 20—Effect of iron content on the tensile properties and 
hardness of cold-rolled 10 pct cupro-nickels heat treated 8 hr 
at 650°C. Quenched from 900°C prior to rolling. 


mens cut longitudinally from the plate. These speci- 
mens were variously heat treated, as noted in the 
table, to explore the range of properties that might 
be obtained in alloys containing these two amounts 
of iron. It will be noted that while the two alloys 
have very similar properties after a solution anneal 
(800°C for 1 hr) and quench, the higher iron alloy 
shows a much greater response to a reheating treat- 
ment (600°C for 2 hr). Also, the 1.5 pct Fe alloy 
shows as much increase in tensile and yield strength 
when simply slowly cooled from a solution anneal 
as it does after a reheating treatment, while the 
1 pct Fe alloy is relatively unaffected in either case. 
Of considerable interest is the fact that both alloys 
show excellent properties as-hot-rolled. It should 
also be noted that a reheating treatment applied 
directly to hot-rolled specimens causes a loss of 
strength in the 1 pct alloy, but a slight gain in the 
1.5 pet alloy, indicating that the latter is super- 
saturated with respect to iron after hot rolling. 

A further factor requiring consideration in the 
fabrication of these iron-bearing cupro-nickels is 
their susceptibility to subscale formation during an- 
nealing. As is shown in Figs. 12 to 19, the higher 
iron content alloys require progressively higher tem- 
peratures for full anneal. Unfortunately, the extent 
of subscale formation increases rapidly with anneal- 
ing temperature. This is illustrated in Figs. 21a, b, 
and c, where alloys containing 0.71, 1.44, and 1.96 
pct Fe, respectively, have been annealed in air for 
2 hr at temperatures such as might be used in the 
commercial fabrication of these alloys. Only negli- 
gible subscale is formed on the 0.71 pct Fe alloy an- 
nealed at 650°C, but the 1.44 pct Fe alloy annealed 
at 750°C, and the 1.96 pct Fe alloy annealed at 850°C, 
have amounts of subscale sufficient to cause great 
difficulty in pickling operations. Pickling the interior 
of a condenser tube is difficult, at best, and there 
would seem to be a possibility, with the high iron 
alloys, that the removal of subscale might not be 
complete. Whether or not small areas of subscale 
might serve as foci for corrosion attack is not def- 
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a—0.71 pct Fe annealed 2 hr at 650°C 
b—1.44 pct Fe annealed 2 hr at 750°C 
c—1.96 pct Fe annealed 2 hr at 850°C 


initely established, but some effect of this type would 
be anticipated. 
Discussion 


The iron-bearing 10 pct cupro-nickel has become 
an important industrial alloy primarily because of 
its exceptional resistance to sea-water corrosion. 
Since the amount of iron required for optimum cor- 
rosion resistance is in the range where precipitation 
hardening effects are encountered, the selection of 
an ideal iron content must take into consideration 
the effects of iron on fabrication as well as on cor- 
rosion resistance. The data reported above give in- 
formation as to the equilibrium solubility of iron at 
various temperatures, and the nature and extent of 
physical property changes that may be expected from 
various fabrication procedures. 

It must be recognized that precipitation harden- 
ability is not a particularly desirable attribute of an 
alloy for condenser tubes or salt-water lines. While 
the hardening characteristics are of interest in sev- 
eral other uses of the iron-bearing 10 pct cupro- 
nickel, they are unimportant, as such, in these major 
applications, which depend almost entirely on the 
unique corrosion resistance of the alloy. Condenser 
tubes, at the ends, at least, must be soft enough to 
be rolled into tube sheets, and salt-water lines often 
require bending to shape in order to follow the con- 
tours of marine construction. The precise properties 
required are more readily obtained with a judicious 
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Fig. 21—Subscale formation on 10 pct cupro-nickels containing iron. X500. 
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amount of temper, rather than by utilizing precipi- 
tation hardening characteristics. 

It appears, from unpublished work carried out by 
the Corrosion Research Laboratory of The American 
Brass Co. (some of it in collaboration with other 
laboratories), that the impingement corrosion resist- 
ance of the 10 pct cupro-nickel in sea water im- 
proves steadily with increasing iron contents up to 
about 2 pct, provided the iron is in solid solution. 
By far the greater part of the total improvement is 
obtained with the first 0.75 pct Fe; thereafter in- 
creased iron results in only slight, though definite, 
improvement. Alloys containing precipitated iron 
behave as though the precipitated iron were not 
there. Only the amount of iron in solid solution is 
effective. (Precipitated iron does affect the appear- 
ance of corroded specimens: with increasing amounts 
of free iron, the golden brown film characteristic of 
specimens in which the iron is completely in solution 
rapidly darkens, and finally becomes black.) While 
free iron does not appear to be a significant factor 
in impingement corrosion, which is unquestionably 
the chief determinant of the useful life of these 
materials in “pure”? sea water. in polluted coastal 
waters, where oxygen concentration cells may form 
and cause local pitting, there is some evidence, not 
yet conclusive, that free iron is harmful. High iron 
content condenser tubes containing free iron have 


‘shown pitting in such waters, while comparison tubes 


Table III. Tensile Properties of Hot-Rolled Plate 
10 Pct Cupro-Nickel with 1 and 1.5 Pct Fe 


Solution 
Hot-rolled Solution Annealed, Solution Solution 
As and Annealed, Quenched, Annealed, Annealed, 
Fe, Pct Hot-rolled Reheated Quenched Reheated Air-cooled Slowly Cooled 
Yield Strength (0.5 Pct Extension), psi 
‘| 36,025 29,650 15,060 17,975 14,230 15,350 
ae 35,675 36,200 15,100 22,625 16,605 23,000 
Tensile Strength, psi 
48,425 47,250 40,575 42,675 41,250 42,800 
iad 51,900 52,625 41,510 46,600 44,050 48,800 
Elongation in 2 In., Pct 
A 36.5 39.3 53.5 50.5 53.0 51.3 
146 35.0 33.5 51.8 45.0 50.0 43.3 
Reduction of Area, Pct 
71 69 80.5 79.5 80 80 
148 72 70 717 76 79 715.5 


Solution Anneal: 800°C for 1 hr 
Reheating Treatment: 600°C for 2 hr 


TRANSACTIONS AIME 


JANUARY 1952, JOURNAL OF METALS—63 


containing 0.75 pct Fe, all of which was in solid solu- 
tion, have been practically free from pitting. 

The ideal iron content for a 10 pet cupro-nickel, 
then, would appear to be the maximum amount that 
can be retained in solid solution throughout the fab- 
rication processes necessary to the production of the 
finished pipe or tube. While Fig. 2 indicates an equi- 
librium solubility of 2 pct Fe at about 770°C, Fig. 18 
indicates that the 2 pct Fe alloy is not completely 
softened at 800°C, and an annealing temperature in 
excess of this would be required in commercial fab- 
rication. Retention of the iron in solid solution would 
require a quench from this annealing temperature. 
While some products might be so treated, it is dif- 
ficult to imagine such a quench being carried out on 
a typical condenser tube, say % in. in diam and 20 ft 
long. And in present day tube mill furnaces, which 
do not have atmospheres that are nonoxidizing at 
such high temperatures, a substantial layer of sub- 
scale and serious pickling difficulties would be antic- 
ipated. Obviously the 2 pct alloy would be very dif- 
ficult to fabricate. 

On the other hand, an alloy containing only 0.75 
pet Fe, an amount sufficient to give an impingement 
corrosion resistance comparable to the standard iron- 
bearing 30 pct cupro-nickel, is homogeneous above 
615°C; is fully softened by annealing at 650°C, where 
negligible subscale is encountered; and, because of 
the low rates of diffusion at the required annealing 
temperature, will retain the iron in solid solution if 
simply air cooled in accordance with regular mill 
practice. It is because of this ease of fabrication that 
the 0.75 pet Fe alloy has undergone considerable 
commercial development. 

Where impingement corrosion resistance greater 
than that possessed by the 0.75 pct Fe-10 pct cupro- 
nickel is required, it may be obtained, to a limited 
extent, by increasing the iron content and selecting 
fabrication procedures that will ensure that as much 
iron as possible is in solid solution in the finished 
product. Alloys with iron contents of perhaps 1.0 to 
1.25 pct appear not too impractical from a fabrication 
viewpoint. At present there are few if any applica- 
tions where the slight improvement in corrosion re- 
sistance produced by still higher iron contents jus- 
tifies the much greater difficulty of fabrication in- 
volved. 

An iron content above 0.75 pct may also serve a 
useful purpose in condenser tube sheets, which are 
usually heavy gage plates produced by hot rolling. 
Here the increased iron does not add to the already 
adequate corrosion resistance, since it is largely pre- 
cipitated, but by raising the softening temperature 
it does permit the production of a hot-rolled plate 
having higher strength than would be obtained with 
the 0.75 pct Fe alloy. In certain other applications, 
such as heat exchanger tubes for high pressure-high 
temperature service, where high strength is a major 
consideration, it may also prove practical to raise the 
iron content to the point where useful improvement 
in strength is obtained through precipitation hard- 
ening effects. 

Conclusions 

1—The solid solubility of iron increases rapidly 
with increasing temperature in cupro-nickels of low 
nickel content. For the 5 pet Ni alloy, the solubility 
of iron increases from about 0.2 pct at 500°C to 0.95 
pet at 750°C. For the 10 pct Ni alloy, the solubility 
of iron increases from less than 0.10 pct at 400°C to 
4.8 pct at 950°C. 

2—Alloys containing sufficient amounts of iron are 
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susceptible to precipitation hardening by suitable 
heat treatment. In 10 pet cupro-nickels, an iron con- 
tent in excess of about 0.7 pct is required to produce 
an appreciable amount of hardening. 

3—With the higher amounts of iron, the softening 
temperature of a 10 pct cupro-nickel is raised to the 
point where commercial annealing becoines imprac- 
tical because of subscale formation and consequent 
pickling difficulties. While a 0.75 pct Fe alloy can be 
completely softened at 650°C, about 850°C is re- 
quired for an alloy containing 2.0 pct Fe. 

4—-Since the iron-bearing 10 pct cupro-nickel is 
useful primarily because of its excellent resistance 
to impingement corrosion in sea water, and improved 
physical properties are of little interest (except per- 
haps in tube sheets and tubes for high pressure-high 
temperature heat exchangers), the precipitation 
hardening characteristics of the alloy are important 
chiefly because they dictate fabrication procedures 
and allowable iron content. 

5—While maximum impingement corrosion resist- 
ance of the 10 pct cupro-nickel appears to be ob- 
tained with maximum iron ‘in solid solution, fabrica- 
tion difficulties limit the iron content to perhaps 
1.25 pet. An alloy containing about 0.75 pct Fe can 
be fabricated without changing the usual mill pro- 
cedures for cupro-nickel, and fortunately is only 
very slightly inferior in impingement corrosion re- 
sistance to alloys of higher iron content. 
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Addendum 

Since this manuscript was prepared, the results 
of extensive researches on the iron-bearing cupro- 
nickels by the British Non-Ferrous Metals Research 
Association have been reported by G. L. Bailey.® 
Although these results are in general agreement 
with those reported by Freeman, Tracy, Hungerford 
and the present authors, they have led to a recom- 
mendation of somewhat higher iron contents. The 
basis for this discrepancy lies in the fact that, in 
British condenser tube practice, the tubes are finished 
hard. This permits the British manufacturers to re- 
tain iron in solution by quenching the tubes at a 
size which can be readily handled, after which they 
are not again heated. In the United States, condenser 
tubes must be soft enough to withstand rolling into 
the tube sheets and this requires an anneal at a 
stage where the tubes are too long for proper quench- 
ing and too small in diameter for proper cleaning 
after a high temperature solution-anneal. 
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Volatility and Stability of Metallic Sulphides 


by C. M. Hsiao and A. W. Schlechten 


The apparent vapor pressures of a number of metal sulphides were 
determined by measuring their rate of weight loss when they were 
heated under vacuum. The calculated pressures are due in some 
instances to the volatility of the sulphide and in others to the de- 

composition pressure. 


HE direct reduction of metallic sulphides, as in 

the precipitation method for lead or antimony, is 
not a widely used process today. However, it might 
be employed for the production of a number of 
metals if the operation were carried out under re- 
duced pressures. Two general procedures are pos- 
sible; the reducing agent could form a stable non- 
volatile sulphide from which the valuable metal 
could be removed by volatilization or liquation. The 
other approach would be to choose a reducing agent 
which would form a sulphide that could be vola- 
tilized away from the valuable metal. A vacuum 
operation would serve to protect the sulphides and 
metals from oxidation and would increase the evapo- 
ration rates. 

A related process is the separation of metallic 
sulphides by selective volatilization either at atmos- 
pheric pressure or under vacuum. This procedure is 
already used commercially for the elimination of 
lead and cadmium as PbS and CdS from zinc cal- 
cines; it might well have other applications. 

To predict such processes it is necessary to know 
the relative volatilities of the metallic sulphides and 
to know whether they volatilize as sulphides or 
whether the predominant weight loss is due to de- 
composition. Such data would also be of value in 
studying problems such as the use of sulphides for 
refractories, as described by Brewer,’ or in the 
evaluation of the theory of ore deposition from the 
vapor state, as proposed by Brown.° 

Qualitative statements concerning the volatility of 
metallic sulphides can be found frequently in the 
literature and are well summarized by Mellor, but 
accurate determinations of rates of evaporation or 
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vapor pressures are very scarce. Kelly’ lists vapor 
pressure data only for PbS; his reference being to 
the work of Schenck and Albers,* who measured the 
vapor pressure of PbS by a dynamic method between 
850° and 995°C. More recently Veselovskii’ has de- 
termined the vapor pressures of the sulphides of 
antimony, lead, cadmium, and zinc at temperatures 
ranging from 360° to 1000°C using Knudsen’s 
method. A second Russian worker, Pogorelyi,° de- 
termined the vapor pressures of CdS and ZnS at 
temperatures from 900° to 1250°C. The results ob- 
tained by these workers are shown in subsequent 
graphs in comparison with the data of this paper. 
Brewer and coworkers’ have studied some of the 
metallic sulphides to determine their suitability as 
refractories in vacuum. 

Veselovskii’s determinations on PbS checked well 
with those of Schenck and Albers, and his deter- 
minations of CdS check almost exactly with Pogo- 
relyi. For the vapor pressure of ZnS the data of 
Veselovskii and that of Pogorelyi are in fair agree- 
ment, as shown in Fig. 1, but it should be pointed 
out that Lumsden’ has discovered that the equation 
given by Veselovskii for the vapor pressure of ZnS: 


— 14,200 


9.495 


— 
is in error by a factor of ten when compared to the 
experimental data. 

In contrast with the scarcity of data on vapor 
pressures, the decomposition pressures of many 
metal sulphides have been determined and are sum- 
marized by Smithells.® 


Theoretical Considerations 

The experiments described in this paper consisted 
of determinations of the rate of weight loss of certain 
metallic sulphides under very low pressures at dif- 
ferent temperatures. These data plus observation 
and analyses of the products reveal the mechanism 
of the weight loss and also provide a basis for the 
calculation of the vapor pressure or apparent vapor 
pressures of the sulphides. 
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Fig. |—Apparent vapor pressure of ZnS as obtained from evaporation 
rates compared with results of other workers using different methods. 


Langmuir determined that the maximum rate of 
evaporation of substances of low volatility when 
heated in a vacuum is related to the vapor pressure 


as follows: 
M 
1 [1] 
or more simply: 
M 


where W is the maximum rate of evaporation in g 
per sq cm per sec; P, the vapor pressure in mm of 
mercury; M, the molecular weight in g; R, the gas 
constant; and T, the absolute temperature. 
Langmuir’s equation as shown above assumes that 
when an evaporating surface is in equilibrium with 
the vapor above it, every vapor atom or vapor mole- 
cule returning to the surface condenses and is not 
reflected. If this is not so, the term to the right 
must be modified by a “condensation coefficient” or 


Table |. Sublimation Data for ZnS 


Vacuum, Tempera- Time, Area, Loss, 
Run No. Micron ture, °C Sec Sq Cm G 
ZnS-25 13.0 704 12,900 5.52 0.0387 
ZnS-26 12.5 704 3,900 5.52 0.0338 
ZnS-20 12:5 804 1,560 5.52 0.0375 
ZnS-15 12.3 804 5,520 5.52 0.1483 
ZnS-19 12.5 804 17,340 5.52 0.2294 
ZnS-18 12.5 904 3,360 5.52 0.4050 
ZnS-14 12.0 904 14,580 5.52 1.8915 
ZnS-21 12.5 904 20,760 5.52 2.8313 
ZnS-24 12.5 1006 30 aay 1.2920 
ZnS-23 11.3 1006 2,520 5.52 3.8280 


“accommodation coefficient,” otherwise the calcu- 
lated vapor pressures are lower than their true value. 
Practically no data are available on such coefficients 
and most workers assume a value of unity, as has 
been done in this: paper. 

A question arises as to the composition of the 
vapor above the heated sulphide. The vapor above 
very stable sulphides may be composed almost en- 
tirely of metal sulphide molecules, while the vapor 
above easily decomposed sulphides would consist 
mainly of sulphur and possibly of the metal. Be- 
tween these two extremes there can be examples of 
sulphides that partially evaporate as such and par- 
tially decompose. 

Because of the uncertainty as to the extent of 
decomposition and the correct value of the accommo- 
dation coefficient, our results are labeled ““Apparent 
Vapor Pressures.” Subsequent discussion will bring 
out in each instance how close these may be to true 
vapor pressures. In any event, the apparent vapor 
pressure will give a true measure of the rate of 
weight loss of the metallic sulphide that will occur 


in a vacuum, no matter what the mechanism may be. 


Experimental Apparatus and Procedure 


The vacuum furnace used consisted of a 2% in. 
diam porcelain tube 40 in. long supported in a verti- 
cal position and with the upper closed end heated 
by a resistance coil. The details of the furnace, the 
controls, and the vacuum system have been de- 
scribed in a previous publication.*® The sulphides used 
in the experiments were the highest purity obtain- 
able from Fisher Scientific Co., and no attempt was 
made to refine them further. 

The general procedure was to place a sample of 
the metal sulphide powder in an alundum crucible 
and carefully tamp it down to form a compact with 
a smooth and even surface of known area. The 
weighed crucible and charge was then placed in a 
graphite tube which was in turn inserted in the 
furnace tube so that the sample was in the heated 
zone. The furnace was evacuated to a few microns 
of residual gas pressure and the sample was heated 
at a given temperature for a determined time. After 
the furnace was cooled, the sample was removed and 
weighed to determine the weight loss. 

To correct for the weight loss during the heating 
and cooling time, a second run was made with the 
same heating and cooling rate but a different hold- 
ing time at the same temperature. The difference in 
weight loss between the two runs was then the re- 
sult of volatilization at the holding temperature for 
the time equal to the difference between the two 
runs. Expressed in equation form: 


G.= (W,— W.)/(t— 


where G is the rate of evaporation in g per sec; W, 
and W., the weight losses of runs 1 and 2; and t, and 
t., the total times of those runs. If G is divided by 


Table II. Volatility and Vapor Pressure of ZnS 


Tempera- Volatility x 106, 

Run No. ture, °K G per Sq Cm-Sec Log Pmm 
ZnS-25-26 977 0.099 —5.271 
ZnS-15-19 1077 2.27 —3.887 
ZnS-19-20 1077 2.21 —3.901 
ZnS-15-19 1077 1.99 —3.944 
ZnS-18-21 1177 25.28 — 2.822 
ZnS-14-21 1177 27.57 —2.784 
ZnS-14-18 1177 24.02 —2.844 
ZnS-23-24 1279 207.1 —1.890 
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of certain volatile 
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the area of the sulphide surface the rate of evapora- 
tion in g per sq em-sec is obtained. 

Various possible sources of experimental error 
were investigated and evaluated. Blank runs using 
an empty alundum crucible showed that the weight 
loss of the crucible when heated in vacuum at 
1100°C for 5% hr was less than 0.3 mg and, there- 
fore, could be ignored. 

The temperature was measured outside of the 
porcelain tube, but preliminary experiments with a 
thermocouple in the sample position showed that 
there was no great lag between inside and outside 
temperatures. For example, the inside temperature 
reached 800°C less than 2 min after the outside 
temperature; at higher temperatures this lag was 
even less. 

The pressure measured in the furnace, which 
would be that of the residual gases, was almost con- 
stant for any one run, but varied from 8 to 14 
microns in the experiments reported here. This is 
sufficiently low to prevent oxidation, but there may 
be some question as to the effect of this residual gas 
pressure on the rate of evaporation. When volatile 
substances such as zinc or Magnesium are evapo- 
rated in vacuum, experience has shown that there 
is no measurable change in the rate of evaporation 
at residual gas pressures below 100 microns. For 
substances with lower volatilities, such as the metal- 
lic sulphides, the effect of residual gas pressure is 
not known as well, but the work of Carman” indi- 
cated that if the furnace pressure is in the neighbor- 
hood of a few microns, the rate of evaporation is 
not sensitive to small variations of the pressure. 

It might be supposed that the surface resulting 
from the compression of sulphide powders would 
be rough and therefore have more area than a truly 
flat surface. The presence of surface crevices has 
been shown mathematically by Melville” to have no 
influence on the effective surface if the accommoda- 
tion coefficient is unity, and very little effect if the 
coefficient is less than one. To check this premise, 
experiments were run on the evaporation rate of 
copper powders using the same technique as used 
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for the sulphides. At 1000°C rates were obtained 
of 0.334 to 0.40x10° g per sq cm-sec which compares 
very favorably with results of 0.35 to 0.54x10° g 
per sq cm-sec obtained by Marshall, Dornte, and 
Norton” who used solid pieces of copper. 

As mentioned before, some doubt may exist as to 
how much of the apparent vapor pressure is the re- 
sult of evaporation and how much the result of dis- 
sociation. Data are available for the dissociation 
pressures of many of the metal sulphides, in other 
instances the dissociation pressure can be calculated 
from the free energy of dissociation obtained by in- 
direct means. Examination of the residue and dis- 
tillate from the volatility experiments will also give 
indications of dissociation. 

On the basis of such information, the sulphides 
have been divided into two groups, the volatile sul- 
phides which lose weight mainly by the evaporation 
of metal sulphide molecules, and the nonvolatile 
sulphides which lose weight chiefly by dissociation 
and the subsequent evaporation of sulphur and of 
the metal individually. 


Experimental Results 
Volatile Sulphides: The data for ZnS are listed 
in detail and the methods of calculation are shown. 
Only the final data are shown for other volatile 
sulphides which are treated in the same manner as 
given for ZnS. 
The weight losses for ZnS heated in a vacuum are 


Table III. Apparent Vapor Pressures of Certain Volatile 
Metal Sulphides 


Log Pmm = —A/T +B 
Sul- Temperature Pressure Range, 
phides A B Range, °C Log Pmm 
ZnS 13,981 8.979 704-1006 —5.27 to —1.89 
CdS 10,500 T5%2 503-704 —5.96 to —3.16 
Hgs 5,586 6.669 230-330 —4.41 to —2.58 
SnsS 8,380 6.728 503-704 —4.09 to —1.91 
PbS 11,160 9.338 503-654 —5.56 to —3.35 
AsoSs3 5,098 4.672 180-330 —5.54 to —2.42 
Sb2S3 7,674 6.764 352-553 —5.41 to —2.56 
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shown in Table I. The weight losses for two or more 
runs at the same temperature are combined to 
eliminate the error of heating and cooling and the 
rate of loss is calculated. This rate is then sub- 
stituted in Langmuir’s equation and the apparent 
vapor pressure is calculated. Table II shows the re- 
sults calculated from the data in Table I, and the 
experimental points give a measure of the repro- 
ducibility of the results. The data for log Pim 
plotted against 1/T gives a straight line. The equa- 
tion of the line is: 


log Pam = —13,981/T + 8.979 


Fig. 1 shows these results in comparison with the 
values obtained by other workers using different 
methods of determination. 

In Table III are listed the data for a number of 
sulphides that were treated in a manner similar to 
that just described for ZnS. The data for ZnS are 
repeated for ease of comparison. These data are 
presented graphically in Fig. 2. 

The calculated dissociation pressures of the above 
sulphides are much less than the calculated pres- 
sures listed in Table III, indicating that most of 
the weight loss was due to actual volatilization of 
the sulphide molecules and not to decomposition. 
This conclusion is supported by observations of the 
residue and condensate, which showed no change 
from the original composition. However, experi- 
ments on the sublimation of PbS at temperatures 
higher than those listed in Table III showed forma- 
tion of metallic lead in the residue; data for these 
experiments were not used in the apparent vapor 
pressure determinations. 

Some doubt exists as to the behavior of As,.S,. 
There is a possibility that it decomposes to As.S, 
and sulphur, both of which volatilize, although there 


Loe Cmm) 


12 1.0 09 0.8 0.7 


Fig. 3—Apparent vapor pressures of certain nonyolatile sulphides. 
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was no free sulphur in the condenser to substantiate 
this theory. 

The lack of agreement between our apparent 
vapor pressure determinations and the vapor pres- 
sure measurements of Veselovskii shows that the 
maximum rate of evaporation as predicted from 
Langmuir’s equation is not achieved, if Veselovskii’s 
results are correct. 


Nonvolatile Sulphides: In contrast with the be- 
havior of the volatile sulphides are the results ob- 
tained for MnS, FeS, CoS, NiS, Cu.S, and MoS.. 
For most of these the observed apparent vapor 
pressures are close to the dissociation pressures de- 
termined by other workers. Further evidence of 
dissociation was shown by the decrease of the per- 
centage of sulphur in the residue and the appear- 
ance of free sulphur in the condensate. 

The apparent vapor pressures of the nonvolatile 
sulphides referred to above are listed in Table IV. 
In making these calculations the molecular weight 
of the metal sulphide was used for the value of M in 
Langmuir’s equation. The data of Table IV are pre- 
sented in Fig. 3. 

MnS: The results are very close to the Ps, above 
MnS as determined by Cox and coworkers,” although 
considerably higher than the results reported in the 
older work of Jellinek and Zakowski™ and that of 
Britzke, Kapustinsky, and Wesselowsky.” 

FeS: The results intersect the Ps, curve of Cox and 
are almost identical with the P.;, curve of Sudo.” 
However, chemical analyses show a transfer of Fe to 
the condensate; if it can be assumed that this was 
the result of FeS evaporation, then about 20 pct of 
the total weight loss was due to FeS transfer in the 
range 900° to 1100°C. 

CoS: The apparent vapor pressure is somewhat 
more than the decomposition pressure reported by 
Jellinek and Zakowski. Chemical analyses show a 
transfer of Co to the condensate, and, if this is 
entirely due to CoS volatility, then the weight loss 
is 54 pct, the result of dissociation at 804°C increas- 
ing to 75 pct at 1006°C. 

NiS: The apparent vapor pressure is almost the 
same as the decomposition pressure reported by 
Jellinek and Zakowski. Chemical analyses indicate 
that the weight loss is at least 90 pct due to dis- 
sociation. Hayward” has reported that NiS readily 
loses sulphur upon heating until the residue attains 
the relatively stable composition of Ni,S,. 

Cu,S: The apparent vapor pressure of Cu.S does 
not follow the pattern of the other sulphides. The 
weight loss, especially at lower temperatures, is 
much greater than that expected on the basis of 
dissociation pressures determined by other workers 
by a factor of 1000. However, the formation of fine 
metallic copper wool on the surface of the sample 
is evidence of dissociation. The wool was collected 


Table IV. Apparent Vapor Pressure-Temperature Relation for 
Certain Nonyolatile Metallic Sulphides 


A 
Log Pam = — — + B 
Sul- Temperature Pressure Range, 
phide A B Range, °C Log Pmm 
Mns 11,937 4.633 904-1106 —5.79 to —4.32 
FeS 10,850 4.162 804-1006 —5.84 to —4.26 
Cos 12,630 6.751 804-1006 —4.99 to —3.13 
NiS 9,213 5.84 604-804 —4.61 to —2.70 
CuoS 604-904 —5.64 to —4.54 
Mos 13,839 6.678 904-1106 —5.40 to —3.68 
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Fig. 4—Probable volatility and stability relationship of metallic sulphides. 


carefully and weighed; the results show that the dis- 
sociation was roughly 38 pct at 704°C, increasing to 
45 pct at 904°C. 

The unusual shape of the Cu.S curve may be the 
result of the formation of this fine metallic copper 
wool or moss copper on the surface of the sulphide 
sample which retards the escape of the vapor. 
Schuhmann and Moles* have shown how sensitive 
the sulphur pressure above Cu.S is to a variation 
from the theoretical composition. 

MoS,: The apparent vapor pressure is even less 
than the dissociation pressure calculated from the 
free energy data of Kelley. It can be assumed that 
the weight loss is mainly due to dissociation. 

Miscellaneous Experiments: An experiment with 
CaS showed so little loss of weight even at 1100°C 
for extended times that no figures could be obtained 
for the vapor pressure. It suffices to say that CaS has 
an extremely low vapor pressure and great stability. 
Experiments with Al.S, and with Na.S failed because 
the moisture picked up from the air gave erratic 
weight readings. 

Relation of Sulphide Volatilities and Position of 
the Metal in the Periodic System: On the basis of the 
data presented and the semiquantitative values to be 
found in the literature, an attempt has been made 
to systematize the behavior of metallic sulphides as 
to volatility and stability. 

For purposes of discussion the sulphides have been 
classified into two groups, volatile sulphides, those 
which lose weight chiefly by volatilizing as such, 
and nonvolatile sulphides, those which dissociate 
rather than evaporate. This classification superim- 
posed on a periodic arangement of the elements is 
shown in Fig. 4. 

The magnitude of the volatilities and the trend of 
sulphide stability are shown with arrows. Solid ar- 
rows are based on experimental data either from 
this paper or from other sources; dotted arrows rep- 
resent expected tendencies. 


Summary 


The rate of weight loss vs. temperature has been 
determined for a number of metallic sulphides 
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when heated under vacuum. These data are pre- 
sented in the form of apparent vapor pressures. The 
sulphides are classified as volatile. or nonvolatile 
sulphides on the basis of whether the weight loss is 
chiefly the result of evaporation of the sulphide 
molecule, or whether it results mainly from dis- 
sociation. A proposed classification has been made 
of a large number of sulphides. 3 

It is felt that the information gathered is a basis 
for determining the practicality of the selective vol- 
atilization of the sulphides, as well as giving in- 
formation necessary for planning direct reduction 
processes for metallic sulphides. 
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Crystal Structure of TiAl 


by Pol Duwez and Jack L. Taylor 


HE present knowledge of the Ti-Al system is 

limited to the portion of the diagram extending 
from pure aluminum to the intermetallic compound 
TiAl,.. A preliminary investigation of the titanium- 
rich Ti-Al alloys revealed that the solubility of 
aluminum in a titanium is quite extensive and that 
the transformation temperature of titanium is raised 
by alloying with aluminum. From an X-ray dif- 
fraction study of alloys containing up to 75 atomic 
pet Al (TiAl;), the phase boundaries at 750°C were 
located as follows: the a titanium solid solution ex- 
tends from 0 to about 36 atomic pct Al, a two-phase 
region exists from 36 to 46 atomic pct Al, and an 
intermediate phase of varying concentration extends 
from 46 to 62 atomic pct Al. The purpose of the 
present paper is to describe the crystal structure of 
this new phase. 

The alloys were prepared by melting in a helium 
arc furnace on a water-cooled copper plate, using a 
furnace essentially the same as that described in ref. 
2. The titanium metal was of the iodide type fur- 
nished by the New Jersey Zinc Co., and a piece of 
pure aluminum (99.99 pct) was obtained through 
the courtesy of the Aluminum Co. of America. After 
melting, the samples, weighing approximately 5 g, 
were sealed in evacuated fused silica tubes and 
homogenized for 4 hr at 1000°C. The specimens were 
then held for 10 days at 750°C and rapidly cooled to 
room temperature. Filings were then taken from 
each sample, sealed in evacuated vials, annealed at 
750°C for 4 hr, and rapidly cooled to room tempera- 
ture by quenching the vials in water. Powder dif- 
fraction patterns were obtained with a 14.32 cm 
diam camera, using Ka copper radiation filtered 
through a nickel foil. 


Structure Determination 

The X-ray diffraction patterns of the alloys con- 
taining 46, 50, 55, 60, and 62 atomic pct Al were 
identical, except for a slight shift in the positions of 
the reflections. The alloy containing 55 atomic pct 
Al was chosen for structure determination. The 
powder pattern contained 37 reflections and the a, 
a, doublets were well resolved in the back-reflection 
range. The relatively small number of reflections and 
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the sharpness of the pattern were considered as an 
indication of a simple atomic arrangement in a rela- 
tively small unit cell of high symmetry, and an at- 
tempt was therefore made to solve the structure 
without single crystal work. A satisfactory fit was 
found on a large scale Hull-Davey tetragonal chart 
for an axial ratio of approximately 1.45. All the 
reflections were readily indexed and the tentative 
unit cell dimensions were computed to be a = 2.81 
kX, c = 4.07 kX, and c/a = 1.448. 

The indices (hkl) and the values of d and sin’ @ 
are given in Table I. The agreement between ob- 
served and computed sin* @ is quite satisfactory. 
Once the-unit cell was known, the details of the 
structure were readily found. First, it is obvious that 
the number of atoms per unit cell cannot exceed 
two, since more than two atoms would lead to a 
density greater than that of pure titanium. The next 
logical step is to assume that the two atoms occupy 
the corner and center of the cell. If this assump- 
tion is correct, the structure may be described as 
follows: space group D*,, — P 4/mmm; one titanium 
atom in a: 000; one aluminum atom in d: %Y%y; 
and no extinctions. ; 

Assuming this structure to be the correct one, 
intensities were computed by means of the usual 
equation: 

1 + cos? 26 


sin’ 6 cos @ 


2 


lap|F 


where F is the structure factor; 6, the Bragg angle; 
and p, the multiplicity factor. The calculated values 
of intensities are compared in Table I with the 
visually estimated intensities. The agreement is quite 
satisfactory and the structure is therefore confirmed. 

The crystal structure of TiAl just described is the 
same as that of AuCu ordered. The AuCu ordered 
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structure, however, is not generally described on the 
basis of the smallest possible tetragonal unit cell 
(containing two atoms) used in the present study. 
The usually accepted representation of the AuCu 
ordered structure is by means of a slightly deformed 


cubic structure for which the a parameter is \/2 
times larger than the parameter of the small cell 
considered above, and the c parameter is the same. 
In order to conform to the accepted nomenclature, 
the structure of TiAl may then be described as type 
LI, (AuCu ordered), space group D*,, — P 4/mmm, 
with one titanium atom in a: 000; one titanium 
atom in c: 4%10; and two aluminum atoms in e: 
0%% and %0%. If the AuCu type unit cell is used, 
new indices (hkl) have to be assigned to the reflec- 
tions of the powder pattern. These (hkl) are listed 
in the seventh column of Table I. It may be noted 
that with the AuCu ordered type unit cell, only the 
(hkl) for which h + k = 2n are observed, as a result 
of the special atomic positions e of the D*,, space 
group. 


Lattice Parameter Variation with Composition 


Because of the difference in the atomic diameters 
of titanium and aluminum, it may be anticipated that 
the size of the unit cell of TiAl will vary with com- 
position. As stated above, the range of homogeneity 
of the TiAl phase extends from 46 to 62 atomic pct 
Al at 750°C. Within this range of concentration, the 
lattice parameters of various alloys were computed 
(on the basis of the primitive unit cell) by applying 
the least-squares method to the high angle reflec- 
tions of the powder patterns. The results, presented 
in Fig. 1, show that the a parameter decreases regu- 
larly, whereas the c parameter increases steadily 
with increasing aluminum concentration. The change 
in the axial ratio c/a is shown in Fig. 1. 


Table |. Diffraction Data for TiAl (55 atomic pct Al) 


Sin? Relative Intensity 
hkl, hkl, 
Small d Ob- Calcu- Ob- Caleu- Large 
Cell k served lated served* lated Cell 
001 4.06 0.0358 0.0357 w 96 001 
100 2.80 0.0754 0.0748 w 73 110 
101 PASH! 0.1107 0.1107 Ss 1000 111 
002 2.04 0.1420 0.1433 w 169 002 
110 1.99 0.1492 0.1492 m 305 200 
111 1.79 0.1844 0.1844 vw 28 201 
102 1.65 0.2170 0.2170 vw 20 112 
112 1.421 0.2926 0.2921 m 200 202 
200 1.404 0.2998 0.2984 w 96 220 
003 1.350 0.3242 0.3218 VVw 3 003 
201 1.328 0.3351 0.3340 VVWw 9 221 
210 1.260 0.3722 0.3733 vvw 7 130 
103 1.222 0.3957 0.3963 w 118 113 
121 1.201 0.4097 0.4090 m 224 131 
202 1.157 0.4414 0.4413 w 100 222 
113 0.4710 4 203 
212 1.069 0.5171 0.5161 VVW 10 132 
004 1.018 0.5702 0.5712 vw 19 004 
220 0.9942 0.5978 0.5968 vw 36 400 
203 0.6197 4 223 
221 0.6328 4 401 
104 0.6463 4 114 
300 0.6716 33 330 
213 0.9230 0.6936 0.6946 w 137, 313 
301 0.9133 0.7084 0.7074 vw 68 331 
114 0.9056 0.7205 0.7208 vw 70 204 
222 0.8934 0.7403 0.7399 vw 68 402 
310 0.8894 0.7470 0.7462 vw 70 420 
311 0.8701 0.7805 0.7818 vVVw 12 421 
302 0.8145 6 332 
204 0.8243 0.8696 0.8696 w 90 224 
312 0.8152 0.8892 0.8932 m 193 422 
005 0.8891 1 005 
223 0.8026 0.9173 0.9181 vVvVw 10 403 
124 0.7914 0.9435 0.9446 vw 25 314 
105 0.7820 0.9663 0.9677 m 183 115 
320 0.9702 17 510 
303 0.7710 0.9940 0.9932 m 397 333 


*s indicates strong; m, medium; w, weak; vw, very weak; and 
vvw, very very weak. 
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Fig. 1—Lattice parameters and axial ratio of TiAl phase 
ys. aluminum concentration. 


It is therefore demonstrated that the substitution 
of aluminum for titanium into the TiAl phase re- 
sults in an expansion of the unit cell in the c direc- 
tion, and the contraction which would normally be 
expected on the basis of atomic size takes place only 
in the basal plane of the tetragonal cell. 

A very similar change in the shape of the unit cell 
has been found for dilute solid solutions of various 
elements in hexagonal metals like magnesium (see 
for example ref. 3). In this case, theoretical con- 
siderations have shown that the lattice expansion in 
the direction of the c axis was related to the electron 
concentration of the solid solution.* It is very proba- 
ble that the increase in electron concentration with 
aluminum addition is also responsible for the change 
in the c/a ratio of the TiAl phase. 


Conclusions 

The crystal structure of TiAl is tetragonal, type 
LI, (AuCu ordered). At 750°C, the TiAl phase ex- 
tends from 46 to 62 atomic pct Al. Within this range, 
the a parameter decreases and the c parameter in- 
creases with increasing aluminum concentration. The 
axial ratio c/a increases regularly from 1.017 to 
1.026. 
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Crystal Structure of TaCr, and CbCr, 


by Pol Duwez and Howard Martens 


N two papers published in 1949," * alloys of chro- 

mium with the refractory metals tungsten, molyb- 
denum, tantalum, and columbium were investigated 
in view of their possible use as high temperature 
resisting materials. For the Cr-Ta system, a partial 
phase diagram was presented and the only inter- 
mediate phase was identified at Ta.Cr;. A phase 
of the same composition was also observed in the 
Cb-Cr system. The X-ray diffraction data presented 
in these papers, however, were insufficient for crys- 
tal structure determination. 

It is shown in the present study that the only in- 
termediate phase in both the Ta-Cr and the Cb-Cr 
systems corresponds to the ideal stoichiometric ratio 
TaCr, or CbCr,.. Both structures are cubic, MgCu, 
type. At high temperature, however, TaCr, has a 
hexagonal MgZn, type structure, which can be re- 
tained at room temperature by fast cooling. 

The alloys were prepared by melting in a helium 
are furnace on a water-cooled plate. The design of 
the furnace was essentially the same as that de- 
scribed in ref. 3. Some alloys were also obtained by 
sintering compacts made of the mixed powders 
pressed at 80,000 psi. The sintering was carried on 
for 4 hr at 1375°C. 

The tantalum and columbium powders were sup- 
plied by Fansteel Metallurgical Corp., North Chi- 
cago, Ill. The tantalum powder was the reagent 
grade, with a particle size smaller than 400 mesh and 
a total impurity content less than 0.1 pct. The co- 
lumbium powder was smaller than 325 mesh and 
contained approximately 0.1 pct C and traces of Fe, 
Ti, and Zr. The electrolytic chromium powder from 
Charles Hardy, Inc., New York, was smaller than 300 
mesh and contained about 0.1 pct Na, 0.05 pct Ca, 
and traces of Cu, Al, Mg, Si, and Co. 

Powder diffraction patterns were obtained with a 
14.32 em camera, using copper Ka radiation filtered 
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through nickel foil. The powder pattern of the TaCr, 
alloy obtained by sintering at 1375°C was different 
from that obtained on the same alloy rapidly cooled 
from the melt. Contrary to this result, the powder 
pattern of CbCr. was the same, whether the alloy 
was made by sintering at 1375°C or by melting, and 
was similar to that of the TaCr, sintered. It was also 
found that the structure of the TaCr, specimen ob- 
tained by melting was retained after heating for 4 hr 
at 1590°C, but transformed into the structure found 
in the sintered specimen after heating for 4 hr at 
1375°C. Hence, the structural change of TaCr, ap- 
pears to be a reversible polymorphic transformation. 


CbCr. and TaCr. Structure, Low Temperature Form 

By using large scale Hull-Davey charts, the pow- 
der pattern of CbCr. and of the low temperature 
form of TaCr, were readily interpreted on the basis 
of a face-centered cubic lattice with a parameter of 
approximately 6.95 kX. The indices of the reflections 
together with the values of sin’ 9 are given in Tables 
I and II. From this list of observed reflections, it 
appears that the (200), (600), (024), (046), and 
(028) reflections are missing. The lack of (h(00) re- 
flections for h ~ 4n indicates a four-fold screw axis. 
The missing (Okl) spectra for k + 1 + 4n indicate 
the existence of a diamond glide d. The combination 
of these symmetry elements can be found in the O°, 
—Fd3m space group, which is therefore the most 
probable one. 

After having determined the approximate density 
of TaCr, by the immersion method, the number of 
molecules per unit cell was calculated and found to 
be nearly eight. This information, added to the fact 
that the most probable space group is O’,, leads to 
the consideration of a structure of the MgCu, type, 
in which the atoms have the following positions: 8 
Magnesium in a and 16 copper in d. On the basis of 
this structure, intensities were computed by means 
of the usual formula: 


1 + cos? 26 


I p|F|? 
sin’é cos 6 


[1] 


where F is the structure factor; 6, the Bragg angle; 
and p, the multiplicity factor. As shown in Tables I 
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Table |. Diffraction Data for CbCr, 


Sin? Relative Intensity 

hkl d Ob- Calcu- Ob- Calcu- 

kx served lated served lated 
111 0.0364 37 
220 2.46 0.0976 0.0971 ms 490 
311 2.10 0.1340 0.1335 Ss 1000 
222 2.01 0.1463 0.1457 m 210 
400 0.1942 1 
331 0.2307 8 
422 1.424 0.2914 0.2914 m 170 
511-333 1.338 0.3301 0.3278 ms 275 
440 1.233 0.3887 0.3885 m 214 
531 1.176 0.4273 0.4249 Vw 6 
620 1.102 0.4866 0.4856 Ww 75 
533 1.063 0.5229 0.5220 w 110 
622 1.050 0.5360 0.5342 Ww 75 
444 0.5827 <1 
711-551 0.6191 2 
0.9325 0.6792 0.6798 Ww 135 
553-731 0.9080 0.7167 0.7163 m 300 
800 0.8719 0.7773 0.7770 w 75 
733 0.8134 2 
822-660 0.8223 0.8739 0.8741 m 150 
555-751 0.8056 0.9105 0.9105 ms 410 
662 0.8000 0.9233 0.9226 w 135 


S indicates strong; ms, medium strong; m, medium; w, weak; vw, 
very weak; and vvw, very very weak. 


and II, the observed and computed values of sin’ @ 
agree well and there are no flagrant discrepancies 
between the computed intensities and those esti- 
mated visually. In the powder pattern of CbCr., the 
few reflections that were not observed have the 
weakest computed intensities. 

The lattice parameters of the two compounds were 
computed by applying the least squares method to 
eight high-angle reflections. These parameters are: 
for, a-— 6.947 KX; for CbhCr,, a = 6:976 kx. 
The interatomic distances are: in TaCr., Ta to Cr, 
2.880 kX; Ta to Ta, 3.008 kX; Cr to Cr, 2.456 kX; 
and in CbCr., Cb to Cr, 2.892 kX; Cb to Cb, 3.021 kX; 
Cr to Cr, 2.466 kX. 

In view of the fact that the atomic diameters of 
tantalum and columbium are almost identical, it is 
not surprising to find almost identical lattice para- 
meters for the two compounds TaCr, and CbCr;. In 
this connection, it is also interesting to note that the 
structure of TiCr, is also face-centered cubic with a 
parameter equal to 6.929 kX.* Since the three atoms 
titanium, columbium, and tantalum have almost the 
same size, it is most probable that an uninterrupted 
series of solid solutions would exist between the 
three isomorphous phases, TaCr., CbCr., and TiCr,.. 


TaCr. Structure, High Temperature Form 

The powder patterns obtained on TaCr. samples 
either after melting or after heating for 4 hr at 
1590°C contained 34 reflections and the high angle 
reflections were not clearly resolved into doublets. 
Annealing the powder would probably have im- 
proved the sharpness of the pattern, but in order to 
retain the high temperature form, it would have 
been necessary to anneal above 1375°C, and at such 
a temperature it would have been difficult to prevent 
the powder from sintering and from absorbing resid- 
ual oxygen or nitrogen of the helium atmosphere. 
In spite of the lack of sharpness of the high angle 
reflections, the indexing of the pattern was achieved 
after a satisfactory fit was found on a Hull-Davey 
chart for the hexagonal system at an axial ratio of 
about 1.63. 

The indices, together with the values of sin’ 6, are 
given in Table III. The only missing reflections are 
those corresponding to (hhl) with | # 2n, and hence 
five space groups are possible. Further information 
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Table Il. Diffraction Data for TaCr, (Low Temperature Form) 
Sin? ¢ Relative Intensity 
hkl d Ob- Caleu- Ob- Caleu- 
kx served lated served lated 
111 3.97 0.0375 0.0367 m 332 
220 2.44 0.0992 0.0979 s 750 
311 2.09 0.1353 0.1346 s 1000 
222 2.00 0.1478 0.1469 Ww 92 
400 1.74 0.1952 0.1958 vVvVw 26 
331 1.59 0.2338 0.2326 Ww 76 
422 1.414 0.2955 0.2938 m 283 
511-333 1.335 0.3315 0.3305 m 284 
440 1.225 0.3938 0.3917 m 203 
531 1.174 0.4288 0.4284 Ww 59 
620 1.096 0.4920 0.4896 w 126 
533 1.059 0.5269 0.5263 Ww 111 
622 1.045 0.5411 0.5386 vw 32 
444 1.000 0.5909 0.5875 vVVWw 8 
551-711 0.9723 0.6250 0.6242 Vw 42 
642 0.9281 0.6861 0.6854 m 221 
553-731 0.9045 0.7223 0.7222 m 323 
800 0.8680 0.7843 0.7834 vw 72 
733 0.8482 0.8205 0.8201 vvw 28 
822-660 0.8189 0.8812 0.8813 m 258 
555-751 0.8023 0.9180 0.9180 m 316 
Table Ill. Diffraction Data for TaCr, (High Temperature Form) 
Sin2 Relative Intensity 
hkl d Ob- Caleu- Ob- Calcu- 
kx served lated served lated 
100 4.23 0.0331 0.0327 Ww 220 
002 4.03 0.0365 0.0366 vw 83 
101 3.72 0.0428 0.0419 w 480 
102 2.92 0.0695 0.0693 w 296 
110 2.45 0.0988 0.0982 s 735 
103 2.26 0.1161 0.1151 Ss 1000 
200 2.12 0.1319 ‘ 0.1309 w 160 
112 2.09 0.1357 0.1348 ms 375 
201 2.06 0.1397 0.1400 ms 435 
004 0.1465 45 
202 0.1675 1 
104 0.1792 25 
203 1.67 0.2126 0.2133 w 87 
210 1.60 0.2316 0.2290 vw 34 
211 1.57 0.2405 0.2382 vw 34 
105 1.51 0.2600 0.2616 m 148 
122 1.491 0.2667 0.2656 vw 51 
204 0.2774 
300 1.418 0.2944 0.2945 m 130 
123 1.380 0.3113 0.3114 ms 400 
006 0.3296 340 
302 1.339 0.3307 0.3311 ms 205 
205 0.3598 244 
106 1.285 0.3591 0.3623 ms 43 
124 1.255 0.3764 0.3755 VVW 14 
220 1.227 0.3938 0.3926 m 191 
310 0.4254 a 
116 0.4278 28 
222 1.176 0.4287 0.4293 vw 28 
311 0.4345 31 
215 0.4579 120 
206 1.138 0.4578 0.4605 m 60 
312 0.4620 22 
313 1.080 0.5083 0.5078 m 190 
400 0.5235 18 
401 0.5327 51 
224 1.052 0.5357 0.5391 w 31 
216 1.031 0.5578 0.5587 vw 38 
402 0.5601 1 
314 0.5719 8 
403 0.6059 20 
320 0.6217 10 
306 0.9750 0.6237 0.6241 VVW 19 
321 0.6308 10 
315 0.6543 95 
309 0.9526 0.6534 0.6583 w 17 
404 0.6700 1 
410 0.6871 100 
393 0.9316 0.6832 0.7041 m 170 
226 0.7223 97 
412 0.9049 0.7241 0.7237 m 195 
405 0.7524 140 
316 0.8876 0.7526 0.7550 m 18 
324 0.7682 8 
500 0.8180 6 
501 0.8547 0.8116 0.8271 VVW 6 
325 0.8506 126 
406 0.8343 0.8518 0.8531 w 60 
502 0.8546 11 
330 0.8214 0.8788 0.8834 vw 75 
503 0.9004 8 
420 0.9162 55 
332 0.8018 0.9223 0.9201 w 168 
421 0.9253 163 
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about the structure was then obtained by analogy 
with other intermetallic compounds of the AB, type. 
As pointed out by Laves,” the three typical structures 
MgCu, (face-centered cubic), MgZn, (hexagonal 
with c/a = 1.64), and MgNi, (hexagonal with c/a = 
3.28) have very closely related atomic arrangements. 
Since the low temperature form of TaCr, has the 
MegCu, cubic structure, it was anticipated that the 
hexagonal high temperature form might be isostruc- 
tural with either MgZn, or MgNi.. Since the struc- 
ture could be indexed on the basis of a hexagonal 
cell with an axial ratio of about 1.63, the possibility 
of a MgZn, type structure was first investigated. The 
structure is described as follows: space group D%q, 
— C 6/mmc, 2 chromium in a, 6 chromium in h with 
xz = —1/6, and 4 tantalum in f with x = 1/16. 

On the basis of this structure, the intensities com- 
puted by means of eq 1 are given in Table III. The 
agreement between observed and calculated intensi- 
ties is quite satisfactory, except for the first four re- 
flections. These four reflections, corresponding to 
small Bragg angles, are probably weakened because 
of the high absorption factor of tantalum. The struc- 
ture of the high temperature form of TaCr, is there- 
fore hexagonal and isomorphous with MgZn,. The 
lattice parameters are a = 4.915 kX, c = 8.046 kX, 
and. 12637: 

Summary 

In the Ta-Cr and Cb-Cr systems, the only inter- 
mediate phase is located around the stoichiometric 
compositions TaCr, or CbCr,. The crystal structure 
of CbCr, is face-centered cubic, MgCu, type, with 24 


atoms per unit cell. The TaCr, phase has a polymor- 
phic transformation at a temperature between 1375° 
and 1590°C. The low temperature form is isomor- 
phous with CbCr, (MgCu, type). The high tempera- 
ture form is hexagonal, MgZn, type, with 12 atoms 
per unit cell. 
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Technical Note 


A Sensitive Method for Thermal Analysis of Very Low Melting Alloys 


by Evans Fromm) and: 


N connection with a research on gallium alloys, a 

method for the thermal analysis of very low melt- 
ing alloys was developed, which appeared to be 
worthy of more than passing interest. As used, the 
method was suitable for work in the temperature 
range, —72° to 250°C. However, with suitable 
adjustment, the method could be adapted for use 
over broader temperature ranges. 

The Rosenhain temperature gradient furnace, 
adapted for low-temperature use, was the basis for 
the method. The gradient was set up in a stainless 
steel tube. The specimens were lowered through it 
at a constant rate while time-temperature or inverse 
rate data were taken. It was essential to maintain 
careful control of the top and bottom temperatures 
of the gradient. Also essential was good heat trans- 
fer from the walls to the specimen. This was ac- 
complished by a liquid heat-transfer medium. 


R. M. EVANS, Member AIME, E. O. FROMM, and R. I. JAFFEE, 
Member AIME, are associated with Battelle Memorial Institute, 
Columbus, Ohio. 

TN 98E. Manuscript, Sept. 14, 1951. 


1 Rosenhain: Some Appliances for Metallographic Research. Jour- 
nal Inst. Metals (1915) 138, p. 160. 


74—JOURNAL OF METALS, JANUARY 1952 


Fig. 1—Thermal analysis furnace and auxiliary equipment. 


TRANSACTIONS AIME 


: 
& 
Re SOS 


Fig. 1 is a photograph of the thermal-analysis 
equipment. Details of the furnace and the speci- 
men holder are shown diagrammatically in Fig. 2. 
The furnace tube was made from a 2-in. round stain- 
less-steel shaft, 16.5 in. long. A 0.75-in. hole was 
bored from the top to within 0.25 in. of the bottom. 
The top 3 in. were wound with 8 ft of 18-gage 
Chromel-A heating wire, and the bottom 3 in. were 
finned to promote good heat transfer to the cooling 
bath. The whole tube, except for the finned bottom, 
was insulated with 1 in. of natural asbestos. In use, 
the finned bottom section was held in an equilibrium 
mixture of dry ice and alcohol at — 72°C. The top 
section was heated to varying temperatures, up to 
about 250°C, depending on the maximum tempera- 
ture desired for thermal analysis of a particular 
alloy. 

Melts of 2 g were prepared, and then transferred 
to either a rubber finger cot for the lower melting 
liquid, or a glass thimble for the higher melting 
liquids. The thimble or cot was then hung on the 
lowering device and a thermocouple and stirrer in- 
serted in preparation for the actual thermal analysis. 
To provide good thermal contact and to prevent un- 
even cooling by air currents, the furnace cavity and 
the thimble were filled with a low-pour-point syn- 
thetic oil. 

To insure uniform temperature distribution 
throughout the melt, a small stirrer having a com- 
bined rotary and vertical motion was used. Suffi- 
cient agitation was obtained with the stirrer rotated 
at 6 rpm and a two-cycle vertical amplitude of % in. 

Bare copper-constantan thermocouples were used, 
with the melt serving as the hot junction. New ends 
of the wire were presented to each melt to eliminate 
possible thermocouple contamination. A Leeds and 
Northrup semiprecision potentiometer was used to 
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Fig. 2—Detail of thermal-analysis equipment. 
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Fig. 3—Typical time-temperature curve obtained on heating 
Ga-Sn-Zn alloy. 


~ 


PRIMARY LIQUIDUS ARREST - 7, 05 MV, - 157°C. 


D 


[= EUTECTIC VALLEY ARREST - 3.58 MV.-85°C. 


MILLIVOLTS , COPPER - CONSTANTAN THERMOCOUPLE 


700 SECS——= TERNARY EUTECTIC ARREST- 
SUPERCOOLED 

0.0! 

10 20 0 40 50 60 70 80 90 100 110 120 140 150 160 170 

TIME , SECONDS 


Fig. 4—Typical inyerse rate curve obtained 
on cooling Ga-Sn-Zn alloy. 


measure the thermal emf’s set up by the couple. 
Temperatures measured were considered accurate to 

The rate of lowering, or raising, through the tem- 
perature gradient varied from 1° to 2.5°C per min, 
depending on the top temperature used. 

Using the furnace described above, very satis- 
factory thermal-analysis curves were obtained. 
Typical curves for gallium-rich alloys are shown in 
Figs. 3 and 4. 

Good liquidus arrests could be obtained during 
cooling, and, if a wide enough range existed between 
the liquidus and solidus, intermediate eutectic line 
arrests could be obtained. The eutectic component 
of the alloy usually supercooled to a considerable 
degree, so that eutectic or solidus arrests on cooling 
were not reliable. Heating curves were found to be 
better for determining these solidus temperatures. 
Conversely, heating curves were unreliable for 
liquidus arrests. Gallium is well known for its 
supercooling tendencies. Thus, for gallium-rich al- 
loys, time-temperature curves, rather than inverse- 
rate curves, gave more reliable data. 
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Rolling Textures in Face-Centered Cubic Metals 


by Hsun Hu, P.R. Sperry, and Paul A. Beck 


As described by means of quantitative pole figures, the inside texture of 
highly rolled aluminum and copper strips may be approximately described by 
four equivalent ideal orientations near (123) [121]. If rolled in reversed passes, 
the surface texture of copper is also near (123) [121], that of aluminum is 
(100) [011]. The inside texture of highly rolled brass is (110) [112]. The 
surface texture is the same, if rolled in reversed passes. The surface texture of 
all three metals is related to the inside texture, but asymmetrical, if rolled 

without reversal between passes. 


ANY previous investigations dealing with the 
subject of the present work were reviewed by 
Wassermann, Barrett,* Brick,® and Richards.* The 
recent introduction of quantitative methods for pole 
figure determination by Decker, Asp, and Harker,’ 
Schulz® and others made it possible to reinvestigate 
some of the finer points which the earlier more 
qualitative photographic methods left undecided. 
The rolling textures of silver and of 70-30 cart- 
ridge brass have been quite consistently characterized 
by the ideal orientation of (110) parallel to the plane 
of rolling and [112] parallel to the rolling direction. 
On the other hand, it has been recognized by sev- 
eral investigators that certain other face-centered 
cubic metals, such as copper and aluminum, de- 
veloped rolling textures rather different from that 
of brass. These textures have been variously de- 
scribed by the following ideal orientations, singly 
or in combinations with each other: (110 [112]; 
(112) [111]; (135) [335]; (135) [211], ete. The dis- 
crepancies usually have been attributed to the lack 
of sharpness in the textures and to the attendant 
difficulty of associating “ideal orientations” with 
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pole figures showing great scatter of orientations. 
It seemed desirable to investigate by the new quan- 
titative methods to what extent the apparent lack 
of sharpness may have been brought about by the 
qualitative methods used previously, rather than by 
the textures themselves, and to decide, if possible, 
between the various ideal orientations which have 
been proposed. 

Another problem, not satisfactorily settled by 
earlier investigations, concerns surface textures in 
rolled metals. For instance, in rolled aluminum the 
surface texture in some cases appeared to be similar 
to the texture inside the sheet, whereas in other 
cases it was reported to be entirely different.’ The 
conditions under which such differences may have 
arisen, and the possibility of the occurrence of dif- 
ferent surface textures in other face-centered cubic 
metals do not appear to have been examined in de- 
tail. 

The present work was undertaken to investigate 
the above questions. Some of the results obtained 
have been described® briefly. 


Experimental Procedure 

Specimen Preparation: In the present investiga- 
tion 2S aluminum, electrolytic tough-pitch copper, 
and commercial 70-30 brass were used. These mate- 
rials were available in the form of cold-drawn rods, 
1 in. diam for tough-pitch copper and commercial 
70-30 brass and 1% in. diam for 2S aluminum. 

The cold-drawn bars were alternately annealed 
and rolled 30 pct lengthwise in several cycles until 
a penultimate thickness of 0.500 in. was reached. 
The intermediate and the penultimate anneals were 
carried out for 30 min at 380°C with 2S aluminum, 
and for 30 min at 550°C with 70-30 brass. For tough- 
pitch copper, the intermediate anneals were 30 min 
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at 650°C, and the penultimate anneal 30 min at 
400°C. All annealing operations were carried out in 
constant-temperature salt baths. Penultimate grain 
size in each material was determined before final 
rolling. The average grain size values found were: 
0.18 mm for 2S aluminum, 0.03 mm for tough-pitch 
copper, and 0.023 mm for commercial 70-30 brass. 

The final rolling operation was carried out in two 
different ways: Procedure a—the strip was passed 
through the rolls in the same direction in successive 
passes, and procedure b—the strip was reversed end 
to end between successive passes. 


The final rolling reduction in thickness was 95 pct 
for 2S aluminum and commercial 70-30 brass, with 
a reduction of approximately 10 pct in each pass. 
The final thickness of the rolled 2S aluminum strip 
and of the rolled commercial 70-30 brass strip was 
0.024 in. The final rolling reduction given the tough- 
pitch copper strip was 96 pct, giving a final thick- 
ness of 0.020 in. The rolls used for all rolling opera- 
tions were 3% in. diam, and were frequently lub- 
ricated with light mineral oil in order to reduce sur- 
face friction. 


X-ray specimens were prepared of both the inside 
material of the cold-rolled strips (at approximately 
the center of the strip thickness) and the surface. 
The specimens were about 1 in. long and 3% in. wide. 
The inside specimens were obtained by etching the 
strip in dilute hydrochloric acid solution (for 2S 
aluminum) and in 50 pct nitric acid solution (for 
tough-pitch copper and commercial 70-30 brass) at 
both surfaces until the thickness was reduced to 
0.004 in. (for 2S aluminum) and to 0.002 in. (for 
tough-pitch copper and commercial 70-30 brass). 
The surface specimens were prepared by etching the 
strip on one surface only, until the same thickness 
(0.004 in. for 2S aluminum specimens and 0.002 in. 
for tough-pitch copper and commercial 70-30 brass 
specimens) was reached, while the other surface of 
the strip was protected from the acid by a painted 
layer of Glyptal. The texture of the surface material 
(surface texture) and of the inside material (“inside 
texture”) was determined for strips of aluminum, 
copper, and brass rolled according to procedures a 
and b. Corresponding to the multiplicity of condi- 
tions and materials just described 12 specimens were 
prepared. 


Quantitative Texture Determination: Texture de- 
terminations were made by using a General Electric 
Geiger counter X-ray spectrometer, which allows 
the quantitative determination of diffracted beam 
intensities. CuKa radiation was used throughout. 
The center portion of the pole figures (up to 40° 
away from the center) was determined by the 
Schulz reflection method,° which made it necessary 
to make corrections for absorption and for irradiated 
volume. It was found, however, that beyond about 
40° away from the normal of the reflecting specimen 
surface the measured X-ray intensity rapidly de- 
creased.’® A full discussion of the variables bearing 
on this effect will be given in a paper by Chernock 
and one of the present authors.” Because of this 
intensity decrease, the peripheral part of the pole 
figures (from 40° to 90° away from the center) was 
determined by the Decker, Asp, and Harker trans- 
mission method,° using calculated correction factors 
for absorption and irradiated volume. The procedure 
is not given here, since it is available in the litera- 
ture. The reflection specimen holder used in the 
present work was so constructed as to allow scan- 


TRANSACTIONS AIME 


Fig. 1—(111) pole figure for the inside texture of 95 pct rolled 
2S aluminum strip. 


Rolled strip thickness 0.024 in., specimen 0.004 in. thick from cen- 
ter portion of strip. Open triangle indicates the position of (111) poles 


for ideal orientation (7, 12, 22 [845] (near (128) [121]). The (110) 


(112] and (112) [111] orientations, previously proposed in the litera- 
ture, are indicated by the solid and the half-filled triangles, respec- 
tively. Intensities in arbitrary units. 


ning of an area of at least 0.5x% in. of the specimen 
surface. During scanning the reflecting specimen 
surface remained parallel with itself, and the count- 
ing device integrated the diffracted X-ray intensities. 
This procedure gave satisfactory results even with 
annealed specimens up to a uniform grain size of 
approximately 0.017 mm. No scanning and integra- 
tion was used in conjunction with the transmission 
method. 


Fig. 2—(200) pole figure for the rolling texture of 2S aluminum 
strip obtained from the same specimen used for Fig. 1. 


Open square indicates (7, 12, 22) [345] (mear (123) [121]); solid 


square, (110) [112]; half-filled square, (112) [111]. Intensities in 
arbitrary units. 
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Fig. 3—(111) pole figure for the inside texture of 96 pct rolled 
strip of tough pitch copper. 
Specimen 0.002 in. thick, from center portion of 0.020 in. thick 
rolled strip. Open triangle indicates (358) [352] (mear (123) [121]); 


solid triangle, (2, 9, 11) [945] (near (146) [211]). Intensities in arbi- 
trary units. 


In determining the center portion of the pole 
figure by the reflection method two quadrants 
(quadrants I and III) were experimentally de- 
termined, the other two quadrants were drawn as 
mirror images of quadrants I and III with respect 
to the rolling direction. The intensity measurements 
were in most cases taken at 10° intervals of rotation 
of the specimen in its own plane (corresponding to 


the azimuthal angle in the pole figure) and at 5° 
intervals of rotation of the specimen about axes in 
the plane of rolling (corresponding to the radial 
angle from the center of the pole figure). In high 
intensity regions intensity measurements were taken 
at 1° or 2° intervals in order to accurately locate the 
intensity maxima in the pole figure. In determining 
the peripherial portion of the pole figure by the 
transmission method, measurements were made in 
all four quadrants at angle intervals similar to those 
just described. 

At 40° away from the center of the pole figure, 
the diffracted beam intensities were measured by 
both the reflection and the transmission methods. 
This overlapping was used to establish the intensity 
ratio between the transmitted and the reflected in- 
tensities under a certain set of conditions. In order 
to construct a complete pole figure, the reflected 
intensities were converted into corresponding trans- 
mitted intensities, and intensity contour lines were 
drawn at suitably selected intensity levels. 


Results and Discussion 

Inside Textures: The pole figures obtained for the 
inside texture of aluminum, copper, and brass rolled 
according to procedure a were practically the same 
as those for the same metals rolled according to 
procedure b. Fig. 1 shows the (111) pole figure 
quantitatively determined for the inside texture of 
the 95 pct rolled 2S aluminum strip, procedure b. 
The outstanding new feature of this pole figure is 
the occurrence of rather sharp high intensity maxi- 
ma, such as the two located 25° from the center of 
the pole figure toward the rolling direction and the 
reverse rolling direction, respectively. The particu- 
lar maxima mentioned, representing by far the 
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Fig. 4—(200) pole figure for the rolling texture of tough-pitch 
copper strip. 

Same specimen as in Fig. 3. Open square indicates (358) [352] (near 


(123) [121]); solid square, (2, 9, 11) [945] (near (146) [211]), Intensi- 
ties in arbitrary units. 
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Fig. 5—(111) pole figure showing “ideal” orientations used by 
various investigators for the rolling textures of aluminum, copper, 
and a 48 pct Ni-Fe alloy. 


Triangle in triangle indicates (7, 12, 22) [845] “ideal” orientation, 
(near (123) {121]), for the rolling texture of aluminum (this paper); 
open triangle, “ideal” orientation for the rolling texture of aluminum, 
designated as (135) [335] by Goeler and Sachs; solid triangle, (135) 
[211] ‘ideal’ orientation for the rolling texture of copper, reported 
by Barrett and Steadman; half-filled triangle, teed by 
Custers!3 to describe the rolling texture of a 48 pet Ni-Fe alloy. 
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Fig. 6—(111) pole figure for the inside texture of 95 pct rolled 
strip of commercial 70-30 brass. 


Specimen 0.002 in. thick, from center portion of 0,024 in. thick 


rolled strip. Triangle indicates (110) [112] orientation. Intensities 
in arbitrary units. 


highest intensities in the whole pole figure, are not 


satisfactorily accounted for by the (110) [112] ideal 
orientation, which has often been considered as the 
principal orientation in cold-rolled face-centered 
cubic metals.” It may be stated that the (111) poles 
for neither the (110) [112] orientation nor for the 
(112) [111] orientation, indicated by solid and half- 
filled triangles, respectively, fit the maxima found 
in the pole figure. On the other hand, it was found 
that the rolling texture may be reasonably well 
described as scatter around four ideal orientations 
corresponding to (7, 12, 22) parallel to the rolling 


plane and [845] parallel to the rolling direction. 


This orientation is not far from (123) [121]. The 
four symmetrical, crystallographically equivalent 
orientations of this type are shown in the pole figure 
by the open triangles. It is seen that these orienta- 
tions account very well for the strongest intensity 
maxima near the center, fairly well for the four 
second highest intensity maxima at the periphery, 
but only approximately for the other high intensity 
areas. Fig. 2 shows the corresponding (200) pole 
figure, obtained with the same specimen. 

Fig. 3 shows the (111) pole figure for the inside 
texture of the 96 pct rolled strip of tough-pitch 
copper, rolling procedure b. This pole figure is very 
similar to that of aluminum (compare Fig. 3 with 
Fig. 1), although there are some minor differences. 
For copper the two highest intensity maxima near 
the center are slightly closer to the center (22m) 
than they are for aluminum (25°). Nevertheless, the 
rolling texture of tough-pitch copper is also clearly 
of the (123) [121] type. Pole positions of approxi- 
mately (358) [352] orientation and of approxi- 
mately (2, 9, 11) [945] orientation are indicated in 
the pole figure by the open triangles and solid 
triangles, respectively. The (3, 5, 8) [352] orienta- 
tion accounts fairly well for all the high intensity 
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Fig. 7—(200) pole figure for the rolling texture of commercial 
70-30 brass strip. 


Same specimen as used for Fig. 6. Square indicates (110) [112] ori- 
entation. Intensities in arbitrary units. 


areas except those on the equator. The correspond- 
ing (200) pole figure for the same specimen is shown 
in Fig. 4. 

The present results are in fairly good agreement 
with the earlier paper by Goeler and Sachs,” where 
the (135) [3835] orientation was proposed, and par- 
ticularly with Barrett and Steadman,” who found 


that (135) ouleyy is a principal orientation in the 
rolling texture of copper, and with Guinier and 


Fig. 8—(111) pole figure for the surface texture of 95 pct rolled 
2S aluminum strip (rolled in one direction without reversing strip 
end for end between successive passes). 


Strip 0.024 in. thick, specimen 0.004 in. thick from surface of strip. 
Intensities in arbitrary units. 
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Fig. 9—(111) pole figure for the surface texture of 96 pct rolled 
tough-pitch copper strip (rolled in one direction without reversing 
strip end for end between successive passes). 


Strip 0.020 in. thick, specimen 0.002 in. thick from surface of strip. 
Intensities in arbitrary units. 


Tennevin.” Custers” showed that the major part of 
the rolling texture of a face-centered cubic 48 pct 
Ni-Fe alloy corresponds to the so-called ‘‘Z-orienta- 


tion,’ which also is fairly close to the (123) [121] 
type orientations, as obtained for aluminum and 
copper in the present investigation. The ideal orien- 
tations according to Goeler and Sachs for aluminum, 
Barrett and Steadman for copper, and Custers for 
a 48 pct Ni-Fe alloy, together with the ideal orienta- 


Fig. 10O—(111) pole figure for the surface texture of 95 pct rolled 
commercial 70-30 brass strip (rolled in one direction without re- 
versing strip end for end between successive passes). 


Strip 0.024 in, thick, specimen 0.002 in. thick from surface of strip. 
Intensities in arbitrary units. 
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tion obtained for aluminum in the present investi- 
gation, are shown in Fig. 5. 

The quantitatively determined pole figures for the 
inside texture of the 95 pct rolled 70-30 brass strip, 
procedure b, are shown in Figs. 6 and 7 for (111) 
poles and (200) poles, respectively. These pole 
figures are in excellent agreement with the results 
previously reported by various investigators and 
with the conventional (110) [112] ideal orientation 
(as indicated by the triangles in Fig. 6 and the 
squares in Fig. 7). This texture consists of two 
fairly sharply developed twin-related components. 
The difference between the rolling texture of brass, 
on the one hand, and that of aluminum and copper, 
on the other, is very obvious when their quantitative 
pole figures are compared. The fundamental reasons 
for this difference are not clear; they may possibly 
lie in differences with respect to the formation of 
deformation bands. 


Surface Textures: Fig. 8 shows the (111) pole 
figure obtained for the rolling texture of the surface 
material of the 2S aluminum strip which was final- 
rolled according to procedure a, i.e., rolled in the 
same direction in successive passes. The general 
shape of the pole figure for this surface texture is 
similar to that for the inside texture of the strip, but 
there is a general shifting of all poles away from the 
direction of rolling, resulting in an asymmetrical 
pattern.* 

The surface texture of the 2S aluminum strip final- 
rolled according to procedure b, i.e., by reversing it 
end to end between successive passes, is, however, 
entirely different. It corresponds to a (100) [0i1] 
orientation, as found previously by Vargha and 
Wassermann.' The (100) [011] type surface texture 
was obtained by those investigators with an alumi- 
num strip of 5 mm thickness; in thinner strips (1 
mm or less) they found a surface texture similar to 
the inside texture. For this reason, they associated 
the occurrence of the (100) [011] surface texture 
with a large strip thickness. The present results in- 
dicate that both types of surface texture may be ob- 
tained at the same strip thickness, depending on the 
rolling procedure employed. 

In analogy to aluminum, the surface textures in 
tough-pitch copper and in commercial 70-30 brass 
final-rolled according to procedure a show asym- 
metrical pole figures (Figs. 9 and 10). In the case of 
brass (Fig. 10), the shifting of the poles from their 
symmetrical position in the inside texture to their 
asymmetrical position in the surface texture may be 
approximately described as a 5° rotation around the 
cross-rolling direction, but no similarly simple de- 
scription applies for the surface texture of either 
copper or aluminum. 

The surface texture of tough-pitch copper and of 
commercial 70-30 brass final-rolled according to 
procedure b, that is, reversed between passes, is the 
same as their respective inside textures. These mate- 
rials do not develop the (100) [011] surface texture 
found in aluminum after rolling in reversed passes. 
The different behavior of copper and aluminum in 
this respect is rather striking, since their rolling 
textures are otherwise very similar. 


Summary 


1—Quantitative pole figures were determined for 
both the inside texture and the surface texture of 


* This shift was earlier erroneously described’ as one toward the 
direction of rolling. 
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highly rolled 2S aluminum, tough-pitch copper, and 
commercial 70-30 brass strips with two different 
rolling procedures: a—rolled in the same direction 
in successive passes, and b—rolled by reversing the 
strip end to end between successive passes. 

2—For each material the inside texture is the 
same regardless of whether the strip was rolled ac- 
cording to procedure a or b. 

3—The inside texture in rolled 2S aluminum and 
in tough-pitch copper strips is nearly the same. This 
texture may be approximately described as scatter 
around four symmetrical, crystallographically equiv- 
alent orientations, not far from (123) [121]. On the 
other hand, the inside texture of rolled commercial 
70-30 brass corresponds well to the ideal orientation 
(110) [112]. 

4—The surface textures of all three materials, 
when rolled according to procedure a, is somewhat 
similar to their respective inside textures, except for 
a general shifting of all poles away from the direc- 
tion of rolling. This shift results in asymmetrical 
pole figures. 

5—The surface textures of tough-pitch copper and 
of commercial 70-30 brass rolled according to pro- 
cedure b show no difference from their respective 
inside textures; that of rolled 2S aluminum exhibits 
an entirely different texture corresponding to the 
(100) [011] orientation, previously described by 
Vargha and Wassermann.’ The present results in- 
dicate that this type of surface texture in aluminum 
is a result of the reversal of the rolling direction 
between passes. 
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Technical Note 


Method for Locating Two-Liquid Immiscibility Limits 


Dy Bish 


N an effort to distinguish experimentally between 

the radically different limits of two-liquid im- 
miscibility reported for the Cu-Pb system by Borne- 
mann and Wagenmann and by Briesemeister (see 
Fig. 1), it was found that the high temperature 
homogeneous liquid containing between 41 and 93 
pet Pb could not be frozen without separation into 
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two liquids with the fastest cooling technique that 
could be devised. Thus, the two-phase state could 
not be distinguished with certainty from the one- 
phase state by the examination of quenched samples. 
To overcome this obstacle the following method for 
detecting the presence of an interface between two 
immiscible conducting liquids at temperature was 
developed. Measurements made by the new method 
substantiate the Briesemeister diagram in its gen- 
eral form. 

The method consists essentially in the measure- 
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0.020" TUNGSTEN WIRES 


CERAMIC INSULATOR 


FUSED QUARTZ TUBE 


ALUNDUM CEMENT 


LN OV 


Fig. 3—Diagram of probe. 
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Fig. 1 (left)—-Cu-Pb phase diagram. 


Fig. 4 (below)—Comparison of curves for an alloy of 65 pct Pb- 
35 pct Cu illustrating sudden resistance change with depth when 
two-liquid phases are present. 
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ment of the local electrical resistivity at a sequence 
of levels in the molten bath. Where a change of 
phase is encountered, the resistivity changes sharply. 
This measurement is made by the use of a (tungsten 
wire) probe consisting of a pair of wires, insulated 
except at their ends and kept at a fixed distance 
apart by a two-hole refractory tube. This probe is 
mounted upon a vertical slide directly above the 
crucible of metal, permitting it to be lowered by 
predetermined increments into the melt, Fig. 2. The 
vertical position of the probe is read from a scale 
upon the vertical slide and the resistance is read by 
means of a conventional potentiometric circuit. 

An enlarged view of the probe is shown in Fig. 3. 
A pair of 18 gage tungsten wires are passed through 
a two-hole ceramic insulator. Enclosing this (ex- 
cept at the ends) is a fused quartz protection tube 
and a wash of white alundum cement is applied to 
the tip of the probe (except the wires) to seal and 
protect it from the molten metal. 

As the probe is lowered into the molten bath the 
voltage read on the potentiometer increases directly 
(due to the heating of the probe wires). If only one 
phase is present at the temperature level under 
investigation, then a straight-line plot of voltage vs. 
depth will be obtained. If, on the other hand, two 
phases are stable at this temperature, there will be 
a sudden change in the voltage occurring at the in- 
terface between the two immiscible liquids. The 
magnitude of the change depends only upon the 
temperature under investigation, while the depth at 
which the interface occurs should vary both with 
composition and temperature. When the depth of 
the interface has been determined, tie-line phase 
relationships may be used to calculate the composi- 
tions of each liquid present at the temperature under 
investigation. Typical curves are shown in Fig. 4. 
These curves were obtained for an alloy containing 
65 pet Pb-35 pct Cu. For this alloy, only one phase 
is stable at 1007°C, while two phases are stable at 
994°C. 
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Annealing Textures in Rolled Face-Centered Cubic Metals 


by Paul A. Beck and Hsun Hu 


As described by means of quantitative pole figures, the annealing texture 
of highly rolled aluminum consists of the four retained components of the rolling 
texture near (123) [121], rather more sharply developed, and of a cube texture 
component. Local reorientation corresponds fairly well to 40° rotation around 

a [111] axis. In copper strip rolled 96 pct, the annealing texture is mainly the 
cube texture, with the four twin orientations as minor components. The anneal- 
ing texture of highly rolled brass strip consists of four components of the (225) 

[734] type. 


EVIEWS by Wassermann,’ Barrett,’ Dunn,*® and 

Richards’ give detailed accounts of the numer- 
ous publications dealing with annealing textures in 
- rolled polycrystalline metals. Although a consider- 
able amount of information of an empirical nature 
has been available for many years, even relatively 
recently the state of recrystallization-texture theory 
was considered uncertain. The reviews referred to 
above deal mainly with the description of experi- 
mental results, without developing generally appli- 
cable principles, suitable for explaining the observed 
annealing textures. 

The investigations of Burgers and Louwerse’ and 
Barrett® showed that in deformed single crystals of 
aluminum the orientation of the recrystallized grains 
deviates drastically from that of the deformed ma- 
trix. According to Barrett and to Beck and Hu,’ the 
relationship between the two orientations can be 
best described as a rotation of about 40° around a 
[111] axis. Recent investigations led to similar orien- 
tation relationships for various face-centered cubic 
metals with a simple texture, regardless of whether 
the annealing process was recrystallization (strain- 
free grains growing in a highly deformed large crys- 
tal of aluminum’ or copper,® or in deformed cube 
texture copper’) or coarsening (strain-free grains 
growing at the expense of an essentially strain-free, 
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fine grained, polycrystalline matrix of single orien- 
tation texture copper,” aluminum,’ or nickel-iron”), 
Barrett® pointed out the possibility that this orien- 
tation relationship may be a result of the orienta- 
tion dependence of the rate of grain boundary migra- 
tion. More recently, considerable evidence became 
available in favor of this view.” ” 

In apparent contradiction to the above results, it 
has been known for a long time that the recrystal- 
lization texture of polycrystalline metals is often 
similar to the deformation texture. This was found, 
in particular, for the fiber textures obtained by wire 
drawing, compression, or compression rolling.” Fol- 
lowing a suggestion by Barrett,’ Kronberg and Wil- 
son® and Beck and Hu’ described a mechanism by 
which a [111] fiber texture, resulting from plastic 
deformation, may be retained upon recrystallization, 
even though the orientation of individual recrystal- 
lized grains differs from that of the local area of the 
matrix in which they grow. This mechanism assumes 
that the reorientation corresponds to a rotation 
around the [111] axis, which is also the fiber axis. 

The present investigation was undertaken to exam- 
ine in detail the orientation relationship between 
deformation texture and recrystallization texture in 
rolled face-centered cubic metals, using the quan- 
titative methods of texture determination that have 
recently become available.“ ” Quantitative pole 
figures for the rolling textures of such metals were 
reported recently.” Quantitative pole figures for an- 
nealing textures are given in the present paper. It 
was planned to investigate whether or not the orien- 
tation relationship previously found for the recrystal- 
lization of deformed single crystals, and for coarsen- 
ing of single-orientation texture material, is capable 
of accounting for the observed, often complex, an- 
nealing textures in rolled polycrystalline metals. The 
question whether local reorientation is predominant, 
even in the early phases of the annealing process, 
was to be studied with high purity aluminum, by 
making use of an oxide film and sensitive tint illum- 
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ANNEALING TEMPERATURE 


Fig. 1—Change of hardness in 95 pct rolled 2S aluminum strip 
as a function of annealing temperature. 


Annealing time 5 min. Specimens corresponding to open cir- 
cles were used for quantitative texture determination. 


ination technique, which allows the estimation of 
orientations at high magnification in microscopically 
small areas of the specimen. The advantages of 
studies of this sort were pointed out by Lacombe 
and Beaujard.” 
Experimental Procedure 

In determining the annealing textures of rolled 

2S aluminum, electrolytic tough-pitch copper, and 


commercial 70-30 brass, a number of specimens were 


cut from each of the strips previously used for the 
determination of the rolling textures.” The rolling 
reductions were 95 pet for aluminum, 96 pct for cop- 
per, and 95 pct for brass. The specimens were an- 
nealed in salt bath for 5 min at 20°C intervals in 
the temperature range of recrystallization. Vickers 
hardness measurements were made on each annealed 
specimen, and the average of four readings was 
plotted as a function of temperature. The results 
are shown in Figs. 1, 2, and 3 for 2S aluminum, 
tough-pitch copper, and commercial 70-30 brass, re- 
spectively. The annealing texture was quantitatively 
determined for each material annealed at the lowest 
temperature giving complete recovery of the hard- 
ness increase due to cold rolling. Only the “inside 
textures” of the annealed strips were determined. 
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Fig. 2—Change of hardness in 96 pct rolled electrolytic 
tough-pitch copper strip as a function of annealing tem- 
perature. 


Annealing time 5 min. Specimens corresponding to open 
circles were used for quantitative texture determination. 
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The preparation of the specimens for X-ray diffrac- 
tion and the quantitative determination of the pole 
figures were carried out as described previously.” 

A microscopic method was developed, making it 
possible to study the approximate orientation of def- 
ormation bands and of individual crystallites in 
high purity aluminum at magnifications up to X1000. 
The method is a variant of that described by Lacombe 
and Beaujard” * and by Hone and Pearson.” The 
specimens were first electrolytically polished in a 
Buehler-Waisman Electro-Polisher with an electro- 
lyte consisting of 2 parts of methyl alcohol and 1 
part of concentrated nitric acid. The voltage em- 
ployed was 12 v, the current density 10 milliamperes 
per sq mm, and the time of polishing 3 to 4 min. A 
thin oxide film was then formed on the polished sur- 
face by electrolytic etching in a mixture of phos- 
phoric acid and carbitol solution. The composition 
of this solution is given in Table I. 
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ANNEALING TEMPERATURE 
Fig. 3—Change of hardness in 95 pct rolled strip of commercial 
70-30 brass strip as a function of annealing temperature. 
Annealing time 5 min. Specimens corresponding to open circles 
were used for quantitative texture determination. 

If a voltage of approximately 40 v and etching 
time of about 1 to 2 min is used,” the oxide film pro- 
duced is suitable for magnifications up to about X200. 
Using sensitive tint illumination, bright color effects 
are observed, the color varying with the orientation 
of the underlying aluminum crystals. Thus, the 
orientation of small areas in the specimen could be 
estimated by observing the color. However, the oxide 
layer produced by the above method was too coarse 
grained for observation at high magnifications. A 
modified technique, developed in the present work, 
consisted of using a lower voltage (10 to 14 v) and 
longer time of etching (14 to 7 min). Under such 
conditions, the oxide film produced was very fine 
grained. Specimens prepared in this manner had a 
smooth appearance and satisfactory color contrast 
in sensitive tint illumination, even at magnifications 
as high as X1000, and visual observation at X1500 
was possible. 

Results 

Fig. 4 shows the quantitative pole figure deter- 
mined for the inside texture of the rolled and 
annealed 2S aluminum strip. The specimen was an- 
nealed for 5 min at 300°C, which was just sufficient 
to completely recover the hardness increment due 
to rolling, Fig. 1. The average recrystallized grain 
size after this annealing was about 0.017 mm. The 
pole figure shows that the four crystallographically 


equivalent “ideal orientations” of the (123) [121] 
type, which are present in the rolling texture,” are 
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Table I. Composition of Electrolyte Used for Producing a Thin 


Oxide Film on High Purity Aluminum 


Materials ce 
Phosphoric acid 400 
Carbitol 150 
Water 140 
Hydrofluoric acid 6 


essentially retained in the annealing texture. In fact 
they are here more sharply developed, as seen by 
comparing Fig. 4 with Fig. 1 of ref. 16. In addition, 
anew component appears in the annealing texture, 
which has the (100) (001), or “cube orientation,” 
The existence of the “cube texture” component was 
confirmed by a rough determination of the (200) 
pole figure. 

By means of the oxide film and sensitive tint 
illumination method, 95 pct rolled high purity alu- 


9 


Fig. 4—(111) pole figure for the annealing texture of 2S aluminum 
strip, rolled 95 pct and annealed 5 min at 300°C. 
Specimen 0.004 in, thick, from center portion of 0.024 in. thick strip. 
Open triangle indicates (7, 12, 22) [8, 4, 5] orientation; circle in tri- 


angle, (100) [001] orientation. Intensities in arbitrary units. 

minum* crystals in a coarse grained specimen were 
studied. In the as-rolled condition the deformed 
grains consisted of more or less clearly defined def- 
ormation bands, which appeared alternately yellow 
and blue, without sharp boundaries between them. 
The absence of sharp boundaries and the gradual 
merging of the color, i.e. orientation, of one band 
into that of its neighbors, Fig. 5, was confirmed at 
the highest available magnification. 

It is interesting to note that the microscopic method 
shows only two major components in the rolling 
texture (corresponding to blue and yellow colors) 
while X-ray diffraction indicates four such com- 
ponents, Fig. 6. It was observed that, in rotating the 
stage of the microscope, all grains revert to their 
original color after a rotation of 180°. The method 
is, therefore, not capable of differentiating between 
two orientations related to each other by a 180° 
rotation around the optical axis. Since in the present 
work the optical axis always coincided with the 


* Reported analysis: Cu, 0.002 pct; Si, 0.002 pet; Mg, 0.003 pct; 
Fe, 0.002 pet; Al, balance. 
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Fig. 5—High purity aluminum crystal, 95 pct rolled, showing def- 
ormation bands parallel to the rolling direction, with no sharp 
boundaries visible between regions of different orientations. 
Specimen electrolytically polished, and anodically etched to produce 
thin oxide film. Alternate deformation bands appear yellow (Y) 
and blue (B) with the sensitive tint illumination used. X750. 
rolling plane normal, it is understandable that com- 
ponent I of the rolling texture (see Fig. 6) should 
have the same color as component III, and II the 
same as IV. Neighboring deformation bands within 
the same grain, which appear alternately blue and 
yellow, may have an orientation relationship cor- 
responding to that between components I and II (a 
rotation of 38° around the common [111] axis, 
marked Y in Fig. 6), or to that between components 


Fig. 6—(111) pole figure showing the four symmetrical, crystal- 
lographically equivalent components of the rolling texture of 2S 
aluminum.”*° 
Their orientation is approximately (7, 12, 22) [8, 4, 5] which is near 
(123) [121]. Components I and II are related by a rotation of 38° 
around the common (111) pole Y. Components I and IV are related 
by a rotation of 55° around the common (i111) pole Z. Components 
I and III are, in rough approximation, related by a rotation of about 
45° around their (111) poles near the periphery, which are 10° 
apart. The relationship of components I and Til can be accurately 
described as a 180° rotation around the rolling plane normal (the 
center of the pole figure). 
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Fig. 7—High purity aluminum crystal, 95 pct rolled and an- 
nealed for 5 min at 340°C. 


Shown in the sensitive tint illumination used are several 
blue recrystallized grains (B), and a large pink recrystallized 
grain (P) in a matrix of yellow deformation band (Y), 
which has undergone recrystallization in situ, and which 
consists of domains appearing in slightly varying shades of 
yellow. Specimen preparation the same as for Fig. 5. X750. 


I and IV (a rotation of 55° around the common [111] 
axis, marked Z in Fig. 6). An orientation relation 
of the latter type, with a rotation axis (Z) near the 
cross-rolling direction, has been established earlier 
in a rolled aluminum single crystal by direct optical 
goniometer measurements.’ 

After annealing the rolled high purity aluminum 
specimens over a rather wide range of temperatures, 
the colors (i.e. the orientations) observed with the 
oxide film and sensitive tint illumination method 
were largely the same as in the cold-rolled condi- 
tion, namely yellow and blue. The only new color 
observed after annealing was pink, always associated 
with recrystallized grains. Fig. 7 shows such a pink 
grain in a yellow matrix. Other recrystallized grains 
in Fig. 7 have blue color. It was found that the blue 
recrystallized grains occur in yellow bands and vice 
versa, but that the pink recrystallized grains occur 
in both yellow and blue deformation bands. In all 
these cases of recrystallization the local orientation 
changes. However, the recrystallized grains of yellow 


Fig. 8—High purity aluminum crystal, 95 pct rolled and annealed 
for 5 min at 270°C and for 5 min at 310°C. 
The domains formed by recrystallization in situ, and the grains 


formed by recrystallization with reorientation, show considerable 
growth. Specimen preparation the same as for Figs. 5 and 7. X150. 
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and blue color have orientations which, although 
different from that of their immediate surroundings, 
are already present in other parts of the structure. 
Microscopic observation thus supports the idea that 
recrystallization with local reorientation is a mech- 
anism leading to the retainment of the rolling tex- 
ture in aluminum upon annealing. The orientation 
of the recrystallized grains of pink color was deter- 
mined by means of etch pits and of X-ray diffrac- 
tion, with specimens where these grains were suf- 
ficiently large. It was found that the pink grains 
have (100) approximately parallel to the rolling 
plane (which is parallel to the surface of the micro- 
scopic specimen), and [100] approximately parallel 
to the rolling direction. The pink grains, therefore, 
correspond to the “cube texture” component of the 
annealing texture, as shown in Fig. 4. 

Careful microscopic examination, at high magni- 
fication and with critical adjustment of the color 
resolution, revealed that, in those areas of the def- 
ormation bands that have not been absorbed by the 
growing recrystallized grains, sharply defined bound- 
aries emerge in the course of annealing. In place of 
the gradual variation of colors in the deformation 
band as-rolled, stepwise, or discontinuous color, i.e. 
orientation, changes along these new boundaries be- 
came increasingly evident during annealing. This 
structural change, which was observed to take place 
in severely rolled, high purity aluminum even at 
room temperature over long periods of time, pro- 
ceeded within a few minutes at around 200°C. It 
left the local orientation of the deformation bands 
unchanged, while they became subdivided into large 
numbers of slightly disoriented domains, Fig. 7. The 
process is apparently identical with that designated 
by Crussard”™ as “recrystallization in situ,” which is 
generally supposed to take place by the mechanism 
of ‘‘polygonization,” as defined by Cahn.” In the 
rolled and annealed specimens the domain bound- 
aries do not appear to have any crystallographic 
definition; the irregular network of the domain 
boundaries was found rather similar to that of or- 
dinary grain boundaries. It may be concluded from 
the microscopic observations that “recrystallization 
in situ” is an important mechanism leading to the 
retainment of the deformation texture upon anneal- 
ing in high purity aluminum. 

In severely rolled, high purity aluminum the aver- 
age size of the domains formed by recrystallization 
in situ was found to be in the order of 2 microns. 
Similar size domains in highly deformed aluminum 
were previously reported by Keller, Hirsh, and 
Thorp” as a result of X-ray diffraction work by 
means of a microbeam method, and by Heidenreich” 
using electron transmission microscopy. Similar but 
apparently larger domains were observed by McLean, 
Tate, and Farmer” in hot-rolled aluminum, with 
the help of a microscopic method analogous to that 
used in the present work. It was observed that the 
domains, which become microscopically visible dur- 
ing annealing after severe cold rolling, usually do 
not perceptibly grow with further annealing, until 
the structure is finally swept by the boundary of a 
growing recrystallized grain of a different orienta- 
tion. However, the interplay between recrystalliza- 
tion in situ and recrystallization with reorientation 
varies greatly between individual deformed grains 
of aluminum and, even in the same deformed grain, 
between the two sets of deformation bands. In some 
areas the domain boundaries hardly become dis- 
cernible when recrystallized grains of a widely dif- 
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ferent orientation absorb the whole region. In other 
areas recrystallization with reorientation is greatly 
delayed, and recrystallization in situ leads to an ap- 
parently complete return to the fully annealed con- 
dition. In some cases such structures could be heated 
up to about 330°C for 5 min without much recrystal- 
lization involving reorientation, Fig. 8. At these rela- 
tively high annealing temperatures gradual growth 
was observed, in some cases increasing the average 


domain size to the order of 20 microns. At the same | 


time, the orientation differences between neighbor- 
ing domains become distinctly larger, so that in this 
condition the domains could be described without 
hesitation as grains. It was often observed that at 
still higher annealing temperatures (400° or 450°C), 
such fine grained areas, which have become fully 
annealed by recrystallization in situ and by domain 
growth, are eventually absorbed by large grains of 
a different orientation (usually near the cube orien- 
tation). 

The inside texture determined for annealed electro- 
lytic tough-pitch copper strip (annealed for 5 min 
at 200°C with a resulting average recrystallized 
grain size of 0.013 mm) is composed mainly of the 
(100) [001] orientation, or cube texture, with a 
minor component consisting of four (122) [212] type 
orientations, which are in the twin positions with 
respect to the cube texture. The (111) pole figure 
and the (200) pole figure are shown in Figs. 9 and 
10. 

After completely recrystallizing the 95 pct rolled 
commercial 70-30 brass by annealing for 5 min at 
340°C, an extremely fine grain size of approximately 
0.002 mm was obtained. The inside texture deter- 
mined for the recrystallized material is shown in 
Figs. 11 and 12, which represent the (111) pole figure 
and the (200) pole figure, respectively. Ideal pole 
positions for the (113) [211] orientation, frequently 
used to describe the recrystallization texture of brass, 
are indicated by solid symbols and those for the 


(225) [734] orientation are indicated by open tri- 
angles and squares in the pole figures. It appears 
that under the conditions of the present work the 
(225) [734] ideal orientation describes better the 
recrystallization texture of brass than the conven- 


tional (113) [211] orientation. 


Discussion of Results 

The present quantitative texture determinations 
confirm earlier statements found in the literature” 
that rolled commercial aluminum to a large extent 
retains its texture during annealing. However, it 
was found that, in addition to the four retained tex- 
ture components, the texture also contains a fairly 
strong cube texture component. The occurrence of 
what was apparently a predominantly cube texture 
in rolled and annealed aluminum in a specific in- 
stance has been reported by Schmid and Wasser- 
mann.” 

The microscopic observations clearly indicate that 
the retainment of the rolling texture in aluminum 
upon annealing is a result of both recrystallization 
in situ (relief of strain with practically no local 
orientation change), as described by Crussard,” and 
recrystallization with local reorientation. The latter 
contributes to texture retainment by producing 
orientations, which, although locally new, are prev- 
alent in the texture as a whole. 

It is interesting that the four retained components 
of the annealing texture of 2S aluminum correspond 
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Fig. 9—(111) pole figure for the annealing texture of electrolytic 


tough-pitch copper strip, rolled 96 pct, annealed 5 min at 200°C. 
Specimen 0.002 in. thick, from center portion of 0.020 in. thick 
strip. Open triangle indicates (100) [001] orientaton; solid triangle, 


(122) [212] orientation. The (111) pole, which these two orientations 
have in common is marked by half-filled triangle. Intensities in arbi- 
trary units. 


even more closely to the (123) [121] type “ideal 
orientation” than the four components of the roll- 
ing texture, for which this orientation was originally 
proposed. A decrease of the scatter around the “ideal 
orientation,” that is, a sharpening of the texture, 
has been repeatedly found as a result of annealing. 
This sharpening may be due to either one of two 
mechanisms, both based on the orientation depend- 
ence of grain boundary mobility: 1—Preferential 
growth of large grains favorably oriented (for high 


Fig. 10—(200) pole figure for the annealing texture of electrolytic 
tough-pitch copper strip. 
Same specimen as in Fig. 9. Open square designates (100) [001] ori- 


entation; solid square, (122) [212] orientation. Intensities in arbi- 
trary units. 
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Fig. 11—(111) pole figure for the annealing texture of commercial 


70-30 brass strip, rolled 95 pct and annealed 5 min at 340°C. 
Specimen 0.002 in. thick, from center portion of 0.024 in. thick strip. 
Open triangle denotes (225) [734] orientation; solid triangle, (113) 

[211] orientation. Intensities in arbitrary units. 


boundary mobility) with respect to the average 
orientation of the surrounding fine grained matrix. 
This may result in a sharp texture of the coarse 
grains in spite of large scatter of orientations in the 
fine grained matrix.” 2—Preferential absorption of 
small grains with orientations deviating considerably 
from that of the dominating texture, as a result of 
the greater mobility of their higher energy bound- 
aries.” In view of the microscopic observations re- 
ported in the present paper, it is probable that both 
mechanisms play a role in the case of rolled alu- 
minum. 

The local reorientation upon recrystallization in 
highly rolled aluminum crystals, which results in 
orientations already present in other parts of the 
structure, should produce a local orientation change 
either of a type corresponding to the orientation 
relationship between components I and II, or of a 
type corresponding to that between components I 
and IV of the rolling texture, Fig. 6. The fact that 
the observations can be satisfactorily accounted for 
on the basis of a [111] rotation of 38° (correspond- 
ing to the orientation relationship between com- 
ponents I and II) is significant. It was found pre- 
viously that a [111] rotation of approximately 40° 
may be used to describe the reorientation occurring 
in the spontaneous recrystallization in highly de- 
formed aluminum single crystals and also in the 
texture-dependent coarsening of aluminum.’ This 
orientation relationship corresponds to the highest 
grain boundary mobility for aluminum.” * 

The local reorientation connected with the growth 
of recrystallized grains of the cube orientation is 
shown in Fig. 13. The four [111] axes of the cube 
orientation approximately coincide with a [111] axis 
of each one of the four orientations of the rolling 
texture components in aluminum. The cube orienta- 
tion is approximately related to each one of these 
four (123) [121] type orientations by a [111] rota- 
tion of 40°. The reorientation upon annealing of cold- 
rolled aluminum, leading to the formation of the 
cube texture is, therefore, again of a type to be ex- 
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pected on the basis of the orientation dependence of 
boundary mobility. An important difference between 
the grains of cube orientation on the one hand, and 
the recrystallized grains of the orientation of one of 
the retained texture components on the other, is that 
the former are favorably oriented for growth at the 
expense of either one of the four retained com- 
ponents, but the latter are favorably oriented with 
respect to two components only. Moreover, one of 
these two components is, in general, not in direct 
contact with the growing grain. A result of this dif- 
ference is that upon further annealing, particularly 
at higher temperatures, the grains of cube orienta- 
tion can grow readily, even after they become larger 
than the thickness of the deformation band in which 
they originated, but the recrystallized grains of the 
other type can grow at a high rate only within the 
deformation band in which they formed; after reach- 
ing the boundaries of this deformation band, their 
growth becomes much slower, because of unfavor- 
able orientation. The conditions just described offer 
a satisfactory explanation for the effects of penul- 
timate grain size, final rolling reduction, and final 
annealing temperature upon the formation of the 
cube texture,” in accordance with the observations 
recorded in the literature. 

Previous investigations by Dahl and Pawlek,” 
Cook and Richards,” and Baldwin” showed that in 
rolled copper the relative amount of the cube tex- 
ture after annealing increases with increasing roll- 
ing reduction and with decreasing penultimate grain 
size. The rather complicated pole figures obtained 
by Yen™ for the annealing texture of 88 pct rolled 
copper strip may be interpreted to indicate partial 
retainment of the rolling texture, together with a 
cube texture component, and four components cor- 
responding to annealing twins in the cube texture. 
The fact that in the present work the annealing tex- 
ture of copper, Figs. 9 and 10, did not contain any 
retained texture component, but consisted only of 
the cube texture and its annealing twins, is satis- 
factorily accounted for by the high degree of def- 


Fig. 12—(200) pole figure for the annealing texture of commercial 
70-30 brass. 
Same specimen as in Fig. 11. Open square indicates (225) [734] ori- 


entation; solid square, (113) [211] orientation. Intensities in arbitrary 
units. 
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Fig. 13—(111) pole figure. 


Orientation relationship is shown between two (7, 12, 22) [8, 4, 5] 
type orientations (open and solid triangles) and the (100) [001] orien- 


tation (circle in triangle). A (111) pole of each (7, 12, 22) [8, 4, 5] 
type orientation (rolling texture component) and a (111) pole of the 
(100) [001] orientation (cube texture) nearly coincide. The cube 
texture can be approximately derived from either one of the four 
components of the rolling texture by a 111 rotation of 40°. 

ormation (96 pct reduction) and by the small penul- 
timate grain size (0.03 mm). The similarity of the 
rolling textures” and of the annealing textures of 
copper and aluminum is striking. The principal dif- 
ferences in the annealing textures are the relative 
preponderance of the cube texture (perhaps as a 
result of the usually much smaller penultimate grain 
size and of the smaller width of deformation bands) 
and the presence of a much larger twin component 
in copper. It is significant that for the group of 
face-centered cubic metals which exhibit the phe- 
nomenon of the cube texture after rolling and an- 
nealing, such as copper, aluminum, and the 50-50 
Ni-Fe alloy, the rolling texture is of the (123) [121] 
type. The addition to copper of certain alloying 
elements in solid solution, such as 5 pet Zn or 0.05 
pet P, has the as yet unexplained effect of changing 
the rolling texture into the (110) [112] type, from 
which no cube texture develops upon annealing. 

During the annealing process in highly rolled 
aluminum a large portion of the material undergoes 
microscopically visible recrystallization in situ, be- 
fore being absorbed by growing grains of different 
orientations. The latter process could then be more 
properly designated as a type of discontinuous grain 
growth or coarsening, rather than as recrystalliza- 
tion, since the material absorbed is evidently no 
longer in the cold-worked condition at the time of 
its absorption, rather it is essentially strain free. As 
suggested by Smith,” the driving energy of the 
process must be the surface energy of the domain 
boundaries, rather than strain energy remaining 
from plastic deformation. 

In 70-30 brass, where the reality of ordinary re- 
crystallization and the absence of recrystallization 
in situ, at least during the greater part of annealing, 
is attested by the presence of slip bands in the 
material just being absorbed by grains of different 
orientation,” the rolling texture is, significantly, not 
retained upon annealing. If at all present in brass, 
recrystallization in situ must be relatively very slow 
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and, therefore, unimportant in comparison with re- 
crystallization involving reorientation. The rolling 
texture in brass is such that reorientation, of the 
type typical for face-centered cubic metals, does not 
result in orientations already present in the def- 
ormation texture and, therefore, recrystallization 
with reorientation also does not produce texture 
retainment. Cook and Richards” proposed a [111] 
rotation to describe the orientation relationship be- 
tween rolling texture and recrystallization texture 
in brass. The present quantitative pole figures allow, 
at least in first approximation, an orientation rela- 


tionship corresponding to [111] rotations of 30° 
(Fig. 14). The deviations may well be due to the 
fact that the recrystallized grains here are grow- 
ing in a matrix consisting of not one but two major 
texture components. The additional reorientation 
resulting from grain growth at higher annealing tem- 
peratures, discovered by Wilson and Brick,* may be 
described by similar rotations in the reverse direc- 
tion,’ resulting in the approximate re-establishment 
of the deformation texture. Similar conditions were 
recently identified by Rosi and Alexander,” for grain 
growth in silver, so that the analogy of textures in 
brass and in silver is now established for all three 
conditions: as-rolled, as-recrystallized, and after 
grain growth, It appears that for these metals the 
annealing textures are determined by the rolling 
texture, and by reorientations corresponding to 
maximum boundary mobility, but recrystallization 
in situ plays no significant role. 


Summary : 

1—Quantitative pole figure determinations indi- 
cate that the annealing texture of 2S aluminum 
(penultimate grain size: 0.18 mm, rolled 95 pct and 
annealed for 5 min at 300°C) consists of four com- 
ponents of the (123) [121] type, retained from the 
rolling texture, and of a (100) [001], or cube tex- 
ture component. 


Fig. 14—(111) pole figure showing the orientation relationship be- 
tween the rolling texture and the annealing texture of 70-30 brass. 
Open triangle indicates a (110) [112] orientation (component of the 


rolling texture); solid triangle, two (225) [734] orientations (com- 

ponents of the annealing texture). Arrows indicate rotations of 30° 

around X, which is at intermediate position between two approxi- 
mately coinciding (111) poles of the above orientations. 
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2—Microscopic study of the annealing process in 
95 pet rolled, large grained, high purity aluminum 
by means of the oxide-film and sensitive tint illumi- 
nation technique, shows that the retainment of the 
rolling texture is a result of both recrystallization in 
situ and recrystallization with local reorientation, 
where the orientation of the recrystallized grains is 
different from that of their local surroundings, but 
it is similar to an orientation prevalent in the rolling 
texture as a whole. 

3—The local reorientations of the type leading 
from one major component of the rolling texture to 
another as a result of annealing, and those of the type 
leading from all four major components of the roll- 
ing texture to the cube texture, may be described ap- 
proximately as 40° rotations around [111] axes. This 
orientation relationship between growing grain and 
matrix was previously found to correspond to max- 
imum grain boundary mobility in aluminum.” ” 

4—The quantitative pole figure for 96 pct rolled 
electrolytic tough-pitch copper (penultimate grain 
size: 0.03 mm), annealed for 5 min at 200°C, shows 
no retained rolling texture component. The anneal- 
ing texture consists mainly of the cube texture, 
with four minor components corresponding to the 
annealing twins of the cube texture. 

5—The annealing texture of 70-30 brass (penulti- 
mate grain size: 0.023 mm, rolled 95 pct and an- 
nealed for 5 min at 340°C) consists of four major 


components of the (225) [734] type, which may be 
approximately derived from the rolling texture by 
30° rotations around [111] axes. 
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On the Solution of Diffusion Problems Involving 


Concentration-Dependent Diffusion Coefficients 


by Carl Wagner 


_ This paper contains solutions of the differential equation of diffu- 
sion in binary alloys if the diffusion coefficient is an exponential 
function of the concentration of one of the components. 


HE general differential equation for one-dimen- 
sional diffusion in a binary system can be writ- 


ten as: 
Oc oc 
== (p ) 
ot Ox Ox 


where c is the concentration of one of the two com- 
ponents in any suitable units; x, the distance from 
a reference plane; t, time; and D, the diffusion co- 
efficient. 

Hartley and Crank* have pointed out that eq 1 
with conventional length units for measuring the 
distance x holds only if the alloy can be regarded as 
a rigid framework. In general, this is not the case, 
“especially if the lattice parameter varies appreci- 
ably with composition. If a modified coordinate 
system is used instead of an orthodox system based 
on the centimeter as length unit, eq 52 is obtained, 
which has the same general form as eq 1 and is 
generally valid. The necessary transformations are 
presented in the appendix. 

If D is independent of concentration, analytical 
solutions of eq 1 are known for numerous boundary 
conditions. If D depends on concentration, solutions 
based on known analytical functions are not avail- 
able. Among others, Boltzmann’ and Matano* have 
shown that the concentration c depends orily on 
(x/t”) in the case of diffusion between two semi- 
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infinite spaces with uniform initial concentrations: 


[2] 


Moreover, Boltzmann and Matano have shown 
how D may be calculated as a function of concentra- 
tion over the whole range of composition from c = 
c, toc = c, if c as a function of (x/t”) for the initial 
conditions stated in eq 2 has been determined ex- 
perimentally. Thus, for instance, in principle, the 
diffusion coefficient in silver-gold alloys may be 
calculated as a function of concentration for the 
whole range of composition from only one diffusion 
experiment with a couple of pure silver and pure 
gold welded together. 

If the diffusion coefficient D as a function of con- 
centration c is known, a solution of eq 1 for bound- 
ary conditions as stated in eq 2 with arbitrarily 
chosen values of c, and c, may be wanted. For in- 
stance, if the diffusion coefficient in an alloy A-B 
as a function of concentration has been derived 
from an experiment with a diffusion couple involv- 
ing 0 and 30 pct B as initial concentrations, the cal- 
culation of the concentration distribution in a diffu- 
sion couple involving other initial concentrations, 
e.g., 5 and 20 pct B, may be desired. This problem 
may be solved by numerical or graphical integra- 
tion of eq 1. The solution of an ordinary differential 
equation of second order, which results from using 
(x/t”) as an independent variable, can be com- 
puted quite rapidly if two conditions for the same 
value of the independent variable are given. In 
eq 2, however, two conditions are given for two 
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Fig. 1—Auxiliary parameter g as a function of (y, —y,) = 
B(c,— 


different values of the independent variable, viz., 
for (x/t”) = — o and (x/t”) = + o. In this case 
a solution of eq 1 with D as an empirical function 
of c is not easy to compute. 

If, however, D as a function of c is represented 
either by a linear or an exponential function, it is 
possible to calculate the value of c for given values 
of x and t with the aid of appropriately defined 
auxiliary functions, which can be computed quite 
easily and can be tabulated in the same manner as 
other transcendent functions, e.g., the error function. 

In view of available results for the systems Fe-C,* 
Cu-Zn,” Cu-Al,” ° Cu-Be,* Cu-Si,’ Cu-Sn,” Fe-Mn,’ 
Fe-Ni,° the assumption of an exponential function 
for D(c) seems to have a wider applicability than 
the assumption of a linear relation between D and c. 
Thus, the following analysis is based on the rela- 
tion: 

exp {Ble — (cx + es) [3] 


where D, is the diffusion coefficient for the average 
concentration c, = % (c,+c.) and 8 is a constant 
to be calculated from the slope of a plot of the log- 
arithm of D vs. c: 

Ine Dice [4] 


Such an analysis presupposes, of course, that the 
diffusion coefficient is a single-valued function of 
composition, temperature, and pressure, which may 
be considered as the independent thermodynamic 
variables. In other words, each volume element is 
assumed to represent a state of local thermodynamic 
equilibrium. In the case of Cu-Zn alloys, this as- 
sumption does not hold according to da Silva and 
Mehl’ because of local degeneracies of the lattice. 
Such cases are excluded from the present treatment. 


Calculation of the Concentration Distribution in 
Diffusion Couples 
The dimensionless group: 


z= x/[2(Dit)*] [5] 


is introduced as an independent variable with D, as 
the diffusion coefficient for c = c, i.e., the concen- 
tration at the Matano interface, x = 0, which is de- 
termined by the condition that: 


—c,) dx = (C2—c) dx [6] 


The calculation of c, from given values of c, and c, 
is shown below in eq 21. 

To express the concentration, the dimensionless 
group: 
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Ye (Ci + C2) [7] 
Ca) 
is introduced whereupon the inverse relation is 


obtained: 


Substituting eqs 8, 3, and 5 in eqs 1 and 2, the 
following is obtained: 


d 
dz 


ay | ; dy 
Ye q (W — wo) 2 = 0 9 


¥(z=—o) [10] 


where ¥ = ¥ (z = 0) and q is a parameter defined 
as the dimensionless group: 


q = Bf — [11] 


which according to eq 4 equals the natural logarithm 
of the ratio of the diffusion coefficients for the con- 
centrations c, and 

The function ¥ defined by eqs 9 and 10 may be 
regarded as a modified error function; it becomes 
identical with the error function for q = 0. 

To compute numerical values of the function 
yY(zZ, q), another dimensionless group is introduced as: 


y = B &) [12] 
whereupon eq 3 becomes: 
[13] 


with D, as diffusion coefficient for c =c,. Substitu- 
tion of eqs 5, 12, and 13 in eq 1 gives: 


d d dy 
Introducing the auxiliary variable: 
aL [15] 
into eq 14, gives: 
u(d’u/dz’) + 2 z(du/dz) = 0 [16] 
Solutions of eq 16 from z = —o to z = + oo for 


the initial conditions: 
y= = latx = 0; 9 = (dy/dz).2. = 


have been obtained with the aid of the M.1.T. dif- 
ferential analyzer. 

For each auxiliary parameter g there are two 
limiting values, y, = y (2 = — 0) andy. = y (2 = 
+ c), with opposite signs. In view of eq 12, these 
values are related to the initial concentrations c, and 
DY: 


= B (C1 — &) [18] 
Yo = B (C2 — C) [19] 


Upon substracting corresponding sides of eqs 18 
and 19, the following is obtained with the aid of eq 


Y2— = B (C2 — C1) [20] 


Fig. 1 shows the relation between Ye — y: and the 
parameter g. 


Moreover, it follows from eqs 18 and 19 that: 
O=%(a+e) —% ¥2)/B [21] 
Substitution of eq 21 in eq 3 gives: 
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D, = Dic = Diexp[—% (yi + [22] 
To facilitate the computation of D,, a graph for 
Ye (y. + y2) as a function of g is shown in Fig. 2. 


According to eqs 12 and 7, the values of w are 
obtained from the relation: 


y¥—% (wt 92) 
Numerical values of the function y(z, g) are 


compiled in Table I. For negative values of the 
parameter g the following relation may be used: 


[23] 


(2,—9) =—¥ (—2,Qg) [24] 

In view of the regularity of differences between v 
values for different g values but equal z values, it is 
believed that the error in y is, in general, not greater 
than one figure in the last decimal, except for g = 
—1.6 to g = — 2.4 for which the accuracy is less 
because of rather sudden changes in the values of 
the first derivative of ¥ as a function of z. 

In order to obtain the concentration distribution 
for a diffusion couple with given initial concentra- 
tions c, and c, and known values of D, and £, the 
procedure is as follows: 

1—Read the value of the auxiliary parameter g 
for the known value of (y. — vy.) = B (c. —¢,) from 
Fig. 1. 

2—Read the value of %(y, + y.) for the auxiliary 
parameter g from Fig. 2. 

3—Calculate the value of D, from eq 22. 

4—-Plot ¥ for the auxiliary parameter g as a func- 
tion of z with the aid of Table I. 

In view of eqs 5 and 8 the plot ¥ vs. z gives the 
concentration c at any distance x from the Matano 
interface and any time t. 

Instead of using Figs. 1 and 2, the values of g and 


~ 
02 04 06 O08 1.0 1.2 1.4 1.6 
Fig. 2—Y2(y, + y.) as a function of g. 
interpolation formulas: 
g = 0.564 (y2— 1) — (y2— 
+ 6.4°107 (y2— [25] 
+ yo) = — 0.1449° — 0.00389* [26] 


The flux S, across the Matano interface at x = 0 
equals according to Fick’s first law and eqs 8 and 5: 


where S, is the transport rate in the direction of the 
x-axis in g-atoms per sq cm per unit time if the 
concentration c is expressed in g-atom per cu cm. 
Using eqs 7, 3, and 5, an empirical relation between 
g and (y.— is obtained: 


(d¥/dZ) ==, g/[% (y2 = = 1.128 — 0.030g° [28 ] 


For the extreme case g = 2.4 (corresponding to a 
ratio D(c.)/D(c:) = 150) the value of (d¥/dZ).-o 
equals 0.96 and thus does not differ widely from the 
value of 1.128 for g = 0, valid if the diffusion coef- 


%(y. + y2) may be calculated from the empirical ficient is independent of concentration. Conse- 
Table I. Numerical Values of the Function 1000 ¥(z, g) 
Zz g9 = 0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 1.6 1.8 2.0 2.2 2.4 
| . —998  —1000 
= 99068 1998 1000 
“og | —742 —751 — 765 — 781 804 834 870 —912 952 984 997 —1000 
14 46 78 111 143 176 209 240 272 
0.0 0 32 64 97 129 161 193 225 256 288 320 349 380 
+0.1 112 143 174 205 235 265 295 325 353 382 411 438 466 
+02 223 250 278 305 332 359 385 411 436 462 487 511 535 
+0.3 329 352 374 397 420 442 465 487 508 530 552 572 593 
f 462 481 499 517 535 553 570 589 607 624 642 
1 624 640 654 668 684 
+0.5 520 531 543 555 568 582 596 61 
0.6 604 608 614 622 631 640 650 661 672 684 696 709 720 
$0.7 678 677 678 681 686 691 698 706 713 7123 732 740 751 
$08 742 737 733 733 734 736 740 745 750 757 764 771 779 
+0.9 797 788 781 778 776 775 177 779 782 787 792 798 804. 
+10 843 831 823 816 812 810 809 809 810 813 817 820 825 
P11 880 868 858 849 844 839 837 836 935 837 839 841 845 
+12 910 899 886 878 871 865 861 859 857 858 858 859 862 
$13 934 922 911 901 394 888 883 879 878 876 876 876 877 
p14 952 941 931 921 913 906 901 897 894 892 891 890 891 
$15 966 956 947 938 930 924 917 913 909 906 905 903 903 
16 976 968 959 951 943 937 931 926 922 919 917 915 915 
tL 984 977 969 962 955 948 943 938 933 930 928 924 924 
iy 989 984 977 971 964 958 953 948 943 940 937 934 933 
Her 993 989 983 978 972 966 961 956 952 949 946 943 941 
fo 0 995 992 988 983 978 973 968 964 959 956 952 950 948 
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Fig. 3—Concentration distribution in a Cu-(Cu, Al) diffusion 
couple after 305 hr at 889°C. 


quently, the flux S, across the Matano interface is 
nearly the same even when the diffusion coefficient 
varies considerably with concentration, provided 
that in eq 27 the diffusion coefficient D, is employed. 
In the case of a concentration-dependent diffusion 
coefficient, however, the concentration distribution 
on the two sides of the Matano interface is remark- 
ably asymmetric as shown in Fig. 3 for g = 1.7, cor- 
responding to a value of D(c.)/D(c,) = 26. 

Thus far it has been assumed that the diffusion 
coefficient is an exponential function of the concen- 
tration in accordance with eq 3. If this assumption 
does not hold strictly, the foregoing analysis may be 
used as an approximation. It is recommended that 
the analysis be based on the diffusion coefficients 
for the concentrations c = %(c, + — (ce: — 
andc = %(ca +c) + %(ce:—¢,) as the most repre- 
sentative values, corresponding to the average con- 
centration %(c, + c.) + 25 pct of the total concen- 
tration difference (c, — c,). Thus: 


1 
Wy (Cc. — 
D[c= % (a + % [29] 


D[e=% (a +c) — & 


- {D[c= % (a +.) —% [30] 


For the sake of illustration, these equations are 
applied to experimental data reported by da Silva 
and Mehl.’ Fig. 3 shows the concentration distribu- 
tion for a diffusion couple consisting of pure copper 


and a Cu-Al alloy with 16 atomic pct Al (sample B 
39-I) after heating the sample 305 hr at 889°C. The 
concentrations c, and c, in mol fractions are 0.00 and 
0.16, respectively. According to Fig. 32 of da Silva 
and Mehl’s paper, D(c = 0.04) = 1.4:10° sq cm per 
sec and D(¢ = 0.12) = 7.2-10% sq cm per sec whence 
according to eqs 29 and 30, 8 = 20.5 and D, = 3.2: 
10° sq cm per sec. Following the procedure out- 
lined above, the following is obtained consecutively: 
B(e2—G) = 38.28; g = 1.7; = —0.45; 
Co = 0.102; D, = 5.0-10° sq cm per sec. With the aid 
of these data and Table I the solid curve in Fig. 3 
has been drawn. Minor deviations between observed 
values (indicated by open circles) and the calcu- 
lated curve are due to uncertainties of the experi- 
mental values and to the fact that the concentration 
dependence of the diffusion coefficient is not strictly 
exponential. 


Calculation of the Concentration Distribution 
for Diffusion from or to the Surface of a Sample 
If a substance diffuses from the interior of a 
sample with uniform initial bulk concentration c, 
to the surface, or vice versa, eq 1 must be solved 
with the boundary conditions: 


C= Gene =v) 


[31] 


where «x is the distance from the surface and c, de- 
notes the surface concentration for t > 0. 

For an exponential dependence of the diffusion 
coefficient D on concentration it follows that: 

D =D, exp [B(e—e.).] [32] 
where D, is the diffusion coefficient for the surface 
concentration c¢,. 

Solutions for special values of @ have already 
been reported by Crank and Henry’ in a paper deal- 
ing with diffusion of plasticizers into air from high 
polymer foils. 


Upon introduction of eq 32 and the auxiliary vari- 
ables: 


[34] 
Eqs 1 and 31 become: 
( ex 22. =0 [35] 
dz, 2 dz, 
x(Z = 0) = 0; 0) = 1 [36] 


Table Numerical Values 


of the Function 1000 ~(z,, g) 


g =—2.4 —2.2 —2.0 —1.8 —1.6 —1.4 —1.2 —1.0 —0.8 —0.6 —0.4 —0.2 0.0 +0.2 +0.4 40.6 40.8 +1.0 $1.2 +1.4 41.6 +1.8 +2.0 42.2 42.4 


Zs 

0.0 0 0 0 0 0 0 0 0 0 0 0 

0.1 Ot 93 96 99 102 105 107 110 
0.2 182 185 189 193 196 200 204 207 210 214 217 220 
0.3 330 325 323 322 321 322 322 323 324 325 325 

0.4 600 520 497 479 466 457 449 443 439 435 433 430 
0.5 877 775 709 660 624 600 580 564 551 541 534 

0.6 995 960 898 833 778 737 704 678 657 639 626 

0.7 1000 9 981 944 896 851 811 777 750 727 ‘708 

0.8 1000 998 987 962 928 891 857 827 800 779 

0.9 1000 998 989 970 944 915 886 860 836 

1.0 1000 998 989 974 953 929 905 883 

ali 1000 996 989 976 958 939 919 

1.2 999 996 988 977 961 945 928 
1.3 1000 998 995 987 977 964 

1.4 999. 998 994 986 977 965 
1.5 1000 999 997 992 986 977 
1.6 1000 999 996 992 

Uses 1000 998 995 

1.8 999 998 

1000 999 

2.0 1000 
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16 
| | 
| 
| 
| | | | 
| 
| | | | 
| | | 
112 115 117 120 122 124 126 128 130 132 134 136 i38 
223 226 228 231 233 236 238 240 242 244 246 9248 250 
329' 330 331 333 334 335 336 338 339 340 341 342 344 
429 427 426 425 424 424 423 423 422 422 422 492 499 
520 516 512 508 505 502 499 497 495 494 492 491 489 
604 595 588 582 576 571 567 563 559 556 553 550 548 
678 666 656 647 639 632 626 620 615 610 608 602 599 
742 728 715 704 694 685 677 670 664 658 653 648 644 
797 781 766 754 742 732 723 715 707 700 694 688 683 
843 826 811 797 784 1773 763 754 745 738 731 724 718 
880 863 848 833 820 809 798 788 779 771 763 756 749 
910 896 879 865 851 839 828 818 808 800 792 784 777 
934 919 905 891 878 866 855 844 835 825 817 809 802 
952 939 926 913 900 889 878 867 857 848 840 3832 824 
966 955 943 931 919 910 897 887 877 868 860 852 844 
976 967 956 946 935 925 914 904 895 886 878 870 862 
984 976 967 958 948 938 929 919 910 902 893 885 878 
989 983 976 986 959 950 941 932 924 915 903 900 892 
993 988 982 975 968 960 952 944 935 928 920 912 905 
995 992 987 981 975 968 961 953 945 938 929 923 916 


where r is a parameter defined as the dimensionless 
group: 


r = 


which according to eq 32 equals the natural log- 
arithm of the ratio of the diffusion coefficients for 
the concentrations c, and c,. 

The function x defined by eqs 35 and 36 may be 
considered as another type of modified error func- 
tion. 


Substituting eqs 32 and 33 and: 
[38] 


in eq 1, eq 14 with z, instead of z is obtained. In 
view of eqs 31 and 38 the integration is to be per- 
formed with y = 0 for z, = 0 as lower limit. Thus 
the values of y calculated above can be used. In 
view of eqs 31 and 34: 


y(z = 0) =r= B(c,—Cc,) [39] 
= y/y(Z. = 0) [40] 


Fig. 4 shows the limiting values of y(z, = «) as 
a function of the auxiliary parameter g used for the 
integration of eq 16. Numerical values of x(zZ., 9) 
are compiled in Table II. 

In order to obtain the concentration distribution 
for diffusion from the surface to the interior of a 
sample, or vice versa, the procedure must be as 
follows: 

1—Read the value of the parameter g for the 
value of y(x = ~) = B(c,—c,) from Fig. 4. 

2—Plot x for the parameter g as a function of z, 
with the aid of Table II. 

From eqs 33 and 34 it follows that the concentra- 
tion c at any distance x and any time t equals: 


Instead of using Fig. 4, the values of g may be cal- 
culated with the aid of the empirical interpolation 
formula: 


1,128 y(z, = &) 
1.128[8(c, —c.) ] 


= [42] 
1 — 0.177[B(c. — ] 


According to Fick’s first law and eqs 4 and 33, the 
flux S(a2 = 0) across the surface becomes: 


— ¢.) (dx/dz.). _, [43] 


From eqs 17, 40, and 42 it follows that: 
(dx/dz.)... = g/y(z. = 0) 
1.128 


= [44] 
1—0.177[B(c. — J 

If B is positive (ie., the diffusion coefficient in- 
creases with concentration) and if the substance 
diffuses from the surface into the interior of a sam- 
ple with zero initial concentration (i.e., c, —¢, < 0), 
the value of g is negative. For relatively high nega- 
tive values of g (<— 1.6), there is a remarkably 
sharp decrease of the concentration at a certain dis- 
tance from the surface. Thus there is virtually a 
“front” of the diffusing substance as has been 
pointed out by Crank and Parks’ in regard to diffu- 
sion of plasticizers into high polymers. A similar 
situation is found if the diffusion coefficient is pro- 
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portional to concentration. In this case, the concen- 
tration does not decrease asymptotically to zero, but 
there is a definite distance beyond which the con- 
centration is zero.” 

Summary 

1—A solution for the concentration distribution in 
diffusion couples is presented for the case where the 
diffusion coefficient is an exponential function of the 
concentration of one of the components of a binary 
alloy. Numerical values for the new function y are 
compiled in Table I. 

2—A solution has been worked out for diffusion 
of an alloying element to or from the surface of a 
sample, if the diffusion coefficient is an exponential 
function of the concentration. Numerical values for 
the new function x are compiled in Table II. 

3—On the basis of a paper by Hartley and Crank, 
definitions of modified coordinate systems are given 
in order to obtain the conventional generalized form 
of Fick’s second law if an alloy cannot be regarded 
as a rigid framework. 
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Appendix 

The conditions for the validity of the conventional 
generalized form of Fick’s second law in eq 1 have 
been stated by Hartley and Crank.* By and large, a 
modified coordinate —€ has to be used instead of x in 
em, if the alloy cannot be regarded as a rigid frame- 
work. The appropriate definition of & depends on the 
choice of units for concentrations. In the case of alloys, 
there are mainly two possibilities if the cross-sectional 
area in sq cm is constant. This condition is probably 
satisfied whenever the breadth of the sample is much 
greater than the effective depth of the diffusion zone. 

In the first place, the concentrations of a binary alloy 
A-B may be indicated in mol fractions N, and N,, 
especially in the case of substitutional alloys. 

According to Hartley and Crank the coordinate = 
may then be defined so that equal increments of — cor- 
respond to equal increments of the total number of 
gram-atoms of the alloying elements. To this end, the 
following definition may be used: 


where V is the local atomic volume (i.e., the volume 
per 1 g-atom of the alloying elements), and V, is the 
atomic volume of a suitable reference alloy. Thus, the 
total number of gram-atoms of the alloying elements 


+2.4 
+2.0- 
+1.6 7 


+1.2- + 


+0.8 


+0.4- 


+0.0 FS 
-0.4+ 


-0.8 


-2.0F 


-2.4 


-1,0 -0.5 +0.5 +15 
y (z, 


Fig. 4—Auxiliary parameter g as a function of y(z,= co) = 
Bl(c, —C,). 
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between the coordinates — and — + d& equals (A/V,) dé, 
where A is the cross-sectional area in sq cm, sup- 
posedly independent of 2x. 

Upon integration of eq 45, the following is obtained: 


5 = fj (V-/V) dx [46] 


which equation is to be used for practical computa- 
tions of — if the local composition and thus V for 
given values of x is known. 

Conversely, if the solution of the generalized form of 
Fick’s second law in eq 54 has been obtained and thus 
the mol fraction and V as functions of — are known, 
the inverse relation must be used: 


x = ft (V/V,) dé [47] 


For substitutional alloys with a cubic structure, eq 
45 may be written as: 


d& = (a,/a)*dx [48] 


where a is the local lattice parameter and a, is the 
lattice parameter of a reference alloy. 


For the number 1 of gram-atoms of component A 
of a binary alloy A-B passing a cross-section at a fixed 
value of § per unit time: 


N, N,Av 
A 49 


as the generalized equation of Fick’s first law where 
TF, denotes the “intrinsic diffusion coefficient” of com- 
ponent A (defined for N,/V, as a measure of the con- 
centration of component A according to Hartley and 
Crank’) and v is the displacement of a physical cross- 
section (eventually indicated by markers) per unit 
time in ecm per sec with respect to the § coordinate 
system at the point under consideration. 


Likewise, then for component B: 


N,Av 


In view of the definition for — in eq 45, the change 
in the total number of gram-atoms in a volume ele- 
ment between — and — + dé vanishes. Thus 


(ng + ng) /OE = 0 [51] 


Upon combining eqs 49 to 51, v may be eliminated 
and the net gain of component B in the volume ele- 
ment may be calculated between & and € 4+ dé. Divid- 
ing this value by (A/V)dx = (A/V,) dE, i.e., the total 
number of gram-atoms of the alloying elements in this 
volume element, the following is obtained: 


[50] 


ON; ON; 
) [52] 
ot 
where 
[53] 


is the “interdiffusion coefficient” in accordance with 
Darken.* 

Eq 52 has the generalized form of Fick’s second law, 
which has been stated in eq 1 with c instead of N, and 
x instead of &. 

Under most conditions, use of — instead of x in cm 
is an academic problem, for, in general, solid solutions 
extend over a wide range of composition only if the 
atomic radii do not differ considerably. As an excep- 
tional case there is the system Au-Ni where the volume 
of the unit cell, a’, varies from 43.3 to 67.4 A*®. This 
variation seems particularly important if the position of 
the Matano interface is calculated from experimental 
data. 

Da Silva and Mehl’ have suggested measuring the 
distance in the direction of the diffusion current by 
the number of lattice spacings. This procedure is equi- 
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valent to the introduction of a dimensionless variable 
&’ defined by the relation: 


= dzx/a [54] 


Upon multiplying &’ by a, as a constant factor, a form 
similar to eq 48 is obtained: 


d&” = ad & = (a-/a) dx [55] 


Use of the coordinates defined by eqs 54 and 55 
would lead to a relation of the general form in eq 52 
only if the cross-sectional area in terms of the number 
of unit-cell areas were independent of x. However, 
this is not the case in the experiments reported by da 
Silva and Mehl, for the cross-section of the initial and 
the heated sample was constant regardless of varia- 
tions of the lattice parameter. If the cross-section in 
sq em is constant, use of eqs 54 and 55 leads to an 
equation which is more involved than eq 1 or eq 52. 
From a practical point of view it is desirable to obtain 
the form of eq 1. Consequently, for concentrations in 
mol fractions and a constant cross-sectional area in sq 
cm, eq 45 must be used, or eventually eq 48, rather than 
eqs 54 and 55. Fortunately, use of eq 48 instead of eq 
54 does not materially affect the evaluation of the 
experiments of da Silva and Mehl (except for the cal- 
culation of the Kirkendall effect in Cu-Al alloys). 

In the case of interstitial cubic alloys with atoms of 
component B on interstitial sites, the foregoing equa- 
tions also hold except that eq 48 must be replaced by: 


d& = [56] 


where Naw is the mol fraction of component A in the 
reference alloy. The expression in brackets in eq 56 is 
equal to the volume ratio V,/V as follows readily from 
an elementary calculation. 

Eventually, the concentration in interstitial alloys 
may be expressed by the atomic ratio of the two com- 
ponents, y = N;z/N.s. Then, according to Hartley and 
Crank, eq 45 must be used with V’ instead of V where 
V’ is the volume of an amount of alloy containing 1 
g-atom of component A, since for use of the concentra- 
tion y equal increments of € must correspond to equal 
increments of the number of gram-atoms of component 
A. Instead, eq 48 for cubic structures may be used 
without change. Following these recommendations, the 
general form of eq 1 is obtained with y instead of c and 
— instead of x. 

If concentrations are expressed by weight fractions, 
specific volumes (i.e., volumes per 1 g of alloy) must 
be substituted for atomic volumes in eq 45. This pro- 
cedure has been suggested by Hartley and Crank* for 
systems involving high polymers but does not seem 
profitable in the case of alloys, since use of mol frac- 
tions or atomic ratios gives a better basis for subse- 
quent theoretical evaluations. 
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Low Melting Gallium Alloys 


by R. M. Evans and R. |. Jaffee 


a recent years, the interest in liquid metals as heat- 

transfer media for power plants has been very 
great. The possibility of the development of nuclear 
power plants has increased this interest and served 
as the impetus behind much research on low melting 
metals and alloys for such purposes. The principal 
reasons for consideration of liquid metals as heat- 
transfer media lie in their high thermal conductivity 
and consequent high heat-transfer coefficients, sta- 
bility at high temperatures, and the high ranges of 
temperature possible. 

The element gallium possesses some of the re- 
quisite properties for a heat-transfer liquid. It is a 
unique material, having a low melting point and a 
high boiling point. Pure gallium melts at 29.78°C, 
and suitable alloying will produce a metal which 
melts below room temperature. The boiling point is 
about 2000°C. As it is a liquid metal, the heat- 
transfer characteristics would be good. Gallium is 
not now readily available, due in part to a lack of 
uses for the metal. Nevertheless, it is not a rare 
element, and a sufficient supply of gallium exists to 
permit its consideration for this use. 

Since gallium has some promise as a heat-transfer 
liquid, owing to its unique properties, research on 
the subject was carried on at Battelle Memorial In- 
stitute at the request of the Bureau of Ships, U.S.N. 
The research had as its objectives the determination 
of the effect of alloying on the melting point of gal- 
lium, and the study of the corrosion of possible con- 
tainer materials. 

In this research, alloys were found which had 
significantly lower melting points than pure gallium, 
but none which simultaneously fulfilled other addi- 
tional requirements, chiefly the corrosion problem. 
Neither was it found possible to reduce the melting 
point of certain otherwise suitable alloys appreciably 
by small additions of gallium or gallium alloys. 

The results gave little hope that gallium alloys 
can be developed which enhance the good properties 
and minimize the undesirable characteristics of 
elemental gallium. Thus, gallium now appears less 
promising than other metallic heat-transfer media. 

The experimental thermal-analysis techniques used 
in this work have been described." 


Experimental Results 


As a first approximation, the development of low 
melting gallium alloys was based on alloying ele- 
ments suitable for use in a nuclear power plant, 
which also lowered the melting point of gallium. 

Information from the literature, summarized in 
Table I, indicates that tin, aluminum, and zinc are 
the only suitable elements which cause a lowering 
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of the melting point of gallium. Indium and silver 
also lower the melting point of gallium, but are of 
little interest for use in nuclear power plants. Of the 
elements reported not to lower the melting point of 
gallium, there is some ambiguity on the behavior of 
copper. Weibke’ obtained solidus arrest temperatures 
of 29°C for Cu-Ga alloys from 60 to 90 pct Ga, 0.8°C 
lower than the generally accepted melting point. 
This may be the effect of a eutectic close to gallium, 
or, more likely, the result of impurities, or experi- 
mental error. 

The seven elements listed in Table I whose effects 
were not known were of potential interest if they 
lowered the melting point of gallium. Their effects 
were determined experimentally for this reason. 
Binary alloys containing nominally 2 pct of each of 
these elements were prepared in the form of 2-g 
melts by placing the components in a graphite cru- 
cible and holding them in an argon atmosphere at 
370°C for 5 hr. These melts were then subjected to 
thermal analysis. In all cases, the solidus tempera- 
ture was the melting point of gallium. Since these 
elements (As, Ca, Ce, Mg, Sb, Si, and Tl) did not 
lower the melting point of gallium, they were not 
considered further as components of a eutectic-type 
alloy. 

Ga-Sn-Zn Alloys 

Preliminary considerations of this system for low- 
melting alloys were encouraging. All three binary 
systems were of the simple eutectic type. The com- 
position and melting points of the eutectics were as 
follows: Sn-9 pct Zn (199°C), Ga-8 pet Sn (20°C), 
and Ga-5 pct Zn (25°C). Therefore, the probability 
of a ternary eutectic was high. For reasons to be dis- 
cussed later, aluminum could not be used as an 
alloying constituent, leaving the Ga-Sn-Zn system 
as the only one of interest for low-melting gallium- 


Table |. Available Information on the Effect of Binary Additions on 
the Melting Point of Gallium 


Ga-Rich Eutectic 
Pet Tem- 


Addi- pera- Refer- 


Metal Type of Effect tion ture, °C ence 
Sn Melting point lowering 8 20 2 
Al Melting-point lowering Near Ga 26 4 
Zn Melting-point lowering 5 25 2 
In Melting-point lowering 25 16 5 
Ag Melting-point lowering 5 25 6 
Bi No effect on melting point 0) 30 2 
Pb No effect on melting point 0 30 2 
K No effect on melting point 0 30 7 
Na No effect on melting point 0 30 Lf 
Cd No effect on melting point 0 30 2 
Hg No effect on melting point 0 30 2 
Cu No effect on melting point 0 30 3 
AS Effect not known 

Ca Effect not known 

Ce Effect not known 

Mg Effect not known 

Sb Effect not known 

Si Effect not known 

ut Effect not known 


TRANSACTIONS AIME 


FEBRUARY 1952, JOURNAL OF METALS—153 


This page of Metals Transactions AIME follows p. 96. The intervening 
non-Transactions pages appeared in the Journal of Metals. 


| 
| 


rich alloys of three or more components. Conse- 
quently, considerable effort was expended in work- 
ing out the liquidus surface. 

By thermal-analysis methods, it was quickly found 
that the ternary-eutectic temperature was 17°C, 3° 
lower than that of the Ga-Sn eutectic. The ternary- 
eutectic composition was found by following the 
eutectic-valley lines issuing from the three binary 
eutectics, as determined by thermal analysis of se- 
lected ternary alloys. The composition found was 
82 pct Ga-12 pct Sn-6 pct Zn. This ternary alloy 
contained less gallium than either binary eutectic 
and had a lower melting point. 

Compositions and thermal arrests of Ga-Sn-Zn 
alloys are given in Table II. Data on the binary Ga- 
Sn and Ga-Zn systems were taken from Puschin and 
coworkers, and data on the Sn-Zn system from 
Hansen. The liquidus surface obtained for the Ga- 
Sn-Zn system is shown in Fig. 1, with an enlarged 
view of the gallium-rich corner in Fig. 2. The field 
where primary gallium is crystallized is not known 
with precision, because not enough alloys were tested 
to determine it completely. The surface shown is 
accurate to +2.5°C, however. The eutectic line arrests 
obtained experimentally were checked against those 
expected from the liquidus surface. In all cases, a 
good check was obtained. 

Several attempts were made to determine the 
ternary-eutectic composition by filtering a partially 
molten alloy at the ternary-eutectic temperature. 
An alloy of 85 pct Ga-13 pct Sn-2 pct Zn weighing 
16 g was made up for these tests. It was cooled until 
eutectic supercooling had taken place and solidifica- 
tion started. The partially solidified alloy at 17°C, 
the eutectic temperature, was then filtered through 
a sintered-quartz filter. The filtrate weighed 11 g 
and analyzed 86.4 pct Ga-11.8 pct Sn-2.0 pct Zn. 
This obviously does not agree with the eutectic com- 
position obtained by thermal analysis. The ternary 
freezing diagram in Fig. 1 permits an explanation 


of the discrepancy: the eutectic-line arrest was super- 
cooled, and, when the filtration was made, the liquid 
of the eutectic-line composition was filtered. The 
eutectic-line composition, when all primary tin had 
crystallized, would be 87.5 pet Ga-10.5 pct Sn-2.0 
pet Zn. Since the actual filtrate is halfway between 
this composition and the original melt, it appears 
that about half the primary tin also got through the 
filter. From this, and similar experiences, it was con- 
cluded that filtration to isolate eutectic liquids is un- 
reliable for gallium-rich alloys. 

In considering the Ga-Sn-Zn alloys for liquid- 
metal use, it would appear better practice to choose 
compositions on the Ga-Sn side of the eutectic valley 
because of the steep slope of the liquidus surface of 
the primary zinc field. In this way, much better con- 
trol of the liquidus temperature would be possible, 
since small variations in composition would have 
little effect on the melting point. 


Alloys Containing Aluminum 

Aluminum added to Ga-Sn-Zn alloys at first ap- 
peared to be advantageous. The invariant point of 
gallium-rich Ga-Sn-Zn-Al alloys on a virgin run 
was found to be 15.5°C. However, on rerunning the 
same alloys, the invariant point obtained was 17°C, 
identical with that of the Ga-Sn-Zn eutectic. 

The Ga-Sn-Zn-Al alloys were found to oxidize 
very rapidly in air at room temperature. Held at 
50°C for 3 to 4 hr, they tended to turn to powder. 
To see which of the elements was promoting the 
oxidation, the alloys listed below were held in air at 
100°C for 24 hr and the following observations were 
made: 


Alloys 
80 pct Ga-20 pet Sn 


Observations 


Some skin, not serious 

97.5 pect Ga-2.5 pet Zn Heavy skin, not serious 

97.5 pct Ga-2.5 pet Al Heavy skin, re-forms on removal 

78 pct Ga-20 pct Sn-2 pct Zn Some skin, not serious 

78 pct Ga-20 pct Sn-2 pct Al Very bad oxidation, little liquid left 


It is apparent that aluminum is responsible for the 
bad drossing of Ga-Sn-Zn-Al alloys. Drossing caused 


Table II. Thermal-Analysis Data on Ga-Sn-Zn Alloys 


Thermal Arrests 


Allo Composition, Wt Pct Liquidus, Eutectic Solidus, Type of 
No. Ga Sn Zn °C Line, °C °C Curve Used 
1 20 74.0 6.0 149 17 Inverse Rate 
4 20 72.0 8.0 147 17 Inverse Rate 
3 20 70.0 10.0 165 146 17 Inverse Rate 
p2 20 79.0 1.0 163 Inverse Rate 
22 20 77.0 3.0 157 17 Inverse Rate 
23 20 60.0 20.0 225 141 ity Inverse Rate 
32 20 65.0 15.0 199 144 Not checked Inverse Rate 
4 40 55.0 5.0 115 Not checked Inverse Rate 
5 40 53.0 0 13 Inverse Rate 
6 40 50.0 10.0 120-125? 111 17 Inverse Rate 
24 40 59.0 1.0 22 Not checked Inverse Rate 
25 40 57.0 3.0 117 Not checked Inverse Rate 
29 40 45.0 15.0 163 106 Not checked Inverse Rate 
31 40 47.5 12.5 148 107 Not checked Inverse Rate 
18 50 34.0 16.0 157 85 17 Inverse Rate 
19 50 28.0 22.0 182 76 Not checked Inverse Rate 
20 50 22.0 28.0 203 65 Not checked Inverse Rate 
z; 60 36.0 4.0 80 Not checked Inverse Rate 
8 60 33.0 7.0 77 17 Inverse Rate 
9 60 30.0 10.0 72 Not checked Inverse Rate 
26 60 39.5 0.5 87 Not checked Inverse Rate 
27 60 38.0 2.0 84 Not checked Inverse Rate 
28 60 25.0 15.0 141 62 16 Inverse Rate 
30 60 27.5 12.5 125 64 Not checked Inverse Rate 
10 80 17.0 3.0 32 18 Inverse Rate 
11 80 14.0 6.0 26 21 17 Inverse Rate 
12 80 11.0 9.0 84 Not checked Inverse Rate 
33 80 7.5 12.5 110 19 16 I R and time temp. 
34 80 4.0 16.0 123 21 16 I R and time temp. 
a7 85 13.0 2.0 18 17 Time temp 
35 86 4.0 10.0 542 22 17 Time temp. 
38 88 8.0 6.0 19.5 17 Time temp. 
13 90 8.0 2.0 19 Li Time temp. 
14 90 5.0 5.0 23 17 Time temp. 
36 90 4.0 6.0 22 16.5 Time temp. 
15 92 2.0 6.0 27 17 Time temp 
16 94 4.0 2.0 27 17 Time temp. 
17 95 2.0 3.0 24 17 Time temp. 
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Fig. 1—Liquidus surface of Ga-Sn-Zn system. 


by the aluminum appears to be worse when tin is 
present. The quaternary arrest reverts to the Ga-Sn- 
Zn arrest as a result of loss of aluminum by oxida- 
tion. 

Dilution of Ga-Sn-Zn Eutectic 


When a material as costly as gallium is intended 
for heat-transfer purposes, it is of interest to dilute 
it as much as possible, while still retaining its low 
melting characteristics. With this view in mind, a 
study was made of methods of diluting the Ga-Sn-Zn 
eutectic so as to maintain its 17°C solidus tempera- 
ture and minimize the increase in liquidus tempera- 
ture. 

Zinc: The Ga-Sn-Zn eutectic alloy may be diluted 
to lower gallium contents with minimum increase 


in temperature by following the eutectic valley to 
the Sn-Zn eutectic, see Fig. 1. The diluted alloys are 
sandy or gritty at room temperature, and do not tend 
to form large lumps. 

Lead-Tin: Only limited data were gathered on this 
dilution. Data obtained on dilution of the Ga-Sn-Zn 
eutectic with 82 pct Sn-18 pct Pb are given in Table 
III. The mixed alloys at room temperature were 
sandy or gritty, similar to the eutectic diluted with 
zinc. 

Lead-Tin-Bismuth: Dilution of the Ga-Sn-Zn eu- 
tectic with the Pb-Sn-Bi eutectic was made at sev- 
eral gallium contents. The results are shown in Fig. 
3. The liquidus of the Ga-Sn-Zn eutectic is raised 
sharply to the Pb-Sn-Bi eutectic temperature by the 
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Fig. 2—Liquidus surface of gallium corner of the Ga-Sn-Zn system. 
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Fig. 3—Dilution of Ga-Sn-Zn eutectic with zinc, Pb-Sn (18 
pct Pb), and the Pb-Sn-Bi eutectic, curves show liquidus tem- 
perature only. All solidus temperatures in range 17° to 22°C. 


addition of Pb-Sn-Bi eutectic. The solidus of the 
gallium alloy is raised slightly at the same time. 
These are practically the conditions for two im- 
miscible liquids, each of which freezes at its own 
melting point. Or, if the liquids are miscible above 
the Pb-Sn-Bi eutectic melting point, it is clear that 
the Pb-Sn-Bi alloy practically all freezes out at its 
freezing point. There appears to be a slight mis- 
cibility between the two alloys, because the solidus 
temperature of the gallium alloy is raised. 

Further evidence of selective freezing of the two 
eutectic components comes from the appearance of 
these alloys at room temperature. The Pb-Sn-Bi 
component solidifies into a single hard lump located 
at the bottom of the liquid-gallium component of the 
alloy. This is a bad characteristic for liquid metals, 
which may have to be pumped through zones of 
variable temperature. 

Comparison of Diluents: Fig. 3 shows the liquidus 
curves obtained with the three diluents. The Zn and 
Pb-Sn mixtures have normal increases in liquidus 
temperature as the gallium content decreases. Also, 
they form true, pasty solid-liquid mixtures on cool- 
ing to room temperature. The Pb-Sn-Bi diluent re- 
sults in a freezing curve characteristic of immiscible 
liquids and crystallizes as a solid lump in the liquid- 
gallium alloy. The best alloys, therefore, for reduc- 
ing the gallium content of a complex system are Pb- 
Sn and Zn. Pb-Sn is preferred, because its liquidus 
curve is 10° to 15°C lower than that of zinc. Addi- 
tional work on variation of the Pb-Sn ratio of this 
diluent might bring further lowering of the liquidus 
temperature. The optimum would be reached when 
the bottom of the eutectic valley to the Pb-Sn binary 
eutectic was located. 


Corrosion of Metals by Ga and Ga Alloys 

Gallium has been found to be very corrosive to 
most solid metals. The present work included an in- 
vestigation of the corrosion of Ta, W, Be, Ti, Mo, 
siliconized Mo, and siliconized Fe. The results of this 
work, together with the results of other work on the 
problem, were adequately summarized by Kelman, 
Wilkinson, and Yaggee.’ It should be pointed out 
here, however, that the Ga-Sn-Zn eutectic alloy was 
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Table Ill. Data for Dilution of Ga-Sn-Zn Eutectic with 
the Pb-Sn Alloy 


Eu- Liqui- Sol- 
tectic, Pb-Sn, Overall Percentage dus, idus, 
Pet Pet Ga Sn Zn Pb °C °C 
0 100 0 82.0 0 18.0 205 183 
18 82 14.8 69.1 3 bal 15.0 146 17 
39 61 32.0 54.7 a3 11.0 nbs 17 

100 0 82.0 12.0 6.0 0 ily 17 


found to be somewhat less corrosive than gallium 
itself. Nevertheless, it may be classed as an extremely 
corrosive material at elevated temperatures. 


Summary 

The low melting point and high boiling point of 
gallium make it of interest as a liquid-metal heat- 
transfer medium. The only alloying elements which 
are suitable for use in nuclear power plants, and, at 
the same time, further lower the melting point of 
gallium, are tin, aluminum, and zinc. The low melt- 
ing gallium alloys with these elements were inves- 
tigated. Aluminum was found to be unsuitable, be- 
cause it made the gallium alloys susceptible to ex- 
cessive drossing. Tin and zinc were found to form a 
ternary eutectic with gallium, located at 82 pct Ga- 
12 pet Sn-6 pct Zn, melting at 17°C. The liquidus 
surface of this system was determined. These data 
show how to dilute the ternary eutectic with zinc 
with minimum increase in melting point. Pb-Sn was 
also investigated as a diluent, and appeared to be 
slightly better than zinc. In the course of this work, 
it was found that As, Ca, Ce, Mg, Sb, Si, and Tl do 
not lower the melting point of gallium. 

The corrosivity of gallium is so great that the only 
metals capable of containing it at elevated tempera- 
tures are tungsten and tantalum. The Ga-Sn-Zn 
eutectic is somewhat less corrosive, but still appears 
to be too corrosive to permit its use as a liquid-metal 
heat-transfer medium. 
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Cast Molybdenum of High Purity 


by G. W. P. Rengstorff and R. B. Fischer 


A study was made of the effect of impurities on the bend ductility 
of cast molybdenum. High purity molybdenum was prepared by re- 
melting under high vacuum. The ductility of “transverse-grain” 
specimens indicated that intergranular brittleness decreased with 

an increase in purity of the metal. 


production of as-cast molybdenum with high 
ductility at room temperature would make work- 
ing of the metal easier and increase the usefulness 
of the as-cast metal. Furthermore, a knowledge of 
the factors that influence the ductility of as-cast 
molybdenum might be applied to the problem of 
making fusion weldments having satisfactory room- 
temperature ductility. 

Individual grains of commercial as-cast molyb- 
denum are slightly ductile at room temperature. 
However, the presence of carbides at the grain bound- 
aries may cause the metal to fracture in a brittle 
manner. This behavior has been discussed.’ 

The amount and distribution of the impurities in 
as-cast molybdenum would be expected, from pre- 
vious research on the metal, to have considerable 
influence on its ductility. Some effects of oxygen and 
carbon on the mechanical behavior of the metal were 
discussed by Parke and Ham,” Woodside,’ and Zappfe, 
Landgraf, and Worden.* Parke and Ham’ found that, 
if a sufficient number of molybdenum oxide particles 
were present at the grain boundaries, the inter- 
granular cohesion was reduced to the extent that arc- 
melted molybdenum would rupture intergranularly 
during hot forging. They also found that if the 
oxygen content was less than 0.003 pct, the cast 
molybdenum was hot forgeable. It is suspected, how- 
ever, that forgeable molybdenum may contain a 
small amount of oxide that could reduce the ductility 
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of the as-cast metal at room temperature. Also, there 
is the possibility of the unfavorable distribution of 
other impurities having a detrimental effect on the 
ductility of cast molybdenum. 

The results of a study of the influence of purity 
on the room-temperature ductility of cast molyb- 
denum are presented here. 


Vacuum Arc-Melting to Produce High Purity Mo 

One way of determining the effect of impurities 
on the ductility of molybdenum is to prepare and 
test metal as free of all impurities as possible. Ac- 
cordingly, the present investigation was undertaken 
with this in view. 

Are melting in high vacuum (less than 0.1 micron 
of mercury) was chosen as the method for reducing 
the impurities below the concentrations occurring in 
commercial molybdenum. Commercial are melting 
of molybdenum is carried out at about 50 microns 
pressure. During the arc melting, carbon and oxygen 
in the metal react to form carbon monoxide. By 
virtue of the vacuum process, the partial pressure of 
carbon monoxide is maintained at such a low value 
that the reaction greatly lowers oxygen and carbon 
contents. An excess of at least 0.03 pct C is used in 
commercial arc melting to insure that the oxygen 
content will be below 0.003 pct. 

The excess carbon remaining after the deoxidation 
step forms carbides on freezing. Some of the car- 
bides precipitate at the grain boundaries and, as will 
be shown, have an unfavorable effect on the room- 
temperature ductility. In the present work, only the 
small amount of carbon (0.003 pet) contained in the 
commercial powder-metallurgy molybdenum used 
for melting stock was present. Partial removal of 
oxygen from the melt probably occurred as the re- 
sult of the volatilization of molybdenum oxides, or 
by distillation of oxygen at the high melting tem- 
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Fig. 1—Vacuum arc furnace used to prepare high 
purity molybdenum ingots. Arrows show schematically 
the direction of flow of cooling water. 


peratures employed. Some metallic impurities may 
also have been volatilized. Hydrogen and nitrogen 
were partially removed during melting. A descrip- 
tion of the arc-melting equipment and procedure 
follows. 

Equipment and Procedure: The arc-melting unit 
used to purify molybdenum consists of a water- 
cooled, molybdenum-tipped electrode, a water-cooled 
copper mold, and a feeder mechanism, all contained 
in a metal bell jar. Part of the furnace is shown in 
Fig. 1. The bell jar is evacuated by oil-diffusion 
pumps with a mechanical back-up pump. The water- 
cooled mold is 1% in. ID and is lined with two layers 
of 0.010 in. thick molybdenum sheet. The water- 
cooled copper electrode is coupled to a molybdenum 
tip about % in. in diam and 2 in. in length. The 
electrode is moved upward or downward by elec- 
trically driven rolls under control of the furnace 
operator. Alternating current (60 cycle at an open- 
circuit voltage of 90) is supplied to the electrode by 
a 160 kva transformer. A variable resistance in the 
circuit permits adjustment of the current as desired 
throughout the melting operation. 

Prior to each melt, the equipment was thoroughly 
cleaned with carbon tetrachloride, the electrode in- 
stalled and centered, the molybdenum sheet liners 


Fig. 3—Reflective area from the interface, shown in Fig. 2, at higher 
magnification. X400. 


Area reduced approximately 50 pet for reproduction. 


positioned in the mold, and the mold plug introduced. 
The molybdenum melting stock was crushed to —8 
mesh and placed in a vibrating trough feeder. A 
molybdenum block was placed on the copper mold 
plug to prevent adherence of the ingot to the mold 
plug, as shown in Fig. 1. On top of this plug was 
placed 50 to 75 g of crushed molybdenum melting 
stock. Finally, a small ball of molybdenum wool was 
placed on the crushed melting stock as an aid in 
starting the arc. 

The bell was dropped over the melting chamber, 
and the chamber evacuated to a pressure of less than 
0.1 micron of mercury. The pumping speed was about 


Table |. Comparison of Impurity Levels of High-Purity Molybdenum 
and Two Samples of Commercial Molybdenum 


Chemical Composition, Wt Pct 


Car- Oxy- Hydro- Nitro- 

Description of Sample bon? gen! gen! gent 
Ingot No. 1. Molybdenum 

purified by special vacuum 

arc-melting techniques 0.0042 0.00064 0.000046 0.00058 
Commercial arc-cast 

molybdenum 0.0322 0.00184 0.00011 0.00068 
Commercially sintered 

molybdenum” 0.0032 0.0078 0.000315 0.0017 


1 Analyzed by vacuum fusion. 


» Carbon was determined by an improved combustion method. 
/” Melting stock for high purity ingots. 


Fig. 2—Micrograph of a grain interface in a fractured molybdenum 
specimen from high purity ingot No. 1. 
This is the surface of a grain revealed when the metal was fractured. 


Round, dark areas are gas holes. X75. Area reduced approximately 
50 pet for reproduction. 
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Fig. 4—Carbides at the grain interface in a fractured sample of 


commercial arc-melted molybdenum containing 0.03 pct tarbon. 
This is the surface of a grain revealed when the metal was fractured. 
X75. Area reduced approximately 50 pct for reproduction. 
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= 
j 
2+ 0.001 pct C. 
3+ 0.001 pct O. 
4+ 0.0001 pct O. 
5+ 0.00005 pct H. 
6 +: 0.00001 pct H. 
7+ 0.001 pct N. 
8+ 0.0002 pct N. 


“LONGITUDINAL - GRAIN" 
SPECIMEN 


"TRANSVERSE - GRAIN " 
SPECIMEN 


Fig. 5—Orientation of specimens machined from 
molybdenum ingots. 


2800 cu ft per min at 0.1 micron pressure and the 
volume of the equipment was about 10 cu ft. The 
leak rate of the equipment was sufficiently low that 
the pressure rise was less than 1/3 micron of mercury 
per min when the valves in the lines to the vacuum 
pumps were closed. 

The arc was started by slowly lowering the elec- 
trode until it touched the ball of molybdenum wool. 
Immediately after the arc was struck, the voltage 
was reduced to about 20 v. At this voltage, and with 
a % in. diam molybdenum electrode tip, the current 
was about 600 amp. Crushed molybdenum was then 
fed slowly into the mold and melted to form an ingot. 
The electrode was gradually retracted as the ingot 
built up in the mold. Some of the molybdenum tip 
of the electrode melted during the course of each 
run and entered the ingot. As the electrode tip short- 
ened, it was necessary to increase the voltage in 
order to maintain the arc. Near the end of the melt- 
ing period, the arc voltage had increased to 30 v and 
the arc current had decreased to 500 amp. The time 
required for melting a 300 to 450 g ingot was 7 to 10 
min. The pressure during the run was less than 0.1 
micron. The ingots were cooled to room temperature 
under the high vacuum. 

Ingot No. 1 had a low oxygen content and was 
produced by are melting for the purpose of compar- 
ing its ductility with that of less pure molybdenum. It 
was prepared by melting commercially pure molyb- 
denum three successive times according to the melt- 
ing practice already described. The final ingot 
weighed about 400 g. The melting stock for the orig- 
inal ingot was a bar sintered from powdered molyb- 
denum and then crushed to —6 +20 mesh. The 
product of the first melting was crushed to the —6 


Fig. 6—Side view of transverse-grain specimen “A” of high purity 


as-cast molybdenum after bend test at room temperature. 
Compare with Fig. 7. X5. Area reduced approximately 25 pet 
for reproduction. 


Fig. 7—Transverse-grain specimen of commercial as-cast molyb- 
denum containing 0.03 pct carbon after bend test. X95. 
Area reduced slightly for reproduction, 
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Table II. Bend-Test Data for Cast Molybdenum Specimens 


Maximum 
Angle of 
Specimen Bend, Deg 
Transverse-grain specimen A, ingot No. 1 (high purity) 751 
Transverse-grain specimen B, ingot No. 1 60! 
Transverse-grain specimen D, commercial molybdenum, 

0.032 pet C 0 
Transverse-grain specimen E, commercial molybdenum, 

0.032 pct C 0 
Longitudinal-grain specimen C, ingot No. 1 53 
Longitudinal-grain specimen F, commercial molybdenum, 

0.032 pet C 37 
Longitudinal-grain specimen G, commercial molybdenum, 

0.032 pet C 28 


7 Specimen did not fracture. 
Note: The grain sizes of the high purity specimens and the com- 
mercial specimens were of the same order. 


Fig. 8 — Transverse- 
grain specimen of 
commercial as-cast 
molybdenum contain- 
ing 0.03 pct carbon. 


GRAIN INTERFACES 


+20 mesh size and remelted. The product of the 
second melting was crushed in the same manner to 
provide the melting stock for the final ingot. Ap- 
proximately 20 pct of the weight of the ingot pro- 
duced by each melting came from the electrode tip. 
The electrode tips were cut from rods made from 
molybdenum powder, sintered, and swaged. The car- 
bon, oxygen, nitrogen, and hydrogen contents of 
Ingot No. 1, as well as those of two commercially 
produced molybdenum samples, are given in Table I. 


Examination and Testing of Mo 

The interfaces of several grains in Ingot No. 1 
were examined at high magnification. Fig. 2 is a 
typical micrograph of these grain interfaces at a 
magnification of 75 diam. The interfaces were highly 
reflective. The round, dark areas are gas holes. The 
parallel lines appear to be traces of crystallographic 
planes. Fig. 3 is a micrograph of an interface at a 
magnification of 400 diam. The interface of the high- 
purity molybdenum shown in Fig. 2 can be compared 
with the grain interface of a commercial arc-melted 
molybdenum ingot containing 0.03 pet C shown in 


Fig. 9—Relief patterns of grain boundaries on the tension side of 
high purity bend-test specimen “A.” 


Fig. 4. Numerous large carbide particles are present 
in the latter specimen. 

A transverse bend test was used to determine the 
ductility of commercial molybdenum and of the high 
purity molybdenum. The specimens were loaded at 
the center by means of a cylindrical load applicator 
lg in. in diam. The specimens were supported on two 
cylindrical rolls % in. in diam spaced % in. between 
center lines. The size of the transverse bend speci- 
mens was 0.15 in. depth x 0.25 in. width x 1 in. 
length. The bend tests were made at a temperature 
of about 75°F with a Baldwin-Southwark testing 
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Fig. 10—Micrograph of slip bands in high-purity specimen ‘“A” 
after bend test. X300. 


Area reduced approximately 50 pct for reproduction. 


‘machine. A platen speed of 0.005 in. per min was 
used in applying the load. 

The bend-test specimens were machined from 
small slabs cut from the molybdenum ingots. This 
was done in such a manner that each specimen was 
obtained with the major axes of the grains either 
approximately parallel to or approximately perpen- 
dicular to the longitudinal axis of the specimen, as 
shown in Fig. 5. The specimens were ground to the 
proper cross-section and given a metallographic 
polish prior to testing. 

The specimens were stressed until fracture oc- 
curred, or until very large bend angles were obtained. 
The bend angle was taken as the measure of duc- 
tility. The data obtained from these tests are sum- 
marized in Table II. Test results on commercial-cast 
molybdenum containing 0.03 pct C are included for 
comparison. 

Fig. 6 is a photograph of a ‘“transverse-grain” 
specimen of high purity molybdenum after bending. 
Fig. 7 is a photograph and Fig. 8 is a sketch of a 
transverse-grain specimen of commercial molyb- 
denum containing 0.03 pct C. The brittleness of the 
latter specimen is evident. The carbides at the grain 
interface, as shown in Fig. 4, undoubtedly contributed 
to the brittleness of this specimen. Fig. 9 shows the 
relief patterns on the bottom of a high purity speci- 
men. The grain size of the specimen is apparent in 
this macrograph. Fig. 10 is an interesting micro- 
graph of patterns of slip bands found on the high 
purity specimens. 

Inasmuch as the “longitudinal-grain” specimens 
failed along crystallographic cleavage planes,* as 
shown in Fig. 11, intercrystalline cohesion did not 
determine the amounts of bending required for frac- 
ture of these specimens. Of the longitudinal-grain 


* Cleavage planes were the (100) planes, see ref. 1. 
y+ It appeared that the fractures initiated at the grain boundaries, 
and then propagated both intergranularly and transgranularly. 


Fig. 11 — Frac- 

ture of longi- 

tudinal-grain 
specimen. 


TRANSGRANULAR FRACTURE 
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specimens, high purity specimen C failed trans- 
granularly at a larger angle of bend than did the 
less pure specimens F and G. All fractures in the 
longitudinal-grain specimens, regardless of the de- 
gree of bend, were of the cleavage type. Possibly 
this was because some impurity still remained in the 
high purity molybdenum and promoted cleavage 
rather than the shear type of fracture. This is the 
subject of another investigation now in progress. 

Several ingots of high purity molybdenum were 
prepared from different lots of commercial molyb- 
denum and studied as described above. The results 
were found to be reproducible: transverse-grain 
specimens from these ingots could be bent through 
cycles of 60 degrees or greater without fracture. 
Other commercial-cast molybdenum ingots contain- 
ing 0.03 pet C were found to have mechanical prop- 
erties similar to those for the commercial ingot men- 
tioned in this work. 


Summary 

Commercial molybdenum was purified by melting 
it several times in a high vacuum. Oxygen, hydrogen, 
and nitrogen (and possibly other elements) were 
removed from the molybdenum by this treatment. 
The carbon content, originally at a low level (0.003 
pet) in the melting stock, was unchanged by vacuum 
melting. 

The as-cast molybdenum of high purity had con- 
siderably greater ductility than did the less pure 
commercial as-cast metal. Although transverse-grain 
specimens of the commercial as-cast molybdenum 
fractured intergranularlyt in a brittle manner at 
room temperature, similar specimens of the high 
purity molybdenum were ductile under the same 
test conditions. Therefore, a reduction in the amounts 
of the impurities at the grain boundaries of cast 
molybdenum eliminated intergranular brittleness 
and thereby had a marked influence on the bend 
ductility of the metal. 

Bend tests on longitudinal-grain specimens, in 
which case the normal stress on the grain boundaries 
was comparatively low, indicated that the ductility 
of the individual grains of molybdenum was im- 
proved with an increase in purity. 

While the influence of reducing the amounts of 
impurities in molybdenum has been shown, it should 
be mentioned that data showing the effect of the 
individual impurities would be most valuable. Also, 
the possibility should be considered that minor addi- 
tions of other elements might reduce the effect of 
the harmful impurities in molybdenum. 
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Internal Friction Measurements 


On Iron Wires of Commercial Purity 


by Ake Josefsson and Eric Kula 


URING the last few years several papers’** have 

been published in which internal friction meas- 
urements have been used to determine the quantity 
of carbon or nitrogen dissolved in a iron. This 
method is based on the fact that, in pure Fe-N and 
Fe-C alloys, nitrogen and carbon cause peaks in the 
internal friction vs. temperature curve; at a fre- 
quency of 1 cycle per sec (cps) these peaks appear 
at +20° and +36°C, respectively, and if internal 
friction is expressed as Q™, which is equal to 1/z 
times the logarithmic decrement, this figure will, by 
coincidence, give the weight percentage of nitrogen 
or carbon in solid solution.” 

In most of the studies published, very pure iron 
(Puron) was used. In one case the influence of 
manganese on the behavior of nitrogen in a@ iron 
was mentioned.’ 

It would be of great value, especially for the study 
of aging and related phenomena, if this method 
could be applied to commercial mild steel with nor- 
mal percentages of manganese, phosphorus, sulphur, 
etc. As a rule, in such steels carbon and nitrogen are 
present together, and the amounts of these elements 
in solid solution should preferably be determined 
separately. The fact that their internal friction 
peaks appear at different temperatures (+36° and 
+20°C in pure iron) seems promising for such a 
selective determination. It is necessary, however, 
that the peaks are narrow enough not to interfere 
with one another, and further, that there is no effect 
from carbon on the behavior of nitrogen in stress 
induced diffusion, and vice versa. According to 
Fast,* however, in the presence of manganese the 
nitrogen peak gets wider and appears at a higher 
temperature nearer the carbon peak, and thus the 
prospects for selective determination are reduced. 
(The carbon peak was not affected by the presence 
of manganese.) But even if fully quantitative de- 
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Table I. Chemical Composition of Materials 


Analysis, Pct 


Steel Cc Si Mn N Sol. Al | 
A 0.02 oo 0.37 0.095 0.026 0.015 
B 0.02 -—— 0.31 0.018 0.013 0.015 0.02 
Ee 0.02 —_— 0.09 0.012 0.015 0.002 
D 0.04 = 0.34 0.058 0.035 0.013 


terminations of the two elements are not attained, 
some relative figures on the sum of them and an 
indication of which one is the predominant one, 
would be of value. Some results from experiments 
along these lines will be reported here. 

An internal friction measuring device was as- 
sembled mainly following a description by Ké.’ The 
measurements were also carried out as reported in 
that paper. Table I gives the chemical compositions 
of the four different materials used in this investiga- 
tion. All materials were drawn to wires with di- 
ameter about 0.8 mm, and the analyses refer to 
these final shapes. 


Determination of Nitrogen Peak 

Wires from steels A, B, and C were decarburized 
in wet hydrogen (about 30 pct H.O) at 700°C until 
no carbon or nitrogen could be found by chemical 
analysis. No peak was then found in the internal 
friction. The wires were further annealed at 580°C 
for 16 hr in hydrogen bubbled through a solution of 
6.8 pct NH, in distilled water. Chemical analyses 
gave 0.04 pct N in A and C, and 0.06 pct in B. After 
annealing at 580°C for 15 min in a lead bath and 
water quenching, the internal friction was immedi- 
ately measured. The resulting curves are shown in 
Fig. 1. At these high values of the internal friction 
the accuracy is comparatively poor; at Q* = 0.030 
it is estimated to be +0.002. In order to make possi- 
ble a calculation of the activation energy for diffu- 
sion of nitrogen, measurements were made at two 
different frequencies. Steel A shows rather broad 
peaks, and their temperatures can hardly be ex- 
pected to be very accurate. Steels B and especially 
C are better in this respect. The finding of Fast’ 
that manganese broadens the nitrogen peak is con- 
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Fig. 1—Internal friction ys. temperature curves for steels A, B 
and C decarburized and nitrided at two different frequencies. 
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Fig. 2—Internal friction ys. temperature curves for steel D 
normalized, and normalized and aged. 


firmed. The wider peak of steel A as compared to 
steel B may in some way be due to the higher phos- 
phorus content (and perhaps a more nonuniform 
distribution of the manganese). 

Table II shows the Q™ 1x values, corrected for the 
background damping. A rather good agreement be- 
tween the values obtained at the two different fre- 
quencies is obtained. Although the analyzed nitro- 
gen percentages are 0.04 and more, there is much 
less in solid solution, namely about 0.022 pct in A 
and B, and 0.033 pct in C. Considering the man- 
ganese contents of the steels, it seems possible to as- 
sume that manganese lowers the solid solubility of 
nitrogen (cf. ref. 4). 

Table II also shows the values of AH (activation 
energy for diffusion of nitrogen) obtained by apply- 
ing the equation: 


logy (f2/f:) 


AH = 2.3 R —————_ 


The calculated activation energies can be com- 
pared to the figure 20,000 cal per mol obtained by 
for Puron. 

Using the same formula the temperatures for the 
nitrogen peaks at a frequency f = 1 cps have been 
interpolated for the three steels. Assuming that 
to, = 20° C for pure iron with nitrogen in solid 


solution,’ this temperature has been raised 4°C in 
steel C with 0.09 pct Mn and about 10°C in steels A 
and B with 0.31 and 0.37 pet Mn, respectively. Ac- 
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cording to Fast, 0.5 pct Mn raises the nitrogen peak 
from about 25° to 32°C (no frequency specified). 

As to the mechanism of the manganese effect, 
Fast* has suggested the existence of “Mn interstitial 
positions,” where at least one of the neighbors of the 
N atom is an Mn atom. The N atom fits better in an 
“Mn interstitial position” than in an ordinary “Fe 
interstitial position.” If the two kinds of interstitial 
nitrogen atoms are named N,,, and Ny, the Nun atoms 
will need a higher amount of energy before they are 
able to make a jump than the N;.. The internal 
friction peak temperature corresponding to the Nun 
atoms will therefore be higher than that of the or- 
dinary N,;. atoms; and the resulting peak will be 
located at a higher temperature, the greater the 
Nam/Nun + Ne. ratio, which is in accordance with the 
findings. In this connection it might be of interest 
to note that the temperature of the peak is not 
changed when the nitrogen content changes; in 
another experiment, after nitriding steel C to only 
0.006 pct N and water quenching from 580°C, the 
peak temperature was found to be +23°C. Also, 
when tested in the original composition with 0.002 
pet N, after furnace cooling, there was a faint but 
definite peak at +24°C, as reported in the following. 

If the theory is correct, and two peaks, corre- 
sponding to N,, and Ny, really exist, then the sum 
of the heights of these peaks will be greater than the 
height of the resulting peak; consequently, if the 
factor k in the relation: 


(PetiN)s="k 


-f 
a MAX 
0.020° 
0.0/8 \ 
0.0/6 


0.0/4. \ 
0.0/2 
0.0/0 


0.008 
0.006 \ 


0,004 


0.002 


\ 


2 HOURS / 3 G oh /50 DAYS 
AGING T/ME 
Fig. 3—Internal friction peak values ys. aging time for steel C, 
nitrided. 


Heat treatment: 
1—Furnace cooled from 950°C, aged at room temperature. 
2—Normalized from 950°C, aged at room temperature. 
3—Normalized from 950°C, aged at + 75°C. 
4—Water quenched from 580°C, aged at room temperature. 
5—Water quenched from 580°C, aged at + 75°C. 
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Fig. 4—Internal friction peak values vs. aging time for steel C. 
Heat treatment: 


1—Furnace cooled from 950°C, aged at room temperature. 
Peak temperature + 24°C. 


2—Normalized from 950°C, aged at room temperature. Peak 
temperature +37° to +40°C. 


3—Normalized from 950°C, aged at +75°C. Peak temperature 
+ 38°C. 


4—Water quenched from 680°C, aged at room temperature. 
Peak temperature +36° to +38°C. 


is equal to 1 for the two peaks individually, it will 
be slightly higher than 1 for the resulting peak in 
relation to the total amount of dissolved nitrogen. 


Internal Friction During Aging 

The measurements of internal friction in steels of 
commercial purity during aging were carried out on 
steels B, C, and D (see Table I), and also on steel 
C after decarburizing and nitriding (in the way 
described above) to a nitrogen content of 0.022 pct, 
as reported by chemical analysis. 

Three different heat treatments were applied: 1— 
furnace cooling from 950°C (10 min at tempera- 
ture), 2—normalizing from 950°C (10 min at tem- 
perature), and 3—water quenching from 680°C (15 
min at temperature). For the nitrided specimen, 
water quenching was carried out from 580°C in- 
stead of from 680°C. 

For furnace cooling and normalizing, the wires 
were placed inside four quartz tubes. The outside 
diameters of these tubes were 3.5, 6, 9, and 13.5 mm. 
One end of each tube was sealed and one tube 
placed inside the next larger one with its open end 
in the sealed end of the latter. This was done 
partly in order to get a proper cooling rate on nor- 
malizing and partly to diminish oxidation. In spite 
of this some oxidation did appear on furnace cool- 
ing. Furnace cooling took about 45 hr from 950° to 
100°C. On normalizing, the time for cooling in air 
from 950° to room temperature was about 10 min. 
In treatment 3 a lead pot was used. 

Internal friction was measured after aging for 0, 
1, 3, 9, and 27 days at room temperature, and in 
some cases after additional aging for 2 hr, 1, 3, and 
9 days at +75°C. Examples of curves obtained are 
shown in Fig. 2. In Figs. 3 to 6 the internal friction 
peak values are plotted against aging time. All 
diagrams are corrected for background damping 
(0.002). 

Fig. 3 for steel C, nitrided, shows the usual ap- 
pearance of an aging process with Q™,,,.. decreasing 
within 27 days to very low values. If the aging 
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Fig. 5—Internal friction peak values vs. aging time for steel D. 

Heat treatment: 

1—Furnace cooled from 950°C, aged at room temperature. 

Peak temperature +30°C. 

2—Normalized from 950°C, aged at room temperature. Peak 

temperature +33°C. 

3—Water quenched from 680°C, aged at room temperature. 
Peak temperature +36°C to +38°C. 
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Fig. 6—Internal friction peak values ys. aging time for steel B, 
aluminum killed. 


/50 DAYS 


Heat treatment: 
1—Furnace cooled from 950°C, aged at room temperature. 
Peak temperature ? 
2—Normalized from 950°C, aged at room temperature. Peak 
temperature +39°C. 
3—Normalized from 950°C, aged at +75°C. Peak temperature 
+39°C, 
4—Water quenched from 680°C, aged at room temperature. 
Peak temperature +38°C. 
5—Water quenched from 680°C, aged at +75°C. Peak tem- 
perature +39°C. 
temperature is raised to +75°C, these are reached 
within 3 days. Normalizing in the manner described 
above results in a lower degree of supersaturation 
than water quenching. In spite of this, the time for 
the aging process to become half complete is almost 
the same as for the water-quenched specimen. This 
may readily be explained by the possibility of nu- 
cleation at temperatures somewhat higher than 
room temperature during air cooling. Furnace cool- 
ing definitely gives a higher Q~ than normalizing 
or water quenching after complete aging. Conse- 
quently, even this treatment results in supersatura- 
tion to some extent. All peaks were located at +24°C. 
Aging in the same steel, steel C, of the original 
chemical composition is shown in Fig. 4. Water 
quenching and normalizing give almost the same 


Table Il. Values 


Analysis, Pct 


Internal Friction 


Peak Temperature, °C 


Q-1=PctN Activation 
Low High Low High Corrected Energy, 
s Steel Mn P N Sol. Al Frequency Frequency Frequency Frequency to 1 Cps Cal per Mol 
A 0.37 0.095 0.04 0.0228 0.0221 23 32 29 (20,000) 
B 0.31 0.018 0.06 0.02 0.0221 0.0207 27 36 32. 20,400 
(e 0.09 0.012 0.04 0.0327 0.0329 24 28 24 22,000 
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Fig. 7—Steel C nitrided and normalized 
from 950°C. Etched with Nital. X1250. 


result with peaks located at +36° to +40°C, obvi- 
ously mainly associated with carbon, while furnace 
cooling causes very faint peaks at +24°C, the same 
temperature that was obtained in nitrided specimens 
of this steel. It is surprising that even the water- 
quenched specimen did not show a higher Qnax, aS 
the chemical analysis reports 0.02 pct C, and the 
solubility at 680°C should be between 0.010 and 
0.015 pct.” ®° Whether this discrepancy is to be ex- 
plained as an error in chemical analysis, or by a 
lower solid solubility in this steel as compared to 
pure iron, is not known. Jt might also be that the 
relation between Q™n.x and the percentage of dis- 
solved carbon referred to above is not valid in iron 
of commercial purity. Still another possibility is 
that the critical cooling rate for carbon supersatura- 
tion in this material is rather high, and was not 
attained. 

For steel D the aging curves are shown in Fig. 5. 
After furnace cooling the peak appears at +30°C, 
after normalizing at +34°C, and after water quench- 
ing at +36° to +40°C. From the composition of this 
steel, especially its manganese content, it would be 
expected that its nitrogen peak would be around 
+30°C. Furnace cooling thus gives mainly nitrogen 
in solid ‘solution, while on normalizing and stili 
more on water quenching from 680°C, carbon is 
also found. It is interesting to note that the nor- 
malized state, though highly supersaturated, has 
little tendency toward decreasing its Q™“, nor does 
the furnace-cooled specimen change its rather high 

Steel B (Fig. 6) is aluminum killed, and conse- 
quently the internal friction peaks, both in the nor- 
malized and in the water-quenched state, lie at +38° 
to +39°C, indicating carbon in solid solution. The 
nitrogen peak in this material after decarburizing 
and nitriding has previously been found at +32°C, 
Fig. 1. The aluminum has obviously taken care of 
the 0.015 pet N that is found by chemical analysis. 
Again the Q” value after water quenching seems to 
be lower than expected. 


Microscopic Studies 
The decarburized and nitrided specimens of steel 
C had structures consisting of pure ferrite. In 
water-quenched specimens the ferrite appeared 
dotted with a precipitate, too fine to be observed in 
detail. It was present immediately (2 hr) after 
quenching and seemed to grow during aging. In the 
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Fig. 8—Steel C nitrided and furnace cooled 
from 950°C. Etched with Nital. X1250. 


Fig. 9—Steel D furnace cooled from 
950°C. Etched with Nital. X750. 


normalized state a very fine precipitate, similar to 
veining, could be distinguished, Fig. 7. Furnace 
cooling resulted in “needle shaped’ precipitates 
(sections of disks) of two kinds, see Fig. 8. The 
shorter needles have three distinct directions within 
one grain and are sometimes a little ‘“wavy;” the 
longer ones are more sparsely found, often starting 
from a grain boundary, without any discernible habit 
relationship. In the neighborhood of the latter kind, 
the needles of the former seem to have disappeared. 
The shorter needles probably are the Fe-N “inter- 
mediate phase” of Dijkstra, the longer ones may be 
Fe.N. 

The same material (steel C) with original com- 
position showed pure ferrite in the water-quenched 
condition, without any precipitate such as carbides. 
Normalizing gave a finely dispersed precipitate 
within the grains, somewhat resembling Fig. 7, but 
fainter. Very few carbide particles could be de- 
tected. The furnace-cooled wire occasionally showed 
small cementite particles in grain boundary corners. 
Small round particles, rather sparsely distributed 
in the ferrite grains, may also be cementite; they 
are blackened by alkaline sodium picrate etch. 

Steel B, water-quenched, showed only pure, 
smooth ferrite. Normalizing gave some cementite 
in grain boundary corners; furnace cooling caused 
the cementite particles to get coarser and decrease 
in number, but no changes in the ferrite could be 
detected. 

In steel D, after water quenching, some fine cem- 
entite particles in grain boundary corners could be 
distinguished. In the normalized specimen pearlite 
and cementite were visible; the ferrite seemed to be 
dotted by a very fine precipitate, sometimes with a 
resemblance of veining. Furnace cooling gave a few 
comparatively big cementite particles in some grain 
boundary corners, and also the precipitate shown in 
Fig. 9, which is similar to that of Fig. 8. The smaller 
needles however, were smaller and fewer than those 
of Fig. 8, while the bigger ones were thicker than 
the corresponding ones in Fig. 8. 


Summary 
The internal friction method of determining car- 
bon and nitrogen in solid solution in a iron is ap- 
plied to some steels of commercial purity. The 
presence of impurities, such as manganese and per- 
haps phosphorus, changed the position of the in- 
ternal friction curve for nitrogen and broadened it. 
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For carbon, the position was not changed, although 
the curve may be broadened somewhat. Aging 
curves after water quenching, normalizing, and fur- 
nace cooling are given. The fixation of nitrogen by 
means of aluminum is illustrated, and further the 
inclination of nitrogen to stay in supersaturated 
solid solution, even at rather slow rates of cooling, 
in some steels is shown. 
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Technical Note 


Twinning in Silicon 


by E. |. Salkovitz and F. W. von Batchelder 


S Slawson’‘ and others have already shown, from 

a geometrical view twinning in the diamond 
structure may be considered as a reflection across a 
(111) plane or as a reflection across a (112) plane. 
An analysis by Ellis and Treuting® showed that the 
twinning plane must be the (111) plane, but that 
a twin might have lateral boundaries along (112) 
planes. Earlier Slawson* and Ellis’ had shown that 
only (111) twinning was present in diamond and 
germanium respectively. 

Since an ingot of silicon, 1 in. in diam and 1% in. 
long, prepared from Dupont silicon to which 0.2 pct 
Be had been added was available, it was examined 
for twinning. The ingot had been cooled slowly 
from the bottom. A section 1/16 in. thick was ground 
off from the bottom and then the ingot was sliced 
vertically through the center. Spectrographic analy- 
sis indicated only faint traces of iron and silver, in 
addition to the beryllium. 

The sample was first etched with a hot solution 
of 10 pet NaOH in water and photographed. Back- 
reflection Laue patterns were made of the vertical 
and horizontal sections in the regions designated in 
Fig. 1. Orientations were obtained for each twin 
using the Greninger technique. Several regions of 
the same orientation were found; thus regions A and 
K were identical, similarly N and P, and C, G, J, and 
L. Knowing the angles between the traces of the 
twinning plane on the surface and the specimen 
axis, the indices of the twinning plane were deduced. 
In all. cases the twinning plane was found to be 
(111); lateral boundaries, however, were found 
which were (112) such as the one indicated in Fig. 
1. Therefore, as in the case of diamond’ and ger- 
manium’® only (111) twinning occurs in silicon. 

We wish to thank Mr. Hino for the use of the ingot 
as well as for its metallographic preparation. 
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(b) Plan View at QQ 


Fig. 1—Plan and elevation of etched silicon ingot. 
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Tensile Properties of Wrought Austenitic Manganese Steel 


In the Temperature Range from + 100° to — 196°C 


by H. C. Doepken 


Wrought Hadfield steel was tested in axial tension at from 100° to 
—196°C, to determine flow and fracture stresses as well as conventional 
properties. Ductility and related properties, such as fracture stress, de- 
creased continuously with temperature. Peculiarities during straining indi- 

cated possible martensite formation or mechanical twinning. 


HE mechanical properties of austenitic manga- 
nese steel have been summarized by Avery and 
Day, including the low temperature tensile prop- 
erties reported by Hadfield and coworkers.” * These 
data show the material to be brittle at both liquid 
oxygen and liquid hydrogen temperatures. Avery 
and Day report considerable ductility measured by 
Charpy V-notch tests at —100°F (—73°C). Since the 
review of low temperature properties by Seigle and 
Brick* show face-centered cubic structures, other 
than Hadfield steel, to be ductile at low tempera- 
tures, it was felt that a study of tensile properties, 
between the reported intervals, should show whether 
the decrease in ductility was a gradual decline or an 
abrupt drop beginning at some intermediate point. 
X-ray examinations were made in an attempt to 
shed further light on the mechanism of work hard- 
ening of austenitic manganese steel. The presence of 
a magnetic constituent has been found by Hall’ and 
by Avery, Homerberg, and Cook." Krivobok’ dem- 
onstrated the growth of magnetic constituents on re- 
heating cold-worked specimens. Hadfield” * and Goss* 
found no a iron. 
The steel from which the specimens were taken 
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was commercial hot rolled % in. diam rod of electric 
furnace steel. The ladle analysis was as follows: C, 
0.080; and Cr, 0.090. 

Fifteen specimens, 6 in. long, were cut from a 


BREAK 
7850 Ibs. 
A95 ins, 


Load in pounds 
hy 


4000 \ 


200 


Diameter of specimen in inches 


Fig. 1—Microformer recorder chart (load-diameter) of tensile 
test conducted at 91°C. 
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single rod. This material was commercially free of 
inclusions. The samples were given an austenitizing 
treatment of 1850°F for 30 min followed by a water 
quench. The resultant grain size was 4 to 5 ASTM. 
The heat-treated bars were carefully ground to tensile 
bars of 1 in. gage length and 0.250 in. diam. All 
grinding was wet and the cuts were light. 

Tensile tests were run at the following tempera- 
tures using the heating mediums indicated: 


100°C boiling water 
23°C room temperature 
—29°C freon in Dewar flask cooled by passing 
liquid air through coils—flow regulated 
automatically to hold desired temperature 
within 3°C 
—100°C_ same as above 
—150°C_ same as above 
—196°C liquid nitrogen in Dewar flask 


All tensile tests were conducted with a crosshead 
movement of 0.05 in. per min. The method of regu- 
lating crosshead movement, maintenance of testing 
temperature, axial loading with chain supports, and 
continuously recording the diameter photograph- 
ically have been previously described.” Two methods 
of measuring the diameter of the specimen continu- 
ously during testing were employed. The first was 
based on photographic procedures.’ The second means 
was mechanical. A pair of knife edges were suitably 
mounted to actuate a microformer which was elec- 
trically connected to record diameter in place of 
crosshead motion on the recorder chart of the tensile 
machine. The unit was calibrated in the cooling 
medium against accurate test bars to record room 
temperature diameters. The knife edges were trav- 
ersed along the gage section to record minimum 
diameter for the applied load and could be main- 
tained in this position during testing.” The latter 
method greatly simplified calculations and eliminated 
the tedious measurement of pictures. The accuracies 
of the two methods were comparable to the nearest 
0.001 in., when compared with micrometer diameters 
measured before and after testing the bars. 

One tensile break of each test temperature was 
examined microscopically. The specimens were 
mounted longitudinally in Bakelite to obtain both 
the fracture edge and relatively unworked shoul- 
der in a single mount. No special treatment was 
given in mounting these specimens, except that all 
grinding was wet and care was taken to keep the 
samples cool. Etching of the specimens followed the 
procedure of Avery and Day.’ 

Microscopic specimens were utilized for X-ray 
diffraction examination. A Norelco direct reading 
spectrometer was used with a molybdenum target 
X-ray tube operated at 6 ma. A 0.0005 in. zirconium 
filter was placed before the Geiger tube and max- 
imum amplification was used on the recorder to 
obtain greatest possible contrast between background 
and intensity peaks. Diffraction curves were recorded 
for 26 angles of 5° to 80° for each specimen. Vicker’s 
diamond pyramid hardness tests were made on the 
same specimens at room temperature. A load of 2 kg 
was used throughout and all points were measured 
with the 10.25 mm objective. 


Test Results 
The most noticeable observation during tensile 
testing was that straining was not uniform in the 
plastic range. Oscillations or jumps in the strain 
chart became more pronounced as the breaking point 
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Fig. 2—Variation of true strength properties and hardness of 
wrought austenitic manganese steel with temperature. 


was approached. The extent of these jumps in strain 
are observed in the actual tensile recorder chart, 
Fig. 1. An audible click accompanied these strain 
jumps. As has been previously reported,’ there was 
no necking of the tensile specimen at fracture and 
the reduction of diameter was uniform throughout 
the gage length to within 0.001 to 0.002 in. 


Ultimate Strength (Max. load, Orig. area) 

Yield Strength (0.2% offset) 

% Elongation in one inch (e) 
% Reduction of area 


Stress in psi x 10° 


Elongation and Reduction of Area in Percent 


20. 
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Test Temperature in Degrees Centigrade 


Fig. 3—Variation of engineering tensile properties of wrought 
austenitic manganese steel with temperature. 
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With decreasing temperature, there was an in- 
crease in yield strength (0.2 pct set) from 50,000 
psi at room temperature to 120,000 psi at —196°C, 
Fig. 2. This increase was not uniform as there was 
little change until —100°C, and then the yield stress 
increased rapidly to a value almost equal the frac- 
ture stress at —196°C. The difference between room 
temperature and +100°C yield strength is slight 
with the possibility of a slight increase at the higher 
temperature, Table I. 

Contrary to the increase in yield strength with 
decreasing temperature the worked fracture stress 
decreases linearly with decreasing temperature, Fig. 
2, corresponding to the decrease in deformation pre- 
ceding fracture. The extent of this decrease is at 
variance with general low temperature behavior of 
steels and particularly austenitic stainless, where 


fracture stress increases tremendously. A plot of 
engineering ultimate strength, maximum load divided 
by the original cross-sectional area, (Fig. 3) shows 
the same decrease with decreasing temperature drop- 
ping from 150,000 psi at room temperature to 136,000 
psi at —196°C. Hadfield and his colleagues” * pre- 
viously found the ultimate strength at both liquid 
oxygen and hydrogen to be from 1 to 3 tons per sq 
in. less than the room temperature strength. 

Three measures of ductility—natural strain, re- 
duction of area, and percent elongation in 1 in.—all 
show a decrease with decreasing temperature, Figs. 
2 and 3. The drop in elongation follows a straight 
line decreasing from 50 pct at 23°C to 4 pct at 
—196°C. The curves for reduction of area and natural 
strain increase in slope with decreasing tempera- 
ture. 


Table |. Results of Tests on Wrought Austenitic Manganese Steel at Various Temperatures 


Vickers 
Yield DPH 2 kg 
Tempera- Strength, Pct Load at 
Test ture, °C psi Fracture Natural Ultimate Pet Reduc- Tensile Break, 
Identi- Tensile 0.2 Pet Stress, Strain, Strength, Elongation tion in Room 
fication Test Offset psi InA.o/A psi in 1 In. Area Temperature 
K 98 62,500 228,500 0.414 151,111 56.0 34.0 518 
J 91 57,960 265,000 0.489 162,520 68.0 38.7 
A 23.5 66,900 232,410 0.431 150,900 48.5 35.1 524 
B 22.5 52,630 228,900 0.416 150,900 46.8 34.2 
I 23.5 42,910 252,500 0.468 158,110 62.5 37.7 
H —29 70,400 213,000 0.351 150,100 37.5 29.6 470 
D —97 61,600 191,800 0.267 146,800 25.0 23.5 
c —110 76,300 180,040 0.277 138,000 25.0 23.3 438 
G —148 100,600 153,800 0.120 136,500 12.2 11.3 Silky 
E —196 124,200 143,700 0.050 136,840 4.0 4.9 251 
F —196 117,100 138,000 0.033 135,450 4.0 3.2 


A uniform strain rate of 0.005 in. per min was used for all tests. 


Fracture stress is taken as load at fracture divided by area at fracture. (With no necking fracture load is maximum load.) 
Ultimate strength is taken as maximum load divided by original cross-sectional area. 
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It is noted that hardness increases of 310 points 
DPH due to cold working were found on the room 
temperature specimen. A decrease in hardness near 
the fracture was observed with falling temperature 
corresponding with a decrease in total strain and 
the sharp increase in yield strength. At —196°C the 
hardness increase due to cold working was only 40 
points DPH. 

Two plots were made of the true stress-natural 
strain data. Smooth curves were the result of select- 
ing mid points of the sharp load drops shown in Fig. 
1. The first plot, Fig. 4, uses arithmetic coordinates. 
These curves show similar slopes in the plastic region 
or an apparently uniform strain hardening for varia- 
tions in temperature. The variations in slope at frac- 
ture may be attributed to measuring technique, since 
the stress-strain values fluctuated appreciably in 
this region. The graph shows the uniform decrease 
in fracture stress, decrease in natural strain, and 
increase in yield strength previously mentioned. A 
logarithmic plot, Fig. 5, of true stress-natural strain 
was made in an attempt to establish a strain hard- 
ening exponent. These curves do not follow a straight 
line for the region of strain plotted. There is a gen- 
eral tendency for the slopes to decrease with drop 
in temperature. 

Fig. 6 is a series of traces of X-ray diffractions, 
as copied from the recorder of a Geiger tube spectro- 
meter. The vertical coordinate is intensity increas- 
ing upward, and all curves should have the same 
base line, but they have been spread out for clarity. 
The tests covered 26 angles of 5° to 80°, but the 
section shown contains all recorded intensity peaks. 
Using a lattice parameter of 3.564 for y iron,” the 
four peaks correspond to (111), (200), (311), and 
(220) planes for a face-centered cubic structure. 
There are no peaks for similar locations for a iron, 
with the possible exception of the (110) plane which 
falls very close to the (111) y peak and could be in- 
cluded in it. Two factors worthy of notice can be 
seen from the curves. The first is the decrease in 
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Fig. 5—Logarithmic flow-stress curves of tensile tests at vari- 
ous temperatures. 


intensity of the (111) and (311) peaks as the tem- 
perature and the degree of work hardening increase. 
The (200) and (220) peaks do not change in as 
noticeable a manner. The second factor is the broad- 
ening of the peaks with increasing temperature. 
Fig. 7 is a micrograph of a section near the tensile 
break of a bar tested at room temperature and Fig. 8 
was taken near the break of a tensile bar pulled at 
—196°C. The decrease in grain elongation with de- 
creasing temperature is noticeable. The presence of 
deformation markings at three and four different 
angles in a single grain is fairly common in the 23°C 
tensile break, but no more than four traces were 
ever observed. Therefore there is some possibility of 
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Fig. 6—X-ray diffraction curves of fractures of tensile tests taken at various temperatures traced from spectrometer charts. 
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Fig. 7—Tensile break of specimen of wrought austenitic man- 


ganese steel pulled at 23°C. X250. 
The etch was 3 pet nital-alcohol rinse-10 pct HCl in alcohol- 
alcohol rinse-2 pet NH,OH in alcohol. 


Fig. 8—Tensile break of specimen of wrought austenitic man- 
ganese steel pulled at —196°C. X250. 


The etch was the same as Fig. 7. 


mechanical twinning on (111) plane during cold 
work. As mechanical twinning in face-centered irons 
is unknown, much more work would be needed to 
establish these markings as twins. 


Discussion of Results 

The results reported by Avery and Day* and Had- 
field” * indicating ductility at —73°C and brittleness 
at —192°C seem to be borne out by the knee in the 
curves for reduction of area and natural strain be- 
tween —50° to —100°C. The abrupt increase in yield 
strength and drop in hardness at —100°C lend sup- 
port to the ductility curves and possibly place the 
region of ductility decrease closer to the lower tem- 
perature. The decrease in fracture stress and more 
particularly ultimate strength with temperature is, 
as far as the writer has found, a characteristic peculiar 
to the material under study. 

The absence of an a phase in the diffraction curves 
of the tensile breaks does not give positive evidence 
that no body-centered cubic phase exists. It is ques- 
tionable whether quantities under 5 pct would be 
recorded. However, the decrease in intensity of the 
(111) peak with increased work hardening tends to 
indicate that any (110) a peak must be of very low 
intensity. Two factors commonly associated with 
cold working are present in the curves, i.e., decreas- 
ing intensity of peaks with increased cold work and 
line broadening. This is confirmed by Goss* on the 
same material and by Barrett” for cold working in 
general. 
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There are three factors which point to possible 
mechanical twinning. The first is the accelerated 
strain jumps in the tensile bar as the specimen ap- 
proaches fracture. The second is the accompanying 
sound. The third is the micrographs (Figs. 7 and 8) 
taken in the region of increase in hardness of the 
tensile bars. However, these same factors could be 
present in the formation of martensite. The slight 
increase in hardness of the bar pulled at —196°C 
together with numerous strain markings (Fig. 8) 
suggests mechanical twinning. 


Conclusions 

1—Wrought austenitic manganese steel decreases 
slightly in ductility with temperature, to a tempera- 
ture between —50° to —100°C, then the ductility 
drops rapidly to almost no ductility at —196°C. 

2—With decreasing temperature there is a gradual 
decrease in ultimate strength from 150,000 psi at 
room temperature to 136,000 psi at —196°C. 

3—Jumps in the stress-strain curve and audible 
clicking during deformation suggest mechanical twin- 
ning or martensite formation. 

4—The formation of a iron on tensile testing was 
not apparent from X-ray examination with a record- 
ing spectrometer. 
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Silicon-Oxygen Equilibrium in Liquid Iron 


by Nevzat A. Gokcen and John Chipman 


Seo8 is the most commonly used deoxidizer 
and an important alloying element in steelmak- 
ing; hence a detailed study of this element in liquid 
iron containing oxygen is of considerable interest. 
The equilibrium between silicon and oxygen in liquid 
iron has been studied by a number of investigators 
but generally with inconclusive or incomplete re- 
sults. The variation of the activity coefficients of 
silicon and oxygen with composition is entirely un- 
known. 

Published investigations deal with the reaction of 
dissolved oxygen with silicon in liquid iron and the 
results are expressed in terms of a deoxidation 
product. For consistency and convenience in com- 
parison of the published information, the deoxida- 
tion product as referred to the following reaction is 
expressed in terms of the percentage by weight of 
silicon and oxygen in the melt in equilibrium with 
solid silica: 


SiO. (s) =Si+20;K1=[% Si] [% OY [1] 


Theoretical attempts to calculate the deoxidation 
constant for silicon in liquid iron from the free ener- 
gies of various reactions yielded results which were 
invariably lower than the experimental values. Thus, 
the deoxidation “constants” calculated by McCance,” * 
Feild,’ Schenck,‘ and Chipman’ were of the order of 
10“, which is below the experimental values by a 
factor of more than 10. 

Experiments of Herty and coworkers’ in the lab- 
oratory and steel plant resulted in an average de- 
oxidation constant of 0.82x10° at about 1600°C. The 
technique employed in their investigation was crude 
and the reported temperature was quite uncertain. 
The concentration of silicon was obtained by sub- 
tracting silicon in the inclusions from the total. Since 
at least some of the inclusions resulting from chill- 
ing must represent a fraction of the silicon in solu- 
tion at high temperatures, such a subtraction is not 
justifiable. 

Results of Schenck‘ for K’, from acid open-hearth 
plant data yielded a value of 2.8x10~, which was later 
revised as 1.24x10° at 1600°C. Similarly Schenck and 
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Bruggemann’ obtained 1.76x10~ at 1600°C. The dis- 
crepancies and errors involved in the acid open- 
hearth plant data as compared with the results of 
more reliable laboratory techniques were attributed 
by these authors to the lack of equilibrium and the 
impurities in liquid metal and slag, and are suffi- 
ciently discussed elsewhere.® 

Korber and Oelsen’® investigated the relation be- 
tween dissolved oxygen and silicon in liquid iron 
covered with silica-saturated slags containing vary- 
ing concentrations of MnO and FeO. The deoxidation 
products obtained by their method scatter consid- 
erably, and their chosen average values of 1.34x10>, 
3.6x10~, and 10.6x10~ at 1550°, 1600°, and 1650°C, 
respectively, represent the best experimental results 
which were available until quite recently. Darken’s” 
plant data from a steel bath agree approximately 
with their data at 1575° to 1625°C. 

Zapffe and Sims” investigated the reaction of H,O 
and H, with liquid iron containing less than 1 pct Si 
and obtained deoxidation products varying by a 
factor of more than 20. Inadequate gas-metal contact 
and lack of stirring in the metal bath should require 
a longer period of time than the 1 to 5.5 hr which 
they allowed for the attainment of equilibrium. 
Furthermore, their oxygen analyses were incomplete 
and irregular and confined to a few unsatisfactory 
preliminary samples. Their results did indeed indi- 
cate that the activity coefficient of oxygen is de- 
creased by the presence of silicon, although they 
made no such simple statement. They chose to at- 
tempt to account for their anomalous data by the 
unlikely hypothesis that SiO is dissolved in the melt. 

Hilty and Crafts” investigated the reaction of 
liquid iron with acid slags under an atmosphere of 
argon, making careful determinations of silicon and 
oxygen contents at several temperatures. Despite 
erroneous interpretation of the data at very low sili- 
con concentrations, their data represent the most de- 
pendable information on this equilibrium that has 
been published. In the range 0.1 to 1.0 pct Si, their 
data yield the following values for the deoxidation 
product: 1.6x10°, 3.0x10°, and 5.3x10° at 1550°, 
1600°, and 1650°C, respectively. 

The purpose of the work described herein was to 
study the equilibrium represented by eq 1 as well as 
the following reactions, all in the presence of solid 
silica: 

SiO, (s) + 2H, (g) = Si + 2H,0 (g); 


H.O 

K'. = [% Si ( ) [2] 
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Fig. 1—Diagram of apparatus. 


The method of attack was to melt pure iron, usu- 
ally with an initial charge of silicon, in silica cru- 
cibles under a controlled atmosphere of H:O and H, 
and hold it at temperature until the equilibrium was 
established between the various phases present. The 
experimental melts of very small weight thus ob- 
tained were quenched to avoid any loss of oxygen 
and silicon and subsequently were analyzed for these 
elements. 

Apparatus 

Gas System: Fig. 1 is a schematic diagram of the 
apparatus originally used by Dastur and Chipman” 
and later considerably improved and modified for 
this investigation. Commercially pure hydrogen was 
led to the safety trap, T, containing mercury, through 
the flowmeter, Ff, and two platinized-asbestos fur- 
naces in series held at 380°C to convert any free 
oxygen into water vapor. The gas was then passed 
through one of the two saturator systems. The first 
of these contained distilled water and was composed 
of a presaturator, P, and three towers, S, immersed 
in a thermostat. The first and second saturator towers 
were packed with beads and contained distilled 
water. The third tower, containing only a very small 
amount of water, acted as an entrainment chamber. 
Water-vapor pressures ranging from 18 to 500 mm 
mercury were obtained with this saturator system. 
Adequate precaution was taken to avoid condensa- 
tion of water vapor in the glass tubing by proper 
resistance heating and insulation. 

The second saturator system consisted of four 
towers containing saturated lithium chloride solu- 
tion. Vapor pressure of the saturated solution was de- 
termined“ experimentally in the temperature range 
19° to 50°C using the same apparatus. Connections 
to the lithium chloride saturators were made as 
shown with the dotted lines. All connections were 
of pyrex glass and the entire apparatus was of glass 
construction except at R. The lithium chloride sat- 
urator was used for water-vapor pressures ranging 
from 1.86 to about 18.0 mm mercury with readily 
obtainable thermostatic temperatures. Two saturator 
systems thus yielded a pressure range of 1.86 to 500 
mm mercury with a high degree of accuracy. Both 
saturators were immersed in a water thermostat, the 
temperature of which was automatically controlled 
within +0.03°C. 

Dried argon was led through magnesium chips 
loosely packed in a stainless steel tube and heated 
to 620°C in order to remove any oxygen that might 
be present in the commercial argon of welding or 
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lamp grade. The performance of the magnesium fur- 
nace was measured qualitatively as follows: Argon 
was passed through a set of pure water saturators 
at 20°C with various flow rates and then through 
the magnesium furnace held at various tempera- 
tures. Outgoing gas was passed through a U-tube 
containing P.O;. Up to 475°C, the water vapor in the 
argon passed through the furnace and was absorbed 
by P.O;. But at 500°C moisture in the argon was 
completely dissociated by the magnesium at flow 
rates up to 2 liters per min. 

Furnace: The furnace and its accessories are shown 
in Fig. 2. A silica tube glazed outside as well as in- 
side, 24.5 in. long, 2 in. ID, and 2.5 in. OD was found 
to be satisfactory as a furnace tube. The furnace was 
equipped with an all-glass head, comprising an inlet 
tube and two tungsten leads, which was attached 
tightly to the silica tube with clamps and a silicone 
rubber gasket. The preheater tube, H, which led the 
gas mixture to the liquid metal surface, was sus- 
pended from the central tube with chromel wires. 

The silica crucible, R, was placed in a small silica 
dish resting on an alundum disk, which was in turn 
supported on an alundum tube 0.5 in. ID and a stain- 
less steel tube passing through the brass bottom. The 
distance between the liquid metal and the preheater 
was adjusted by means of a silicone gasket and a 
compression fitting in the brass bottom. The power 
for inductive heating was obtained from an oscil- 
lating spark-gap type high frequency converter of 
35 kva and a variable frequency of about 200 to 250 
kilocycles. Efficient and continuous temperature con- 
trol was obtained by varying the inductance in the 
high frequency circuit. With constant line voltage 
the temperature was observed to be constant for 
periods of 6 hr or more without any adjustments. 
Usually a variation of +7 v in the line voltage dur- 
ing the day necessitated frequent temperature read- 
ings and adjustment of power throughout the ex-~ 
perimental heats. 

The brass bottom, V, was equipped with two cop- 
per tubes, K, with special jet holes through which 
hydrogen or helium was injected to quench the melt 
when lowered into the proper position. 

Preheater: The preheater tube was made of very 
pure alumina, 0.63 in. ID, 1 in. OD, and 14 in. long. 
The tube was received in the so-called prefired state 
(fired at 1250°C) and tapped to 11 threads to the 
inch for a length of 12 in., after which it was shaped 
to support the radiation shields and to fit on the glass 
head. Subsequently it was fired at 1780°C and a hard 
somewhat shrunk tube of improved mechanical and 
thermal properties was obtained. A coil of platinum- 
20 pet rhodium wire of 0.033 in. diam, S, 11 threads 
to the inch and 10.5 in. long, was screwed into posi- 
tion in the threads. The coil was heated with a vari- 
able transformer to the desired temperature as ob- 
served by sighting the pyrometer on the preheater. 
The leads were taken out through two small holes 
in the preheater tube and were connected to the 
tungsten leads, D, as shown in Fig. 2. The preheater 
was equipped with an alundum sleeve, G, and an 
alumina radiation shield, I, in order to avoid exces- 
sive heat losses. 

Contamination and subsequent failure of the pre- 
heater wire under very low ratios of water vapor 
to hydrogen were a major source of trouble. It was 
believed that at various spots the localized impurities 
in the alumina were reduced with hydrogen and 
absorbed by the preheater coil, resulting in brittle 
sections in the wire after some 20 to 100 hr at 
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1600°C. Fractured sections of the wire were brittle 
and coarsely granular, strongly adhering to the 
alumina. At higher water-vapor concentrations, the 
coil was soft and had a considerably longer life. 

Control of Gas Mixture: In a mixture of gases con- 
taining molecules of different weight, a temperature 
gradient tends to produce a corresponding composi- 
tion gradient. This thermal diffusion can produce 
large errors in the sharp gradient near the hot metal 
surface unless adequate preventive measures are 
adopted. Dastur and Chipman” have shown that the 
error can be minimized by admixture of a heavy 
inert gas and eliminated by preheating the gases to 
the temperature of the metal. Accordingly purified 
argon was added to the gas mixture in the approxi- 
mate ratio 4:1, the rates of flow of argon and hydrogen 
being respectively 1100 and 260 ml per min. The 
temperature of the preheater wire was adjusted to 
the same brightness as the metal, except in certain 
runs where a “medium preheat” about 60° lower 
was employed to prolong the life of the wire. A 
further advantage in diluting the hydrogen with 
argon lies in the production of sound ingots free 
from the porosity often found when melting under 
hydrogen. 

Temperature Measurements: Temperature meas- 
urements were made with a disappearing filament 
type optical pyrometer sighted on the clean surface 
of liquid iron. Optical readings were calibrated 
against the true temperatures measured with thermo- 
couples by a technique described elsewhere in de- 
tail.” The optical calibration scale was found to be 
unaffected by the addition of silicon up to 13.6 pct, 
provided no oxide scum formed on the bath. Optical 
readings were duplicated within +2°C, and the 
overall accuracy is estimated as +4°C. The calibra- 
tion was checked frequently against the melting 
point of electrolytic iron and against platinum- 
rhodium thermocouples. 

Analytical Methods: Silicon analyses were made 
by the standard gravimetric method in the range 
above 0.08 pet with an accuracy of about +1 pct of 
the amount present. Below 0.10 pct Si a colorimetric 
method was used with a reproducibility of +0.002 to 
+0.003 pct in the reported silicon contents. A higher 
degree of precision would have been desirable, espe- 
cially in melts containing less than 0.010 pct, but 
efforts to improve the precision of the method were 
unsuccessful. 

Insoluble silicon was also determined by either 
method and found to be of the order of 0.004 pct or 
less in the satisfactorily quenched equilibrium heats. 

Oxygen analyses were made by the vacuum-fusion 
method with an apparatus used in this laboratory 
for over 12 years. It has been carefully calibrated 
and checked by exchange of samples with various 
laboratories. Results reported herein are the mean 
of two concordant determinations. A large number 
of samples, including those of lowest oxygen con- 
tent, were analyzed by Gokcen using all possible 
precautions to assure precision. Results were repro- 
ducible to within about 0.0005 pct. 


Experimental Procedure 

Electrolytic iron of very high purity was weighed 
and charged, usually with an initial percentage of 
silicon in the form of 99.83 pct pure silicon or its 
alloys made under hydrogen in silica crucibles. The 
total weight of the charge was 35 g, held in thin- 
walled crucibles made from fused silica tubing. The 
charge was placed at a fixed distance of 5 mm from 
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Fig. 2—Furnace arrangement. 


the preheater. The flow rates of hydrogen and argon 
were adjusted to 260 and 1100 ml per min, respec- 
tively, and the furnace was flushed for a minimum 
period of 2 hr, while the purification trains were be- 
ing heated and the temperature of the thermostat 
adjusted. Simultaneously the preheater was brought 
to the desired temperature at a very slow rate to 
avoid excessive thermal shocks. Then the gas out- 
lets from the furnace were closed to test the pres- 
ence of any possible leakage. Observation of the 
manometer and flowmeters quickly indicated whether 
or not any leaks were present in the system. Occa- 
sionally the apparatus was sealed after admitting 
hydrogen at a pressure of 120 mm mercury, after 
which any drop in pressure within 6 to 8 hr indi- 
cated the presence of a slow leak. 

After the apparatus was ready, the induction unit 
was turned on and the metal was brought to the de- 
sired temperature, usually within 1 min to avoid any 
loss of silicon. Repeated tests showed that the silicon 
recovery in the melt was 99 pct or better from 0.1 pct 
up to 20 pct Si. The temperature of the melt was 
observed and controlled frequently by changing the 
inductance of the circuit, and in the successful heats 
it did not fluctuate more than +4°C. Temperature 
control was of utmost importance due to the strong 
temperature dependence of the Si-O equilibrium. 

The attainment of equilibrium between a gas of 
known composition, silica, and liquid metal requires 
a period of 8 to 15 hr or more depending upon the 
initial metallic charge. Frequently equilibrium was 
reached from both the high and low silicon sides or 
the heats were held considerably longer than neces- 
sary as judged from the reaction rate study. 

Experimental procedure differed in the ranges of 
silicon between 0.004 to 0.10; 0.1 to 1.6; and above 
4.4 pct as follows: 

In the silicon range of 0.004 to 0.1 pct it was neces- 


FEBRUARY 1952, JOURNAL OF METALS—173 


An 
GAS» > 
IN 2 9 
L 
H 
= PAN | 
J 
NSA 
GAS 
ouT 


sary to attain the desired temperature with the least 
degree of fluctuation in order to avoid the formation 
of a scum. This scum usually disappeared in 15 to 
20 min, but such heats were always rejected. The 
pyrometer focused on the surface of the liquid metal 
permitted a clear observation of any such scum or 
floating nonmetallic particles due to their higher 
emissivity than the liquid iron. The surfaces of ex- 
perimentally successful heats were observed to be 
clean and uniform. With the H.O/H, ratio of 0.35 at 
1600°, liquid slag appeared on the surface of the 
liquid iron. Above this ratio the phase rule requires 
disappearance of SiO, or Fe. The interaction between 
slag and silica occurred in the limited region of con- 
tact, causing complete erosion and failure of silica 
crucibles when excessive slag formation was allowed. 
In the experimental heats above the ratio 0.35, the 
successful melts were quenched as soon as a small 
patch of liquid slag was observed. 


Table |. Examples Showing Effect of Quenching Method, 1600°C 


Heat (H20) 
102 O, Pct uench 

No H2.O/H2x10 c Gis) 1% 01 Q 

8 3.73 0.032 a2 Water 
12 4.55 0.035 13 Water 
14 5.64 0.019 Bay) Water 
15 4.31 0.021 Dol Water 

6 3.75 0.013 2.9 Furnace 
16 4.86 0.015 3.24 Furnace 
20 15.98 0.039 4.1 Furnace 
61 10.52 0.033 3.2 Dry He 
62 10.47 0.034 3.1 Wet He 
67 17.20 0.052 3:3 Wet He 
68 17.36 0.052 3:3 Dry He2 
69 17.30 0.051 3.4 Dry He 


Table II. Preliminary Heats at i600°C. H,O/H, — 0.0233. 


Si, Pct 
Heat No. Time, Hr Charged Analyzed 
38 3.0 0.23 0.237 
39 3.0 0.281 0.326 
33 2.1 0.30 0.315 
41 3.2 0.33 0.344 
34 3.0 0.35 0.355 
35 1.2 0.41 0.408 
36 3.0 0.45 0.433 
37 3.2 0.50 0.474 
Table III]. Heats Approaching Equilibrium from both Sides at 
1600°C. H,O/H, — 0.0233. 
Si, Pct 
Heat No Time, Hr Charged Analyzed 
42 12.2 0.26 0.357 
43 10.0 0.26 0.339 
45 12.0 0.50 0.414 
46 3.2 0.38 0.376 
49 16.5 0.42 0.379 
50 17.2 0.35 0.378 


Table IV. Reaction Rate Heats at 1600°C. H,O/H, = 0.0182. 


Heat Si, oO, [% Sil [% O12 
No. Time, Hr Pet Pet x 105 
Series I — Initial Charge: Pure Iron 
0.28 0.072 0.0180 2.3 
70 1.00 0.165 0.0128 2.7 
72 2.01 0.241 0.0106 2.7 
73 4.08 0.321 0.0095 2.9 
86 1.00 0.178 0.0126 2.6 4 
78 5.37 0.38 0.0088 2.9 
79 9.57 0.49 0.0073 2.6 
80 16.52 0.608 0.0064 25 
Series II — Initial Charge: 1 Pct Si 
0.33 0.0066 4.3 
83 1.50 0.946 0.0060 3.4 
81 3.74 0.929 0.0064 3.8 
82 8.00 0.80 0.0060 2.9 


In the range of 0.1 to 1.6 pet Si, no difficulty was 
encountered. The general procedure outlined above 
was used in making these heats with initial silicon 
charges as close to the equilibrium value as possible, 
in order to decrease the time necessary for the at- 
tainment of equilibrium. 

The range of silicon between 4.4 to 15.0 pet in- 
volved the following difficulties in the experimental 
procedures: 1—-The preheater failure was frequent, 
especially at the H.O/H, ratio corresponding to 15.0 
pet Si. Several heats of this and 10 pct Si contents 
were rejected for this reason. 2—The rate of change 
in the composition of these melts was very slow. 
Determination of a single equilibrium silicon con- 
tent required several long heats under the same at- 
mosphere. 

The latter difficulty can be illustrated by certain 
actual heats. In order to determine the equilibrium 
silicon content under an atmosphere of H,O/H, = 
0.0021, heat 137 was charged with 18.40 pct Si metal. 
After 13.5 hr at 1600°C, its composition in silicon 
was 17.60 pct. Accordingly heat 140 was charged 
with 15.16 pct Si. With 99 pct recovery of silicon, 
this heat initially contained 15.01 pct of this element. 
After 13.6 hr at the same temperature, the silicon 
content remained the same, indicating that the equi- 
librium concentration was obtained. Determination 
of the equilibrium concentration at 10.42 pct Si re- 
quired four successive heats of similar types. 

At the end of an experimental heat, the melt was 
lowered quickly and gas-quenched (a few were 
furnace cooled). The ingots were sound and some- 
what adherent to the crucibles. After removing a 
thin skin of metal by grinding, the ingots were cut 
vertically into radial segments for the chemical and 
vacuum-fusion analyses. 

Quenching Technique: Heats 4 to 6 were furnace 
cooled from 1600°C and freezing required 16 to 20 
sec. This was considered to be too long to be certain 
of retaining the equilibrium concentrations of silicon 
and oxygen in liquid iron and a quenching technique 
was therefore developed. The first attempt to quench 
the liquid iron was to duplicate the water-quench- 
ing method described by Zapffe and Sims.” These 
authors dropped their melts directly in a tank of 
water with a towel on its surface acting as a “‘para- 
chute.” With this technique it was extremely dif- 
ficult to obtain ingots of regular shape and free of 
porosity. The oxygen content of the few water- 
quenched heats that were sound enough to analyze 
are shown in the first four lines of Table I. It is evi- 
dent that there is no correlation between the per- 
centage of oxygen and the ratio H.O/H.. Moreover, 
all but one of these specimens are higher in oxygen 
than corresponding properly quenched melts, and it 


Table V. Rate of Transfer and Oxygen Capacity of Gas 


0) Activity 


. H2O/H2 Capacity, Total 
Transferred, of 


(Equi- Millimols Capacity, 
Time, Hr Millimols O, do librium) per Hr Millimols 
Series I 
0.28 0 0.0148 0.059 27.0 0 
1.00 2.4 0.0095 0.038 13.2) 12.5 
2.01 4.4 0.0073 0.029 7.5 22.5 
4.08 6.4 0.0063 0.025 4.7 35.5 
1.00 2.8 0.0091 0.037 12.6 12.2 
5.37 8.0 0.0058 0.024 4.1 41.0 
9.57 10.6 0.0046 0.019 0.6 49.0 
16.52 13.7 0.0039 0.016 —1.4 
Series II 
0.33 0 0.0036 —2.6 0 
8.00 —4.5 0.0034 0.014 —2.6 —20. 
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is evident that oxygen has been absorbed from the 
water. This conclusion was substantiated by an ex- 
periment in which the quenching medium was a 
chlorinated hydrocarbon oil; in this case the sample 
was very porous and contained 1.0 pct C. 

The next group of three heats in Table I were fur- 
nace cooled by lowering them out of the induction 
coil. In these samples the oxygen content is at least 
roughly proportional to the H.O/H. ratio and is com- 
parable to that found later in gas-quenched samples. 

The most satisfactory and convenient method of 
quenching was by the use of hydrogen or helium. 
Hydrogen was used in most of this work directly 
from the cylinders or with a controlled amount of 
water vapor. The experimental procedure consisted 
of passing hydrogen through the quenching tubes, 
K, shown in Fig. 2, at a pressure of 15 to 20 psi as 
soon as the melt was pulled down to the position 
just below the upper jet holes. This operation re- 
quired about 1 sec with the assistance of another 
person at this moment. It was an important pre- 
caution to flush all the connections between the 
hydrogen cylinder and the quenching tubes before 
proceeding with this operation. Helium used in two 
heats did not chill the sample quite as rapidly as 
hydrogen, and was considerably more expensive. 

Results shown in Table I indicate that dry and wet 
hydrogen produced similar and reproducible results. 
This technique was used for all heats beginning 
with No. 28. The time required for freezing from 
1600° was 4 to 6 sec compared to 20 sec for furnace 
cooling. 

Reaction Rate Study 


Preliminary runs in Table II indicated that a period 
of 1 to 3 hr was not sufficient for the establishment 
of equilibrium. These heats were all made under a 
gas with a constant H.O/H, ratio of 0.0233+0.0002. 
The rate of change in silicon concentration was 
smallest in heats 34 and 35, bracketing the equi- 
librium silicon concentration, and showing that a 
longer period of time than 3 hr was required to reach 
equilibrium. Accordingly, heats in Table III were 
made with longer periods of time and under the 
same H.O/H, ratio. Further, very closely agreeing 
silicon values were obtained when the equilibrium 
was approached from both directions, as shown by 
heats 49 and 50. 

These heats were made in crucibles of 0.875 in. ID 
and 2.0 in. high, containing 45 g of liquid metal. The 
surface exposed by the metal was considered to be 
too small, requiring excessively long periods of time 
for the attainment of equilibrium even in the case 
of initial silicon content not far from the equilibrium 
value. Another series of rate studies was made with 
crucibles of 1.063 in. ID and 1.13 in. high, permitting 
50 pet larger surface area exposed to gases and con- 
taining 35 g of liquid iron. These heats were made 
under a H.O/H, ratio of 1.82x10~° and consisted of: 
1—the first series starting with pure iron, and 2— 
the second series containing an initial charge of 1 pct 
Si. Table IV gives the experimental results obtained 
under constant conditions of temperature and gas 
composition. The charge was brought to 1600°C 
within 40 sec, in order to eliminate large relative 
error in time. In the first four heats the preheater 
was maintained at about 1600°C; in all others this 
was reduced to about 1400°C, in order to prolong 
the life of the preheater wire. 

The rate data are shown graphically in Fig. 3. Tig 
is evident that the approach to equilibrium from 
either the low or the high silicon side requires many 
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hours, if the change in composition is even moder- 
ately large. This is in sharp contrast to the results 
obtained in inert crucibles* where 15 to 30 min was 
adequate. The difference lies in the fact that here 
the oxygen transferred across the metal-gas inter- 
face is not simply that associated with the change in 
oxygen concentration but includes also that result- 
ing from reduction of silica or oxidation of silicon. 

Rate of Oxygen Transfer—Series I: In approach- 
ing equilibrium from the low silicon side it was 
found that the product [% Si] [% O]* was essen- 
tially independent of time. This indicates that equi- 
librium is maintained between solid silica and liquid 
metal and hence that the overall rate is determined 
by other reactions, presumably those at the liquid- 
gas surface. The total amount of oxygen transferred 
from metal to gas is readily obtained from the 
changes in composition and the total mass of metal, 
35 g. The number of millimols of oxygen transferred 
from metal to gas, beginning with the first sample, 
is shown in col. 2 of Table V. 

The capacity of the gas for removal of oxygen is 
determined by its hydrogen content and by the dif- 
ference in H.O/H. ratio for the incoming gas and that 
which would be in equilibrium with the metal bath. 
The latter depends upon the activity of oxygen in 
the metal, which is not the same as its concentration 
on account of the effect of silicon. It will be shown 
later that silicon decreases the activity coefficient of 
oxygen in the manner summarized by Fig. 6. This 
curve is used to compute the activity of oxygen in 
each sample, and the results are listed in col. 3 of 
Table V. The corresponding equilibrium ratio H.O/H, 
calculated from the equilibrium constant of eq 3 
(K; = 3.95) is listed in col. 4. 

The rate of flow of the gas was 260 ml of hydrogen 
per min, corrected to standard conditions. This equals 
696 millimols per hr, and its water-vapor content 
was 12.7 millimols. Each atom of oxygen removed , 
from the bath consumes one molecule of H, and adds 
one of H.O. In the limiting case, this process can con- 
tinue until the equilibrium ratio is reached, and the 
total number of mols which the gas can absorb is 
called its oxygen capacity.” The oxygen capacity of 
the gas expressed in millimols per hr is given in 
col. 5 of Table V. It was assumed that all heats were 
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alike at a time of 0.28 hr (the shortest run), and the 
total capacity of the gas between this time and the 
end of the run was obtained graphically from a 
plot of capacity vs. time. The result is in col. 6. 

In Fig. 4 the amount of oxygen transferred is 
plotted against the total oxygen capacity of the gas. 
The slope of the straight line, 0.2, indicates that the 
process of oxygen transfer is about 20 pct efficient 
under the conditions of the experiments. 

Rate of Oxygen Transfer—Series II: In oxidizing 
silicon from the bath, the oxygen activity of the 
metal remained substantially constant at 0.0035. The 
oxygen capacity of the gas is, therefore, constant 
and equal to —2.6 millimols per hr. The rate of sili- 
con removal was also roughly constant at about 0.023 
pet or 0.58 millimols of oxygen per hr. The transfer 
efficiency is thus 22 pct, but this figure is inaccurate 
on account of the close proximity to equilibrium. 

These kinetic studies were not expected to eluci- 
date the mechanism of oxygen transfer. Such a study 
would require wide variations in concentration and 


flow rate of the gas, as well as in stirring rate of the 
bath, the latter conceivably achieved by changes in 
frequency. About all that can be concluded regard- 
ing reaction rates is: 1—that under the experimental 
conditions oxygen transfer is 20 pct efficient, and 
2—that the reactions at the metal-silica interface 
are fast enough to keep pace with those at the metal- 
gas surface. 
Equilibrium Study, 1600°C 

A large number of experimental runs were car- 
ried out at 1600°C in order to establish the equi- 
librium conditions at several levels of silicon con- 
centration. Some of these runs, like the early heats 
of Table III, showed only the direction in which the 
reaction was proceeding, and actual equilibrium was 
not reached. These nonequilibrium heats are sum- 
marized in Table VI. The data are useful as approxi- 
mate confirmation of the more accurate results of 
heats in which equilibrium was more closely ap- 
proached. 

The data on those heats which attained or very 
closely approached equilibrium are summarized in 
Table VII. Two series of results are presented in 
order of increasing silicon concentration. In the first 
series, the preheater was held as nearly as possible 


Table VI. Nonequilibrium Heats at 1600°C 


Hr at 
Si, Pct Tem- 
Heat Ana- H:O/H2 O, [% Si] [% Ol]?  pera- 
No. Charged lyzed x10? Pet x105 ture 
27 1.00 0.938 8.77 0.0058 3.2 oe 
28 1.00 0.830 8.71 0.0065 ono 4.0* 
30 0.50 0.432 8.71 0.00767 2.5 3.0 
98 12.86 12.11 0.486 0.0028; 9.4 14.5 
106 25.0 24.00 0.276 0.0012+ es, 8.4 
133 3.41 3.03 0.707 0.0049 7.4 12.0 
135 6.52 6.24 0.432 0.0018 2.0 10.0 
136 14.00 12.87 0.260 0.0016 BiG) 15.0 
137 18.40 17.60 0.214 13.5 
138 11.52 10.97 0.272 6.5 
141 10.47 10.40 0.258 2:2 


* Surface partially covered by a scum growing gradually towards 
the center of metal. 
+ Single analysis. 


Table VII. Equilibrium Data at 1600°C 


Si, Pct 
Heat No. Charged Analyzed H2O/Hex102 O, Pet Time, Hr K'1x105 K’>x104 K’s fo 
Series I 
104 0.00 0.003+ 32.6 0.0780 3.8 1.83* 3.18 4.18 1.05 
65 0.009 0.012; 17.36 0.0415 12.0 2.07 3.63 4.18 1.05 
69 0.02 0.013} 17.30 0.0502 12.2} 3.27 3.82 3.46 0.87 
105 0.02 0.0207 17.00 0.0413 9.0 3.41 4.12 1 03 
63 0.00 0.016 13.19 0.0378 6.5 2.30 2.78 3.49 0.88 
61 0.036 0.026 10.52 0.0332 8.4 2.86 2.87 3.18 0.80 
62 0.00 0.025 10.47 0.0325 10.0 2.64 2.74 3.22 0.81 
60 0.046 0.036 8.90 0.0300 11.0 3.24 2.84 2.97 0.75 
58 0.08 0.089 5.87 0.0183 12.0 3.02 3.05 3.21 0.81 
57 0.18 0.132 4.37 0.0149 12.0 2.93 2.50 2.93 0.74 
56 0.12 0.139 4.31 0.0142 9.5 2.80 2.57 3.03 0.76 
52 0.20 0.227 3.23 0.0117 18.0 3.10 2.38 2.76 0.70 
49 0.42 0.379 2.334 0.0090 16.5 3.07 2.07 2.59 0. 64 
50 0.35 0.378 2.305 0.0090 17.2 3.10 2.02 2.56 0.65 
99 0.73 0.613 1.703 0.0063 12.4 2.43 1.78 2.70 0.68 
Series 
127 0.004+ 28.00 0.0685 3.7 1.85 2.90 
130 0.005 0.006 21.90 0.057¢ 4.1 1.95 2.87 ay oe 
131 0.011 0.011 16.13 0.0401 7.5 1.72 2.86 4.02 1.01 
121 0.056 0.061 6.54 14.5 2.61 . : 
122 0.177 0.170 3.90 0.0127 13.3 2.74 2.58 3.07 0.78 
123 0.425 0.410 2.26 0.0096 11.0 3.78 2.09 2.36 0.60 
132 1.10 1.01 1.31 0.0050 12.5 2.52 1.73 2.62 0.66 
134 7 1.61 0.969 0.0046 11.0 3.40 1.50 211 0.53 
149 4.60 4.39 0.456 0.0023¢ 10.5 2.24 0.912 2.04 0.51 
139 10.64 10.42 0.260 0.0017 9.3 3.02 0.707 : ' 
140 15.15 15.00 0.210 0.0017 13.6 4.3 0.660 1.24 0.31 


*In Series I, gases were highly preheated. In Series II, preheating was about 60°C lower. 


+ Si analyses unreliable. 
t Single analysis. 
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at bath temperature; in the second, about 60° lower. 
No consistent differences were observed and the two 
series are considered equivalent. Certain thermo- 
dynamic quantities derived from the data are also 
tabulated. Results at other temperatures will be 
shown subsequently. 

Several heats were made under a gas sufficiently 
oxidizing to produce a slag on the metal surface. 
Such runs could not be carried to equilibrium, since 
this would entail destruction of the crucible. Each 
run was discontinued shortly after the visual ap- 
pearance of slag. The data which are assembled in 
Table VIII show conditions under which slag forms. 
The average oxygen content of these heats, 0.088 
+0.002 pct, is taken as the limiting concentration 
corresponding to saturation with slag and solid silica. 
The corresponding silicon content is of the order of 
0.003 pct, but this is not considered an accurate 
figure. 

The data of Tables VII and VIII are plotted in 
Fig. 5. The slope of the equilibrium line agrees with 
the value of K, = 3.95 reported by Dastur and Chip- 
man. Deviations below about 0.04 pct O are real and 
will be discussed in the following section. The limit- 
ing H.O/H, ratio is 0.35 corresponding to the oxygen 
limit 0.088 pct. 


Thermodynamic Calculations, 1600°C 

Activity of Oxygen: It is known from the early 
work of Fontana and Chipman” and of Chipman and 
Samarin” that in the binary solution of oxygen in 
iron the activity of oxygen is proportional to its con- 
centration. This is the basis for setting the activity 
coefficient fo in the binary solution equal to unity, 
in the equation: 


Puy* fo: O] 


Values of fo in the presence of silicon are consider- 
ably less than unity as shown in the last column of 
Table VII. Here values of fo were obtained by divid- 
ing the tabulated values of K’, by 3.95, the ob- 
served” value of K, at 1600°. Fig. 6 is a plot of 
the logarithm of f. against silicon concentration. The 
shape of the curve is quite different from the 
straight line that was expected. Up to 0.5 pct Si it 
is fitted by the empirical equation: 


los fo" = 0.12) [% Si] — 0.38 [5] 
where the symbol f,“” designates the contribution 
of silicon to the activity coefficient of oxygen. 


Activity of FeO in Slag: The metal under a ferrous 
silicate slag contains a negligible amount of silicon, 
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Fig. 6—Effect of silicon on f, = ao/[% O] at 1600°C. 
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Fig. 7—Plot used in determining value of K, at 1600°C. Scale 
on right shows activity coefficient of silicon (f’,,). 


and its oxygen activity is equal to its concentration, 
0.088 pct (Fig. 5). Under a pure iron oxide slag the 
oxygen solubility is 0.225 pct.” Hence, the activity 
of FeO in the silica-saturated slag is 0.088/0.225 = 
0.39. 

Activity of Silicon: The effect of oxygen upon the 
activity coefficient of silicon is related to the effect 
of silicon upon that of oxygen through an equation 
derived by Wagner.” He has shown that in a very 
dilute solution of components 2 and 3 in component 
1, as the concentrations of 2 and 3 approach zero: 


where y is the activity coefficient and x, the mol 
fraction. It can be shown also that the equation is 
approximately valid when x, «1 and x, «1. Applied 
to oxygen and silicon with concentration in weight 


percent and designating by fs: the ratio as,\/[% Si], 
this becomes: 


and from eq 5 by differentiation: 
0 log fo/d [% Si] = 0.12 — 0.19 [% Sis [8] 


0 log fs:/0 [% O] 


Table VIII. Heats in Which a Slag Was Formed at 1600°C 


Si, Pct 
Heat No. Charged Analyzed* H20/H2 O, Pct Hr at 1600°C Remarks 
With Full Preheat 
100 0.735 Crucible failed due to slagging 
after 0.34 hr. 
101 0.009 0.007 0.735 0.0864 0.75 Slag appeared after 0.38 hr. 
102 0.012 0.004 0.590 0.0867 1.2 Slag appeared after 0.42 hr, heat 
furnace cooled. 
103 0.011 0.430 0.0857 2.2 Slag appeared after 0.67 hr. 
pas Solel ec 0.00 0.003 0.716 0.0932 0.40 Slag appeared after 0.38 hr. Ingot 
unsound. 
129 0.00 0.005 0.542 0.0920 0.42 Slag appeared after 0.30 hr. 
128 0.00 0.454 0.0873 0.54 Slag appeared after 0.38 hr. 


* Si analyses unreliable. 
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Fig. 8—Logarithm of activity coefficient of silicon, fs; = dg,/ 
[% Si] in binary system, Fe-Si, at 1600°C. 


Combination of eqs 7 and 8 gives: 
0 log fsi/d [% O] = 0.21 — 0.33 [% Siig [9] 


At any given silicon concentration eq 9 may be in- 
tegrated between oxygen limits of zero and [% O] 
keeping [% Si] constant. Letting f’s; represent the 
activity coefficient of silicon in the binary (oxygen- 
free) solution, and defining fs; as the contribution 
of oxygen to the activity in the ternary solution, the 
integration gives: 


log fs: = log fs: — log f’s: = 
(0.21 — 0.383 [% Si]~”*) [% O] [10] 


Both eqs 5 and 10 are empirical and are used only 
for convenience in calculation. They are restricted 
to a range of silicon concentrations from about 0.01 
to 0.50 pct. 

The next step includes the evaluation of both f’s; 
and K., the latter defined by the equation: 


Table IX. Computation of f.;, f’s;, and K, at 1600°C 


0.200L 
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0.100 71,0 
2 
3 0.050 
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0.010 -2.0 
fo} 
-2.2 
0.0054 
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Fig. 9—Si-O equilibrium at 1600°C. 
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The equilibrium constant K, is related to K’, of eq 2 
and Table VII as follows: 


The data are shown in Table IX in which col. 4 
shows log fs, computed from eq 10. Fig. 7 is a plot 
of log K’, + log fs; against [% Si] using values of 
kK’, from Table VII. The extrapolated value at zero 
silicon concentration gives the value log K, = —3.60. 
Values of log f’s; are found from eq 12 and may be 
read from the curve of Fig. 7 by the auxiliary scale 
on the right. By the same method values of f’s; for 
the binary system Fe-Si are obtained also for the 
higher concentrations of silicon and the data are 
summarized in Fig. 8. 


[12] 


Deoxidation Equilibrium 


Heat No. Si, Pct 0,Pct —log fs; K's The silicon and oxygen concentrations in metal 
wa ay which is in equilibrium with SiO, at 1600° are 
plotted in Fig. 9. The straight line corresponds to a 
65 0.012 0.0415 0.118 3.558 —0.042 : 
69 0.013 0.0502 0.136 3.546 — 0.054 product [% Si] [% O]* = 2.8x10~° which represents 
63 0.016 0.0378 0.092 3.652 + 0.052 
the data approximately over a very wide range of 
62 0.035 0.0325 0.061 3.624 + 0.024 composition. The greatest deviations are found at 
60 0.036 0.0300 0.046 3.592 —0.00 : me “a6 : 
58 0.089 0.0183 0.017 3.534 —0.066 very low silicon contents, where the silicon analysis 
57 0.132 0.0149 0.011 3.613 +0.013 
ules is inaccurate, or at very high silicon, where the oxy 
52 0.006 gen concentration is low and rather uncertain. 
50 0.378 0.0090 0.003 3/698 70.098 Hence, for all practical purposes the value of this 
—5 
as product may be taken as 2.8x10~° at 1600°C in the 
130 0.006 0.057 0.233 3.775 +0.175 range 0.02 to 15.0 pet Si. 
31 0.011 0.0401 0.119 3.662 + 0.062 : 
121 0.061 0.04 362 40.02 This, however, is not the true equilibrium constant 
for the reaction. The values for and K, at 1600° 
132 0.00 3.762 + 0.162 of and 3.95, respectively, have been ac- 
149 4.39 0.0023 0.00 4039 +0.439 cepted. From eqs 1, 2, and 3, it is evident that K, = 
ment between K’, and K, is due entirely to the ac- 
Table X. Equilibrium Data at 1545° and 1650°C 
Si, Pct 
Heat No. Charged Analyzed H.O/H2x102 O, Pct Time, Hr K'1x105 K’'ox104 K's fo 
Temperature 1545°C 
90 0.10 0.040 5.21 0.0125* 12.3 0.63 1.09 4.16 0.82 
91 0.04 0.018 8.78 0.0242 15.0 1.05 1.39 3.63 0.71 
94 0.00 0.073 3.87 0.0112 12.0 0.92 1.10 3.46 0.68 
107 0.098 0.126 3.02 0.0088 13.1 0.98 1.15 3.44 0.68 
108 0.061 0.080 3.88 0.0109 12.5 0.95 1.20 3.56 0.70 
109 0.042 0.044 5.37 0.0156 12.4 1.07 1.27 3.54 0.70 
144 0.074 0.075 4.27 0.0124 8.0 1.15 1.36 3.45 0.68 
Temperature 1650°C 
97 0.50 0.486 2.73 0.0106 11.0 5.94 3.62 2.67 0.84 
145 0.063 0.068 7.86 0.0270* 6.5 4.95 4.20 2.90 0.91 
146 0.079 0.041 9.91 0.0365 9.5 5.46 4.02 2.71 0.85 
147 0.062 0.055 8.57 6.5 4.04 
148 0.086 0.091 7.10 0.0252 6.5 5.77 4.59 2.82 0.89 


* Single analysis. 
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Fig. 10—Effect of silicon on the activity coefficient of oxygen 
at three temperatures. 


tivity coefficients of oxygen and silicon discussed in 
the foregoing section. Within the experimental 
range of composition the product of the activity co- 
efficients is, fortuitously, nearly constant, which re- 
sults in a nearly constant value of K’;. Actually, 
this product varies slightly with composition but the 
experimental data, especially those at low silicon 
content, are not sufficiently accurate to permit a de- 
tailed examination of this question. 

The same uncertainty applies to the following 
estimate of the silicon content of the metal in equi- 
librium with solid silica and liquid slag. In an 
earlier section the oxygen content was found to be 
0.088 pct. If the product K’, remains constant at 
2.8x10™, this corresponds to 0.0036 pct Si. The lower 
trend noticeable in Fig. 9 would indicate about 
0.0024 pct, while the empirical equations for activity 
coefficient point to a slightly higher value. Our best 
estimate is, therefore, 0.003 + 0.001 pct Si at 1600°. 


Effect of Temperature on the Equilibrium 

Experimental data at 1545° and 1650°C are given 
in Table X. The detailed study of the approach to 
equilibrium at 1600° was not repeated at these tem- 
peratures. Nevertheless, equilibrium was approached 
from both sides and, in most cases, there can be 
little doubt but that equilibrium was substantially 
reached. 

The values of K, at these temperatures, according 
to Dastur and Chipman, are 5.10 and 3.15, respec- 
tively. These and tabulated values of K’, yield the 
activity coefficients of oxygen in the last column. 
These are plotted in Fig. 10 along with the curve for 
1600° from Fig. 6. The curves are drawn by analogy 
with the 1600° results, and it is obvious that the 
data yield only crude values for fo“. 

The effect of oxygen on the activity coefficient of 
silicon was computed as described for the data at 
1600°, using empirical expressions which need not 
be recorded here. The activity coefficient, f's:, of 
silicon in the binary system Fe-Si was assumed to 
follow the curve established at 1600° (Fig. 8). Er- 
rors in these coefficients cannot seriously affect the 
resultant values of K;, since all values of f involved 


Table XI. Computation of K, at 1545° and 1650°C 


Heat No. —log K's —log fs: log f’si —log Ka 
Temperature 1545° 
3.964 0.027 0.007 3.984 
91 3.859 0.098 0.003 3.954 
94 3.959 0.010 0.012 3.957 
107 3.940 0.003 0.021 3.922 
108 3.921 0.010 0.013 3.918 
109 3.897 0.030 0.007 3.920 
144 3.867 0.016 0.012 3.871 
Weighted average 3.920+0.03 
Temperature 1650° 
3.441 0.000 0.080 3.361 
145 3.377 0.013 0.011 3.379 
146 3.395 0.025 0.008 3.412 
147 3.394 0.019 0.009 3.404 
148 3.338 0.009 334 


.015 
Weighted average 3.375+0.025 
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Fig. 12—Isothermal section of ternary system Fe-Si-O at 
1600°C. Dotted lines show solubility lines at 1545° and 1650°C. 


are near unity. The calculation is summarized in 
Table XI from which the values of K, at 1545° and 
1650°, respectively, are (1.20 + 0.08)x10~ and (4.2 
(1) 

From K, and K, the values of K, at these tempera- 
tures are 4.6x10° and 4.2x10°. These figures repre- 
sent the equilibrium constants for silica saturation, 
namely ds;:a°o. The concentration products, [% Si] 
[% O]* are best obtained as the average values of 
K’, which for the two temperatures are respectively 
and 5.5x107, 

The effect of temperature on K,, K’,, and K, is 
shown graphically in Fig. 11 where log K is plotted 
against reciprocal temperature. The straight lines 
correspond to the following equations for log K and 
for the free energy change in the reactions; the cor- 
responding values for K, are quoted from Dastur 
and Chipman: 


SiO, (s) = Si + 20; AF°, = + 146,500 — 56.3T 


13 
K, = agi: @’0; log K, = — 32,000/T + 12.29 [13] 
AF®°, = + 82,000 — 27.3T 
[14] 


K, = Gs: loz K; = — 18,000/T 25.98 
H. (g) + O = H.O; AF®, = — 32,250 + 14.50T 


15 
K, = Pu.0/ (Paso); log Ks = + 7050/T — 3.17 [15] 
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Table XII. Comparison of Results for Product [% Si]-[% O]*x10° 
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Fig. 13—Comparison of data on equilibrium between H,, H,O, 
and Si in liquid iron at 1600°C. 


The solid form of silica to which eqs 13 and 14 
apply is cristobalite, the stable form at the experi- 
mental temperatures. The crucibles which were 
originally vitreous silica were always thoroughly de- 
vitrified. It should be remarked that K, and K, are 
less certain than K, because of uncertainties in the 
activity coefficients. The heat terms in the equations 
of AF, and AF, are subject to uncertainties of at least 
+ 5000 cal. 

The isothermal section of the iron-rich corner of 
the ternary system Fe-Si-O at 1600° is shown in 
Fig. 12. The solid curve passes through experimental 
points up to 0.088 pet O, beyond which solid silica 
disappears. The three-phase area in the lower left 
corner contains solid silica, a liquid slag whose com- 
position varies only with temperature, and lquid 
metal containing 0.088 pet O and about 0.003 pct Si. 
The experimental data at the lower and higher tem- 
peratures are shown by broken lines which indicate 
the solubility of SiO, at these temperatures. 

Comparison With Previous Work: The experi- 
mental work of Korber and Oelsen led to average 
values of the product K’, = [% Si] [% O]’? which 
do not differ greatly from those reported here. The 
comparison is shown in Table XII. The good agree- 
ment at lower temperatures is somewhat fortuitous, 
since the earlier results showed very wide scatter 
and only the average is recorded here. 

In the experiments of Zapffe and Sims this prod- 
uct was not determined, but a basis of comparison 
can be found in the gas-metal equilibrium repre- 
sented by eq 2. The data for 1600° are shown in 
Fig. 13 where values of (H./H.O)* are plotted against 
silicon content. Wide deviations in the earlier data 
are attributed to failure to reach equilibrium in the 
reaction. 

In the more recent work of Hilty and Crafts, an 
apparent break was reported in the Si-O relation- 
ship at about 0.04 pct Si. The results reported here 


ha | © HILTY AND GRAFTS 
P05 | | 
| | | 
> | | | | | | i 
x | lo | | | 
io 
WwW | 
| | | | ° 
| | 
0.002 | | | | | | 
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Fig. 14—Si-O equilibrium in liquid iron at 1600°C. Compari- 
son of results in silica crucibles. 
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Temperature, °C 1550 1600 1650 
Kérber and Oelsen 1.3 3.6 10.6 
4 ZAPFFE AND SIMS Hilty and Crafts 1.6 3.0 5.3 
Gokcen and Chipman 2.8 


do not confirm this break though they do agree 
rather well with the actual data. Fig. 14 shows their 
experimental points obtained in silica crucibles at 
1600° and our line for the same temperature. On 
the average the agreement is excellent. Their av- 
erage values of K’, at three temperatures are in- 
cluded in Table XII. 
Summary 

Molten Fe-Si-O alloys in silica crucibles were 
brought into equilibrium with atmospheres of con- 
trolled H.O/H, ratio, quenched in hydrogen, and 
analyzed. 

The rates of oxidation and reduction were studied 
in experiments lasting up to 16 hr at 1600°. The rate 
determining part of the process is the transfer of 
oxygen from gas to metal or the reverse, which, 
under the experimental conditions, was about 20 pct 
efficient. Reactions at the metal-silica interface are 
fast enough to keep pace with those at the metal- 
gas surface. 

A detailed study was carried out at 1600° and up 
to 15 pet Si of equilibrium in the reactions: 


SiO. (s) = Si + 20 [1] 
SiO. (s) + 2H, (g) = Si + 2H.O (g) [2] 
H. (g) + O = HO (g) [3] 


From the previously known equilibrium constant of 
eq 3 the activity coefficient of oxygen was deter- 
mined and found to be strongly diminished by even 
small amounts of silicon. A reciprocal relation per- 
mits calculation of the effect of oxygen on the ac- 
tivity coefficient of silicon. 

From the equilibrium data at 1545°, 1600°, and 
1650°, the activity of silicon and the constants of 
eqs 1 and 2 were obtained, as well as the free ener- 
gies and heat effects in these reactions. 

At 1600° the metal in equilibrium with solid silica 
(cristobalite) and liquid slag contains 0.088 pct O 
and about 0.003 pct Si. The activity of FeO in the 
slag is 0.39. 

The concentration product [% Si]-[% O]° is not 
the true equilibrium constant of reaction 1 because 
the activity coefficients are far from unity. Approxi- 
mately compensating changes in the coefficients re- 
sult in a nearly constant product and for practical 
purposes it may be considered constant in the range 
0.02 to 15.0 pet Si. Values of the product agree 
fairly well with previous studies as shown in Table 
XII. 
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Technical Note Growth of Austenite in Cold-Rolled Tempered Martensite 


by A. E. Nehrenberg 


N an earlier publication* it was shown that the 

shape assumed by a volume of growing austenite 
is inherited from the prior structure. The matrix 
grains of pearlitic microstructures are equiaxed, and 
austenite grows in an equiaxed manner in these 
prior structures. Martensite and bainite, on the 
other hand, have an acicular grain structure, and 
the austenite produced in such structures grows in 
an acicular manner, 

In the discussion of this paper’ it was pointed out 
that in cold-rolled tempered martensite, austenite 
grows in an equiaxed, rather than an acicular man- 
ner. The results of an experiment carried out to 
arrive at an understanding of this behavior are il- 
lustrated by the micrographs. 

Fig. 1 shows the acicular microstructure produced 
by heating tempered martensite to a temperature 
within the Acl-Ac3 range, 1350°F. When tempered 
martensite is cold rolled, then heated to the same 
temperature, the equiaxed structure shown in Fig. 
2 is produced. A sample of cold-rolled tempered 
martensite heated at 1350°F just long enough for 
the formation of a small amount of austenite is 
shown by Fig. 3 to have an equiaxed (recrystallized) 
ferrite grain structure. The small particles of aus- 


tenite which formed at 1350°F in the equiaxed © 


ferrite matrix are likewise equiaxed. 

Thus, the equiaxed growth of austenite in cold- 
worked tempered martensite is not a contradiction 
of the principles described in the previous paper, 
for the growth pattern reflects the matrix grain 
structure existing at the time of austenite formation. 
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Figs. 1 to 3—Effect of 
cold rolling on growth 
pattern of austenite in 
tempered martensite. 
X2000. 


Fig. 1—Tempered mar- 
tensite heated 2 hr at 
1350°F, quenched, and 
tempered 12 hr at 
600°F. 


Dark etching structure 
(tempered martensite) 
was austenite at time of 
quench. 2 pct Zephiran 
chloride-picral etch. 


Fig. 2—Tempered mar- 
tensite cold rolled 50 
pct, then heat treated 
in the same manner as 


Fig. 1. 
Etch same as Fig. 1. 


Fig. 3—Tempered mar- 

tensite cold rolled 50 pct 

and heated 2 min total 

time in lead at 1350°F, 

quenched, and tempered 
Vy hr at 600°F. 


Nominal composition of 
steel used was: 0.25 pct 
C, 1.3 pet Mn, 1.5 pet 
Si, 1.8 pet Ni, and 0.40 
pet Mo. Etched in All- 
ten’s reagent. 
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Dislocation Collision and the Yield Point of lron 


by A. N. Holden 


DISLOCATION mechanism has been described 

by Cottrell’ by which metals can yield locally, 
i.e., form Liders bands, giving rise to a characteristic 
stress-strain curve with a sharp yield point and ap- 
preciable strain at constant or decreasing stress. It 
is undoubtedly the best mechanism that has been 
suggested to date.* 

In its present development, however, the disloca- 
tion mechanism provides a more satisfying explana- 
tion for the sharp yield point than for the extensive 
localized flow occurring at the lower yield stress. 

The primary objective in this paper is to extend 
the dislocation mechanism to account for localized 
cataclysmic flow by a dislocation collision process 
and to give experimental evidence to support such 
a process. Only the yielding of iron containing car- 
bon will be discussed, although other metal-solute 
systems are known to behave similarly. 


Cottrell Mechanism 

In brief, Cottrell explains the yield point in the 
following way: The dislocations in iron which must 
propagate to produce slip usually lie at the center of 
local concentrations of carbon atoms, since segrega- 
tion about these dislocations relieves*some of the 
local stress resulting from them. A dislocation sur- 
rounded by a “cloud” of carbon atoms is thus 
anchored, and a higher stress is required to set it in 
motion than to move a free dislocation. Considering 
all available dislocations to be anchored in this 
fashion, the iron exhibits a yield point when the first 
dislocations break free and move through the lattice 
causing slip. This first breaking away of a disloca- 
tion enables other dislocations to break loose by 
“interaction” and the process becomes a cataclysm 
producing local deformation or Liders bands. 

The yield point in the stress-strain diagram for 
iron is absent in freshly deformed material, but re- 
turns gradually with time; the phenomenon is one 
aspect of what is called strain aging. The rate at 
which the yield point returns following straining 
depends on the temperature of aging. According to 
Cottrell the rate of return of the yield point in 
strained iron is limited by the rate of diffusion of 
carbon at the aging temperature, the mechanism is 
one of reforming the solute atmospheres around car- 
bon-free dislocations that had stopped moving co- 
incident with the removal of stress. If the specimen 
is retested immediately after straining and unload- 
ing, carbon will not have had time to diffuse to, and 
re-anchor, dislocations and the yield point will not 
occur. 

The carbon diffusion limitation for the rate of 
strain aging apparently applies if the criterion for 
strain aging is either the change in hardness’ or the 
change in electrical resistance’ of the strained speci- 
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Fig. 1—Rate of return of yield point upon strain aging. 


men with aging time. The possibility exists, how- 
ever, that the yield point actually returns to strained 
iron at some rate other than that deduced from 
hardness or electrical resistance data. Therefore, as 
a preliminary experiment, the rate of yield point 
‘return in a rimmed sheet steel strained 6 pct in ten- 
sion was measured at 27°, 77°, and 100°C. A plot of 
yield-point elongation for each of these tempera- 
tures against aging time appears in Fig. 1. The 
aging process is described by curves which rise to a 
plateau value of elongation that seems independent 
of temperature, but at a rate that depends on tem- 
perature. Very long times lead to a further rise in 
the yield-point elongation above the plateau value. 
However, if the later increase in yield-point elonga- 
tion is ignored and the log of the time to reach half 
the plateau value of elongation is plotted against 
1/T, a straight line results for which an activation 
energy of about 25 kcal per mol may be assigned. 
Within the accuracy of this sort of experiment this 
is approximately the activation energy for the dif- 
fusion of carbon in iron (20 keal per mol), and the 
carbon diffusion limitation suggested for the yield- 
point return on strain aging is valid. 

The Cottrell mechanism thus explains in a quali- 
tative manner the occurrence of a yield point in iron 
and its return with strain aging. It fails, however, 
to explain some of the other experimental observa- 
tions that have been made of the yielding behavior 
of iron. 

For example, it is known that the yield point in 
iron becomes less pronounced with increasing grain 
size. Annealed single crystals of iron have very 
small yield-point elongations,”° if indeed they have 
any,’ compared to a polycrystalline steel. If the only 
requirement for a yield point is that the dislocations 
in the lattice of the annealed material be anchored 
by carbon atoms, the difference in the behavior of 
single crystals and polycrystals is not explained. 
That a dislocation mechanism may be entirely con- 
sistent with little or no yield point in an annealed 
single crystal will become apparent later when dis- 
location interaction is discussed. 

Strain aging produces a definite yield point even 
in single crystals."” This accentuation of the yield- 
point phenomenon in single crystals after strain 


* For a review of other mechanisms that have been employed to 
explain the yield point, the reader is referred to Low and Gen- 
samer.? 
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aging also is not explained by the behavior of 
anchored dislocations unless some change in the 
number of dislocations, their arrangement, or both, 
occurs during the strain-aging process. 

Cottrell has recently extended his theory to show 
that a polygonized structure, one containing disloca- 
tions arranged in subboundaries, could explain dis- 
location interaction and account for a yield point in 
single crystals. These boundaries of dislocations 
merely act as added barriers to dislocation migra- 
tion, according to Cottrell, and the breaking of one 
of these barriers under stress releases an avalanche 
of dislocations. Presumably, if such boundaries of 
dislocations are present, and if they become better 
defined during strain aging, the more pronounced 
yield point in the strain-aged crystal also could be 
explained. Unless polygonization does occur at 
strain-aging temperatures, however, (i.e., room tem- 
perature to 100°C) some other mechanism for dis- 
location interaction and resultant cataclysmic flow 
must apply. 


Dislocation Interaction by Collision 


An alternative mechanism for dislocation inter- 
action based on chance collision between moving 
and anchored dislocations will now be described. 
This mechanism does not require the presence of 
polygonization boundaries, and the enhancement of 
the yield point by strain aging can be explained as 
a strain dependent increase in dislocation population. 
Furthermore, this mechanism predicts that an an- 
nealed single crystal will not have a yield point. 

A qualitative picture of a yielding process in 
which an avalanche of dislocations is released by 
collision would be as follows: All dislocations are 
distributed randomly through the iron crystal and 
are anchored by local concentrations of carbon atoms 
as Cottrell has suggested. When the crystal is 
stressed in tension, a dislocation breaks loose from 
its carbon cloud because of some stress concentra- 
tion and accelerates rapidly to a high velocity. After 
moving freely for several thousand unit slip dis- 
tances (approximately 10% cm), it passes close to 
another dislocation (within a few atom distances) 
that is anchored by carbon atoms. Since the local 
stress fields around each of these dislocations inter- 
act rather strongly as they come near each other, the 
second dislocation will be knocked free of its carbon 
cloud at the expense of part of the kinetic energy 
of the moving dislocation. This gives two disloca- 
tions in motion without any increase in applied 
stress, and the opportunity exists for each of these 
to “collide” and free others. Thus is envisioned the 
genesis of a cataclysm and consequent formation of 
a Luders band. 

For such a process to occur it is apparent that the 
mean free path between collisions must be less than 
the crystal dimensions. In addition, the interaction 
between an anchored and moving dislocation must 
be of a magnitude that will cause the anchored dis- 
location to be torn free. Finally, the necessary en- 
ergy to tear a dislocation free must be obtained at 
the expense of the momentum of the moving dis- 
location, hence the kinetic energy of the moving dis- 
location must be sufficient to carry it beyond the 
position of maximum interaction with the anchored 
dislocation. 

Fortunately, calculations have already been made 
for the interaction between dislocations,’ for the 
stress required to free a dislocation from its solute 
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Fig. 2—Stress to move anchored dislocations. 


cloud,” and for the kinetic energy of a moving dis- 
location,’ and these results will be used to make 
more quantitative our proposed interaction mecha- 
nism. 
Stress to Release an Anchored Dislocation 
The shear stress required to pull a dislocation free 
of its cloud of solute atoms at absolute zero has 
been estimated by Cottrell and Bilby’® and is given 
by: 
= 3V3 A [1] 
8d 
where 7, is the shear stress; 4, the interatomic spac- 
ing in slip direction; p, the average distance from 
dislocation center to first row of carbon atoms in its 


atmosphere (2x10° cm); and A = 4/3 Ger,’A — 

= 3x10” dyne per sq cm, a constant in which G is 
the rigidity modulus, » is Poisson’s ratio, \ is as 
above, r, and r, (1 + e) are the atomic radii of 
solvent and solute atoms respectively, and « is the 
volume strain in the iron lattice due to the inter- 
stitial solute. 

Using the known lattice constants of iron and the 
average elastic constants of polycrystalline iron, this 
gives: 

Tt = 7.8x10" dyne per sq cm [2] 


Applying a temperature correction suggested by 
Cottrell and Bilby, the shear stress to free a disloca- 
tion at room temperature would be: 


Ts00x = 9X10° dyne per sq cm koa 


This is, of course, a very large stress and much 
higher than is customarily measured for a yield 
stress. In order to make the stress agree with 
measured values, Cottrell and Bilby have altered the 
value of the constant A in eq 1 by an order of 
magnitude. They have overlooked an important 
feature of their calculated shear stress, however; 
namely, that it is a theoretical value for the upper 
yield stress and as such is rarely approached in 
actual measurements. Stress concentrations due to 
surface defects, sharp fillet radii, nonaxiality of load- 
ing, precipitated impurities, and grain boundaries 
may each contribute to breaking a dislocation free 
of its solute cloud at some apparent stress less than 
the theoretical value. 

In the subsequent calculation of a mean free path 
between collisions, only a situation where interac- 
tion between moving and anchored dislocations actu- 
ally attains a stress equivalent to the theoretical 
value of Tao7x in eq 3 will be considered as a collision. 

The values of 7 given by eqs 2 and 3 are maximum 
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values of stress. The actual stress to move a dislo- 
cation varies with the distance from its equilibrium 
position in the carbon atmosphere as shown in Fig. 
2, from Cottrell and Bilby. 


Interaction Between Two Dislocations 

According to Cottrell” as a dislocation moves 
through the lattice in the x direction under the in- 
fluence of a shear stress, and passes another disloca- 
tion of opposite sign at a distance of closest approach 
h, as defined by the geometry of Fig. 3a, the inter- 
action force Fx in the shear direction per unit dis- 
location length varies with the distance x according 
to the equation: 

Gd hea — 
[4] 
Qn (x? +h’)? 

where G, i, and » have their former significance. 
Cottrell’s plot of this interaction force against dis- 
tance x/h is shown in Fig. 3b. 

The equivalent maximum value of shear stress to 
move two such dislocations past each other is: 


h 


[5] 


From this relation the values of interaction shear 
stress vs. distance between dislocations h given in 
Table I were obtained. 

The interaction of interest in the dislocation colli- 
sion process is not between two dislocations with 
equal stress fields, but between a highly stressed 
moving dislocations and an anchored dislocation 
about which considerable stress has been relieved 
by interstitial atoms. It does not seem reasonable to 
expect the stress about the anchored dislocation to 
be entirely relieved, however, since the perturba- 
tion in the lattice still exists. It will be assumed, 
therefore, that the interaction between moving and 
anchored dislocations differs little from that given 
in Table I. 

Mean Free Path Between Collisions 

An effective collision may now be described. It 
results when a moving dislocation passes within 10° 
cm, or 3 or 4 interatomic distances, of the anchored 
dislocation, at which distance the interaction stress 
from Table I is equivalent to the stress, computed 
from eq 3, that will free the anchored dislocation 
from its solute cloud. The number of effective col- 
lisions or the extent of the cataclysmic flow will de- 
pend on the mean free path between collisions and 


Table |. Values of Interaction Shear Stress ys. Distance 
between Dislocations 


Distance between 


dislocations h (cm) 10-7 10-8 10-5 10-4 
Shear stress 
dyne per sq cm 6x109 6x108 6x107 6x10° 


in turn on the density of dislocations in the speci- 
men. 

Consider a crystal having N anchored line disloca- 
tions per sq cm arranged in random fashion on any 
plane in the crystal. The mean free path D between 
dislocation collisions for dislocations moving in that 
plane is given by: 


= —W— atoms [6 ] 
2hd\’N 
ORs 
cm 7 
2hrN 


where h is in units of interatomic spacing. 

It has been estimated that an annealed metal con- 
tains 10° cm™~ dislocations. The first such estimate 
was made by Seitz and Read.” More recently Cot- 
trell” has made a similar estimate based on the ease 
with which annealed metals yield plastically, which 
in turn indicates a low value for the overall inter- 
action between dislocations and hence a low disloca- 
tion density. A severely cold-worked metal satu- 
rates with a concentration of 10° cm™~ dislocations 
according to several estimates.”™ 

Substituting three interatomic distances for h in 
eq 7, the mean free path between collisions will vary 
from 10° to 10° cm as N varies from 10° to 10” dis- 
locations per sq cm. It is assumed, of course, that 
time was allotted in each instance for all available 
dislocations to be anchored by solute atoms. Actu- 
ally the mean free path between collisions in the 
annealed crystal is probably considerably greater 
than that given by eq 7, since it seems reasonable 
that only a fraction of the dislocations in the colli- 
sion path of the moving dislocation will be so ori- 
ented that slip will occur under the applied stress. 
Furthermore, the annihilation of a positive disloca- 
tion by a negative dislocation in the same plane of 
atoms may also occur. 

It seems reasonable to expect that the cataclysm 
released in a normal size annealed crystal would be 
of undetectable magnitude, because the mean free 
path between dislocation collisions is approaching 
specimen size. 

As dislocations are added by strain however, the 
mean free path is decreased for two reasons. First, 
there are more dislocations present, and second, the 
added dislocations are, by the crystallographic na- 
ture of the strain, all properly oriented for slip. A 
strained and aged crystal would then be expected 
to show an increased yield-point effect with increas- 
ing strain up to the saturation density of dislocations, 
and the most pronounced increase in the strain-aged 
yield point should occur after the first small amounts 
of deformation. 


Kinetic Energy of a Moving Dislocation 

So far in this discussion only the static energy 
situation has been considered, and it has been shown 
that should a moving dislocation pass within three 
atom planes of an anchored dislocation, the inter- 
action would be sufficient to break the latter free. 
This interaction, however, retards the movement of 
the free dislocation, and the kinetic energy of the 
moving dislocation must be sufficient to overcome 
the interaction barrier. 

The kinetic energy of a moving dislocation arises 
from the shear displacement of actual material on 


; The character of the stress field also depends on the velocity 
of the moving dislocation, as was pointed out to the author by 
F. C, Frank. In view of the many other assumptions in this dis- 
cussion, this effect of velocity has not been included. 
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either side of the dislocation, since the dislocation 
defect itself has no mass. Frank™ has shown that the 


kinetic energy of a dislocation moving at the velocity 
of sound is given by: 


GW’ R 
where G is the shear modulus; l, the dislocation 
length; », the interatomic distance; and R and R, are 
respectively an outer and inner radius around the 
dislocation defining the limits over which the kinetic 
energy is calculated. 

Under conditions where log R/R, = 1, the solu- 
tion to eq 8 is approximately 1.7x10° ergs per unit 
length of line dislocation. It has been shown by 
Frank” that the velocity of sound could be reached 
in G/r atom distances,+ where 7 is the yield stress; 
or for iron deforming at the lower yield stress in the 
neighborhood of 100 to 1000 atom distances. Since 
this distance is less than the mean free path cal- 
culated in this study, most dislocations in iron must 
reach this velocity before collision occurs. 

The potential energy barrier which a fast moving 
dislocation must overcome to collide can only be 
estimated readily for forces in the x direction, and 


E = 


[8] 


is given by: 
9 
[9] 
ae 


which reduces at the conditions of the minimum 
potential energy, namely when x = h, to: 


= — 
— 


(0.156) [10] 


or: 
E,=—1.62x10~ erg per unit length of dislocation [11] 


Such a calculation is of little importance, how- 
ever, for other than a rough indication, for, while 
it agrees with the result of eq 8, the actual kinetic 
energy of the moving dislocation depends entirely on 
the quantity chosen for log R/R, in eq 8 and can 
readily be made to exceed the potential energy 
barrier by any amount. Furthermore, the variation 
of the total potential energy barrier with h is not 
known. 

It can be stated approximately that if a dislocation 
moves with the velocity of sound or an appreciable 
fraction of it, the dislocation will have enough 
kinetic energy to collide with anchored dislocations. 


Discussion 

The feasibility of a dislocation collision interaction 
mechanism for cataclysmic yielding has now been 
quantitatively established. On the basis of this mech- 
anism annealed single crystals should not have a 
yield point because the mean free path between dis- 
location collisions would approach the specimen size. 
Strain-aged single crystals should have yield points, 
with the magnitude of the effect depending on the 


ibfriedi¢ has calculated that dislocations cannot move as rap- 
ae cs the velocity of sound because of thermal scattering effects, 
rather they move only about one tenth the velocity of sound. Ap- 
parently, if this limitation applies, the kinetic energy of moving 
dislocations will be less. It was pointed out to the author by F. Cc. 
Frank that it may be possible to get around this limitation with a 
Doppler effect. 
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A—Initial deformation of crystals. B—Deformation after aging crys- 
tals from Fig. 4A. 


number of dislocations added by strain. As the strain 
is increased, the dislocation density increases and 
the mean free path between dislocation collisions 
decreases, accounting for the behavior of a strain- 
aged crystal. 

The behavior of annealed iron polycrystals is a 
special case. In these the mean free path between 
collisions is, for most grain sizes, the grain diameter 
itself. The boundaries between grains in accordance 
with recent concepts are made up of dislocations.” 
These dislocations are anchored both by boundary 
interaction forces and by carbon atoms, and they 
may be knocked free by other moving dislocations 
in a manner analogous to the dislocation collisions 
within the lattice. Annealed iron polycrystals then 
will always be expected to have yield points when 
carbon is present. 

Critical Experiments 

The idea of the importance of dislocation density 
and the mean free path between dislocations to the 
yielding behavior of iron suggests several important 
experiments. 

If, for example, the manner in which strain changes 
the population of dislocations were known, the yield- 
ing behavior of iron after strain aging might be pre- 
dicted. Harper” has recently made an attempt to 
measure the number of dislocations in iron by ob- 
serving the rate of decrease in the internal friction 
peak due to dissolved carbon as a function of strain. 
The assumption in his work was that the carbon was 
precipitating in the strained region around disloca- 
tions, and the rate of precipitation is controlled by 
the dislocation density. Harper found the number of 
dislocations by this method to be about 2x10” cm” 
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after 5 pct strain and 4x10" cm” after 15 pct strain, 
merely a twofold change. 

These experiments should be repeated employing 
single crystals to eliminate grain boundary precip- 
itation, and employing deformations smaller than 
used by Harper. The dislocation population must 
change much more rapidly in the region from 0 to 5 
pet strain than it does beyond 5 pct. 

Extremely small strains evidently add enough dis- 
locations to cause a yield point in a single crystal 
after subsequent aging. In Fig. 4 are shown the 
initial stress-strain diagrams for six identically 
oriented carburized and annealed iron crystals, to- 
gether with the diagrams obtained from these same 
crystals after suitable aging and retesting. Strains 
in Fig. 4 vary from 0.0025 to 0.075. None of these 
crystals had an initial yield point, but all had a yield 
point after strain aging. The strain-aged yield point 
elongation varied from 0.4 to 0.75 pct for the strain 
variation mentioned above. 

The mean free path concept leads to the prediction 
of an effect of specimen size on the yield point of 
single crystals. At any dislocation density, the num- 
ber of dislocations set free by a migrating disloca- 
tion should depend on the length of the dislocation 
path through the crystal. To test this prediction the 
following experiment was performed: 

Two crystals of identical orientation were machined 
from a larger crystal so that one was about eight 
times the cross-sectional area of the other. The limit 
in size difference used was merely one of convenience, 
since too small a crystal would not support the strain 
gage and an extremely large crystal was not avail- 
able. These crystals were annealed, carburized, 
strained 0.4 pct, and aged 20 hr at 100°C. It was felt 
that the crystals were now in nearly identical con- 
dition in regard to concentration of dislocations. As 
shown in Fig. 5, the smaller crystal showed little 
indication of a yield point, while the larger crystal 
had a drop in load and nearly 0.25 pet yield-point 
elongation. The actual cross-section of the small 
crystal was 0.060 in., while the large crystal was 
0.060x0.5 in. 

Since the prediction frequently has been made in 
this paper that annealed single crystals ought not 
to have a yield point, it was imperative to recheck 
this point. In a previous paper the author had been 
unable to obtain yield points in single crystals,’ and 
this has since been attributed to misalignment.’ 

Several iron crystals, made of decarburized alu- 
minum-killed sheet as described in the previous 
paper,’ were carburized in a mixture of hydrogen 
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and N-heptane and then annealed. Extreme precau- 
tions were taken to assure that these crystals were 
accurately aligned. Special grips were constructed 
that operated in a gimbal ring principle not unlike 
the grips used by Jillson” in tests on zinc crystals. 
The grips were modified to allow some adjustment 
of the centerline of the crystal with respect to the 
axis of the grip after the crystal had been clamped. 
A Tuckerman optical strain gage was mounted on 
each face of the crystal and very small loads applied 
(stresses were less than 1500 psi). The position of 
the crystal was then shifted until the elastic strain 
on both faces of the crystal was the same over any 
increment in stress. The process was repeated on the 
edges of the crystal. After alignment had been 
achieved, the crystals were tested at very slow rates 
with simultaneous readings of both load and strain. 
A typical curve is shown in Fig. 6 for a carburized 
and a decarburized crystal of identical orientation. 
The crystals behave as reported previously,’ having 
no indication of a yield point when in the annealed 
condition, although the carbon does strengthen the 
material. 

The conclusion is reached that the single crystals 
grown from this aluminum-killed material do not 
have a yield point even when carburized. Further- 
more, since other investigators have probably used 
as great care in alignment, the difference in results 
must be due to differences in crystal perfection as- 
grown, or to small amounts of strain aging in crystals 
that had yield points. 

It is known that the yield point of iron is more 
pronounced at rapid rates of loading, so an addi- 
tional experiment was performed in which a crystal 
was first aligned with the Tuckerman vages and then 
tested at a strain rate of approximately 0.002 sec* 
with a recording strain gage attached. The result of 
the test is shown in Fig. 7. A slightly lower slope is 
apparent in the early part of the stress-strain curve 
which could be interpreted as a yield-point tendency 
if so desired, but the sharp yield point is definitely 
absent even at these more rapid rates of straining. 

The dislocations added to a crystal by straining to 
produce a yield point must be added in a very selec- 
tive fashion, that is, they must be added largely to 
planes along which slip occurs under the stress ap- 
plied. This is demonstrated by an experiment in 
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Fig. 7—Yielding of accurately aligned carburized crystal 
of iron at rate of 0.002 sec™t. 
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which several flat thin single crystals were strained 
1 to 3 pet by rolling and were then aged up to 20 hr 
at 100°C. These flat crystals, when retested in ten- 
sion, did not have yield points. If, after the tensile 
test, the specimens were again aged for much shorter 
times and retested in tension, the crystals had a 
marked yield point. A typical test is shown in Fig. 8. 
While the overall density of dislocations undoubtedly 
was increased by rolling, the majority of these dis- 
locations were added with their slip vectors parallel 
to the slip planes operative during rolling. Since 
other slip planes may operate in tension, the aging 
of a rolled crystal, i.e., anchoring its additional dis- 
locations, does not affect the number of collisions 
possible on the tensile deformation planes. 


Interaction Between Dislocations in Boundaries 

It is well established that a crystal which has been 
strained and subsequently annealed will have a 
block structure of crystallites at small angles with 
respect to each other. The boundaries of this block 
structure are best explained as being rows or walls 
of dislocations of like sign. This phenomenon of sub- 
grains appearing in strained and annealed crystals 
has been generally referred to as polygonization. 

It has been argued by Cottrell® that these bound- 
aries provide an interaction mechanism for the yield 
point, particularly in annealed single crystals. If a 
dislocation is anchored by carbon atoms and also is 
part of a boundary of dislocations of the same sign, 
it will be more difficult to move the dislocation than 
if it were not part of that boundary. Cottrell has cal- 
culated the contribution of the boundary condition 
to the stress required to move such a dislocation, 
and he finds that appreciable stress increase can be 
realized if the dislocations in the boundary are not 
too far apart. For example, an increase of 3x10° dyne 
per sq cm has been estimated by Cottrell for a 
spacing of 10° cm between dislocations in the bound- 
ary. While this is a reasonable increase in yield point 
for a strain-aged crystal, as Cottrell points out, the 
requirement of spacings of 10° cm will not permit a 
random boundary network or the density would be 
10” em” dislocations, equivalent to highly cold- 
worked metal. In view of the nature of polygoniza- 
tion it is reasonable to assume that the boundaries 
line up in preferred directions perpendicular to the 
direction of slip, and a fairly high density of dis- 
locations could then exist on a polygonization bound- 
ary. 

The model Cottrell has assumed to represent the 
yielding crystal is one containing anchored disloca- 
tions, both on dislocation boundaries and within the 
polygonized blocks. The dislocations in the blocks 
move first but are unable to get through the bound- 
aries until they have piled up to considerable extent, 
whereupon they break through and move in a cata- 
clysmic fashion through subsequent boundaries. This 
viewpoint predicts a considerable amount of homo- 
geneous plastic flow before the Liiders band forms, 
and, as Cottrell points out, it is inconsistent with 
experiment. Cottrell chooses to get around all but a 
small amount of this prior homogeneous flow by 
allowing only dislocations associated with high stress 
concentrations within the crystal to move and pro- 
duce flow. 

If dislocation boundaries are present it does not 
seem essential to the argument to have the process 
set off by the piling up of dislocations at a boundary. 
For example, if a dislocation is once set free from a 
boundary, the dislocations adjacent to the vacant 
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Fig. 8—A shows yielding of strain-aged crystal where strain 
was initially by rolling. Subsequent yield points in B and C 
are the result of tensile strain aging. 


position in the dislocation boundary should be moved 
readily by the stress obtaining, and large portions of 
a boundary of dislocations would move at once. 


Polygonization Experiments 

In order to determine whether an arrangement of 
dislocations in boundaries would cause the yield 
point, an attempt was made to correlate the perfec- 
tion of carburized single crystals as revealed by X-ray 
diffraction with their yielding behavior. Several 
crystals 100 mils x 40 mils x 4 in. in length were 
machined from larger crystals and were annealed 64 
hr at 850°C in wet hydrogen and then carburized 
1 hr at 700°C in hydrogen saturated with N-heptane 
at room temperature. The crystals were then further 
annealed 1 hr at 850°C. 

Each of these crystals had been deformed during 
machining and each showed a different degree of 
perfection of Laue spots. The spots from some crys- 
tals had a substructure not unlike that obtained by 
coarse polygonization, while the spots from other 
crystals were single and sharp at the resolution 
available. Upon tensile testing, no correlation be- 
tween Laue spot perfection and the occurrence of an 
initial yield point could be detected. Some of the im- 
perfect crystals had a slight initial yield point, while 
others did not. 

A second experiment was performed to determine 
whether any observable change in the Laue spots 
from a strained crystal occurred during aging in the 
length of time usually required for the yield point 
to return. Crystals were strained 5 pct and aged 
either at room temperature or at 100°C. A small 
yield point was detected in the stress-strain curve 
for crystals strained 5 pct and aged at room tempera- 
ture in 200 min and for those aged at 100°C in 1 min. 
However, a crystal aged at 100°C for three days 
showed no change in the asterism in an X-ray Laue 
pattern over that immediately after deforming. 

It was found in a subsequent experiment with a 
bent iron crystal (the most favorable deformation 
for polygonization observations) that 1 hr at 850°C 
was required to produce an observable breaking up 
of the asterism in the Laue spot. 

The conclusion must be, therefore, that the im- 
perfections of the magnitude detectable by ordinary 
Laue methods contribute little to the yielding be- 
havior of iron crystals. Furthermore, at usual strain- 
aging temperatures (room temperature to 100°C) a 
strained crystal will acquire a yield point in a sub- 
sequent tensile test many times faster than any 
change in its coarse substructure can be detected. 
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Fig. 9—Recoyery in decarburized iron. 
A—Strained 5 pct and recovered various times at room 
temperature. B—Strained 7.5 pct and recovered various 

: times at 100°C, 

It is well known that the ordinary Laue technique 
is quite insensitive to the early stages of polygoniza- 
tion, and therefore the absence of changes in the 
Laue spot during strain aging is not conclusive evi- 
dence that fine scale polygonization does not occur. 
It is possible that more elaborate techniques such as 
Guinier’s” focusing transmission method would in- 
dicate polygonization at strain-aging temperatures, 
but as yet Guinier and others using these sensitive 
methods have required higher temperatures to bring 
about polygonization. 

If the early stages of polygonization, while prob- 
ably not resolvable even by Guinier’s technique, do 
occur rapidly even at the low temperature required 
for strain aging, this should affect the mechanical 
properties of strained iron. If polygonization does 
occur, some significant recovery ought to be observed 
in strained iron in the length of time the yield point 
would return at the appropriate aging temperature. 

Tests on decarburized polycrystalline iron after 
straining 5 pct and aging at room temperature showed 
no mechanical recovery in 17,000 min. After strain- 
ing 7.5 pct and aging at 100°C the iron began to show 
some mechanical recovery in 1000 min. These data 
are plotted in Fig. 9. 

If polygonization is the cause of the mechanical 
recovery noted, it occurs far more slowly than does 
the yield-point return after strain aging. 


Conclusions 

1—The yield point in iron is due to the cataclysmic 
release of dislocations anchored by carbon atoms, as 
has been suggested by Cottrell. 

2—The interaction between dislocations by which 
a yield point is produced does not require the dis- 
locations to be situated on polygonization boundaries, 
since random arrays of dislocations can interact by 
collision. There is no experimental evidence, further- 
more, that polygonization does exist in strain-aged 
crystals of iron possessing a yield point. 

3—The Cottrell mechanism is not inconsistent with 
the absence of a yield point in annealed single crys- 
tals of iron containing carbon. 

4—Some small strain is required to introduce suf- 
ficient dislocations into an annealed iron crystal to 
cause a yield point, and the yield point produced is 
a result of strain aging during which carbon diffuses 
to and anchors the added dislocations. 
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5—No plastic strain is required in the case of 
polycrystals since these already contain dislocations 
at grain boundaries in sufficient concentration to 
propagate under the influence of stress concentra- 
tions caused by slip in neighboring grains. 
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Kinetics and Orientation Relationships 


Of Secondary Recrystallization in Silver 


by F. D. Rosi, B. H. Alexander, and C. A. Dube 


XEN a deformed polycrystalline metal is 
heated to a sufficiently high temperature, a 
recrystallized structure develops which consists of 
small, essentially stress-free grains. This trans- 
formation is referred to as primary recrystallization. 
Under certain conditions, on prolonged annealing of 
the specimens, a type of grain coarsening occurs in 
which a small number of grains commence to grow 
at various points by devouring the neighboring fine- 
grained primary structure, which, in itself, exhibits 
a marked stability toward normal grain growth. 
This grain coarsening process has been referred to 
by Burgers’ as ‘‘secondary recrystallization” or “ex- 
aggerated grain growth.” 

Although much work has been done on recrystal- 
lization and growth processes, present knowledge of 
the factors which determine the occurrence and 
growth of secondary grains is inadequate for the 
advancement of a theory which accounts for the ob- 
served characteristics of this recrystallization phe- 
nomenon. In this respect, it would be important to 
make measurements of the velocity of growth of 
these large secondary grains. The early work of 
Feitnecht’ on aluminum showed that the size of sec- 
ondary grains increased with temperature and time, 
suggesting that such measurements would be pos- 
sible. More recently, Burgers’ found that the growth 
velocity of these grains in aluminum was constant 
over a large time interval, as is generally found for 
the growth velocity of primary grains in a uniformly 
deformed test piece.’ It is reasonable to expect 
that the determination of the activation energy of 
the secondary growth process might lead to a better 
understanding of the underlying atomic mechanism. 

This investigation, therefore, is one of a series 
primarily designed to measure the growth velocity 
of secondary grains at various temperatures for 
silver, copper, and aluminum. It is hoped that these 
studies along with those of orientation relationships, 
will establish a sound basis for theorizing as to the 
origin and nature of the secondary transformation. 


Experimental Procedure 

The metal used in the present investigation was 
high-purity silver (999.9 fine), which was supplied 
in the form of cold-rolled plates 0.250 in. thick. 
These plates were annealed at 500°C for 1 hr and 
then straight-rolled to a thickness of 0.04 in. in three 
reductions of approximately 45 pct, followed in each 
case by an anneal at 450°C for % hr. The 0.04 in. 
sheets were given a final reduction of approximately 
50 pct, which resulted in a thickness of 0.02 in., 
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thereby insuring two-dimensional crystal growth. 
Individual specimens of this material about 1x3 cm 
were used for all heat treatments, unless otherwise 
noted. The annealing was carried out under an at- 
mosphere of argon in an Inconel tube furnace whose 
temperature was controlled to within +2°C. 
Metallographic examination of the secondary 
transformation was accomplished by mechanically 
polishing the specimens on one side to approxi- 
mately one half their thickness through 2/0 metal- 
lographic emery paper, and then electrolytically 
polishing in a solution of potassium ferrocyanide and 
sodium cyanide. With a current density of approxi- 
mately 20 amp per sq dm, the time required to ob- 
tain a satisfactory surface varied from 3 to 5 min. 
Standard potassium bichromate was used to etch 
the electrolytically polished surfaces. A heavy etch 
with this solution produced a sharp contrast be- 
tween the secondary grains and the fine-grained 
primary structure, darkening the latter while leav- 
ing the large secondary grains bright. All area 


measurements of the secondary crystals were made 
with a planimeter on enlarged tracings of the grains. 


20 MINUTES 


2 HOURS 


Fig. 1—Appearance of secondary recrystallization in silver speci- 
mens annealed at 533°C. X7.5. 


Area reduced approximately 50 pet for reproduction. 
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The crystallographic orientation of the secondary 
crystals was determined from back-reflection, Laue 
X-ray photograms according to the method de- 
scribed by Greninger.® 


Results 
Rolling Texture: A pole figure representing the 
complete distribution of the dodecahedral planes of 
the crystal lattice was determined for the rolled 
strips. This figure shows the existence of a twinned 
double-texture such that the (110) plane is parallel 


to the rolling plane with either the [112] or [112] 
axis parallel to the rolling direction. There was an 
angular spread in the position of the (110) plane of 
10° to 15° in the direction of rolling. This texture is 
in agreement with that obtained by Glocker’ in 
rolled silver, 

Although no pole figure was determined for the 
primary recrystallized structure, several X-ray 
photograms indicated a (113) <112> texture. This 


Fig. 2—Typical grain shapes during growth of secondary grains, 


and the characteristic positioning of twins in these grains. 
X60. Area reduced approximately 50 pct for reproduction. 
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same texture was reported by Glocker’ upon anneal- 
ing rolled silver below 800°C. In view of the an- 
nealing temperature range of the present experi- 
ments, 400° to 550°C, such a texture would be ex- 
pected. 

Development of Secondary Recrystallization: An- 
nealing the rolled specimens in the temperature 
range of 433° to 533°C produced a primary recrys- 
tallized structure with a grain size of the order of 
0.02 mm. On prolonged heating in this temperature 
range, secondary crystals appeared ranging in size 
up to several millimeters in diameter, and eventu- 
ally covering the entire specimen. This characteristic 
behavior of the secondary transformation is shown 
in Fig. 1. 

In many of the large grains, it was not unusual 
to find a number of small crystals of the primary 
structure which offered considerable resistance to 
dissolution. This behavior, which is frequently as- 
sociated with the secondary reaction, implies that 
these embedded grains have an orientation similar 
to that of the growing grains; i.e. they possess low 
grain boundary energy. It was found that on anneal- 
ing at high temperatures (900°C) these small grains 
can be absorbed. 

Shape of Secondary Crystals: The secondary crys- 
tals generally exhibited a preferential growth in the 
direction of rolling and showed corrugated bound- 
aries, which are simply a manifestation of the 
growth of the secondary grains toward the center 
of curvature of the small primary grains. This 
characteristic boundary of the growing grains is 
similar to that reported by Bowles and Boas® in 
aluminum and silver and by Kronberg and Wilson’ 
in OFHC copper. It is, moreover, similar in appear- 
ance to the advancing boundary of growing primary 
grains in a lightly deformed matrix.*” 

Typical examples of the shape of the secondary 
grains are shown in Fig. 2, from which it is apparent 
that the maximum rate of growth in these crystals 
is in the direction of rolling; i.e. <112>. It will also 
be noticed that these large crystals have three sets 
of twin islands. Two of these appear as short seg- 
ments whose length is about equal or a small multi- 
ple of the mean diameter of the small grains in the 
primary structure. Furthermore, it was observed 
that these twinned segments appear to originate at 
certain points along the advancing interface of the 
growing grain, which suggests that their origin and 
the extent of their growth is intimately connected 
with the growth of the secondary crystals. 

The third set of twins is much more predominant, 
as may be seen from Fig. 2b (see also Fig. 4). In 
fact, in some crystals these twinned regions are so 
abundant that it is difficult to decide which of the 
two orientations is the parent one. As in the sec- 
ondary crystals of OFHC copper,*’ these twins are 
long and broad. The approximate angles which the 
three sets of twins make with the direction of roll- 
ing are 55°, 0°, and 70°. This, of course, defines the 
orientation of the secondary crystals as {110} <112>, 
which is simply that of the parent deformation tex- 
ture. Consequently, these angles are the positions of 
the traces of the four sets of octahedral planes in 
the surface of the specimen; two of which yield 
parallel traces. Similar sets of twins have been re- 
ported by Cook and Richards" in secondary crystals 
of copper which had been produced in specimens 
cold-rolled 85 pet and annealed at 400°C. 

It is interesting to note that in both silver and 
copper *” the shape of the secondary grains can best 
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Fig. 3—Stereographic projection of orientations of secondary 


crystals in silyer specimens. Open circles are twins of the 
main group of crystals. 


be described as an ellipse. Even more significant, 
in both metals the direction of maximum growth is 
along {111} planes corresponding to the trace of long 
twin boundaries with the surface of the specimen, 
while the direction of minimum growth is along the 
normal to the {111} composition plane of these 
twinned regions. This similarity in the positioning 
of the long, massive twins with respect to the aniso- 
tropic character in the growth of the secondary 
grains suggests that the very formation of annealing 
twins is directly connected with this shape aniso- 
tropy. Thus, in aluminum, which unlike other face- 
centered cubic metals shows no annealing twins, the 
shape of the secondary grains are roughly spheri- 
Caloris 

Orientations of Secondary Crystals: The crystal- 
lographic orientations of 13 of the secondary crystals 
were determined from a number of specimens and 
are shown in the stereographic plot of Fig. 3. In this 
figure, the cube poles of the secondary crystals are 
plotted, and it may be seen that all but four of the 
crystals have a common orientation. These four are 
twins of the main group of crystals, and were deter- 
mined from faint Laue spots appearing in the X-ray 
photograms of the parent grain. This background 
of spots was to be expected in view of the large 
number of twinned regions appearing in most of the 
secondary crystals. 

It is also apparent from this pole figure that the 
rolling plane in these crystals can best be described 
by the indices (110), since the degree of radial 
scattering of the poles about the circle at 45° from 
the center of the projection is not large. Moreover, 
the extent of circumferential scatter is such that the 
rolling direction in these crystals can reasonably be 
identified as <112>, as indicated by the angles (56° 
and 54.5°) which the arbitrarily drawn dotted lines 
make with the rolling direction. Thus, the observed 
secondary grains have an orientation similar to their 
parent deformation structure, (110) <112>, as al- 
ready indicated by the characteristic positioning of 
the three sets of twins in these grains. These re- 
sults are in agreement with the orientation relation- 
ships reported by Bowles and Boas,* who used the 
same method of analysis. These investigators, how- 
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ever, found it difficult to describe the indices of the 
rolling direction because of the considerable degree 
of scattering of the orientations. 

If the assumption is made that there is a strong 
(113) <112> primary recrystallized texture in the 
present material, then it can be shown that com- 
ponents of the coarsening texture, as well as those 
of the deformation texture, are related to compo- 
nents of the (113) <112> recrystallization texture 
by a simple rotation about a <111> pole. Such a 
rotational analysis was demonstrated by Cook and 
Richards,” who related the (110) <112> deforma- 
tion texture of 70:30 brass to the (113) <112> low 
temperature recrystallization texture by a rotation 
of 30° about a <111> pole near the rolling direction. 
More recently, it was pointed out by Kronberg and 
Wilson’ that this orientation relationship can be 
similarly described as a 22° rotation in one direction 
and a 38° rotation in the other around the same 
<111> pole. The similarity in the orientations of 
the secondary grains and their unique rotational re- 


Fig. 4—Resistance to growth encountered by secondary grains: a—at 
drilled hole, b—at sheared edges. Arrow indicates rolling direction. 
X78. Area reduced approximately 66 pct for reproduction. 
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Fig. 5—Unconsumed crystal in large secondary grains. 
X200. 


lationships with the orientation of the primary re- 
crystallization structure suggest that their relative 
orientation with the surrounding fine-grained matrix 
is largely responsible for their occurrence and se- 
lective growth. 

The micrographs of Fig. 4 show striking examples 
of the resistance to growth encountered by large 
secondary grains on approaching a ring of fine- 
grained material contiguous to a drilled hole, Fig. 4a, 
and at sheared edges, Fig. 4b, of the test specimen. 
In both cases the specimen was annealed at 533°C 
long enough for complete secondary recrystalliza- 
tion to occur. In view of the inhomogeneous stress 
pattern resulting from these modes of deformation, 
certainly no orientation dependence can account for 
this resistance to growth. The observation that this 
phenomenon invariably occurs adjacent to exposed 
surfaces of the specimen indicates that in these cases 


20 MINUTES 
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the resistance to growth is a result of an increase in 
impurity concentration (oxygen) at the surface. 

The polarized micrographs of Fig. 4 also demon- 
strate clearly the three sets of twins invariably ap- 
pearing in the secondary crystals, and their angular 
relation to the rolling direction, shown by the arrow. 
In this connection, it is interesting to note that in 
the smaller secondary grains the direction of rolling 
does not correspond to a <112>, as in the case of the 
much larger grains, even though a (110) plane is 
parallel to the sheet surface. This directional devia- 
tion might well explain the lower capacity for 
growth of these grains and, hence, their smaller size. 
In fact, it may be observed from Fig. 4a that two of 
the smaller secondary grains, whose twinned re- 
gions show the same directionality, are very similar 
in size. Also, of some significance is the occasional 
appearance of two or three sets of twins in some of 
the unabsorbed grains which had grown somewhat 
prior to being engulfed by the large secondary 
crystals, as shown in Fig. 5. The positioning of these 
twins implies that in these unabsorbed grains a 
(110) plane corresponds closely to the plane of the 
sheet. Hence, it is probable that these small grains 
are similar in orientation to the secondary grains. 

Measurements on Growth Rate of Secondary Crys- 
tals: Samples (1x3 em) of the cold-rolled strip were 
annealed in groups of four, or more, at 433°, 478°, 
502°, and 533°C for various times. Following the 
annealing treatment, the specimens were polished 
and etched as described above, and measurements 
were made of the area of the largest secondary crystal 
in each group, which had not impinged on another 
growing grain. The diameter of a circle of equiva- 
lent area was used as a measure of crystal size and 
determined as a function of the annealing time. The 
micrographs of Fig. 6 show the progress of growth 
of secondary crystals at 502°C. 


50 MINUTES 


Fig. 6—Progress of second- 
ary recrystallization at 
502°C. X60. 


Area reduced approximately 
50 pet for reproduction. 
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An attempt was made to follow the velocity of 
growth in a single specimen, which had been electro- 
lytically polished prior to successive anneals to re- 
move the possible inhibiting effect of the etchant.” 
In a few cases, the growth of existing grains oc- 
curred which agreed quite well with the results from 
statistical analysis. However, in the majority of 
cases, the growth rate of individual grains was 
erratic; and this may be attributed to the incomplete 
removal of the etchant. The results of the growth 
velocity measurement at the four temperatures are 
shown in Figs. 7 and 8, where the “diameter” of the 
largest grain is plotted against time. It may be seen 
that the rate of growth is invariant with time, and 
increases with rising temperature in a manner sug- 
gestive of the growth rate of primary grains in a 
uniformly deformed test-piece. Furthermore, the 
curves intersect the positive time axis, thereby as- 
sociating an “induction period” with the growth 
phenomenon. This induction period decreases with 
increasing temperature. 

The temperature dependency of the rate of grain 
growth is shown by the curve of Fig. 9, where the 
logarithm of the growth velocity, G, in cm per min 
is plotted against the reciprocal of absolute tempera- 
ture, T. It is observed that the curve shows a linear 
relationship, from which may be calculated an acti- 
vation energy, Q, describing the temperature de- 
pendence of the growth process. Thus, the velocity 
of grain growth in secondary recrystallization in- 
creases rapidly with a rise in temperature according 
to the expression: 


Gi= Grier?” [1] 


where for silver G varies from 8x10” to 7x10° cm 
per sec, G, = 3x10° cm per sec, and @ = 28,000 cal 
per mol, Since a similar relation is obtained in the 
work on primary crystal growth,’ it is natural to 
suspect that the atomic mechanism governing these 
growth processes is the same. 

In view of the characteristic appearance of an in- 
duction period during the growth process and its 
variation with temperature, it was anticipated that 
the reciprocal of this induction period would vary 
with the temperature in a manner similar to the 
velocity of growth. Fig. 10 shows a plot of the 
logarithm of the reciprocal of the induction period 
against the reciprocal of the absolute temperature, 
and it may be seen that a straight line is obtained 
which permits the temperature dependence of the 
induction period or “invisible grain growth” (1/t) 
to be expressed by the formula: 


1/t = A exp (—Q’*/RT) [2] 


which has the same form as eq 1. Here, the activa- 
tion energy, Q’, was calculated to be 30,000 cal per 
mol, which is within experimental error the same 
as that obtained for the velocity of visible grain 
growth. It would appear from this that grain 
growth is taking place during the so-called induction 
period by the same processes governing the growth 
of visible grains. A similar plot of log 1/t vs. 1/T 
was made for aluminum using the data of Anderson 
and Mehl,’ and it was found that the value of activa- 
tion energy agrees closely with the value they ob- 
tained from growth rate measurements. Also, the 
work of Miiller® on the rate of growth in rock salt 
gives similar results over a wide range of tempera- 
ture. These observations favor the conception that 
nuclei of the secondary crystals are small grains 
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Fig. 7—Diameter of largest grain ys. time of heating at 433° 
and 478°C. 


which in their earlier stages of growth are impeded 
either by insoluble impurities accumulating in the 
advancing boundary, or by the small number of 
contact areas between the growing grain and its 
surrounding fine-grained structure. 


Discussion of Results 

Origin of Secondary Grains: Experimental ob- 
servations on a number of face-centered cubic 
metals,”*** including those of the present in- 
vestigation, have established with certainty that the 
secondary grains in annealed cold-rolled sheets show 
a preferred orientation which differs from the ori- 
entation of the primary recrystallization structure 
and can be related to it by a rotation around a 
<111> axis. Beck”” has pointed out that such a 
rotation leads to a high energy grain boundary be- 
tween the primary and secondary grains, and he has 
further shown that the mobility of the grain bound- 
ary is greater, the higher the grain boundary energy. 
Thus, Beck suggests that the secondary grains de- 
velop from a small fraction of the primary grains 
which are misoriented with respect to the general 
primary texture, and that their growth capacity is 
due to this misorientation. This has been termed the 
“oriented growth” theory as opposed to the “ori- 
ented nucleation” theory® which supposes that, upon 
annealing the primary structure, nuclei are formed 
of the required orientation for growth. 

Unfortunately, the present data cannot differenti- 
ate between nucleation in the classical sense, or nu- 
cleation arising from remnants of the deformation 


em x 102 


TIME, HOURS 


Fig. 8—Diameter of largest grain ys. time of heating at 
502° and 533°C. Solid circle indicates grain contact. 
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Fig. 9—Logarithm of growth rate ys. reciprocal of absolute 
temperature. 


structure, and, hence, cannot distinguish between 
these two apparently conflicting viewpoints. How- 
ever, it is believed, in conformity with Beck’s ideas, 
that scattered throughout the primary recrystalliza- 
tion structure are some small grains whose orienta- 
tion relative to the primary structure is such that 
they possess a maximum grain boundary energy, 
and consequently, maximum capacity for crystal 
growth. Furthermore, a simple consideration will 
show that these grains must, from their beginning, 
be several times larger than the surrounding pri- 
mary grains. Because of their common orientation, 
the boundaries of the primary grains have rela- 
tively low energies. If a grain of the same size, but 
of different orientation (and consequently higher 
boundary energy), were situated in the midst of 
these primary grains, it should promptly disappear 
because the direction of migration of a grain bound- 
ary in an annealed metal is toward its center of 
curvature and the centers of curvature of the bound- 
aries of this “odd” grain are within the grain itself. 
Only when the secondary grain is several times 
larger than its neighbors are the curvatures of its 
boundaries suitable for its continued enlargement, 
as shown in Fig. 11. That several grains of favorable 
orientation out of thousands should possess such a 
critical size is certainly statistically feasible. 

This simple picture offers an explanation of the 
“induction period,” for the rate of growth of the 
secondary grains (depending upon the curvature of 
the boundaries) would vary with the size of the 
secondary grain in the manner shown schematically 
in Fig. 12. Only those secondary grains which are 
larger than D, can grow at all, and their rate of 
growth increases as their size increases until they 
reach D,, after which their growth rate is constant. 
The time associated with growth at an increasing 
rate from D, to D, leads to the “induction period.” 
The points shown in Fig. 12, in the range D, to D,, 
were actual measurements at 433°C. 

Mechanism of Grain Growth: Using the observa- 
tions that the grain boundary mobility is dependent 
on the boundary energy and curvature, the rate of 
grain growth can be calculated according to the 
following simple model. It will be assumed that the 
curved grain boundary separates two surfaces of 
opposite curvature and that the rate of transfer of 
atoms across the boundary is controlled by grain 
boundary self-diffusion. Further it will be assumed 
that diffusion occurs because of a vacancy gradient 
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Fig. 10—Logarithm of reciprocal of “induction period” ys. 
reciprocal of absolute temperature. 


across the curved boundary; this vacancy gradient 
can be obtained from the Kelvin equation: 


[3] 


a 


where AC is the difference in concentration of va- 
cancies on two sides of a curved boundary; o, the 
grain boundary energy; 6, the interatomic distance; 
k, Boltzmann’s constant; T, the absolute tempera- 
ture; a, the radius of curvature of the grain bound- 
ary; and C,, the equilibrium concentration of vacan- 
cies in a plane grain boundary. 

In our experiments the radius of curvature, a, is 
approximately equal to the diameter, d, of the pri- 
mary grains (see Fig. 1lb). If this is substituted 
and the assumption is made that C, = e°*", where 
Q is the energy required to form vacancies at the 
grain boundary, the following is obtained: 

408° 


kTd 


[3a] 


This difference in concentration applies across the 
thickness of the grain boundary which may be as- 
sumed to be equal to 28. Then from Fick’s law it 
follows that: 


AG dV dR 
AX —xD'= == 
26 dt dt 4] 


where A is the area of contact between the primary 
and secondary grain; R, the radius of the secondary 
grain; V, its volume; and D’, the diffusion coefficient 
for vacancies. 
Combining eqs 3a and 4 gives: 
dR 408° 


2 D’ eer 
dt kTd 


New D’ e*"" is the grain boundary self-diffusion 
coefficient, Dos, and since the rate of growth: 


dR 
G = 
dt 
the following is obtained: 
408° 
G = ——D,; 
[6] 


Upon substituting the appropriate values for the 
constants and taking Greenough’s value” of 300 ergs 
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Fig. 11—Schematic drawing of grains. 


a—Grain A is the same size as the surrounding primary grains, 
but is oriented differently and thus has higher grain boundary 
energy. Asa result of the higher energy the boundaries will be 
curved and will move toward their centers of curvature (as 
indicated by the arrows) causing the disappearance of grain A. 
b—Grain B is oriented differently but is larger than the sur- 
rounding primary grains. In this case the curvatures of the 
boundaries are such as to cause the continued enlargement of 
grain B. 


per sq cm for o and the value of 2x10~° cm for d, for 
475°C, the result is: 

G = 2.5 X 10° Des [5] 
Turnbull” reports that for silver Dg; = 0.025 e*”""", 
so that the calculated rate of growth: 


Greate: == [6] 
whereas the measured rate of growth was: 
== 3000 [7] 


The discrepancy between the calculated and meas- 
ured values is not as great as it appears from the last 
two equations. Table I lists the calculated and 
measured values for the four temperatures used in 
this study. It can be seen that these are in fairly 
good agreement over the temperature range in- 
volved. If it is taken into account that both the 
grain growth measurements and the diffusion meas- 
urements” were made over a temperature range of 
only about 100°C, it is likely that the Q@ values in 
both could be in error. It was concluded from this 
that our model of grain boundary movement during 
secondary recrystallization is basically correct. 


Conclusions 
The phenomenon of secondary recrystallization in 
999.9 fine silver has been investigated in cold-rolled 
specimens, which were given prolonged anneals in 
the temperature range of 433° to 533°C. The shapes 
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Fig. 12—Variation of growth rate of secondary grain with size of 
secondary grain during “induction period.” Points are from data 
taken at 433°C. 
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Table |. Calculated and Measured Values for Four Temperatures 


Temperature, Geale. Gmeas. 
°C (Cm per Sec) (Cm per Sec) 
706 3.8x10-5 0.7x10-5 
751 9.1x10-5 2.5x10-5 
776 14.0x10-5 4.6x10-5 
806 22.8x10-5 8.8x10-5 


of the secondary grains can best be described as 
ellipses, with the maximum growth rate in the di- 
rection of rolling and minimum growth rate in a 
direction normal to the composition plane of long, 
massive twins appearing in these grains. It is be- 
lieved that the very formation of these twinned re- 
gions is directly connected with the observed shape 
anisotropy. 

Orientation studies showed that the secondary 
grains have a preferred orientation which corre- 
sponds closely to that of the original deformation 
texture. This coarsening structure can be related to 
components of the primary recrystallization struc- 
ture by a rotation about a <111> axis. 

Measurements on the growth rate of secondary 
grains showed that, after an induction period, the 
rate of growth was constant. The temperature de- 
pendence of the average rate of invisible grain 
growth (reciprocal of ‘induction period”) as well 
as the constant rate of visible grain growth may be 
given by the expression: 


G=G,e%" 


Activation energies have been calculated describ- 
ing the temperature dependence of both the visible 
and invisible growth processes. These values suggest 
that the atomic process of crystal growth is one of 
grain boundary self-diffusion. These results further 
suggest that grain growth is taking place during the 
so-called induction period by the same process gov- 
erning the growth of visible grains, and that at this 
early stage growth is probably impeded by the 
small number of contact areas between the growing 
grain and its surrounding fine-grained structure. 

Under the assumption that the grain boundary 
mobility is dependent upon boundary energy and 
curvature, an expression for the growth velocity has 
been derived, which predicts growth rates in rea- 
sonable agreement with measured values. 
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Technical Note 


Effect of Cold Work and Annealing on the Thermoelectric Power 


Of Molybdenum 
by J. Howard Kittel 


HE properties of the metal molybdenum have 

been the subject of recent investigations” ? which 
have included studies of the changes that occur in 
the metal when it is annealed after having been 
cold worked. Most of the data which have been 
reported have pertained to only one aspect of an- 
nealing, that is, the conditions under which recrys- 
tallization has been observed. The process of re- 
covery which may precede recrystallization does not 
appear to have been investigated, and it is the pur- 
pose of this note to report observations on the re- 
covery process in cold-worked molybdenum as de- 
termined by changes in the thermoelectric power 
which occur as the metal is annealed. 

The measurements were made on commercially 
pure molybdenum wires which, after annealing at 
1035°C in dried hydrogen for 1 hr, were swaged to 
give a series of reductions up to a maximum of 84.5 
pet. The variously cold-worked wires were then 
annealed in dried hydrogen for periods of 16 hr at 
progressively higher temperatures from 200° to 
1000°C, with a final annealing treatment of 70 hr 
at 1100°C. After each annealing treatment the ther- 
mal emf’s were determined against a length of 
original unworked material that had received the 
initial hydrogen annealing treatment. The difference 
in temperature between the hot and cold junctions 
was maintained at about 75°C, and the thermal 
emf’s were measured with a potentiometer that 
could be read to 0.01 microvolt. 

Fig. 1 shows the thermoelectric power (dE/dT) in 
microvolts per °C between annealed and cold- 
worked molybdenum as a function of the degree of 
cold work. The effect of annealing is shown in Fig. 
2. The general shape of the curves in both figures is 
similar to results which have been obtained for cop- 
per.’ It was observed that after annealing at tem- 
peratures as low as 200°C recovery was well under 
way. The rapid changes in thermoelectric power 
observed near 900°C are probably associated with 
recrystallization, since such a relation has been ob- 
served with copper.* Beyond 900°C the thermal 
emf’s changed in polarity, indicating that from this 
point on the specimens were more highly annealed 
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Fig. 1—Effect of cold work on the thermoelectric 
power of molybdenum. 
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Fig. 2—Effect of annealing on the thermoelectric power of 

cold-worked molybdenum. 


than the standard. Annealing treatments could not 
be given at temperatures higher than 1100°C due to 
limitations of the furnace, and it is evident that, 
since equilibrium values of thermoelectric powers 
were far from having been attained, temperatures 
considerably higher are required to fully anneal 
molybdenum. 
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Delay Time for the Initiation of Slip in Metal Single Crystals 


by |. R. Kramer and R. Maddin 


The delay time for the initiation of slip was studied in single 
crystals of « brass, aluminum, and £ brass. A delay time for slip was 
found in 8 brass when the specimens were tested below room tem- 
perature; however, one was not found for a brass or aluminum. A 
general theory for the existence of the brittle transition temperature 

is proposed. 


LTHOUGH a considerable amount of effort has 
been devoted to the study of the deformation 
and fracture of single crystals, the vast majority of 
the work was concerned with static tests or with 
tests carried out at relatively slow strain rates. The 
necessity for the study of a possible incubation time 
for slip becomes apparent when the various theories 
which have been postulated for the elucidation of 
the mechanism of slip are considered. The existence 
of an incubation period would strongly indicate that 


slip occurs by a process of nucleation and growth;- 


whereas the absence of an incubation would present 
rather convincing evidence that slip occurs by a 
cataclysmic process. In addition to shedding light on 
the process of plastic deformation, an understanding 
of the early stages of plastic deformation may be 
helpful in finding an explanation for the brittle be- 
havior of the body-centered metals under certain 
conditions. It is well known that these metals, such 
as iron, molybdenum, tungsten, £ brass, etc., will 
become brittle as the test temperature is lowered 
or the strain rate is increased. In spite of the fact 
that this subject has received considerable attention 
since the turn of the century, no adequate theory 
exists today which explains the phenomenon. In the 
ductile temperature range the metal breaks with a 
“fibrous” fracture after considerable slip has taken 
place. In the brittle temperature range the metal 
fails essentially by cleavage on the {100} planes; 
however, some plastic flow is always present even 
in the most brittle fractures. It is possible, as will 
be explained later, to ascribe this brittle behavior 
to the length of the incubation time for slip. 

Clark and Wood,’ using polycrystalline metals, 
showed that a delay time existed for the yield point 
in mild steels and that the delay time depended upon 
the applied stress. These authors stated that the de- 
lay time was observed only with those materials for 
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which the stress-strain curve showed a definite yield 
point. In their work only the mild steel specimens 
exhibited a delay time at the yield point, while the 
other materials studied—type 302 stainless steel, 
SAE 4130 normalized steel, SAE 4130 quenched and 
tempered steel, 24S-T aluminum—did not show a 
delay time. These authors’ in an extension of their 
work, found that as the temperature was lowered 
the delay time was increased. 

It is, then, the purpose of this investigation to 
measure or to set an upper limit on the delay time 
for plastic flow in single crystals of a brass, alumi- 
num, and £ brass. The delay time will also be studied 
as a function of temperature. 

The incubation time may be measured by deter- 
mining the length of time the specimen will support 
a stress without slip occurring when the stress is 
greater than the static critical resolved shear stress. 
In order to accomplish these measurements use was 
made of a pendulum which was so designed that a 
single crystal specimen could be placed at various 
positions along its length. When a pendulum is struck 
by another pendulum of the same length, an elastic 
wave is transmitted down the bar with the velocity 
of sound in the material and is reflected from the 
far end of the bar. The reflected wave then travels 
back and unloads the stress until it reaches the im- 
pacted end of the bar and the two pendulums sep- 
arate. The length of time that the specimen is sub- 
jected to the stress is equal to the time it takes for 
the stress wave to travel twice the distance from the 
specimen to the end of the bar. The stress applied 
to the specimen is governed by the velocity of im- 
pact of the two pendulums. The stress at which the 
specimen first suffers plastic deformation was deter- 
mined in these experiments by examining the speci- 
men under the microscope for the first appearance 
of slip lines and by measuring the residual strain 
after each impact. In these experiments the critical 
resolved shear stress was approached from the low 
stress side and no attempt was made to determine 
it exactly. To determine it exactly, it would have 
been necessary to find that stress at which slip would 
have just started. However, since the stresses were 
increased in rather small increments the critical 
stress is believed to be approached rather closely, as 
will be seen from the experimental results. The crit- 
ical stress will be taken as the highest stress obtained 
before the onset of plastic deformation. The stresses 
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Fig. la—Schematic arrangement of pendulum. 


in all cases were obtained by multiplying the strains 
obtained by a suitable elastic modulus. 


Experimental Procedure 


The pendulum, shown schematically in Fig. la, con- 
sisted of % in. diam bars of 1, 2, 4, and 8 ft in length 
on one side and bars 7 and 8 ft on the other. The 
ends of these bars were ground flat and lapped in 
order to insure intimate contact over the entire sur- 
face when the bars were butted together. Steel 
sleeves 8 in. long were machined and reamed to fit 
very snuggly over the ends of the bars. The ends of 
the sleeves were fitted with three Allen screws spaced 
120° apart, which clamped down on the bars to hold 
them securely in place. Three aluminum supports 
were used on each pendulum. These supports were 
suspended by means of two steel wires at an angle 
of 40° placed in the same vertical plane and which 
was perpendicular to the axis of the pendulum. The 
wires which were 0.01 in. in diam and 7 ft long were 
supported by steel clamps which were attached to 
the wall of the building by wooden supports. 

The method used in recording the strains experi- 
enced by the specimens is shown in Fig. 1b. An SR-4 
type A-8 resistance strain gage is applied to the 
vertical plates of a cathode ray tube through a high- 
gain pre-amplifier and the internal Y axis amplifier 
of an RCA type 304-H oscilloscope. In order to ob- 
serve this pattern it is necessary to use a driven 
sweep which must be initiated at the instant the bars 
come together. One additional requirement is that 
on successive impacts of the pendulum the sweep 
must be disabled so that one and only one sweep will 
be obtained. This was accomplished simply by firing 
a miniature thyratron at the instant of bar contact. 
The oscilloscope screen was photographed on 35 mm 
xx panchromatic film. A strain calibration was photo- 
graphed before each pendulum impact. It was found 
that this procedure insured accurate strain measure- 
ments, since there was little chance for drift in the 
short interval of time allowed between recordings. 

Single crystals of a brass, 70 pct Cu, 30 pct Zn, 
and single crystals of 8 brass, 52 pet Cu and 48 pct 
Zn, were made by the Bridgman technique. The 
aluminum single crystals, also made by the Bridg- 
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Fig. 1b—Block diagram of recording unit. 


man technique, with a purity of 99.996 pct Al were 
supplied by the Aluminum Co. of America. 

The aluminum and brass single crystals were 
homogenized near their melting points for 16 hr, 
etched, and examined microscopically. 

The 8 brass specimens were made by essentially 
the same method as that used in the a brass. How- 
ever, since the £8 brass region exists only over a 
rather small range of composition, care must be 
taken to prevent too great a loss of zinc. For these 
crystals the zinc and copper were placed in Vicore 
tubes which were sealed before the alloy was melted. 
The resulting crystals were homogenized at 800°C 
for 16 hr. 

The specimens used in this investigation were % 
in. long and % in. in diam. Extreme care was taken 
in the preparation of these specimens to prevent 
straining. They were cut from % in. diam bars by 
cutting very slowly and lightly with a jeweler’s saw 
and were then smoothed down on a surface grinder 
so that the two opposite faces were parallel to each 
other and were also perpendicular to the axis of the 
specimens. The specimens were ground by hand on 
numbers 2, 1, 0, 00, and 000 emery paper. The speci- 
mens were etched after the use of each grinding 
paper to remove the cold work. An electrolytic polish 
was used for the final polish. 


Experimental Results 

In order to determine the order of magnitude of 
the stress and time necessary to cause plastic defor- 
mation, a number of observations were made on a 
brass, aluminum, and 8 brass at room temperature. 
These specimens were placed in the pendulum and 
subjected to increasing amounts of impact loads. 
This was done by drawing the pendulum back from 
its equilibrium position in 1 in. increments. The 
strain-time curve was observed visually on the 
oscilloscope and the residual plastic strains were 
measured by means of a Baldwin strain indicator 
type K. After each impact, the specimen was re- 
moved from the pendulum and examined under the 
microscope at various magnifications for the appear- 
ance of slip lines. Within the limits of observation 
in these experiments, the appearance of slip lines 
occurred at the same time that a plastic strain was 
found. The fact that a measurable plastic strain was 
found coincident with the first appearance of slip 
lines is not unexpected. In the stress-strain curve 
for metal single crystals, the plastic strain region is 
generally very flat and almost parallel to the strain 
axis. Thus a small increase in the stress produces a 
very large increase in the strain. This is a very for- 
tunate condition, for it makes it possible to bracket 
closely the value of the critical resolved shear stress. 
This fact was also used to great advantage when the 
measurements were made at liquid nitrogen and dry 
ice temperatures. After it was established that at 
these temperatures slip lines also appeared at the 
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Fig. 3—Orientation of a brass crystal investigated. 


same time as plastic strains, the measurement of a 
plastic strain was used to indicate the end of the 
elastic region. At these temperatures, as in the case 
at room temperature, the onset of plastic flow was 
characterized by a residual plastic strain of at least 
20 to 40 microin. 

A typical strain-time curve is shown in Fig. 2. 
This curve was obtained from £ brass tested at 25°C. 
The diagram of Fig. 2 is typical of the curves ob- 
tained for specimens tested at room temperature, 
except, in many cases, the sharp peak at the initial 
portion of the curve was not present. 

The orientations of the specimens used are shown 
in Figs. 3, 4, and 5. The moduli of elasticity for B 
brass were calculated from the data presented by 
Rinehart,’ who measured the moduli of elasticity in 
[100], [110], and [111] for temperatures down to 
—183°C. The appropriate values of the moduli of 
elasticity for the a brass crystals were calculated 
from the elastic coefficients obtained by Fenn, Hib- 
bard, and Lepper,* while those of aluminum were 
obtained from the data of Rosi and Mathewson.’ 
Although the latter authors reported values of 
Young’s modulus down to temperatures of —195°C, 
they did not determine the values as a function of 
orientation. However, since aluminum single crystals 
are known to be fairly isotropic, little error may be 
expected from this source. The values of the orienta- 
tion and moduli of elasticity of the a brass, 8 brass, 
and aluminum single crystals used in this investiga- 
tion are given in Tables I and II. In Table I the 
angle x is the angle between the specimen axis and 
the slip plane, while \ is the angle between the speci- 
men axis and the slip direction. 

The measurements of the stress are reported as 
resolved shear stresses which were calculated from 
the strain measurements taken from the strain-time 
oscilloscope recordings. The time for the duration of 
the stress was measured at the point midway be- 
tween the base line of the strain-time recording and 
the maximum strain. 

The data obtained for the single crystals of a and 
B brass and aluminum are presented in Figs. 6 to 10 
and Tables III to IX. In these tables the strains 
measured for each impact are recorded, and the cor- 
responding stress values and the resolved shear 
stresses have been calculated. In col. 5 is recorded 
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Fig. 4—Orientations of aluminum crystals investigated. 


the time of duration of the stress. This value was 
derived by averaging the values obtained for each 
test. The abreviation CRSS designates the critical 
resolved shear stress. Specimens tested at higher 
stresses were plastically deformed. The data plotted 
in Figs. 6 to 10 are the critical resolved shear stress 
vs. the time for the duration of the stress. 

The data obtained for a brass when tested at room 
temperature (Fig. 6 and Table III) indicate that the 
critical resolved shear stress is not affected by the 
duration of the stress. Although the strain rates em- 
ployed during these experiments were extremely 
high, the critical resolved shear stress value of 1650 
psi is in quite good agreement with that obtained 
under static conditions by Maddin® and Fenn.* The 
values obtained by these authors range from 1600 
to 1900 psi. 

The data obtained for the single crystals of alu- 
minum, presented in Figs. 7, 8, and 9 and in Tables 
IV, V, and VI also fail to reveal a change in the 
critical resolved shear stress as the time for the 
duration of stress was decreased. In fact, here too, 
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Fig. 5—Orientations of 8 brass crystals investigated. 
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Table |. Orientation of Crystals 


Slip 
x Xr Plane and 
Specimens Deg Deg Sinx Cos) Direction 
a@ brass 44.5 43 0.512 (111) [101] 
1to9 a 
Aluminum (A) 37.5 43 0.445 (111) [101] 
10 to 18 
Aluminum (B) 45 47 0.483 (111) =[101] 
27 to 30 
B brass (A) 52 54 0.464 (301) [111] 
34 to 36 Pe = 
B brass (B) 50 53 0.460 (101) [111] 
37 
B brass (C) 40 43 0.469 (101) =[111] 
31 to 33 
B brass (D) 49 58 0.40 (101) [111] 
23 to 26 


Table II. Young’s Modulus for Crystals Investigated 


Modulus of Elasticity, 


10-* psi 

Crystals 25°C —190°C 
brass 

A 6.5 6.3 6.1 

B 6.2 6.0 5.8 

Cc 14.9 14.9 14.9 

D 28.0 28.0 29.2 
Aluminum A 9.9 12 (—54°C) 16.7 
a brass 22.1 


Table III. Delay Time of a Brass at 25°C 


Resolved Time 

Specimen Strain Stress, Shear X10+ 

No. X106 psi Stress Sec 

6-1 96 2120 1090 12.3 

6-2 134 2960 = 20) 

6-3 139 3080 1590 

6-4 144 3180 1630 CRSS 

7-1 875 34.0 

7-2 93.0 2060 1050 

7-3 101.1 2230 1140 

7-4 108.5 2399 1230 

7-5 148 3262 1660 CRSS 

8-1 160 3530 1800 CRSS exceeded 

9-1 110 2430 1250 2.4 

9-2 145 3200 1650 CRSS 


Table IV. Delay Time for Aluminum at 25°C 


Resolved Time 


Specimen Strain Stress, Shear X104 
No. X10 psi Stress Sec 
11-1 2.9 288 128 17 
11-2 3.1 306 136 CRSS 
12-1 
12-2 2.06 204 91 11 
12-3 2.1 208 93 
12-4 2.3 228 102 
12-5 2.5 248 411 
12-6 2.6 258 115 
12-7 2.8 278 124 
12-8 2.9 298 133 
12-9 etal 306 136 CRSS 
14-1 151 67.4 2.5 
14-2 153 151 67.4 
14-3 1.75 173 77.0 
14-4 1.97 195 87.0 
14-5 2.4 238 106 
14-6 3 346 155 CRSS 


the values observed agree with those measured under 
static conditions.* The data measured at —54°C were 
obtained by testing the specimens in a mixture of 
kerosine and dry ice. The temperatures were meas- 
ured with a thermometer placed as close as possible 
to the specimen. The data derived at —190°C were 
obtained by allowing the specimen to come directly 
in contact with liquid nitrogen. Since the resistance 
of strain gages of the SR-4 type is very sensitive to 
temperature, the gages were also used as a means 
of measuring temperature changes. Following each 
impact, a reading was taken after which more coolant 
was added. When the readings reached steady state, 
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further impacts were made. It should be pointed out 
that an increase in temperature caused positive 
strain-gage readings, while plastic deformation 
caused negative readings. Thus it was easy to dif- 
ferentiate plastic deformation from a temperature 
change. 

Using the same methods as those employed for 
the experiments on aluminum, f brass specimens 
were tested at 28°, —52°, and —190°C. In these 
specimens the effect of the duration of the stress was 
quite marked. At room temperature, (Fig. 10, Table 
VII) no delay time could be found, but at —52°C 
(Table VIII) and —190°C (Table IX) it was quite 
definite. At room temperature the average critical 
resolved shear stress is 350 psi. At —52°C the critical 
resolved shear stress is about 350 psi, when the 
stress is maintained for a period longer than 35x10~* 
sec; but for a time of 5x10~ sec the critical resolved 
shear stress rises to 1120 psi. The data obtained at 
—190°C shows that at this temperature the effect of 
the duration of impact is quite marked. At a time 
of 60x10~ sec the critical resolved shear stress is 
500 psi and is only 150 psi larger than that obtained 
at —52°C. However, as the duration of the stress 
becomes smaller, the specimens are able to with- 
stand very high stresses before plastic deformation 
occurs. At a time of 27x10~ sec the critical resolved 
shear stress is 2900 psi, while at 20x10~ sec it is 4400 
psi (see Fig. 10). 

After each of the specimens was tested, a micro- 
scopic examination was made on the surface of the 
specimens to determine the distance between slip 
lines and the active slip plane. The examination of 
the specimens tested at room temperature did not 
present a problem, but those specimens tested at low 
temperatures were generally stained and it was dif- 
ficult to study the slip lines in detail. In general, the 
slip lines were fairly regular and widely spaced, 
indicating that very little plastic deformation had 
taken place. The slip planes of the a brass and alu- 
minum crystals were determined and found to be in 
agreement with those reported in the literature. The 
slip was found to occur on (111) planes in the [101] 
direction. The slip plane of the B brass, however, 
appeared to be in disagreement with that reported 
in the literature.* The slip planes at low tempera- 
tures are reported as the {110} and {112}. A speci- 
men, No. A (Fig. 5), of 8 brass which had been sub- 
jected to impact at liquid nitrogen temperatures to 
produce substantial deformation was examined to 
determine the slip plane. For the specimen studied 
only slip on the {110} planes could be found. 

In general, body-centered cubic metals may be 
deformed by twinning as well as by slip. Accord- 
ingly, specimens of 8 brass which had been deformed 
at room temperature, —52°, and —190°C were 
polished and etched to determine the possible exist- 
ence of twins. As far as could be determined by 
examination under the optical microscope, the speci- 
mens deformed by slip since twins could not be 
found. 

Discussion of Results 

It has been the purpose of this work to determine 
whether or not a delay time existed for slip. The 
existence of a delay time for slip would indicate 
that slip occurred by a process of nucleation and 
growth rather than by a cataclysmic process. This 
latter is the method proposed by Frankel,® who pos- 
tulated that slip would occur whenever the stress 
reached a critical value. Others” * assumed that slip 
occurs by nucleation and growth. This latter process 
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implies that a delay time for plastic flow should 
occur. 

In this investigation, while it was found that the 
body-centered cubic metal, 8 brass, had a very pro- 
nounced delay time for plastic deformation, no de- 
lay time was found for the face-centered cubic 
metals, aluminum and a brass. The difference in the 
behavior of the body-centered cubic metals is quite 
significant. While it cannot be said that the face- 
centered cubic metals would not have a delay time 
if lower temperatures and shorter times than used 
in these experiments were employed, it is quite def- 
inite that if there is a delay time for slip in these 
metals; it is small. The last consideration may well 
be the case, since there is no reason to suspect that 
the mechanism for slip in the face-centered cubic 
metals differs markedly from that of the body- 
centered cubic metals. This latter statement, how- 
ever, may be modified if the role of impurities, which 
may be in solid solution, is considered. According 
to Cottrell,” dislocations can become anchored on 
impurity atoms and thus inhibit the slip process, 
since the energy necessary to dislodge the disloca- 
tion becomes larger than the energy necessary to 
propagate the dislocation. Frank” postulated that for 
this to be effective the impurity atoms must strain 
the lattice structure unequally in different direc- 
tions. This is a very stringent condition and im- 
purities may be expected to affect the body-centered 
cubic metals and the face-centered cubic metals in 
quite different manners. Thus, if the dislocation 
theory is adopted to explain the existence of a delay 
time for slip, then there remains the question as to 
whether the delay time is due to the presence of im- 
purities, or whether it is associated with a particular 
type of lattice structure. This question is difficult to 


Table V. Delay Time for Aluminum at —54°C 


Time 


Specimen Strain Stress, Resolved X104 
No. X10¢ psi Shear Stress Sec 
15-2 65.6 785 350 CRSS exceeded 21 
16-1 7.0 84 37 15 
16-2 27.2 326 145 CRSS 
17-1 26.4 316 142 
18-1 22.6 271 121 9 
18-2 28.4 340 151 CRSS 7.0 


TIME SEC. 


answer since it is thermodynamically impossible to 
prepare a metal without any impurities in solution. 
However, a study of the delay time in alloys of face- 
centered cubic materials might reveal the role of 
foreign atoms. 

The theories for plastic flow postulated by Zener’ 
and Leschen” are not detailed enough to predict a 
difference in the behavior of face-centered cubic and 
body-centered metals. Both theories allow for the 
existence of a delay time in slip for the two classes 
of metals discussed here. 

The fact that body-centered cubic metals exhibit 
a delay time for slip and face-centered cubic metals 
either have an extremely small delay time or per- 
haps none at all, may furnish a basis for an explana- 
tion of the brittle transition in metals. 

It is well known that when body-centered cubic 
metals are tested over a range of temperatures there 
will exist a temperature range in which the energy 
absorbed by the specimen upon fracturing will de- 
crease abruptly. The temperature at which the energy 
drops rapidly is called the brittle transition tem- 
perature. In contrast to this, face-centered cubic 
metals do not have such a brittle transition tempera- 
ture and the energy absorbed upon fracturing re- 
mains rather constant as the temperature is lowered. 

The brittle transition temperature for any given 
body-centered cubic metal is greatly affected by the 
conditions of the test. In general, a decrease in strain 
rate will lower the transition temperature, while an 
increase in the size of the specimen will cause the 
transition temperature to be raised. The presence of 


Table VI. Delay Time for Aluminum at —190°C 


Resolved Time 

Specimen Strain Stress, Shear X104 

No. X106 psi Stress Sec 

28-2 22.6 378 185 ila) 

28-3 17.0 284 135 

28-4 22.6 378 185 

28-5 36.8 615 295 

28-6 51.0 850 410 

28-7 53.8 900 435 

28-8 62.4 1040 500 

28-9 13.5 1230 590 CRSS 

29-2 37.8 630 305 0.8 

29-3 63.0 1050 510 

29-4 72.0 1203 585 CRSS 

30-1 34.6 575 280 2.1 

30-2 50.4 844 410 

30-3 63.0 1050 510 

30-4 68.4 1150 560 CRSS 
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sharp notches or other stress risers generally has a 
marked effect in raising the transition temperature. 

In spite of the fact that the existence of a brittle 
transition in metals has been known for a consid- 
erable period of time, no satisfactory explanation for 
its cause has been given. Most of the explanations 
have been based on the theory proposed by Ludwik,” 
who postulated that fracture occurred at the inter- 
section of a flow-stress and a fracture-stress curve. 
Ludwik’s hypothesis, while simple, is subject to at 
least two important objections. It is seen that the 
area under the flow curve is a measure of the energy 
absorbed by the specimen. As the temperature is 
lowered the flow curve is raised much faster than 
the fracture curve, causing the fracture stress to 
intersect the flow curve at a lower strain. This pro- 
duces a decrease in the absorbed energy, but the 
existence of a sharp brittle transition temperature 
is completely fortuitous since it can be easily seen 
that this effect is purely geometric and depends only 
on the relative shape of the two curves. The second 
and perhaps more important objection is that Lud- 
wik’s concept does not allow for any change in the 
mechanism of the fracture. At the upper portion of 
the brittle transition curve where the energy ab- 
sorbed by the specimen is high, the fracture is ac- 
companied by large amounts of plastic deformation, 
whereas below the brittle transition temperature 
range a brittle fracture occurs, where the fracture 
is caused by cleavage on the {100} planes. Any 
theory, which attempts to explain the transition 
temperature, must be able to account for this change. 
Further, the fact that a brittle transition tempera- 
ture is found in body-centered cubic metals and not 
for face-centered cubic metals must also be ex- 
plained. 

The fact that a delay time for slip was found in 
body-centered cubic metals and not in face-centered 
cubic metals can form the basis for an explanation 
of the brittle transition temperature phenomenon. 
If the initiation of plastic flow requires a definite 
time, then at any temperature it is possible to apply 
a stress to a specimen sufficiently rapidly so that the 
delay time is nowhere exceeded, and, if the stress is 
sufficiently high to cause fracture, the specimen must 
fail by cleavage. Whether or not it is possible to 
obtain a 100 pct cleavage fracture will depend on 
the shape of the delay time curve in the region near 
the fracture stress. 

This theory can perhaps be best explained with 
the aid of Figs. 11 and 12. Since in this investigation 
it was not possible to attain stresses high enough to 
cause fracture, the curves obtained must be extra- 
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Table VII. Delay Time for 8 Brass at 28°C 


Resolved Time 

Specimen Strain Stress, Shear X10+ 

No. X106 psi Stress Sec 

23-1 29.4 821 328 38 

23-2 32.7 915 366 CRSS 

25-1 4.5 126 50 15.7, 

25-2 12.8 358 140 

25-3 14.8 415 165 

25-4 18.7 575 230 

25-5 29.0 814 325 CRSS 

26-1 23.5 658 265 6.2 

26-2 29.4 825 330 CRSS 


polated to the fracture stress. This can be done in 
two ways. In Fig. 11 the curves have been merely 
extended to the fracture stress (c;), while in Fig. 12 
the upper portions of the curves have been drawn 
so that they intersect the fracture stress only at the 
zero time axis. These latter curves imply that it 
would be impossible to achieve a completely brittle 
break, while those of Fig. 11 would admit to such a 
possibility. 

Suppose as indicated in Fig. 11 a stress is applied 
to a specimen such that the stress-time curve may 
be represented by the curve OD. This curve inter- 
sects the delay time curves for temperatures T,, T:, 
T;,, and T, at the points A, B, C, and D. The tem- 
peratures are selected so that T, is higher than T,, 
etc. Thus it is seen that at temperatures T,, T., and 
T, the delay time for slip is exceeded by an appreci- 
able amount and a corresponding large amount of 
plastic flow can occur. However, at temperature T, 
the delay time is not exceeded and the specimen 
must fracture by.cleavage since sufficient time has 
not been available for the start of slp. If it is as- 
sumed that the delay time curves are similar to 
those presented in Fig. 12, only a slight modification 
of the above explanation is necessary. Here it is 
seen that some plastic flow will always occur no 
matter how high the strain rate or how low the 
temperature. However, at the temperature T, since 
only a small time is allowed for plastic deformation, 
the fracture will be essentially brittle. 

In the attempt to present this theory in as simple 
a manner as possible, it was tacitly assumed that a 
stress-time curve of the type OD in Fig. 11 could be 
applied directly. Actually, however, this is not the 
case, for the delay time curves were obtained under 
conditions where the stress was held at a constant 
value while the curve OD was not. Since the slip 
process appears to be associated with a nucleation 
process, nucleation may very well begin to occur as 
soon as the stress exceeds the critical shear stress 
found under static conditions. 

This effect would have a tendency to move the 
delay time curves to the left. To this end, it should 


Table VIII. Delay Time for 8 Brass at —58°C 


Resolved Time 

Specimen Strain Stress, Shear X10+ 

No. X10¢ psi Stress Sec 

34-1 27.2 172 80 22 

34-2 168 1060 490 CRSS 

35-1 22.8 144 70 62.7 

35-2 51.4 324 150 

35-3 57.0 359 165 

35-4 60.0 378 175 

35-5 125.2 790 365 CRSS 

36-1 128 805 374 35 

36-2 

36-3 134 845 392 CRSS 

37-1 34.8 219 143 4.5 

37-5 27.2 1710 1120 CRSS 


TRANSACTIONS AIME 


STRESS —> 


be pointed out that the customary use of strain rate 
as a parameter for describing the plastic flow phe- 
nomenon is somewhat misleading since even under 
conditions: where the strain rate is constant, the 
stress rate varies continuously. The strain rate will 
only be a measure of the average time that a speci- 
men is at a given stress. It may be more meaningful 
to conduct the studies of plastic flow under condi- 
tions of constant stress. 


Summary 

1—The delay time for slip was measured in single 
crystals of a brass, aluminum, and £ brass. For the 
face-centered cubic metals, a brass and aluminum, 
a delay time could not be found even though the 
measurements on the aluminum crystals were car- 
ried out at —190°C for an impact time of 8x10” sec. 
A delay time was found in £ brass which was strongly 
dependent upon the temperature. 

2—A general theory for the explanation of the 
brittle transition temperature was proposed. This 
theory proposed that the existence of a delay time 
for the initiation for slip will permit a specimen to 
be loaded at a rate sufficiently rapid such that the 
delay time is nowhere exceeded. Under these condi- 
tions plastic deformation cannot occur and the speci- 
men must fail by cleavage. 

3—An examination of the spacing of the slip lines 
and the determination of the slip plane confirmed 
the findings already reported in the literature. How- 
ever, for the 8 brass specimens deformed at liquid 
nitrogen temperature only slip on the {110} planes 
could be found. This is contrary to the data present 


Table IX. Delay Time for 8 Brass at —190°C 


Resolved Time 


Specimen Strain Stress, Shear X10+ 
No. X106 psi Stress Sec 
31-1 196.5 2920 1370 19.6 
31-2 302.0 4500 2110 
31-3 426.0 6350 2980 
31-4 446 6640 3120 
31-5 575 8550 4000 CRSS 
33-1 192 286 1340 27 
33-2 237 373 1750 
33-3 
33-4 352 525 2470 
33-5 396 590 2780 CRSS 
39-1 
39-2 420 625 295 61 
39-3 465 694 325 
39-4 
39-5 716 1070 500 CRSS 
40-1 72 1070 500 23.4 
40-2 288 4300 1870 
40-3 324 4840 2260 
40-4 635 9450 4420 
40-5 660 9850 4600 CRSS 


Fig. 11—Schematic diagram 

of delay time for the initia- 

tion of plastic deformation 
as a function of stress. 
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in the literature which reports that at low tempera- 
tures slip occurs on the {110} and {112} planes. 

4—The critical resolved shear stress determined 
in this investigation for the single crystals of a brass 
and aluminum agreed very well with those reported 
in the literature. For a brass at 28°C a value of 1650 
psi was obtained as compared to values reported in 
the literature of 1600 and 1900 psi. A value of 150 
psi at 25°C, 155 psi at —54°C, and 580 psi at —190°C 
was found for the critical resolved shear stress of 
aluminum. 
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Diffraction Patterns and Crystal Structure of Si,N, and Ge.N, 


by W. C. Leslie, K. G. Carroll, and R. M. Fisher 


A nitride, believed to be SisN., has been separated from three nitrided 
silicon steels. Germanium nitride, Ge:N,, has been prepared from pure 
germanium. Comparison of the diffraction patterns indicates that the 
two nitrides are isomorphous; an orthorhombic structure is suggested in 

place of the rhombohedral structure previously reported for GesNi. 


HE possibility that a nitride of silicon may, 

under appropriate conditions, precipitate in 
silicon steels or in steels killed with silicon makes it 
desirable to have some positive means of identifying 
such a compound. One such means is the X-ray or 
electron diffraction pattern of the nitride. 

A review of the meager data in the literature indi- 
cates that the nitride most likely to form is Si,N,, a 
conclusion supported by the results of a study of 
nitrided silicon steels to be published shortly by 
L. S. Darken and R. P. Smith, of this Laboratory. 
Unfortunately, there is available no diffraction pat- 
tern for this nitride. Data have been reported, how- 
ever, for Ge,N, which, judging from the similarity 
between germanium and silicon, might be expected 
to be isomorphous with Si,N. An effort was made, 
therefore, to form such a silicon nitride, to deter- 
mine its composition and diffraction pattern and, if 
possible, its structure. 

To this end a series of three silicon steels was 
nitrided under controlled conditions with the re- 
sultant formation of nitride particles which yielded 
an electron diffraction pattern in situ. The particles 
were then extracted from the steel and an attempt 
was made to determine their chemical composition. 
X-ray and electron diffraction patterns were also 
obtained from the extracted particles, which indicate 
that the nitride is isomorphous with Ge,N,, although 
a complete determination of the structure has not 
been possible. These results show that a silicon ni- 
tride with a well-defined diffraction pattern can 
form in silicon steels, and they suggest that this 
nitride is Si,N,. 


Materials and Procedures 
The silicon steels investigated were in the form of 
thin sheet or strip and had the composition shown 
in Table I. The 0.58 and 1.21 pct Si steels were 
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Table |. Composition of Silicon Steels Investigated 


Composition Thick- 
Si Cc Mn P Ss ness, In. 
0.58 0.073 0.28 0.020 0.022 0.062 
1,21 0.074 0.28 0.012 0.015 0.062 
3.20* 0.013 0.26* 0.003* 0.020* 0.0185 


* Ladle analyses. 


nitrided by holding them at 1110°F in an H.-NH, 
atmosphere containing 3 pct ammonia for 48 hr. The 
nitride particle size was increased by subsequent 
heating at 1500°F for 13% hr in helium. The re- 
sulting microstructure is shown in Fig. 1. The steel 
containing 3.20 pct Si was nitrided at 1200°F for 
16% hr after which it was held in helium at 1500°F 
for 4 hr. Its structure as seen under the electron 
microscope is illustrated by Fig. 2. As would be 
expected from the higher silicon content and the 
shorter holding time at 1500°F, the nitride particles 
are smaller and more numerous than those in the 
1.21 pet Si steel. The ammonia-hydrogen treatment 
reduced the carbon content of the steels to a very 
low level, so no interference was encountered from 
carbon or carbides. In the case of the 3.2 pct Si 
steel, the carbon was reduced to 0.003 pct before 
nitriding by heating in dry hydrogen. 

Attempts to obtain an X-ray diffraction pattern 
from polished and etched surfaces of the 1.21 and the 
3.20 pet Si steels were unsuccessful. However, an 
electron diffraction pattern was obtained from the 
surface of the steels. The interplanar spacings ob- 
tained from these patterns are shown in Table II, 
col. 5. The nitride particles were then extracted 
from all three steels by dissolving the ferrite matrix 
in bromine-methyl] acetate, the solution used in the 
Beeghly’ method for the extraction of aluminum 
nitride from steel. X-ray diffraction patterns of 
these residues, obtained by means of a spectrometer 
and by a 57 mm Debye-Scherrer powder camera 
using filtered cobalt or chromium radiation, are 
given in Table II along with the pattern obtained by 
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Fig. 1—Silicon nitride in a 1.2 pct Si steel nitrided at 1110°F 
to 0.74 pct N, then held 13.5 hr at 1500°F and slowly cooled. 


1 pet nital etch. Area reproduced approximately 50 pct 
for reproduction. 


transmission electron diffraction from the powder. 
Agreement between the X-ray and electron diffrac- 
tion data is quite good, when the relative inaccuracy 
of electron diffraction is considered. It was con- 
cluded that the nitride was unchanged by removal 
from the steel. 


Fig. 2—Electron micrograph of silicon nitride in a 3.2 pct Si 
steel nitrided at 1200°F, then held 4 hr at 1500°F and slowly 


cooled. 
1 pet nital etch. Uranium shadow-cast. X5600. Area reduced 
approximately 50 pct for reproduction. 


A sample of the steel containing 3.20 pct Si was 
given the same thermal treatment as the nitrided 
specimen, without introduction of ammonia, and was 
then dissolved in bromine-methy]l acetate. No X-ray 
diffraction pattern could be obtained from the small 
amount of residue. A few lines were obtained from 


Table Il. Orthorhombic Indexing of 


Diffraction Patterns of SisN. and 


SigN4 
a = 13.38 + 0.03A; b =8.60 + 0.02A; 
c= 7.744 0.024 


a =13.84 + 0.03A; b = 9.06 + 0.02A; 
c= 8.18 +0.02A 


GesN4 
Juza and Hahn? 


1 2 3 4 5 6 “ 8 9 10 
Reflection 
Inten- Electron Inten- Inten- 
hkl sity d Observed d Calculated Diffraction sity d Observed d Calculated sity d Observed 
200 Vw 6.68 * 6.690 WwW 6.94 6.920 
020 Ss 4.28 * 4.300 MS 4.52 4.530 Vw 4.50 
002 M 3.856* 3.870 M 4.08 4.090 
301 M 3.99 4.018 M 3.95 
202 MW 3.533 3.521 
400 M 3.344* 3.345 Ss 3.458 3.460 M 3.464 
410 Vw 3.107 3.118 Vw 3.230 3.242 
030 Ss 2.873* 2.867 2.90 MS 3.031 3.020 Vw 3.063 
130 Vw 2.801 2.803 WwW 2.953 2.951 
222 Vw 2.651 2.643 Ss 2.802 2.780 Ss 2.817 
003 Ss 2.583* 2.580 2.59 MS 2.727 2.727 Ww 2.734 
103 Ss 2.529* 2.533 MS 2.675 2.675 
231 Ww 2.483 2.494 vs 2.621 2.622 VS 2.620 
511 WwW 2.427 2.426 
213 s 2.305* 2.318 2.30 MS 2.439 2.443 Ww 2.445 
520 WwW 2.267 2.272 Vw 2.362 2.362 
600 Ww 2.232 2.230 2.21 Ss 2.297 2.307 Ss 2.303 
040 M 2.149* 2.150 2:15 M 2.270 2.265 Vw DADA ES 
041 Ss 2.074* 2.072 M 2.193 2.183 Vw 2.199 
004 Ww 1.933 1.935 Vw 2.045 2.045 
602 Vw 1.997 2.009 WwW 1.998 
341 Ww 1.881* 1.879 1.89 
701 Ww 1.859 1.856 1.85 1.926 1.922 WwW 1.921 
242 Ww 1.800 1.809 Vw 1.907 1.905 
024 M 1.764* 1.765 Ww 1.865 1.864 
333 M 1.847 1.853 Ss 1.845 
Following lines of both patterns listed in order: 
Vw 1.747 1.74 
M 1.594* 1.59 w 1.682 Vw 1.683 
Ww 1.507 Ww 1.632 WwW 1.620 
MS 1.485* 1.46 Ww 1.593 M 1.589 
M 1.436 Ww 1.570 Vw 1.574 
1.416 Ww 1.539 WwW 1.539 
MW 1.405 1.38 MW 1.517 M 1.510 
M 1353 Ww 1.499 Ss 1.498 
Ww 1.320 1.33 M 1.414 3 1.410 
Ww 1.309 3st Vw 1.395 Vw 1.385 
MW 1.301 Ww 1.362 M 1.356 
Ww 1.295 WwW 1.327 Vw 1.332 
Vw 1.260 1.25 
Ww 1.225 


* Observed both by transmission electron diffraction and X-ray diffraction. All other data in col. 3 obtained by X-ray diffraction only. 


VS means very strong; S, strong; MS, medium strong; M, medium; MW, medium weak; W, weak; and VW, very weak. 
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Table II]. Comparison of Juza and Hahn Data with that of 
Present Authors 


Juza and Hahn Revision 
hkl hkl 
sin26, (hex- (hex- sin29, 
Line Ob- sin2¢ ago- ago- Calcu- 
No. served Calculated nal) nal) lated 
if 0.0293 0.0291, should be 0.0318 012 210 0.0291 
6 0.0793 0.0791, should be 0.0812 312 203 0.0787 


the powder by transmission electron diffraction, but 
these did not correspond to any of the lines obtained 
from the nitride residue, nor to the pattern of any 
substance listed in the A.S.T.M. card index. 

Attempts to establish the chemical constitution of 
the extracted nitride particles were only partially 
successful due to the well-known difficulties in 
working with very small particles extracted from 
steel. An X-ray fluorescence analysis revealed the 
presence of a significant content of bromine, man- 
ganese, and iron in spite of efforts to purify the 
residue. A specimen of the 0.58 pct Si steel, equili- 
brated by Darken and Smith by heating in a 3 pct 
NH.-H, atmosphere at 1110°F for 352 hr, was di- 
gested in the Beeghly solvent, and the residue 
analyzed for nitrogen. The result, on the basis of 
the original sample, was 0.38 pct N. Considering all 
silicon combined as the nitride, this gives a formula 
for the nitride of Si;Ns;... Attempts to analyze the 
residue for silicon yielded very erratic results. Two 
attempts made to nitride silicon in dry, purified 
nitrogen resulted in a product contaminated by 
quartz and a tridymite. This agrees with the ex- 
perience of previous investigators.” * 

Finally, in order to compare the diffraction pat- 
tern of the extracted nitride with that of Ge,N,, the 
germanium compound was prepared by nitriding 
high purity germanium obtained through the cour- 
tesy of the Bell Telephone Laboratories. The metal, 
crushed to —325 mesh, was heated in flowing am- 
monia at 1300°F for 16 hr. This process, which was 
carried out without difficulty, yielded a product 
which gave a well-defined diffraction pattern as in- 
dicated in Table II. 


Results and Discussion 

Juza and Hahn* give an X-ray diffraction pattern, 
obtained from powdered Ge,N, with copper radia- 
tion, which is in good agreement with that obtained 
in this investigation. Their pattern is listed in cols. 
9 and 10 of Table II. Ten more lines, down to a 
lattice spacing of 1.327A, were obtained in the pres- 
ent work. Juza and Hahn were able to index all 
their lines on the basis of a rhombohedral structure, 
with a = 8.57 + 0.01A, a = 107° 48’, or, alterna- 
tively, on the basis of a hexagonal cell, with a = 
13.84 + 0.01A, c/a = 0.668. Attempts to. index the 
pattern obtained from Si,N, on the basis of a similar 
structure led to a recalculation of the indices listed 
by Juza and Hahn. To calculate sin’@ for various 
indices these authors used the equation sin’*@ = 
0.00412 (h? + k’? + hk) + 0.00691 (1)*.. The co- 
efficients in this equation are correct, but errors 


Table IV. Lattice Parameters of Si,N, and Ge,N, 
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were found in calculation of sin’@ for their first and 
sixth lines. When these errors are corrected the 
indices used by Juza and Hahn are no longer in good 
agreement with the observed sin*’@ for these two 
lines. Their observations and calculations, extracted 
from Table 4 of ref. 4, and our corrections are given 
in.Table III. 

Changing (012) to (210) and (312) to (203) does 
not affect assignment of the structure to the hex- 
agonal system, but it eliminates the possibility that 
the structure is rhombohedral, since the revised in- 
dices cannot be transformed to the rhombohedral 
system. 

Changing the parameters of Ge,N, from those 
used by Juza and Hahn to a = 13.88 + 0.03A, c/a = 
0.654 and using parameters for Si,N. of a = 13.44 + 
0.03A, c/a = 0.637, makes it possible to index both 
patterns in the hexagonal system. One line in the 
observed Ge,N, pattern (d = 3.533A), however, 
cannot be indexed using these parameters. 

The diffraction patterns for both nitrides can be 
fitted more closely to an orthorhombic structure, 
with the parameters given in Table IV. Only the 
first 22 lines of Si,N, and the first 24 lines of Ge,N, 
are indexed, since with decreasing interplanar spac- 
ings the number of possible planes becomes so large 
that the unique assignment of indices is not prac- 
ticable. Below the last index (Table II) the d spac- 
ings of the Si,N, and Ge,N, patterns are simply listed 
in order. 

On the basis of 12 molecules per unit cell, the 
density of Si,N, was calculated from the X-ray data 
to be 3.15, as compared with a value of 3.44 meas- 
ured by Weiss and Engelhardt’ in 1910. The density 
of Ge,N, was calculated from the X-ray data to be 
5.31, whereas that measured by Juza and Hahn was 


Summary and Conclusions 

X-ray and electron diffraction patterns of nitride 
particles present in nitrided silicon steels have been 
determined. The method of preparation and other 
data offer presumptive, though not conclusive, evi- 
dence that this nitride is Si,;N,. Moreover, a com- 
parison of the X-ray diffraction pattern with that 
obtained from Ge,N, has led to the conclusion that 
these two nitrides are isomorphous, the most prob- 
able structure being orthorhombic, with the parame- 
ters as given in Table IV. In the absence of diffrac- 
tion patterns from single crystals of either Si,N, or 
Ge.N,, however, it is not possible to determine their 
structure unequivocally. 
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SisN, 13.38 + 0.03A 8.60 + 0.02A 7.74+ 0.02A 
GezN4 13.84 + 0.03A 9.06 + 0.02A 8.18 + 0.02A 


Of Magnesium Alloys 


BUsk 


Effect of Temperature on the Lattice Parameters 


PREVIOUS paper’ has summarized the effect of 

all metallic elements on the lattice parameters 
of magnesium. The present paper deals with the 
effect of temperature on the lattice parameters and 
the way in which that effect is modified by alloyed 
elements. 

The experimental techniques for sample prepara- 
tion, exposure to the X-ray beam, measurement of 
line diameters, and calculation of the parameters 
were the same as reported in the previous paper. 
The temperature of the specimen was raised by sur- 
rounding the mounted compact with a conical Glas- 
Col,* the base of which was sealed with Saran film. 
In this way the temperature of the specimen could 
be raised to 200°C, which was the maximum de- 
sired in the present study. Control of temperature 
was effected by maintaining a constant, desired 
voltage to the resistance coils of the Glas-Col 
through a Variac. Temperature was measured by 
an iron constantan thermocouple embedded in the 
body of the specimen so that the thermocouple bead 
was within 1/16 in. of the surface exposed to the 
X-ray beam. Variation of temperature during an 
exposure was less than + 44°F. 

A series of eight alloys, consisting of pure Mg, 
Mg+Ag, Mg+Al, and Mg+Sn were studied. All 
percentage values are in atomic percent. The re- 
sults are given in Table I. The density values given 
in Table I were calculated from the lattice parame- 
ters, using an equation due to Foote and Jette:* 
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alloys. The density for each alloy is corrected to that for 


pure magnesium. 
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Fig. 2—Effect of electron concentration on the temperature at 
which the c/a ratio for the magnesium-base alloys begins 


to increase. 
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Fig. 3—Effect of temperature on the c/a ratio of 


Mg -+ 0.18 pct Ag. 


where, P is the density in g per cc; K, 1.65023; n, 
the number of atoms per cell, is 2; M is the molecular 
weight; and V’, volume of lattice in (kX)* units. 


Discussion of Results 

As is to be expected, the main effect of tempera- 
ture is an increase in the size of the unit cell. This 
is most clearly shown by the density which de- 
creases linearly with increasing temperature. The 
coefficient of expansion in the temperature range 
investigated is not affected by alloy addition, as 
shown in Fig. 1. In Fig. 1, the density curve for 
each alloy has been displaced vertically to coincide 
with that for pure magnesium in order to emphasize 
the constant coefficient of expansion with alloy 
content. 

The variation of the c/a ratio with temperature is 
of particular interest. As was pointed out in the 
previous paper,’ the c/a ratio is dependent upon the 
electron concentration of the alloy. As the electron 
concentration is raised above the value of 2.000 for 
pure magnesium, there is at first no effect on the c/a 
ratio. Then, after a threshold value of electron con- 
centration is reached, further increase results in an 
increase in the c/a ratio. By assuming that electron 
concentration is the sole cause of a change in the 
c/a ratio, it was possible to calculate “relative ef- 
fective valencies” for each element when alloyed 
with magnesium. 

Raynor’ and Hume-Rothery and Raynor* have 
advanced an explanation of the dependence of the 
c/a ratio on electron concentration based upon the 
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Fig. 4—Effect of temperature on the c/a ratio of 
Mg + 0.10 pct Sn. 
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energy levels occupied by the conduction electrons. 
Briefly, as electrons are added to the magnesium 
lattice, additional energy levels are occupied. This 
leads to an early occupation of levels in the second 
Brillouin Zone, the overlap occurring in the c direc- 
tion. The overlap results in a stress that is relieved 
by an additional expansion in the c direction and 
hence an increase in the c/a ratio. 

When the temperature of a metal is above absolute 
zero, some of the conduction electrons are thermally 
excited into higher energy levels than they would 
occupy at absolute zero. The higher the tempera- 
ture, the more electrons there are in higher levels, 
and the higher the highest level occupied. On the 


Table |. Effect of Temperature on the Lattice Parameters of 
; Magnesium and Magnesium Alloys 


Temperature 


Density, 


Composition* °C oK g per ce 


Qo (KX) Co (KX) c/a 


Pure Mg 107 283 3.2017 5.1986 1.6237 1.739 
Elec. conc. = 2.000 25 298 3.2023 5.1994 1.62364 1.738 
307 303 3.2035 5.2015 1.6237 1.736 

46 319 3.2041 5.2023 1.62364 1.735 

98 371 3.2087 5.2086 1.62343 1.728 

160; 433 3.2147 5.2203 1.6239 1.718 

180 453 3.2149 5.2205 1.62384 1.718 

200 473 3.2162 5.2222 1.62372 1.716 

310.57 583.5- 3.2278 5.2423 1.6241 1.697 

4557 728 3.2420 5.2663 1.6244 1.674 

506.8; 779.8 3.2485 5.2772 1.6245 1.664 

597+ 870 3.2599 5.2960 1.6246 1.647 

Mg+0.18 pct Ag 25 298 3.1979 5.1920 1.62358 1.756 
Elec. conc. = 1.998 65 338 3.2042 5.2021 1.62354 1.746 
85 358 3.2058 5.2047 1.62350 1.743 

125 398 3.2094 5.2105 1.62350 1.738 

165 438 3.2123 5.2155 1.62357 1.733 

185 458 3.2139 5.2189 1.62385 1.730 

200 473 3.2147 5.2221 1.62400 1.728 

Mg+0.46 pct Ag 25 298 3.1996 5.1951 1.62354 1.770 
Elec. conc. = 1.994 66 339 3.2021 5.1993 1.62375 1.766 
105 378 3.2063 5.2046 1.62325 1.760 

125 398 3.2056 5.2066 1.62376 1.759 

145 418 3.2086 5.2094 1.62357 1.755 

165 438 3.2106 5.2127 1.62357 1.752 

185 458 3.2116 5.2137 1.62341 1.751 

Mg + 0.29 pct Al 25 298 3.2018 5.1985 1.62364 1.740 
Elec. cone. = 2.001 31.5 304.5 3.2024 5.1984 1.62331 1.739 
38.5 311.5 3.2021 5.1979 1.62329 1.740 

46 319 3.2026 5.1984 1.62318 1.739 

68 341 3.2043 5.2019 1.62339 1.736 

82.5 355.5 3.2054 5.2036 1.62338 1.734 

91 364 3.2061 5.2054 1.62361 1.733 

98 371 3.2055 5.2058 1.62402 - 1.733 

99 372 3.2062 5.2068 1.62400 1.732 

121 394 3.2068 5.2085 1.62421 1.731 

Mg + 0.80 pct Al 25 298 3.1971 5.1914 1.62379 1.748 
Elec. conc. = 2.004 32 305 3.2001 5.1962 1.62378 1.743 
59.5 333 3.2016 5.1992 1.62393 1.741 

82 355 3.2037 5.2028 1.62403 1.737 

98 371 3.2042 5.2040 1.62412 1.736 

114 387 3.2038 5.2037 1.62423 1.737 

Mg+1.87 pet Al 25 298 3.1953 5.1896 1.62406 1.753 
Elec. conc. = 2.009 50 323 3.1970 5.1924 1.62413 1.750 
75 348 3.1997 5.1968 1.62417 1.746 

150 423 3.2066 5.2084 1.62429 1.734 

175 448 3.2076 5.2107 1.62450 1.732 

200 473 3.2096 5.2140 1.62452 1.729 

Mg+0.10 pct Sn 25 298 3.2028 5.1995 1.62364 1.744 
Elec. conc. = 2.0015 50 323 3.2053 5.2043 1.62365 1.740 
113 386 3.2111 5.2140 1.62374 1.731 

150 423 3.2133 5.2179 1.62384 1.727 

175 448 3.2156 5.2220 1.62396 1.723 

200 473 3.2182 5.2263 1.62401 1.719 

Mg + 0.55 pet Sn 25 298 3.2025 5.2010 1.62404 1.775 
Elec. conc. = 2.008 38 311 3.2036 5.2033 1.62423 1.773 
50 323 3.2044 5.2042 1.62407 1.771 

63 336 3.2047 5.2062 1.62453 1.770 

75 348 3.2054 5.2066 1.62429 1.770 

88 361 3.2067 5.2084 1.62425 1.767 

113 386 3.2080 5.2122 1.62473 1.765 

125 398 3.2096 5.2151 1.62485 1.762 

138 411 3.2105 5.2150 1.62435 1.761 

163 436 3.2134 5.2190 1.62414 1.757 

175 448 3.2132 5.2195 1.62442 1.757 


* All percentages are atomic. 
+ Ref. 2. 
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basis of the theory proposed by Raynor and Hume- 
Rothery, it is therefore to be expected that there is 
a threshold temperature for magnesium beyond 
which a further increase in temperature will result 
in an increase in the c/a ratio. The threshold tem- 
perature would be dependent upon the electron 
concentration of the alloy being heated. That this 
expectation is fulfilled is clearly shown by the data 
in Table I. For better visualization of the sharpness 
of the threshold temperature, Figs. 3, 4, and 5 re- 
produce the data for three of the alloys studied. For 
the Mg+0.18 pect Ag and Mg+0.10 pct Sn, the 
threshold temperature is higher than room tempera- 
ture and consequently the initial invariance of c/a 
with temperature can be seen. When 1.87 pct Al is 
added to magnesium, the threshold value has been 
more than reached by alloying. The experimental 
curve was therefore linearly extrapolated to a c/a 
value of 1.62364 and the threshold temperature 
calculated to be 131°K. 

Fig. 2 shows the dependence of the threshold 
temperature on the electron concentration of the 
metal where the electron concentration is calculated 
by means of the relative effective valencies.’ The 
value in the Mg-Al series at 298°K is also obtained 
from the previous paper. These values of threshold 
temperature below 298°K were determined by extra- 
polation as illustrated in Fig. 5. 

The point for Mg+0.46 pct Ag requires some ex- 
planation. This alloy has an electron concentration 
of 1.994, and from the relationship established by the 
other alloys would be expected to have a threshold 
temperature of about 520°K. Since, with the experi- 
mental setup used, the maximum temperature ob- 
tainable was 473°K, it would be expected that no 
change in c/a with temperature would be observed. 
This is the case, as shown by the data in the table. 
The arrow attached to the point for this alloy in 
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Fig. 5—Effect of. temperature on the c/a ratio of 
Mg -+ 1.87 pct Al. 


Fig. 2 therefore means that the threshold tempera- 
ture is higher than 473°K. 

From Fig. 2 it is seen that the threshold value of 
electron concentration is about 2.012 at absolute 
zero. Once the threshold value is reached, either by 
temperature or by electron concentration, a further 
rise of 125°K is equivalent in effect to a further 
increase of 0.01 electrons per atom. 
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Technical Note 


Observations on the Occurrence of Ti,X Phases 


by W. Rostoker 


AVES and Wallbaum’ and more recently Duwez 
and Taylor’ have reported on the occurrence ofa 


family of intermediate phases having the composi- 
tion Ti.X, where X may be Cu, Ni, Co, Fe, or Mn. 
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The structure of these phases is face-centered cubic, 
and the unit cell is very large, containing 96 to 112 
atoms. Some dispute exists as to whether all of 
these phases really exist at the reported composi- 
tions. Karlsson*® denies the existence of the phase 
Ti.Cu. Recent work on the Ti-Fe system*® using 
iodide titanium failed to confirm the existence of 
Ti.Fe. 


These points of difference seemed to warrant a. 


re-examination of this whole family. Karlsson* re- 
ports that the accidental contamination with oxygen 
of a titanium alloy containing 50 pct (atomic) Cu 
yielded a new structure which was face-centered 
cubic and isomorphous with Fe,W,C. The close sim- 
ilarity of the structure of this carbide and of the 
oxide phase in the Ti-Cu-O system with that of the 
Ti.X phases suggests that inadvertent oxygen con- 
tamination is the source of apparent disagreements. 

A preliminary test of this idea was performed by 
preparing three alloys having the composition Ti.Fe, 
Ti,Fe,O, and Ti,Fe,O. Iodide titanium and a very 
pure grade of TiO, were used as melting stock. An 
argon arc melting furnace described elsewhere’ was 
used. Powder patterns were taken of the homogen- 
ized alloys in a 14 cm Debye-Scherrer camera using 
filtered CuK, radiation. 

The Ti.Fe alloy gave predominantly the structure 
of the TiFe phase’ and extra lines belonging either 
to a or to £ titanium, depending on the heat treat- 
ment. Both the Ti,Fe,;O and the Ti,Fe.O alloys 
yielded single-phase patterns which were almost 
identical to that reported by Duwez and Taylor’ 
for the Ti.Fe phase. A comparison of the diffraction 
lines is shown in Table I. It appears, therefore, that 
a ternary phase exists in the Ti-Fe-O system which 
permits a broad replacement of iron atoms by 
titanium atoms. 

A more comprehensive survey was made next. 
The following alloys were prepared: Ti,Cu, Ti,Cu,O, 
A summary of structures and lattice parameters of 
the phases found is given in Table II. 


Table 1. Comparison of Interplanar Spacings for Ti,Fe,O and Ti,Fe 
Reported Elsewhere” 


hkl TisFe2.O Ti.Fe* hkl TisFe2:O TioFe* 
332 2.386 842 1.230 1.234 
422 2.293 2.31 933,771,755 1.132 1.136 

500,430 2.250 862 1.106 1.109 
431 2.203 666 1.084 1.087 
333,511 2.163 2.17 775 1.016 1.019 
440 1.986 2.00 955,971 0.9997 0.9886 
442,600 1.872 1.88 882 0.9838 0.9847 
622 1.745 1.72 866 0.9682 0.9697 
444 1.619 1.63 10,62 0.9523 0.9563 
1.572 1.59 12,00-884 0.9397 0.9423 
553,731 1.478 1.472 11,51-777 0.9300 0.9330 
650,643 1.463 1.41 10,64-12,22 0.9146 0.9172 
733 1.375 1.382 10,82 0.8711 0.8726 
821,742 1,353 13,1 1-11,55 0.8633 0.8648 
660,822 1.328 1.334 11,73-13,31 0.8440 0.8456 
555,751 1.301 1.305 13,33-955 0.8294 0.8277 
840 1.259 14,20-10,86 0.7984 0.7997 
911,753 1.238 1.242 


* From ref. 2. 
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Table Il. Crystal Structure Data for Ti,X and Ti,X,0 Compositions 


Compo- 


sition Structure and Lattice Parameters 
FesWsC type a= 11.24A 
TisCu2z0 FegWsC type a= 11.47A 
TioNi FesWsC type a=11.29A 
TisNizO Fes3WsC type a= 11.30A 
TizCo Predominantly cubic, MgCuz type a= 6.73A 
cf. Wallbaum and Witte? a= 6.691A 
TisCovO FesWsC type a = 11.295A 
TisFe Predominantly b.c.c., TiX type a= 2.975A 
2 cf. Duwez and Taylor? a= 2.969A 
f.c.c. FegW3C type 
TisFesO0 f.c.c, Fe3WsC type a = A 
TieMn Predominantly § titanium solid solution 
TisMn2O f.c.c. FesWsC type 


The Ti,Cu and Ti,Cu,O compositions gave almost 
identical patterns. This is in disagreement with 
Karlsson,*® but as regards the Ti.Cu structure, is in 
agreement with others." * The Ti,Ni and Ti,Ni,O com- 
positions yielded similar results. It appears, there- 
fore, that under certain conditions the Fe,W.C type 
structure can tolerate a complete evacuation of 
oxygen atoms. The Ti,Co.O composition yielded an- 
other member of this family, but the Ti.Co composi- 
tion showed neither this structure nor that reported’ 
for the TiCo phase. The predominant structure for 
the composition was found to agree with that re- 
ported by Wallbaum and Witte® for the alloy con- 
taining 35 atomic pct Ti. The Ti,Mn.O composition 
has a structure isomorphous with Fe,W,C but the 
Ti,Mn composition gave a pattern of 8 titanium only. 

At the time of writing, a further note by Karlsson 
appeared,’ which briefly describes studies of the 
oxide ternary phases chronologically prior to the 
work reported here. In general, the results presented 
agree closely, although Karlsson was apparently un- 
concerned with the Ti,.X problem. This note states 
that no Ti,Cr.O or Ti,V.O phases exist. 

In summary, the family of structures isomorphous 
with Fe,W;,C may be recognized as having the pro-‘ 
visional composition Ti,X,.O to Ti,X,O. The occur- 
rence depends on the metal X. When X is Cu or Ni 
this structure occurs with or without oxygen. When 
X is Co, Fe, or Mn, the structure occurs with oxygen, 
but not without. Apparently from Karlsson’s work 
and from other work on the pure binary systems, 


this structure does not occur under any conditions 
when X is Cr or V. 
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Crystal Structure of Ti,Sn 


by Paul Pietrokowsky 


HE formation of intermediate phases in the solid 

state reaction of titanium with silicon, ger- 
manium, and tin (of subgroup 4B in the periodic 
table) was the subject of a recent paper.’ Further 
investigation of the system Ti-Sn revealed the pres- 
ence of a new compound on the titanium-rich side 
of this phase diagram. Metallographic evidence in- 
dicated that this new phase was situated very close 
to 75 atomic pct Ti. The present work is concerned 
with the crystal structure of the intermediate phase 
Ti,Sn. 

Iodide-process titanium metal, furnished by the 
New Jersey Zinc Co., was used in this investigation. 
The metallic tin was received in powder form from 
Charles Hardy Inc., New York; its purity was 99.80 
pet. The titanium rod was machined into small cups 
1 cm in diam and about 1.5 cm in height. The tin 
powder was compacted, melted, and then placed 
in the titanium cups and alloyed by electric arc 
melting in a helium atmosphere. The alloys, weigh- 
ing approximately 8 g, were sealed in evacuated 
quartz tubes and homogenized at 1030°C for 5 days. 
This isothermal heat treatment was terminated by 
a water quench from the soaking temperature. Fil- 
ings of the alloyed pellets were sealed in evacuated 
quartz bulbs and quenched from 1030°C into liquid 
argon. 

A 14.32 em Debye Scherrer X-ray camera was 
used for the powder diffraction study. The copper 
radiation was filtered. X-ray diffraction data for the 
compound Ti,Sn are given in Table I. The data were 
indexed on the basis of a hexagonal lattice. Good 
agreement between observed and calculated values 
of the square of the reciprocal interplanar spacings 
was obtained with the following expression: 


(1/d)*? = 0.03810 (h? + hk + k’) + 0.04410 (1?) 


Unit cell parameters were calculated by the method 
of least squares from the reflections (20.3), (22.2), 
(40.1), and (42.1); a, = 5.916 + 0.004A, c, = 4.764 
+ 0.004A, and c,/a, = 0.805. 

The relatively small size of the unit cell allowed 
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Table |. X-Ray Powder Diffraction Data for Ti,Sn. 
Filtered Copper Radiation 


(1/d)? (1/d)? Relative Intensity 
Observed Calculated Observed Calculated 

hk.l A 
10.0 0.0384 0.0381 w 99 
10.1 0.0823 0.0823 m 244 
11.0 0.1144 0.1143 w 108 
20.0 0.1532 0.1524 S 257 
00.2 0.1758 0.1763 S 254 
20.1 0.1967 0.1965 vs 1000 
10.2 0.2154 0.2144 vw 23 
21.0 0.2674 0.2667 vw 16 
11.2 0.2910 0.2906 Ww 54 
21.1 0.3109 0.3109 wm 73 
20.2 0.3215 0.3287 m 139 
22.0 0.4578 0.4572 m 152 
20.3 0.5489 0.5491 s 244 
40.0 0.6107 0.6096 w 25 
22.2 0.6334 0.6335 s 179 
40.1 0.6541 0.6537 m 127 
00.4 0.7046 0.7052 w 25 
40.2 0.7842 0.7858 w 33 
20.4 0.8539 0.8576 w 31 
0.9719 5 
41.2 0.9745 { 0.9764 } vw 19 
50.1 0.9966 7 
40.3 1.0018 { 1.0063 \ m 79 
42.0 1.0682 1.0667 w 25 
42.1 1.1099 1.1107 s 154 
23.4 1.1595 1.1623 md 102 
i 1.2430 54 
20.5 1.2487 { 1.2543 } sd 81 
21.5 1.3686 17 
60.0 1.3708 { 1.3645 } md 61 


vs = very strong, s = strong,m = medium, wm = weak medium, 
Ww = weak, vw = very weak, d = diffuse line. 


the unambiguous indexing of most of the reflections 
from planes of large spacing. An ‘inspection of the 
assigned indices (Table I) reveals the absence of 
(hk.l) reflections when 1 # 2n. A systematic ab- 
sence of this type leads to the space group C 6/mmece 
or one of its subgroups. Assuming, for a first ap- 
proximation, a linear increase in the density of 
titanium with the addition of tin, it follows that 
there are two stoichiometric molecules of Ti,;Sn per 
unit cell. The density calculated from X-ray meas- 
urements is 5.194 g cm”. At this point it became 
clear that Ti,Sn might be isomorphous with Mg,Cd. 
The 6 Ti and 2 Sn atoms were placed in the follow- 
ing positions of space group D*,, C 6/mme: 


6 Tiin (h): VU: xx V4: x 
xx %4; with xe = 5/6 


2 Snin (c): 1/3 2/3 %; 2/3 1/3 
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Intensity calculations were made using the formula: 


1 + cos” 


sin cos 


Calculated relative intensities are listed in Table I. 
This table presents observed reflections; extinctions 
required by the space group symmetry have been 
omitted together with 35 calculated very, very weak 
reflections. Broadening of the X-ray pattern, 
coupled with high background is responsible for the 
difficulty in observing the very weak reflections. 
The diffraction lines at large Bragg angles were 
quite diffuse. 

Ti,Sn is isomorphous with Mg,Cd, DO, type; this 
crystal structure was determined by Dehlinger.’ 
The structure consists of layers of atoms in the se- 
quence ABABAB, each layer having a ratio of 3 Ti 
to 1 Sn atom. This crystallographic arrangement 
can be considered as a super unit cell of the A3 type, 
magnesium structure. The DO,, structure is composed 
of four A3 type unit cells, so arranged that the new 
unit cell has twice the original axial length a,, thus 
halving the original c,/a,. In addition, it is neces- 
sary for the titanium and tin atoms to assume defi- 
nite crystallographic positions. 

The nearest neighbors to a tin atom in (c) are: 
6 Ti atoms at 2.94A, 6 Ti atoms at 2.96A, and 6 Sn 
atoms at 4.16A. The environment of a titanium atom 
located in (h) is 2 Sn atoms at 2.94A, another pair 
of Sn atoms at 2.96A, and two pairs of Ti atoms at 
2.94 and 2.96A, respectively. 

Compounds known to be isomorphous with Ti,Sn 
are Mg;Cd,* MgCd;,” Ni,Sn,* Co,Mo,* Co,W,°* Hg,Li,’ 
Mn;,Sn,,* Ti,Pb,’ Ti,Sb,” Ni,In,* and Fe,Sn.™ 
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Technical Note 


Observations on the Lattice Parameters of the Alpha Solid 


Solution in the Titanium-Aluminum System 


by W. Rostoker 


ART of a program of research on the Ti-Al system’ 
involved a study of the lattice parameters of the 
titanium-rich a@ solid solution, which has a hexa- 
gonal close-packed structure. For this work, a 14 cm 
Debye-Scherrer powder camera and filtered CuK, 
radiation was used. For each pattern, the parameters 
were calculated by a least squares solution of the 
five strongest high angle lines. This provides an 
accuracy of +0.005A or better. 
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The results are shown graphically in Fig. 1. It will 
be seen that an unusual change of slope occurs in 
the curve for the C parameter at high aluminum 
contents. Such anomalous changes in slope have been 
recorded by Raynor®’ for several magnesium-rich 
solid solutions. The effects were interpreted in terms 
of a special contribution to the lattice distortion due 
to factors of electronic origin predicted by Jones.’ 
Jones’ theory, in substance, suggested that an un- 
usually large expansion of the lattice would begin 
when the electron per atom concentration in the 
alloy was increased to a value at which an overlap 
just began from one Brillouin zone to another. Con- 
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Fig. 1—Effect of aluminum on the lattice parameters of Ti-Al alloys. 


zone is formed by the {1012} and {1120} planes. The 
inscribed sphere of maximum radius touches the 


{1012} faces and corresponds with 3.59 electrons per 
atom. Thus, pure titanium exhibits a pronounced 


overlap on the {1012} faces. The addition of trivalent 
aluminum serves to reduce the electron to atom 
ratio. At the point of disappearance of this overlap, 


the interplanar spacing of the {1012} planes may be 
expected to exhibit a discontinuous change in trend. 
For the case of decreasing aluminum content (direc- 
tion of increasing overlap) the change should be in 
the nature of a superimposed expansion. 

Fig. 2 shows that the plot of calculated spacings 


of {1012} planes as a function of aluminum content 
is in qualitative agreement with expected behavior. 
Certain discrepancies appear, however. The dis- 
appearance of the overlap may be expected to occur 
at 41 atomic pct Al, whereas the experimental data 
indicate a change in slope at about 35.8 atomic pct 
Al. This derives from the calculation that the over- 
lap corresponds to 3.59 electrons per atom, which in 
turn is based on lattice constants for titanium which 
have since been revised. Using Clark’s® more accu- 
rate data, however, introduces changes only in the 
fourth significant figure for the electronic concen- 
tration. It appears, therefore, that an increase of 
about 0.5 electrons per atom is necessary to actually 
force the overlap to occur. This is not unreasonable, 


since the diffracted intensities from the {1012} planes 
are among the strongest in the Debye patterns. 


T T T T T T T 


1.700 


1.690 


SPACINGS OF {10T2} PLANES (A) 


Fig. 2—Effect of aluminum 
1 on the interplanar spacing 


4 of the {1012} planes. 
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versely, a lattice contraction would occur if the elec- 
tronic concentration was decreased by alloying to a 
point such that an existing overlap was caused to 
disappear. The expansion or contraction would actu- 
ally be imposed on the spacings of the planes which 
demarcate the Brillouin zone in the direction of the 
overlap. This effect would be reflected in the c and a 
values for the structure cell. 

Examination of the data herein presented indi- 
cates that the titanium-rich a phase is an example 
of this phenomenon, although as yet no other evi- 
dence exists which suggests that electronic effects 
are of significance in the alloying behavior of tita- 
nium. 

An analysis of first and second Brillouin zones for 
hexagonal close-packed structure having the lattice 
parameters of titanium has been published by Berry, 
Waldron, and Raynor.’ If titanium, from its chemical 
behavior, may be assumed to be tetravalent, the sec- 
ond Brillouin zone is of particular interest. This 
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Further, the Fermi “sphere” which makes contact 


with the {1012} faces has already overlapped the 
faces of the inner zone and may therefore not be 
spherically symmetrical any longer. Such distortion 
of the outer electronic energy surface may itself 
account for the difference between calculated and 
observed electron concentrations. 

The data presented seem to indicate that electronic 
factors are significant in the stability of the a phase. 
It may be noted further that maximum solubility 
occurs very shortly after the overlap has disappeared. 
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Mechanism of the Reduction 


Of Oxides and Sulphides to Metals 


by Carl Wagner 


T elevated temperatures, most metals react with 
oxygen, sulphur, or halogen rather rapidly, al- 
though a coherent layer of the reaction product is 
formed and separates the two reactants from each 
other. The reaction proceeds, since one of the re- 
actants or both dissolve and diffuse across the re- 
action product. In many cases the rate is diffusion- 
controlled as is indicated by the validity of the para- 
bolic rate law of Tammann’ and Pilling and Bed- 
worth.’ Mott and Gurney’® have suggested that diffu- 
sion processes also play an important part in the 
case of reduction reactions. This is confirmed by ob- 
servations reported below. In general, however, the 
rate of reduction reactions is determined not exclu- 
sively by diffusion processes. 


Reduction of Silver Sulphide 

Above 179°C silver reacts with liquid sulphur 
very rapidly. Since the volume of silver sulphide is 
much greater than that of the equivalent amount of 
silver, a coherent layer of silver sulphide is formed 
in accordance with a rule established by Pilling and 
Bedworth.’ According to Wagner*® silver ions and 
electrons migrate from the Ag-Ag;,S interface across 
the silver sulphide layer to the Ag.S-S interface 
where the following chemical reaction takes place: 


2Ag*+2e+S=AgS 


If silver sulphide is reduced by means of hydrogen, 
the equivalent volume of the reaction product, silver, 
is less than that of the initial substance. Accordingly, 
no coherent layer of silver is formed. Instead, fine 
filaments of silver grow from the silver sulphide 
surface into the ambient gas. This phenomenon has 
been investigated by many authors, especially by 
Kohlschitter,° who has also reviewed previous lit- 
erature. Kohlschiitter has interpreted the observed 
phenomena by migration of “silver” dissolved in 
silver sulphide. According to Wagner," silver ions 
and electrons are the migrating particles. The se- 
quence of consecutive steps involved in the reduc- 
tion of silver sulphide is shown in Fig. 1. Every- 
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where at the silver sulphide surface, hydrogen reacts 
with sulphur so that excess silver ions and electrons 
are formed, which migrate at random until they are 
captured by a nucleus of metallic silver. If such a 
nucleus lies on the surface and material is furnished 
only from the base, the original nucleus is pushed 
outward and thus a filament grows. 

Removal of sulphur and formation of metallic 
silver may also take place at different points when 
silver sulphide is reduced by copper. The reaction is 
usually formulated as: 


Ag.S + 2 Cu = Cu.S + 2 Ag 


but the actual reaction products are silver and a 
solid solution of the two sulphides. Primarily, excess 
silver and electrons dissolved in silver sulphide are 
formed. After a certain degree of supersaturation 
has been reached, nuclei of metallic silver may form. 
If, however, a silver foil is in contact with the silver- 
sulphide phase, as is shown in Fig. 2, silver ions and 
electrons will migrate to the Ag.S-Ag interface 
where they are captured. To confirm this scheme, a 
composite sample, with the geometry shown in Fig. 
2, was made by pressing silver sulphide tablets 0.6 
cm in diam and 0.4 cm high together with a copper 
cylinder and a silver foil in crucibles of iron, which 
does not react appreciably with silver sulphide at 
400°C. After heating for 3 to 7 hr at 400°C, the 
specimens were cut normal to the phase boundaries. 
It was found that the thickness of the silver foil had 
increased from 0.01 cm as initial value to a max- 
imum value of 0.06 cm. In the interior of the silver 
sulphide tablets only traces of metallic silver were 
observed. 

These observations show clearly that silver ions 
and electrons may migrate over distances of several 
millimeters before they form metallic silver. 


Reduction of Cuprous Sulphide by Iron 

The behavior of cuprous sulphide is very similar 
to that of silver sulphide, since the lattices of the 
high temperature modifications are identical, but in 
Cu.S there is a variable deficit rather than an excess 
of metal. To investigate the displacement of copper 
by iron, cuprous sulphide powder covered by a cop- 
per foil was pressed in iron crucibles and heated up 
to 800°C for 3 to 7 hr. The thickness of the copper 
foil increased from an initial value of 0.005 cm to a 
maximum value of 0.029 em. In the interior of the 
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cuprous-sulphide pellets (about 0.3 em high), only 
traces of metallic copper were found. These obser- 
vations may be interpreted in the same manner as 
in the case of the reduction of silver sulphide by 
copper. 


Reaction Between Cuprous Sulphide and Cuprous Oxide 
There has also been an investigation of the re- 
action: 


It might be expected that copper would be formed at 
the interface between cuprous sulphide and cuprous 
oxide. In this case, the reaction would come prac- 
tically to a standstill because of the separation of the 
reactants, which havea very low solubility in metallic 
copper. Instead, copper dissolved in cuprous sulphide 
may be formed as the primary product and may 
migrate to points remote from the Cu.S-Cu.O inter- 
face where conditions for nucleation are favorable, 
see Fig. 3. Copper ions and electrons can also migrate 
in cuprous oxide,” * but this variant is less likely 
because the diffusion rates in cuprous oxide are far 
less than those observed in cuprous sulphide.?™ 

To confirm the scheme in Fig. 3, cuprous sulphide 
was pressed around a copper cylinder. The diameter 
of the copper cylinder was 0.192 cm, and that of the 
cuprous sulphide pellet 0.62 cm. The composite sys- 
tem was put in a quartz tube and loosely surrounded 
by finely powdered cuprous oxide, see Fig. 4. After 
heating in a gentle stream of carbon dioxide for 2 hr 
at 750°C, the composite cylinder was cut normal to 
its axis. It was found that the diameter of the inner 
copper cylinder had increased from 0.192 to 0.241 
+0.010 cm. Thus, migration of copper as assumed in 
Fig. 3 has been confirmed. In addition, some copper 
was found near the Cu.S-Cu.O interface. This is not 
contradictory to the foregoing considerations, since 
fermation of new nuclei, especially at points involv- 
ing high supersaturation with respect to copper, can- 
not be ruled out. 


Reduction of Wustite 

Richardson and Dancy” and Gellner and Richard- 
son™ built up a film of wiistite on iron in a controlled 
H,O-H, atmosphere at 900°C. Upon decreasing the 
water vapor pressure and thus reducing gradually 
the wiustite film at 900°C, it was found that the thick- 
ness of the inner iron core had increased, rather than 
that metallic iron was formed at the outer surface. 
When oxygen is removed by hydrogen from the 
outer surface, iron ions and electrons migrate back- 
ward to the iron-wistite interface.” If, however, 
the wiustite film is reduced at 700°C, spongy iron is 
formed at the outer surface of the oxide.” 


Discussion 

From the foregoing observations the following con- 
clusions may be drawn with regard to the reduction 
of oxides in metallurgical processes without the pres- 
ence of metallic nuclei. 

In cuprous oxide, wiistite, cobalt oxide, and nickel 
oxide, the metal/oxygen ratio is always somewhat 
less than the ideal stoichiometric ratio because of the 
presence of cation vacancies and cations in a higher 
valence state, Cu”, Fe’, Co”, Ni* (= electron 
holes). "*” Thus in the first stage of a reduction 
process, an increase of the metal/oxygen ratio takes 
place by filling cation vacanies and decreasing the 
number of cations in higher valence states. Accord- 
ing to Diinwald and Wagner” ” and Anderson™ the 
change in the metal/oxygen ratio may be followed 
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Fig. 1 (right) — Reduction of 
silver sulphide by hydrogen: 
Ag.S + H, = 2Ag H.S. 


Fig. 2 (below) — Reduction of . 


silver sulphide by copper: NG 
Ho 


Ag.S + 2Cu = 2Ag + Cu,S. 


Ag 
2Ag*+2e =2Ag 
Ag2S 2Ag*+2e 
—1- 2Cu + Ag,S=Cu,S+2Ag 


by measuring the electrical conductivity. In contrast, 
zinc oxide and cadmium oxide contain excess metal 
even in oxygen of atmospheric pressure, possibly in 
the form of cations on interstitial sites and quasi- 
free electrons.” ” In these oxides, the first stage of a 
reduction process leads to an increase of the concen- 
tration of cations and electrons. 

After a certain induction period the oxide phase 
will become supersaturated with respect to metal. 
Since the reducing agent acts on the surface of the 
oxide, supersaturation at the surface will be higher 
than in the bulk of the oxide, and accordingly spot- 
wise formation of metallic nuclei will occur pre- 
ponderately at the surface after a sufficient super- 
saturation has been reached. In the vicinity of metal- 
lic nuclei, supersaturation will sharply decrease, and 
diffusion of cations and electrons towards the metal- 
oxide interface will take place. Eventually, anions 
may also migrate. Supersaturation along the whole 
surface will be relatively small after a sufficient 
number of nuclei has been formed. Subsequently no 
further nuclei will appear unless special conditions 
lead to a breakdown of the growth of the primary 
nuclei. Disregarding the latter possibility and migra- 
tion of anions, there is quasi-steady state with the 
following consecutive reactions: 1—Phase-boundary 
reaction at the surface of the oxide with the reducing 
agent by which either excess cations and electrons 
are formed, or cation vacancies and electron holes 
are filled up. 2—Diffusion of cations and electrons 
toward the base of metallic nuclei in contact with 
oxide. 3—Phase-boundary reaction at the interface 
between oxide and metal, i.e., transfer of cations and 
electrons into the metallic phase. 

The overall reaction rate is determined by the 
area of the initial surface of the ore, the local com- 
position of the gas phase, the rate constants of the 


SO, 

Fig. 3 — Scheme for 4 

the reaction Cu,S + 
2Cu,O = 6Cu + 


Cu 


Fig. 4— Composite sample for 

the investigation of the reac- 

tion Cu,S + 2Cu,0 = 6Cu + 
SO.. 
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aforementioned elementary reactions, diffusion co- 
efficients, the average distance over which cations 
and electrons have to migrate before they are cap- 
tured by a metallic nucleus, and the area of the 
interface between oxide and metal. Diffusion path 
and area of the interface between oxide and metal 
in turn depend on the interplay of the aforemen- 
tioned elementary reactions and nucleation. Hence 
it is recognized that a complete interpretation of the 
overall reaction rate requires a detailed knowledge 
of all elementary reactions and nucleation as well. 

In many cases, the gas composition varies consid- 
erably both along and normal to the flow direction. 
Then the transport and diffusion processes in the gas 
phase must also be taken into account. 

Frequently, only one or two of the aforementioned 
consecutive reactions will be controlling factors after 
steady-state conditions have been reached. But even 
then the degree of dispersion of the metallic phase 
and other important geometrical factors will depend 
on the interplay of the various reactions enumerated 
above. For any further theoretical analysis, more 
basic information about phase boundary reactions is 
needed. 

In the case of the reaction between carbon mon- 
oxide and wustite, the rate necessarily depends not 
only on the partial pressures of carbon monoxide 
and.carbon dioxide, but also on the Fe/O ratio of 
the solid phase. As shown especially by Darken and 
Gurry,” there is a well-defined Fe/O equilibrium 
ratio for any given CO./CO ratio of the gas phase. 
Thus, if for a given CO,/CO ratio the actual Fe/O 
ratio of a sample equals the Fe/O equilibrium ratio, 
the reaction rate will be zero. If the actual Fe/O 
ratio is greater than the equilibrium ratio, the sam- 
ple will take up oxygen. Conversely, if the actual 
Fe/O ratio is less than the equilibrium ratio, oxygen 
will be removed. This statement can be made re- 
gardless of any details of the reaction mechanism 
and shows clearly that the net rate of the reaction: 


CO + O (in wustite) = CO, 


depends decisively on the Fe/O ratio of the solid 
phase. 

The Fe/O ratio in turn determines the concentra- 
tion of cation vacancies and trivalent iron ions in 
wustite. Consequently, in a detailed analysis, not 
only the collisions between CO and CO, molecules 
and the wustite surface as a whole must be con- 
sidered, but also the role of cation vacancies, triva- 
lent iron ions, and similar lattice defects. An anal- 
ogous problem has been discussed recently in con- 
junction with the decomposition of nitrous oxide on 
zine oxide as catalyst.” 

Likewise, information is needed concerning the 
rate of the phase boundary reaction at the metal- 
oxide interface and its dependence on the metal/ 
oxygen ratio of the oxide phase. In certain reactions, 
surface diffusion may play an important part besides 
diffusion in the interior of crystals. 

Eventually, reduction can occur without diffusion 
if the reducing agent acts at the three-phase bound- 
ary at which gas, ore, and metal are in touch with 
each other. Reactions at three-phase boundaries have 
been discussed especially by Schwab and Pietsch.” 
A clear-cut proof, however, is difficult to obtain. 
Predominant formation of reaction products along 
such lines may also be due to short diffusion paths. 
In the reactions indicated in Figs. 1 and 3, a higher 
local reduction rate in the vicinity of three-phase 
border lines is to be expected if the diffusion rate and 
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the nucleation rate are low. Thus, the importance of 
three-phase border lines remains, even if the con- 
tribution of reactions involving atoms only along 
such lines is negligible. 


Summary 


Reduction of oxides and sulphides to metals can be 
interpreted by the following consecutive reactions: 

1—Removal of nonmetal everywhere at the sur- 
face of the oxide or sulphide, so that a solid solution 
of metal supersaturated with respect to metal is 
formed. 

2—Formation of metallic nuclei, especially at the 
surface. 

3—Diffusion of metal ions and electrons from the 
surface across oxide or sulphide to metallic nuclei 
(or diffusion of anions from the metal-compound 
interface to the outer surface and diffusion of elec- 
trons in the opposite direction). 

4—Transfer of metal ions and electrons from oxide 
or sulphide to metal. 

Migration of metal over distances of several milli- 
meters has been observed in the following reactions: 
1—reduction of silver sulphide by copper, 2—reduc- 
tion of cuprous sulphide by iron, and 3—Cu.S + 2 
Cu.0 = 6 Cu + SO.. 
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Equilibrium Between Blast-Furnace Metal and Slag 


As Determined by Remelting 


by E. W. Filer and L. S. Darken 


G) E of the primary purposes of this investigation 
was to determine how far blast-furnace metal 
and slag depart from equilibrium, particularly with 
respect to sulphur distribution. In studying the equi- 
librium between blast-furnace metal and slag, there 
are two approaches that can be used. One method is 
to use synthetic slags, as was done by Hatch and 
Chipman;’ the other is to equilibrate the metal and 
slag from the blast furnace by remelting in the lab- 
oratory. In the set of experiments here reported, 
metal and slag tapped simultaneously from the same 
blast furnace were used for all the runs. The experi- 
ments were divided into two groups: 1—a time series 
at each of three different temperatures to determine 
the time required for metal and slag to equilibrate 
in various respects under the experimental condi- 
tions of remelting, and 2—an addition series to de- 
termine the effect of additions to the slag on the 
equilibrium between the metal and slag. An atmos- 
phere of carbon monoxide was used to simulate blast- 
furnace conditions. 

The furnace used for this investigation was a ver- 
tically mounted tubular Globar type with two con- 
centric porcelain tubes inside the heating element. 
The control couple was located between the two 
porcelain tubes. The carbon monoxide atmosphere 
was introduced through a mercury seal at the bot- 
tom of the inner tube. On top, a glass head (with 
ground joint) provided access for samples and a 
long outlet tube prevented air from sucking back 
into the furnace. The charge used was iron 6 g, slag 
5 g for the time series, or iron 9 g, slag 7% g for the 
addition series. This slag-to-metal ratio of 0.83 ap- 
proximates the average for blast-furnace practice, 
which commonly ranges from about 0.6 to 1.1. A 
crucible of AUC graphite containing the above charge 
was suspended by a molybdenum wire in the head 
and, after flush, was lowered to the center of the 
furnace as shown in Fig. 1. The cylindrical crucible 
was 2 in. long x % in. OD. The furnace was held 
within +3°C of the desired temperature for all the 
runs. The temperature was checked after the end of 
each run by flushing the inner tube with air and 
placing a platinum-platinum-10 pct rhodium thermo- 
couple in the position previously occupied by the 
crucible; the temperature of the majority of the runs 
was much closer than the deviation specified above. 
The couple was checked against a standard couple 
which had been calibrated at the gold and palladium 
points, and against a Bureau of Standards couple. 
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The carbon monoxide atmosphere was prepared 
by passing CO, over granular graphite at about 
1200°C. It was purified by bubbling through a 30 pct 
aqueous solution of potassium hydroxide and pass- 
ing through ascarite and phosphorus pentoxide. The 
train and connections were all glass except for a 
few butt joints where rubber tubing was used for 
flexibility. The rate of gas flow was 25 to 40 cc per 
min. As atmospheric pressure prevailed in the fur- 
nace, the pressure of carbon monoxide was only 
slightly higher than the partial pressure thereof in 
the bosh and hearth zones of a blast furnace—by 
virtue of the elevated total pressure therein. 

Simultaneous samples of blast-furnace metal and 
slag were taken for these remelting experiments. 
The composition of each is given in the first line of 
Table I. There is considerable uncertainty as to the 
significant temperature in a blast furnace at which 
to compare experimental results. This uncertainty 
arises not only from lack of temperature measure- 
ments in the furnace, but also from lack of knowl- 
edge of the zone where the slag-metal reactions 
occur. (Do they occur principally at the slag-metal 
interface in the crucible, or as the metal is descend- 
ing through the slag, or even higher as slag and 
metal are splashing over the coke?) The known tem- 
peratures are those of the metal at cast, which aver- 
ages about 2600°F, and of the cast or flush slag, 
which is usually about 100°F hotter. To bridge this 
uncertainty, remelting temperatures were chosen as 
1400°, 1500° (2732°F), and 1600°C. For the time 
series the duration of remelt was l, 2, 4, 8, 17, or 66 
hr; crucible and contents were quenched in brine. 
The addition series were quenched by rapidly trans- 
ferring the crucible and contents from the furnace 
to a close-fitting copper “mold.” Of incidental in- 
terest here is the fact that the slag wet the crucible 
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Fig. 2 (above)—Remelted blast-furnace metal and_ slag. 


Change of sulphur as a function of time at temperature. 
Top: Pct Sin metal. Bottom: Pct S in slag. 


Fig. 3 (right)—Remelted blast-furnace metal and_ slag. 


Change of silicon as a function of time at temperature. 
Top: Pct Si in metal. Center: Pct Si in slag. Bottom: 
Ratio of final to initial total Si (slag + metal). 


(that is, climbed the wall) at 1600°C in all the 
runs; while at 1400° and 1500°C it did not. All 
slags were glassy after quench and exhibited no 
evidence of incomplete melting. Complete results 
of all the analyses are given in Table I. 

The sulphur analyses for the time series shown in 
Fig. 2 indicate that the metal and slag in the blast 
furnace were not at equilibrium in regards to sul- 
phur. Between 1 and 2 hr were required for the 
sulphur in the metal to attain a steady value on re- 
melting at each temperature. Fig. 2 also shows that 
the sulphur in the slag showed a slight increase as 
the temperature was increased. Most of this in- 
crease was due to evaporation loss of the slag at the 
higher temperatures. The ratio of the percentage of 
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sulphur in the slag to that in the metal (initially 54) 
increased markedly as equilibrium was approached, 
particularly at the higher temperature. This ratio 
at 1400°C was 89, increasing at 1500°C to 154, while 
at 1600°C it was 205. The approach to sulphur 
equilibrium was considerably more rapid than ex- 
pected from consideration of the work by Hatch and 
Chipman,’ who report times up to 7 hr required for 
equilibration in spite of rather vigorous stirring. Only 
once do they report a time of 2 hr as sufficient for 
equilibrium; this for a highly basic slag at 1500°C. 

Fig. 3 shows the effect of time at temperature on 
the silicon content of the metal and slag. There was 
an increase in the silicon content of the metal at 
1500° and 1600°C, while at 1400°C there was a 


Table |. Composition of Remelted Blast Furnace Metal and Slag 


Tempera- Metal, Pct Slag, Pct 

ture, Time, 

°C Hr Addition Si Mn s MnO FeO AloOs Cad MgO 

Time Series 
Orig.* 0.028 1.01 2.04 1.50 33.71 PLD 0.21** 12.79 42.81 6.87 
1400 2 0.018 0.73 2.04 1.53 34.25 a lea ba 0.18 
1400 4 0.018 0.67 2.06 1.51 34.72 1.12 0.20 
1400 8 0.017 0.60 2.05 abo 34.62 1.10 0.29 
1400 18% 0.017 0.54 2.09 1,52 34.95 0.87 0.15 
1400 0.018 0.38 1.90 1.49 35.65 0.83 0.39 13.04 42.60 - 6.70 
1500 1 0.010 0.86 2.22 1.55 34.40 0.72 0.13 
1500 2 0.010 0.97 2.33 1.54 34.30 0.61 0.14 
1500 4 0.009 1.06 2.32 1.51 34.30 0.55 0.15 
1500 8 0.010 1.25 2.30 1.53 34.25 0.48 0,10 
1500 17 0.010 1.59 2.19 IGS 7 33.87 0.40 0.12 
1500 66 0.008 1.78 1.73 153) 34.10 0.31 0.23 13.40 44,84 6.30 
1600 1 0.011 1.30 2.30 1.49 33.90 0.46 0.13 
1600 2 0.008 1.86 2.38 1.57 33.25 0.34 0.13 
1600 4 0.008 2.32 2.24 155 32.15 0.28 0.15 
1600 8 0.008 2.96 2.22 1.64 31.65 0.21 0.11 
1600 17 0.007 3.72 1.92 1.64 31.20 0.17 0.17 14.00 46.97 
1600 66 0.009 6.36 0.96 1.54 33.20 0.11 0.15 14.88 48.70 1.63 
1600 66 0.007 6.19 1.38 1.65 33.50 0.17 0.17 13.77 47.17 2 
Addition Series 

1400 17 5 pet CaO 0.014 0.43 2.02 49 33.78 0.70 0.12 12.37 45.60 6.56 
1400 17 5 pet MgO 0.014 0.39 2.13 iu Sous 0.70 0.14 12.41 41.08 11.45 
1400 17 5 pet AlsOz 0.021 0.69 1.96 .49 32.96 1.01 0.14 16.99 41.08 6.59 
1400 17 5 pet SiO» 0.025 0.77 1.93 .49 37.72 1.16 0.14 12.35 40.75 6.00 
1500 4 5 pet CaO 0.011 0.83 2.47 33.58 0.31 0.06 12.61 46.38 6.75 
1500 4 5 pet MgO 0.011 1.01 2.48 33.28 0.30 0.14 12.39 41.54 11.58 
1500 4 5 pet AlsOs 0.016 1.02 2.35 32.90 0.54 0.16 17.50 41.50 6.61 
1500 4 5 pet SiO» 0.019 1.25 2.19 37.30 0.74 0.11 12.52 41.79 6.45 
1500 4 1 pet Si 0.011 1.74 2.41 1.57 35.18 0.47 0.14 12.95 43.40 7.02 
1500 4 2 pet Si 0.011 2.46 2.43 1.60 35.46 0.44 0.17 12.91 43.49 6.96 
1600 2 5 pet CaO 0.011 1.32 2.39 1.52) 32.76 0.19 0.13 12.44 46.96 6.57 
1600 2 5 pet MgO 0.011 1.56 2.40 1.53 32.26 0.17 0.18 12.30 42.33 11.58 
1600 2 5 pet AlsOg 0.013 1.68 2.32 1:51 32.12 0.33 0.13 18.28 42.57 6.73 
1600 2 5 pet SiO» 0.017 2.17 2.24 51 36.03 0.43 0.16 12.80 42.97 6.89 


* Initial phosphorus in metal, 0.288 pct. 


** As charged; 0.13 pct after magnetic extraction. 
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decrease. This indicates that the silicon equilibrium 
temperature for this blast-furnace metal and slag 
is between 1400° and 1500°C. Fig. 3 also shows that 
the SiO, in the slag increases at lower temperature, 
but decreases at higher temperature. The fact that 
the curve for 1600°C rises, after dropping steadily 
until 17 hr, is apparently due to evaporation from 
the porcelain tube to the slag and metal over the 
long period of time. This can be seen more clearly 
from the bottom curves of Fig. 3, which indicate 
that the total silicon content of the system (slag + 
metal) increases with time notably at 1600°C but 
insignificantly at 1400°C. 

There was considerable loss of manganese (by 
evaporation) from the metal-slag system, as shown 
in Fig. 4. It is worth noting that at 1500° and 1600°C 
the manganese in the metal increased considerably 
in 2 hr and then started to decrease; the MnO in 
the slag decreased at all times. The well-known 
tendency of increased temperature to favor increased 
manganese recovery in the metal is masked by evap- 
oration in these small scale experiments. The be- 
havior of manganese is shown more clearly at the 
bottom of Fig. 4 in terms of the ratio of manganese 
in the metal to MnO in the slag. The pronounced 
effect of temperature is quite evident here. In each 
series the ratio levels off, indicating approach to 
equilibrium, in about 10 hr. The later drop at 
1600°C is undoubtedly due to vaporization (in- 
creased acidity of the slag). Although the rather 
marked increase of this ratio with temperature is in 
accord with general physicochemical knowledge and 
experience, a quantitative comparison with funda- 
mental data is difficult. 

In a number of the runs the material was weighed 
before and after the run; from this information and 
the analyses of the metal and slag, it was possible 
to calculate the loss or gain of components at the 
different temperatures. Table II shows these losses 
for CaO, Al,O;,, and S and also the percentage of 
mechanical loss of the slag based on the average 
loss of CaO and AI.O;. Since the actual mechanical 
loss is believed to be small, these figures indicate 
that the materials balance may best be based on 
CaO. On the assumption that there is no loss or 
gain of CaO, the evaporation loss or gain of a num- 
ber of the components of the system at 1600°C are 
shown in Fig. 5. The graph shows that there is 
considerable pickup of silicon, as was previously 
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Fig. 4 (left)—Remelted blast-furnace metal and _ slag. 


Change of manganese as a function of time at temperature. 
Top: Pct Mn in metal. Center: Pct MnO in slag. Bottom: 
Pct Mn distribution coefficient. 


Fig. 5 (above)—Remelted blast-furnace metal and _ slag. 
Evaporation loss (or gain) of components at 1600°C (based 
on assumption of no gain or loss of CaO). 


discussed. There is very little loss of the sulphur, 
aluminum, and iron of the system, while there is 
considerable loss of manganese and magnesium at 
1600°C. The maximum loss of manganese in metal 
+ slag is about 46 pct of the original and that of 
magnesium is about 62 pct (presumably by the re- 
action C + MgO = CO + Mg). These changes by 
volatilization were much less at the lower tempera- 
ture. 

In order to investigate the effect of moderate 
change in slag composition on the sulphur equilib- 
rium, a 5 pet addition of either CaO, MgO, A1.Os;, 
or SiO. was made to the charge. In this series of 
experiments the time of holding at 1400°, 1500°, or 
1600°C was at 17, 4, or 2 hr respectively. The times 
were chosen to allow adequate time for sulphur 
equilibration, as indicated by the time series, Fig. 2, 
and to minimize evaporation losses. As shown in 
Fig. 6, the sulphur content of the metal is lowered 
in all cases during remelt. It is found, as anticipated, 
that in general the sulphur content of the metal 
decreases with increasing basicity. The largest effect 
is seen at 1400°C where the sulphur content ranges 
from 0.025 pct for the 5 pct SiO, addition to 0.014 pct 
for 5 pct CaO or MgO addition. In view of the definite 
effect of the acid additions SiO, and Al,O:, the ap- 
parently negligible effect of the MgO and CaO addi- 
tions at 1500° and 1600°C may be due in part to 
analytical error; possibly a longer equilibration time 
should have been allowed in these cases. 


Table II. Loss (or Gain) of CaO, Al,O,, and S as Determined from 
Analyses and Total Weights of Sample Before and After Melting 
(Percentages are Based on Initial Weight of Slag) 


1400°C 1500°C 1600°C 1600°C 
17 Hr 4 Hr -% Hr 66 Hr 
Pct CaO lost 1.4, 0.3 0.1, 0.7, (0.4) * 0.2, (0.1) * 0.9 
(Initial pct CaO = 
42.81) 0.7, 0.8 0.4, 0.7, 0 0.3, 0.4 0.9 
Pct Al2Osz lost 0.3, 0.1 0.1, 0.1, (0.3) * 0.2, (0.2) * 0.7 
(Initial pet = 
12.79) 0.7, 0.3 0.2, 0.3, 0.3 0.5, 0.2 0.6 
Pct S lost 


(0.04) *, (0.01)* 0, (0.04)*  (0.03)*, 0.02 0.06 
(0.02) *, 0 (0.01) *, 0 


Pet Mechanical loss 
of slag based on:— 
1. Average loss of 


CaO 1.8 0.5 0.4 2.2 
2. Average loss of 
2.7 1.5 4.9 


* Indicates gain instead of loss. 
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Fig. 6—Remelted blast-furnace metal and slag. Effect of 
indicated additions on sulphur and silicon content of metal. 


In Fig. 6 the effect of the additions to the slag on 
the silicon content of metal is also shown. Change 
of slag composition in this range seems to have rela- 
tively small effect on the silicon content of the metal. 
Although the time (particularly at 1600°C) was 
probably insufficient for silicon equilibration, if a 
large compositional change was required, the negli- 
gible change in the center of the 1500°C curve indi- 
cates close approach to silicon equilibrium in these 
cases. Two runs were made at 1500°C for 4 hr to 
determine the effect of 1 and 2 pct additions of 
metallic silicon to the metal, thus approaching this 
equilibrium from the other side. Table III summarizes 
these results. This indicates that the equilibrium 
silicon at 1500°C is slightly over 1 pct, about 1.1 pct. 
However, as noted previously, longer time runs (no 
additions) give 1.59 pct Si at 17 hr, 1.78 pct Si at 
66 hr; this discrepancy is probably due to the evapo- 
ration gains and losses over the longer time periods. 

The effects of the additions of SiO., Al,O,, MgO, 
and CaO on the behavior of manganese are shown 
in Fig. 7. Here again, although insufficient time was 
allowed for equilibration at higher temperature, the 
expected effect of increased temperature or basicity 
in improving manganese recovery is apparent. MgO 
and CaO are seen to have substantially identical 
effect as in the case of the sulphur equilibrium, Fig. 
6. The apparent disparity of the 1600°C curve for the 
manganese content of the metal is due to evapora- 
tion loss, correction for which leads to the dashed 
curve. The effect of temperature and composition 
on the behavior of manganese is brought out more 
clearly by the distribution coefficient [pet Mn]/(pct 
MnO) shown in the bottom of Fig. 7. This coefficient 
is higher than that for the original blast-furnace 
products except for the 1400°C series with the acid 
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Fig. 7—Remelted blast-furnace metal and slag. Effect of 


indicated additions on the behavior of manganese. 
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Mn distribution coefficient. 
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additions SiO, and Al,O;, where the coefficient is 
substantially the same as the original. 

Since the crucible was held quietly in the furnace 
for an extended period of time and was cooled with- 
out any serious agitation, it was expected that sub- 
stantially all the metallic iron in the slag would 
settle out and that the iron left in the cooled slag 
would be principally ferrous. This proved not to be 
the case. The slag was ground to pass a 60 mesh 
sieve in preparation for analysis. It was then placed 
in a brass pan with ether (which facilitated extrac- 
tion) and extracted with a point electromagnet. Ex- 
traction was continued in a standardized manner 
well after no further iron was removed; this point 
was determined not only visually but by a prelim- 
inary set of analyses of samples extracted for vari- 
ous periods of time. Relatively large quantities of 
metallic iron were removed by this process and the 
residual ‘FeO content” of the slag as thus deter- 
mined and tabulated (Table I) seems to vary in no 
orderly manner. 


Calcium Sulphide Precipitation 

A series of runs were made at 1500°C in a CO 
atmosphere with holding times of 17 and 41 hr in 
which additions of FeS were made to the slag vary- 
ing the sulphur content by 1 pct intervals from 1.5 
to 5.5 pet. The slags containing 4.5 and 5.5 pct S, 
on fracture, exhibited yellow crystals. These were 
easily visible to the naked eye. Despite the absence 
of color in Fig. 8, these crystals (right) are easily 
distinguished by their contrast with the smooth con- 
choidal fracture (left) characteristic of the glassy 
quenched slags. These crystals were much larger 
than could reasonably be expected to form on cool- 
ing; moreover they were at or near the slag-metal 
interface indicating they had ample time to settle. 
The runs with 3.5 pet S for 17 and 41 hr did not 
exhibit any such crystals. X-ray examination of ex- 
tracted crystals indicated that they are of the cubic 
NaCl type. The lattice parameter of the crystals 
shown in Fig. 8 is 5.70A as compared to 5.69A, given 
by the ASTM table for calcium sulphide. Similar 
crystals extracted from other melts were found to 
have a parameter of 5.56 and 5.60A. As the only other 
sulphide likely to appear under these circumstances 
is MnS, some of this (which is green) was prepared 
and its parameter determined as 5.21A, in agreement 
with the accepted value of 5.213A. Hence it was con- 
cluded that the observed precipitate was CaS con- 
taining in some cases relatively small amounts of an- 
other sulphide in solid solution. Its solubility in this 
particular blast-furnace slag corresponds to less than 
4.5 pct S and (except for the unlikely event of super- 
saturation) to more than 3.5 pet S at 1500°C. This 
solubility is considerably lower than that (10 pct S) 
calculated by Rosenqvist’® or than the estimate (8 to 
11 pet) of McCaffery and Oesterle.* 


Comparison of Remelts with Blast-Furnace Product 

From the above data it is possible to estimate the 
composition of the metal after equilibration with a 
slag of the original composition at each temperature, 
if there had been no evaporation loss or gain. Table 


Table III. Results of Additions of Metallic Silicon to Metal 


Silicon, Pct 


Silicon Addition, Pct Initial After Remelt 


None 1.01 1.06 
1 2.01 1.74 
2 4.01 2.46 
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IV gives these results. In this tabulation the results 
for sulphur at all temperatures and for silicon and 
manganese at 1400°C are taken directly from the 
experimental data, Figs. 2, 3, and 4. The equilibrium 
of the percentage of silicon at 1500°C was discussed 
previously. The equilibrium of the percentage of 
manganese at 1400° or 1500°C is calculated from the 
fers level or maximum [Mn]/(MnO) ratio of 
ig. 4. 

Under the conditions of remelting the sulphur 
seems to equilibrate fairly rapidly; nevertheless the 
distribution coefficient is substantially greater than 
is common in blast-furnace practice though lower 
than has been reported for some synthetic slags. 
Silicon and manganese reactions seemed more slug- 
gish than that of sulphur. At 1600°C the silicon rose 
to values which were very high in comparison with 
actual blast-furnace practice. The manganese equi- 
librium seemed to be approached within the time 
limit of the experiment, and the distribution between 
metal and slag at 1500° and 1600°C was more favor- 
able than the original blast-furnace product. 

In view of the uncertainties as to blast-furnace 
temperature and reaction zone it is difficult to com- 
pare fruitfully the original and the equilibrium com- 
positions of Table IV to determine the departure of 
the blast-furnace metal and slag from equilibrium. 
However, in the case of each element it is relatively 
easy to determine from this table the temperature 
of its reaction zone, if equilibrium were attained in 
the blast furnace. Thus the original sulphur content 
corresponds to an equilibrium temperature of about 
1300°C, the original manganese to 1400°C, and the 
original silicon to slightly less than 1500°C. The 
rather wide disparity here indicates that a state of 
complete equilibrium is not approached in the blast 
furnace. Silicon reduction must have occurred at 
temperatures approaching 1500°C or higher—a tem- 
perature which seems quite reasonable for the hearth 
of the blast furnace. It is slightly puzzling that more 
manganese was not reduced at this temperature 
level if silicon was; the abundance of silica as com- 
pared to manganese oxide in the slag may account 
for this. It is more difficult to reconcile the relatively 
great departure from sulphur equilibrium in the 
blast furnace with the relatively rapid sulphur equi- 
libration attained in the remelts. A possible inter- 
pretation here is that the sulphur transfer is prob- 
ably accompanied by evolution of carbon monoxide 
(CaO + C+ S=CaS + CO), a reaction which does 
not readily occur except where a gas phase is already 
present; hence a small melt surrounded by gas (or 
porous graphite) would react more readily than the 
much larger quantities in the crucible of the blast 
furnace where contact with the gas phase is limited. 
Under such circumstances sulphur transfer may well 
be controlled by the reducing action of manganese 
or of silicon rather than of carbon, as in the above 
reaction. This is suggested by the findings of Grant, 
Kalling, and Chipman‘ and of Grant, Troili, and 
Chipman,’ who showed that the addition of MnO 


Table IV. Estimated Composition of Metal in Equilibrium with Slag 
(On Assumption of No Evaporation Loss or Gain) 


Original 1400°C 1500°C 1600°C 
Pct S 0.028 0.017 0.010 0.008 
Pct Si 1.01 0.5 1.4 4) 
Pct Mn 2.04 2.1 2.4 2.6 
(Pct S)/[Pct S] 54. 89. 154. 205. 
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Fig. 8—Crystals of calcium sulphide (right) in frac- 
ture of otherwise glassy slag (left) containing 5.5 pct S. 


leads to temporary sulphur reversion and that in- 
creased silicon content accelerates sulphur transfer 
from metal to slag. 

In fact some evidence of the coupling of the man- 
ganese and sulphur distributions in the blast furnace 
may be deduced from the present experiments. This 
combined reaction may be written Mn + S — Mn* 


+ S= where the ionic designation of the slag con- 
stituents is not essential to the argument but sim- 
plifies the equation. The mass law “constant”? (MnO) 
(S)/[Mn][S] is found from our data for this par- 
ticular slag to be 36, 29, and 20 at 1400°, 1500°, and 
1600°C, respectively. The corresponding quotient for 
the initial blast-furnace metal and slag is 29, in good 
agreement with the equilibrium value for 1500°C. 
Hence, if this temperature is accepted as reasonable 
for the blast-furnace reaction zone, it is tempting to 
consider the possibility that this coupled reaction of 
manganese and sulphur approaches equilibrium 
although, as shown previously, neither the manga- 
nese nor the sulphur distribution approaches indi- 
vidually the equilibrium value for this temperature. 
A conclusion as to whether or not this is generally 
so for the blast furnace must await further data. 


Conclusions 

Remelting of blast-furnace metal and slag in a 
small graphite crucible yields relatively rapid equi- 
libration of sulphur; the sulphur content of the equi- 
librated metal is substantially lower than that of the 
initial blast-furnace product. Equilibration of man- 
ganese or silicon requires a longer time. Increased 
temperature or basicity favors high sulphur distribu- 
tion ratio and high manganese recovery. Low silicon 
is favored by low temperature or high basicity. Com- 
parison of the equilibrium compositions with the 
initial indicates that complete equilibrium is by no 
means achieved in the blast furnace. If means could 
be found for the blast furnace to approach more 
closely to equilibrium, desulphurization and manga- 
nese recovery would both be improved. Of the equi- 
libria considered, silicon reduction and the reaction 
of manganese with sulphur seem the only ones which 
were possibly approached in the blast furnace. Satu- 
ration of the slag with calcium sulphide was reached 
at about 4 pct S. 
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Isothermal Martensite Formation 


In an lron-Chromium-Nickel Alloy 


by S. A. Kulin and G. R. Speich 


The isothermal formation of martensite at subzero temperatures has 
been studied in an austenitic stainless steel. The amount of martensite 
formed isothermally in a given time was found to follow a C-curve behavior 
with decreasing temperature. Since isothermal martensitic transformation 
occurs at temperatures above the true M, temperature of the alloy, the 
observed M; temperature is dependent on the cooling rate. It is believed 
that a general martensite theory must include the basic concepts of the 
strain embryo theory, and also the important role of thermal fluctuations. 


NTIL recently the isothermal component of the 

martensitic transformation had been considered 
as a trivial effect in theoretical considerations of this 
type of transformation. One of the postulates used 
in defining a martensitic transformation was that 
the reaction was temperature dependent but not 
time dependent. Cohen and his associates” * were the 
first to report the isothermal formation of mar- 
tensite. They observed the time dependency of the 
martensite reaction at room temperature in plain 
carbon steels and certain tool steels. They found 
that a small amount of additional transformation 
occurred after the specimen reached the quenching 
temperature and that the rate of this isothermal 
transformation decreased rapidly with time. These 
authors considered this phenomenon to be a “‘tailing- 
off” of the main athermal reaction. 

Kurdjumov and Maksimova®*® studied the iso- 
thermal formation of martensite at subatmospheric 
temperatures in steels containing 0.6 pct C-6 pct 
Mn, 1.6 pet C, and in an iron-base alloy containing 
23 pet Ni and 3.4 pct Mn. In each case it was found 
that both the initial rate and the total amount of 
isothermal transformation exhibited sharp maxima 
with decreasing temperature. They stated that it 
was possible to completely suppress the martensitic 
transformation in the 0.6 pct C-6 pct Mn steel by 
drastic quenching in liquid nitrogen. They inter- 
preted their results in terms of a thermally activated 
process. The maximum in the rate of nucleation vs. 
temperature curve was assumed to be a result of the 
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temperature dependence of the rate of growth of 
the martensite plates. It has been demonstrated,° 
however, that martensite plates can form with great 
rapidity even at temperatures approaching absolute 
zero. In addition,’ attempts to confirm the reported 
suppression of the martensitic transformation by 
rapid cooling of a 0.6 pct C-6 pct Mn steel have 
proved unsuccessful. On this basis, and on other 
theoretical grounds, the validity of some of Kurd- 
jumov’s results and conclusions is open to serious 
question. 

Cohen, Machlin, and Paranjpe’ have proposed a 
theory of martensite formation based on the nuclea- 
tion of strain embryos and a growth mechanism in- 
volving cooperative atomic displacements. Accord- 
ing to this theory thermal fluctuations can make a 
strain embryo supercritical and thereby produce 
martensite isothermally. 

Das Gupta and Lement® have investigated the iso- 
thermal formation of martensite in a 17 pct Cr-0.7 
pet C steel at temperatures below the ambient. They 
found that partial suppression of the martensitic re- 
action occurred on quenching into liquid nitrogen. 
That part of the reaction which can be suppressed 
is taken to correspond to the isothermal rather than 
the athermal part of the martensitic transformation. 
The initial rate of isothermal transformation for this 
steel was found to go through a maximum with de- 
creasing temperature. This is in conformity with 
the findings of Kurdjumov and Maksimova for the 
steels used in their investigation. Das Gupta and 
Lement conclude that isothermal martensite forma- 
tion occurs by the nucleation of new plates and is 
always preceded by some athermal transformation. 

An iron-base alloy containing 14 pct Cr-9 pct Ni 
was used in this investigation to study further the 
kinetics of the austenite to martensite transforma- 
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tion at subatmospheric temperatures and to ascer- 
tain the generality of the previously reported phe- 
nomena. Such studies on a wide variety of materials 
should demonstrate the validity, or deficiencies, of 
the present martensite theories. 


Experimental Procedure 


Material and Heat Treatment: The chemical com- 
position (wt pct) of the alloy used in this investiga- 
tion is as follows: Cr, 14.38; Ni, 9.06; C, 0.008; N, 
0.034; Mn, 1.21; and Si, 0.36. A 2% in. square ingot 
was rolled and then swaged to wire of 0.100 in. 
diam. All specimens were austenitized at 1095°C 
for 20 min in a tube furnace having a dry hydrogen 
atmosphere and then were oil-quenched to room 
temperature. This treatment resulted in a com- 
pletely austenitic specimen with an A.S.T.M. grain 
size of 5. 


Electrical Resistance Measurements: The extent 
of transformation was determined by precise meas- 
urement of the electrical resistance using a Kelvin 
double-bridge circuit. The ends of each specimen 
were formed into loops prior to heat treatment in 
order to facilitate making the current connections. 
. A clamp device, attached to the specimen, enabled 
the resistance measurement to be made between 
two hardened steel knife edges which were about 
2 in. apart. These knife edges also served as poten- 
tial leads. To prevent specimen heating, momentary 
current flow was obtained by use of a key in the 
circuit. Bridge balance was determined by use of a 
Leeds and Northrup type 2430C galvanometer. 

Low Temperature Baths: Specimens were either 
cooled or quenched in a liquid bath held in a Dewar 
flask. The baths were vigorously agitated by a 
motor-driven stirrer. Powdered solid CO, additions 
were made to an acetone bath for cooling or main- 
taining a constant temperature down to about —78°C. 
Additions of liquid nitrogen were made from a 
pipette to a bath consisting of 75 pct petroleum 
ether and 25 pct methylcyclohexane for obtaining 
temperatures down to —150°C. A liquid nitrogen 
bath was used to obtain a temperature of —196°C. 
A calibrated copper-constantan thermocouple was 
used for temperature measurement. During the iso- 
thermal transformation experiments, the bath tem- 
perature was generally maintained to within 0.2°C 
of the reported temperature. 


Calibration of Electrical Resistance Measurements: 
The martensitic phase in this alloy was found to 
have a considerably higher electrical resistivity 
than that of the austenite. It was assumed that the 
electrical resistance at a constant temperature is a 
linear function of the volume percentage of trans- 
formation. This was found to be in good agreement 
with later experimental results. It was necessary to 
determine the extent of transformation in a speci- 
men of known resistance for calibration purposes. 
The lineal analysis method’ could not be used be- 
cause of the difficulty in distinguishing the marten- 
site plates metallographically. The X-ray inte- 
grated intensity method” was also found to be un- 
suitable, since the intensities of certain of the aus- 
tenite lines did not correspond to the theoretical 
powder reflection intensities. This was a result of 
the preferred orientation of the austenite grains in 
the wire specimens. 

Since the above methods were not applicable, a 
density method was used for the calibration. The 
lattice parameters of both the austenite and mar- 
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Fig. 1—Determination of M, temperature. 


tensite were obtained from the X-ray data, and the 
density of each phase was then calculated. The cal- 
culated and measured densities of a completely aus- 
tenitic specimen were in excellent agreement. It was 
not possible to obtain a completely martensitic speci- 
men and therefore it was necessary to assume that 
the calculated density of this phase was correct. 
Density determinations were made on several speci- 
mens of known electrical resistance. The calibra- 
tion factor for the volume percentage of martensite 
as a function of electrical resistance and tempera- 
ture of measurement was then determined by a 
graphical method. 

The Kelvin double-bridge readings (Rs) were 
made to four significant figures. A change of less 
than one in the fourth significant figure could easily 
be detected from the galvanometer deflection. Dur- 
ing isothermal transformation experiments, the time 
readings were taken when the bridge was in perfect 
balance. This resulted in a sensitivity of about two 
in the fifth significant figure of the R, value. These 
R, values are related to the electrical resistance of 
the specimen by a proportionality factor. The cal- 
ibration of the absolute volume percentage of mar- 
tensite may be in error by approximately +2 pct. 
This error would represent a constant value through- 
out most of the present work. On the other hand, 
the relative sensitivity of the measurement of the 
percentage of transformation is dependent on the 
temperature and is of the order of 0.04 pct mar- 
tensite. The conversion factor relating the change 
in the R, value (fourth significant figure) per per- 
centage of martensite at various temperatures is 
as follows: 


Tempera- 

ture, °C —-15 —18.5 —28.5 —38.5 —%78 —122.5 —196 
ARa/pet 

martensite 4.8 5.0 5.3 6.3 7.2 


Experimental Results 

Determination of M, Temperature on Slow Cool- 
ing: All specimens used in this investigation were 
austenitized at 1095°C for 20 min and then oil- 
quenched to room temperature. Electrical resistance 
readings taken during cooling (1° to 2°C. per min) 
in an acetone bath showed that the resistance de- 
creased linearly with temperature until some mar- 
tensite formed. The transformation resulted in’ a. 
positive deviation from the straight line relationship: 
This is shown in Fig. 1 where the bridge readings, 
R,, are plotted vs. the temperature. The M,.tem- 
perature is indicated at —7°C. Identical results were 
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obtained with another specimen. It is interesting to 
observe that the burst phenomenon” did not occur, 
although these specimens had a No. 5 A.S.T.M. grain 
size. 


Isothermal Martensite Formation with Variable 
Initial Martensite Contents: A number of specimens 
were quenched to various subatmospheric tempera- 
tures and allowed to transform isothermally. Elec- 
trical resistance readings were taken as a function 
of time at temperature. The following temperatures 
were used: —18.5°, —28.5°, —38.5°, —78°, —122.5°, 
and —196°C. In each case the rate of isothermal 
transformation was greatest at zero time and de- 
creased with increasing time. In some cases the 
rate of martensitic transformation was still appre- 
ciable even after 2 hr. In every case the rate was 
measurable after this period of time. The volume 
percentage of isothermally formed martensite as a 
function of time is shown in Fig. 2 for the tempera- 
tures listed above. 

The percentage of martensite formed athermally 
on quenching to these temperatures was determined 
by plotting electrical resistance readings vs. time 
and extrapolating to zero time. These extrapolated 
values gave the initial martensite content prior to 
each isothermal run. Fig. 3 gives the amount of 
athermal and isothermal martensite (after’2 hr) as 
a function of the temperature. The athermal curve 
corresponds to the usual martensite range curve. 
The fact that this athermal curve decreases at the 
low temperatures indicates that some isothermal 
martensite had formed during quenching to the 
higher temperatures. Das Gupta and Lement® have 
designated such transformation as ‘“‘anisothermal.”’ 
More martensite can be obtained by quenching and 
holding at about —30°C than by quenching directly 
to —196°C. 

The position of the M, temperature is extremely 
significant. Previous measurements during slow 
cooling gave an M, temperature of —7°C, whereas 
the athermal martensite data yields a value of ap- 
proximately —20°C. This indicates the possibility of 
isothermal martensite formation at temperatures 
above the true M,. The latter temperature is the 
limiting value which would be obtained for the start 
of the martensitic reaction with increasing rates of 
cooling. 

The rate of nucleation of isothermal martensite at 
zero time was obtained by drawing tangents on ex- 
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Fig. 2—Percentage of isothermal 
martensite ys. time. 


panded plots of the resistance readings vs. time. 
The rate of nucleation, N, as presented herein is ex- 
pressed in terms of the percentage of martensite per 
unit time per unit volume of untransformed phase. 
The circled points in Fig. 4 represent the values ob- 
tained in the previously described isothermal trans- 
formation experiments. In order to express N in 
terms of the number of nuclei per unit time per unit 
volume of untransformed phase, a value must be de- 
termined for the average volume of a martensite 
plate. The curve of Fig. 4 has the expected form of 
a rate of nucleation vs. temperature curve and is 
similar to that obtained for ordinary nucleation and 
growth transformations. The general characteristics 
of the temperature dependence of the initial rate of 
nucleation are in agreement with the findings of 
Kurdjumov’ despite the fact that he arbitrarily de- 
fined the rate of nucleation as being the number of 
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Fig, 4—Rate of nucleation of isothermal martensite vs. temperature. 
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Fig. 5 (above)—Martensite plates formed 

by quenching and holding at —30°C. 

Electropolished and etched with perchloric 

acid solution. 14 pct Cr, 9 pct Ni iron- 
base alloy. 


Fig. 6 (right)—Percentage of isothermal 
martensite ys. time. 


Fig. 7 (below) —Percentage of martensite 
vs. temperature. 
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nuclei formed per unit time per unit volume of that 
portion of the untransformed phase capable of trans- 
formation. 

Martensite plates that formed in a specimen which 
was cooled and held at —30°C are shown in Fig. 5. 
The specimen was electrolytically polished both be- 
fore and after this treatment. Some etching was 
obtained in the final polishing operation. This mar- 
tensite has the familiar acicular appearance charac- 
teristic of martensitic transformation products. 


Isothermal Martensite Formation With Constant 
Initial Martensite Contents: In the preceding ex- 
periments the initial martensite content at the start 
of isothermal transformation varied between 0 and 
about 23 pct. In order to determine the effects of 
this variable, a series of isothermal transformation 
experiments were performed by quenching speci- 
mens to —196°C for 2 min prior to up-quenching 
and holding at the following temperatures: —16.8°, 
—24.1°, —37.1°, and —55.5°C. Each of these speci- 
mens contained 20.5 pct martensite at the beginning 
of each isothermal run. The results obtained are 
given in Fig. 6, which shows the amount of iso- 
thermal transformation as a function of time at the 
various temperatures used. The curve for —196°C 
is the same as in Fig. 2 except that zero time is now 
taken after 2 min. The maximum amount of mar- 
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tensite formed isothermally in the times employed 
is about 9 pct, whereas a maximum of about 30 pct 
formed in the previous experiments. The high ini- 
tial rates of isothermal transformation decrease 
rapidly with time until a fairly constant but low 
rate of transformation is attained. Fig. 7 indicates 
the total amount of martensite present after 2 hr as 
a function of the temperature. The temperature at 
which the maximum amount of martensite is ob- 
tained (approximately —35°C) is evidently not af- 
fected by a variation from 9 to 21.5 pct in the initial 
athermal martensite content. 

The points which are indicated by squares in Fig. 
4 represent the rate of nucleation at zero time for 
the specimens having a constant initial percentage 
of martensite. The curve in this figure was drawn to 
fit the data obtained with variable initial martensite 
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contents. It is evident that, within the limits in- 


vestigated, the initial rate of nucleation is not sig- 
nificantly affected by variations in the initial amount 
of martensite. The data, Fig. 4, indicate that if such 
an effect is present, it would give lower initial rates 
of transformation for specimens with higher initial 
martensite contents. The total amount of martensite 
obtainable in a given time is, however, dependent 
on the thermal treatment employed. 


Isothermal Martensitic Transformation Above M,: 
From the preceding data it is evident that the meas- 
ured M, temperature for this alloy is dependent on 
the cooling rate. Slow cooling (1° to 2°C per min) 
yields a value of —7°C for the M,, whereas approxi- 
mately —20°C is obtained on quenching from room 
temperature. The following critical experiment was 
performed to demonstrate that isothermal marten- 
sitic transformation can take place at temperatures 
above the true M, temperatures. A specimen was 
slowly cooled (1° to 2°C per min) to —5°C. Simul- 
taneous electrical resistance and temperature meas- 
urements were made during this treatment. Fig. 8a 
shows the linear relationship between the electrical 
resistance and the temperature. As soon as the 
specimen reached —5°C, it was up-quenched to room 
temperature and its resistance was again measured. 
The value obtained is indicated by the triangle in 
Fig. 8a and demonstrates that no transformation had 
occurred on cooling to —5°C. The specimen was 


*then quenched to —1.5°C (indicated by the dashed 


line in the figure) and held at that temperature. 
The amount of martensite formed isothermally as 
a function of time at —1.5°C is shown in Fig. 8b. 
Although less than 2 pct martensite formed in 140 
min, the sensitivity of the measurements was such 
that the course of the transformation could be 
easily followed. Since the initial resistance of the 
specimen did not allow precise bridge balance (us- 
ing only four significant figures), the initial value is 
subject to the greatest inaccuracy. Subsequent 
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Fig. 8a and b—Isothermal formation of martensite above M,. 


bridge readings, as previously explained, are reli- 
able to about two in the fifth significant figure. Be- 
cause of the inaccuracy in the first readings, the 
curve of Fig. 8b could possibly be shifted slightly 
in the vertical direction. This means that the as- 
sumption of an incubation period is not justified. 
These results clearly demonstrate the phenomenon 
of isothermal martensitic transformation at tem- 
peratures above the M, temperature. 


Discussion of Results 

A distinguishing feature of the martensitic trans- 
formation in the alloy used in this investigation is 
the extensive isothermal transformation at low tem- 
peratures. The amount of martensite formed iso- 
thermally follows a C-curve behavior with decreas- 
ing temperature. In the higher temperature range, 
the amount of isothermal martensite is much larger 
than the athermal portion of the transformation. It 
is possible to obtain much more martensite by an 
isothermal treatment at a high temperature than by 
quenching to extremely low temperatures. Similar 
results would be expected in certain other stainless 
steels of the 18-8 variety. 

The M, temperature for this alloy 1s dependent 
on the cooling rate employed in its determination. 
The strong tendency for isothermal transformation 
results in higher observed M, temperatures with 
slower cooling rates. It has been shown conclu- 
sively that isothermal transformation occurs at 
temperatures above the true M, temperature. The 
latter temperature must be defined as the limiting 
value obtained with increasing cooling rates. Pre- 
viously the M, temperature was defined as being 
independent of the rate of cooling except in cases 
where stabilization effects supposedly occurred. On 
the basis of the present work, this formerly accepted 
characteristic of the martensitic reaction cannot be 
used as a defining principle. 

The shape of the rate of nucleation vs. tempera- 
ture curve, Fig. 4, is similar to that obtained for 
ordinary nucleation and growth transformations. 
This does not mean, however, that the martensitic 
reaction can be described by the usual nucleation 
and growth theories. Some of the variables affecting 
the isothermal nucleation of martensite are the size 
and distribution of the embryos with respect to the 
critical size, the possibility of certain thermal fluctu- 
ations, stress fields, microstress relief, and the par- 
titioning effect. The leveling off of the athermal 
martensite range curve, Fig. 3, cannot be explained 
by the partitioning effect, since greater amounts of 
transformation take place at higher temperatures. 
Greater partitioning is obtained at these tempera- 
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tures even though the chemical driving force is 
smaller. Evidently, in this case, the stress fields and 
microstress relief are more important variables. 
Work has been done elsewhere” which showed that 
a compressive hydrostatic stress component can 
suppress the nucleation of martensite. 

Kurdjumov and Maksimova‘ plotted the logarithm 
of the initial isothermal nucleation rate vs. the re- 
ciprocal of the absolute temperature and obtained 
essentially two straight lines. They interpreted 
their results in terms of ordinary nucleation and 
growth theory using an activation energy for the 
rate of growth to describe the low temperature be- 
havior. A similar plot of the data obtained in this 
investigation showed a marked deviation from lin- 
earity at low temperatures. This means that the low 
temperature kinetics of the martensitic reaction can- 
not be described in terms of a single activation 
energy. In addition, such a treatment is not valid 
since, as mentioned previously, it has been found 
that martensite plates can form with great rapidity 
at very low temperatures.® 

It is obvious that thermal fluctuations play a vital 
role in the kinetics of the martensitic transforma- 
tion. However, the nature of this type of trans- 
formation is such that this variable cannot be 
treated as in ordinary nucleation and growth trans- 
formations, since other controlling variables are 
present. The strain embryo theory’ differs from the 
ordinary nucleation and growth theory both in re- 
gard to the nature of the nucleus and its mechanism 
of growth. On the basis of the present work, it is 
believed that a general martensite theory must in- 
clude not only the basic concepts of the strain em- 
bryo theory, but also the important role played by 
thermal fluctuations. 


Summary 

The results of the present work can be sum- 
marized as follows: 

1—Extensive isothermal formation of martensite 
occurs in the 14 pet Cr-9 pct Ni-Fe base alloy 
studied. 

2—The observed M, temperature of this alloy was 
found to depend on the cooling rate. The true M, 
temperature is defined as the limiting value obtained 
with increasing cooling rates. 

3—lIsothermal martensitic transformation takes 
place at temperatures above the M, temperature of 
this alloy. 

4—The amount of martensite formed isothermally 
in a given time follows a C-curve behavior with de- 
creasing temperature. 

5—The curve of the initial rate of nucleation of 
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isothermal martensite as a function of temperature 
has the same form as that obtained for ordinary 
nucleation and growth transformations. 

6—The transformation at low temperatures can- 
not be described in terms of the temperature de- 
pendence of the rate of growth. 

7—The initial martensite content, within the lim- 
its investigated, has no significant effect on the ini- 
tial rate of isothermal nucleation. 

8—It is possible to obtain a greater amount of 
martensite by an isothermal treatment at a high 
temperature than can be produced by quenching to 
a very low temperature. 

9—A prequench to —196°C, and subsequent iso- 
thermal transformation for 2 hr at a temperature 
lower than —30°C, results in less total transforma- 
tion than can be obtained by an identical isothermal 
treatment which is not preceded by the prequench. 

10—It is believed that a general martensite theory 
must include not only the basic concepts of the 
strain embryo theory, but also the important role 
of thermal fluctuations. 
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Technical Note 


Origin of Recrystallization Textures 


by J. E. Burke 


HE origin of recrystallization textures continues 

to be a matter of controversy. One explanation 
is that a recrystallization texture occurs because only 
grains having a limited range of orientations ever 
appear in the deformed matrix—the oriented nuclea- 
tion* hypothesis. Another explanation is that grains 
essentially having all orientations are nucleated but 
that those having certain orientations grow much 
more rapidly than any others in the deformation 
texture, and thus only the rapidly growing grains 
survive when recrystallization is complete. 

There has recently appeared a great deal of evi- 
dence’ to indicate that recrystallized grains of face- 
centered cubic metals are frequently related to their 
parent grains by rotations of 20° to 40° about a 
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common [111] direction. Furthermore, it has been 
observed that the growth rate of the new grains de- 
pends upon their orientations with respect to the 
matrix,” ° and that the most rapidly growing grains 
lie within the stated range of orientations. In a re- 
cent note, Beck’ has concluded from observations of 
this type that oriented growth alone is responsible 
for the appearance of preferred orientations in re- 
crystallized metals. It should be pointed out, how- 
ever, that many of the available data indicate that 
oriented nucleation operates in addition to oriented 
growth. Thus, while oriented growth may permit a 
selection to be made among nuclei of several orien- 
tations, only a limited number of orientations are 
available in the first place for such selection. 


* The terms “nuclei” and “nucleation” are used only to refer to 
the new grains that appear and grow during recrystallization, and 
imply nothing regarding the mechanism of their formation. 
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Fig. 1—Deformation textures of aluminum. 


The argument is as follows: If recrystallization 
textures arise from a selection of only a few orien- 
tations from an array of randomly oriented nuclei, 
then all crystallographically equivalent orientations 
should appear in the recrystallized specimen. For 
example, if rotations occur about [111], they should 


also occur about [111], [111], and fii: In no case 
has this full symmetry developed. It is repeatedly 
observed that only a reproducible few of the numer- 
ous equivalent orientations are found, which indi- 
cates that there is a reproducible preference in 
orientations of nuclei from which selection may be 
made by oriented growth. 

Kronberg and Wilson’ found that the new grains 
appearing after secondary recrystallization of copper 
were rotated by 22° or 38° about a [111] direction 
held in common with the cube texture matrix. If 
all crystallographically equivalent orientations de- 
veloped, 16 new orientations should appear, corres- 
ponding to rotations in either sense of two possible 
amounts about four <111> axes. Actually, with one 
exception in 63 observations, they found 22° rota- 
tions either clockwise about northwest and south- 
east <111> directions, or counterclockwise about 
northeast and southwest <111> directions. The roll- 
ing direction is north, and all 38° rotations are op- 
posed to 22° rotations. Thus, only eight new orien- 
tations appear. 

There is also evidence to indicate that the new 
grains may be related to the parent by rotation 
about only a reproducible few of the possible four 
<111> directions. Maddin, Mathewson, and Hibbard’ 
found that upon recrystallizing deformed single 
crystals of brass, the new grains were related by 
rotations about the poles of the octahedral planes 
upon which slip occurred, and about no others. 
Similar observations have been made in copper by 
Becker.* The deformation fiber texture of aluminum 
wire has a [111] axis parallel to the wire axis, and 
the fiber axis is apparently unchanged by recrystal- 
lization.* Beck’ has pointed out that if all new grains 
are related to their parents by a rotation about an 
appropriate [111] direction, the new texture would 
be indistinguishable from the old. The rotation must 
be about the [111] axis which is parallel to the fiber 
axis in each grain however, so that only one of the 
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four possible axes are chosen. Had the new grains 
been related by rotations about more than one of the 
[111] axes, a much more random texture would 
have been obtained. 

The recrystallization texture of rolled aluminum 
differs only slightly from the deformation texture. 
Beck and Hu” have explained this also by a rota- 
tion about <111> directions. The deformation tex- 
ture of aluminum consists of two pairs of orienta- 
tions, one of which is shown by triangles in Fig. 1. 
One half of the pair is shown as open triangles and 
the other by closed triangles. The two halves of the 
pair are related by a rotation of approximately 40° 
about an octahedral pole, A, which they have in 
common. If the new grains are related to the old by 
rotations in the correct direction about this pole, the 
halves of this component of the texture interchange, 
and the new texture will be indistinguishable from 
the old. A rotation of about 40° around pole B for 
the open triangles or around pole C for the closed 
triangles, in an appropriate direction, will transpose 
the deformation texture into the well-known cube 
texture, as shown by the positions indicated by X. 
Beck and Hu find traces of the cube texture in the 
recrystallized aluminum and have presented micro- 
scopic evidence to show that the first mentioned re- 
orientation (about pole A) does in fact occur. Thus 
again, while the new and apparently identical tex- 
tures can be explained in terms of a rotation about 
a single [111] direction, not all such poles are used, 
nor are rotations of both senses used. Again it seems 
necessary to assume that while some selection of 
orientations may have been made by oriented growth, 
only a limited number of orientations were produced 
at the time of nucleation. 

Beck’ has considered the problem created by the 
appearance of only a few of the crystallographically 
identical orientations in a recrystallization texture 
and has offered two possible explanations “‘in terms 
of the oriented growth hypothesis.” One is that nom- 
inally equivalent orientations do not have equal 
growth rates. While this explanation is consistent 
with the oriented growth hypothesis, there seems to 
be no evidence to support it. The other suggestion 
is that nuclei of all orientations do not appear. While 
this second explanation permits the operation of 
oriented growth as an assisting factor in producing 
a well-defined recrystallization texture, it appears 
to also state that oriented nucleation exists. 
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Time-Temperature-Transformation Characteristics 


Of Titanium-Molybdenum Alloys 


by D. J. DeLazaro, M. Hansen, R. E. Riley, and W. Rostoker 


of the isothermal transformation 

behavior and the TTT chart method of graph- 
ically summarizing such information has been of in- 
valuable aid to the ferrous metallurgist in under- 
standing and developing heat treatments intended 
to provide specific mechanical properties. It is to be 
expected that similar lines of study directed to 
titanium-base alloys will be as profitable. This paper 
summarizes, on conventional TTT charts, the iso- 
thermal transformation products and pertinent re- 
action rate data for binary alloys of titanium con- 
taining 1, 3, 5, 7, 9, and 11 pct Mo, respectively. 
The results so presented were derived from metal- 
lographic examination. Some X-ray diffraction work 
was done to clarify certain points of question. 


Ti-Mo System 

To the authors’ knowledge, TTT charts have only 
been used to describe the reaction rates of eutectoidal 
decompositions. It would seem that the kinetics of 
decomposition of any unstable solid solution might 
be conveniently described in this manner. The equi- 
librium diagram of the Ti-Mo system* is shown in 
Fig. 1. The similarity with the Fe-Ni system will be 
recognized. Additions of molybdenum serve to sta- 
bilize the 8B phase to increasingly lower tempera- 
tures. The solubility of molybdenum in the a phase 
is restricted to less than 1 pct at 600°C. Under nor- 
mal conditions, a homogeneous £ structure quenched 
to a temperature in the a + 8 field will reject a of 
invariant composition. The rate at which this occurs 
depends on the degree of undercooling and the de- 
gree of supersaturation of 6. The structural character 
of the rejected phase may also be expected to be 
related to the undercooling. 


Materials and Experimental Methods 

A sponge titanium was used which has a nominal 
impurity content as reported in Table I. The nominal 
composition of the molybdenum used is also included. 
The alloys were prepared in 150 g melts by arc melt- 
ing in an evacuated water-cooled copper crucible 
of the type reported in an earlier paper.’ The pan- 
cake-type ingots were forged to %4x¥% in. bars and 
homogenized for 24 hr at 1000°C in evacuated Vycor 
bulbs. Specimens %4 in. thick were cut from these 
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Fig. 1—Ti-Mo equilibrium diagram. 


bars for heat treatment. The heat treatment cycles 
followed an invariant procedure. The specimens 
were soaked at 1000°C for 20 min under a helium 
protective atmosphere prior to quenching into a lead 
bath held at a temperature corresponding to a chosen 
degree of undercooling. After a prescribed period 
of time at this temperature, the specimen was re- 
moved and water quenched. A series of specimens 
so treated for progressively longer periods served to 
establish the times for initiation and completion of 
the decomposition of the 8 phase at a particular 
temperature. 

Although heat treatment of unprotected speci- 
mens in a lead bath does permit surface contamina- 
tion by lead diffusion, this method is necessary to 
insure sufficiently rapid quenching rates. As long as 
the bath treatments were of less than 1 hr duration, 
the contaminated surface was not unduly deep and 
could be removed without excessive grinding. Metal- 
lographically, the contaminated zone could be readily 
distinguished from the pure binary alloy. 


Transformation Characteristics of Ti-Mo Alloys 
Metallographic examination showed that a super- 
saturated 8 phase may decompose by one of two 
processes. Alloys containing 1 to 9 pct Mo, when 
quenched in water from the homogeneous 8 field, 


Table |. Nominal Composition of Titanium and Molybdenum 


Ti, Pct Mo, Pct 
Ti 99.71 Mo 99.9+ 
Fe 0.10 c 0.015 max 
(cc 0.02 Co + Ni 0.02 max 
O 0.14 Oo 0.045 max 
N 0.005-0.009 
H 0.006 
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Fig. 2—Ti-1 pct Mo alloy. Fig. 3—Ti-5 pct Mo alloy. Fig. 4—Ti-9 pct Mo alloy. 
Figs. 2-4—Ti-Mo alloys in the as-quenched condition. X150. Etchant: 60 pct glycerine, 20 pct HNO,, 20 pct HF. 


Fig. 5—10 sec. Fig. 6—30 sec. Fig. 7—60 min. 


Figs. 5-7—Ti-3 pct Mo alloy held at 700°C for indicated times prior to quenching. X750. 
Etchant: 60 pet glycerine, 20 pct HNOs, 20 pct HF. 


Fig. 8—10 sec. Fig. 9—30 sec. Fig. 10O—10 m 


Figs. 8-10—Ti-7 pct Mo alloy held at 700°C for indicated times prior to quenching. X750. 
Etchant: 60 pct glycerine, 20 pct HNOs, 20 pct HF. 


Fig. 11—2 min. Fig. 12—10 min. Fig. 13—60 min. 


Figs. 11-13—Ti-11 pct Mo alloy held at 700°C for indicated times prior to quenching. X750. 
Etchant: 60 pct glycerine, 20 pct HNOs, 20 pct HF. 
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Fig. 14—TTT chart for Ti-1 pct Mo alloy. 
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Fig. 16—TTT chart for Ti-5 pct Mo alloy. 
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Fig. 18—TTT chart for Ti-9 pct Mo alloy. 


exhibit a uniform acicular structure. As may be seen 
from Figs. 2, 3, and 4, the general appearance 
changes somewhat with increasing molybdenum con- 
tent. It is generally accepted that an efficient water 
quench provides a cooling rate which is rapid enough 
to almost completely suppress the decomposition of 
an unstable phase, by a nucleation and growth mech- 
anism. From its large volume, it is reasonable to 
conclude that this acicular structure belongs to the 
family of metastable phases which form by some 
diffusionless process and which, in ferrous termin- 
ology, are referred to as martensites. In recent years, 
it has been recognized that this type of transforma- 
tion is quite common both in ferrous and in non- 
ferrous systems. Nor is the martensite type of re- 
action confined to suppressed eutectoid transforma- 
tions but, as in the case of Fe-Ni alloys, may occur 
in systems with open y (or #) fields. In line with 
nomenclature which has been used in this country,* 
it is proposed to refer to this phase as a’, as distinct 
from the normal equilibrium phase a. 

On examination of slow cooled specimens or speci- 
mens which have undergone isothermal heat treat- 
ments at moderate undercooling temperatures, de- 
composition appears to proceed by a time dependent 


* In several British papers, the term az has been used. 
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Fig. IS—TTT chart for Ti-3 pct Mo alloy. 
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Fig. 17—TTT chart for Ti-7 pct Mo alloy. 
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Fig. I9—TTT chart for Ti-11 pct Mo alloy. 


nucleation and growth process. The characteristics 
of this type of reaction are well known, and it will 
suffice to mention that the rejection of a from 
shows no unusual features. 

To determine the structure of the a’ phase and to 
obtain some idea of the extent to which 8 is con- 
verted to a’, a series of quenched powder samples 
with from 1 to 11 pct Mo was examined by X-ray 
diffraction. The lines from the 8 phase could be 
readily distinguished, and their sharpness lent sup- 
port to the assumption that no significant concentra- 
tion gradients had been established by a diffusion 
dependent reaction. The lines belonging to the new 
phase were generally broad and diffuse. They were 
identified as the pattern for a hexagonal close- 
packed structure with an axial ratio, as well as could 
be estimated from broad lines, which was very close 
to that of the normal equilibrium a phase. It may 
therefore be reasonably concluded that the acicular 
structure is a supersaturated a phase having the 
composition of the original 8. Similar conclusions 
have been drawn regarding the nature of analogous 
phases in the Fe-Ni’ and the Fe-Mn’ systems. 

The diffraction patterns further showed that the 
proportion of 8 transformed to a on quenching to 
room temperature decreased with increasing molyb- 
denum content. An 11 pet Mo alloy showed only a 
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Fig. 20—Ti-3 pct Mo alloy quenched 
to 610°C, raised to 700°C, and held 


for 60 min prior to quenching. X750. 
Etchant: 60 pet glycerine, 20 pct 
HNOs, 20 pet HF. 


Fig. 21—Ti-3 pct 


few faint lines which could be interpreted as belong- 
ing to the a’ pattern. 


Isothermal Transformations 


Contemporary knowledge regards the isothermal 
decomposition of a supersaturated phase by a nuclea- 
tion and growth process as continuous with time. 
The rate of reaction, however, is often initially ex- 
ceedingly slow and decomposition products can only 
be detected after some time has elapsed. The bound- 
ary marking the start of precipitation on a TTT 
chart is therefore based on the times for a detectable 
amount of new phase to appear. 

The rejection of a originates predominantly at the 
grain boundaries. The effect is often quite striking. 
By careful examination of the grain boundaries it 
was relatively easy to detect the first onset of trans- 
formation. A time sequence for each of three alloys 
heat treated isothermally is shown in Figs. 5 to 13. 

It is considerably more difficult to decide when 
the transformation has reached completion. This 
condition was adjudged to have been reached when 
the dark etching decomposition structure had ap- 
parently consumed the light etching untransformed 
B. This criterion provides only an approximation, 
and represents a phase of solid state reaction studies 
where metallographic techniques are not advan- 
tageous. 

The TTT charts for alloys containing 1 to 11 pct 
Mo are presented in Figs. 14 to 19. The manner of 
plotting is conventional. An upper temperature level 
is marked, above which £ is stable. A lower tem- 
perature level marks the M, temperature, whose de- 
termination is discussed in the next section. Between 


Fig. 23—Ti-9 pct Mo alloy quenched to 
478°C, raised to 600°C for 12 min prior 
to quenching. X750. 

Etchant: 60 pet glycerine, 20 pct HNOs, 
20 pet HF. 
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to 660°C, raised to 700°C, and held 


for 60 min prior to quenching. X750. 
Etchant: 60 pet glycerine, 20 pct 
HNOs, 20 pet HF. 


Fig. 22—Ti-9 pct Mo alloy quenched 
to 454°C, raised to 600°C for 12 min 


prior to quenching. X750. 
Etchant: 60 pet, glycerine, 20 pct 
HNOs;, 20 pet HF 


Mo alloy quenched 


these two levels, two continuous curves delineate the 
time-temperature conditions for initiation and com- 
pletion of isothermal rejection of a. 

The charts are, in general, of the form normally 
encountered. Reaction rates seem to be accelerated 
with molybdenum additions from 1 to 7 pct. From 
7 to 11 pet Mo, reaction rates again become progres- 
sively more sluggish. 


Determination of M, Temperatures 

The metallographic determination of the M, tem- 
perature in steels is usually carried out by the well- 
known Greninger-Troiano method.* This method de- 
pends on the rapid tempering characteristics of the 
martensite and its darkly etched appearance, which 
stands in sharp contrast to originally retained aus- 
tenite transformed to martensite or retained on final 
quenching. Unfortunately, this method as it stands 
cannot be successfully applied to Ti-Mo alloys. The 
reason for this is that a’, on tempering, does not re- 
ject a fine dispersion of a second phase, as carbide in 
steel, with consequent dark etching properties. In 
fact, the a probably “tempers” by growth into ad- 
jacent 8 areas until the original molybdenum con- 
tent is diluted to the composition of a. It is not pos- 
sible to distinguish metallographically between a’ 
originally formed and that rejected by some later 
quench to room temperature. Accordingly, some 
modification of the Greninger-Troiano method was 
necessary. 

The problem of fixing the condition of 8 such that 
it can be readily distinguished from a’ is solved by 
isothermally transforming residual 8 at a tempera- 
ture in the region of the ‘‘knee” of the TTT curve. 
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The a’ platelets during this stage of heat treatment 
are relatively unchanged in their light etching char- 
acteristics. The isothermally decomposed £8 is dark 
etching and may be readily distinguished from a’. 
Figs. 20 to 23 show micrographs of alloys which have 
been quenched to temperatures above and below the 
M, temperature prior to isothermal decomposition of 
the retained 8. By this method, the M, temperature 
could be estimated to an accuracy of about +20°C. 
The dependence of M, temperature on molyb- 
denum content is illustrated in Fig. 24. It will be 


seen that between 1 and 9 pct Mo a linear relation- 


ship obtains. This linearity is in accordance with 
the behavior of the plain carbon and alloy steels and 
Cu-Al alloys.” Extrapolation of the line intersects 
the temperature axis well below the a/8 inversion 
temperature for pure titanium. This is also in gen- 
eral agreement with the behavior of other alloy 
systems. 

While 9 pet Mo exhibits a’ in profusion on quench- 
ing directly to room temperature, the 11 pct Mo alloy 


Fig. 25—Ti-9 pct Mo alloy held at 700°C for 2 sec prior to 


quenching. X750. 
Etchant: 60 pet glycerine, 20 pct HNOs, 20 pct HF. 


presents an apparently undisturbed field of residual 
8. This radical suppression of a’ formation seems to 
derive from some sort of stabilization. As an exam- 
ple of this, a specimen of 9 pect Mo quenched from 
1000° to 700°C and held there for just 2 sec prior to 
water quenching, shows no evidence of a’ on exam- 
ination, see Fig. 25. The structure is apparently com- 
pletely retained $8. On the other hand, the same 
alloy, when directly quenched into water, exhibits 
a pronounced a’ structure, see Fig. 4. Presumably 
then, even the extremely short time required to 
quench an 11 pct Mo alloy to room temperature is 
sufficient to suppress the formation of a’. 


Hardness of Heat Treated Ti-Mo Alloys 


Some general observations of hardnesses may be 
of interest, and are therefore reported. As-quenched 
hardnesses fall in the general range of 290 to 350 
VHN with no particular trend evident. It is difficult 
to say whether the a’ contributes hardness over and 
above that which the 8 structure would have at room 
temperature. The hardness of stabilized 8 in 7 and 
9 pet Mo is higher than that of a + 6 mixtures. 
However, this may well be a pre-precipitation phe- 
nomenon. The as-quenched 11 pct alloy with com- 
pletely retained 6 has a hardness of 300 VHN, while 
a 9 pct alloy which has a high proportion of a 
possesses a hardness of 350 VHN. These observations 
do not resolve the question, but would seem to in- 
dicate that a’ does not have as predominating an 
influence as martensite in steels. 
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Fig. 26—Hardnesses of an 11 pct Mo alloy isothermally decom- 
posed at various temperatures. 


Isothermal decomposition heat treatments gen- 
erally yield significantly higher hardnesses than 
quenching. A series of typical hardness vs. time 
curves for an 11 pct Mo alloy is shown in Fig. 26. 
The hardness trend is similar to age hardening in 
that the peak hardness occurs at about the first 
visible appearance of decomposition. Further, the 
time for peak hardness and the magnitude of the 
peak increase with decreasing aging temperature in 
accordance with normal age hardening behavior. 

Reheating of quenched alloys yields results which 
depend upon the amount of retained f. A 1 pct alloy 
is unaffected by any combination of time-tempera- 
ture of reheating. Alloys containing 3, 5, 7, and 9 
pet Mo show successively increasing hardness peaks 
on reheating. From our knowledge of relative pro- 
portions of a and 6 on quenching to room tempera- 
ture, it is evident that these hardness increases re- 
flect the isothermal decomposition of retained f. It 
would appear from these preliminary experiments 
that direct isothermal heat treatment provides su- 
perior control and maximum hardness to any com- 
bination of quenching and reheating cycles. 


Summary 

1—It has been shown that a supersaturated 6 
phase may decompose either by nucleation and 
growth of @ or by a diffusionless transformation 
to a’. 

2—The transformation products and pertinent re- 
action rate information may be represented on con- 
ventional TTT charts. 

3—The M, temperature for a’ formation is linearly 
dependent on molybdenum content. Dominant sta- 
bilization effects become operative above 9 pct Mo. 
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Technical Note 


Extent of Strain of Primary Glide Planes in Extended Single Crystalline Alpha Brass 


by R. Maddin 


N analyzing the relation between the orientation 

of new grains and that of the deformed matrix of 
axially extended and recrystallized single crystals 
of face-centered cubic metals, a two-stage rotation 
process’** is generally used where the first rotation 
is made in order to account for an “adjustment of 
orientation to the environment of strain.’” It has 
been argued that in spite of the difference of orienta- 
tion, which may amount to as much as 12° (in a 
brass), between the octahedral plane as observed 
in the parent lattice and in the recrystallized grain, 
it is believed to be a common plane in the sense that 
it constituted the nucleus in the parent strained 
crystal from which the new grain grew." 

A possible source of the deviation in orientations 
of a common pole in the new grain and that of the 
deformed single crystal matrix from which it has 
grown may be found in the distribution of strain 
resulting from the plastic deformation. It might be 
expected in view of the incongruent nature of shear’ 
that the perfection of the octahedral plane along 
which glide has occurred is disrupted and that this 
disruption constitutes the strain from which nuclei 
of new grains can grow during recrystallization. 
Evidence for the existence of strain along glide 
planes was first detected by Taylor® in 1927 and 
substantiated by Collins and Mathewson’ in 1940. 
In their investigations, however, the deformed single 
crystalline specimens (aluminum) were cut mechan- 
ically along the glide planes followed by mechanical 
polishing. X-ray exposures (glancing angle) of 
only 8 min with filtered radiation were used. It was 
later shown’ that this type of surface preparation 
did not remove with all certainty the mechanically 
disturbed surface. It was felt that a re-investiga- 
tion of this phenomenon using more refined tech- 
niques might reveal a more correct extent of the 
strain resulting from the deformation which might 
correlate the deviation of the common pole of the 
recrystallized grain with the acting slip plane of the 
matrix crystal. 

In accordance with these thoughts, a single crys- 
tal of a brass (70/30 nominal composition) ¥% in. in 
diam x 5 in. long, tapered as in previous experi- 
ments, was extended and carefully documented 
with respect to elongation and shear. Disks about 
3% in. thick parallel to the primary slip planes were 
cut from the specimen by means of an etch cutter.* 
These disks represented volumes of the specimen 
which had been extended 0, 5, 10, 15, and 20 pct. 
Copper Ka monochromatic radiation was obtained 
by reflecting 35,000 v copper radiation from the 
c-cleavage face of a pentaerythritol crystal. The 
monochromatic radiation was collimated and led on 
to the disk set at the proper @ angle for reflection 
from the primary (111) planes. The monochromatic 
beam was aligned in a plane containing the active 
slip direction. Following a 10 hr exposure at the 
theoretical Bragg angle, the disk was reset at 6 + 1°, 
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Table |. Extent of Strain in Disks Investigated 


Variation in Angle 


Perpen- 


Stress Parallel dicular 
Elonga- Axis to Slip to Slip 
tion, Rotation, Shear Direction, Direction, 
Pct Degrees “Abgleitung”’ Degrees Degrees 
0 0 0 2. 2 
5 1:5 0.098 6 7 
10 2.6 0.240 11 8 
as 4.6 0.311 13 13 
20 5.6 0.407 25 20 


6—1°,6+ 2°, 2°, etc., until no Bragg reflection 
was obtained. The disk was then rotated 90° about 
its polar axis, and the same X-ray procedure was 
used. The results are shown in Table I. 

It may be seen from the results in Table I that 
the plastic deformation (20 pct elongation) pro- 
duces fragments of the glide plane which are ro- 
tated or tilted as much as 25° from the normal posi- 
tion on a purely block slip model. In addition to 
the large variation in @ angle in the slip direction, 
there is a variation in @ as much as 20° in the direc- 
tion at right angles to the direction of slip, i.e., 

In view of the results shown, it may now be 
argued that the strain distribution finds its origin 
in the incongruent nature of the slip process.° The 
use of the two-stage rotation process seems valid in 
attempting to explain the relation between the ori- 
entation of recrystallized grains and the matrix 
from which they have grown. 
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Solubility of Carbon and Oxygen in Molybdenum 


by W. E. Few and G. K. Manning 


T has been known for some time that both inter- 

granular carbide and intergranular oxide phases 
cause brittleness in molybdenum. Parke and Ham!’ 
indicated that 0.0025 pct O present in molybdenum 
after solidification from the melt was sufficient to 
induce intergranular brittleness during forging. 
However, material containing 0.06 pct C could still 
be forged. However, adding this amount of carbon 
to insure deoxidation causes the formation of car- 
bides on freezing. These carbides are precipitated 
at grain boundaries, and Rengstorff and Fischer’ 
have shown they have an unfavorable effect on the 
room-temperature ductility of molybdenum. Takei’ 
in 1928 proposed that the solubility of carbon was 
a constant value of 0.30 pct from room temperature 
up to 1800°C. In 1935, Sykes, Van Horn, and Tucker‘ 
obtained X-ray data suggesting that the solid solu- 
bility of carbon in molybdenum was between 0.07 
and 0.09 pct at temperatures from 1500° to 2100°C. 
The a-solubility line for carbon was included in the 
Mo-C diagram given in the Metals Handbook’ as a 
tentative line based on the data of Sykes, Van Horn, 
and Tucker. 

In order to determine the partial phase diagrams 
for these systems, it was necessary to construct a 
high-temperature furnace suitable for heat treating 
molybdenum at temperatures up to 4000°F. A 
molybdenum resistance furnace was built for this 
purpose in which samples could be heat treated in 
a purified atmosphere and quenched from any de- 
sired temperature.° 


Experimental Work 

Solubility of Carbon: Arc-cast molybdenum sup- 
plied by the Climax Molybdenum Co. and 18-gage 
molybdenum wire samples produced by powder 
metallurgy at the Fansteel Metallurgical Co. were 
used in determining the a-solubility line for the Mo- 
C system. The cast molybdenum contained 0.032 
pet C initially. Two lots of 18-gage wire were used, 
one containing 0.011 pct C and the other 0.005 pct C 
initially. All material contained a carbide phase as 
received. Fig. 1 illustrates the carbides found in the 
untreated material. 

Heat treatment in a purified hydrogen atmosphere 
was found to reduce the carbon content in the as- 
cast molybdenum. Purified argon’ also decarburized 
molybdenum samples at temperatures above 3500°F; 
however, the carbon content remained constant dur- 
ing heat treatment in purified argon at lower tem- 
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Table |. Results of Heat Treatments on Both Cast and Powder 
Metallurgy Molybdenum 


All specimens quenched after the indicated time at temperature. 


Metallo- 

Tem- Cast or Carbon, graphic 

perature, Wire Pet Observa- 

oF: Specimen Heat Treatment (+0.003) tions 

4000 (C) Argon atmos., 1 hr 0.005 Single phased 
4000 (Sy Argon atmos., ¥% hr 0.006 Single phased 
4000 (C! Argon atmos., Ya hr 0.015 Single pnased 
4000 Argon atmos., ¥2 hr 0.018 Singie pnased 
4000 (6 Argon atmos., % nr 0.022 Contained ex- 
cess carbide 
4000 Argon atmos., hr 0.023 Contained ex- 
cess carbide 
3500 Ww Argon atmos., 1/20 hr 0.010 Single phased 
3500 (e Argon atmos., ¥2 hr 0.009 Single phased 
3500 WwW Argon atmos., ¥2 hr 0.010 Single pnased 
3500 WwW Argon atmos., 3 hr 0.011 Single phased 
3500 WwW Argon atmos., 5 hr 0.011 Single phased 
3500 (© Argon atmos., 1 hr 0.012 Single phased 
3500 (e Argon atmos., 3 hr 0.013 Contained ex- 
cess carbide 
3500 (@ Argon atmos., 3 hr 0.018 Contained ex- 
cess carbide 
3000 WwW 10-cm press. He, % hr 0.004 Single phased 
3000 WwW 10-cm press. He, 1 hr 0.005 Single phased 
3000 Cc Argon atmos., 5 hr 0.005 Single phased 
3000 WwW Argon atmos., 1 hr 0.009 Contained ex- 
cess carbide 
3000 WwW Argon atmos., 5 hr 0.010 Contained ex- 


cess carbide 


peratures. The argon was purified by passing it over 
titanium at 750°C and then through a magnesium 
perchlorate drying tower. The hydrogen was puri- 
fied by passing it through a commercial hydrogen 
deoxidizer, followed by a drying tower. 

Specimens having different initial carbon contents 
were heat treated in argon at 3500°F for periods 
ranging from 5 min to 5 hr and were analyzed for 
carbon. Samples of the same final carbon content 
had the same microstructures regardless of time at 
temperature. Furthermore, a gradient between 
center and surface in the amount of undissolved 
carbide particles present was never observed. It 
was concluded that at these low carbon levels, and 
at the high temperatures involved, diffusion pro- 
ceeds so rapidly that the specimen is always sub- 
stantially homogeneous in carbon content, in spite 
of the gradual loss in carbon. 

Based on the above findings, the following pro- 
cedure was used to determine the carbon-solubility 
limit at 3000°, 3500°, and 4000°F. At each of these 
temperatures, a number of samples were heat 
treated, as shown in Table I, and rapidly cooled to 
room temperature. Since the samples lost carbon 
in proportion to the length of time heated, a series 
of samples were obtained of varying carbon contents. 
By use of a rapid cooling rate, the phases present at 
the high temperature were retained at room tem- 
perature. 

All samples were examined microscopically. Those 
found to contain either no excess carbide phase or 
only a very small amount were then analyzed for 
carbon. The samples actually analyzed for carbon 
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were those which had carbon contents very close to 
the solubility limit. Consequently, the solubility 
line must lie between the compositions of the high- 
est carbon sample which did not show an excess 
carbide phase and the lowest carbon sample which 
did. Fig. 2 is a plot of the a-solubility line as deter- 
mined from the data presented in Table I. Fig. 3, 
a and b, shows representative micrographs of sam- 
ples used to establish the solubility line. When no 
excess carbide was visible as in Fig. 3b, the total car- 
bon, as reported by chemical analysis, was assumed 
to be in solid solution. 


Solubility of Oxygen: During early work to estab- 
lish the a-solubility line for the Mo-O system, it 
became apparent that the volatilization of molyb- 
denum oxide presented a serious experimental diffi- 
culty. It has been established that the molybdenum 
oxide, MoO,, exhibits an appreciable vapor pressure 
above about 1500°F.® There is also reason to believe, 
as the result of work at the Climax Molybdenum 
Co., that the oxide inclusions observed metallo- 
graphically in molybdenum are MoO,. 


During the present work, it was found, when 
wires were heated to 2000°F in the presence of sev- 
eral microns of oxygen pressure, that a dark brown 
oxide formed on the surface. This coating disap- 
peared if the oxygen pressure was lowered slightly. 
However, the cross-section of the wire decreased as 
the wire was held in an atmosphere of low pressure 
oxygen, and a blue-black precipitate formed in the 


a—Molybdenum sample containing 0.013 pet C, quenched 
from 3500°F. Solubility limit has been exceeded. 


Fig. 1 (left)—Typical carbide par- 

ticles observed in both as-cast and 

powder metallurgy molybdenum 
when received. X1000. 


Area reduced approximately 50 
pet for reproduction. 
a (left)—Cast molybdenum. 
b (right)—Powder metallurgy 
molybdenum. 


Fig. 2 (below)—Solubility limit of 
carbon in the Mo-C system. 
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colder portions of the furnace. Since MoO, is white, 
this suggests that, at temperatures above 2000°F, 
some lower oxide of molybdenum has an appreci- 
able vapor pressure. However, it could be that MoO, 
is the only volatile oxide and that the blue-black 
precipitate observed in the colder portion of the 
furnace forms by disproportionation of MoO,;. Be- 
cause there is some doubt, the term molybdenum 
oxide is employed in subsequent pages without at- 
tempting to specify the chemical formula. 

Several methods for measuring the solubility of 
oxygen in molybdenum were tried. An attempt was 


b—Molybdenum sample containing 0.010 pct C, quenched 
from 3500°F. All carbon is in solid solution. 


Fig. 3—Representative micrographs of molybdenum samples studied in establishing the solubility limit of carbon 
in molybdenum. X1500. Area reduced approximately 50 pct for reproduction. 
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made to use a flowing atmosphere of pure oxygen 
at a controlled low pressure, such that a thin layer 
of molybdenum oxide was maintained on the wire 
surface. It was planned to remove the surface ox- 
ide film, either chemically or mechanically, and to 
then analyze the wire for oxygen. The procedure 
proved unsuccessful because it was found that ox- 
ide was formed not only at the wire surface but also 
below the wire surface. The reason for the internal 
oxide formation under these conditions is not clear, 
but it may have been caused by temperature fluctu- 
ations. When an oxide film was formed on the wire 
surface, the emissivity increased and the tempera- 
ture dropped several hundred degrees Fahrenheit. 


Table II. Results of Heat Treating Molybdenum in an Atmosphere 
of Low-Pressure Oxygen 


Tem- Time Atmos- 

pera- at phere 

ture of Tem- During Oxy- 

Heat pera- Heat Metallo- gen, 
Type of Treat- ture, Treat- graphic Pct by 

Molybdenum ment Hr ment Examination Weight 
Climax 26 None As cast Excess oxide 0.0074* 
Climax 59 None As cast Excess oxide 0.0030* 
Fansteel wire None As drawn Single phased 0.0017} 
Fansteel wire 1800°F 3 Oz Excess oxide 
Fansteel wire 1800°F 5 Oz Excess oxide 
Fansteel wire 2000°F 1 Oz Single phased 0.00407 
Fansteel wire 2260°F 1 Oz Excess oxide 0.0061; 
Fansteel wire 2300°F 3 Oz Excess oxide 0.0056; 
Fansteel wire 2450°F VY, Oot Single phased 0.0046; 
Fansteel wire 2450°F 2 Oot Single phased 0.00427 
Fansteel wire 2500°F Wy Oz Excess oxide 0.0128+ 
Fansteel wire 2500°F Oz Excess oxide 0.01347 
Fansteel wire 2500°F Oz Excess oxide 0.00717 
Fansteel wire 2500°F 3 Oz Excess oxide 0.0242+ 
Fansteel wire 2500°F Oz Excess oxide 0.0328+ 
Fansteel wire 2750°F V4 Oot Single phased 0.00497 
Fansteel wire 2750°F 2 Oot Single phased 0.0040} 
Fansteel wire 2950°F VY, Oot Single phased 0.0055 
Fansteel wire 2950°F 2 Ost Excess oxide 0.0067 
Climax 59 3000°F 5 + Purified Single phased 0.0040 


argon 


* Accuracy of analysis = 0.0005 pct. 
+ Accuracy of analysis = +0.0002 pct, or 10 pct of reported values, 


+ About 90 pct of the oxygen pressure required to maintain an oxide 


film on the wire surface. 
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The temperature drop was compensated for by in- 
creasing the current flow in the wire. However, as 
the temperature was raised, there was a tendency 
to exceed the desired temperature, volatilize the ox- 
ide film, and then repeat the entire cycle in trying 
to establish the desired conditions. Such tempera- 
ture cycling may have been the cause of the internal 
oxide formation. 

Next, an attempt was made to use a closed system 
in which the furnace was initially charged with a 
low pressure of oxygen and then sealed off com- 
pletely. It was thought that an oxide film might 
form on the wire surface which would persist for 
sufficient time to establish equilibrium across the 
wire but eventually would volatilize. Furthermore, 
it was hoped that the internal oxides would disap- 
pear at the same time the surface film disappeared. 
The treatment would be stopped at the time the sur- 
face film disappeared. Analysis of the wire would 
indicate the dissolved oxygen in equilibrium with 
the solid oxide. However, the procedure was not 
successful because at temperatures above about 
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Fig. 6—Solid solubility of oxygen in molybdenum. 
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a—Cast molybdenum. X1250. 


b—Powder metallurgy molybdenum. X1000. 


Area reduced approximately 50 pct for reproduction. 
Fig. 7—Typical oxide particles obseryed in cast and powder metallurgy molybdenum. 


2500°F, the oxide film persisted only for a short 
time—so short a time that there was no assurance 
that there was not an oxygen-concentration gradi- 
ent within the wire. 

Finally, a modification of the first procedure (in 
which a flowing atmosphere of oxygen was main- 
tained) was used. The molybdenum wires were 
heated to the desired temperature and the oxygen 
pressure slowly raised until an oxide film formed. 
This pressure was recorded. The oxide film was 
then removed by evacuating the system and raising 
the temperature of the wire if necessary. A new 
cycle was started. The wire was reheated to the 
desired temperature and the oxygen pressure raised 
to about 90 pct of the pressure at which an oxide 
film had formed. After the desired period of time, 
the wire was rapidly cooled to room temperature. 
It was then examined metallographically to deter- 
mine whether or not internal oxide particles had 
formed. Those samples exhibiting no oxide, or con- 
taining only a small amount of oxide, were analyzed 
for oxygen. This procedure was found to be satis- 
factory and was used in obtaining the following data. 

Hight 12-gage wires connected in parallel were 
heated by passing an alternating current through 
the cage. Fig. 4 shows the details of the cage. Tem- 
peratures were determined by sighting an optical 
pyrometer through the gap in the cage onto the in- 
side cage wall. It had previously been determined 
that the inside surface of the cage represented black- 
body conditions. 

The furnace was first evacuated to about 2 microns 
and the wire cage raised to the desired temperature. 
While still pumping on the furnace, a controlled 
leak of pure oxygen was allowed to enter the fur- 
nace through two needle valves connected in series. 
As the oxygen pressure was increased, a point was 
reached at which oxide formed on the wire surfaces. 
This point could be detected by a decrease in the 
black-body temperature of the wire and a decrease 


* There is a temptation to use the data given in Fig. 5 as a 
basis for calculating the AF° of formation of the oxide phase in- 
volved (probably MoOs). If the oxygen pressures recorded are 
equal to the dissociation pressure of the oxide, then the free energy 
of the reaction may be calculated from: 


AF° = —RT In Po, 


The data may yield quite acceptable values for the AF° of the re- 
action when used in this way. However, it may be that the data 
do not represent the true dissociation pressures of the oxide and, 
therefore, will not vield acceptable AF°® values for the following 
reasons: 1—The reaction was proceeding at a slow, but certainly 
finite, rate when the observations were made. 2—An oxide vapor 
phase formed at the wire surface. The vapor pressure of the oxide 
is not known, but it may have been sufficient to appreciably lower 
the oxygen pressure at the wire surface beyond that observed in 
the cold portion of the furnace. 
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in the emissivity difference between the inside and 
outside of the cage. ; 

The oxygen pressure required to maintain a solid 
oxide film on the wire surface was determined for 
the temperature range 2300° to 2950°F. Fig. 5 is a 
plot of the oxygen pressure just sufficient to produce 
a solid oxide on the wire surface vs. temperature. 
It should be pointed out that this curve does not 
represent the oxygen pressure in equilibrium with 
solid molybdenum oxide; rather, it represents the 
oxygen pressure (as read in the cold portion of the 
furnace) at which the rate of oxide formation bal- 
ances the rate of oxide vaporization.* At tempera- 
tures above 2950°F, the wire reduced in cross-sec- 
tion so rapidly that experiments could not be per- 
formed satisfactorily. 

The heat-treating conditions and resulting oxygen 
determinations (by vacuum fusion) of the samples 
treated in the above manner are given in Table II. 
The a-solubility line, as determined from the data 
in Table II, is presented in Fig. 6. The line in Fig. 6 
represents a three-phase equilibrium between gase- 
ous oxygen, molybdenum oxide, and oxygen dis- 
solved in metallic molybdenum. There is no cer- 
tainty, however, that the oxygen pressures recorded 
in Fig. 5 are the true equilibrium pressures. With 
a few exceptions, only samples found to be single 
phased or showing quite small amounts of oxide, as 
determined by the microscope, were analyzed for 
oxygen. Fig. 7 shows micrographs of samples con- 
taining an excess oxide phase. 
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Influence of Carbon On 


The Lattice Parameter of Molybdenum 


by Rudolph Speiser, J. W. Spretnak, W. E. Few, and R. M. Parke 


At very low concentrations, carbon dissolves interstitially in molyb- 
denum resulting in a linear expansion of lattice parameter with in- 
crease of carbon in solid solution. Geometrical consideration of the 
relative size of carbon atom to size of interstice approximately pre- 

dicts the observed volume expansion. 


Pile element carbon, occurring in molybdenum, 
either as an unavoidable impurity, or purposely 
added, markedly affects the mechanical properties 
of molybdenum. Several investigators’* have noted 
the occurrence of molybdenum carbide at the grain 
boundaries of cast molybdenum, and Fischer and 
Rengstorff* have shown that this intergranular con- 
stituent can induce intergranular brittleness. 

The appreciable change, with temperature, of the 
solid solubility of carbon in molybdenum, found by 
Few and Manning,’ suggests other important effects 
upon mechanical properties. Finally the relative 
atom diameters of carbon and molybdenum (the 
ratio of atom diameters is 0.59) are indicative, by 
analogy with iron (ratio of carbon atom diameter 
to iron atom diameter is 0.65), of a possible inter- 
stitial solid solution. If carbon dissolves intersti- 
tially in molybdenum, anelastic effects and age- 
hardening effects, similar to those observed in other 
body-centered cubic metals, could be expected. 
However, from the work of Sykes, Van Horn, and 
Tucker,’ it might be inferred that carbon forms only 
a substitutional solid solution with molybdenum. 
These considerations made it desirable to study the 
effect of carbon on the lattice parameter of molyb- 
denum in greater detail than heretofore. 

All heat treating was done in a high temperature 
furnace’ built specifically for heat treatment of 
molybdenum. The temperatures and times of heat 
treatment were determined from the a solubility 
limit for the Mo-C system.’ These heat treatments 
were carried out in argon which was purified with 
respect to N, and H.O.* Purification of the argon 
was accomplished by passing the argon over hot 
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(750°C) titanium and then through a magnesium 
perchlorate drying tower. As many as six samples 
were run concurrently and quenched at different 
times without interrupting the furnace cycle. Both 
the purity of the furnace atmosphere and ability to 
quench samples from any temperature up to 4000°F 
were of prime importance in the successful heat 
treatment of samples for the lattice parameter in- 
vestigation. 
Carbon Analysis 

The Leco Combustion apparatus was used for car- 
bon analysis. This apparatus is capable of an accu- 
racy of + 0.003 pct for a 1 g sample in the range 
below 0.10 pct. However, it is felt the degree of 
accuracy is somewhat better than this limit in view 
of the consistency evident by cross checking a num- 
ber of determinations. The Battelle Analytical 
Laboratory consistently reported check results to 
within + 0.001 pct C. 


X-ray Measurements 

The molybdenum wire specimens (20 mils) were 
carefully filed down to about 12 mils and then 
etched with nitric acid to 8 mils. Carbon analyses 
were made on specimens before reduction in size; 
however, since there was no evidence of surface 
carburization, it is probable that the carbon was 
uniformly distributed throughout the sample. The 
resultant specimens were strain free and small 
enough to minimize the error in the lattice parameter 
determinations due to X-ray absorption. 

Diffraction patterns were obtained with a Debye- 
Scherrer powder camera 114.59 mm in diam utiliz- 
ing the Straumanis type asymmetrical film mount- 
ing. Nickel-filtered copper Ka radiation and zir- 
conium-filtered molybdenum Ka radiation were 
used. Line positions on the film were measured 
with a traveling microscope equipped with a vernier 
scale permitting measurement to 0.001 cm. The 
average of five readings was used to determine the 
position of each line. 

The lattice parameter for each specimen was de- 
termined from the data by the extrapolation method 
of Bradley and Jay,’ i.e., the intercept at 90° of the 
straight line obtained by plotting the apparent lat- 
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Fig. 1—Lattice parameter measurements of molyb- 
denum with varying carbon content. 


Numbers refer to sample numbers, data for which 
are given in Table I. 


tice parameter for a given Bragg reflection angle @ 
vs. cos’@. Only back reflections were used in this plot. 


Results of Parameter Measurements 


The results of the measurements of lattice parame- 
ters of molybdenum samples with varying carbon 
contents are presented in Table I and.are plotted in 
Fig. 1. The parameter for pure molybdenum is that 
given by Lee and Chang.” The 0.0135 pct C speci- 
men was furnished by Climax Molybdenum Co. The 
earbon content was reported as 0.012 to 0.015 pct. 
All parameters reported here are in Angstrom units. 


Table I. Lattice Parameters of Molybdenum-Carbon Alloys 


Lattice 
Sam- Para- 
ple Type Heat meter, 
No. Material Treatment C, Pet A 
o* None 0.00 3.14664 
1 Wrought wire Held 3000°F for 4 0.005 3.14694 


hr; quenched on 
water-cooled steel 
platen 


2 Wrought wire Held 3500°F for % 0.011 
hr; quenched 


3.14729 


Held 4000°F for % 0.018 
hr; quenched 


3 Climax cast 3.14768 


4 Wrought wire Held 3800°F for “%4 0.011 
hr; quenched 


3.14726 


5 Wrought wire Held 3800°F for %4 0.011 
hr; quenched. Re- 
heated to 3000°F 
for % hr; 
quenched 


3.147227 


6 Wrought wire Held 3800°F for 0.011 
hr; furnace cooled 
to 2000°F, held % 
hr; quenched 


3.14710+ 


if Wrought wire Sample, Climax 
Molybdenum Co., 
as-received 


0.012-0.015 3.14740 


* Data of Lee and Chang.1° 
+ Not used in fitting data to equation of a straight line because of 
heat treatment. 
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Referring to Fig. 1, it is evident that a good linear 
positive relationship (with the exception of point 
No. 6) exists between the lattice parameter of 
molybdenum and the carbon content in solid solu- 
tion. Thus, in the range of concentration studied in 
this research, carbon expands the lattice parameter 
of molybdenum, contrary to the previous report of 
Sykes et al.,° who claimed a contraction of the 
parameter with increasing carbon content. The 
present data extrapolate very well to the value of 
3.14664A for pure molybdenum given by Lee and 
Chang. 

The least squares line of best fit is a, = 0.05705 
(wt pet C) + 3.14665. The correlation coefficient is 
r = 0.996, indicating a high degree of correlation. 
The standard deviation of the correlation coefficient 
is 0.00326, meaning that the current estimate of this 
statistic lies in the range of the true correlation co- 
efficient + 0.00978. The standard error of estimate 
of the lattice parameter (Sey) is 0.000029, giving a 
total expected error of + 0.00009. 

The lattice parameter for specimen No. 6 lies con- 
siderably below the straight line drawn through the 
other points in Fig. 1. This is undoubtedly due to 
the fact that, although the specimen contains 0.011 
pet C, all the carbon is not in solution. Carbon, 
whether at the grain boundary or precipitated as the 
carbide, would not contribute to the lattice parame- 
ter expansion of molybdenum since the size of the 
lattice parameter would only depend upon the 
amount of carbon in solid solution. The anomalous 
behavior of specimen No. 6 is due to the heat treat- 
ment it received, see Table I. 


The data in Table I and Fig. 1 yield definite in- 
formation on the nature of the solid solution formed 
by carbon in molybdenum. The ratio of the radius 
of the carbon atom to the radius of the molybdenum 
atom is 0.59. Therefore, if the solid solution were of 
the substitutional type, carbon would contract the 
lattice of molybdenum. In the interstitial type, car- 
bon would expand the parameter. Since the current 
data show that carbon does indeed expand the lat- 
tice, the conclusion must be drawn that carbon 
forms an interstitial solid solution in molybdenum. 
This conclusion is in agreement with Hagg’s rule” 
concerning the effect of atomic size ratios on solid 
solution formation. 


It is interesting to calculate what the expansion of 
the molybdenum lattice parameter would be on the 
basis of Vegard’s law” due to the interstitial solid 
solution of carbon. The interstitial octahedral holes 
in a body-centered cubic crystal structure are not 
symmetrical. The dimension of the hole in the di- 
rection between the two atoms in the (% % ) 
positions in two adjacent unit cells is (1 — \/3/2) x 
a ~ 0.42A (a = 3.147A for molybdenum), whereas 
the dimension of the hole in the plane bisecting this 
line is (\/2 — \/3/2) X a ~ 1.72A. The diameter of 
a carbon atom with a coordination number of 6 is ~ 
1.60A. A carbon atom placed in this distorted octa- 
hedral hole will cause a linear contraction of the 
lattice parameter a of (1.72 — 1.60) x cos 45° ~ 
0.08A and an expansion of 1.60 — 0.42 ~ 1.18A. But 
these dimensional changes can take place in any of 
three directions, hence the net isotropic expansion 
will be: 

1.18 — 0.08 


0.37A 
3 


Now a 0.005 pet by weight solution of carbon in 
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molybdenum is a ratio of carbon : molybdenum : : 
1: 2500. One carbon atom is shared between two 
unit cells, therefore, the average increase in the 
lattice parameter of molybdenum due to the solu- 
tion of 0.005 pet by weight of carbon is: 


The observed increase in lattice parameter is ~ 
0.0003A, which is in good agreement with the pre- 
diction considering that it is probable that there is 
a contraction of the carbon atom upon dissolving 
interstitially in the molybdenum lattice. 


Conclusions 


At very low concentrations, carbon dissolves in- 
terstitially in the molybdenum lattice resulting in a 
linear increase in the lattice parameter with an in- 
crease of carbon in solid solution. 
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Technical Note 


Relation Between the Volume of Martensite And 


The Number of Martensitic Plates per Unit Volume 


by E. S. Machlin 


ECENTLY, there has been much activity in the 
field of nucleation of martensitic transforma- 
tions.’* One of the problems in this field is the cal- 
culation of the rate of nucleation (number of plates 
nucleated per unit untransformed volume per unit 
time) in terms of observable parameters. Two such 
observable parameters are the fraction of the length 
of a straight line which corresponds to the portion 
of the total length of the line that lies in the mar- 
tensitic phase and the number of plates intersected 
by this straight line per unit length of line. Because 
of the necessity of a valid answer to this problem, 
the following investigation was undertaken. 
Although this problem has been treated in the 
past, a derivation of the relation between the volume 
and linear fractions of martensite will be described 
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to illustrate the method used in the succeeding 
analyses. 

It is assumed that the martensitic plates are in the 
form of a right circular cylinder having a small 
height relative to the radius of the base. The vol- 
ume fraction of martensite is then: 


where f, is the volume fraction of martensite, and 
N;; is the number of plates per unit total volume 
having the area A; and the height h,. 

The linear fraction of martensite is obtained as 
follows. For the plates having the particular area A, 
and height h,, the fraction sin @ dé* will have their 
cylinder axes between the angles #0 and @ + dé to the 
straight line along which the linear fraction of mar- 


* It is assumed in this step that the orientation of the martensitic 
plates in space is random. Then the fraction of the axes lying be- 
- 2 x sin Rdg 

tween and 6+ d4 is ————————_- = sin 


4rR2 
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Fig. 1—Relation between number of 
martensite plates per unit length of 
linear traverse and volume fraction. 


tensite is observed. The contribution of these par- 
ticular plates to the linear fraction intersected by 
the straight line is: 


= sin 6 N,, A, COs 8 [2] 


j 
os 

In eq 2 the term sin 6 dé N,; A; cos 6 is the num- 
ber of plates which intersect the straight line per 
unit length of line, and h,/cos @ is the length of line 
intersected per plate. Further, sin 6 d@ Ni, is the 
number of plates per unit volume having area A; 
and height h, arranged with their axes at the angle 
@ to the line. Also, A; cos 6 represents the “‘colli- 
sion” cross-section of these plates. In other words, 
all plates having the collision cross-section A; cos @ 
which also have their centers of symmetry within 
the cylinder of volume A; cos @, will intersect the 
axis of this cylinder. 

The total linear fraction 
straight line is then: 


intersected by the 


A, h; =f. [3] 


The basis of lineal analysis as applied to mar- 
tensitic plates is thus established. 

The number of plates intersected per unit length 
of line is by the above reasoning: 


N, = f*sin dON,, Ai cos 0 [4] 
49 


If h,; is a constant, then a simple relation between 
the number of plates intersected per unit length of 
line and the volume fraction exists. Eq 1 becomes 
in this case: 

f.=h x N,A;, [6] 


+ The volume of the plates already formed is neglected in this 
treatment but can easily be accounted for by substituting 


Vu \2/3 Vo \1/8 
{ Ca —C2 for Ai where Cz is mw for a 


sphere and 2 for a cube. 
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But in this case: 
N,= [7] 
4 


Hence: 


= fe [8] 


Just this simple relation, eq 8, was found by 
Molinder* in his investigation of the martensitic 
transformation in chromium steels. His data are 
reproduced in Fig. 1. The value of the thickness h 
calculated from the slope is 1.5x10* cm. This value 
is of the order of magnitude of the thickness ob- 
served from micrographs of the transformation in 
this alloy. 

Using this result, the desired relation between the 
volume fraction and the number of nuclei activated 
can be obtained. It is assumed that the plates sub- 
divide the austenite into subvolumes such that the 
area of the next plates to form are proportional to 
the two-thirds power of the volume in which the 
plates form. Hence: 


Gh 
1/3 1/3 [9] 
V, 


where V, is the average volume of an austenite 
grain, and C, is the parameter of order of 5 for 
spherical shape and 1 for cubic shape of the sub- 
volume of austenite. 

For M larger than 4, eliminating M in eqs 9 and 


10 yields: 
2 


1 


A more accurate relation takes into account the 
volume of the plates already formed and is: 
Grits 


| 1 
Nee — 


Summarizing, it appears that the assumption of a 
constant thickness for martensitic plates is consistent 
with the data. Using this assumption a relation can 
be obtained between the volume fraction of mar- 
tensite and the number of martensitic plates per unit 
volume (the number of nuclei activated per unit 
volume). The basis of the application of lineal 
analysis for measuring the volume fraction of mar- 
tensitic plates is also re-established. 


f, =4Cih | wn [11] 


4C 


| [12] 
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Preferred Orientation of Arc-Cast Molybdenum Sheet 


by M. Semchyshen and G A. Timmons 


The predominant orientation in both straight-rolled and cross-rolled 
molybdenum is the {100} [110] texture. Upon complete recrystallization, 
this same texture predominates, but there is less spread about the ideal 
orientation. A secondary orientation about the [111] direction as the 
axis develops in cross-rolled sheet. Compression-rolled sheet exhibits 
random orientation in the plane of the sheet. Some mechanical properties 
were measured at varying angles to the rolling direction to determine the 
effect of preferred orientation on anisotropy in molybdenum sheet which 

had been straight, cross, or compression rolled. 


HE development of the arc-cast process has 

made available large ingots of molybdenum 
from which it is possible to roll sheet of considerable 
size. It is anticipated that such sheet will be further 
fabricated by spinning, drawing, stamping, or form- 
ing. Anisotropy of physical properties caused by 
the preferred orientation developed in the sheet 
during rolling may be expected to affect the be- 
havior of the metal when subjected to these fabri- 
cating operations. To produce a sheet which will be 
most amenable to the fabrication of a given shape 
by a particular operation, consideration should be 
given to the directions and magnitudes of plastic 
deformations produced in the operation. When pos- 
sible, the rolling schedule should be controlled to 
develop a texture which favors the required de- 
formation. 

The existence of preferred orientations in rolled 
molybdenum sheet has been reported by Jeffries,’ 
Konobejewsky,’ Fujiwara,’ Goss,* and Ransley and 
Rooksby.® None of these investigators obtained 
sufficient X-ray data to permit the construction of 
pole figures; instead, they based their conclusions 
upon Debye-Scherrer patterns of a limited number 
of positions. Ransley and Rooksby devoted some 
attention to transcrystalline cleavage at 45° to the 
rolling direction, indicating that it is appreciable in 
polycrystalline material only when the crystals are 
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in the ideally preferred condition, and that this con- 
dition is only approached if the metal has been rolled 
successively in two perpendicular directions. In a 
recent paper, Custers and Riemersma’® introduced 
the first pole figures to describe the textures of 
straight-rolled and cross-rolled molybdenum sheet. 

To increase the knowledge concerning the genera- 
tion and effects of preferred orientations in molyb- 
denum sheet, an investigation was undertaken to 
determine the effects of variations in rolling sched- 
ule and annealing treatments on preferred orienta- 
tion, and to correlate preferred orientations with 
some mechanical properties. The orientations of 
straight-rolled, cross-rolled, and compression-rolled 
sheet have been determined by X-ray analysis, both 
as-rolled and after recrystallization. Pole figures 
have been constructed to describe the textures pro- 
duced by these various rolling procedures. 


Texture of Cast Molybdenum Ingots 

In the arc-cast process, molybdenum powder is 
pressed into a vertical column which is sintered to 
increase its strength as it proceeds downward into 
a water-cooled mold, where the metal is melted in 
an alternating-current arc established between the 
end of the formed powder electrode and the metal 
bath at the top of the growing ingot. 

Since the solid-liquid interface moves continu- 
ously upward in the mold, the crystal axes are not 
normal to the cold surface of the mold but have the 
curvature shown in Fig. la. X-ray analysis reveals 
that the cube axis is the fiber axis and that it is 
normal to the cold surface of the mold; that is, the 
[100] direction is parallel to the longitudinal axis 
of the ingot. This substantiates recent work by 
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Fig. |—Longitudinal and cross-sections of a 3 in. arc-cast molybdenum ingot. 


Fischer and Jackson.“ Thus, the arc-cast molyb- 
denum ingot exhibits a preferred orientation similar 
to that of other body-centered cubic metals when 
solidified in metal molds. 


Experimental Procedure 


Preparation of Sheet: The two ingots from which 
the sheets for this investigation were produced, 
were melted and cast by the vacuum-are process.‘ 
The ingots contained less than 0.2 pct impurities, 
which included carbon contents of 0.03 and 0.05 pct, 
respectively. , 

The ingots were hammer forged to sheet bars %4 
in. thick at forging temperatures in the range 2400° 
to 1900°F. X-ray diffraction patterns of the 4 in. 
sheet bars detected no preferred orientation, indi- 
cating that the forging operation had destroyed the 
casting texture. The forged bar was rolled to strip 
0.075 to 0.087 in. thick after heating to 2150°F. 


* The terms straight, cross, and compression rolling commonly 
have the following interpretation and are so employed in this re- 
port: 

1—Straight rolling: All rolling conducted parallel to the original 
longitudinal axis of the ingot. 

2—Cross rolling: Rolling in two perpendicular directions, i.e., al- 
ternate rolling parallel to the longitudinal axis of the ingot and at 
right angles to the axis; sufficient passes are made in one direction 
to reduce the sheet thickness about 25 pct before changing the roll- 
ing direction. 

3—Compression rolling: During the rolling operation, the sheet is 
rotated 10° to 20° between each successive pass. A reference direc- 
tion is arbitrarily selected for compression-rolled sheet and all 
manipulation of the specimens is based upon this direction. 
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Three separate procedures were followed to cold 
reduce the strip to thinner gages. In each procedure 
most of the sheet was retained at a thickness of 
0.010 in., but some small sections were reduced to 
the minimum thicknesses that could be obtained 
with the laboratory rolling mill available for these 
experiments. These minimum thicknesses ranged 
from 0.0065 to 0.0055 in., corresponding to total re- 
ductions of the strip equivalent to 88.5 to 94 pct. 
The three procedures are described as follows: 

1—Straight rolling* at room temperature without 
intermediate annealing: Reduction for pole figure 
sample, 93.3 pct; reduction for mechanical test sam- 
ple, 88.5 pct. 

2—Cross rolling at room temperature without in- 
termediate annealing: Reduction for pole figure 
sample, 90 pct; reduction for mechanical test sam- 
ple, 85 pct. 

3—Compression rolling; owing to the peculiar na- 
ture of this procedure, the sheet developed a greater 
width than in the other two rolling schedules, there- 
fore the metal was heated to 500°F between each 
pass until a thickness of 0.036 in. was obtained to 
reduce its hardness and thus facilitate reduction in 
the small two-high rolling mill. From 0.036 in. to 
the final thicknesses of 0.010 in. and 0.0055 in., the 
sheet was rolled at room temperature in a four-high 
mill which was capable of rolling the wider sheet 


Fig. 2—Molybdenum sheet 0.0065 in. 
thick reduced 93.3 pct by cold roiling. 
Etched in 0.65 pct NaOH + 2.33 pct 
K,Fe(CN),. X1000. 
Area reduced approximately 50 pct 
for reproduction. 


a (left)—As-rolled. 
b (right)—Annealed 15 min at 2400°F. 
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Fig. 3—{100} pole figure for straight-rolled molybdenum sheet re- 
duced 93 pct by cold rolling. As-rolled. 


L) [110] as rolling direction, {100} as rolling plane. 
} [110] as rolling direction, {113} as rolling plane. 
© [110] as rolling direction, {112} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 


without heating. No intermediate annealing was 
used at any stage of this procedure. Reduction for 
pole figure sample, 88.5 pct; reduction for bend test 
sample, 83.5 pct. 

Samples from each sheet were annealed in a 
vacuum furnace at 2400°F for 15 min to accomplish 
complete recrystallization, and additional samples 
were annealed at 2800°F in the same furnace to de- 
termine whether any change in preferred orientation 
resulted from excessive grain growth. Microstruc- 
tures of the straight-rolled sheet are shown in Fig, 2 
before and after annealing at 2400°F. 

X-ray Technique: Specimens for pole figure de- 
terminations were prepared from the samples which 
had received the greatest amounts of cold rolling, 
in order to obtain diffraction patterns representative 
of the maximum degree of preferred orientation for 
each rolling schedule. Prior to X-ray exposure, all 
specimens were etched in hot 90 pct KOH + 10 pct 
NaNO, to remove oxide films and to reduce the 
thickness to 0.005 in. 

Unfiltered molybdenum radiation was used for all 
diffraction patterns. The X-ray beam was collimated 
through a pinhole system. The specimen was 
mounted in a goniometer which permitted accurate 
measurement of the angle of rotation about the 
vertical axis of the specimen without removing the 
specimen from its mounting during the entire series 


Table |. Pole Figure Data 


Type of Rolling 
Planes Represented 


Figure and Annealing Treatments 
Straight-rolled, as-rolled {100}, {110}, {112} 
Gears Straight-rolled, annealed at 2400°F, 
completely recrystallized {100}, {110} 
8, 9, Cross-rolled, as-rolled {100}, {110} 
LO Cross-rolled, annealed at 2400°F, 
completely recrystallized {100}, {110} 
12 Compression-rolled, as-rolled {110} 
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Fig. 4—{110} pole figure for straight-rolled molybdenum sheet re- 
duced 93 pct by cold rolling. As-rolled. 


(J [110] as rolling direction, {100} as rolling plane. 
} [110] as rolling direction, {113} as rolling plane. 
© [110] as rolling direction, {112} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 


of exposures. The starting position was selected so 
that the X-ray beam was perpendicular to the roll- 
ing plane and the rolling direction of the sheet speci- 
men was vertical. A series of transmission patterns 
was obtained from 0° to 85° in 5° intervals, by rotat- 
ing the specimen clockwise about the vertical axis. 
A second series of photograms was made after the 
specimen had been rotated 90° in its own plane and 
then rotated clockwise in 5° intervals about the new 
vertical axis. A few additional photograms were 
made-when the specimen was rotated counterclock- 
wise while held in both of the positions described 
above. These photograms confirmed the existence of 


Fig. 5—{112} pole figure for straight-rolled molybdenum sheet’ re- 
duced 93 pct-by cold rolling. As-rolled. 


LJ [110] as rolling direction, {100} as rolling plane. 
© [110] as rolling direction, {112} as rolling plane. 
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Fig. 6—{100} pole figure for straight-rolled molybdenum sheet re- 
duced 93 pct by cold rolling. Annealed at 2400°F. 
(CD [110] as rolling direction, {100} as rolling plane. 
} [110] as rolling direction, {113} as rolling plane. 


© [110] as rolling direction, {112} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 


| 


Fig. 8—{100} pole figure for cross-rolled molybdenum sheet re- 
duced 90 pct by cold rolling. As-rolled. 


(J [110] as rolling direction, {100} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 
© [110] as rolling direction, {111} as rolling plane. 


a plane of symmetry perpendicular to the rolling 
plane and containing the rolling direction. 

At the high angles, part of the pattern was a 
reflection pattern. In rotating up to 85°, the most 
useful portion of the pattern in the range 60° to 85° 
was not transmitted but was reflected. This per- 
mitted more accurate evaluation of the central por- 
tion of the pole figure. 

The intensities of the Debye rings for the (200), 
(110), and (112) planes were estimated by eye and 
graded into five classes: none, weak, medium, strong, 
and very strong. The exposure time was varied in 
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Fig. 7—{110} pole figure for straight-rolled molybdenum sheet re- 
duced 93 pct by cold rolling. Annealed at 2400°F. 
(J [110] as rolling direction, {100} as rolling plane. 
} [110] as rolling direction, {113} as rolling plane. 
© [110] as rolling direction, {112} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 


Fig. 9—{110} pole. figure for cross-rolled molybdenum sheet re- 
duced 90 pct by cold rolling. As-rolled. 


(J [110] as rolling direction, {100} as rolling plane. 
A [112] as rolling direction, {111} as rolling plane. 
© [110] as rolling direction, {111} as rolling plane. 


such a way that the maximum intensities of the films 
would be the same for the various angles of rotation 
of the specimen. 

The annealing treatment coarsened the grains so 
much that it became necessary to use an integrating 
device to obtain reflections from a sufficient number 
of grains to eliminate spotty Debye rings. 


Pole Figures 


Pole figures were plotted according to the methods 
which have been described by Barrett® and Decker,® 
and in which the orientations are represented as the 
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Fig. 10—{100} pole figure for cross-rolled molybdenum sheet re- 
duced 90 pct by cold rolling. Recrystallized at 2400°F. 
(J [110] as rolling direction, {100} as rolling plane. 


stereographic projection of the poles of a family of 
crystallographic planes. They are reproduced in 
Figs. 3 to 12 in the order given in Table I. The plane 
of the sheet is parallel to the plane of stereographic 
projection in all the figures. The rolling direction is 
vertical and the transverse direction is horizontal. 
The conclusions drawn from these data are con- 
sistent with the pole figures from all planes repre- 
sented. 

Straight-Rolled, As-Rolled (Figs. 3 to 5): The 
principal orientation is the {100} parallel to the roll- 
ing plane with the [110] direction lying along the 
direction of rolling. The {100} [110] texture is the 
mean orientation and there is a spread about the 
rolling direction (as an axis), extending as much as 
40° each way; while the spread around the trans- 
verse direction is only 7° each way. 

It has been reported that molybdenum has only 
one slip plane which is operable at room tempera- 
ture. One investigator” has reported that this plane 
is the (112) plane, but another investigator” recently 
reported that it is the (110) plane; therefore the pole 
figure for the (112) plane, for straight-rolled sheet 
as-rolled, is also included in this investigation. This 
pole figure is shown in Fig. 5. 

Straight-Rolled, Recrystallized (Figs. 6 and 7): 
Upon complete recrystallization, the scatter from the 
mean orientation has decreased somewhat, now be- 
ing about 28° around the rolling direction as an axis 
and about 5° around the transverse direction, each 
way from the ideal orientation. In other words, re- 
crystallization has brought about a closer approach 
to the ideal orientation. 

Cross-Rolled, As-Rolled (Figs. 8 and 9): Here 
again the {100} [110] texture predominates. Cross 
rolling has brought about a greater spread about the 
transverse direction and a greater concentration of 
grains with the (110) plane parallel to the second 
rolling direction. Although the pole figure for the 
{110} planes suggests a rotational symmetry about 
the [001] direction perpendicular to the rolling 
plane, it is apparent from the pole figure for the 
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Fig. 11—{110} pole figure for cross-rolled molybdenum sheet re- 
duced 90 pct by cold rolling. Recrystallized at 2400°F. 
(J [110] as rolling direction, {100} as rolling plane. 
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Fig. 12—{110} pole figure for hot compression-rolled molybdenum 
sheet reduced 88.5 pct by hot rolling. 


{100} planes that the spread about the mean orienta- 
tion {100} [110] is limited to about 8° in both direc- 
tions and that complete symmetry is about the [111] 
direction perpendicular to the rolling plane. Thus, 
the region of heavy intensity at the circumference of 
the {110} pole figure is the result of rotational sym- 
metry about the [111] direction as an axis when the 
[111] direction is perpendicular to the rolling plane. 
The results of this phase of the investigation are in 
agreement with the findings of Custers and Rie- 
mersma.° 

Cross-Rolled, Recrystallized at 2400°F (Figs. 10 
and 11): After full recrystallization, the predomi- 
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Fig. 13—Tensile properties of straight-rolled sheet. As-rolled. 


nant texture is still {100} [110], and the spread from 
the mean orientation is only 5° in either direction. 
There has been a marked diminution in the number 
of grains contributing to the [111] rotational texture. 
This leads to the conclusion that the {100} [110] 
texture is the more stable. 


Compression Rolled (Fig. 12): It is apparent from 
the pole figures presented for straight-rolled and for 
cross-rolled molybdenum that varying degrees of 
anisotropy can be expected. In an attempt to produce 
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Fig. 14—Tensile properties ys. direction in cross-rolled, stress- 
relieved molybdenum sheet. 
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isotropic molybdenum sheet, compression rolling 
was investigated. The pole figure is typical of ran- 
dom orientation (cf. Decker’); therefore, it is con- 
cluded that compression rolling of molybdenum 
sheet develops a random orientation. Although the 
pole figures indicate random orientation in the plane 
of the sheet—that is, different directions in the sheet 
are equivalent—complete randomness in all direc- 
tions was not necessarily obtained; a fiber texture 
may exist along the compression axis. 

Diffraction photograms for completely recrystal- 
lized (annealed 15 min at 2400°F) compression- 
rolled sheet were identical to those of the sheet 
as-rolled. It was concluded, therefore, that a re- 
crystallization anneal had no effect upon the texture 
of compression-rolled sheet. 


Effect of Higher Annealing Temperatures: In addi- 
tion to the samples discussed above, other samples 
representative of each type of rolling were annealed 
at 2800°F. X-ray patterns for these samples showed 
that the same orientation existed after annealing at 
2800°F as after annealing at 2400°F. Thus it is con- 
cluded that the preferred orientation present at 
complete recrystallization remains substantially un- 
changed after subjecting the sheet to annealing 
temperatures 400° to 800°F above the recrystalliza- 
tion temperature where excessive grain growth 
occurs. 


Mechanical Properties 


The preferred orientation developed during the 
rolling of molybdenum sheet gives rise to anisotropy 
of mechanical properties. The degree of anisotropy 
has been demonstrated by tensile tests and bend 
tests performed on straight-rolled, cross-rolled, and 
compression-rolled sheet. 

In order to be consistent in the mechanical prop- 
erty tests, sheet 0.010 in. thick was selected for the 
tension and the bend tests. Although it is recognized 
that the orientations in the 0.010 in. sheet may not 
be identical with the 0.0055 to 0.0065 in. sheet, there 
is only a small difference in the percentage of cold 
reduction. Therefore, it has been assumed that the 
preferred orientation revealed by the X-ray diffrac- 
tion patterns in the thinnest gage sheets are preva- 
lent and operative in the tension and bend test 
samples. 


Tensile Tests: The tensile properties of straight- 
rolled and cross-rolled sheets were determined on 
samples cut at various angles to the rolling direction. 
All samples were given a 15-min anneal at 1800°F 
to relieve the residual stresses brought about by 
rolling and by preparation of the specimens prior to 
tensile testing. Metallographic examination provided 
evidence that 1800°F for 15-min would produce not 
more than 20 pct recrystallization in any of the 
sheets studied in this investigation. Additional 
samples of the straight-rolled sheet were annealed 
at 2400°F for 15-min to effect complete recrystal- 
lization; these samples were used for modulus de- 
terminations only. 

The tensile test specimens were machined to gage 
sections 142 in. wide x 1 in. in length. The modulus 
of elasticity was determined in an apparatus in 
which the sample was stressed by means of a dead- 
weight load, and the strain was measured by means 
of two SR-4 strain gages fastened on opposite faces 
of the specimen. The fixed end of the specimen 
holder was a universal ball-and-socket joint, to 
minimize eccentric loading. It was found that for 
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Fig. 15—Bend properties of molybdenum sheet. 


completely recrystallized specimens a stress of ap- 
proximately 9000 psi could be applied without caus- 
ing permanent set; therefore, it was at this stress 
that the modulus was determined for all samples. 
In order to determine the tensile strength and 
elongation values, the same specimens were loaded 
in a hydraulic tensile machine at the rates of 20 pct 
per hr in the elastic range and 60 pct per hr in the 
plastic range. The values for tensile strength are 


based on the original cross-sections of the specimens. . 


The tensile strength, elongation, and modulus of 
elasticity of straight-rolled, stress-relieved sheet are 
plotted against rolling direction in Fig. 13. The 
modulus of elasticity of the completely recrystallized 
samples is also included. In Fig. 14 are presented 
tensile properties vs. rolling direction for cross- 
rolled sheet. 

In the straight-rolled sheet the modulus of elas- 
ticity for the recrystallized samples is consistently 
lower than for the stress-relieved samples at all 
angles to the direction of rolling by a factor of ap- 
proximately 10 pct. In the determination of the 
modulus, a zero strain reading was obtained after 
tensile stressing of the specimen. This established 
the fact that no plastic deformation had occurred, 
even in the recrystallized samples which had the 
lowest yield strength. Therefore the reduction in 
moduli may be attributed to the annealing treatment 
which influenced such factors as hardness, grain size, 
and deviation from ideal preferred orientation—all 
of which have been shown" to affect the modulus 
value. It was not unexpected that the modulus 
curves for straight-rolled and for cross-rolled sheet 
did not coincide, since the pole figures had shown 
an appreciable difference in the preferred orienta- 
tions of the straight and cross-rolled materials. 

The elongation and tensile strength curves of Figs. 
13 and 14 are a further indication of the anisotropy 
of rolled molybdenum sheet. Opinsky and Smolu- 
chowski,” making a theoretical analysis of the de- 
pendence of slip in a body-centered cubic lattice on 
orientation for the case of simple tension, have 
shown the relationship between the resolved shear 
stress on the slip plane in the slip direction and the 
crystallographic orientation of the axis, for the (112) 
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slip plane in the [111] direction. At crystallographic 
angles of 19°, 45°, and 71° there is equal maximum 
resolved shear stress on four plane-direction com- 
binations, but only on two plane-direction combina- 
tions at any other angles. It is tempting to speculate 
that the maxima shown in the elongation curve of 
Fig. 13 at 20°, 45°, and 70° are related to an in- 
creased probability for slip at these angles, since 
molybdenum has been reported to slip on a (112) 
plane in the [111] direction. The higher resolved 
shear stress at 45° in comparison to the resolved 
shear stresses at 19° and 71° may account for the 
maximum elongation at 45° for both straight and 
cross-rolled sheet. 

Druyvesteyn” has reported the elastic constants 
for a molybdenum crystal, basing his computation 
upon the modulus of elasticity and modulus of ri- 
gidity of cross-rolled, polycrystalline molybdenum 
sheet. The corrections made by Druyvesteyn for 
the departure from ideal orientation involved only 
scatter from the ideal {100} [110] texture. The 
present pole figure work indicates that in cross- 
rolled molybdenum sheet there are too many varia- 
tions from the ideal orientation to permit the use of 
such modulus data as indicative of the elastic con- 
stant for a single crystal of molybdenum. 

For cross-rolled sheet, the variation of the modu- 
lus of elasticity with the angle between the final 
rolling direction and the direction of tension stress 
is shown in Fig. 14. The minimum modulus is ob- 
tained in the rolling direction and the maximum at 
45° to the rolling direction. The agreement between 
these values and those reported by Druyvesteyn is 
shown in Table II. 


Table 11. Minimum and Maximum Modulus of Elasticity Values 


Modulus of Elasticity, 
Dyne per Sg Cm 


Angle, Present 
Degree Druyvesteyn Investigation 
0 2.94x1012 3.1x102 
45 3.61x102 3.7x102 
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Bend Tests: Three types of bend tests at room 
temperature were used for all specimens in this 
phase of the program: 1—90° reversal test, 2—180° 
bend test over 0.08 in. radius, and 3—180° bend test 
over zero radius (flattening test). Specimens 1% in. 
wide x 2 in. long were used for all bend tests. 

The 90° reversal test was conducted on apparatus 
similar to the Jenkins bend tester. The specimen was 
clamped in a vise, the jaws of which were rounded 
to a radius of 0.08 in., and was bent over the rounded 
jaws from the upright position through 90°, back 
to the upright position, then to the — 90° position, 
and finally to the original upright position. The 
complete cycle is defined as one reversal. The num- 
ber of reversals to the first appearance of fracture 
was recorded. 

In the 180° test over 0.08 in. radius, the specimen 
was bent over the end of a plate 0.160 in. thick, the 
end of which had been ground to a half cylinder. 
All the specimens were bent 180° over the 0.08 in. 
radius without fracture, therefore the more severe, 
flattening test was performed. The 0.08 in. radius 
_ plate .was removed and the specimen was flattened 
on itself, that is, over a “zero” radius. This flatten- 
ing test is more severe than a “crimp” test, where 
the specimen is flattened over a radius represented 
by half the thickness of the sheet. 

The specimens were tested in three directions with 
reference to the final rolling direction: parallel, per- 
pendicular, and at 45°. The results of the bend tests 
are presented in Fig. 15. 

The straight-rolled molybdenum sheet exhibited 
the highest degree of anisotropy of the sheets in the 
group studied. 

The stress-relieved sheet developed the highest 
bend ductility in the direction of rolling (axis of 
bend perpendicular to the direction of rolling). The 
number of reversals for samples of the straight- 
rolled sheet in the direction of rolling was greater 
than for any other samples in the group. For the 
straight-rolled sheet, intermediate bend ductility was 
developed at 45° to the rolling direction and the 
minimum ductility at 90° to the direction of rolling 
(bend axis parallel to the rolling direction). The 
same relationships occurred in the recrystallized 
specimens, but the number of reversals was appre- 
ciably lower for each direction. 

The stress-relieved, cross-rolled sheet developed 
the most uniform bend ductility of any of the sam- 
ples studied. These samples, which were annealed 
at 1650°F for 1 hr, contained no detectable recrys- 
tallized grains when examined under the micro- 
scope. Annealing at 1800°F caused approximately 
20 pct recrystallization; there was a measurable in- 
crease in bend ductility for the rolling direction but 
a marked decrease in ductility transverse to the 
direction of rolling and at 45°. 

The compression-rolled sheet was the most con- 
sistently isotropic sheet of the group, as evidenced 
by the uniformity of bend ductility for three angles, 
0°, 45°, and 90° to an arbitrarily selected direction, 
when the sheet was tested as-rolled, stress-relieved, 
and partially recrystallized. 


Conclusions 
1—Arc-cast molybdenum exhibits a casting tex- 
ture in which the [100] direction is parallel to the 
longitudinal axis of the ingot. 
2—Preferred orientations are developed in cold- 
reduced molybdenum sheet during the rolling proc- 
ess. When the sheet is straight rolled only, the pre- 
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dominant orientation is {100} [110] with a con- 
siderable spread about the rolling direction. Upon 
recrystallization the basic texture remains the same, 
but the spread about the rolling direction is some- 
what decreased. 

3—In cross-rolled, cold-reduced molybdenum 
sheet the predominant texture is again the {100} 
[110]; however, the spread about either rolling di- 
rection is small. A secondary orientation develops 
which may be described as rotational symmetry 
about the [111] direction as an axis when this direc- 
tion is perpendicular to the rolling plane. Upon re- 
crystallization of the cross-rolled sheet, the {100} 
[110] orientation continues to predominate, and the 
secondary orientation about the [111] direction is 
markedly decreased. 

4—-Cold-reduced, compression-rolled sheet devel- 
ops a random orientation as-rolled, and this orienta- 
tion remains unchanged after the sheet has been 
annealed at temperatures appreciably above the re- 
crystallization temperature. 

5—Annealing temperatures as high as 800°F 
above the recrystallization temperature (approxi- 
mately 2000°F is sufficiently high to effect complete 
recrystallization in most cold-rolled molybdenum 
sheet) produced excessive grain growth, but did not 
produce any change in the recrystallization texture. 

6—Both straight-rolled and cross-rolled molyb- 
denum sheet exhibit anisotropy of mechanical prop- 
erties. For both types of rolling the modulus of 
elasticity and the elongation as determined in the 
simple tension test attain maximum values when the 
sheet is stressed at an angle of 45° to the rolling 
direction. In the bend test, straight-rolled sheet 
exhibits the greatest anisotropy, regardless of heat 
treatment; cross-rolled sheet approaches isotropic 
behavior when stress relieved, but anisotropic be- 
havior as-rolled and when partially recrystallized; 
compression-rolled sheet exhibits the most nearly 
isotropic behavior as-rolled, as-stress relieved, and 
when partially recrystallized. 
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Properties of Magnesium-Thorium And 


Magnesium-Thorium-Cerium Alloys 


by T. E. Leontis 


NLY a limited amount of information has been 
published on the effect of thorium as an alloy- 

ing ingredient in magnesium. McDonald” ’ showed 
that the addition of thorium in amounts up to 3 pct 
increases significantly both the ductility and the 
strength of rolled magnesium sheet. A recent pub- 
lication by Sauerwald’ indicates that thorium con- 
tributes strength and creep resistance at elevated 
temperatures to magnesium in both the cast and 
wrought states. The observations of Sauerwald are 
confirmed in this paper, which presents the results 
of a systematic study of the effects of compositional 
variation on the tensile properties, creep resistance, 
conductivity, density, and metallography of Mg-Th 
alloys containing up to 50 pct Th both in the sand- 
cast and in the extruded states. The effect of the 
addition of cerium to Mg-Th alloys is also reported. 


Experimental Methods 

The alloys studied in this investigation were pre- 
pared in small laboratory melts according to the 
melting practice described by Nelson‘ as the crucible 
method. Electrolytic magnesium was used as the 
starting material to which the thorium* was intro- 
duced in metallic form. It was observed that the be- 
havior of thorium in molten magnesium with respect 
to reaction with protective fluxes is similar to that 
of rare-earth metals. In order to obtain the highest 
possible alloying efficiency, it is necessary to use 
non-MgCl, fluxes and to apply all the precautions 


T. E. LEONTIS, Member AIME, is associated with the Metallurgi- 
cal Laboratories, Magnesium Dept., Dow Chemical Co., Midland, 
Mich. 

Discussion on this paper, TP 3249E, may be sent, 2 copies, to 
AIME by May 1, 1952. Manuscript, Aug. 3, 1951. New York Meet- 
ing, February 1952. 

The work reported in this paper was performed under the spon- 
sorship of the Office of Naval Research. 


described by Marande® for melting, alloying, and 
casting magnesium-rare-earth alloys. Under these 
conditions it is possible to obtain an alloying effi- 
ciency in the range of 85 to 95 pct. The Mg-Th-Ce 
alloys were made with cerium of the highest purity 
available, not with the commercial product ‘‘misch- 
metal” which contains approximately 50 pet Ce. The 
total rare-earth content of this material was 97.1 
pet, of which 0.3 pct was rare-earth metals other 
than cerium; the major impurities comprising the 
balance were iron and magnesium. The thorium and 
cerium contents of each alloy were determined chem- 
ically. 

Test bars 6% in. long with a 2% in. long reduced 
section of 4% in. diam were cast in sand molds using 
a four-bar pattern. In most cases, a 3 in. diam ex- 
trusion billet 10 in. long was cast in a steel mold 
from the same melt used for making the sand-cast 
test bars. For the higher thorium alloys, it was neces- 
sary to remelt the foundry scrap from the test bars 
in order to make the extrusion billets. The billets 
were scalped to a diameter of 215/16 in. and the 
ends faced to a length of 9% in. as limited by the 
size of the extrusion container. The alloys were ex- 
truded into % in. diam rod on a 500-ton direct- 
extrusion press. The details of the extrusion process 
are as follows: 

Billet preheat 
Container temperature 
Die temperature 
Extrusion speed 


Reduction ratio 
Percent reduction 97.3 


925°F (2 to 16 hr) 
900°F 


900°F 
10 ft per min 
36:1 


Alloys containing up to 10.2 pet Th were preheated 
at 925°F for 2 hr; all alloys with higher thorium 
contents were preheated for 16 hr. In order to estab- 
lish the effect of extrusion temperature, billets of 


* Most of the thorium used for this work was furnished by the 
Atomic Energy Commission. 
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Fig. 2—Creep limits of 
sand-cast Mg-Th alloys, 
T6 condition. 


Fig. 1—Tensile proper- 
ties of sand-cast Mg-Th 
alloys, T6 condition. 


each of the four alloys containing 1 to 6 pct Th 
were extruded also at 650°F using the same reduc- 
tion and speed. Preheating of the billets for these 
tests was performed at 700°F for 1 to 2 hr. 

Metallographic determination of the solidus tem- 
peratures of the various alloys are summarized as 
follows: 


Solidus Tempera- 


Alloy Composition, 
Pet ture, °F 


Th Ce 


a 
V 


SAWOOUWNS 


3.11 
3.19 1065 

3.22 1063 

The solidus temperatures were determined on as- 
cast specimens. Heat treatment of the specimens for 
24 hr at 1050°F prior to the solidus determinations 
raises the solidus temperature of the 2.1 and 3.2 pct 
Th alloys by 4° and 13°F, respectively, but has no 


effect on any of the other alloys. The results indicate 
that a eutectic between magnesium and a Mg-Th 
compound exists at the magnesium end of the con- 
stitution diagram. Furthermore, the solid solubility 
limit of thorium in magnesium lies between 5.8 and 
10.2 pet. 

On the basis of these results all sand-cast Mg-Th 
alloys were heat treated at 1050°F for 24 hr, whereas 
the Mg-Th-Ce alloys were heat treated at the same 
temperature for 16 hr. The heat-treating time on the 
latter alloys was reduced in order to minimize the 
degree of internal oxidation and alloy depletion at 
the surface that is observed in these alloys. It is of 
interest to note that neither binary Mg-Th nor binary 
Mg-Ce alloys exhibit internal oxidation when heat 
treated under the above conditions, provided a con- 
centration of about 1 pct SO, is maintained in the 
furnace atmosphere. The internal oxidation in Mg- 
Th-Ce alloys cannot be suppressed even by decreas- 
ing the heat-treating temperature to 1000°F. Both 
Mg-Th and Mg-Th-Ce alloys in the extruded state 
were heat treated at 1050°F for 4 hr; the working 
of the extrusion process greatly facilitates the solu- 
tion and coalescence of the intermetallic compound 
so that the shorter heat-treating time is adequate. 
All bars were cooled from the heat-treating tem- 
perature on an iron top bench under a fan blast. Test 
bars were aged at 400°F for 16 hr either subsequent 
to heat treatment or on the as-fabricated material. 
Throughout the paper the following designations are 
used to indicate the various tempers: 


T5 = Direct age at 400°F (16 hr) 
T4 = Solution heat treated at 1050°F 
T6 = T4 + age at 400°F (16 hr) 


The methods of tension and creep testing have 
been discussed in detail in previous publications.® ‘ 
Tension and creep testing of sand-cast Mg-Th alloys 
were performed on cast test bars without machining 
the surface. In order to eliminate the oxidized zone 
on the surface of Mg-Th-Ce test bars, these were 
machined to a diameter of %°g in. for tension tests 
and to a diameter of 0.450 in. for creep tests. Thus, 
a gage length of 1.5 in. was used on the latter ten- 
sion tests instead of the conventional 2 in. gage 
length used with the % in. diam bar. Tension tests 
on the 4% in. diam extruded alloys were performed 
on 6% in. long specimens with a reduced section of 


Table Il. Creep Limits of Sand-Cast Mg + 49.9 Th Alloy 


100 Hr Creep Limits, 1000 psi 


Test 0.1 Pet 0.2 Pct 0.5 Pet 
: Temperature, Creep Total Total 
Table |. Tensile Properties of Sand-Cast Mg-Th Alloys in the ok Extension Extension Extension 
As-Cast and the Solution Heat-Treated Conditions at Room 
Temperature 500 7.8 7.6 
600 2.2 2.7 4.0 
As-Cast T4 Condition 
as Qeaietiiee: a E, Table Ill. Comparison of Creep Limits of Mg ly 5.8 Pct Th in the 
Pet In. Pct TYS TS Pct TYS TS As-Cast and in the T6 Conditions 
0 100 pet columnar 6.0 2.9 12.6 5.8 2.8 12.3 100 Hr Creep Limits, 1000 psi 
0.97 80-100 pct columnar 6.5 3.8 14.0 7.0 Su 14.4 As-Cast T6 Condition 
2.1 80-100 pct columnar 4.0 4.7 12.7 Rs) 5.6 16.4 
3.2 80-100 pct columnar 2.8 6.7 12.6 its) 6.5 17.4 Test 
5.8  0.08-0.10 Tem- 0.1 Pct 0.2 Pct 0.5 Pct 0.1 Pct 0.2 Pet 0.5 Pet 
30-90-pct columnar 2.5 8.2 LSa1 5.0 8.7 17.9 pera- Creep Total Total Creep Total Total 
10.2 0.04-0.08 12.4 15:05) 210 12.3 18.0 ture, Exten- Exten- Exten- Exten- Exten- Exten- 
19.9 0.03-0.04 17.6 18.8 oF sion sion sion sion sion sion 
49.9 0.03-0.04 
E, pct = percent elongation in 2 in, 400 10.8 TL 9.4 14.0 8.0 10.7 
TYS = Tensile yield strength in 1000 psi. 500 6.5 5.9 7.4 Tod 6.7 9.0 
TS = Tensile strength in 1000 psi. 600 1.9 2.3 3.1 3.5 4.0 4.9 
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¥s in. diam and a gage length of 1.5 in. Extruded 
creep specimens having a reduced section of 0.450 
in. were used. Compression tests on the extruded 
alloys were performed on specimens 1% in. long 
using the full % in. diam of the extruded rod except 
in the Mg-Th-Ce alloys where enough metal was 
machined from the cylindrical surface of the heat- 
treated specimens to remove the oxidized layer. Yield 
strengths were determined by the offset method from 
autographic stress-strain curves at 0.2 pet deviation 
from the modulus line. Each result is the average of 
two tests. 

Space does not permit the presentation of the 
complete creep curve for each test. Instead, the creep 
characteristics of each alloy are defined by the three 
creep limits given below: 


1—Creep limit based on 0.1 pct creep extension in 


100 hr 

2—Creep limit based on 0.2 pct total extension in 
100 hr 

3—Creep limit based on 0.5 pct total extension in 
100 hr 


Derivation of these creep limits from log extension 
vs. log stress plots of the original data has been de- 
scribed previously.” * No significance is attached to 
the creep rates obtained during the 100 hr test, be- 
cause in many cases the tests are still in primary 
creep at the end of the test and in some cases even 
third-stage creep may occur during the test. 


Discussion of Results - 

Mechanical Properties of Sand-Cast Alloys: Addi- 
tion of thorium increases the strength of magnesium 
in the sand-cast state at room and elevated tem- 
peratures but decreases markedly the ductility as 
measured by the elongation in the tension test, Fig. 
1. The brittleness of the Mg + 49.9 pct Th composi- 
tion prevented the execution of tensile tests at tem- 
peratures below 600°F. Even at 600°F, this alloy 
broke at a stress of 15,000 psi without yielding. These 
alloys are amenable to heat treatment; comparison 
of the data in Table I with those in Fig. 1 shows 
that increases in strength ranging from 2000 to 4000 
psi are realized by aging subsequent to solution heat 
treatment. The grain size values in Table I show 
that thorium exerts only a mild grain-refining action 
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on magnesium. However, the grain size of Mg-Th 
alloys may be reduced markedly by the addition of 
zirconium, as demonstrated by Sauerwald.* Heat 


treatment at 1050°F has no effect on the grain size. 
Although the strength properties of Mg-Th alloys 


Table IV. Tensile Properties of Sand-Cast Mg-Th-Ce Alloys 


Room Temperature 


Grain As-Cast T5 Condition T4 Condition T6 Condition 
Th, Pct Ce,Pct Size,In.  E, Pet TYS TS E,Pct TYS TS E,Pct TYS TS E,Pect TYS TS 
; 0.08-0.09 12.9 14.1 14.0 15.8 0.5 12.1 15.0 15.2 18.0 
cf aia 0.06-0.07 15.2 16.4 17.4 0.5 14.2 17.4 16.8 20.6 
10.1 3.22  0.04-0.05 17.3 17.8 19.0 0.5 15.0 18.2 17.5 20.4 
+ 3.0 0.02-0.03 1 15 4 10 18 2 13 20 
T6 Condition 
300°F 400°F 500°F 600°F 
3.0 3.11 1.2 13.4 17.9 3.5 12.0 19.1 3.2 11.2 18.8 9.5 7.6 15.4 
3.0 See 1.5 16.5 20.9 1.5 14.7 20.1 3.0 14.1 21.6 6.5 11.0 19.2 
9 o29 10 15.6 21.2 1.5 15.5 21.0 1.8 14.2 21.4 40 10.9 19.4 
is 30 8 12 20 12 11 19 15 10 17 40 8 11 
T5 Condition 
400°F 600°F 
2.2 11.4 17.2 11.2 7.6 15.0 
10.1 3.22 0.7 15.4 18.8 1.6 116 182 


E, Pct = Percent elongation in 145.in, 
* Data from ref. 8. 
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Fig. 6—Electrical 
conductivity of 
Mg-Th alloys at 
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are not exceptionally high, these alloys exhibit re- 
markable temperature resistance as illustrated by 
the relatively small loss in strength between room 
temperature and 600°F. Mg-Th alloys are similar to 
magnesium-rare-earth alloys in this behavior. The 
level of strength properties of Mg-Th alloys, how- 
ever, is considerably lower than that observed in 
magnesium alloys containing such rare-earth metals 
as didymium, Ce-free mischmetal, and mischmetal 
of equivalent alloy content.® 

The curves in Fig. 2 show that Mg-Th alloys ex- 
hibit high resistance to creep at elevated tempera- 
tures. The creep limits determined on Mg + 49.9 pct 
Th at 500° and 600°F (Table II) follow the trends 
of the curves established by the lower thorium cen- 
tents. The decrease in creep limits at 600°F with 
increasing thorium content beyond 5.8 pct is be- 
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lieved to be associated with the smaller grain size 
of the higher thorium contents. The creep resistance 
of Mg-Th alloys at 500° and 600°F is the highest 
observed to date in any magnesium alloy. 

Creep tests have been performed on Mg + 5.8 pct 
Th also in the as-cast condition. Comparison of these 
results with the creep characteristics in the T6 con- 
dition (Table III) shows that the heat treatment 
effected a distinct improvement in the creep resist- 
ance of this alloy at all temperatures. 

Addition of 3 pct Ce to alloys containing 3.6 and 
10 pct Th increases significantly the yield strength 
of these alloys at temperatures up to 400°F but has 
no effect on the tensile strength, Table IV. The in- 
crease in strength is accompanied by a marked de- 


Table V. Creep Limits of Sand-Cast Mg-Th-Ce Alloys 


100 Hr Creep Limits, 1000 psi 


400°F 500°F 600°F 
0.1 Pet 0.2 Pet 0.5 Pet 0.1 Pct 0.2 Pct 0.5 Pct 0.1 Pct 0.2 Pct 0.5 Pet 
Creep Total Total Creep Total Total Creep Total Total 
Th, Pct Ce, Pct Extension Extension Extension Extension Extension Extension Extension Extension Extensien 
T6 Condition 
3.0 3.11 13.0 8.0 12.0 6.3 5.9 7.5 2.3 2.5 2.8 
6.0 3.19 14.0 8.4 14.0 6.2 5.9 8.8 2.1 2.5 3.2 
10.1 3.22 12.5 10.0 13.2 6.4 5.9 8.6 us 2.0 2.9 
*+_ 3.0 9.2 7.8 10.2 4.8 4.8 5.6 2.3 2.5 3.0 
T5 Condition 
3.0 3. 12.0 8.0 12.1 2.0 2.4 3.1 
6.0 3.19 12.2 9.0 13.3 1.8 2.5 2.7 
10.1 3.22 11.8 8.0 14.0 2.0 2.3 3.1 


* Data from ref. 8. 


Table VI. Tensile and Compressive Properties of Extruded Mg-Th Alloys in the As-Extruded and the Solution 
Heat-Treated Conditions at Room Temperature. Alloys Extruded at 900°F 


Grain Size (0.001 In.) 


As-Extruded 


T4 Condition 


As- T4 and T6 
Th, Pct Extruded Conditions E, Pct TYS CYS Ts E, Pct TYS CYS TS 

0 5-40 70-150 2.6 16.4 4.1 24.8 3.3 3.8 4.6 14.4 
0.97 1-2 8-16 23.5 12.7 9.5 29.4 13.7 9.1 5.6 26.0 
2.1 0.5-1 6-15 29.0 11.6 10.7 27.6 24.0 9.3 7.3 25.5 
RYO) 1 4-8 31.5) 11.4 Blas 27.0 28.0 8.9 8.5 25.0 
5.8 0.5-1 2-3 30.0 11.5 11.8 27.4 28.6 9.8 9.5 26.7 
10.2 0.8 1-2 22.7 14.0 14.5 29.2 23.0 12.8 12.7 28.7 
20.8 0.5 0.8-0.9 13.6 18.7 19.8 30.6 13.6 16.1 Seay) 28.9 
28.8 0.5 0.8 7.0 21.7 21.5 31.0 6.6 18.2 17.6 27.5 
38.8 0.5 0.5 1.3 25.9 26.2 34.1 1.3 23.0 22.3 31.1 
48.3 0.5 0.5 35.4 30.0 33.8 27.4 


E, Pct = Percent Elongation in 1.5 in. 
CYS = Compressive yield strength in 1000 psi. 
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crease in elongation. Even at 600°F, where no bene- 
fit in strength is realized from the addition of cerium, 
the ductility is impaired. Comparison with the prop- 
erties of Mg + 3 pct Ce alloy shows that all the 
Mg-Th-Ce alloys have higher strength properties. 
However, the Mg-Th-Ce alloys are still not equi- 
valent to the best magnesium-rare-earth alloys. 
The data in Table V show that some improvement 
in creep limits at 400°F based on total extension is 
realized from the addition of cerium to Mg-Th alloys. 
This is a direct result of the higher static properties 
of these alloys. At 500° and 600°F, however, the 
Mg-Th-Ce alloys have somewhat lower creep limits 


than the Mg-Th alloys of corresponding thorium 
content. It is of interest to note that the creep re- 
sistance of Mg + 3 pct Ce at 400° and 500°F is in- 
creased by the addition of thorium, whereas at 600°F 
there is little, if any, effect. 

Mechanical Properties of Extruded Alloys: The 
extruded Mg-Th alloys show the same high degree 
of temperature resistance that has been noted for 
the cast alloys, Figs. 3 and 4. The strength properties 
of these alloys at 300° and 500°F do not differ much 
from those at 400°F; they have been omitted from 
Figs. 3 and 4 in order to avoid crowding. Compari- 
son of the properties in the T6 condition with those 


Table VII. Tensile and Compressive Properties of Mg-Th Alloys Extruded at 650°F 


Room Temperature 


T5 Condition 


9 Grin As-Extruded T5 Condition 400°F 500°F 600°F 
Th, ize, 
Pct 0.001In. E, Pct TYS CYS TS E,Pct TYS CYS TS E,Pct TYS CYS TS E,PctTYS CYS TS E,Pct TYS CYS TS 
0.97 1.5-2.0 30.6 5.8 16.8 30.0 30.6 17.0 16.2 30.2 50.6 10.6 11.6 35:6 
17.8 18.4 30.0 30.0 19.5 20.0 32.0 44.6 13479 15.7 39:67 11.4) 80:0) 7:2) 5.2) 20:0 
3.2 0.5 30.6 20:5 32.0 29:4" 25:6 33.0 41.0 14.3 14:3) 16:85 194.0) 16:2), 
5.8 0.5 29 vole 21-0 9384.1 938.7 16.7 16.3 8.4 36.0 13:8 13.6 16:0 117.5 6:3) 6:5 (9.4 
E, Pct = Percent elongation in 1.5 in. 
Table VIII. Creep Limits of Mg-Th Alloys Extruded at 650°F and Tested in the T5 Condition 
100 Hr Creep Limit, 1000 psi 
400°F 500°F 600°F 
0.1 Pct 0.2 Pet 0.5 Pct 0.1 Pct 0.2 Pct 0.5 Pet 0.1 Pct 0.2 Pct 0.5 Pct 
Th, Creep Total Total Creep Total Total Creep Total Total 
Pet Extension Extension Extension Extension Extension Extension Extension Extension Extension 
0.97 11.5 11.0 11.0 1.0 iS 2.2 
2.1 12.8 10.0 12.0 1.0 1.4 1.7 
3.2 10.5 10.0 11.0 1.0 abal 1.4 <1.0 <1.0 <1.0 
5.8 10.1 8.5 13.0 0.9 1.0 1.4 <1.0 <1.0 <1.0 
Table IX. Tensile and Compressive Properties of Extruded Mg-Th-Ce Alloys 
Grain Size, 
0.001 In. Room Temperature 
As-Extruded T4 Condition T6 Condition 
Th, Ce, As- T4 and T6 
Pct Pct Extruded Condition E, Pct TYS CYS TS E, Pct TYS CYS TS E, Pct TYS CYS TS 
.4-0.5 0.5-1.0 15.3 16.4 29.8 173 14.6 14.2 28.0 14.0 15.6 
on aut C204 0.4-1.0 14.0 18.6 18.4 29.3 16.0 sb, 15.2 27.6 13.4 17.6 16.6 32.6 
9.48 3.07 0.3-0.4 0.3-1.0 10.6 21.8 24.2 31.4 15.8 18.9 20.0 28.3 13.3 20.6 21.4 33.1 
cas 3.0 0.5-1.0 1-3 al Bal 15 33 13 18 11 30 8 24 14 35 
T6 Condition 
300°F 400°F 500°F 600°F 
E, Pct TYS TS E, Pct TYS TS E, Pct TYS TS E, Pct TYS TS 
3.11 3.00 22.0 13.4 24.1 21.6 12.0 22.6 25.3 10.8 22.0 49.0 8.2 15.0 
5.65 3.21 12.6 UB 33 25.6 17.6 13.9 25.0 23.6 13.1 24.0 30.6 9.8 16.2 
9.48 3.07 8.0 17.2 25.1 17.0 16.2 25.4 34.6 14.7 23.0 26.4 10.4 14.6 
eure 3.0 22) 15 20 L7. 14 20 26 11 17 26 7 11 
E, Pct = Percent elongation in 1.5 in. 
* Data from ref. 9. 
Table X. Creep Limits of Extruded Mg-Th-Ce Alloys. T6 Condition 
100 Hr Creep Limits, 1000 psi 
400°F 500°F 600°F 
0.2 Pct 0.5 Pet 0.1 Pet 0.2 Pet 0.5 Pet 0.1 Pct 0.2 Pct 0.5 Pet 
Ce eee Total Total Creep Total Total Creep Total Total 
a Pct Extension Extension Extension Extension Extension Extension Extension Extension Extension 
11.6 8.7 12.0 4.6 4.8 5.6 3 1.4 1.9 
ee 321 10.5 9.0 13.0 4.3 4.5 6.2 1.0 ileal 13 
4 3.07 11.0 9.8 12.0 2.9 3.0 4.2 0.82 0.95 13 
oo 3.0 8.7 8.2 9.5 2.1 Ds) 3.1 0.72 0.90 1.1 


* Data from ref. 9. 
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Fig. 8—Sand-cast Mg-49.9 pct Th alloy, as-cast condition. 
Glycol etchant. 


a (top)—General structure. X100. 
b (center)—Structure of coarse eutectic. XK500. 
ce (bottom)—Structure of fine eutectic. K2000. 
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in the as-extruded and in the T4 condition (Table 
VI) shows that the extruded alloys exhibit a some- 
what higher degree of age-hardening than the cast 
alloys. Extruded Mg-Th alloys show two additional 
outstanding characteristics: 1—high ductility par- 
ticularly in the range of 1 to 10 pet Th; and 2—equi- 
valence in tensile and compressive yield strengths 
in alloys containing more than 2 pct Th. Actually, 
the ductility remains high even in alloys containing 
as much as 20 pct Th. 

The creep limits of extruded Mg-Th alloys, Fig. 5, 
increase much more sharply with the addition of 
the first few percent thorium than the corresponding 
cast alloys. However, at higher thorium contents 
the extruded alloys do not develop as high creep 
resistance as the cast alloys. It is remarkable that 
increases in thorium content beyond 3 to 6 pct up to 
50 pet produce no further increase in creep strength. 
The creep limit based on 0.1 pct creep extension at 
400°F could not be established accurately on alloys 
containing less than 10 pet Th, because these com- 
positions suffer exceedingly high deformations upon 
application of the load. However, the values of these 
creep limits all lie above 10,000 to 12,000 psi; hence 
the curve established by 10 to 40 pct Th alloys at 
12,500 psi has been extended at the same level down 
to 1 pet Th. 

Considerably higher strengths at temperatures up 
to 500°F can be attained in Mg-Th alloys by extrud- 
ing at 650°F instead of 900°F, Table VII. These low 
temperature extrusions were tested at all tempera- 
tures in the T5 condition in order to determine the 
effect of temperature on material having the highest 
possible strength at room temperature. The creep 
data on the low temperature extrusions (Table VIII) 
show that these materials exhibit somewhat higher 
creep resistance at 400°F but markedly lower creep 
resistance at 500° and 600°F than the high tempera- 
ture extrusion tested in the T6 condition. These ob- 
servations corroborate the findings on extruded mag- 
nesium-rare-earth alloys;’ that is, the highest creep 
resistance at elevated temperatures is obtained by 
extruding at a relatively high temperature and test- 
ing in the solution heat-treated and aged condition. 

The addition of 3 pct Ce increases the strength 
and decreases the ductility of Mg + 3, 6, and 10 pct 
Th at temperatures up to 500°F, Table IX; at 600°F, 
however, no significant advantage is realized from 
the addition of cerium. The properties of Mg + 3 pct 
Ce alloy from ref. 9 are included in Table IX for 
comparison. The increase in static properties result- 
ing from the addition of cerium leads to higher 
creep limits at 400°F based on total extension. At 
500° and 600°F a definite impairment in creep re- 
sistance results from the addition of cerium. All the 
Mg-Th-Ce alloys have higher creep resistance than 
the corresponding Mg-Ce alloy over the entire tem- 
perature range investigated. 

By way of comparison of extruded Mg-Th alloys 
with extruded magnesium-rare-earth alloys,’ the 
outstanding feature of the Mg-Th alloys is their 
significantly higher creep resistance at 500° and 
600°F. As far as static strength is concerned, there 
is no question that magnesium alloys containing 
mischmetal, didymium, cerium-free mischmetal, and, 
even, cerium are superior to Mg-Th alloys. The level 
of creep resistance of some of the extruded magne- 
sium-rare-earth alloys at 500° and 600°F is raised 
to that of extruded Mg-Th alloys by the addition 
of manganese (ref. 9). 
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Fig. 9— Sand-cast Mg-49.9 pct Th a—Mg-19.9 pet Th. b—Mg-10.2 pet Th. 
alloy, T6 condition. Glycol etchant. Fig. 10—Sand-cast Mg-Th alloy, as- 
X100. cast. Glycol etchant. X100. 


Fig. 11—Sand-cast Mg-Th alloys, T6 
condition. Glycol etchant. 


a—Mg-19.9 pet Th. X100. c—Mg-10.2 pet Th. X100. 
b—Same as a. Shows two compounds. d—Same as c. Shows only one com- 
X250. pound. X250. 


a—Dendritic structure. X100. b—Structure of eutectic. K500. 
Fig. 12—Sand-cast Mg-10.1 pct Th- Fig. 13—Sand-cast Mg-10.1 pct Th- 
3.22 pct Ce, as-cast condition. Glycol 3.22 pct Ce, T6 condition. Glycol 
etchant. etchant. X100. 
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Electrical Conductivity: Electrical conductivity 
was measured on a Kelvin bridge in a constant tem- 
perature room held at 95°F. In the composition 
range where most of the thorium is present as an 
intermetallic compound, the electrical conductivity 
decreases linearly with increasing volume percent 
thorium (Fig. 6). The decrease, however, is much 
more rapid in the solid-solution region. The com- 
position of the transition agrees well with the solid- 
solubility limit predicted from the solidus measure- 
ments. The linearity of the relation between con- 
ductivity and volume percent thorium after aging 
at 700°F over the entire composition range from 0 
to 50 pct Th indicates that the solubility of thorium 
in magnesium even at that temperature must be 
very low and that aging at 700°F causes complete 
precipitation of thorium. The deviation of the curves 
from linearity after aging at lower temperatures 
simply indicates incomplete precipitation. 

Density: The density of each alloy was determined 
by weighing carefully machined specimens on an 
analytical balance under two conditions: 1—in air, 
and 2—in perchlorethylene. Thorium markedly in- 
creases the density of magnesium, Fig. 7. In the 
region of solid solubility there is a slight negative 
deviation from Vegard’s law, but in the two-phase 
region the density increases linearly with increasing 
atomic percent thorium. Undoubtedly, the deviation 
from Vegard’s law would be greater, had the den- 
sities been determined in the solution heat-treated 
condition. 

Metallography: The metallographic structure of 
Mg-Th alloys presents some interesting character- 
istics. The as-cast structure of sand-cast Mg + 49.9 
pet Th contains a large amount of free intermetallic 
compound, the particle shape of which gives the im- 
pression that this might be the primary phase, Fig. 
8a. In addition there are present also two distinct 
eutectics: 1—a relatively coarse eutectic, the com- 
pound constituent of which is continuous in many 
areas with the large compound particles, Fig. 8b; 
and 2—an exceedingly fine eutectic which can be 
resolved only at high magnifications, Fig. 8c. There 
are also present dendrites of magnesium solid-solu- 
tion phase. This raises some question as to whether 
the large compound particles are the primary phase, 
even though their idiomorphic shape seems to indi- 
cate that they were the first to freeze. This may 
arise entirely from divorcement of a eutectic. Heat 
treatment of this composition at 1050°F (24 hr) 
coalesces the compound in both eutectics, but the 
compound in the fine eutectic forms irregularly 
shaped particles which are a distinctly different 
phase, Fig. 9. Increasing the heat-treating time at 
1050°F to 96 hr or increasing the heat-treating tem- 
perature fails to eliminate either one of these two 
intermetallic compounds. In the absence of any in- 
formation on the constitutional diagram of the Mg- 
Th system, it is difficult to analyze these observa- 
tions intelligently. X-ray diffraction studies of this 
composition confirm the presence of two compounds 
both of which appear to have a large unit cell con- 
taining many atoms. 

Sand-cast test bars of alloys containing 30 and 40 
pet Th were not available, but specimens from chill- 
cast 3 in. diam billets of these compositions were 
found to show essentially the same characteristics 
as described above, except that they contained pro- 
portionately smaller amounts of intermetallic phases. 
The structures of sand-cast alloys containing 10.2 
and 19.9 pct Th (Fig. 10) both show a network of 
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compound, which results from divorcement of the 
eutectic, and a fine eutectic having the same struc- 
ture as that shown in Fig. 8c. The black areas in 
Fig. 10 are the fine eutectic. The free compound as 
well as that in the eutectic areas is completely 
coalesced in both alloys by heat tréating at 1050°F 
for 24 hr (Figs. lla and c) and in the Mg + 10.2 pct 
Th alloy the compound is no longer the continuous 
phase. There is still a trace of a second compound 
in Mg + 19.9 pet Th (Fig. 11b) but the 10.2 pct Th 
alloy contains only one compound (Fig. 11d). These 
observations have been confirmed by X-ray diffrac- 
tion. Alloys of lower thorium content are struc- 
turally similar to Mg + 10.2 pct Th, except that the 
amount of compound decreases with decreasing 
thorium content. However, there is present a small 
amount of second phase even in the 0.97 pct Th alloy. 
In general, Mg-Th alloys show no visible precipitate 
upon aging at 400°F. 

Addition of cerium to Mg-Th alloys introduces a 
Mg-Ce compound in the structure. This compound 
appears to form a relatively coarse ternary eutectic 
with magnesium solid solution and the Mg-Th com- 
pound (Fig. 12b). The dendritic pattern of the as- 
cast state is evident in Fig. 12a. The predominance 
of the Mg-Ce compound is shown more clearly in 
the structure of the T6 condition shown in Fig. 13. 
The structures of the other Mg-Th-Ce alloys studied 
are similar to that illustrated here except that in 
the alloy containing 3 pct Ce the eutectic is largely 
divorced in the as-cast condition. 

The extruded alloys exhibit no unusual character- 
istics. Essentially, the structures consist of stringers 
of intermetallic compound in the magnesium solid- 
solution matrix, similar to those of magnesium- 
rare-earth alloys illustrated in ref. 9. 


Summary 


1—The properties of sand-cast and extruded Mg- 
Th alloys containing up to 50 wt pct Th have been 
determined. ‘ 

2—Thorium increases the strength properties of 
magnesium over a wide temperature range. These 
alloys exhibit marked temperature resistance. 

3—The most outstanding characteristic of Mg-Th 
alloys is their high creep resistance at 500° and 
600°F. At these temperatures, the creep resistance 
of Mg-Th alloys is the highest observed in any 
magnesium alloy to date. 

4—One detracting feature of sand-cast Mg-Th 
alloys is their relatively cuarse grain size. The grain 
size can be effectively reduced by the addition of 
zirconium with an attendant increase in strength 
and ductility. These effects will be discussed in a 
subsequent paper. 
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Plastic Deformation of Magnesium Single Crystals 


by E. C. Burke 


and 


W. R. Hibbard, Jr. 


Plastic deformation in magnesium single crystals was studied by tensile 
tests at room temperature utilizing an improved preparation and testing 
technique. Consistent critical resolyed shear stress values for basal slip 
were obtained. The advent of pyramidal slip at room temperature was 
rationalized upon the basis of grip constraints. A bend-twinning hypo- 
thesis was advanced as an explanation of mechanical twinning which 

occurs as a complex stress-relief mechanism. 


NVESTIGATIONS of the plastic deformation of 

magnesium have been limited to the determination 
of the fundamental kinetics which may be sum- 
marized as follows: 1—Twinning on the {102}.* 2— 
Slip on the (001) plane in the [100] direction at 
room temperature.’ 3—Slip on the {101} or {102} 
plane in the [100] direction above 225°C.* 4—Criti- 
cal resolved shear stresses for basal slip in tension at 
room temperature of 83 g per sq mm with a varia- 
tion from 57 to 127 g per sq mm.” 

Bakarian* studied the compression of thin wafers 
of magnesium single crystals and classified the com- 
ponents of the deformation mechanisms as follows: 
1—The Basal field: (001) at an angle of less than 
20° to the compression surface. Fracture along 
{101} or slip on (001) followed by {101} fracture. 
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2—The prism field: (001) at an angle greater than 
60° to the compression surface. Twinning on the 
{102} generally occurring during the early stages of 
loading, basal slip in the areas of original orienta- 
tion and (001) slip within twins. 3—The central 
field: (001) at angles greater than 20° but less than 
60° to the compression surface. Slip on the (001). 
4—The critical resolved shearing stress for {101} 
slip above 225°C was 400 g per sq mm. 

Observations of mechanical twins in hexagonal 
close-packed metals have been summarized by 
numerous investigators’’ emphasizing a lateral or 
rotational atomic adjustment, in addition to the pure 
twinning shear, and the importance of reorienting 
the basal plane to a position more favorable for con- 
tinued slip, rather than the resulting small dimen- 
sional changes. Criterion for the operative twinning 
planes has not been clearly established. Schmid and 
Boas’ surmised that an energy condition related to 
the atom movements is the determining factor. 
Miller’ observed that twinning stresses in zine crys- 
tals decreased as the amount of prior deformation 
increased. 

Preparation of Specimens 

Magnesium single crystals % in. in diam x 8 in. 
long were grown from the melt under an argon 
atmosphere in a gradient furnace similar to that 
described by Jillson.” Magnesium containing 0.018 
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Fig. 1—Orientation of crystals used 
for critical resolved shear stress 
determinations. 


pet Si was not suitable due to the nucleating effects 
of Mg.Si, which settled to the bottom of the mold and 
inoculated a burst of crystals during the initial 
solidification of the metal. 

Magnesium of the following analysis was success- 
fully solidified into 43 single crystals (a 98 pct 
yield), three at a time. The composition in weight 
percent was: Al, 0.003 pct; Ca,<0.01; Cu, 0.002; 
Fe,<0.001; Mn, 0.008; Ni,<0.001; Pb,<0.002; Si,< 
0.01; Sn,<0.001; and Zn,<0.01. 

The single crystals were oriented by the back-re- 
flection Laue method described by Greninger.” The 
Laue spots showed that the crystals were free from 
any lineage imperfections detectable by this X-ray 
technique. 

Bakarian’s technique of preparing gage lengths 
of tensile specimens by etching was improved by 
eliminating the intermittent rubbing with emery 
paper and by using electroplaters’ scotch tape to 
cover the grip ends instead of picein. Lubricating 
grease was applied periodically to the edge of the 
tape adjacent to the gage to produce even fillets. 
Because strain gages reinforce the specimen and re- 
tard the slip process slightly, it was necessary to 
etch an additional “step” in the center of the gage 
section where they were attached. This was ac- 
complished by allowing 25 pct HCl to drop from a 
burette on a strip of cloth 34 in. wide, in contact with 
the middle of the 3 in. gage section of the specimen, 
which was revolved slowly by an electric motor. 
The localized action produced an extra step 34 in. 
wide and approximately 0.005 to 0.010 in. smaller in 
diameter than the remainder of the gage section. 

No eccentricity resulting from etching could be 
detected in the gage section, approximately 0.4 in. 
diam. However, the small tip section, 4 in. diam, 


Table |. Summary of Tensile Data 


So 
Criti- 
cal Re- 
solved 
Yield Shear 
Stress, Stress, 


Crystal sin Xo Gper Gper 
No. Xo* No COS)o dS/de SqMm Sq Mm 
M8 9 9 0.154 2.92 307 47.3 
M37 10.5 11 0.181 0.30 245 44.4 
M19 15 23 0.238 0.43 193 46.0 
M9 17 18 0.277 0.17 170 47.0 
M20 21 22 0.335 0.27 145 48.5 
M17 27 27 0.400 0.07 118 47.4 
M14 34 39 0.434 0.11 100 43.4 
M27 36 SH! 0.469 0.34 106 49.7 
M25 56 57 0.452 0.147 100 45.2 
M16 58 58.5 0.440 1.32 110 48.5 
M12 71 72 0.292 0.34 150 43.8 
M24 72 74 0.261 0.36 190 49.5 
M38 78 719 0.190 0.56 210 40.0 
M30 63 83 0.122 0.25 348 42.5 
M21(101) 10 14 0.168 
M21(001) 6 14 0.101 


* Average of four X-ray determinations. 
Standard error of mean = 0.75. 
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Fig. 2—Stress-strain curve for M16 where x, = 58, 
= 


often etched preferentially to a ribbon, although no 
significant crystallographic dependence was ap- 
parent. 

The diameters of the specimens were measured 
optically with a traveling microscope (accuracy, 
0.0001 in.) within 0.001 in. for each ™% in. station 
along elements of the bar, 90° apart. 

The tensile loading equipment described by Miller 
was used with a balanced 6/1 lever arm, loaded by 
a fiow of sand between 222 to 225 g per min. 

The strain measurements were determined by 
SR-4 A-8 strain gages connected to a Dynalog strain 
time recorder with a polar chart rotating at 1/12 
rpm. The accuracy of the instrument is 5 microin. 
of strain and by careful interpolations 2.5 microin. 
of strain may be estimated. 

The strain gages were mounted on the surface of 
the crystal at a position of minimum surface dis- 


8 


400+ 


STRESS IN GRAMS/MM2 
oa 
fo} 
fo} 


T 


M8 
COSA SIN X= 0.154 


1 it l 
° 200 400 600 
STRAIN IN MM/MM X10 


Fig. 3—Stress-strain curve for M8 where x, = 9, 
A, = 9. 
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tortion, which corresponded to the minor axis of the 
predicted (001) glide ellipse as determined from 
X-ray data. 

Grips were fitted with hard drawn piano wires, 
0.0241 in. diam and 6 in. long, aligned concentri- 
cally with the axis of the grips and seated in small 
hemispheres of steel. 


Results and Discussion 

Outline of Data Presentation: Stress-strain curves 
were obtained in tension under room temperature 
conditions, 22° + 2°C, with a loading rate of 18 g 
per sq mm per min. Metallographic examination of 
the gage section of each specimen was correlated 
with the X-ray orientation. The operative slip 
planes were determined from observed traces by 
stereographic methods and the salient features of 
the microscopic examination were documented by 
micrographs. The orientations of the crystals used 
are presented in Fig. 1. 

A crystal was stretched just beyond its yield 
point, unloaded, allowed to remain at room tempera- 
ture for 24 hr and reloaded, and after one week had 
elapsed following the second loading, loaded a third 
time. The temperature was 22° + 2°C throughout 
the entire period. These tests showed that no ap- 
preciable recovery occurred under the conditions 
involved and in this respect magnesium is similar 
to aluminum.” It was concluded that the effect of 
recovery need not be considered in extrapolating 
the yield point. 

Critical Resolved Shear Stress Determinations: 
Figs. 2 and 3 are typical stress-strain curves for the 
range of crystals presented in Fig. 1. If true axiality 
is accompanied by a sharp knee in a stress-strain 
curve, it is evident that the eccentricity of loading 
was quite small in these tests. The intersection of 
the dashed lines on the figures represents the yield 
stress” used for the calculation of the critical re- 
solved shear stress. The complete results of the 
tensile testing data are summarized in Table I. 

The yield stress of the crystals plotted against the 
orientation function, cos \, sin x,, defines a parabolic 
curve symmetrical about an axis at 45°, Fig. 4, and 
strongly substantiates the critical resolved shear 
stress law.” 

Comparison of Fig. 4 with the results of Schmid’ 
and Bakarian* disclosed marked differences in the 
yield stress values. The Schmid data exhibit con- 
siderable scatter from the theoretical parabola, Fig. 
5, with a reported critical shear stress of 82.9 g per 
sq mm. This value is apparently the mathematical 
average of 22 tests with individual values ranging 
from 57 to 127 g per sq mm. Bakarian’s tensile re- 
sults, 55 and 87.7 g per sq mm, averaged 77.8 g per 
sq mm, which is in fair agreement with Schmid’s 
value of 82.9 g per sq mm. The present critical 
resolved shear stress was found to be 46 g per sq 
mm + 0.75, which is approximately one half of the 
previously reported value. 

Schmid, using dividers, found that the parabolic 
plot for the unresolved yield stress for magnesium 
crystals varied by a factor of four according to their 
orientation, as shown in Fig. 5. The present data in 
Fig. 4 is a considerably flatter parabola with values 
which vary only by a factor of three, when the 
maximum yield strengths are considered at an ori- 
entation function of 0.15 for both sets of data. The 
gross extension determinations by dividers are 
equivalent to significant strains beyond the true 
yield stress, ie., actually an offset yield strength. 


TRANSACTIONS AIME 


n 

fe} 


° 


YIELD STRESS IN GRAMS/MM2 
6 


° 


0 Ol 02 03 04 05 04 03 02 01 0 
SIN X, COSA, 
45° x>45° 
— > 
Fig. 4—Orientation dependence of the yield 
stress of magnesium crystals from the pres- 
ent data. 


However, by virtue of the low strain hardening 
present in oblique basal plane orientations, the de- 
termined yield values would be only slightly higher 
than the true yield stress. On the other hand, acute 
orientations of the basal plane exhibit marked strain 
hardening; consequently, for these orientations the 
first detectable extension by the dividers method 
would be in considerable plus error, since the stress 
increase is much larger for the equivalent amount 
of offset than for oblique orientations. Comparison 
of Figs. 4 and 5 offers satisfying evidence for this 
rationalization, since the Schmid parabola corre- 
sponds to shear stress values of 127 g per sq mm at 
acute angles of the basal plane, while oblique orien- 
tations gave critical shear stress values from 57 to 
85 g per sq mm, 

Shear strengthening curves were calculated for 
the crystals using the usual formulas for small ex- 
tensions. While the stress-strain curves show a pro- 
nounced difference in the rate of strain hardening, 
Fig. 6 demonstrates that orientation dependent 
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Fig. 6—Shear strengthening curves for 
different orientations including pyramidal 
slip. 


stress-strain curves may be represented reasonably 
by a single resolved curve.’ Thus, a shear strength- 
ening curve may be considered a fundamental ma- 
terial characteristic which is independent of ori- 
entation within the errors of these tests. 

Careful studies of the slip lines in magnesium dis- 
closed that the spacing for shear values, 1x10°, was 
orientation dependent. Although the strain harden- 
ing rate was high when the basal plane was almost 
parallel to the axis, slip has occurred on rather 
widely separated areas, Fig. 7. Fig. 8 was taken on 
a crystal in which the basal plane was almost per- 
pendicular to the axis and exhibiting a lower strain 
hardening rate. The slip is now present in closely 
spaced narrow packets of nonresolvable lines. Thus, 
the results are not in agreement with the hypothesis 
of Andrade” on the relationship of strain hardening 
to slip line spacing. Furthermore, it introduces seri- 
ous doubts as to whether a metal has a single charac- 
teristic frequency, since the line spacing is orienta- 
tion dependent for magnesium. Similar results were 
reported by Rosi” for aluminum at small extensions. 

On the basis of dislocation theory, however, a 
greater number of slip lines would be expected with 
the slip plane perpendicular to the stress axis, since 
then a larger number of potential slip planes inter- 


Fig. 7—Randomly spaced slip lines in M19 at a position corre- 
sponding to the minor axis of the glide ellipse. Axis vertical. 
X500. Shear is 1.17x10~°. 
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sect the surface, where Frank-Read sources act most 
effectively. 

The summary of tensile results, Table I, contains 
a column of values, ds/de, which are the slopes of 
the plastic regions of the stress-strain curves and 
represent the rate of strain hardening. No apparent 
correlation between the rate of strain hardening and 
orientation of these specimens exists, although quali- 
tatively the strain hardening appears to increase as 
the (001) becomes either parallel or perpendicular 
to the axis. 

Pyramidal Slip: The stress-strain relationship 
shown in Fig. 9 is for crystal M21 in which the (001) 
and [100] made an angle of 6° and 14° respectively 
with the axis. However, the critical resolved shear 
stress calculated for basal slip in this specimen was 
31.2 g per sq mm, a value significantly lower than 
had been obtained in all the previous results. 

The analysis of the operative slip system in M21 
is presented in Fig. 10 which is a stereogram drawn 
with the specimen axis at the center of the projec- 
tion, the primitive circle represents the polished 
surface of the crystal, and the point of observation 
corresponds to the position on this circle labeled 
“Reference Mark.” 

From this point of observation, the minor axis of 
the (001) glide ellipse should appear after a clock- 
wise rotation of 30° about the specimen axis. How- 
ever, repeated trials disclosed that the minor axis 
of the operative slip system was found after a clock- 
wise rotation of 90°. At this position the slip lines 
became straight and uniformly spaced, at 10° to the 
specimen axis, Fig. 11. The entire projection was 
rotated stereographically until the [001] was at the 
center and pole of the trace was found to corre- 
spond to a {101} pole. 

The specimen was not amenable to sufficient 
amount of deformation to determine the slip direc- 
tion by X-rays. Since the slip direction invariably 
lies in the line of closest atomic packing and the 
{101} planes contain only one line of close-packed 
atoms, it is assumed that the close-packed direction 
must also operate in pyramidal slip. 

Examination of the standard projection will dis- 
close that {101} and (001) intersect along a line 
which is one of close atomic packing. In the present 
case, the slip direction was the same for both the 
(001) and {101} slip planes and was used to cal- 
culate the critical resolved shear stress for pyramidal 
slip as follows: basal slip, 31.2 g per sq mm; pyra- 


Fig. 8—Closely spaced packets of nonresolyable slip lines 
M30 at a position corresponding to the minor axis of the glide 
ellipse. Axis vertical. X500. Shear is 1.1x10-, 
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Fig. 9 (above)—Stress-strain curve for 
M21 which contained pyramidal slip. 


Fig. 10 (right) —Stereogram of the opera- 
tive slip system in crystal M21. 


midal slip, 52.2 g per sq mm. Thus, the critical re- 
solved shear stress on the pyramidal plane was 
about 10 pct greater than that acting on the basal 
plane in accordance with the resolved shear stress 
law, but considerably lower than the 400 g per sq 
mm value reported by Bakarian.* This small differ- 
ence suggests that pyramidal slip might operate 


Fig. 11—Pyramidal slip at a position corresponding to the 
minor axis of the glide ellipse in M21. Axis vertical. X250. 
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rather frequently. However, it may occur only 
under special stress conditions which will be de- 
scribed below. 

Fig. 6 shows that the shear hardening character- 
istics for pyramidal slip in crystal M21 are essen- 
tially the same as for crystals which undergo basal 
slip. Bakarian has surmised that pyramidal and basal 
slip had similar strain hardening characteristics be- 
cause of the close agreement between his work and 
Schmid’s results on the orientation region where 
pyramidal slip was independent of prior basal slip. 
However, this investigation has shown that pyra- 
midal slip may occur without prior basal slip and 
established that the rate of strain hardening in both 
systems is essentially the same. 

Although the present investigation is the first to 
report two slip systems for magnesium in tension at 
room temperature, pyramidal slip has been men- 
tioned previously. Schmid and Siebel found that 
alternating stress fatigue tests on magnesium crys- 
tals frequently produced {101} traces as the surface 
of fracture. Bakarian reported that compression 
wafers of magnesium critically oriented for {101} 
twinning usually cleaved along the {101} plane. 
Schiebold and Siebel” found very fine {101} twins 
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Fig. 12—Stress-strain curve for M38 where 
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Fig. 13—Bend plane in M38 with twins confined to one side 
of bend plane. X20. 


in several instances but were not positive of their 
identification. On the other hand, {101} slip had 
been established above 222°C,* where the change in 
slip system is attributed to a preferential direction- 
ality of atomic vibration acting in conjunction with 
the potential energy of spacing. The general con- 
clusion was made that the changing planes of slip 
indicated that strength rate variations with tem- 
perature were a function of the different slip sys- 
tems. Although Andrade” found that body-centered 
cubic metals change their plane of slip at tempera- 
tures determined by the ratio of the test tempera- 
ture to the melting point, irrespective of the re- 
solved shear stress on the planes; the change in the 
slip plane in magnesium appears to be dependent 
upon shear stress considerations in conjunction with 
the grip constraints on the basal plane. 

When the basal plane subtends an angle of 6° 
with the axis of the specimen as in M21, the gage 
length necessary for unconstrained movement of 
this plane would be 3.7 in. However, because the 
crystals had a standard gage length of 3 in. through- 
out these tests, the basal plane was longer than the 
free gage length. Consequently, the ends of the 
basal plane along its major axis were actually con- 
strained by the grips and prevented from slipping. 
It should be noted that the angle between the [100] 
and the major axis of the basal plane is 14°; the 
calculated length of the [100] is 1.5 in. Thus, the 
important feature of this specimen is that although 


Fig. 14—Same area as Fig. 13 showing twins stopping abruptly 
at bend plane. Axis vertical. X100. 
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the (001) is held by the grips, the [100] direction 
is free of grip constraints. On the other hand, {101} 
plane containing this [100] direction and forming 
an angle of 10° with the stress axis requires a gage 
length of only 2.2 in. in order to operate free of the 
grips. Thus, the {101} and [100] are the next 
densest atomic plane and direction in magnesium 
which were free to operate as a slip system at room 
temperature in this specimen. 

These results furnish additional considerations 
for the plastic flow of polycrystalline metal. If 
grips may produce a new slip system in the simple 
extension of a single crystal, internal constraints 
such as grain boundaries in polycrystalline material 
may also activate additional slip planes not observed 
under simple testing conditions. The lattice adjust- 
ments from imposed stresses are a factor of funda- 
mental importance to metal plasticity. The tech- 
nique explained above for gripping specific crystal- 
lographie planes may become an important metal- 
lurgical research tool for evaluating plastic flow 
under the influence of experimentally controlled 
constraints; thus furnishing the necessary informa- 
tion to allow the synthesis of flow of polycrystalline 
material from the known operative slip systems and 
single crystal data. 

Twinning and Bending: The stress-strain curve, 
Fig. 12, for specimen M38 exhibits a macroscopically 
heterogeneous flowing process in contrast to that for 
simple basal translation.” Metallographic examina- 
tion of the specimen disclosed that numerous twins 
were present in areas adjacent to and immediately 
beneath the mounted strain gage. The jagged saw- 
tooth path of the curve is readily explainable on the 
basis of the dimensional changes accompanying 
twinning. However, a wire gage might produce 
similar readings if the mounting cement were sepa- 
rating from the specimen because of the surface 
rumpling due to twinning. Consequently, while 
there is little doubt that twinning produced the dis- 
continuities, caution must be exercised in accepting 
the measured strain values as absolute quantities. 
It is believed that the stress values in the present 
test at which twinning occurred must be considered 
simply as an indication that the basal slip process 
occurs with greater ease than the mechanical twin- 
ning regardless of orientation. When the basal 
plane is approximately perpendicular to the axis, 
it has a smaller component of shear stress than the 
twinning planes which form an angle of approxi- 
mately 45° with the axis, yet basal slip occurred 
first. The stress-strain curve for magnesium in Fig. 
12 is for a constant loading rate and shows the 
effect of twinning on the strain values. If the data 
in Fig. 12 are transposed to show the effect of twin- 
ning on the stress values by assuming a rational 
strain hardening rate, a curve results with the same 
general characteristics as previously published for 
cadmium" during twinning. 

Metallographic examination of M38 disclosed that 
twinning occurred only at grip intersections or im- 
mediately adjacent to the cemented wire gage. Since 
a complex stress distribution exists in the grip re- 
gions as a result of a flexural moment arising from 
the grips resisting the rotation of the slip plane, it 
is evident that bending or some other type of lattice 
accommodation must exist in conformity with the 
stress requirements. 

Evidence of such compensatory adjustment is pre- 
sented in Fig. 13. It will be noted that twins from 
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two operative {102} planes end abruptly at a bend 
plane on the compression side. In this specimen the 
twins apparently did not transgress this bend plane. 
At higher magnification, Fig. 14, the twins may be 
observed more readily with the (001) slip lines be- 
ing sharply bent at the bend plane with many of the 
traces continuing undeflected through the twins. 
From the relative angles which the basal slip lines 
make with the stress axis, it is apparent that the 
lattice reorientation within the bend region has 
lagged behind the lattice rotation due to slip across 
the boundary. Consequently, the region adjacent 
to the bend plane must be subjected to complex 
stresses which are distinctly heterogeneous and may 
be most conveniently characterized as bending, 
since one side is in tension while the other side pre- 
sents evidence of compression. These micrographs 
suggest that magnesium may deform plastically by 
flexural glide (Biegegleitung) .”* 

Detailed study of the twinning along this plane 
disclosed that the twins decreased in size and num- 
ber as the amount of bending decreased. Further- 
more, the twinning decreased as the distance from 
the bend plane increased, an indication that the 
magnitude of lattice bending and its resulting 
stresses must be a factor in mechanical twin forma- 
tion. Fig. 15 emphasizes the pronounced tendency 
of the basal plane to bend sharply after initial basal 
slip. Basal slip occurred first since the same slip 
lines appear on each side of the bend plane. The 
twins in this region decrease in number and size 
as compared to those in Fig. 14. 

Based on the details of the strain process for 
specimen M38 discussed above, the irregular progress 
of the stress-strain curve in Fig. 12 can now be 
rationalized into its component parts as follows: 

1—Elastic strain followed by basal slip in the 
conventional manner up to the point marked “Bend- 
ing starts” in Fig. 12. 2—At this point, there is an 
increase in the rate of strain hardening indicative 
of the bending strains which were produced to re- 
lieve the constraints of flexural gliding. The rate of 
strain hardening during bending is twice that for 
simple basal shear, which is a measure of the higher 
strain complexity of the former. 3—The bending 
produces compression stresses of suitable magnitude 
to cause twinning near the bend plane. These twins 
cause a structural reorientation which produces a 
lengthening of the crystal along the stress axis and 


thus a decrease in the stress followed by a corre- 
sponding decrease in strain indicated in Fig. 12 by 
the portion of the curve labeled ‘“‘Twinning occurs.” 
4—Basal slip now can occur within the reoriented 
twin causing an increase in the tensile strain but a 
lower strain hardening rate in the area of the curve 
in Fig. 12 labeled “Slip within twins.” 5—When the 
strain reaches its former level prior to twinning ex- 
trapolated to the present stress level, bending again 
occurs, followed by twinning, slip within the twins, 
in a cyclic manner, raising and lowering the strain 
for a constant loading rate. 

Crystal M12 with the basal plane at an angle of 
72° to the stress axis exhibited a behavior similar 
to M388, the constraints again forming a bend plane 
with twins in its immediate vicinity, Fig. 16. In this 
sample the twins were observed to cross the bend 
plane slightly, nevertheless, they were preferentially 
formed in the area of the bend region in which rota- 
tion due to slip has lagged behind that on the other 
side of the bend plane. Within several of the twins, 
slip on the reoriented basal plane was clearly visible. 
The twinning in this sample was also confined to two 
{102} planes. The amount and size of the twins 
decreased with the extent of bending and strongly 
substantiated the observations on M38. Similar 
bending and associated twinning was found in M30. 
These experimental observations seem to establish 
that twinning in magnesium is directly related to a 
bending phenomenon. 

From purely geometrical considerations the 
length-change relationships in the twinning of mag- 
nesium favor twinning in tension when the basal 
plane is perpendicular to the axis. However, de- 
pending upon the orientation of the specimen, certain 
{102} planes could produce extension in the direc-~ 
tion of the axis even when the basal plane was 
parallel to the axis. This work has demonstrated 
that the geometrical requirements alone are not 
solely a criterion for twinning, since the orientation 
in which twinning occurred is restricted to regions 
in which the basal plane forms an angle of 72° or 
more with the stress axis. 

Identification of Bend Plane: The orientation of 
the bend plane was determined by the same method 
as described in a previous section for the determina- 
tion of pyramidal slip with the line of sight for the 
observation perpendicular to the axis of the crystal. 
Repeated trials utilizing the procedure established 


, Fig. 15—Bend plane in M38 with small twins confined to one 
side and which do not intersect the bend plane. Axis vertical. 
X100. 
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Fig. 16—Bend plane in M12 with small twins crossing the bend 
plane and basal slip within twins. Axis horizontal. X100. 
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Fig. 17—Determination of orientation of the bend 
plane as a second order prism, {110}. 


that the active slip direction, [100], was the pole 
of the bend plane, Fig. 17. Consequently, the bend 
plane is a second-order prism, {110}, which is per- 
pendicular to the basal plane and intersects the 
basal plane at 90° to the slip direction. Numerous 
other investigations have described fragmentation 
due to slip as a rotation about an axis in the slip 
plane at right angles to the slip direction.” 

The bend plane in magnesium crystals terminated 
in two distinct ways, either ending in very fine twins, 
or completing the customary elliptical trace. In the 
stereogram, Fig. 17, the traces of the bend plane and 
the basal slip ellipses on the specimen surface should 
have opposite senses, i.e., they would be tangent to 
one another at their major axes. In Fig. 18 it will 
be seen that this is precisely the existing condition. 
In contrast to deformation bands, which have ap- 
preciable width, the bend plane is extremely well 
delineated with no marked evidence of a displace- 
ment of basal slip lines in this area. Immediately 
beyond the termination of the bend the basal slip 
lines appeared normal in all respects, indicating 
that no additional mechanism is necessary to com- 
pensate for the bending moment. 

Jillson™ performed compression experiments on 
basal cleaved tablets of zinc and noted that bending 


Fig. 18—Bend plane and basal slip lines are tangent at the 
major axis of each trace. Axis horizontal. X100. 
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occurred frequently about a [210] axis, rarely about 
a [100]. Since [210] directions are the intersection 
of second-order prisms, {110}, with the basal plane, 
it is apparent that the bend plane is the same crys- 
tallographic plane in both metals. It was also ob- 
served that twinning was invariably accompanied 
by traces of a plane termed an ‘“accominodation 
plane.”” Similar striations have been seen fre- 
quently by various investigators.” * 

Discussion of Relationship Between Twinning and 
Bending: Previous attempts have been made to 
establish a criterion for determining the cause of 
mechanical twinning. Gough” states that for zinc, 
twinning may occur on those pairs of planes which 
do not include slip direction. Andrade” found that 
the operative planes in hexagonal close-packed 
structures were those which intersected the slip 
plane at 60° to the slip direction. Bakarian’ restated 
the rule for magnesium as follows: “The operative 
pair of planes are those for which the intersection 
with the slip plane makes an angle as near 90° with 
the projection of the compression axis on the basal 
plane as is geometrically possible.” 

It has been demonstrated in the present work that 
(001) bending is intimately associated with twin- 
ning, probably the amount of bending being critical. 
Mathewson’ stated that: “Twinning is supposed to 
occur by progressive slip together with a slight 
secondary adjustment along neighboring planes of 
the form {102}. There does not appear to be any 
plane that would permit twinning without distortion 
in hexagonal close-packed metals.” The slight sec- 
ondary adjustment may be seen in a {110} projection 
of the atomic arrangement in which alternate layers 
of atoms must be periodically raised and lowered 
to compiete a perfectly twinned structure. In other 
words, the twinning shear in hexagonal close-packed 
metals requires an additional displacement of atoms 
at right angles to the apparent direction of twinning. 
Barrett’ stated: “In magnesium, there is a slight 
overall bending, of course, that is caused by the 
homogeneous twinning shear which is superimposed 
on the local atomic movements.” This additional 
adjustment or slight bending may be satisfied by 
the operation of the {110} bend plane discovered in 
this investigation. 

Bending connotes a neutral axis with tension and 
compression stresses on either side of the axis. Con- 
sequently, the amount of atomic displacement oc- 
curring during bending would vary not only in 
amount but also in sign with respect to the neutral 
axis. Therefore, the atomic displacements accom- 
panying basal flexure about a [210] direction fur- 
nish the movements conducive to twinning. The 
series of micrographs disclosing that twinning ceases 
at the bend plane demonstrates that bending is a 
vital and necessary part of twinning. 

Observations on hexagonal close-packed metals 
furnish many examples which would generally con- 
form to this bend-twinning hypothesis. For instance, 
it has been established by Bakarian that magnesium, 
regardless of orientation, twins readily when sud- 
denly twisted or bent. Miller” found that twinning 
in zinc occurred with a decreasing stress value 
(stress resolved on the operative {102} plane in the 
twinning shear direction) as the amount of prior 
basal deformation increased. If, in the latter case, 
the prior slip is considered to produce small bending 
regions which must necessarily be present due to 
grip constraints as the basal plane rotates toward 
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the axis and about the pole of the slip plane, then, 
as the intensity of bending increases, twins would 
be produced to relieve the stress. Hence, continued 
slip would introduce additional bending, thus de- 
creasing the externally applied stresses required for 
twinning. Miller’s results suggest that such condi- 
tions may exist, since the twinning stress decreases 
in spite of the prior basal slip and concomitant strain 
hardening. 

The former geometrical requirements hypothe- 
sized for twinning*”” are believed to be a result of 
the manner of testing or geometry of the specimen 
rather than a fundamental criterion of twinning. 
Because the bend plane is that {110} which inter- 
sects the basal plane at 90° to the slip direction, the 
operative twinning planes would simply reflect the 
position of the bend plane. As the manner of testing 
and the geometry of the specimen may change the 
constraint effects during deformation, i.e., kinking 
in compression, it is concluded that in magnesium 
twinning results primarily as a complex stress relief 
mechanism arising from the bending accommoda- 
tion of the basal plane to external grip constraints 
without the necessity for a critical resolved stress. 


Summary of Results 

1—A thermal gradient furnace was constructed 
and calibrated for the production of single crystals 
of magnesium. A technique of providing an argon 
protective atmosphere prevented contamination and 
assured single crystals with every run. 

2—It has been demonstrated that Mg.Si is an ex- 
ceedingly strong nucleation agent and must be 
present in amounts less than 0.01 pct in order to 
permit the growth of single crystals. 

3—A technique for the preparation of tensile 
specimens was used which eliminated all mechanical 
cutting, producing a specimen with a reduced gage 
length having a surface finish equal to a metal- 
lographic polish. Etching techniques were devel- 
oped for producing a localized step in the gage sec- 
tion, which compensated for the support action of 
the wire gage on the slip process. 

4—-The mechanism of plastic deformation in ten- 
sion at room temperature was studied on crystals 
over a complete range of orientations. The modes of 
deformation were classified as follows: 

a—Basal plane within 6° of the axis: {101} slip 
operated until the flexural moment of the grips 
caused twinning on the compression side of the 
specimen, whereupon slip upon the reoriented basal 
plane of the twin became operative. 

b—Basal plane > 6° but < 72° to the axis: Basal 
slip was the sole operating deformation mechanism. 
No evidence of the participation of auxiliary planes 
was observed. 

c—Basal plane > 72° to the axis: Sequence of 
deformation in this region was that basal slip was 
operative initially, then rotation of the basal plane 
and grip constraints caused the formation of a bend 
plane, whereupon {102} twinning occurred in the 
localized region of the bend plane with slip on the 
reoriented basal plane of the twin as well as flexure 
of the basal plane in the matrix. 

5—A critical resolved shear stress value of 46 g 
per sq mm + 0.75 for basal slip in magnesium fur- 
nished additional evidence in support of the critical 
resolved shear stress law. 

6—Strain hardening rates for basal slip vary with 
orientation, generally becoming greater as the (001) 
plane becomes either parallel or perpendicular to 
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the axis and approaches a minimum as the (001) 
subtends an angle of 45° with the axis. 

7—No evidence of recovery was found in mag- 
nesium crystals which had been held at 22°C for 
one week after extensions of 1.7x10~ in. 

8—Slip line spacings for basal slip appear to be 
orientation dependent for small amounts of shear 
and indicate that there is no single characteristic 
slip line spacing in magnesium. 

9—Pyramidal slip, {101}, was found at room tem- 
perature when the basal plane was nearly parallel 
to the axis, the critical resolved shearing stress for 
this slip system being 52 g per sq mm. The advent 
of this new slip system at room temperature was 
rationalized upon the basis of grip constraints on the 
basal plane. 

10—Pyramidal slip produces essentially the same 
strain hardening characteristics as the basal slip 
process. 

11—Orientations of the basal plane at an angle 
greater than 72° to the axis exhibited a marked 
tendency for the (001) plane to bend sharply about 
a bend plane determined to be a second-order prism 
{110}, which intersects the basal plane at 90° to the 
slip direction. 

12—Twinning on the {102} planes was associated 
with the {110} bend plane suggesting that twinning 
results primarily as a stress relief mechanism arising 
from the bending accommodation of the basal plane 
to external grip constraints, rather than from a 
critical resolved shearing stress for twinning. 
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Zirconium-Chromium Phase Diagram 


by E. T. Hayes, A. H. Roberson, and M. H. Davies 


Vay has been produced on a pilot-plant 
scale for only a few years, but the potential uses 
have led a large number of research establishments 
to engage in a thorough study of the metal and its 
alloys. The work described in this paper is part of 
a cooperative project between the Bureau of Mines 
and the Air Materiel Command. The Zr-Cr system 
was one of the first investigated because of the pos- 
sibilities of improving the properties at elevated 
temperatures, the chemical corrosion resistance, and 
the mechanical properties of zirconium in a manner 
similar to the enhancement of the properties of tita- 
nium by additions of chromium. There is no pub- 
lished work on the Zr-Cr system but from the simi- 
larity of the metals involved it was expected that it 
would be similar to the Zr-Fe* and Ti-Cr’ systems. 

The materials used in this investigation were pre- 
pared in the Bureau of Mines laboratory at Albany, 
Ore. Zirconium was produced by magnesium reduc- 
tion of zirconium tetrachloride, and a typical analysis 
is as follows: Fe, 0.06 pct; O., 0.08; N., 0.01; C, 0.02; 
and other impurities such as Al, Pb, Ni, Ti, and Si 
less than 0.01 pet each. 

High purity chromium was prepared by treating 
crushed electrolytic chromium in a stream of dried 
and purified hydrogen.* The resulting powder con- 
tained about 0.01 pct O and about 0.1 pct total metal- 
lic impurities. 

All alloys were prepared by arc-melting 50 g 
briquetted compacts of the desired composition in 
a Kroll-type’ arc furnace using an inert atmosphere. 
The furnace was evacuated twice and backfilled with 
helium, which was gettered by melting a center zir- 
conium button immediately before the alloys were 
melted. Alloys were remelted at least once to insure 
greater uniformity of composition and subsequently 
were annealed in vacuum at 1250°C for 48 hr. Fairly 
homogeneous alloys were obtained by this means; a 
slight loss of chromium from the surface by evap- 
oration during the high temperature homogenization 
was noted. All alloys were analyzed for chromium 
and gave results in good agreement with the nominal 
composition. Spot checks on tungsten and nitrogen 
showed pick-up of these elements to be negligible. 
Over 70 alloys were prepared for use in this inves- 
tigation; only the critical ones are shown in Table I. 

Alloys containing up to 10 pct Cr were amenable 
to hot working at 850°C and a number of these were 
sheath rolled to 1/16 in. thickness. Specimens were 
cut from the sheet for use as metallographic samples. 

For the thermal analysis a differential couple was 
used in conjunction with an X-Y recorder, the tem- 
perature of the specimen and the difference in tem- 
perature between it and the standard nickel body 
were recorded simultaneously. Heating and cooling 
rates of 5°C per min were used. The sensitivity of 
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the instrument was such that a difference in tem- 
perature between the specimen and standard equi- 
valent to 0.1 mv produced a deflection of 1 in. on 
the recording chart. The chromel-alumel thermo- 
couples were checked against a Bureau of Standards 
calibrated thermocouple. 

Melting-point determinations were made in a high 
vacuum induction furnace using an optical pyro- 
meter. The pyrometer, calibrated against nickel, 
copper, and zirconium (iodide process) under near 
black body conditions, was focused on the base of 
a hole drilled in cylindrical samples. 

A North American Philips Geiger counter X-ray 
spectrometer was used for all diffraction studies. 
This instrument, in addition to supplying precise 
intensity measurements of planar reflections, has an 
added advantage in that metallographic specimens 
mounted in bakelite can be used directly, and this 


Table |. Analyses of Zr-Cr Alloys 


Alloy Cr, Alloy Cr, Alloy Cr, 
No. Wt Pct No. Wt Pct No. Wt Pct 

WA 1452 0.16 WA 2962 4.6 WA 2857 = 24.6 
1453 0.28 2959 5.0 3047 25.1 
1454 0.43 3090 5.3 2858 30.2 
3087 0.94 3038 5.9 2842 35.4 
2078 1.35 3091 1.3 3056 39.8 
3088 1.8 3092 9.2 3057 45.3 
3034 1.9 3037 9.8 3065 49.8 
2077 2.2 2855 15.0 3066 53.2 
3035 2.7 2965 18.0 3067 55.1 
3089 3.7 2963 19.8 3081 59.6 
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Fig. 3—100 pct acicular 
a (transformed 8). 0.94 
pet Cr alloy quenched 


from 1150°C. X250. 
Etchant, Vilella’s 
reagent. 


Fig. 5—100 pct eutec- 
toid. 1.8 pct Cr alloy 
slow-cooled from 1200°C. 


X500. 
Etchant, Vilella’s 
reagent. 


Fig. 7 — Eutectoid plus 
compound. 2.7 pct Cr 
alloy slow-cooled from 


1200°C. X500. 
Etchant, Vilella’s 
reagent, 


Fig. 9—Eutectic plus 


ZrCr, as-cast. X500. 
Etchant, Vilella’s 
reagent. 


technique was used for the low chromium alloys. 
The higher chromium alloys were brittle and thus 
easily crushed to a fineness of —200 mesh. Use of the 
powdered material gives more reliable values for the 
relative intensities of lines in the diffraction spec- 
trum and this became important in determining the 
complete structure of the intermediate-phase ZrCr.. 

Heat treatment of all alloys was carried out in 
vacuum furnaces capable of heating the specimens 
to 1200° or 1450°C. Furnaces were constructed in 
such a manner that specimens could be quenched 
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Fig. 4—Acicular 
(transformed £8) plus 
ZrCr,. 5.0 pet Cr alloy 
quenched from 1125°C. 


X500. 
Etchant, Vilella’s 
reagent. 


Fig. 6—a plus eutectoid. 
0.94 pct Cr alloy slow- 
cooled from 1200°C. 


X500. 
Etchant, Vilella’s 
reagent. 


Fig. 8—100 pct eutectic. 
18 pct Cr alloy as-cast. 


X500. 
Etchant, Vilella’s 
reagent. 


Fig. 10—100 pct ZrCr.. 
53 pct Cr alloy as-cast. 
X500. 


Etchant, Vilella’s 
reagent. 


directly into cold vacuum oil without breaking the 


vacuum seal. Constitution Diagram 


The diagram as determined in this investigation 
is presented in Fig. 1. The solubility of chromium 
in a zirconium was not determined precisely and was 
assumed to be negligibly small. The endeavor to de- 
termine the solubility at various temperatures by 
metallographic techniques was made increasingly 
difficult by the small amount of Zr-Fe eutectoid 
always present which tended to obscure any effects 
of small chromium additions. Examination of the 
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Table Il. Thermal Arrests of Zr-Cr Alloys 


Thermal Arrest, °C 


Cr, Pct Heating Cooling 
0.94 818 808 
1.35 810 801 
2.2 807 801 
5.0 814 803 
9.2 821 809 


diffraction patterns of alloys containing 0.16, 0.28, 
and 0.43 pct Cr quenched from 800°C showed no 
shift in the pattern at the highest angles observed 
(140° to 150°) and thus indicated only a very small 
solubility of chromium in a zirconium. 

Delineation of the 8 field depended entirely on 
metallographic examination, since the 8 could not 
be retained by quenching; thus X-ray methods to 
determine the limit of solubility of chromium in 8 
zirconium were inapplicable. To determine the solu- 
bility of chromium in £ zirconium, a series of alloys 
of varying chromium contents. was quenched and 
slow cooled from several temperature levels above 
the eutectoid temperature. All alloys, after hot work- 
ing, were homogenized 168 hr at 1000°C under 
helium. Specimens were then reheated 2 to 16 hr and 
quenched or slow cooled. The minimum quenching 
temperature which gave structures consisting of 100 
pet transformed 8 served to place the phase bound- 
ary. A detail of the 8 field is shown in Fig. 2. The 
maximum solubility of chromium in 8 zirconium was 
determined to be about 6.2 pct at the eutectic tem- 
perature. Fig. 3 illustrates the typical structure of 
the £8 field, while Fig. 4 shows the structure of an 
alloy quenched from just outside that field. 

The £8 phase decomposes eutectoidally, and the 
slowly cooled 1.8 pet Cr alloy, Fig. 5, consists en- 
tirely of a plus ZrCr, eutectoid. A typical microstruc- 
ture of furnace-cooled hypoeutectoid alloys is shown 
in Fig. 6, the structure consisting of primary a grains 
in a matrix of eutectoid. Fig. 7 shows a slowly cooled 
2.7 pet Cr hypereutectoid alloy, the structure con- 
sisting of ZrCr. plus eutectoid. 

Thermal analysis results for unalloyed zirconium 
and for very low chromium alloys indicated a trans- 
formation range of as much as 100°C, and this prob- 
ably is attributable to the small amount of im- 
purities, more particularly the oxygen, in Kroll zir- 
conium.* Hence the upper limit of the a + £ field has 
been placed by extrapolation from the eutectoid 
point to the accepted value for the a to £ transfor- 
mation in the pure metal. Thermal analysis was used 
to establish the eutectoid temperature and repre- 
sentative values are shown in Table II. On the basis 
of the cooling curves the eutectoid temperature was 
placed at 805° + 5°C. 

Examination of the as-cast structures served to 
place the eutectic composition at about 18 pct Cr. 
Fig. 8 shows the microstructure of the 18.0 pct alloy. 

Use of the optical pyrometer to determine arrests 
in induction heated samples gave an average value 
of 1380°C for the eutectic temperature, based on 
seven specimens containing 15 to 45 pet Cr. Liquidus 
temperatures of 1425° and 1466°C were found on 
the 25.1 and 35.4 pct Cr alloys. 

Specimens containing more than 1.8 pct Cr, when 
annealed at 1250°C, showed increasing amounts of 
a second phase with increasing chromium content. 

The amount of this bright etching second phase 
(identified as the compound. ZrCr.) increased in 
alloys of increasing chromium content up to 53 pet 
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Cr, where it occupied the entire field. Fig. 9 shows 
the microstructure of the 30 pct as-cast alloy. The 
field is composed of about 30 pct ZrCr, in a matrix 
of eutectic. In Fig. 10 the entire field is occupied by 
a bright etching compound marked by fine cracks, 


which were probably produced by cooling stresses | 


or during the mechanical polishing. : 

Hardness measurements showed increases corres- 
ponding to the amount of ZrCr, present. The hard- 
ness of the compound approximated 900 VHN. A 
little difficulty was encountered in measurement due 
to the extreme friability of the compound with its 
resultant distortion of the indentation. 

The melting point of the single-phase 53 pct alloy 
was found to be about 1525°C. 

Analysis of the X-ray diffraction patterns of the 
compound indicated a face-centered cubic lattice. 
The compound occurs at a compusition satisfied by 
the formula ZrCr. and is therefore probably struc- 
turally analogous to the compound TiCr, reported 
by Duwez, which has a face-centered cubic lattice 
of the Cu.,Mg type. 

Structure factor calculations based on the Cu.Mg 
structure and applied to ZrCr. showed close agree- 
ment between calculated and observed values of the 
relative intensities of the lines in the diffraction pat- 
tern of the compound. The lattice parameter was 
determined to be 7.21A. 

Summary 

An investigation of the equilibrium system of 
binary alloys of zirconium and chromium in the 
composition range 0 to 50 pet Cr was undertaken, 
but this range was slightly extended to include the 
intermetallic compound ZrCr, found to exist at 53 
wt pet Cr. The main features of the diagram to be 
noted are: 

1—Negligible solubility of chromium in a zir- 
conium. 

2—The eutectoid decomposition of 8 zirconium at 


“6050 pet Cr: 


3—The maximum solubility of chromium in £ zir- 
conium at the eutectic temperature of about 6.2 pct 
Cre 

4—The eutectic reaction occurring at 1380°C and 
18 pct Cr. 

5—The existence of an intermetallic compound 
ZrCr, (53 wt pet Cr), melting at 1525°C. The com- 
pound has a face-centered cubic Cu.Mg type struc- 
PAIN 
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On the Mechanism of Precipitation 


In Copper-Beryllium Alloys 


by A. H. Geisler, J. H. Mallery, 


and F. E. Steigert 


The existing data on precipitation in Cu-Be alloys have been re- 
conciled with some new data to present a more complete and rational 
analysis of the atomic rearrangements involved in the process. Two 
different coherent precipitates were proposed. Each is responsible 

for a type of diffuse X-ray diffraction effect. 


‘9 ies nature of the atomic rearrangement involved 
in the precipitation of the compound y-Cu-Be 
from supersaturated solid solutions of the copper- 
base alloys has been the subject of two extensive 
investigations.” The precipitate in this alloy system 
has a rather simple structure; at equilibrium it has 
a body-centered cubic unit cell with copper atoms 
on the corner sites and beryllium atoms on the 
center site. While a simple mechanism would be ex- 
pected to obtain for the precipitation process, those 
which have been proposed do not adequately explain 
all of the reported data. The purpose of the present 
report is to rationalize some of the previous obser- 
vations and to contribute new data on the subject 
obtained by the usual techniques of structure anal- 
yses. The Cu-Be system of alloys represents one of 
the most extensively investigated precipitation sys- 
tems, so a detailed review of the pertinent literature 
on structure is in order. 

Striations: Since one of the important features of 
the mechanism—the habit plane—is determined by 
microscopic examination, microstructural features 
that have been observed should be considered at this 
time in order to assess their role in the precipitation 
process in Cu-Be alloys. One of the most prominent 
features appears as regularly oriented markings or 
stripings (ripples or striations) across the crystals 
on a suitably polished and etched sample of the aged 
alloy. These have been observed and interpreted by 
many workers. Masing and Dahl’ observed striations 
in both the a and £ phases of a 2.5 pct Be alloy, and 
attributed them to the beginning of the precipitation 
of very fine y crystals along favored planes of the 
« matrix and to the local decomposition of the 6 
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crystals into a plus y. These markings were apparent 
in both the a and £ phases of the micrographs given 
by Smith’ for a 2.75 pct Be alloy, while Moore’ de- 
tected them in the a matrix phase using polarized 
light. Desch* attributed the markings to fine pre- 
cipitate particles lined up on a family of matrix 
planes like Masing and Dahl had done, and he iden- 
tified the planes as those of the {111} family, the 
slip planes of the matrix. The striations were pre- 
sumably the structure which Northcott* referred to 
as “martensitic.” He found that this structure was 
present in samples that had been aged under widely 
different conditions with hardness values ranging 
from 160 to 400 VHN. Later Guinier and Jacquet* 
also found striations in both the a matrix and sec- 
ondary 8 phase. Their analyses showed that the 
striations were along {110} planes of the matrix 
phase, apparently in contradiction of the results of 
Desch. They found that the striations were developed 
during aging on the surface of a specimen that had 
been polished prior to aging.’ On this basis they con- 
cluded that the striations represented mechanical 
deformation by slip along {110} planes of the matrix 
resulting from precipitation stresses.””* Similar but 
fainter striations were observed in the same manner 
on an Al-Cu alloy sample, in which the change in 
volume was much less than for Cu-Be alloys and 
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(001) M 


Fig. 1—Stereographic projection of {100} poles of cubic pre- 
cipitate in cubic matrix with the orientation relationship 


(001), // (001), and [100], // [110],,. 


thus less deformation would be expected. Evidence 
for crystal distortion and fragmentation as a con- 
sequence of precipitation and of a type similar to 
that for cold working has been reported by Barrett.” 
Gayler”™ concluded that in Cu-Be alloys the striations 
were due to the development of strains in the lattice 
accompanying the formation of the new phase sim- 
ilar to the interpretation of Guinier and Jacquet; 
however, in the Al-Cu alloys the striations were due 
to accelerated precipitation in strained areas of the 
matrix crystals as suggested by Masing and Desch 
for Cu-Be alloys. Harker and Murphy” have pointed 
out the similarity of the striations found for Cu-Be 
alloys with those for ordering Cu-Au alloys, and 
concluded that they were evidence for “‘order-hard- 
ening.” Miyatani® has more recently confirmed the 
results of Guinier and Jacquet that the striations 
were traces of {110} planes, and he concludes that: 
“the precipitate forms on layers parallel to the {110} 
planes of the matrix.” All of the observations can 
be reconciled if it is assumed that two types of stria- 
tions may appear in Cu-Be alloys: 1—those due to 
the accelerated precipitation of fine particles along 
{111} slip bands that had been formed in the matrix 
by quenching stresses, etc., prior to aging, and 2— 
those due to mechanical straining of the matrix by 
slip on {110} planes as the result of precipitation 
stresses. These two types have been distinguished for 
ordering Co-Pt alloys.“ They appear on a relatively 
gross scale when precipitate particles are submicro- 
scopic. Thus, the conclusion of Miyatani is mislead- 
ing; the habit plane of the precipitate is character- 
istic of a third type of geometric configuration—the 
Widmanstatten figure—which requires separate con- 
sideration. 

Recrystallization Reaction: The second prominent 
feature that has been observed in the microstructure 
of Cu-Be alloys appeared as lamellar nodules of 
matrix plus equilibrium precipitate located at grain 
boundaries of the parent grains. These formed and 
grew as aging progressed.” The reaction has all the 
characteristics of a recrystallization process and thus 
has been referred to as such in a recent report where 
the data are reviewed in detail.” It will suffice to 
state here that this is a supplementary reaction and 
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Fig. 2—Stereographic projection showing locations of {100} 

poles observed by Guy, Barrett, and Mehl® ~~ for Cu-Be pre- 

cipitate in a 1.8 pct Be alloy crystal that had been aged 
142 hr at 500°C. 


that studies of the mechanism of precipitation should 
be concerned only with the formation of precipitate 
particles that are uniformly distributed within the 
parent crystals. While the phenomena of striations 
and recrystallization play a part in the precipitation 
process, they are not considered to be features di- 
rectly inherent in the crystallographic mechanism 
of the formation of the phase. 

Widmanstdatten Relations: Although the crystal- 
lographic orientation relationship is known, the habit 
plane of the y precipitate has not yet been deter- 
mined. Guy™ has presented a micrograph that ex- 
hibited plate-like particles of the precipitate, but all 
the traces were not sufficiently well developed to 
permit a determination of the habit plane. In regard 
to crystallographic orientation relationship, Guinier 
and Jacquet””’ considered that the [001] axis of the 
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Fig. 3—Atom positions on various low index planes for 

the matrix (left) and equilibrium precipitate y (center) 
and the disregistry from matching (right). 
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Fig. 4—Stereographic projection of {100} poles of cubic pre- 
cipitate in cubic matrix with the orientation relationship 


(111) p// (110) and [110], // [001] y. 


body-centered cubic precipitate, y, coincided with 
the [001] axis of the face-centered cubic matrix, a, 
and [100], with [110]. as in Fig. 1, but they stated 
that this orientation is only approximate. Guy and 
coworkers” precisely determined the orientation as 
shown by Fig. 2. The relationship was considered to 
be irrational with a tilt of 8° of [001], from [001], 
and a spread of +2° of [100], from [110].. 


Diffuse Diffraction Effects: Guinier’* and Guy* and 
their coworkers have analyzed the diffuse streaks 
which appear in X-ray patterns for aged single 
crystals. The results of both investigations agreed in 
that an indeterminate periodicity existed in the lat- 
tice structure normal to {100} matrix planes. Guinier 
attributed this to a segregation of beryllium atoms 
to form new, small platelets dispersed parallel to 
cube planes in the solid solution with the same 
atomic spacings in the plane, but having a composi- 
tion different from the mean which results in a con- 
traction of the spacing of the (100) plane. Both 
groups of workers proposed a mechanism for the 
formation of y which involved a contraction of a 
normal to the (100) plane; however, such a mech- 
anism assumed that the habit plane was (100) and 
did not take into consideration the apparently “‘irra- 
tional” nature of the orientation relationship. In 
addition to two-dimensional diffraction effects, Elis- 
tratov et al. have observed one-dimensional diffrac- 
tion effects for a Cu-2 pct Be alloy similar to those 
which were first reported for Al-Ag and Al-Mg-Si 
alloys.” Their technique involved coarse-grained 
polycrystalline samples with diffraction from crys- 
tals of unknown orientations, so that at first they 
were not able to identify the crystallographic direc- 
tions associated with either the one-dimensional or 
two-dimensional aggregate. Later” they used the 
single-crystal technique described by Geisler and 
Hill” and found that the one-dimensional diffraction 
was along <100> directions and the two-dimensional 
diffraction on {100} planes. The latter agreed with 
results of Guinier and Guy. 

Lattice Distortion and Transition Structure: A 
prominent feature that has been observed in X-ray 
patterns of Cu-Be alloys has been the extreme 
broadening and diffuseness of matrix lines which 
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Fig. 5—Stereographic projection of {100} poles of cubic pre- 
cipitate in cubic matrix with the orientation relationship 


(110) »// (111) and [001], // [110] y. 


develop during precipitation.”™ On aging at 300°C 
the lines at high angles in the back-reflection portion 
of the pattern become so broad and diffuse that they 
were not detected.” The broadening on aging at 
350°C could be due to change in concentration of 
the matrix alone, but that observed on aging at 150° 
to 250°C was considered in part to be due to stresses 
accompanying the formation of the y particles.” In 
regard to strains in the precipitate which might be 
indicative of a coherent precipitate, Dahl and co- 
workers” found that at the lower aging temperatures 
the y crystals precipitated in a form which gave in- 
distinct X-ray lines. They stated that it is possible 
that y precipitated out in a strained condition, which 
could cause a widening of the lines, although prob- 
ably the indistinctness of the lines was largely due 
to the fine particle size of the precipitate. While 
Guinier and Jacquet concluded that no transition 
structure was formed during the aging of Cu-Be 
alloys, it is apparent that the previously described 
platelets which caused the diffuse diffraction effects 
qualify as a coherent transition structure sometimes 
referred to as an epitaxy of the y precipitate. Guy, 
Barrett, and Mehl’ were unable to detect a transition 
lattice and concluded on the basis of powder patterns 
that no structure other than the equilibrium pre- 
cipitate grows large enough to afford three-dimen- 
sional diffraction. 

On the basis of the previous work on the mech- 
anism of precipitation in Cu-Be alloys there are at 
least three features which need further study: 1— 
rationalization of the orientation relationship, 2— 
determination of the habit plane for y, and 3—further 
searching for the coherent transition structure. 


Experimental Technique 


The X-ray diffraction studies were conducted on 
two single-crystal samples that had been prepared 
by Guy.® Their composition was 1.73 pct Be, and 
they had been thinned to 0.005 in., heat treated in 
vacuum for 1% hr at 800°C, and quenched directly 
to the aging temperature. Since 100 hr aging at 
300°C was required to develop diffraction spots from 
three-dimensional precipitate in Laue patterns,* 
aging times of 1, 3, and 18 hr were chosen in order 
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Fig. 6—Microstructure of 2 pct Be alloy that had been 
slowly cooled from 850°C. Potassium dichromate etch. 
X250. 


to assure that they represented early stages of pre- 
cipitation. According to the electrical resistance 
measurements for the single crystal aged at 300°C 
(Fig. 12 of ref. 3), these time periods corresponded 
to approximately 10, 25, and 50 pct respectively of 
the total decrease that was due to precipitation. 

The samples which were used for microscopic 
examination were of commercial Be-Cu strip of 
0.060 in. thickness with a nominal 2 pct Be composi- 
tion. 

Orientation Relationship 

In order to explain the orientation relationship 
that had been determined by Guy” in Fig. 2, the 
atomic arrangement on various low index planes of 
the matrix (@) and equilibrium precipitate (y) were 
compared. Four possible combinations are shown in 
Fig. 3. The interatomic distances are given in Ang- 
strom units, while the column at the right lists the 
required changes of the matrix spacing or strain in 
percent in the three orthogonal directions. Relation- 
ship A or its equivalent B is that proposed by pre- 


Fig. 7—Stereographic projection of {111} poles causing 
precipitate traces in three grains shown in Fig. 6 and 
sketched in lower-right quadrant. 
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vious workers as an approximation. Relation C in- 
volves only slightly more total strain; however, the 
locations of cube poles for this relationship, shown 
in Fig. 4, are distinctly different from those observed, 
Fig. 2. On the other hand, relationship D, Fig. 3, re- 
quires somewhat less total strain for, while a con- 
traction of 13.2 pct replaces an expansion of 6.4 pct 
in the conjugate plane, a contraction of only 7.9 pct 
replaces the 24.8 pct contraction normal to the con- 
jugate plane for relationship A. Although a choice 
between A and D would be difficult to make on the 
basis of disregistry alone, the distribution of {100}, 
poles predicted by D and shown in Fig. 5 is rather 
promising. Comparison with the observed, Fig. 2, 
shows excellent agreement. For the rational rela- 
tionship of Fig. 5 some {100}, poles occur at an angle 
of 9°44’ from the {100} poles of the matrix crystal. 
The difference between this and the observed angle 
of about 8° is probably within the experimental 
error. The observed spread of +2° could be due to 
strain, resulting either from mechanically or ther- 
mally applied stress or from the spontaneous stresses 
of precipitation described earlier. 


Habit Plane of the Equilibrium Precipitate 


In order to determine the habit plane of the pre- 
cipitate, attempts were made to grow a well-devel- 
oped Widmanstatten pattern by a variety of treat- 
ments. Microscopically resolvable precipitates were 
present after aging for 100 hr at 600° and after 
slowly cooling (50°C per hr) from above the solvus 
temperature. The latter treatment provided the 
best structure for analysis. Fairly well-developed 
plates of precipitate appeared as shown by Fig. 6. 
While some of these were along twin boundaries and 
might represent localized precipitation as at grain 
boundaries, others appeared throughout the grains 
and twins. The three largest crystals in the bottom 
half of the micrograph were separated by straight 
boundaries which proved to be twin boundaries. 
These grains are labelled A, B, and C in the sketch 
at the lower right of Fig. 7. Twin boundaries and 
the directions of the three or four traces for parti- 
cles remote from twin boundaries are also shown in 
the sketch. Some of. the traces for the plate-like 
precipitate particles were parallel to twin bound- 
aries in each part of the twin, suggesting at once 
that the habit plane was the same as the twin plane, 
ie., {111}. This proved to be the case when an 
analysis by stereographic projection was made of 
the precipitate and twin boundary traces, Fig. 7. 
Starting with crystal A stereographic planes, which 
must contain the poles of the crystal planes that 
cause the traces, were plotted normal to the traces. 
Next an orientation was found in which a {111} 
pole fell on each of the four stereographic planes. 
Finally, the orientation of the correct twins of A 
was found to put {111} poles on the data for crys- 
tals B and C. In this way ten traces were corre- 
lated with {111} planes. Only two traces were ab- 
sent. It may be concluded that the habit plane of 
plate-like particles of the equilibrium precipitate 
is the {111} family. 

With the two new facts concerning the equilib- 
rium precipitate in Cu-Be alloys its mechanism of 
formation can be postulated. It would be expected 
that the precipitate structure would evolve by move- 
ment of atoms in the (111) plane of the matrix in 
such’ a manner as to assume the (110) stacking of 
the precipitate, since (111), is the habit plane and 
(111). is parallel to (110),. Such a mechanism is 
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Fig. 8—A mechanism of form- 

ing the equilibrium precipitate 

¥ (right) from the matrix (left) 

employing the (111), // (110), 

relationship and (111), habit 
plane. 


illustrated by Fig. 8. To form y the atoms in « 


would move in the [112] direction an amount 
which varies from 0 to 2.20A for every 6th layer. A 
contraction of 13.2 pct in the atomic spacing in the 


oeay direction, an expansion of 6.4 pct in the 


[110]. direction and a contraction of 7.9 pct in the 
[111]. direction are also required to form the y cell. 
An orthorhombic transition structure coherent on 
(111). would be predicted from this mechanism 
rather than the tetragonal one mentioned by Guy. 


Intermediate Structure—y’ 

When oscillating crystal patterns were made for 
the single-crystal sample that had been aged 18 hr 
at 300°C, several three-dimensional diffraction spots 
were observed which could not be attributed to the 
equilibrium precipitate, y. As shown in Fig. 9, one 
reflection with its 8 component was moderately in- 
tense. This reflection appeared in the approximate 
location for what would be a (110) matrix reflec- 
tion (d = 2.54), if this were not a forbidden reflec- 
tion of the face-centered cubic lattice. Among the 
numerous patterns that were made with 15° oscilla- 
tion, [001] or [110] axis of oscillation and copper 
or cobalt radiation, the interplanar spacings corre- 
sponding to five definite non-matrix reflections were 
as follows: —2.78A, 2.54A, 1.97A, 1.86A, and 1.56A. 
These were used to identify the intermediate struc- 
ture which was designated y’. 

Although five different types of reflections hardly 
seem enough to determine a new crystal structure, 
the interplanar spacings in combination with the 
positions of the spots on the film as determined by 
orientation relationship were sufficient to dismiss 
some of the postulated intermediate structures. For 
example, the reflections could not be explained by 
a transition structure coherent on the (100). plane 
and formed by a simple contraction along the [001] 
direction as proposed by Guinier and Guy. Like- 
wise a simple readjustment of the (111). spacing to 
form a rhombohedral cell coherent on the (111) 
matrix plane would satisfy only three of the ob- 
served reflections, although various combinations of 
parameters were investigated. Next, possible cells 
that could result from shifting of the (111) matrix 
layers were tried. These included the previously 
mentioned orthorhombic cell; however, no choice 
of the intermediate c parameter corresponding to 
(111) matrix layer spacing would satisfy more than 
half of the observed reflections. 

The most fruitful attempt to determine the inter- 
mediate structure y’ was made by assuming that a 
prior structure was formed coherent on the (100) 
plane as suggested by the analyses of diffuse dif- 
fraction effects by Guinier and Guy. A prior struc- 
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ture, later designated y” (see Fig. 17), would have a 
monoclinic cell with (100),.,coherent on (001) of 
the matrix and would be sheared over to the extent 


where (110).,» is parallel to (111) matrix. These 
conditions specify discrete lattice parameters. The 
intermediate structure could then form by loss of 
coherency on (001). and further shear to produce a 
tetragonal cell without changing the orientation of 


the (110). plane or the atomic spacing along [110] 
of the matrix. The latter condition was imposed 
because the one interplanar spacing for y’ was the 
same as that for the (110) planes of the matrix. 
The described conditions demand that the y’ struc- 
ture be face-centered tetragonal with a = 3.95A 
and c = 2.54A. The cell could also be described as 
body-centered tetragonal with a = 2.79A and c = 
2.54A for convenience in relating it to the equilib- 
rium precipitate y. The observed data are satisfied 
by the proposed structure for y’ as shown by a com- 
parison in Table I where the columns labeled Y 
refer to the vertical coordinate of the reflection on 
the films. All the observed reflections agree with 
calculated Y coordinates and d values, although a 
number of expected reflections were not observed. 
Intensity values were rated relative to each other 
rather than relative to matrix reflections which 
would all be strong on the scale used. Actually 
some of the y’ reflections were very weak which 
probably explains the failure to observe others of 
them. 

The intermediate structure y’ is not coherent to the 
(111) matrix plane; however, examination showed 
that it could be considered coherent on the (112) 
type matrix plane. In Fig. 10, the a-matrix structure 


is drawn at the left with the (112) plane as base 
while at the right the y structure is drawn with 


(120) as base. The atomic spacing on the base planes 


Fig. 9—Oscillating crystal pattern (16° to 36° from [010] 
about [001], CuK radiation) for sample that had been aged 
18 hr at 300°C showing reflections for y’. 
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Fig. 1O—A mechanism of forming the coherent precipitate y’ (right) from the matrix (left). 


is the same within experimental error thus satis- 
fying the requirement for coherency. A proposed 
mechanism for the formation of y from a is illus- 
trated by the diagram at the left in Fig. 10. Atoms 
on the (112). plane shift in a [111] direction to take 
up sites at the heads of the arrows and at the same 
time the (112) plane spacing contracts 15 pct. The 
resulting orientation of (112), parallel to (120) , 


differs by only 1°2’ from (111), parallel to (110) _,. 


Such a small difference would not be detected in the 
usual analyses of orientation relationships; however, 
this mechanism would predict a (112), habit plane 
with a maximum number of traces in the Widman- 
statten pattern and a geometry of diffuse diffraction 
effects different from the (111). habit plane. 


Early Diffuse Diffraction Effects 


Analyses of the diffuse scattering from aged Cu-Be 
crystals by the most suitable technique yet developed 
revealed that the diffuseness was not only in <100>, 
directions, but in other directions also. The technique 
involved making a series of Laue patterns for slightly 
different orientations of the matrix crystal and anal- 
yzing the diffuse CuK. and K, spots. Portions of 
typical Laue patterns for the same sample that had 
been used for the determination of the y’ structure 
by the oscillating crystal method are shown by Fig. 
11. While some of the particles apparently were 
large enough to afford three-dimensional diffraction 


Fig. 11—Laue patterns for crystal that had been aged 18 hr 

at 300°C showing CuK, and K, spots for platelets. [001] 

vertical with beam 36° from [010] for upper pattern and 26° 
from [010] for lower pattern. 
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when the oscillating crystal method was used, most 
of the particles were small and produced intense 
two-dimensional diffraction. Analyses showed that 
thin platelets of precipitate were present parallel to 
{100} and {112} planes of the matrix in this sample 
which had been aged 18 hr at 300°C. Most of the 
diffuse effects corresponded to the rod-like elements 
that are plotted in the reciprocal lattice projection 
shown by Fig. 12. Arrow heads indicate the rising 
end of the rods, and the Z-coordinate indicates the 
approximate location of the group of rods, whether 
it be near the zero layer or first layer level of the 
matrix reciprocal lattice. The configuration near the 
(111) matrix was rather complex and consequently 
only rods that could be clearly defined are shown 
in Fig. 12. The spots for the sample that had been 
aged 1 hr were too diffuse to permit rigorous anal- 
ysis. Consequently the sample was aged for an addi- 
tional hour, after which the structure was the same 


Table |. Reflections for the Intermediate Structure—y’ Body- 
Centered Tetragonal, co = 2.79, c = 2.54 Rotation about 
[110], —CuK, Radiation 


Observed Calculated 
Inten- Inten- 
hkl d,A Y,cm sity d,A Y, cm sity 
(100) 2.78 0.00 M 2.79 0.00 M 
0.48 
1.80 
2.38 
(001) 2.54 0.00 M 2.54 0.00 M 
1,58 S) 1.59 S) 
3.82 
(110) 1,97 0.0 M 1.97 0.00 s 
1.10 115: 
2.52 2.52 
4.10 4.12 
4.56 
(101) * 1.86 WwW 1.88 0.23 Ss 
* 0.48 
1.94 
2.85 
3.24 
(111) 1.56 M 1.56 0.40 Ww 
1.50 1.50 
1.99 
2.52 2.52 
3.08 
3.82 3.82 
4.12 


* Not expected to occur when rotation is about [110], . Calcu- 
lated values for rotation about [100] Observed only on Laue 
patterns as diffuse streaks through the equator near the (200) a 


reflection. 
S means strong; M, medium; W, weak. 
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Fig. 12—Reciprocal lattice projection of diffuse rods 
(CuK, radiation) that were observed in series of Laue 
patterns for crystal aged 18 hr at 300°C. 


as that of the sample which had been aged 3 hr. 
Results for the 2 and 3-hr aging are consolidated in 
Fig. 13 which shows only <100> rods. Possibly there 
were other rods also near the (111) matrix reflec- 
tion. 

The identity of the {100} and {112} platelets can 
be established by comparing the observed diffraction 
effects with those predicted for the three precipitate 
structures y”, y’, and y. The reciprocal lattice pro- 
jections in Figs. 14, 15, and 16 are for thin platelets 
of these three structures parallel to their respective 
habit planes, {100}, {112}, and {111} of the matrix. 
Platelets of the equilibrium structure, y, could not 
be causing the observed effects since Fig. 16 predicts 
rods along <111> directions of the matrix and none 
were observed. On the other hand, the observed 
effects very well agree with some of those predicted 
for y” and y’. Rods parallel to [010]. and [100]. 
which pass through the (100).,(111)., and (200). 
nodes in Figs. 12 and 13 are precisely those predicted 
for y” in Fig. 14 and thus can be attributed to diffuse 
{100}, or {110}. reflections. The inclined rods in 
Fig. 12 agree with those for y’ in Fig. 15 that would 
be predicted to occur at the Z-coordinates given in 
Fig. 12.* While all of the observed rods that have 
been plotted in Figs. 12 and 13 can be reconciled with 
those predicted, failure to detect some of the pre- 
dicted can be attributed to: 1—the investigated vol- 
ume of reciprocal space did not include the entire 
volume which was included in determining the pre- 
dicted rods; 2—projected rods directed approxi- 
mately towards (000) might be observed only on one 
film in the series and thus insufficient data would be 
obtained to determine their direction; 3—some of 
the observed diffraction effects near (111). were too 


* Since the reciprocal lattice drawings represent projections, the 
third or vertical coordinate of points for the precipitate in Figs. 
14 to 16 must be ascertained before comparing the predicted rods 
with the observed rods in Figs. 12 and 13 at the designated Z- 
coordinates. This can be done visually by locating the three associ- 
ated precipitate points which fall on a pair of perpendicular lines 
that are parallel to the [010], and [100], directions. The Z- 
coordinate which is perpendicular to the plane of projection is the 
third coordinate associated with the group of three points but not 
shown in the projection by the particular point in question. On 
this basis it can be seen that of the points which project near 
—that is midway between (000) and (200), —only the 


(101) 
three {100}, reflections which have equivalent points below 
(111) q in Fig. 15 are expected near Z = 1 as observed in Fig. 12. 


The other two {100},” points are near Z = 0 while the four 
{111}, points are near Z = 2. 
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Fig. 13—Reciprocal lattice projections of diffuse rods 
(CuK, radiation) that were observed in series of Laue 
patterns for crystal aged 2 to 3 hr at 300°C. 


confusing to be rationalized, possibly because of the 
several rods here with projections directed approxi- 
mately towards (000); and 4—rods through matrix 
points and directed precisely towards (000) would 
diffract on Laue spots with the exception of small 
angle diffraction near (000). The data are sufficient 
to conclude that thin platelets of y”’ are formed 
parallel to {100} planes during aging of 2 to 18 hr 
at 300°C and platelets of y’ on {112} planes are also 
present after aging 18 hr. 


Discussion of Results 


The dimensions and relative orientations of the 
unit cells of the three precipitates which form dur- 
ing the aging of Cu-Be alloys are shown by way of 
summary in Fig. 17. The y” structure is coherent on 
{100} matrix planes, and it produces the one and 
two-dimensional diffraction effects that have been 
observed by accelerated growth respectively along 
<100> matrix directions and across {100} matrix 
planes. Although three-dimensional diffraction ef- 
fects were not observed for y”, the assumed struc- 
ture better explains the observed diffuse rods than 
would a tetragonal structure formed by a simple 
dilation of the {100} matrix plane stacking as pro- 
posed by Guy and Guinier. A sheared structure 
rather than their coherent, tetragonal one is re- 
quired to explain the doubled <100> rods near 

The second precipitate, y’, which coexists with y” 
in samples aged at 300°C grows to a size capable of 
three-dimensional diffraction. It is coherent on {112} 
matrix planes; it grows as plates on this family of 
planes when the thickness is small and causes diffuse 
diffraction effects that are rod-like and along <112> 
directions of matrix reciprocal lattice. The orienta- 
tion relationship of the y’ structure is the same as 
that proposed by Neerfeld and Mathieu” for ferrite 
formed by transformation in Fe-Ni alloys. 

The equilibrium precipitate y forms a Widman- 
statten figure of plates on the four (111) matrix 
planes which is visible when the particles are grown 
to a microscopically resolvable size at high tempera- 
tures. While in Fig. 6 some of the particles are along 
twin boundaries, Masing and Dahl” have published 
a micrograph for a slowly cooled 1.46 pct Be alloy 
which shows a maximum of four well-developed 
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Fig. 14—Reciprocal lattice projection of rods that would 
be expected for thin platelets of the y” precipitate on 
{100} planes of the matrix. 


traces uninhibited by twin boundaries (see lower 
grain in their Fig. 21). This confirms the results re- 
ported here. At the lower aging temperatures the 
y which is detected in powder patterns is presum- 
ably that in the lamellar nodules which contain re- 
crystallized matrix and which form mainly at 
boundaries of the original grains. In regard to crys- 
tallographic orientation relationships, the inade- 
quate approximation proposed by Guy and Guinier 
for y is replaced by a more rational one when the 
{111} habit is recognized and the (110), conjugate 
plane is considered. The rational orientation rela- 
tionship of (111). parallel to (110), describes the 
data which had been determined by Guy. It also is 
supported by the observations which were reported 
by Dahl and coworkers.” In their X-ray diffraction 
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Fig. 16—Reciprocal lattice projection of rods that would 
be expected for thin platelets of the y precipitate on 
{111} planes of the matrix. 
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Fig. 15—Reciprocal lattice projection of rods that would 
be expected for thin platelets of the y’ precipitate on 
{112} planes of the matrix. 


studies on aged cold-drawn wire they found that the 
precipitate had a fiber texture mainly with a (110), 
direction in the direction of drawing whereas the 
texture of the matrix was the usual wire texture 
with a (111). direction in the drawing direction. 
Thus, the precipitate must have formed with a 
(110), plane parallel to a (111). plane of the ma- 
trix.t The relationship for the body-centered cubic 
lattice y is identical with that proposed by Nishi- 
yama” for the formation of ferrite in an Fe-Ni alloy. 
The crystallographic structures involved in forming 
both y’ and y from the matrix are very similar or 
identical to those involved in the formation of fer- 
rite from austenite in iron-base alloys. On this basis 
possibly the relation proposed by Neerfeld and 
Mathieu and that by Nishiyama both might obtain 
for different forms of the ferrite. Although the small 
difference in orientation of 1°2’ makes a choice be- 
tween the two relationships difficult on the basis of 
three-dimensional diffraction as recently pointed 
out by Nishiyama and Doi,” studies of two-dimen- 
sional diffraction effects provide a clear distinction 
as to whether (111) or (112) is the conjugate plane 
in the matrix. A re-examination of the case of Fe- 
Ni might well profit by the results reported here for 
Cu-Be. 

The overall mechanism of precipitation in Cu-Be 
alloys should be considered at this time. It is not 
possible to decide whether the three precipitates 
form consecutively by transformation of one into 
the other followed by further growth or whether 
they are independently nucleated and grow com- 
petitively at rates that depend upon temperature 
and degree of supersaturation. Perhaps all that can 
be said is that with increasing time they appear in 
the order y”, y’, then y. In this order the specific 


7 Subsequent to the writing of the manuscript recent work by 
Gruhl and Wassermann” has come to the attention of the authors. 
These investigators also obtained the same result for the conjugate 
planes of y. From aging studies on coarse-grained polycrystalline 
samples, they reported evidence for a transition structure which 
they interpreted as a body-centered tetragonal lattice coherent on 
{100} a planes. The transition structure was considered to be merely 


ordered a _ since the new reflections were at locations for superlat- 
tice lines for the matrix; however, the matrix reflections in their 
patterns were so diffuse that it would be difficult to unambiguously 
identify the structure. 
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Fig. 17—Unit cells and their relative orientations for structures involved in precipitation in Cu-Be alloys. 


volume based on unit cell dimensions continuously 
decreases from that of the matrix to that of the 
equilibrium precipitate, as shown by the data in 
Table Il. The largest decrease occurs in the interval 
a— y” which could be interpreted that y”’ has al- 
most the full complement of small Be atoms charac- 
teristic of y. The smaller difference between y” and 
y and between 7’ and y may be attributed to coher- 
ency strains alone. All three precipitates form at 
general areas within the matrix crystals, since they 
were detected in single crystal studied and thus any 
one is not characteristic of a special site; however, 
the formation of any of the three is probably accel- 
erated at sites of low activation energy such as grain 
boundaries, twin boundaries, or slip bands. Since 
the habit planes are different for the three struc- 
tures, it might be concluded that they form inde- 
pendently rather than by the sequence y’—y—y. 
On the other hand, the habit planes contain a direc- 
tion in common, the [110], and it is conceivable that 
a particle might grow as y” along the (001). plane 
to a limiting size, then grow further as y’ along the 
(112), plane, and finally grow to microscopically 


resolvable sizes as y along the (111) plane. As yet 
there is no evidence for the presence of y as ex- 
tremely thin plates, so growth of y on (112) could 
be rather extensive before the growth as y on (111) 
commences. 

The nature of the strains which must arise in the 
partially impoverished matrix as the precipitates 
form warrants more consideration. Matrix strains 
are believed to be the source of age hardening. Co- 
herency of the precipitate with the parent matrix 
requires that the adjoining impoverished matrix be 
also strained. Such strains have been identified in 
systems such as Cu-Ni-Co where the amount of 
precipitate is similar to that of impoverished ma- 
trix.* For Cu-Be alloys it is found that rather sharp 
reflections for the impoverished matrix appeared 
adjacent to parent matrix reflections in the oscillat- 
ing crystal patterns of the sample that had been 
aged 18 hr at 300°C. It was possible to calculate 
reflections for various strained structures expected 
for the various precipitates that would equally ex- 
plain the collective set of matrix spots. Such 
strained matrix structures included a tetragonal cell 
for {100} coherency (y”), an orthorhombic cell for 
{112} coherency (7), and a rhombohedral cell for 
{111} coherency (y). The calculated interplanar 
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spacings for all of the strained cells agreed with the 
observed within the limit of accuracy of the meas- 
urements so that a choice was not possible; how- 
ever, they all involved strains of %4 to 1 pct, while 
isotropic depletion of the matrix produces a % pct 
change in lattice parameter of the cubic cell. Such 
strains would be expected to require plastic de- 
formation of the matrix and on this basis the stria- 
tions are explained. Guinier suggested that the 
{110} planes rather than the normal {111} slip 
planes are those chosen for the deformation because 
the {110} planes are normal to the proposed {100} 
habit plane of the precipitate. This is in conform- 
ance with the idea that the maximum stresses occur 
normal to the precipitate plates. It also applies to 
all three precipitates presented here, for as indicated 
earlier the (110) plane is normal mutually to all 
three habit planes, (001), (112), and (111). While 
the 8° tilt of [001], from [001], reported by Guy 
can be reconciled by the more appropriate choice of 
conjugate planes, i.e., (110), parallel to (111)., the 
+2° tilt about [110]. can be attributed to asterism 
due to deformation of the matrix manifested by the 
striations. When the matrix deforms on {110} planes, 
blocks of the matrix apparently are misaligned 
about a [110] direction in the (110) plane of slip. 
Thus, the y precipitate particles which are precisely 
oriented relative to the immediate matrix cover a 
small spread in orientation relative to the unde- 
formed matrix. This would suggest that one of the 
coherent forms of the precipitate preceded y if the 
deformation is characteristic of the coherent forms 
of the precipitate only. 


Summary and Conclusions 
1—The existing data on precipitation in Cu-Be 
alloys have been reconciled with some new data to 
present a more complete and rational analysis of the 
crystallographic mechanism. 


Table Il. Volume Changes Accompanying Precipitation in Cu-Be 


Average Volume 


Phase per Atom, A’ 
Matrix — a 11.59 
10.40 
9.91 
9.84 
Impoverished a 11.80 
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2—Three different precipitates which appeared 
with increasing time of aging of the 1.7 pct Be alloy 
at 300°C were identified. 

3—tThe first precipitate, y”, has a body-centered 
monoclinic unit cell with a = b = 2.54A, c = 3.24A, 
and 8 = 85°25’. It is coherent on {100} matrix 
planes and produces one and two-dimensional dif- 
fraction effects by anisotropic growth respectively 
along <100> directions and {100} planes in the 
course of its development. 

4—The second precipitate, y’, has a body-centered 
tetragonal unit cell with a = b = 2.79A and c = 
2.54. It is coherent on {112} matrix planes and pro- 
duces two-dimensional diffractions effects by plate- 
like growth on {112} matrix planes. Its orientation 


relationship is (112), // (120), and [110].//[001],.. 
5—The third precipitate is the equilibrium phase 
y which has the orientation relationship (111), // 


(110), and [110]. // [001],. It forms as plate-like 
particles on {111}, habit planes when precipitation 
is conducted at high temperatures. At lower aging 
temperatures y is one of the products of the nodular 
recrystallization reaction that occurs predominantly 
at grain boundaries. 

6—A choice between the possibility of independ- 
ent nucleation of y”, y, and y and the consecutive 
reaction y’—>y—y cannot clearly be made yet. 

7—The habit planes of the three precipitates con- 
tain a [110]. direction in common which might per- 
mit a reaction based on consecutive formation. 
Similarly the three habit planes are all perpendicu- 
lar to {110}. planes on which striations or ripples are 
observed in the microstructure. Coherency stresses 
in the impoverished matrix lead to plastic deforma- 
tion of the matrix on these planes normal to the 
plate-like precipitate particles. The deformation re- 
sults in a spread of +2° in the orientation of the y 
precipitate about [110]. directions. 
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In the February 1952 issue: TP 3214E. Diffraction Patterns and Crystal Structure of Si,N, and Ge,N, by 
W. C. Leslie, K. G. Carroll, and R. M. Fisher. P. 205, the subcaption for Fig. 1 should read: 1 pct nital etch. 
X2000. Area reduced approximately 50 pct for reproduction. 
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Isothermal Transformation Characteristics 


Of an Iron-Chromium Alloy of Titanium 


by Charles W. Phillips and Donald N. Frey 


A commercial Ti-Fe-Cr alloy, Ti-150, exhibits a martensitic trans- 
formation on cooling and two nucleation and growth reactions, one 
above and one below the \.-M, region, on isothermal holding below 
the single-phase 8 temperature range. The reactions were followed 
by metallographic, X-ray diffraction, and microhardness methods. 


gue rapidly expanding engineering application 
of titanium and its alloys makes increasingly 
urgent an adequate knowledge of the effect of heat 
treatment on this material. The work herein re- 
ported is an attempt to determine certain aspects of 
the behavior of a commercially available alloy, Ti- 
150, during heat treatment. 

The alloy, with a nominal composition of 2.7 pct 
Cr, 1.3 pet Fe, 0.25 pct_O, 0.02 pet N, and 0.02 pct C, 
was received in the as-rolled condition as a 34 in. 
round. Slugs 0.11 to 0.12 in. thick were cut under a 
coolant using a silicon carbide wheel. Preliminary 
work established that the alloy consists of two 
phases, « (hexagonal close-packed) and 8 (body- 
centered cubic), at temperatures below 1750° to 
1775°F, and of only 6 phase at higher temperatures. 

The slugs were heated for 1 hr in air at 1800°F 
to form a single-phase @ matrix, then transferred to 
molten tin (1250° to 1650°F) or lead (1150°F and 
below) for isothermal holding. Holding tempera- 
tures ranged from 700° to 1650°F, times from 0.001 
to 23 hr. The treated slugs were then sectioned, one 
part for metallographic examination and diamond 
pyramid hardness, the other, after deep etching to 
remove the high oxygen surface,’ for comparative 
lattice parameter determination and X-ray phase 
identification. 

Hardness measurements were taken on the lightly 
etched surfaces of the metallographic specimens; a 
1000 g load on a 136° diamond pyramid was used. 
Five impressions on each sample were made and the 
average of the hardness calculated. 

The use of microhardness measurements to follow 
the course of an isothermal transformation reaction 


C. W. PHILLIPS, Member AIME, is Instructor, Dept. of Chemical 
and Metallurgical Engineering, University of Michigan, Ann Arbor, 
and D. N. FREY, Member AIME, formerly with the University of 
Michigan is now Member, Scientific Laboratory, Engineering Staff, 
Ford Motor Co., Detroit. 

Discussion on this paper, TP 3258E, may be sent, 2 copies, to 
AIME by June 1, 1952. Manuscript, Sept. 7, 1951. New York 
Meeting, February 1952. 
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Table |. Type | Reaction Temperatures and Times 


Tempera- Time of Time of 
ture, °F Start, Hr Finish, Hr 
1650 0.01 1.0 
1500 0.001-0.01 0.1-1.0 
1450 0.001 0.1 
1300 <0.001 <0.01 


is undesirable because of the possibility of wide 
differences in microconstituent hardness.” They 
were used in this case, however, because of the 
small amount of material available. At the higher 
transformation temperatures, where the above- 
mentioned objection was apparent, the readings 
were proportioned to correspond to the estimated 
ratio of transformed and untransformed constitu- 
ents present. 

At lower temperatures, resulting in much finer 
microconstituents, the microhardness measurements 
were more uniform. The standard deviation of the 
mean of five impressions calculated from these latter 
values was 4.2 DPH. Employing 20 limits (prob- 
ability 0.95) the experimental error of the hardness 
measurements averages was 8.4 DPH. 

The etchant used was composed of one part glyc- 
erol and one part 48 pct hydrofluoric acid.* Of a 
number of etches tried, this one appeared most satis- 
factory. All micrographs were taken at’500X mag- 
nification and with oblique lighting to permit easier 
identification of the acicular structure resulting from 
rapid cooling. No advantage was gained by using 
polarized light for metallographic examination. 

Phase identification and lattice parameter meas- 
urements were made with a North American Philips 
high angle spectrometer in conjunction with a re- 
cording potentiometer. Considerable difficulty was 
encountered with some of the lattice parameter 
measurements because of the extreme broadness of 
the few diffraction lines obtained from samples con- 
sisting mainly of strained, untempered, quenched 
structures. 
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Fig. 1—0.001 hr at 1650°F. Acicular a 
formed on quenching from holding bath. 


Fig. 4—0.001 hr at 1300°F. a nucleated 
at grain boundary in matrix of acicular a. 


Fig. 2—0.01 hr at 1650°F. a@ formed by Fig. 3—1.0 hr at 1650°F. Transformation 
nucleation and growth in acicular a matrix. 


complete. 


Fig. 6—14.5 hr at 1300°F. 


Figs. 1-6—Micrographs of Ti-150 alloy after 1 hr at 1800°F, isothermally transformed. Etched in 50 pct glycerol, 50 pct HF. X500. 


Only two lines of the high temperature 8 phase 
were persistent, the (110) at 6 = 20° and the (220) 
at 96 = 42°. The a phase produced about six lines, 
all below 6 = 44°. None of the samples examined 
produced lines not attributable to either of the a 
or 8 patterns. 

A wide variation in the £ lattice parameter with 
treatment made comparative measurements possible 
utilizing the two lines mentioned. No corrections for 
absorption or eccentricity were employed, so the 
parameter values may be subject to considerable 
systematic error. 

The method for lattice parameter measurement 
consisted of obtaining the angular difference be- 
tween the lines, and using the relation: 


2.175 : 1.087 
AO = — Oar) = Sin™ sin™ | ———} [1] 
oO a, 


derived from the Bragg equation.* Application of 
the same method for changes in the c axis of the a 
phase using the (002) and (004) lines was unsuc- 
cessful because the parameter variation is of the 
same order of magnitude as the experimental error, 
approximately 0.005A. 
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Results and Discussion 
The a @ £B transformation in pure titanium occurs 
at 1625°F. Addition of oxygen and nitrogen to 
titanium raises the transformation temperature’ and 
explains the presently observed high value of 1750° 
to 1775°F for the upper limit of the two-phase field. 


= 2dsing 
. 
@ = sin- ee incorporating n into the expression for d: 
A@ = 622%) — = sin-! — sin -1 
2d (220) 2d (10) 
Qo 
where d = 


(h2 + k2 + 12)1/2 


Qo Qo 
and d(220) = daw = — 


2/2 
Substituting for } = 1.538 (unresolved CuKa) and for Ahk): 


2.175 1.087 
= ‘sin=1 — sin-1 [ | 


do Qo 


A plot of A@ vs. a from this equation facilitated the parameter 
determination. 
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formed on quenching to 1150°F. 


Fig. 11—1.0 hr 


Fig. 13—1.0 hr at 850°F. Fig. 1 


1000°F. 
constituent in matrix of tempered acicular 


Fig. 9—16.1 hr at 1150°F. Tempered 
acicular a. 


Unknown 


700°F. 


Fig. 15—23.0 hr at 


Figs. 13-15—Micrographs of Ti-150 alloy after 1 hr at 1800°F, isothermally transformed. Etched in 50 pct glycerol, 50 pct HF. X500. 


There are no published data on the phase rela- 
tionships of the system containing the alloy under 
investigation, or neglecting oxygen, nitrogen, and 
carbon, any on the Ti-Cr-Fe system. The available 
information on the titanium-rich portions of the 
binary Ti-Fe and Ti-Cr systems,”* however, indi- 
cates that a ternary eutectoid might reasonably be 
expected at some temperature below 1100°F. No 
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microscopic or X-ray evidence of the presence of 
this reaction was obtained. 

Three basic types of reactions are observed over 
the temperature range of isothermal holding in- 
vestigated, and hereafter will be referred to as types 

Type I, extending from the single-phase 8 tem- 
perature to about 1250°F, is a typical nucleation and 
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Fig. 16— Effect of isothermal holding after 1 hr at 1800°F on 
the diamond pyramid hardness of Ti- 150. 
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Fig. 17—Effect of isothermal holding after 1 hr at 1800°F on 
the lattice parameter of the 6 phase of Ti-150. 


growth reaction (Figs. 1 to 6). Above 1550°F, nu- 
cleation occurs generally throughout the 6 matrix; 
at 1550°F and below, nucleation occurs mainly in 
the grain boundaries. The structure of the reaction 
product, a, becomes finer and more linear with de- 
creasing temperature of transformation (compare 
Figs. 3 and 6). On quenching from the holding bath 
untransformed £ is converted to an acicular product. 

Although insufficient work was done to establish 
accurately the start and finish times of this reaction, 
estimates of these quantities are presented in Table I. 
This reaction is one of nucleation and growth of a 
from a supersaturated 8 matrix, as revealed by 
X-ray phase identification. 

Type II reaction is represented by Figs. 7 to 9. 
No isothermally formed product is evident. The 
acicular structure formed on cooling to the trans- 
formation temperature undergoes a gradual coarsen- 
ing with increasing delineation of the individual 
plates. The temperature range extends from about 
1150°F to about 1000°F. This is interpreted to be 
the formation of acicular a (also called a’) upon 
quenching to the holding bath temperature, fol- 
lowed by tempering (release of transformation 
strains) plus approach to equilibrium phase com- 
positions by diffusion. 


Table Il. Type II] Reaction Temperatures and Times 


Temperature, °F Time of Start, Hr 


1000 0.01-0.1 
850 0.1 -1.0 
700 1-20 
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The X-ray diffraction patterns obtained from 
martensitic samples, although consisting of broad 
lines, were apparently only from highly strained 
a, and not a transition structure. 

Type III reaction commences somewhat above 
1000°F and is shown in Figs. 10 to 15 as the forma- 
tion of dark-etching, irregular plates which in- 
crease in number and decrease in size with de- 
creasing temperatures. 

Table II presents the time-of-start estimates for 
the reaction. Completion times were too uncertain 
to be significant. This reaction is believed to be 
either the transformation of small islands of retained 
B into a or the formation of 8 from acicular a, the 
latter formed by the martensite reaction on quench- 
ing. 

The results of the hardness measurements are 
shown in Fig. 16. Those series within the Type I 
transformation temperature range (above 1250°F) 
decrease in hardness from a high initial value at 
rates which are inverse functions of the tempera- 
ture. Intermediate temperatures (1000° to 1150°F) 
corresponding to the Type II reaction also show a 
hardness decrease with time, but have much lower 
initial values. The low temperature series show an 
increase in hardness with time, to a maximum, 
characteristic of the effect of precipitation from 
solid solution. 

The hardness results are explained on the basis 
of the three types of reactions noted. Down to 
1300°F, short-time holding allows relatively little 
transformation, so the 6 matrix is transformed to 
martensite on quenching, yielding a hard product. 
The rate of hardness drop is directly related to the 
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Fig. 18—Determination of the M,-M: region of Ti-150 on 
the basis of diamond pyramid hardness of samples transformed 
0.001 hr at various temperatures after 1 hr at 1800°F. 


1800 


1400 


TEMPERATURE, 


x'+ & 
0.001 0.01 10 10 100 


TIME, HOURS, LOG SCALE 


Fig. 19—Tentative TTT diagram for Ti-150. 
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starting time and velocity of the Type I reaction. 
The final hardness after completion depends on the 
equilibrium amounts of a and £, and upon the 8 
composition, which, with higher alloy content, does 
not transform to martensite but is retained on 
quenching. 

The comparative softness of the first samples of 
the intermediate temperature series is due to the 
rapid relief of strain of the martensite matrix 
formed during cooling. Further hardness decrease 
in the Type II reaction is due to gradual coarsening 
of the a-8 plate structure. As the holding tempera- 
ture is lowered, the 0.001 hr hardness increases be- 
cause of the decreasing tendency to relieve strain. 

The effect of time and temperature on the 6 phase 
lattice parameter is shown in Fig. 17. The dashed 
line corresponds to the boundary separating the 
a+ 8 and the single-phase £ fields, as determined by 
the minimum £ lattice parameter (maximum alloy 
content, since Fe and Cr contract the Ti lattice) at 
a given temperature. With the exception of the 
short holding times at 700°F, measurable £ lines 
were obtained from all treatments. The lattice 
parameters approach their equilibrium values at 
decreasing rates with decreasing temperatures. 
There are no obvious discontinuities in the parame- 
ter changes corresponding to the three types of 
microstructural changes cited. 

The absence of a 6 phase in the 1000° to 700°F 
transformed samples indicates that either the ter- 
nary eutectoid temperature has not been reached, 
or, more likely, from the evidence of the binary 
Ti-Fe and Ti-Cr systems,”* the transformation to a 
low temperature 6 phase is very sluggish. 

The dark-etching constituent formed at 1000°F 
and below appears after the maxima in the pre- 
cipitation hardening curves are passed, indicating 
that it is evidence of overaging. High magnification 
examination did not reveal a discernible fine struc- 
ture within the particles, but it is thought that the 
dark appearance is caused by staining of a fine dis- 
persion of £ in an a matrix. 

Determination of the M, and M, temperatures of 
the martensitic transformation is from the hardness 
data at 0.001 hr holding time, Fig. 18. It is reason- 
able to assume that an appreciable amount of mar- 


tensite must be formed during cooling to the hold- 
ing temperature in order that the total hardness may 
be lowered noticeably. Thus the M, may be placed 
at approximately 1300°F. The M,, indicated by 
cessation of the hardness drop, is considerably more 
uncertain, in the neighborhood of 1000°F. These 
conclusions may be represented graphically on a 
conventional TTT diagram, Fig. 19. 


Conclusions 
1—The titanium-rich Ti-Fe-Cr alloy, Ti-150, ex- 
hibits a martensitic reaction on rapid cooling from 
the single-phase body-centered cubic 8 region to 
form a supersaturated hexagonal close-packed a. 
The M,-M, region is approximately 1300° to 1000°F. 
2—Between 1750° and 1250°F, 8 decomposes iso- 
thermally to a and B of equilibrium composition by 
nucleation and growth; nucleation occurs through- 
out the 6 matrix above 1550°F, and only at the grain 
boundaries below 1550°F. 
3—At 1000°F and below, a precipitation reaction 
occurs causing an increase in hardness to a maxi- 
mum, and eventually the growth of a dark-etching 
constituent as yet unidentified. 
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Technical Note 


Use of Etch Figures for Micrographic Investigations of Commercially Pure 


Aluminum and Aluminum Alloys 


by Jean Herenguel 


HE published work of Lacombe and Beaujard’ 
has demonstrated the interesting application of 
etch figures to the determination of crystal orienta- 
tions in aluminum by a purely micrographic method. 


J. HERENGUEL is Director of the Department of Research, 
Trefileries et Laminoirs du Havre, Antony, Seine, France. 
TN 100E. Manuscript, Aug. 20, 1951. 
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The geometry of these figures leaves no ambiguity 
and the method has the added advantage of being 
applicable to very small crystal units. These authors 
applied the technique to the study of high purity 
aluminum, and it has now been adopted by Heren- 
guel and his collaborators to various researches on 
commercial aluminum, containing up to 1 pct Fe and 
Si. This must modify the opinion pointed out by 
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Direction of rolling 


[001] 


Fig. 1—Orientation relationships in a complex cubic texture. 
Aluminum of 99.5 pct purity, rolled and annealed. 


(100), [012] 
(100), [012] 


(100), [013] 
(100), [ots] 


Servi and Grant in their recent work.’ For preferen- 
tial orientation textures, the individual orientation 
of each grain has been determined and various rela- 
tionships have been interpreted quantitatively. 

Thus without any ambiguity, orientations in a 

‘whole polycrystalline aggregate can be defined pre- 

cisely, while additional evidence (from slip band 
traces after light plastic deformation, from thin 
oxide films yielding interference tints of different 
color, and from examination of thicker oxide films 
in polarized light) confirms completely the results 
of this analysis. 

J. Herenguel and F. Santini” * have in this way 
analyzed a recrystallization texture in aluminum 
(purity, 99.5 pct) after the rolling of an ingot from 
a semicontinuous casting process. The following re- 
lations, shown in Fig. 1, have been identified. 

With the same etching, it was also possible to dis- 
tinguish the macrographic pattern of the cubic tex- 
ture. Fig. 2 shows this appearance at a low magni- 
fication. The dark areas are covered by triangular 
figures in great numbers, while the light regions 
carry a few square figures, revealing areas of cubic 
texture. (On Fig. 2, the etch figures are too small to 
be seen on this macrographic scale.) 

Etch figures have also been used by Herenguel to 
analyze a type of solidification texture encountered 
frequently in semicontinuous castings of aluminum 
of commercial purity. This relationship, which until 


Fig. 2—Aluminum of 99.5 pct purity, rolled and annealed, 
electrolytically polished and etched in Lacombe’s reagent. 
Cubic texture, see Fig. 1. X100. 
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planes 

Fig. 3—Solidification texture with twinned leaves in semicon- 
tinuous castings of aluminum of 99.5 pct purity. 


now has passed unnoticed, is of striking regularity; 
sometimes nearly the whole ingot is formed of flat 
crystals, each of these being itself made up of two 
half-twins (see Fig. 3). Each twin is oriented in 
essentially the same way. The (111) plane, common 
to the two parts of the twin, is both in a vertical 
position and nearly perpendicular to the wall of the 
mold, the [112] axis of each double leaf is vertical. 
In addition, segregation of the constituents (Al, Fe, 
Si) occurs at the boundaries of the leaves (which 
are almost completely filled) and also on the {100} 
planes on either side of each twin. By contrast, the 
twin boundaries, and their immediate neighborhood, 
are free of any constituent. The analyses of this 
arrangement has been confirmed by X-ray studies” 
but with much difficulty; while etch figures have 
permitted an easy and complete analysis and a 
definite identification. 

Finally, etch figures can also give some indication 
of local composition differences in the solid solution.° 
Applied to solidification textures in commercial alu- 
minum alloys, they have enabled us to show that 
the separation of phases on the {100} planes is quite 
general. Around such phases, the composition of 
the solid solution undergoes considerable variation 
(enrichment or impoverishment). As the number of 
etch figures is related to the composition (as in all 
engraving etches) the homogeneity or variations of 
composition of the solid solution can be studied, with 
reference to the metallurgical treatments. All these 
studies have been carried out using the classical 
reagent of Lacombe, the only precaution residing in 
the precise definition of polishing conditions preced- 
ing the attack. It must be noted that with metal of 
commercial purity, the etch figures are sometimes 
truncated; however, by observing the cube edges of 
the etch-pit or, rather, their projection on the sur- 
face, it is easy to determine the exact shape of the 
basic figures and to measure the angles exactly. 
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Sintered Titanium Carbide 


by Frank W. Glaser and W.. Ivanick 


A pressure-sintering method was used to produce binder-free and 
very dense TiC specimens. Some physical properties of these TiC 
bodies were determined and found to compare favorably with those 
of certain cemented TiC grades. It was also observed that the hot 
transverse rupture strength of TiC bodies remained substantially the 

same regardless of the amount or type of binder material used. 


TUDIES of the structure and physical properties 
of refractory materials have been intensified re- 
cently because of the urgent need for nonstrategic 
materials that retain their strength at high tempera- 
tures. Research aimed at determining and improv- 
ing the physical properties of cemented carbides and 


borides has been accelerated with a view toward 


possible use of such materials in connection with 
turbine blades, rocket nozzles, and other high tem- 
perature applications. 

On the hypothesis that the strength requirements 
in connection with some of the above applications 
could be met only by proper choice of cementing 
agents for such refractory materials, the literature 
describing the physical properties of borides or car- 
bides was reviewed. However, with a few excep- 
tions,** references were found only to compositions 
containing at least one or more auxiliary binder 
metals. Cobalt and nickel are among the most fre- 
quently employed cementing agents. 

The melting point of TiC (approximately 3250°C) 
and therefore the sintering temperature, at which 
notable densification of a cold pressed TiC powder 
compact could be expected in the absence of a liquid 
binder phase, is relatively high. The present study 
makes use of a high temperature, pressure-sintering 
procedure, recently described by one of the authors 
in connection with the sintering of binder-free 
ZrB.,” to produce dense bodies of sintered TiC—free 
of any cementing agent. During the course of this 
sintering study, some physical properties of dense 
TiC bodies produced by this method will be dis- 
cussed. 
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Table 1. Chemical Composition of TiC Grades Employed 


Com- Graphitic C 
Ti, bined C, Atomic 
Pet WtPct WtPct Pct 


Grade 1 18.4 3.4 
Grade 2 79.1 19.3 0.6 ales 
Theoretical Composition 79.3 20.7 


Materials, Preparation of Samples, Testing Methods 


The procedure for the forming of TiC powder con- 
sisted of mixing graphite and TiH, powders in stoi- 
chiometric proportions, and heating this mixture in 
a H, atmosphere and carbon crucible by high fre- 
quency, to temperatures ranging between 1900° and 
2100°C (3452° and 3812°F). The powdered carbide 
was then comminuted and screened to the desired 
particle size. Table I shows the chemical analysis of 
the two grades that were employed for the produc- 
tion of samples during this work. Bodies of TiC, 
approximately 2.5x1x0.6 cm were produced in 
graphite molds that were heated by direct conduc- 
tion. Sintering was carried out at temperatures for 
time intervals ranging from approximately 0 to 30 
sec under a constant pressure of about 1.3 tons per 
sq in. 

An alternate method for the production of samples 
consisted in cold pressing the individual TiC grades 
at pressures ranging from 4 to 10 tons per sq in. 
and sintering in a hydrogen atmosphere in graphite 
crucibles heated by high frequency induction. Sin- 
tering temperatures ranged from 2600° to 2900°C 
(4715° to 5255°F). Electrical testing was done by 
measuring potentiometrically the voltage drop over 
a length of 1.5 cm for a current of 10 amp at room 
temperature. Cross-sectional areas as well as densi- 
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Fig. 2—Effect of time at temperature on den- 
sification of TiC compacts. 


ties of the samples under test were determined by 
the immersion method. 

To determine transverse rupture strength, speci- 
mens were broken over a 9/16 in. span, at room 
temperature. X-ray diffraction examination of TiC 
powders was carried out with a Norelco Recording 
Spectrometer. 

To evaluate specimen densities in terms of their 
X-ray density, the parameter of the face-centered 
cubic metal lattice of grade No. 2 was determined 
and found to be a, = 4.3221A. The calculated X-ray 
density is therefore D = 4.93 g per cc. Correcting 
the value of 4.93 g per cc for 1.3 and 0.6 wt pct of 
graphitic carbon, densities of 4.85 and 4.89 g per cc, 
respectively, were calculated to be the theoretical 
densities of the TiC grades employed for the produc- 
tion of samples during the course of this work. Un- 
less otherwise stated, all particle sizes of TiC grade 
1 or grade 2 powders were through 325 mesh (44 
microns average particle size). 


Results 
Control of degree of completion of the sintering 
process is usually obtained with density or electrical 
resistivity measurements. Of these two, density de- 
terminations are believed to be a more direct method 
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because of their relative insensitivity to small 
amounts of impurities as compared with electrical 
measurements. The effects of sintering temperature 
and time on the density are shown in Figs. 1 and 2. 

Fig. 1 shows the relationship of the density vs. 
sintering temperature for the two TiC grades em- 
ployed. Samples had been kept at temperature and 
under pressure for 30 sec. This time period of 30 sec 
represents the time at temperature required to ob- 
tain optimum density values, and time periods in 
excess of 30 sec did not produce any measurable in- 
creases in density. It can be seen here that a very 
strong temperature dependency of the density still 
exists in even the very high density regions (98 pct 
and higher). No appreciable difference in densifica- 
tion for the different carbide grades could be ob- 
served. Fig. 2 describes the influence of time at 
temperature on the density of TiC (grade 2) com- 
pacts. Temperature is the parameter for the curves 
plotted in this figure. An optimum value of 99.4 pct 
of the theoretical density could be obtained for a 
TiC specimen of grade 2, if kept at 3000°C (5435°F) 
for 30 sec under continuous pressure. 

In Figs. 3 and 4, the electrical resistivity and 
transverse rupture strengths of the two TiC grades 
are plotted as a function of the density. Since the 
density was shown (Figs. 1 and 2) to reflect both the 
influence of temperature as well as that of time ata 
given temperature, physical properties were plotted 
against density and extrapolated to 100 pct in order 
to obtain material properties for the two grades of 
TiC powders of through 325 mesh particle size. The 
electrical resistivity of TiC was thereby determined 
to be approximately 72 microhm-cm, while the 
transverse rupture strength ranged between 85,000 
to 95,000 psi. 

From the data reported in Figs. 1 through 4, it is 
apparent that optimum values for pressure-sintered 
TiC could be obtained for grade No. 2 if processed 
at approximately 3000°C for 30 sec. These condi- 
tions were therefore chosen to produce compacts of 
grade No. 2 TiC and to study the influence of parti- 
cle size on density, electrical resistivity, and trans- 
verse rupture strength. The properties reported in 
Table II were obtained on specimens (grade No. 2) 
that were heated to 3000°C under continuous pres- 
sure and kept at this temperature for about 30 sec. 
The data of this table show that densification, elec- 
trical conductivity, and transverse rupture strength 
are improved considerably by the use of smaller 
average particle size powders. Average particle 
sizes of 8 and 2 microns were estimated micro- 
scopically. 

As demonstrated by the data of Table II, particle 
size effects are evidently strongest with regard to 
the transverse rupture strength. It was possible to 
obtain values in excess of 120,000 psi by the use of 
a powder having an average particle size of approxi- 
mately 2 microns. However, it proved rather diffi- 


Table II. Influence of Particle Size on the Properties of Sintered TiC* 


Transverse 


Average Electrical Rupture 
Particle Size, Density, Resistivity, Strength, Hardness, 
Microns Pct Microhm-cm Psi Rockwell A 
—74 to +44 98.6 78.3 73,500 88 -89 
—44 to +37 99.5 72.0 91,000 88 -89 
—37to + 8 100 72.1 100,000 91 -92 
— 8to+ 2 100 68.2 124,000 92.5-93.5 


* All data reported are the averages of at least two measurements. 
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cult to further reduce particle sizes of the powders 
employed here and still maintain purity. Electrical 
resistivity values of 105, 193, and 70 microhm-cm 
respectively have been reported,’ while during the 
course of this work a value of 68 microhm-cm was 
determined for very dense TiC compdcts. The tem- 
perature coefficient of the electrical resistivity was 
found to be 0.0032 at 22°C. The thermal conduc- 
tivity of such samples was measured to be 0.110 
watts per cm per °C between 20° and 100°C. The 
product of electrical resistivity and thermal con- 
ductivity is therefore equal to 7.48, a value that 
nearly corresponds to the normal Wiedemann- 
Frantz ratio of 7.5. 

Corrosion tests in air at 1000° and 1150°C revealed 
that the oxidation resistance of dense and binder- 
free TiC bodies is relatively poor, if compared, for 
instance, with such very corrosion resistant materials 
as zirconium-boride or molybdenum-disilicide. It is, 
however, superior in corrosion resistance to certain 
nickel and cobalt cemented titanium carbide grades. 
Some comparative data are shown in Table III. 

Transverse rupture strength values as determined 
by other investigators”® for cemented TiC bodies 
are compared with the strength values obtained on 
straight TiC bodies during the course of this work 
in Figs. 5 and 6. 

Discussion of Results 

Figs, 1 and 2 demonstrate the importance of very 
high sintering temperatures and times at tempera- 
ture (under pressure) to obtain maximum densities. 
Approximately 30 sec at 3000°C were needed in 
order to obtain a specimen approaching 100 pct 
density and exhibiting a relatively high transverse 
rupture strength. While the electrical resistivity re- 
mains fairly constant over the 95 to 100 pct density 
region (Fig. 3), the effect of reduction in pore space 
upon the transverse rupture strength over this same 
density range is great (Fig. 4). The strength of TiC 
bodies is reduced by a factor of two by as little as 
5 pet of voids. Chemical analysis of the powder, as 
well as particle size, also influenced to a considerable 
extent the mechanical properties of TiC bodies pro- 
duced during this investigation; nevertheless to ob- 
tain the strongest TiC specimens, the emphasis had 
to be on the sintering techniques employed. The 
production of these high density TiC materials per- 
mitted a good evaluation of some physical proper- 
ties of this compound, which, on the basis of elec- 
trical measurements at least, exhibits very definite 
metallic behavior. 

Having demonstrated that high transverse rup- 
ture strength bodies may be produced from titanium 
carbide powders of high purity and by the use of 
very high sintering temperatures at sintering pres- 
sures higher than atmospheric pressure, a compari- 


Table III]. Comparison of Air Corrosion Resistance at 1150°C of 
Dense and Binder-Free TiC Bodies with Other Materials* 


Weight Gain in Mg per Sq Cm After: 


Material 8 Hr 16 Hr 24Hr 32Hr 48Hr 200 Hr 
TiC Grade 1 6 7 i 9 Failed} 

TiC Grade 2 5 6 Failed 

TiC, 10 pct Co 10 18 Failed Failed Failed 

TiC, 20 pct Co 8 12 Failed Failed Failed 

TiC, 10 pct Ni 5 9 18 Failed Failed 

MoSiz 2 4 5 5 6 8 
ZrBz 0.5 1.2 2 3 4 4 


* All data reported here were compiled by this laboratory. 
+ Failed on basis of weight gain in excess of 20 mg per sq cm. 
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Fig. 3—Influence of density increases on 
the electrical resistivity of TiC compacts. 
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son of the transverse rupture strengths of binder- 
free titanium-carbide bodies with that of “ce- 
mented” titanium carbides, as carried out in Figs. 
5 and 6, becomes extremely interesting. Considering 
the curve in Fig. 5, it appears that the additions of 
5 or 10 pct binder to TiC have very little, if any, 
effect on its transverse rupture strength. A higher 
transverse rupture strength and a maximum value 
are obtained, however, with approximately 20 pct 
binder additions.* It is conceivable that, by the use 


* This value, as well as the solid solution values reported in Fig. 
6 were taken from an article published by Redmond and Smith.® 
This laboratory was unable to reproduce the high transverse rupture 
value obtained by these authors for the 80/20 TiC/Co composition. 


of still purer powder grades and finer particle sizes, 
the mechanical strength of binder-free bodies could 
be further increased and could possibly approach, 
if not exceed, the maximum transverse rupture 
strength as shown in Fig. 5. During the hot trans- 
verse rupture strength testing of TiC (cemented as 
well as binder-free compositions), it was found that 
all TiC materials, regardless of the amount or nature 
of the binder present, behaved very much alike. The 
curve of Fig. 6 shows what has been frequently re- 
ferred to as the “gradual softening” of the binder 
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Fig. 5 (above)—Effect of binder 
additions on the transverse rupture 
strength of TiC compacts. 


Fig. 6 (right) Transverse rupture 

strength of various titanium carbide 

grades as a function of tempera- 
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phase. The transverse rupture strength of materials 
reported in Fig. 6 dips to near zero strength at about 
1200°C. 

The fact that the binder-free titanium carbide 
also follows this pattern of “gradual softening” in- 
duces the thought that either an impurity acting as 
a binder, a low melting titanium carbide-carbon 
eutectic, or a weakening of the titanium carbide 
structure as such, could be responsible for the re- 
duced strength exhibited by binder-free TiC samples 
at relatively low temperatures. This latter thought 
would be of course in contradiction to empirical 
rules relating the strength of materials to their melt- 
ing points. Very little is known about the existence 
of a carbon-titanium carbide eutectic. With regard 
to impurities present, this material was analyzed 
spectroscopically and some wolfram (.X) and co- 
balt (.0X) were found. A microscopic examination 
disclosed the presence of a very small amount of 
impurities believed to be oxides. 

The current question of whether the binder phase 
is responsible for the high strength of an aggregate 
of carbide grains, or whether the binder phase serves 
the purpose of repairing microcracks or flaws within 
a continuous carbide skeleton can certainly not be 
answered by the data of this work. However, for 
the specific case of titanium carbide bodies, some 
valuable conclusions can be drawn on the basis of 
some of the results obtained during the course of 
this investigation. 

The effect of the removal of the last 5 pct of pore 
space on the strength characteristics of compacts 
was demonstrated in Fig. 4. If now the carbide phase 
of a bonded TiC body should consist of a continuous 
skeleton, the binder phase, in improving the strength 
of a porous carbide compact, has probably filled its 
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voids, rather than “cemented” individual carbide 
particles, as is very often assumed to be the case. 

In view of the data reported in Fig. 6, there seems 
to be but little doubt about an important contribu- 
tion to the transverse rupture strength of the carbide 
body itself, since the hot strength of titanium car- 
bide bodies remained unaffected by the amount or 
type of binder material employed. Since the trans- 
verse rupture testing method is rather sensitive to 
mechanical defects of a body, it would be conceiv- 
able that the strength of such a carbide compact 
might be governed by the amount of mechanical 
imperfections, with binders acting as the crack heal- 
ing substance. Therefore, better processing condi- 
tions might increase strength values of titanium 
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carbide bodies through crack elimination with im- 
proved sintering methods, rather than binder addi- 
tions. 
Summary 

It has been shown that the pressure-sintering 
method permits the production of very dense, 
binder-free TiC bodies, exhibiting physical proper- 
ties that are generally superior to data previously 
reported in the literature. Two grades of TiC, con- 
taining varying amounts of graphitic carbon, were 
prepared and the physical properties of these two 
grades were related to chemical composition, powder 
particle size, sintering times, and temperatures. The 
transverse rupture strength of pressure-sintered, 
binder-free TiC bodies compares favorably with that 
of cemented carbides containing up to about 10 pct 
binder. The hot strength of titanium carbide bodies 
appears to be unaffected by the amount or type of 
binder material employed. 
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Contribution to the Metal-Carbon-Boron Systems 


by Frank W. Glaser 


__ Metal-carbon-boron powder mixtures were hot pressed and the result- 
ing specimens were studied by X-ray diffraction. It was found that regard- 
less of the starting combination of the metal, carbon, or boron powders, a 
metal boride phase was always the major component in these samples. In 
the absence of carbon the boride phase formed on hot pressing depended 
only on the amount of boron present. Two new phases of the system Ti-B 
were found. They are Ti.B and Ti.B;. The existence of a controversial face- 
centered cubic phase of formula TiB was confirmed. Electrical resistivities 
were measured for various boride phases. It was found that the diborides 
are generally better conductors than the monoborides of the same metal. 


HE carbides and borides of the transition ele- 

ments have very high melting points, in the 
range 2500° to 4000°C, and are therefore of interest 
as high temperature materials. The literature on the 
stability or chemical reactivity of these carbides 
and borides is very scarce. Various investigators*® 
have demonstrated a relative instability of certain 
carbide phases in the presence of boron or boron- 
containing substances. 

In a recent publication, Glaser* demonstrated the 
stability of zirconium-boride (ZrB.) in the presence 
of carbon at temperatures in excess of approxi- 
mately 2900°C, while during a preliminary investi- 
gation of boride phases, Steinitz’ concluded that the 
diborides are stable in the presence of carbon while 
the monoborides of the fourth and fifth group are 
not, forming diborides plus carbides instead. Nel- 
son, Willmore, and Womeldorph*® have elaborated 
on the reaction B,C + 2TiC = 2TiB, + 3C, which 
was known to occur because of a relative instability 
of B,C and the great tendency towards TiB. forma- 
tion at relatively low temperatures (approximately 
1200°C). A similar study, involving as starting ma- 
terials TiO, and B.C and resulting in TiB., was re- 
cently described by Honak*, who observed the 
beginning of an exothermic reaction of a TiO,.-B,C 
powder mixture, which, when preheated in a hydro- 
gen atmosphere to approximately 950°C, was car- 
ried to about 1600°C by the heat of reaction. 

To shed more light on reactions of this type 
(Metal-C-B), the final product apparently always 
resulting in a boride phase at the expense of a car- 
bide phase,* a systematic investigation was started 


* Boride phases of various metals, as reported to date, are listed 
in Table I. 


and the following is an account of some of the re- 
sults that were obtained. 


Materials, Preparation of Samples, Testing Methods 
The raw materials employed for this work con- 
sisted of various carbide, boride, and metal powders, 
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as well as of boron and graphite powders. In cases 
where commercial grades of carbides were consid- 
ered unsuitable because of low purity or excessive 
amounts of graphitic carbon, such carbide powders 
were prepared by this laboratory. The procedure 
for the preparation of carbide powders (zirconium 
carbide, titanium carbide, tantalum carbide, and 
niobium carbide) consisted of mixing graphite and 
the respective metal hydride powders in stoichio- 
metric proportions and subsequent heating of such 
mixtures in a hydrogen atmosphere in carbon cruci- 
bles. The heating was by high frequency to tem- 
peratures ranging between 1700° and 2100°C. The 
resulting carbide was then comminuted and 
screened to the desired particle size. 

ZrB. and TiB, powders were produced by the 
electrolysis of fused salt baths, according to the 
method described by Andrieux.? The borides of 
niobium, vanadium, tantalum, molybdenum, chro- 
ium, and iron were obtained by mixing the re- 
spective metal and boron powders in the desired 
proportions. Such metal-boron mixtures were 
heated in a high frequency furnace to form boride 
powders. 

For each metal-carbon-boron group (Tables II 
through XI) a metal, its hydride, carbide or boride 
were mixed with carbon, boron or boron carbide 
powders. The additions of carbon, boron or boron 
carbide powders to any of these metals or metal 
compounds were calculated to satisfy a particular 
carbide or boride phase that according to the litera- 
ture (Table I) had definitely been established by 
X-ray diffraction work. Samples of powder mix- 
tures were hot pressed in graphite molds that were 
heated by direct conduction. The specimen dimen- 
sions were approximately 2.5x1xl cm. Hot pressing 
temperatures were measured optically and main- 
tained for approximately 30 sec under a constant 
pressure of about 1.3 ton per sq in. Wherever possi- 
ble, an attempt to obtain maximum specimen density 
was made by temperature variation. 

Electrical resistivity testing was done by measur- 
ing potentiometrically the voltage drop over a 


length of 1.5 cm for a current of 10 amp, at room 


temperature. To obtain electrical resistivities for 
specific carbide or boride phases, values were plot- 
ted as a function of the respective sample densities 
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Table |. Phases of Some Boron-Meta! Systems As Reported to Date 


Metal Boride Phases Reported 

Zr ZrBwo 

VBU 

Ta TasB, TasB, TaB, TaBo, TasB.% 
Nb NbsB, Nb2B, NbB, NbsBi, 
Ww W2B, WB, W:2B;, “beta” WB*9 
Mo Mo2B, MoB, MoBe, MooB;s, ‘beta’? MoB,? MosBe2!8 
CY CreB, CrsBz, CrsBi, CrB, CrB2® 
Fe FeeB, 

Th ThB, ThBo!t 


and the extrapolated value of 100 pct of the theo- 
retical density was taken to represent the resistivity 
value characteristic for the respective boride or car- 
bide type. 

Chemical analyses on hot pressed samples were 
made periodically to insure that the desired com- 
position was maintained after hot pressing. 

Density measurements were made using the 
immersion method. After completion of physical 
testing, such as electrical resistivity and density 
determinations, specimens were crushed to through 
200 mesh and examined by X-ray diffraction with 
a Norelco Recording Spectrometer, using CuKa ra- 
diation. 

Results 

The results of this work have been summarized in 
Tables II through XI. In each of these tables, the 
details and processing conditions for individual ex- 
periments are described; each table dealing with 
some compositions of one of the ten metal-carbon- 
boron systems that were examined during the 
course of this investigation. Complete equilibrium 
conditions could not always be obtained for all ex- 
periments, as described below, because of certain 
experimental difficulties. However, the trend and 


direction in which reactions and transformations will 
move is clearly indicated by the results obtained and 
tabulated in the tables. 

System Ti-C-B (Table II): In addition to the 
phase TiB., as reported by Norton and coworkers,‘ 
Greenhouse, Accountius, and Sisler’ recently re- 
ported the existence of a TiB,, suspecting TiB,. Ex- 
periments in connection with the system Ti-C-B 
were therefore designed to detect boride phases 
higher than the diboride, and boron additions to 
either the metal or carbide were calculated accord- 
ingly. In studying the results tabulated in Table II, 
it becomes apparent that in practically all cases, 
the diboride of titanium was a major component of 
powder mixtures involving any combination of Ti- 
C-B, if hot pressing was carried out in the tempera- 
ture range approximately 1400° to 2700°C. Titanium 
carbide reacted with boron or boron carbide in this 
temperature range, and the metal, in turn, reacted 
with boron carbide to form the relatively stable 
diboride. Mixtures of TiB. and B,C could be heated 
to high temperatures without any indication of reac- 
tion or new compound formation. 

Mixtures of titanium and boron were also hot 
pressed at 2300°C. X-ray diffraction examination of 
these specimens showed that considerable amounts 
of Ti.B; were present. The pattern of lines assumed 
to belong to the phase Ti.B; is very similar to that 
of W.B,; and these two structures are undoubtedly 
isomorphous. During the course of this work, the 
pattern of lines reported by Greenhouse, Accountius, 
and Sisler’ could never be obtained. 

TiB. was melted at approximately 2790°C. A TiB, 
as reported by Ehrlich,* but with larger unit cell 
dimension (a = 4.26A as against 4.20A reported by 
Ehrlich) could also be produced at a temperature 
below that for which the diboride formation was 


Tables II, III, and IV 


Phases Present 
in Hot-Pressed 
Powder Mixtures, 


Hot Pressing as Identified 


Starting Mixture, Wt Pct Temperature by X-ray 
No. Metal Cc B B.C Eniployed,°C Diffraction 
Table Il—System Ti-C-B 
1 65-TiH2 14 21 1450, 1650, 2100 TiBz, C 
2 51-TiH2 11 38 1450, 1700, 2100, 
0 TiBz, BsC 
3a 57-TiHe 43 2700 + normal cool TiBs 
3b 57-TiH2 43 2700 + quench TiBs 
3c 57-TiHe 43 2790 — melt + nor- 
mal cool 
3d 57-TiHe2 43 2790 — melt 4 
quench TiBe 
3e 57-TiHe 43 2300 Weak TiBs, TisBs 
4 82-TiH2 18 2300 Weak TiBs, TisBs 
4a 82-TiH»2 18 1150, 1250 TiB, TisB 
5 73.5-TiC 26.5 1500, 1900, 2300 TiBo, C 
6 56-TiC 44 1500, 1900, 2150 TiBs, Buc 
7 67-TiB2 33 1600, 2150 TiBo, Bic 
Table I1I—System Zr-C-B 
8 76-ZrH2 9 15 1300, 1700, 2400 ZrB2, C 
8a 89-ZrHe 11 1100 ZrB 
9 55-ZrHe 7 38 1300, 1700, 2350 ZrBe, Buc 
10 88.5-ZrHe 11.5 1900, 2350 ZrB2, ZrCc 
11 60-ZrHe 40 1600, 1900, 2300 ZrBiz, trace ZrBo 
60-ZrC 40 1500, 2000 ZrBo, BaC 
13 67-ZrC 33 1400, 2150 ZrBs, BaC,-C 
14 67-ZrBz 33 2100 ZrBo, BuC 
Table IV—System Ta-C-B 
15 90-TaH» 3.5 6.5 1500, 2100, 2200 TaB2, C 
16a 90-TaH» 10 2900 TaBs, TaB, TasBa 
16b 90-TaH» 10 3040 — melt TaB, weak TaBz 
17 90-TaH» 5.2 4.8 1500, 2100, 2500 TaBo, TaC 
18 94.3-TaH2 2300, 2900 TaB, vw 
19 89.5-TaC 10.5 1500, 2100, 2350 TaBo, C 
20 67-TaC 33 1500 TaBo, Bic, C 
21 67-TaBe 33 2000 TaBo, Bic. 
22 67-TaB 33 2000 TaBo, 
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Tables V, VI, and VII 


Phases Present 
in Hot-Pressed 
Powder Mixtures, 


Hot Pressing as Identified 
Starting Mixture, Wt Pct Temperature by X-ray 
No. Metal Cc B B.C Employed, °C Diffraction 
Table V—System Nb-C-B 
23 76-NbHe 9 15 1500, 2000 NbBz C 
24a 82.5-NbHe iy ei 3000 NbBz, trace NbB, C 
24b 82.5-NbH2 17.5 3180 —melt NbBo, trace NbB, C 
25 82.5-NbC 17.5 1500, 2500 NbBo, C 
26 77-NbC 23 1500, 2100 NbBo, BsC, C 
27 67-NbBz 33 2000 NbBo, BuC, C 
Table VI—System V-C-B 
28a 15-V 25 2780 VBz, trace C 
28b 715-V 25 2940 —melt VBz, some VB 
29 63.5-V 13.5 23 2780 VBo, C 
30 82.5-V 17.5 2300 VB only 
31 60-VB 40 2400, 2700, 2750 VBo, some BuC 
32 100-VB 3150 — melt VB, unchanged 
33 74-VC 26 2400, 3010 — melt VBz2, some VB 
34 82.5-VC 17.5 2400 VBo, C 
35 67-VC 33 1500, 2100 VBo, BuC, C 
36 67-VBs 33 2100 BuC 
Table VII—System Cr-C-B 
37 69.5-Cr 9.5 21 1500 CrBe, C 
38a 76-Cr 24 2600 CrBz2 
38b 76-Cr 24 2780 —melt CrBz 
39 73-Cr3C2 27 1600 CrBz, C 
40 67-Cr3C2 33 1700 CrB2, BuC, C 
41 77-CrB 23 1500, 2000 CrBz, BuC, C 
42 67-CrBz 33 1700, 2100 CrBe, BuC, C 


observed. Nitrogen and carbon analysis, as well as 
X-ray intensity measurements, eliminated the tita- 
nium carbide or titanium nitride possibilities. In 
addition to this face-centered cubic structure belong- 
ing to TiB, a new Ti.B phase believed to be tetragonal 
in structure was detected. 

Whenever any of the three new phases, apparently 
Ti,B, TiB, or Ti.B; were obtained, the specimens 
contained relatively small amounts of carbon, if any 
at all. A detailed examination of structures appear- 
ing to be those of a Ti.B, TiB, and Ti.B; is being 
carried out at this time and will be reported on in 
a separate paper by Post and Glaser. 

System Zr-C-B (Table III): ZrB, has recently 
been reported by Post and Glaser” and boron addi- 
tions to either the metal or zirconium carbide were 
calculated accordingly. From the data of Table III, 
it is apparent that ZrB,, can be produced only in the 
absence of relatively large amounts of carbon. This 
means, that whenever zirconium containing some 
graphite, or zirconium carbide, are combined with 
either boron, or boron carbide, ZrB, must be the 
end result. Therefore to produce ZrB,,, the carbon 
content had to be kept very low. X-ray diffraction 
of the hot pressed sample (No. 11) showed the 
presence of both ZrB, and ZrB,». It is believed that 
some of the boron added to zirconium was lost dur- 
ing processing so that there was not enough boron to 
form a sample consisting of only ZrB,. No reactions 
or new compound formations could be observed for 
hot pressed B,C-ZrB, mixtures, indicating a certain 
stability of the diboride in the presence of boron- 
carbide. With only small amounts of graphite in 
ZrB.-B mixtures ZrB, can be formed. ZrB, was 
melted without any signs of decomposition. 

System Ta-C-B (Table IV): Any combination of 
the elements Ta-C-B, if mixed and hot pressed at 
temperatures between 1500° and 2900°C, contained 
TaB. as a major component. However, at tempera- 
tures above 2900°C, TaB, appeared to have a tend- 
ency toward decomposition in favor of TaB and B. 
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On the basis of the X-ray evidence collected in con- 
nection with experiments 16a and b (Table IV), 
mixtures of tantalum and boron, if hot pressed at 
or above 2900°C, will contain substantially TaB. 
Excess boron probably combined with the graphite, 
introduced through the use of graphite dies, to form 
B.C on cooling. However, at temperatures below 
2900°C, TaB, appeared to be a more stable phase 
than TaB, since the presence of graphite in most 
cases interfered with a TaB formation in favor of 
TaC and TaB,. TaB./B,C mixtures could again be 
heated to a high temperature without any evidence 
of reaction or instability of either phase. The combi- 
nation of TaB with B,C or B always resulted in the 
formation of the diboride. No boride phase higher 
than TaB, was found. In the presence of boron or 
boron carbide, TaC reacted at temperatures below 
2900°C, forming the diboride plus carbon. 

System Nb-C-B (Table V): In the presence of 
carbon, and if heated to temperatures between ap- 
proximately 1500° and 3000°C, the diboride was the 
major component of hot pressed Nb-C-B mixtures. 
NbB reacted in the presence of large amounts of 
carbon, boron, or boron carbide to form the diboride 
plus carbide. At temperatures close to the melting 
point of the diboride, substantial amounts of mono-. 
boride appeared. This fact seemed to indicate that 
while the monoboride is relatively unstable in the 
presence of boron, boron carbide, or carbon in the 
range 1450° to 2900°C, it can be found at tempera- 
tures in excess of 2900°C at the expense of the 
diboride. NbB./B,C mixtures retained their compo- 
sition ratio if heated and pressed at approximately 
200°C. 

System V-C-B (Table VI): VB has been recently 
reported” and can be produced without any difficulty 
in the absence of larger amounts of carbon. If con- 
siderable quantities of graphite are present, any 
combination of V-C-B will result in the diboride and 
carbide. While X-ray diffraction showed VB to have 
retained its structure if heated to its melting point, 
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Tables VII!, IX, X, and XI] 


Starting Mixture, Wt Pct 


Phases Present 
in Hot-Pressed 
Powder Mixtures, 


Hot Pressing as Identified 


Temperature by X-ray 
No. Metal Cc B Buc Employed, °C Diffraction 
Table VIII—System Mo-C-B 
43a 90-Mo 4.5 1450 MoeoB, Mo, MozC 
43b 90-Mo 5.5 4.5 1750 Mo2B, Mo2C, 
some Mo 
43c¢ 90-Mo 5.5 4.5 2050 Increased Mo2C, 
decreased 
44 78.5-Mo 4.5 17 1700, 2100 MoBz, C 
45 80-Mo 20 1900, 2100 MoB2 
46 82-MosC 18 1600, 2100 MoBz, C 
47 66-Mo2C 33 1800 MoBz, BuC, C 
48 66-MooBs 33 1800, 2000 MoBe, BaC, C 
49 66-MoB 33 1800 MoBz, BaC, C 
50 66-Mo2B 33 1600 MoBz, BsC, C 
Table IX—System W-C-B 
51 90-W 3.3 ‘ 6.7 1500, 1700 WB,WB*,C 
52a 88.5-W 11.5 2600 WeBs, C 
52b 88.5-W 11.5 2980—melt WeBs, C 
53 77-W 23 1900 WeBs, BsC, C 
54a 87-WC 13 1800 WeBs, WC, BuC 
54b 87-WC 13 2100 W2Bs, C 
77-WC 23 2100 WeB;, BaC, C 
Table X—System Fe-C-B 
56 74.5-Fe , 5.5 20 1400 FeB, C 
57 75-FesC 25 1500 FeB, C 
58 71-FesC 29 1500 FeB, BuC, C 
59 67-FeB 33 1500 FeB, BsC, C 
Table XI—System Th-C-B 
60 69-Th 7 24 1500, 2100 ThBe, BsC, ThOs 
61 77-Th 23 1500, 2100 ThBe, ThOs 


the diboride, if heated to its melting point, showed 
evidence of decomposition toward the monoboride. 
The carbide phase reacted in the presence of boron 
or boron carbide to form VB., while VB./B,C mix- 
tures did not show any sign of reaction or new com- 
pound formation if heated to about 2100°C and hot 
pressed. 

System Cr-C-B (Table VII): Both Cr;C. and CrB 
reacted to form CrB., if boron or boron carbide were 
added and the mixtures were hot pressed at tem- 
peratures above 1350°C. CrB. was not decomposed 
at temperatures close to its melting point. The mono- 
boride was stable in the presence of carbon and could 
also be produced in graphite containers even at lower 
temperatures. An instability of this monoboride 
existed only in the presence of boron or boron car- 
bide. A hot pressed mixture of boron carbide and 
CrB, retained its original composition ratio. 


Table XII. Electrical Resistiyities of Some Metal Borides 


Electrical Resistivity 


Boride Phase in Microhm-cm 


ZrB2 9.2-101 
ZrBi2 About 10010 
TiB2 15.517 
TiB About 40* 
TaB About 100* 
TaBe 
NbB 64.5* 
32* 
B 35* 
VBe 16* 
MoB 50* 
22.5* 
CrB 64* 
CrBz 21> 
W:B; About 21* 


* The values for the electrical resistivity of these boride phases 
were determined by this laboratory. They are approximate values, 
since minor impurities, such as carbon as well as some porosity, 
will influence the accuracy of the values reported above. 
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System Mo-C-B (Table VIII): If Mo or Mo.C were 
combined with boron or boron carbide additions 
calculated to produce either Mo.B or MoB., both 
phases were obtained upon hot pressing of such 
mixtures at temperatures between 1400° and 1800°C. 
The Mo-C-B system yields boride phases lower than 
the diboride, and is in this respect very similar to 
the system Cr-C-B, where a boride phase lower than 
the diboride could be formed in the presence of car- 
bon. However, Mo.B decomposed at temperatures 
above approximately 1950°C, Fig. 1. In the presence 
of carbon, the molybdenum of such a decomposed 
Mo.B phase combines with carbon to form Mo.C. 
Mo.B and MoB were readily transformed in the 
presence of B or B,C to form the higher boride, MoB.,, 
the high temperature modification of the phase 
Mo.B:.. 

Molybdenum diboride was found to be stable at 
very high temperatures, and checked up to 2100°C. 
According to Steinitz,; MoB, melts undecomposed. 


+ Private communication. 


X-ray diagrams of hot pressed and quenched Mo.B;- 
B.C mixtures showed the two components MoB, and 
B,C without any shift in lines. 

System W-C-B (Table IX): A new compound 
WB*, a high temperature modification of WB and 
isomorphous with MoB* (beta)* was found to exist 
above approximately 1800°C. 

Any phase known to exist for the system W-B can 
be produced during the hot pressing of any combina- 
tion of W-C-B. Wolfram carbide was reacted with 
both boron or boron carbide and formed any wolfram- 
boride phase at hot pressing temperatures in excess 
of 1450°C. This transformation proved to be some- 
what “sluggish,” and the last traces of wolfram car- 
bide could be eliminated only by raising the hot 
pressing temperature to approximately 2100°C. W.B; 
appeared to melt undecomposed at 2980°C, and was 
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te if heated up to 2000°C in combination with 

System Fe-C-B (Table X): FeB is the most stable 
phase of the system Fe-B. Both iron-carbide and the 
metal iron readily form the compound FeB, if com- 
bined with boron or boron carbide and hot pressed 
at approximately 1300°C. The fact that FeB is 
stable in the presence of B,C was borne out by the 
data obtained on hot pressed mixtures of FeB and 
boron carbide. No carburization or new compound 
formation took place when such mixtures were hot 
pressed at about 1450°C. 

System Th-C-B (Table XI): The stable boride 
phase of the system Th-B is ThB,. Although enough 
carbon was added to permit a possible carbide for- 
mation, ThB, was in all cases formed, the hot press- 
ing temperature of formation for this compound was 
about 1350°C. 

ThO, lines were found on all spectrometer charts, 
a fact which is not surprising considering the well- 
known stability of thoria crucibles in graphite at 
relatively high temperatures. 

Before closing the detailed discussion of the 
various metal-carbon-boron systems that were in- 
vestigated here, it seems well to point out that al- 
though X-ray diffraction work proved to be the ideal 
tool for this type of study and in connection with 
phase identification, electrical resistivity measure- 
ments also proved very helpful in the quick identifi- 
cation of the major components present in a given 
specimen. Porosity, graphite and minor components 
present in hot pressed samples will affect electrical 
resistivity values and sometimes strongly influence 
the accuracy of results. Borides, and especially the 
diborides are better conductors than their corre- 
sponding carbide phase, the order of magnitude of 
the difference in electrical resistivity being approxi- 
mately a factor of three. 

Electrical resistivity values of hot pressed powder 
mixtures can therefore be used to identify the pre- 
dominant phase without destruction of the speci- 
men. In Table XII some electrical resistivity values 
for various boride phases have been reported. 


Discussion of Results 

It was the purpose of this paper to demonstrate the 
effect of carbon on the formation of certain boride 
phases, as well as the effect of boron on the stability 
of certain carbide phases. 

Boride phases have proved to be, in general, more 
stable than their respective carbides. Any combina- 
tion of metal-carbon-boron will, if hot pressed as a 
powder mixture, yield a boride phase. Regardless of 
the starting combination of the metal, carbon, and 
boron powders, whether or not these three are 
present in free or combined form, after hot pressing 
or heating to temperatures above approximately 
1350°C, any mixture of this type will contain a metal 
boride phase as a major component. 

Independent of the proportions in which the 
metals Ti, Zr, V, Ta, and Nb are mixed with either 
boron and carbon or boron-carbide powders, the 
mixture if hot pressed below about 2850°C always 
contained the diboride of the respective metal as a 
major component. The amount of diboride present 
was governed by the amounts of boron or boron 
carbide added. Excess metal or boron over the di- 
boride combined with carbon. All possible boride 
phases were obtained upon hot pressing of Cr-C-B 
mixtures. 

For the system Mo-C-B, three boride phases can 
be obtained upon hot pressing at relatively low tem- 
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Fig. 1—X-ray study of the relative stability of Mo,B. 


peratures. They are Mo.B, MoB, and MoB.. Mo.B de- 
composed at approximately 1950°C, and the molyb- 
denum combined with carbon upon decomposition of 
Mo.B. Mo.B and MoB reacted with either boron or 
boron carbide to form the higher boride, MoB., a 
high temperature modification of Mo.B;. MoB, can 
be considered the most stable compound of this 
system, since excess boron over this diboride com- 
bined with carbon, rather than react with MobB.. 
MoB, melts undecomposed. 

The system W-C-B behaved very similarly to the 
system Mo-C-B. Again any boride phase known to 
exist for the system W-B could be obtained and de- 
pended only on the amount of boron added to either 
the metal or the carbide WC. W and WC reacted in 
the presence of boron carbide to form a wolfram- 
boride phase. A new high temperature modification 
of the monoboride WB, and WB* phase, was found 
and is isomorphous with MoB* (beta). 

Any combination of the metals iron and thorium 
with boron and carbon or boron-carbide upon hot 
pressing resulted in the formation of the stable 
borides FeB and ThB,, respectively. 

It could generally be observed that the carbides of 
all metals that were studied here (Zr, Ti, Cr, V, Ta, 
Ni, Fe, W, Mo, and Th) were readily transformed to 
form boride phases in the presence of boron or boron 
carbide. 

For the system Ti-B two new compounds, a tetra- 
gonal Ti.B and Ti.B;, this latter phase being iso- 
morphous with W.B;, were found. The existence of 
a controversial face-centered cubic monoboride TiB 
could definitely be confirmed. 

For the system Zr-B a new phase of formula ZrB, 
which was found to be isomorphous with TiB was 
found. This monoboride ZrB as well as the phase 
ZrB,. could only be produced in the absence of large 
amounts of carbon. In the presence of carbon, either 
the metal carbide or boron carbide were formed pro- 
vided the diboride was satisfied with regard to either 
the metal or boron supply. 
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Table XIII. Summary of Results 


Me MeoB MesBs MeB MesBi: MeBo MeoBs MeB; MeBe 


Ti Ut U S) Uy 
Zr Ut s Us 
Hf 
Vv U Sd 
Nb U U U Sd 
Ta U U U Sd 
Cr s s s s s 

Mo s s* is s* 

S*+ 

Ww s 
Fe U Ss 
Th U s 


U can be produced only in the absence of carbon. 

S can be obtained regardless of amount of carbon present. 

* Stable at high temperature only. 

d, Decomposed on melting to form the monoborides plus boron 
—other diborides (fourth and sixth group) did not de- 
compose. 

7 New phases obtained by this investigation. : 

Note: Compounds of the same formula are not necessarily 
isomorphous. 


When metal boride phases other than the stable 
borides, (the diborides of Zr, Ti, V, Nb, Ta, Mo, and 
Cr, or the phases FeB, ThB,, and W.B,;) were comb- 
ined with boron and carbon or boron carbide, the 
stable boride phase, usually the higher B-content 
phase, was found in such mixtures after hot press- 
ing. However, the hot pressing temperature could 
not be higher than about 200°C below the melting 
points for the borides VB., NbB., and TaB., since the 
diborides of Nb, V, and Ta have been found to de- 
compose at certain temperatures, forming the mono- 
borides plus boron or boren carbide instead. 

The monoborides of Ta, Ti, Nb, V, and Cr could 
be readily produced provided care was taken to keep 
the carbon content to a minimum. 

The electrical resistivity of some metal borides 
was measured on hot pressed samples that were be- 
tween 90 and 100 pct of their calculated X-ray 
density. The electrical resistivity of the diborides 
was found to be lowest of all the borides for a par- 
ticular system metal-B, and about half that of the 
monoborides. 

Summary 

An overall picture of the results obtained during 
the course of this work is given in Table XIII. This 
table summarizes the results as follows: 

It was found that boride phases are in general 
more stable than their respective carbides. Any com- 
bination of metal-carbon-boron will, if hot pressed, 
yield a boride phase. This is true regardless of the 
previous state or combination of the boron or carbon. 
In the presence of relatively large amounts of carbon, 
this carbon competes with boron and boride phases 
of lower stability in ordinary temperature ranges. 
Here the MeB, phase will be formed for meials of the 
fourth and fifth groups. Combinations of metals of 
the sixth group with carbon and boron will result in 
the formation of any of the phases known to exist 
for the respective metal-boron system. 

In the absence of carbon, the phase formed for 
metals of the fourth and fifth groups depended only 
on the amount of boron present. Very small amounts 
of carbon and up to about 0.5 pct by weight did not 
seem to interfere with the normal formation of boride 
phases for these metals. Close to the point at which 
melting of the diborides of the metals of the fifth 
group occurred, X-ray diffraction studies showed the 
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appearance of patterns identified as belonging to the 
respective monoborides. This behavior was tenta- 
tively interpreted to indicate the decomposition of 
these diborides at very high temperatures and could 
not be observed for the diborides of any other group 
that were investigated here. 

Boride phases of the same formula are not neces- 
sarily isomorphous. As an example, four different 
structures can be obtained for the monoborides alone. 
Thorium boride phases of formula ThB, and ThB, 
were obtained. This type of phase, of formula MeB, 
or MeB,, could not be found for any other transition 
metal-boron system. A variety of new phases that 
had not been reported in the literature to date were 
found. These included Ti.B, Ti.B;, ZrB and WB*. The 
diborides were generally observed to be better con- 
ductors than the monoborides of the same metal. 
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Lead-Uranium System 


by R. J. Teitel 


The Pb-U system has been investigated by X-ray, thermal, and 
microscopic analyses. Two pyrophoric intermetallic compounds were 
found; UPb; and UPb. The crystallographic structure of UPb: is re- 
ported. A phase diagram was drawn for the system showing three 

eutectic and one syntectic reaction. 


S a result of the interest in uranium metallurgy, 

the Pb-U system has been investigated. Prac- 

tically no quantitative data appears in the literature 
concerning this system. 

Chips were machined from bars of high-purity 
uranium obtained from Ames Laboratory and the 
lead was 99.9 pct high-purity grade from Bel- 
mont Smelting & Refining Co. The chips were pickled 
in a dilute solution of nitric acid, washed in water and 
then alcohol, and dried prior to use for alloy prepara- 
tion. The lead was simply sheared from the pig with 
no chemical treatment. 

Lead and uranium were placed in graphite cru- 
cibles and loaded into an induction furnace. In order 
to insure good alloy formation, the lead was loaded 
above the uranium to wash the uranium chips into 
the melt. After the charge was held at the desired 
preparation temperature for 15 to 30 min, it was al- 
lowed to cool in the crucible. 

The entire melting operation was accomplished in 
an atmosphere of helium (double charcoal refined 
grade with no further treatment). The procedure was 
to outgas the furnace by first evacuating it to 10“ mm 
Hg, admitting helium to 8 psi gage and sealing the 
furnace off. 

An optical pyrometer focused on the charge through 
a hole in the crucible cover was employed for thermal 
measurements. Usually a 50° to 70°C correction had 
to be added to the instrument value. 

The most suitable alloy preparation temperature 
range was found between 1220° and 1280°C. The rea- 
son for this is explained by the phase diagram, Fig. 7. 


R. J. TEITEL is Associate Metallurgist, Brookhaven National 
Laboratory, Upton, L. I., N. Y. 

Discussion on this paper, TP 3213E, may be sent, 2 copies, to 
AIME by June 1, 1952. Manuscript, July 23, 1951; revised, Jan. 24, 
1952. New York Meeting, February 1952. 

The work reported in the paper was performed under the auspices 
of the Atomic Energy Commission. 
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Above this temperature range two liquids separate 
preventing alloy formation upon cooling at a reason- 
able rate. On the other hand, below this range the 
uranium was coated with a layer of both compounds 
and the rate of reaction was diminished by diffusion 
processes. The fastest reaction rate occurred in this 
narrow range of temperature because only UPb coats 
the uranium and it evidently does not protect the 
uranium as well as UPbs. 


Apparatus and Procedures 


The development of apparatus and techniques was 
determined by the peculiar properties of the alloys. 
All the alloys were pyrophoric, and, consequently, the 
alloys had to be protected from oxidation by handling 
them in a dry box or inert atmosphere furnaces. Other 
operations performed outside of this equipment had 
to be done as quickly as possible. 

Thermal analyses were conducted in a furnace and 
arrangement similar to that described by the author.’ 
Graphite crucibles having a thermocouple well in the 
bottom were used to contain the prepared alloy, while 
a helium atmosphere protected the melt from oxida- 
tion. The furnace was outgassed by pumping a 10° 
mm Hg vacuum until the furnace had been heated to 
400°C. Then helium was admitted and the furnace 
sealed under 8 psi gage pressure. 

Chromel-alumel thermocouples were used for ther- 
mal analysis and the accuracy of thermal measure- 
ments was judged to be + 5°C. At first, an attempt 
was made to use platinum-platinum-rhodium ther- 
mocouples, but evidently lead vapors attack it at 
high temperatures forming low melting alloys. These 
lead vapors had direct access to the thermocouple 
because the graphite crucible was porous. 

A differential temperature control was used to reg- 
ulate thermal analyses. The thermal gradient across 
an alundum tube placed between the windings and 
the crucible was maintained constant by a controller. 
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Table |. X-Ray Diffraction Data UPb, 


Cell — Cubic 

Ao = 4.791 A** 

Number of atoms per cell = 4*** 
Density = 12.98 g per ce 


Plane 

Rok. it I* d (A)** d (cale.) 
111 M 2.74 2.77 
200 M+ 2.37 2.40 
220 M 1.68 1.69 
113 Ss 1.44 1.44 
222 WwW 1.38 1.38 
400 Wt 1.19 1.20 
133 M 1.10 1.10 
420 M+ 1.069 1.071 
242 iS) 0.9757 0.9779 

511,333 Ss 0.9212 0.9220 
440 WwW 0.8468 0.8469 
531 Ss 0.8097 0.8098 
600 Ss 0.7984 0.7985 


* Relative intensities for CuKa. 
** Converted from Kx to A by factor 1.00202. 
*** Calculated from an estimated density (eq 1). 
S means strong; M, medium; W, weak. 


Rates from 1° to 5° per min were usually employed. 

Debye-Scherrer X-ray specimens were prepared 
by crushing the alloy below 100 mesh in the dry box, 
and sealing the powder in a thin walled quartz capil- 
lary (0.025 in. in diam). A 2 mil aluminum foil was 
placed over the film to filter out the uranium M-radia- 
tion excited by CuK, radiation. 

Microscopic specimens were polished under silicone 
oil on successive papers to 4/0 grit. If the uranium 
content was below 10 pct U, the specimen was finished 
on the polishing wheel. The oil delayed oxidation but 
did not prevent it. Therefore, examination of the 
sample immediately after preparation was requisite 
for interpretable micrographs. 

Alloys were analyzed chemically by in methods. 
If the concentration was below 1 pct U, a polaro- 
graphic method was employed. Other alloys were 
analyzed both for lead and uranium by dissolving the 
alloy in nitric acid. Lead was weighed as lead sulphate 
after several sulphuric acid fuming operations. Ura- 
nium was reduced in a Jones reductor and later deter- 
mined by titration with citric acid. 


Experimental Results 

The diagram for the U-Pb system appears in Fig. 7. 
After each of the solid phases has been described, the 
metallographic, thermal analyses, and thermal treat- 
’ ment results will be presented for the entire diagram. 
All compositions will be given in weight percent un- 
less otherwise indicated. 

Lead Phase: Since no appreciable change in the 
crystallographic dimensions of lead had been ob- 
served and apparently the eutectic composition be- 
tween lead and UPb,; contained little uranium (less 
than 0.1 pet), the solubility of uranium in solid lead 
was considered to be essentially nil. The established 
melting point for lead (327°C) was used. 

Uranium Phase: Similarly, the eutectic between 
uranium and the first compound was located very 
close to pure uranium (99.6 pct U). Moreover, the 
addition of lead to uranium had no effect on the allo- 
tropic transformation temperatures of uranium. 
Therefore, it has been concluded that there is very 
little solid solubility of lead in uranium. Thermal 
analyses of uranium indicated that the a-f8 trans- 
formation occurred at 640°C, the B-y transformation 
at 765°C, and the melting point at 1130°C, which are 
in close agreement with those listed by Katz and 
Rabinowitch.’ 

UPb, Phase: One of the two intermetallic com- 
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pounds found in this system was located metallo- 
graphically at 25 atomic pct U. It is moderately pyro- 
phoric and crumbles to powder (UO, and Pb) on ex- 
posure to air. Its melting point was not definitely 
established, but it occurs around 1210° to 1250°C. 

X-ray diffraction data for this compound are sum- 
marized in Table I. Owing to the pyrophoric nature 
of the compound, the density was not found experi- 
mentally. It was estimated by using eq 1, which as- 
sumes that the atomic volume of bismuth and ura- 
nium is not affected by alloy formation: 


My + 


My 
Dy Dp» 


== [1] 


where M and D are the atomic weight and density of 
the elements indicated by the subscript respectively. 
This method for estimating the density of inter- 
metallic compounds has been tested on many known 
metallic systems and found adequate, especially when 
the cell is small as in the case of UPb;. Consequently, 
calculations based on this equation showed the com- 
pound to have four atoms per cell. This seemed rea- 
sonable since there are four atoms per intermetallic 
molecule and four points of symmetry in the cubic 
cell. However, the question whether the atoms are 
arranged in an ordered or random fashion remains to 
be answered, since the atomic scattering factor for 
uranium is very similar to that of lead. Consequently, 
the cell has been classified cubic for the present. 

The size of the cell was determined accurately from 
the high angle lines of a Debye-Scherrer pattern. 
When this value is used to calculate the other inter- 
planar distances, the deviation is significant for the 
low angle reflections. This is probably due to the high 
absorption of the specimen. 

Since the lattice parameter of UPb,; in alloys con- 
taining less uranium than the stoichiometric com- 
position was the same as that in. alloys of high ura- 
nium content, it was doubtful whether the compound 
extended over an appreciable range of compositions. 

UPb Phase: The composition of this compound was 
estimated from the microstructure. It was calculated 
by measuring the volume percent of compound and 
UPb;-UPb eutectic, knowing the composition of the 
eutectic, estimating the density relationships and 
applying the “lever-arm” principle. 

Alloys close to the compound composition sepa- 
rated into two liquids when heated above 1280°C. In 
accord with this, a syntectic transformation was found 
at that temperature. 

The extremely pyrophoric character of UPb pre- 
vented adequate X-ray analyses to determine its 
crystal structure. 

Microscopic Results: Figs. 1 through 6 are examples 
of the microstructure of various Pb-U alloys prepared 
at 1250°C and cooled in the furnace. They are not as 
clear as the usual micrographs, but they are the best 
that could be obtained from these pyrophoric alloys. 
Some of the indicated compositions have been ad- 
justed to take into account the segregation found in 
many alloys. 

The microstructure of an alloy containing approxi- 
mately 10 pct U, Fig. 1, is typical of alloys in the range 
of compositions 0 to 15 pet U. UPb, (light areas) usu- 
ally crystallized from the melt in the angular forms. 
The gray background is the Pb-UPb, eutectic, and the 
dark areas are pits from which the UPb, had oxidized 
during specimen preparation. Figs. 2 and 3 are the 
structures of the top and bottom portions respectively 
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Fig. 1—10 pct U-Pb alloy as solidified. Light cubic particles Fig. 2—30 pct U-Pb alloy as solidified showing UPb,-UPb 
of UPb, in gray UPb,-Pb eutectic, dark areas are pits. eutectic composed mainly of UPb,. Air etched. X150. 
Air etched. X150. 


C. Dark 


Be 3—35 pct U-Pb alloy as solidified. Dark primary grains Fig. 4—45 pct U-Pb alloy as solidified from 1250° 


of UPb in UPb-UPb, eutectic. Air etched. X150. primary grains of UPb in UPb-UPb, eutectic. Air etched. 


in | idifi - ified. Dark dendrites of 
Fig. 5—Approximately 70 pct U-Pb alloy as solidified from Fig. 6—98.4 pct U Pb alloy as solidi 
1250°C. Ga UPb primary grains in light UPb-U eutectic, primary UPb in UPb-U eutectic. Air etched. X150. 
black areas are pits. Air etched. X150, 
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Fig. 7—U-Pb phase diagram. 
Accuracy of thermal measure- 
ments is + 5°C. 
of an alloy ingot showing settling. Fig. 2 is the eutectic 
structure between UPb and UPb;. Chemical analysis 
of a section next to this specimen placed the composi- 
tion of this eutectic at 30 pet U. The lower portion 
(Fig. 3) consisted of UPb (dark grains) and eutectic 
(light area) which is almost entirely UPbs. 

More primary grains of UPb were evident in the 
structure of an alloy containing 45 pct U, Fig. 4. In 
Fig. 5, UPb is shown with a eutectic of high uranium 
content. This is in accord with the fact that dendrites 
of UPb appeared in a structure of an alloy containing 
1.6 pct Pb, Fig. 6. 

Alloys containing above 40 pct U separated into 
two liquids above 1280°C. The top and bottom por- 
tions had microstructures similar to Figs. 3 and 6 re- 
spectively. 

Thermal Analysis Results: Thermal analysis re- 
sults are summarized in Table II. They show that 
the Pb-UPb, eutectic temperature is 325°C. The 
thermal arrest found in alloy 201-46 at 1215°C was 
attributed to the UPb-UPb; eutectic. 

In order to establish the syntectic temperature, sev- 
eral alloys containing over 40 pct U were prepared 
and examined for homogeneity. Then a portion of 
each alloy was subjected to a thermal analysis while 
heating into the region of liquid immiscibility (above 
1280°C). Afterward the specimen was cooled and 
analyzed thermally. Providing enough of the ura- 
nium-rich phase was retained, transformations asso- 


Table Il. Thermal Analyses Results for U-Pb System 


Composition* Transformation, 

Alloy No. (Wt Pct U) °C 
201-60 2 323 
201-63 15 324 
201-81 25 330 
201-46 35 1215 
259-50 Original 45 1207 

Top 41 1210 } Separation 

Bottom 98.5 767, 640 1287 
259-63 Original 45 1210 Separation 1280 
259-70 Original 45 1202 Separation 1277 
259-19 Bottom 99 1125, 766, 654 


* Accuracy in compositions + 2 pct. 


Table III. Liquid Immiscibility Limits 


Composition Pct U 


Alloy No. Lead-Rich Uranium-Rich 
259-13 Segregated 98 
259-50 41 98.5 
259-70 43* 97.4 


* Calculated. 
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ciated with uranium were found upon cooling. Other- 
wise, only those of the lead-rich phase were noted. 
For example, alloy 259-50 was heated and two trans- 
formations occurred at 1210° and 1287°C; upon cool- 
ing at 1210°, 767°, and 640°C. After the alloy was 
unloaded a hard button was found on the bottom 
showing separation. The transformations were ex- 
plained in the following manner: 1210°C, UPb,-UPb 
eutectic; 1287°C, syntectic temperature; 760° and 
640°C, the allotropic transformations in the uranium 
phase. 

A thermal analysis of alloy 259-19 containing 99 
pet U located the U-UPb eutectic temperature 
(1125°C) and showed that the allotropic transforma- 
tions in pure uranium were not affected appreciably 
by 1 pct Pb. The resulting microstructure contained 
dendrites of UPb similar to those in Fig. 6. There- 
fore, the eutectic composition had to be greater than 
99 pct U. 

Liquid Immiscibility Limits: Alloys were prepared 
at 1250°C and examined for homogeneity. Then they 
were heated into the liquid immiscibility region and 
the separated sections were analyzed chemically. 
Sometimes the inhomogeneity in the resulting lead- 
rich section made it necessary to calculate the com- 
position of this phase by knowing the weights and 
compositions of the original alloy and the uranium- 
rich section, which did not segregate as badly. A sum- 
mary is given in Table III. No attempt was made to 
control the temperature at which equilibration oc- 
curred, because the chromel-alumel thermocouples 
were unreliable at these temperatures for long pe- 
riods. As a result, the liquid immiscibility is reported 
to extend from 40 to 98.5 pet U. 


Conclusions 

All these data have been incorporated in the dia- 
gram shown in Fig. 7. There are two intermetallic 
compounds: UPb; and UPb. Both are pyrophoric, but 
UPb is more so than UPb;. The crystal structure of 
UPb; is cubic (a, = 4.791A) with four atoms per cell. 
It is not certain whether the atoms are ordered or 
random, since the atomic scattering factors for X-rays 
are very similar for both uranium and lead. 

The system contains three eutectics and one syn- 
tectic. These reactions are summarized in the follow- 
ing formulas where the subscripts indicate the weight 
percent uranium: A eutectic at 325°C, L, = Pb, + 
UPb,; another eutectic at 1210°C, Ly = UPb, + UPb; 
another eutectic at 1125°C, Ly. = UPb + U and a 
syntectic at 1280°C, Lu + Lys; = UPb. The melting 
point of UPb, is still uncertain. It is probably be- 
tween 1210° and 1250°C. No solid solutions were 
detected in the system. 
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Viscous Creep of Gold Wires Near the Melting Point 


by F. H. Buttner, E. R. Funk, and H. Udin 


Gold wires, 5 mil in diam, are found to creep yiscously up to approxi- 
mately 5.5x10° dynes per sq cm around 1300°K. Beyond this point, an addi- 
tional slip mechanism appears. The average coefficient in the viscous 
range at these temperatures is 18.9 + 7x10” poises. This observation and 
other visuai observations made during the experiments agree with Herring’s 

predictions. 


ARLY creep studies by Chalmers on single crys- 

tals of tin produced some of the first experi- 
mental evidence to suggest that metals deform vis- 
cously under very light stresses. That is to say, over 
a small initial stress range up to 150 g per sq mm, 
the single crystals of tin elongated at a rate propor- 
tional to the stress. The proportionality constant 
between strain rate and stress is by definition the 
coefficient of viscosity. Chalmers named this range 
of proportionality the microcreep range. 

One of the first theoretical attempts to explain the 
microcreep phenomenon was given by Kauzman,* 
who applied Eyring’s’ general statistical mechanical 
theory of shear rates to creep data then available. 
From the rate theory, he deduced the general hyper- 
bolic sine law for shear rate on the assumption that 
the distortion of the reaction path due to stress is 
negligible and that the system is an infinite con- 
tinuum. In order to fit the available data to the 
equation, it was necessary to assume that creep oc- 
curs by shear of rather large blocks of material, 
rather than by an atomistic shear process as in diffu- 
sion. The size of the shear units was shown to in- 
crease with increasing temperatures and lower 
stress, or lower strain rates. 

In applying the hyperbolic sine law equation to 
the microcreep data of tin, it was shown by Kauzman 
that the unit shear blocks became quite small, which 
suggested to him that microcreep might be a self- 
diffusion process. Making this an assumption, Kauz- 
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man reworked the rate theory and arrived at an 
equation where the shear rate is proportional to the 
stress. In the form of viscosity coefficient, the equa- 
tion is: 


Ss 2qAla [1] 


where o is the stress; S, the shear rate; \, the dis- 
tance in shear direction moved by flow units rela- 
tive to one another in the unit process; L, the dis- 
tance between layers of units of flow; T, the ab- 
solute temperature; k, Boltzmann’s constant; qAl, a 
constant proportional to the size of flow units; and 


A, the diffusion coefficient = —— e°’"” = k, ° 


Kauzman applied the expression to molten lead 
with a fair degree of success, the calculated viscosity 
being low by a factor of four. For solid lead the re- 
sult is 5000 times too high. Taking q = 1, and dX} = 
VA = L = 21 = nearest neighbor distance, Udin, 
Shaler and Wulff found the equation low by a factor 
of 10’ for solid copper. On the basis of the discrep- 
ancy in lead, Kauzman indicated that microcreep is 
probably not a simple diffusion process of molecular 
shear units, but one involving preferential diffu- 
sion paths, or even that diffusion in solids does not 
involve shear at all. 

Cottrell and Jaswon* treat the microcreep phe- 
nomenon on the basis of slow moving dislocations 
and apply it to Chalmers’ data on tin with fair 
success. 

Nabarro’ suggested a microcreep model in which 
mass movement in the direction of pull is effected 
by the diffusion of holes. The tension on the crystal 
effectively creates a greater hole concentration at 
regions near the crystal surfaces perpendicular to 
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Fig. 1—Schematic diagram of quartz tube furnace. 


the pull than at the regions near the other crystal 
surfaces. This gradient causes the holes to diffuse 
away from the former regions to the latter regions. 
In the opposite sense, atom movement occurs in the 
other direction, which means that matter is moving 
from the sides of the crystals to the ends where the 
tension is being applied. This effectively produces 
elongation in the direction of pull. The Nabarro 
model serves quantitatively as well to explain 
Chalmers’ observed elongations of tin single crystals, 
using domains containing diffusion paths to and 
from domain boundaries. However, the mechanism 
is rejected by its originator in that it fails to ac- 
count for some features of limiting strain, and re- 
coverable creep observed in microcreep of tin single 
crystals. 

Herring,° however, used Nabarro’s suggestion in 
analyzing the creep behavior of wires under light 
loads held at high temperatures. Small wires recrys- 
.stallize and assume an equilibrium reed-like or 
bamboo grain structure when subjected to high 
temperatures. The grain boundary planes run 
straight across the wire essentially perpendicular 
to the wire axis. Thus the final structure consists of 
a stack of single crystals piled up to form a cylinder. 
The axis of each crystal is disoriented with respect 
to its neighbor, but Chalmers” experiments show 
that orientation has no effect on microcreep, so the 
wire is in this respect the same as a single crystal. 
Herring treated this structure by means of an elec- 
trical analogue and arrived at a relation for vis- 
cosity: 

= 2kTRL/3BDQ, [2] 


where L is the distance between grain boundaries; 
R, the radius of the grains; B, a constant, a function 
of L/R; D, the diffusion coefficient; and ©,, the 
atomic volume of the atoms. 

This analysis cannot account for recoverable creep 
and limiting strain as seen in microcreep of tin. 

Orowan* treats the problem of viscous flow in 
solids on the basis of an atomistic shear process 
which results in viscous deformation. The relation 
so derived is of the type: 


kT 


[3 ] 


where k is Boltzmann’s constant; T, the tempera- 
ture, °K; Q, the activation energy of viscosity; R, 
the gas constant; and C’ a constant. 

Frenkel’ in attempting to develop a theory of 
sintering arrived at essentially the same relation in 
eq 4: 


where D = D, e*"" and D, = C’/8. Eq 4 is identical 
to Kauzman’s viscosity equation if it is assumed that 
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Table |. Schedule of Tests 


Run No. Temperature, °K Time, Hr Atmosphere 
iL 1315 23.5 Helium 
2 1297 18.0 Helium 
3 1280 36.0 Helium 
4 1315 31.5 Helium 
5 1297 36.0 Air 
6 1290 36.0 Helium 
7 1315 9.0 Helium 
8 1297 10.5 Helium 
9 1280 10.5 Helium 

10 1280 60.0 Helium 


the single atom rather than the mosaic block is the 
unit of flow. 

In the Udin, Shaler, and Wulff’ experiments on 
copper, and in other experiments”” on gold and 
silver, in which practically the same techniques were 
used, it was assumed that lightly loaded wires in 
those experiments deformed viscously. This as- 
sumption was necessary in order to allow a straight 
line to be drawn through the plotted points on the 
stress-strain axes. The strains plotted on the or- 
dinate can also be thought of as average strain rate, 
since it took a given amount of time to effect the 
strain. In all cases, the points approximated a good 
straight line within experimental accuracy. There- 
fore, the assumption is a good one for these experi- 
ments. From the slope of this line, Udin, Shaler, 
and Wulff found an experimental vaiue for the av- 
erage viscosity. If it is assumed that the elongation 
and time interval in the initial transient creep -is 
negligible compared to the overall creep, the above 
value for viscosity can be taken as the steady state 
viscosity of the second stage of creep. Computed in 
this way, the copper activation energy for viscosity 
is 59,000 cal per mol, which is in the range of re- 
ported values for activation energy of self-diffusion 
of copper. The relation used for this calculation was 
essentially eq 3. 

Alexander, Dawson, and Kling” performed some- 
what similar experiments on gold in order to deter- 
mine the mechanism of its deformation in the low 
stress range. In their technique continuous strain 
measurements were made on the wires through a 
slit in the vertical chromium heating tube which 
surrounded. a single wire loaded with tungsten 
weights. In this way strain rates were measured in 
all stages of creep. It is interesting to note that the 
strain vs. time curves reported by these authors 
show very small primary creep stages in lghtly 
loaded specimens of gold. This experimental ob- 
servation strengthens the above neglect of primary 
creep by Udin, Shaler, and Wulff in calculating the 
viscosity coefficient. Here again, the experimental 
points of second stage strain rate vs. stress approxi- 
mate a good straight line. For this reason Alexander, 
Dawson, and Kling concluded that the mode of de- 
formation is viscous. Using eq 3, the experimental 
values for activation energy viscosity of 48,000 cal 
per mol was found to be somewhat lower, but close 


Table Il. Results of Tests 
Tem- 
perature, 
Nexp, Poises NHerring, Poises  7Kauzman, Poises 

1315 1.40x1018 1.01x1018 1.95x103 
1298 1.68x1018 1.29x1018 2.48x103 
1290 2.06x1013 1.45x1018 2.79x108 
1280 2.43x1018 1.69x1018 3.23x103 
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to the activation energy for self-diffusion of 51,000 
cal per mol. By more properly plotting the data, 
log »/T instead of log 7, Alexander, Dawson, and 
Kling found better agreement in the value Ay 
50,500 cal per mol. 

The purpose of this paper is to contribute more 
conclusive evidence in support of the viscous creep 
mechanism for microcreep at high temperatures. 
The experimental results presented lead to a picture 
which gives greater correlation between viscous 
creep theory and experiment. 


Experimental Procedure 

The experimental procedure is essentially an ex- 
tension and refinement of the Udin, Shaler, and 
Wulff* technique originally developed for surface 
tension determinations of solid metals at high tem- 
peratures. A detailed description of the technique 
applied to gold is given by Buttner, Udin, and 
Wulff.” 

In this technique a set of 5 mil gold wires, previ- 
ously marked with cut gage marks and variously 
loaded with gold weights, is suspended from a 
gold lid and surrounded by a gold enclosure in a 
purified helium atmosphere. While this system is 
heated at the desired temperature, the heavily 
loaded wires stretch, and the lightly loaded wires 
shrink due to the contractile force of surface ten- 
sion. Three duplicate arrays were so heated, one for 
a short, one for a medium, and one for a long period 
of time, all at the same temperature. This was done 
for several temperatures between 1280° and 1315°K 
according to the schedule given in Table I. 

The gold enclosure was held in a ceramic crucible 
that just fitted inside a 2% in. quartz tube furnace. 
The furnace was wound with three tapered nichrome 
windings, so as to give a constant temperature level 
over 4 in. in the middle section of the tube. Each 
winding was separately controlled with an indi- 
vidual rheostat. A thermocouple in the well of the 
ceramic crucible ran to a Celectray temperature con- 
troller through ports in the end plates attached to 
the quartz tube. The temperature was held to 
within +1°F. A traveling thermocouple that could 
ride through a slot at the bottom of the crucible was 
used to maintain a temperature distribution check 
over the length of the furnace. The quartz tube was 
held in a galvanized iron box and insulated with 
vermiculite, A line drawing of the furnace appears 
in Fig. 1. 

After preannealing the wires at 1200°F for a few 
minutes in the furnace, they were removed, straight- 
ened with tweezers, and returned to the furnace for 
the anneal. The normal anneal lasted for 2 hr at a 
temperature some 20° to 50°F above the ultimate 
test temperature. During this time, the wires re- 
crystallized and the grains grew to their equilibrium 
size and shape. After the anneal the gage lengths 
of the wires were measured, and grain counts over 
the gage length were taken. Counts could be made 
easily since the grain boundary traces thermally 
etched out during the annealing treatment and could 
be seen easily. Very gently, the system was re- 
turned to the furnace for the time at temperature, 
removed, and the gage length again measured. The 
difference between the annealed gage length and the 
final gage length was the elongation. This divided 
by the annealed gage length gave the strain. The 
weights were removed and weighed for the deter- 


mination of stress. 
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Fig. 2—Typical stress-strain curye in microcreep range 
with least square line. 


During the time in the furnace, a purified helium 
atmosphere was introduced through the end plates. 
Purification was achieved by means of a charcoal- 
liquid nitrogen trap and a titanium getter in the hot 
zone of the furnace. 


Treatment and Discussion of Data 

A schedule of operations and results appear in 
Tables I and II. Of particular interest in this phase 
of the work is the slope of the stress-strain curves 
shown in Fig. 2. The method of least squares, as- 
suming a straight line, was applied to the stress- 
strain points lying in the low stress region. From 
the least square calculation, stress for zero strain 
is found, as well as the slope of the line. The rate 
at which the slope increased is shown by dimensional 
analysis to be inversely proportional to the viscosity 
coefficient. The dimensions of the slope of the stress- 
strain curve are: 


strain 


dynes per sq cm 7” 
= sq cm — strain per dyne [5] 


strain 


unit stress 


If these slopes are plotted for each temperature 
against the time of the run, as in Fig. 3, a new slope, 
which is the rate at which the stress-strain slope in- 
creases with time, evolves and carries the following 
dimensions: 


sq cm—strain _ sq cm—strain 
3600 7 


[6] 


dyne—hr dyne—sec 


where 7 is the coefficient of viscosity in poises, or 
dyne-see per sq cm. These slopes were found by 
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drawing a line through the origin and the center of 
moments of the plotted points. The resulting ex- 
perimental values of viscosity coefficients for gold 
plotted against temperature appear in Fig. 4. The 
average coefficient of viscosity for the temperature 
ranges used is 1.9x10” for gold. 

To determine the viscosity activation energy, eq 3 
was used in rearranged form. The log 7 plotted 
against (T,,-T/TT,) in Fig. 5 produced a least 
square slope from which a value Q = 51,000 for 
gold was calculated. T,, is the melting temperature 
as taken from the Dienes expression for D, eq 7. 
The origin of the quantity in parentheses is shown 
in Table III, where the Dienes exponential factor is 
brought out of Orowan’s constant, C’. Bringing all 
the exponential factors together produces the quan- 
tity in parentheses as an exponential. It would be 
more proper, as Alexander, Dawson, and Kling 
point out, to plot log 7/T instead of log T, but with 
the error inherent in this procedure, the present au- 
thors feel that Q values obtained are significant only 
in order of magnitude in comparison to the self- 
diffusion values of Q@ determined by tracer methods. 
Thus, it is felt justified to use an average T in the 


1 kT 
og 
if optimum test periods and weight distributions are 
used. Short time periods assure the strain’s remain- 
ing in the linear range of the time-extension curve, 
but on the other hand result in low total strains. 
Light loads in the lower portion of the microcreep 
range have time-extension linearity over longer 
periods of time, but again result in lower total 
strains. Lower total measured strain results in 
greater uncertainty in the percentage of strain. 

At 1315°K the open circle points line up well and 
give the most reliable slope of any. At progres- 
sively lower temperatures the slopes lie within a 
progressively greater range of error. Using reason- 
able time periods for lower temperatures, the strains 
measured smaller values with consequent greater 
uncertainty in the percentage of strain. However, 
the slope of a line through the origin and any point 
shown in Fig. 3 will produce a value for y in good 
agreement with the Herring prediction, considering 
that in the past experimental checks fall wide of the 
rate theory equation by factors of from 5000 to 10’. 


term. However, the method shows promise 
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The only uncertain conclusion resulting from this 
low temperature scatter is in the final value for @ 
taken from Fig. 5. 

In taking a straight line in Fig. 3, it is assumed 
that the extension-time curve is linear for all points 
in the microcreep range and over the full range of 
time periods used. Alexander, Dawson, and Kling 
have published data showing a good straight line 
relationship for gold wires on the time-extension 
plot over a fairly long period of time for 1 mil wire. 
Recent experiments of a preliminary nature in this 
laboratory also indicate that 5 mil gold wires under 
microcreep loading and equilibrium conditions tend 
toward a limiting strain. This agrees with Alex- 
ander, Dawson and Kling, as well as with Chalmers. 
However, the limiting strain occurs at about 100 hr 
for wires loaded in the upper microcreep range, and 
over 200 hr for the lower microcreep range. These 
are somewhat longer time periods than used in the 
viscosity experiments. Since the strain rate falls off 
before the limiting strain is reached, the upper 
points at 30 to 40 hr may be rather less reliable than 
the short time points. If in the open circle line of 
Fig. 3 greater weight is given to the first point, the 
resulting value for viscosity coefficient would be 
changed in the direction of better agreement with 
the Herring prediction for that temperature. 

Theoretical Calculations of »: On the basis of 
Kauzman’s theory, eq 1, using Dienes’“ expression 
for diffusion coefficient and Q = 51,000 cal per mol, 
and qAl = atomic volume, the viscosity coefficient 
was calculated for gold and plotted in Fig. 4. The 
average value turns out to be 2.6x10° poises, which 
is roughly 10™ times the experimental value. 

On the basis of the Herring expression, eq 2, based 
on the Nabarro mechanism, the viscosity coefficients 
were calculated for each temperature and also 
plotted in Fig. 4. Again Dienes expression was used 
to calculate the diffusion coefficients which are based 


Table III]. Comparison of Viscosity Equations 


Orowan’s Equation 
kT 
7 = — exp Q/RT 
Cc’ 
Let, exp Q/RTm 
Q 
Then, 7 = kT/C" exp R (Tm-T/TTm) 
1 Q 4 
=) kT exp — (Tm-T/TTm) 
R 


Kauzman Modified 


/ \ LkT 
= 
2qAID 
Let, D = Do exp — Q/RT (Dienes) 
Where, Do = v ek exp Q/RT m 
\ LkT Q 
2Alque@K R 


Reduce to Atomic Model, \ = L = 6 
Al = Atomic Volume = Va 


q Unity 
1 [ Q 
Then, et ) kT exp — (Tm-T/TTm) | 
2yvVak R 
Herring Equation 
2kt RL 
? 3BDQo 
2RL 1 Q 
) [ exp — (Tm-T/TTm) | 
3BQo R 
Where, (Qo = Atomic Volume = Va 
4RL 1 1 Q 
= (—) (- kT exp, — | 
62 2vVak R 


TRANSACTIONS AIME 


| 


on @ = 51,000 cal per mol. The other factors were 
L = 1.61x107 cm, R = 6.57x10* cm, and B = 12.3. 
The average calculated value is 1.36x10" poises, 


which agrees with the average experimental value 
within 28 pct. 


Discussion of Results 


The Herring equation has no disposable constants. 
Thus the order of magnitude agreement of our ex- 
periments with Herring’s prediction appears quite 
significant. The deformation of lightly loaded wires 
at high temperatures is not only effectively viscous, 
but appears to follow the Nabarro mechanism of 
vacancy diffusion. The best agreement appears at 
1315°K, the highest temperature used. Since the 
value of » was calculated from the slope of the open 
circle line of Fig. 3, the reliability of the 1315°K 
point in Fig. 4 is measured by a range of error of 
+0.4x10" poises or 28 pct. There seems to be no 
good way of correlating the limiting strain property 
with the Nabarro mechanism. It may be due to 
changes at the grain boundary, for example, adsorp- 
tion of impurity atoms, that limit their capacity to 
act as sinks and sources of vacancies. 

It is interesting to note that here again the Kauz- 
man equation for microcreep produces a high mag- 
nitude of deviation on the low side just as it did for 
Udin, Shaler, and Wulff in their data for copper. In 
Fig. 4 where the theoretical values are compared 
with experimental values, the general shape of all 
the curves is much the same, the only difference is 
in the relative vertical displacements of the curves. 
The shape of the curves depends on the exponential 
factor in the equations for viscosity, and the vertical 
displacement depends on the coefficients. 

By rearranging the factors in all the equations 
used, the similarity among them can be shown and 
the deficiencies in Kauzman’s equation can be ex- 
posed. The comparison is carried out in Table III 
for easy reference. 

In all cases the Dienes expression for D is sub- 
stituted: 

[7] 


where, D, = exp 


In the Kauzman equation, the Dienes expression 
for diffusion coefficient is used, which changes the 
final expression into what might be termed the 
modified Kauzman equation. Since the Dienes ex- 
pression for D is more acceptable than the early 
Kauzman expression, eq 1, it is the modified form 
that is inadvertently applied when normal D values 
are substituted in the normal Kauzman equation. 

Comparing the Orowan equation for viscosity 
with Herring’s equation, it may be seen that C” be- 
comes roughly equal to the inverse of the first three 
factors in the latter rearranged expression. The 
values of these three coefficients together are higher 
than 1/C’ by a factor of about 10. In experiments of 
this type, where Q is so sensitive to experimental 
error, this amount of discrepancy can be considered 
negligible because it may well arise from small 
errors in the exponential factor. 

It will be noted that the modified Kauzman equa- 
tion and the Herring equation are identical except 
for the two additional factors in the Herring ex- 
pression. The first coefficient in Herring’s rearranged 
equation is a function of grain size and is of the 
order of magnitude of 10°. Kauzman ignored the 
effect of grain boundaries in his analysis when he 
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postulated an infinite continuum. The second co- 
efficient is interesting in that it once existed in the 
Kauzman expression, but canceled out when the 
shear units were reduced to atomic size. This 
factor is of the order of 10°. Thus together, these 
two coefficients are of the order of magnitude to 
account for the discrepancy of the order of 10” in- 
dicated above in the Kauzman viscosity calculation. 

The Herring equation predicts that the viscosity 
coefficient decreases with decreasing radius of wire. 
Comparing the present viscosity coefficients with 
those of Alexander, Dawson, and Kling, who used 1 
mil wire and found a value 7 = 1.6x10” poises at 
1000°C, it can be seen that the difference is in the 
right direction and approximately of the correct 
order or magnitude. Udin, Shaler, and Wulff re- 
ported increasing viscosity with decreasing radius, 
but these authors regard this as insignificant in view 
of the relative lack of refinement in strain measure- 
ments of these earlier experiments. 


Discussion and Conclusions 


In the usual treatment of creep data, it is difficult 
to correlate the mechanism of creep with the ob- 
served data for at least two reasons. First, the usual 
plots of elongation vs. time appear much the same 
in shape regardless of the mechanism. Second, the 
possible mechanisms of deformation are many, as 
Kauzman pointed out, and have never before been 
really isolated and experimentally studied indi- 
vidually. Some of these known possible mechanisms 
are viscous or slipless deformation, slip or plastic 
deformation, grain rotation, block or subcell move- 
ment, relative grain movement by virtue of a vis- 
cous grain boundary, and the effect on deformation 
of structure inversions due to phase changes or re- 
crystallization. With all these various mechanisms, 
and perhaps others, operating together and all af- 
fecting one another in varying degrees depending on 
strain rate and temperature, it is not surprising that 
the resulting observations of creep are so unpre- 
dictable. 

The answer may he in Kauzman’s approach of 
first identifying all the possible creep mechanisms 
and then studying each one separately, both theo- 
retically and experimentally. Then a study of the 
interdependence of one mechanism on the others 
should follow. An example of interaction could be 
cited in the effect of neighboring grains to elonga- 
tion in the form of grain boundary restraint. 
Chalmers’ found that microcreep disappears in bi- 
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Fig. 5—Log y vs. (Tm-1)/T Tm least square line to determine 
activation energy (Q) of viscosity. 
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Fig. 6—Typical stress-strain curve through 
microcreep and macrocreep range, showing 
schematic determination of macroyield point. 


crystals of tin in which the grain boundary lies in 
the direction of pull. Rather than assume that one 
mechanism predominates, as is usually done, all 
mechanisms plus their cross effects should be con- 
sidered. The difficulty les in not being able to 
separate these variables. 

In the present system of wires, only two deforma- 
tion mechanisms appear to exist. At low stresses 
the Nabarro-Herring diffusion mechanism appar- 
ently acts alone. At the macroyield point, the point 
where the curve begins to deviate from linearity, an 
additional slip mechanism appears, which grows 
more and more active at higher stresses and is ac- 
companied by the increased departure from line- 
arity. This is shown in Fig. 6. These two mecha- 
nisms are probably not without their own interact- 


ing effects, however. Studies of groove angles at the © 


traces of slip planes reveal deep groove angles that 
appear to be deeper the further slip proceeds.” This 
reveals slip planes to be rather high energy inter- 
faces and can easily act as sinks in the Herring equa- 
tion just as grain boundaries. Thus, the occurrence 
of slip reduces the average value of L and in this 
way lowers the viscosity. 

A similar curve to Fig. 6 was determined for tin 
by Chalmers.” The linear portion he calls micro- 
_ creep, the point of departure from linearity, macro- 
yield point, and the curvilinear portion beyond, 
macrocreep. There appears to be no good reason 
why this convention cannot apply here. The wires 
loaded in the microcreep part of the stress range 
showed no visible slip lines under the 40 power 
telescope of the cathetometer. However, slip lines 
began to appear in wires just beyond the macroyield 
point. The amount of observable slip increases 
gradually in number of slip lines and amount of 
slip in the more heavily loaded wires. The slip 
occurs freely across each grain in the typical manner 
of single crystals. The contribution of the elonga- 
tion by slip appears to add to the already operating 
viscous elongation mechanism. 
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Thus, only two mechanisms contribute to the 
deformation of these wires. Whether the apparent 
viscous mechanism acts alone or with increasing 
partnership with the slip mechanism depends on the 
strain rate. The strain rate, of course, is a function 
of the applied stress and temperature. There is a 
certain amount of grain rotation observed, as pre- 
dicted by Herring, in the form of grain offsets at 
the grain boundaries. Since the offset movement is 
lateral to the direction of strain, the effect appears 
to be negligible on elongation. Offsetting appears 
only in the macrocreep range. 

Subcell movement as described by Wilm and 
Wood” and others*™ can be fairly safely ruled out 
of this system. The above authors show that subcells 
increase in size with increasing temperature and de- 
creasing strain rate. Since these experiments are 
carried out near the melting point of gold, and with 
the strain rates at the lowest possible, subcell size 
must be at a limiting maximum, which is the grain 
size itself. 

Since there is no recrystallization, phase inver- 
sions, or grain growth during the experimental runs, 
and offsetting is a negligible factor, it can be con- 
cluded that at most in the macrocreep range, only 
two mechanisms plus a cross effect contribute to the 
elongation of these wires. The least operating in 
the microcreep range is one mechanism. 

In Herring’s discussion of ‘‘Calculated versus Ob- 
served Creep Rates,” he raises two questions upon 
which these experiments throw light. The mean 
length of L was expected to change due to grain 
growth at boundaries where orientation differences 
are large. The fact that grain counts were sensibly 
the same before and after each run suggests that 
this effect is negligibly small in these experiments. 
Since an average value of L for all the wires in 10 
experiments was used in the theoretical calculation, 
rather than estimates from a few polished specimens, 


this uncertainty is fairly well eliminated. 


In this connection it was also suggested that grains 
may rotate about their longitudinal axis so as to 
form a low energy grain boundary. Pairs of 
scratches introduced on the surface on opposite sides 
of the wire at the start of the experiments, finally 
appeared as lines across and perpendicular to the 
grain boundaries. If axial rotation occurred, the pair 
of scratches would show offsets across the boundary 
in opposite directions. But, if the grains themselves 
offset laterally along a grain boundary, the pair of 
scratches would be offset in the same direction. Al- 
though the latter circumstance was often observed, 
the former was never seen to occur. Actually the 
grain boundary is not perfectly flat, and any curva- 
ture, steps, or discontinuities apparently offer suffi- 
cient resistance to the rotational forces to eliminate 
the effect. 

Kinking, however, is seen to occur where two 
grains effectively rotate with respect to one another 
about an axis lying in their common grain boundary. 
The amount of this rotation has been found to be as 
high as 7° in one case, but on the average around 4°. 

The question of bulging, an intermediate condi- 
tion, as the wire proceeds toward an ultimate drop- 
let state has been a topic of speculation and is dis- 
cussed in detail elsewhere.” ” 


Summary 
The present study reveals that gold wires effec- 
tively creep viscously at temperatures near 1300°K 
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and loaded up to 4x10° dynes per sq cm. Between 
the range of 1280° to 1313°K the average viscosity 
coefficient was found to be 18.9x10” poises, which is 
in good agreement with the Herring equation based 
on the Nabarro diffusion mechanism. The calcu- 
lated average is 13.6x10” poises. Herring’s predic- 
tion of viscosity dependence on wire size is also 
supported by this work. 

The creep behavior can be divided into two 
ranges, a microcreep and a macrocreep range, which 
are separated by a macroyield point according to the 
convention of Chalmers for the creep of tin. 

The wires creep by means of two additive mecha- 
nisms in the macrocreep range after the fashion 
qualitatively presented by Kauzman. It is also 
shown that when both mechanisms occur simul- 
taneously they affect one another. 
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Technical Note 


Measurement of Self-Diffusion Coefficients by Autoradiography 


by Harry C. Gatos and Ahmed Azzam 


UTORADIOGRAPHY would appear to be sim- 
pler and less time-consuming for diffusion stud- 
ies than any of the radioactive tracer techniques 
commonly employed, namely, the sectioning, surface 
increase, and surface decrease techniques.’ Accord- 
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ingly, it was felt worthwhile to investigate the ap- 
plicability of autoradiography to _ self-diffusion 
measurements, and gold was chosen for this pur- 
pose. 

The radioactive isotope Au’ was used, as obtained 
from the Brookhaven National Laboratory. Its radi- 
ation consists of 8 (0.97 mev) and y (0.41 mev) rays, 
and it has a half-life of 2.69 days. No-Screen X-ray 
film was found suitable for these experiments: the 
film has the desired high speed for recording 6 rays 
and yet is practically insensitive to y rays. On the 
other hand, due to the high atomic weight of gold, 
this metal is a strong absorber for # rays. The 


198 
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Section for 
Autoradiography 


Interface 


Fig. 1—Sandwich type of diffusion 
specimen for autoradiographic method. 


Interface 


Fig. 2—Microdensitometer tracing for a specimen diffu- 
sion-annealed at 1000°C for 4.77x10° sec. Sectioning 
angle 6° 35’. Linear reduction 50 pct for reproduction. 


maximum range of the 0.97 mev 8 rays in gold is 
about 0.02 cm,’ and the most probable penetration is 
only about 0.006 cm.* Hence only the 8 rays emitted 
from a layer, comparable in thickness to that of lay- 
ers commonly removed in the sectioning technique, 
will reach the photographic emulsion. 

The diffusion specimens were of the sandwich 
type. A thin radioactive layer of gold (about 75A 
thick) was evaporated onto the one face of a gold 
cylinder (approximately % in. in diam xX % in. 
thick) in a vacuum apparatus. An identical gold 
cylinder was then welded to this face by hot press- 
ing. The specimens thus prepared were diffusion- 
annealed for about five days, and finally sectioned 
across the interface as illustrated in Fig. 1. The 
slanted section of the remaining specimen was sur- 
face-ground and exposed directly to the photo- 
graphic film. Six f-emitting sources of known rela- 
tive intensities were exposed on the same film for 
calibration purposes. A linear relation was always 
found between the photographic density and the 
8 intensity over the region of interest. 

A microdensitometer tracing was obtained for 
each autoradiogram as shown in Fig. 2. Differences 
in densities between points 0.04 cm apart in the 
autoradiogram (about 0.004 cm apart in the speci- 
men) could be easily distinguished by selecting a 
suitable amplification factor for the microdensi- 
tometer. It is evident that the highest point of the 
density tracing corresponds to the diffusion inter- 
face. If the diffusion specimen were sectioned sym- 
metrically with respect to the interface, the density 
curve should be symmetrical. This is desirable be- 
cause it affords a duplicate check within the same 
specimen. However, it is not always possible to ob- 
tain a symmetrical section because of the difficulty 
involved in locating the interface by inspection. 

Data obtained for 1000°C are presented in Fig. 
3, where the logarithm of the photographic density 
is plotted vs. the square of the corresponding diffu- 
sion distance from the interface. The actual diffu- 
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x= in cm? x 10% 
Fig. 3—Photographic density vs. square of diffusion dis- 
tance. Diffusion time is 4.77x10° sec. Circular and tri- 
angular points correspond to opposite sides of interface. 


sion distance was obtained from the microdensitom- 
eter tracing, taking into account the amplification 
factor of the densitometer and the angle a (6°35’ in 
this case), shown in Fig. 1. The geometry involved 
is obvious. It is interesting to note that even though 
the section was not perfectly symmetrical, it was 
still possible to obtain checks at considerable dis- 
tances on both sides of the interface. 

The self-diffusion coefficient D can be computed 
readily from the slope of the straight line of Fig. 3. 
The solution of the diffusion equation for boundary 
conditions at hand* is: 

C; 


2\/nDt 


where C is the concentration of the diffusing ele- 
ment (photographic density in this case) at a dis- 
tance x and time t, and C, is a constant depending 
on the amount of radioactive gold evaporated on the 
—0.1086 


Dt 

stant. The self-diffusion coefficient of gold at 1000°C 
was found equal to 4.2x10° sq cm per sec. This 
value is in good agreement with that of 4.8x10° sq 
em per sec reported by McKay.® With the same 
technique, values of D were also obtained at 800° 
and 900°C and found to be 1.8x10™ and 1.6x10” sq 
cm per sec, respectively. 

From these results an approximate value of 45,000 
cal per mol was computed for the activation energy 
for self-diffusion of gold. An accurate determination 
of Q, however, must await the determination of D 
at additional temperatures. 

This autoradiographic method is also being ap- 
plied to the measurement of self-diffusion coeffi- 
cients in alloys. 


t 


surface. It follows that log C = x* + con- 
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Origin of Porosity in Castings of Magnesium-Aluminum 


And Other Alloys 


by E. J. Whittenberger and F. N. Rhines 


The formation of casting porosity is viewed as a nucleation and growth 
process with solidification shrinkage and gas precipitation as cooperative 
driving forces. Experimental evidence evaluating the individual contribution 
of each force confirms the major premise that microporosity is nucleated 
by gas precipitation. Additional data disclose the effects of the identity and 
quantity of gas, the temperature range of freezing, and the freezing rate 

upon the amount and distribution of porosity in light metal castings. 


OROSITY, as it commonly occurs in metal cast- 
ings, has been ascribed to the contraction that 
accompanies the freezing of the metal, to the evolu- 
tion of dissolved gases from the liquid during cool- 
ing and freezing, and, most frequently, to a combina- 
tion of the two.”” “Pipe” formation is universally 
associated with solidification shrinkage; spherical 
“gas holes’ are understood to be retained bubbles 
of gas; but the origin of microporosity, which usually 
exhibits an irregular or scalloped outline when 
viewed in cross-section, remains a subject of con- 
tinuing debate.” * The present research constitutes an 
endeavor to show what parts are played respectively 
by shrinkage and gas evolution in the initiation and 
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growth of micropores and what factors determine 
their number, size, shape, and distribution. A pre- 
liminary outline of the mechanism of cavity forma- 
tion in castings will serve to coordinate the experi- 
mental findings that will be reported and will at the 
same time provide a general theory of the origin of 
casting porosity. 

Basic to the mechanism of cavity formation that 
will be proposed are the following established facts: 
1—that liquid metals and alloys contract gradually 
during cooling down to the freezing range, where a 
relatively large contraction, known as the “solidi- 
fication shrinkage,” takes place (exceptions in bis- 
muth and gallium being noted) ;* 2—that the capac- 
ity of liquid metals and alloys for dissolving gases 
diminishes with cooling until, in the freezing in- 
terval, a large decrease takes place (various excep- 
tions being noted and excluded from present con- 
sideration) ;? and 3—that freezing proceeds counter 
to the direction of heat flow, the freezing front most 
commonly being composed of a system of tapering 
dendrite stalks and side arms which are coarser the 
lower the freezing rate and which protrude into the 
liquid for a distance that is greater the longer the 
freezing temperature interval of the alloy and the 
smaller the thermal gradient.° 

The mechanism by which voids are generated 
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Fig. 1—Schematic representation of the cooperative 
effects of pressure and gas concentration upon the 
nucleation of a cavity. 


The pressure is a summation of positive pressures 
such as hydrostatic head, atmospheric pressure, and 
surface tension and negative pressures such as the 
hydrostatic tension produced by the shrinkage of a 
confined liquid. The curve for “beginning of nucle- 
ation” is unique for each temperature value. 


spontaneously during the freezing of castings may be 
considered as a conventional nucleation and growth 
process. Shrinkage and gas rejection are presumed 
to provide the principal driving forces of both nu- 
cleation and growth, while the pattern of the simul- 
taneous growth of the solid phases determines the 
morphology of the cavities. 


Nucleation 

In order to initiate a void in the liquid phase, 
where it is assumed all casting porosity develops, it 
is necessary to provide a force, or combination of 
cooperative forces, sufficient to overcome those tend- 
ing to collapse the void. The latter forces include the 
atmospheric pressure, the hydrostatic head of liquid 
metal above the site of nucleation, and the effective 
surface tension acting upon the void, which latter is 
equal to twice the surface tension of the liquid 
divided by the cavity radius (2 

It has been pointed out that a void cannot develop 
progressively from zero radius, but must spring into 
being at some finite size, because the surface tension 
factor becomes infinite at zero radius.’ The minimum 
stable size is usually smaller, however, at a pre- 
existing interface, such as the surface of contact be- 
tween the liquid and solid phases.* Cavity nucleation 
occurs, therefore, predominantly upon certain types 
of solid surfaces, normally including such surfaces 
as the mold wall, floating particles of certain solid 
substances, or, most importantly, the surfaces of the 
growing solid phases. 

The forces of shrinkage and gas precipitation, both 
of which may be expressed as pressures, are additive. 
Supersaturation with respect to the gas component 
creates an internal pressure in the liquid, which 
alone may overcome the collapsing forces and induce 
the nucleation of a gas bubble. Where the liquid is 
completely enclosed within impervious walls of the 
solid phase, its shrinkage creates a hydrostatic ten- 
sion, equivalent to an internal pressure, and this 
alone may cause the nucleation of a void. Where a 
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confined body of liquid contains dissolved gas, the 
hydrostatic tension of shrinkage and the gas pres- 
sure will cooperate to produce a cavity nucleus when 
their effective combined pressures exceed the col- 
lapsing force. These conditions are expressed graph- 
ically in Fig. 1, where f represents the gas content 
necessary to produce nucleation in a body of liquid 
open to the atmosphere, e represents the hydro- 
static tension necessary to initiate a void in the ab- 
sence of gas, and the line e-f represents the co- 
operative action of shrinkage and gas. This diagram 
is altogether schematic; the nucleation limit e-f need 
be straight only in the ideal case where the effective 
precipitation pressure is directly proportional to the 
gas concentration. With temperature decrease, e-f 
may be expected to rotate toward the pressure axis. 

Consider the freezing behavior of a liquid alloy 
containing a small quantity of gas, a, in Fig. 1. This 
gas content is inadequate, by itself, to induce bubble 
nucleation. Suppose now that freezing has progressed 
until a shell of solid encloses the main body of liquid, 
completely isolating it from the pressure of the sur- 


rounding atmosphere. The effective pressure will 


drop, owing to shrinkage, and the pressure-concen- 
tration state of the liquid will fall along the line a-b. 
When point b, upon the nucleation line, is reached, 
a void will be nucleated. Its growth, i.e., increase in 
radius, will immediately reduce the effective surface 
tension (20/r) and the cavity will expand rapidly 
until the pressure acting upon the liquid has returned 
to some intermediate value, c, representing the com- 
bined pressure of any gas that has been rejected into 
the cavity plus the hydrostatic head of the liquid 
which will vary from one level to another, and 
minus, of course, the now very slight collapsing force 
of surface tension. 

Further nucleation in this body of liquid is im- 
possible, because the gas concentration is still too 
low to start a bubble under the existing pressure, 
and a sufficient hydrostatic tension cannot develop 
so long as the shrinkage is being accommodated by 
the growth of the existing void. As freezing pro- 
gresses, however, the gas concentration in the resi- 
dual liquid will increase, shifting its pressure- 
concentration state to the right in Fig. 1. When point 
d is reached, the conditions for nucleation may again 
be satisfied. At some site a bubble will form. This 
time the effective pressure upon the liquid will not 
be changed significantly, because this pressure is 
already established at an equilibrium value by the 
original cavity. Neither will the gas concentration 
of the liquid be changed in regions removed from 
this bubble, because composition change by diffusion 
requires time. Therefore, other bubbles may appear 
immediately at other sites. 

Conditions for single and for multiple nucleation 
are thus defined. Where the force acting to induce 
nucleation is developed by an increase in hydro- 
static tension, only a single nucleus can develop in 
any one body of liquid (single nucleation). Nuclea- 
tion produced by an increase in gas concentration, 
however, can occur at many localities in the same 
body of liquid (multiple nucleation). The single 
nucleus tends to grow into a large cavity, called 
“internal pipe,” which is generally recognized to be 
a shrinkage effect. Multiple nucleation leads to the 
formation of microporosity, which, as the results of 
the present research will show, is characteristic of 
gas rejection. 

Single nucleation may be expected to occur where 
the hydrostatic head is least and where the gas is 
most concentrated. This is most likely to be near the 
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Table I. Summary of Characteristics of Porosity in Castings 


ause Single Nucleation by Shrinkage Multiple Nucleation by Gas 

Type Pipe Interdendritic Interconnecting micro- Isolated micropore (pin- 

Gas hole pore (channel type) hole type) 

Size eee pret as much as Probably submicroscopic| Anywhere from mi- Thinner than the iso- Usually smaller than 

cro size to inches lated pore, but often the grain size but 
. in diameter. as long as the casting large enough to be 
itself. visible at low magnifi- 

cation. 

Shape of Unknown Roughly spherical with Similar to the isolated Roughly tetrahedral with 

nearly smooth sur- pores, but connected surfaces composed of 
, face. into a continuous net- exposed dendrite tips. 
composed of exposed work by a system of 
dendrite tips. thin prismatic or pla- 
nar channels, 

Number aed casting, except Probably one for every| Usually few in num- One. network may be Depends upon gas con- 
where the casting is meeting of four den-| ber, continuous through the tent, ranging from 
of complex shape. drite tips in the cast- entire casting, or may none to a maximum 

ing, i.e., hundreds per be broken up into dis- approximately equal 
grain. connected parts. to the number of 

Distribution |Centrally located in the Uniform; probably ___|Tendency to segregate Always at grain bound- genkae at three-grain 
casting. everywhere at grain toward the top of aries. Often uniform intersections. Often 

pounee and possi- the casting. in distribution except uniformly distributed, 
a within grains as for absence in surface sometimes highly seg- 
well. skin of casting. Some- regated, as in “‘spongy 
times highly  segre- areas,’’ where the vol- 
gated, as in “spongy ume is dictated by 
areas,’’ where the vol- the requirements of 
ume is dictated by shrinkage. 
the requirements of 
shrinkage. 


top of the body of liquid, upon a solid surface, where 
the adjoining liquid will have the highest concen- 
tration of gas and where the surface tension forces 
opposing cavity formation are minimized. Multiple 
nucleation should occur at sites of maximum gas 
concentration, except where the concentration is 
initially so high (to the right of the nucleation curve 
in Fig. 1) that mere contact with a solid surface is 
sufficient to “trigger” the process. The maximum 
attainable gas concentration in a gas-poor melt is 
expected to lie in the unfrozen intergranular spaces 
of the growing solid, next to the solid face of the 
‘mushy zone,” i.e., at the ends of the liquid chan- 
nels. For an intermediate initial gas content, a nu- 
cleating gas concentration may appear farther out 
in the mushy zone, or even near the tips of the grow- 
ing dendrites. It is not expected, however, that intra- 
dendritic spaces will provide favored nucleating 
sites, because observation of the microstructure of 
complex alloys shows that the low melting constitu- 
ents are rarely, if ever, so highly concentrated in the 
intradendritic spaces as they are at the grain bound- 
aries, indicating that the confluence of the diffusion 
currents at the meeting of grains produces the 
highest impurity concentration. Thus, the rate of 
nucleation is expected to depend upon the grain 
size, and is higher the finer the grain size, i.e., the 
larger the number of intergranular spaces. 

The nucleation of one pore immediately adjacent 
to another is very unlikely, because the gas content 
of the liquid must diminish rapidly in the neighbor- 
hood of a growing cavity. 


Growth 

Two modes of growth are to be distinguished 
upon the basis of whether or not liquid feeding 
obtains between the cavity and the exterior of the 
casting. 1—With feeding, the pore adjusts to the 
volume of its gas content under the combined press- 
ures of the atmosphere, the hydrostatic head, and 
the surface tension. Its rate of growth is controlled, 
therefore, by the rate of gas deposition alone. 
2—Where feeding from the exterior does not exist, 
the total volume of void space that will develop must 
be exactly equal to the shrinkage of the body of 
isolated liquid. This volume will be distributed 


TRANSACTIONS AIME 


among the cavities in such a way that the gas press- 
ures are equalized (except for differences in head) 
among all cavities that are in hydrostatic communi- 
cation. Thus, the average growth rate is determined 
by the shrinkage rate, but the growth rate for in- 
dividual cavities will be modified by any differences 
that exist in the localized rates of gas rejection. 

Growth by gas precipitation is evidently a dif- 
fusion process and, as such, its rate must depend 
either upon the rate of movement of gas atoms 
through the condensed phases, or upon their rate of 
passage into the vapor phase at the surface of the 
cavity, whichever may be the slower. Either process 
is complicated: 1—by the increase in cavity surface 
area, which, because of the complexities of pore 
shape, need not be related simply to the quantity of 
gas released, 2—by the irregularly changing ratio 
of gas-liquid to gas-solid interface, 3—by the flow 
and possible turbulence of the gas-solvent liquid as 
the pore grows, 4—by solubility changes accompany- 
ing temperature decrease and alloy composition 
change, and 5—by changes in such physical charac- 
teristics as the diffusion coefficients with alterations 
in temperature and composition. Hence, it is not to 
be expected that the rate of pore growth, by gas 
rejection, will follow any simple law. This, how- 
ever, does not preclude certain qualitative predic- 
tions that are derivable through the identification of 
the nature of the process. 

Growth will proceed at a declining rate until 
stopped by the local completion of freezing. It will 
never be stopped by the completion of gas precipita- 
tion, however, because, in a diffusion process, in- 
finite time is required to attain complete equilibrium 
at fixed temperature. Accordingly, it is expected 
both that the pores will be larger the longer their 
period of growth and that the maximum pore volume 
that could be produced by the total volume of gas 
available for precipitation will never be attained in 
practice. In other words, the total volume of gas 
porosity should increase as the cooling rate de- 
creases. It should be noted, in this connection, how- 
ever, that gas may be rejected through the external 
surface of the casting during cooling and that this 
loss, with extremely slow cooling, may reduce, to a 
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Fig. 2—Bi-Sb (90-10) alloy, chill cast, showing microporosity 
in a material that expands upon freezing. Nital etch. X100. 


significant degree, the amount of gas available for 
cavity growth. 

The time available for growth will depend upon 
the rate of heat extraction from the casting and also 
upon the temperature interval through which the 
metal must cool to complete freezing. Alloys of long 
freezing range, accordingly, should develop a larger 
volume of porosity for a given initial gas content 
than should pure metals, or alloys of short freezing 
range. 

Shrinkage-controlled cavity growth must proceed 
in direct proportion to the quantity of heat extracted 
from the body of confined liquid, so that its rate is 
predictable to the extent that the rate of heat exodus 
can be estimated. Where single nucleation is followed 
by multiple nucleation, the original single cavity 
has a growth advantage over the gas cavities that 
start their growth later. Since the relative sizes of 
all of the cavities that are in hydrostatic communi- 
cation must be such as to equalize their internal gas 
pressures, the largest cavity will grow fastest, be- 
cause of the larger surface area available for gas 
transfer. Also the original cavity is likely to be 
located near the geometric center of the body of 
liquid, where its growth can continue for the longest 
time and where the gas content of the liquid will 
reach its maximum during the freezing process. 

It is for this reason that single nucleation is ex- 
pected to result in the formation of one cavity that 
is much larger than any of its neighbors. The rela- 
tive size of the neighboring pores will be the greater 
the earlier their nucleation, i.e., the higher the gas 
content of the metal. It should be noted, in this 
connection, however, that the size of the latter pores 
is not limited by their absolute gas content and that 
they should, in general, attain larger size than those 
pores growing in regions that are in hydrostatic 
communication with the atmosphere. Regions of 
gross porosity are, therefore, to be expected adjacent 
to internal pipe. 

Where a melt contains enough gas so that multiple 
nucleation occurs without single nucleation, or 
virtually coincident with it, in a body of isolated 
liquid, no major cavity (pipe) will form. The micro- 
porosity in this region will equal the total volume 
of shrinkage and the individual pores are likely to 
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be larger than those occurring in regions where 
feeding was maintained. Such accumulations of ex- 
aggerated porosity are commonly referred to as 
“spongy regions.” 

With very high gas content, the order of pore sizes 
may be reversed. Those growing freely in fed regions 
may attain a size equal to or larger than those in 
unfed regions, where the ultimate size is limited by 
shrinkage. In this case, the casting will exhibit little 
or no external pipe and may become “puffed.” 


Morphology 

The principal features of the morphology of the 
several types of casting porosity are summarized in 
Table I. Some of the entries appearing in this table 
are not self-evident and require explanation. 

There appear to be only two kinds of sites wherein 
the hydrostatic tension requisite to single nucleation 
can develop. The first is a large body of enclosed 
liquid and the resulting cavity is pipe. The second 
occurs at the very end of freezing, where four or 
more dendritic tips meet to enclose a minute body of 
liquid. Single nucleation in such a region would re- 
sult in the formation of a very small, perhaps sub- 
microscopic, cavity. Such cavities have not been re- 
ported heretofore, but indirect evidence of their 
existence will be offered presently. 

It is very unlikely that shrinkage-induced single 
nucleation could occur intergranularly and thus be 
the source of any of the familiar microporosity. 
Existing knowledge of the dendritic mode of freez- 
ing indicates that the tapered dendrite arms grow 
in thickness upon an advancing front that bears no 
relation to the grain structure.° Hydrostatic com- 
munication among the intra- and interdendritic 
channels must, therefore, be maintained until the 
dendrite tips actually impinge upon one another at 
the roots of the channels. This argues against the 
entrapment of liquid except by small groups of 
dendrite tips. 

Multiple nucleation, depending upon the initial gas 
content of the melt, may occur prior to the onset of 
freezing, or at any time thereafter, until freezing is 
completed. Gas released very early tends to form 
roughly spherical bubbles, which may rise to the 
surface and escape, or may be trapped by the ad- 
vancing solid to form “gas holes.” There is a regular 
transition in the size and shape of gas pores from 
the large spherical gas hole to the intergranular 
micropore, which may occur as an isolated cavity 
of scalloped (counterdendritic) outline or as a thin 
intergranular channel that, in the extreme, may con- 
nect with its neighbors to form a continuous void 
extending entirely through the casting. 

The reason for the transitions among these types 
will be more easily perceived by reference to a 
simplified hypothetical example. Suppose that two 
bubbles are growing by gas rejection from a super- 
saturated liquid. One bubble, being unconfined, 
grows as a sphere, while the other is so constrained 
(as by an inverted trough) that it assumes the form 
of a slender cylinder. The spherical bubble will in- 
crease in diameter in proportion to the cube root of 
the volume of the gas added, whereas the slender 
cylinder will increase in length in direct proportion 
to the volume of gas added (assuming its diameter 
to remain constant). The spherical bubble will soon 
become enclosed in an envelope of gas-poor liquid 
and its growth rate will decline rapidly. The growth 
of the slender cylinder may continue indefinitely, 
however, because this bubble may advance into un- 
depleted liquid faster than the gas diffusion path 
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can lengthen to slacken the supply. Thus, partial 
restraint of the shape of a bubble may provide it 
with the characteristic of sustaining growth, such 
as must lead to the formation of interconnecting 
porosity, provided that the volume of gas rejected 
by the liquid is sufficient. 

Where gas is being released among growing den- 
drites, the spreading bubble may be expected to ad- 
vance most rapidly along the most open channels 
and, for the most part, to avoid the lesser side- 
interstices within which the liquid would tend to be 
held more firmly by capillarity. The most favored 
site for sustaining growth, with a limited gas sup- 
ply, is expected, therefore, to be along the channel 
formed by three adjacent dendrite systems (grains), 
as is commonly observed.’ With a larger gas supply 
the bubble may grow also into the space between 
pairs of dendrite systems and farther into the intra- 
dendritic spaces. Meanwhile, the liquid remaining in 
the side interstices of the dendrite skeletons will, as 
it freezes, continue to reject gas into the bubble, thus 
contributing to the maintenance of its growth. This 
contribution will be the larger the greater the quan- 
tity of liquid concerned, which is to say the earlier 
bubble growth starts and the longer the freezing 
range of the alloy. 

The slenderness of the gas cavity and, hence, its 
relative tendency to sustain growth with a given gas 
supply, will depend most importantly upon the depth 
of the freezing zone in the casting. With a deep 
freezing zone such as is found in alloys of long freez- 
ing range, or where the rate of heat extraction is 
low, long dendrite skeletons develop and the gas- 
rich liquid becomes concentrated in thin channels 
that favor the sustaining growth of channel porosity. 
Where the freezing range is short, or the tempera- 
ture gradient very steep, the dendrites are stubby 
and the spaces between them more open. In the 
latter case, which is represented by the pure metals 
and certain classes of alloys, the pores tend to be 
isolated at the points of meeting of four or more 
grains. 

The occurrence of interconnecting porosity open 
to the cast surface is usually associated with castings 
that exhibit surface liquation (bleeding), indicating 
that liquid channels have remained open to the sur- 
face until late in the freezing period and that per- 
haps growing gas bubbles have forced liquid out 
through these channels until the bubbles themselves 
have emerged at the surface. The existence of an 
association between high gas content and surface 
liquation has long been recognized.’ It is apparent 
also, from the fact that castings may be so porous as 
to permit the passage of fluids entirely through them, 
that.gas bubbles originating at different points can 
and do join to become one. 


Constitution 

The foregoing mechanism of pore formation is not 
specific to any one gas-metal system, or any one con- 
stitutional type, it being required only that the solu- 
bility relationships be such that gas may be rejected 
during cooling and/or freezing, if multiple nuclea- 
tion is to occur. It is important to note, however, 
that the solubility relationships in any one alloy may 
change in a variety of ways (depending upon the 
constitution) as the liquid composition changes dur- 
ing freezing and that such changes are involved in 
gross as well as dendritic segregation. Thus, the ten- 
dency for micropore formation may be expected to 
be different from one locality to another in a casting 
in response to its segregation pattern. There are 
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Fig. 3—Sketch of the microstructure of the inside of a pore in 
artificially gassed Bi-Pb (90-10) alloy, as seen in a fracture. 
Courtesy of R. A. Meussner. X10. 


many other causes for porosity segregation, one of 
which has been mentioned in connection with the 
formation of “spongy” regions, while others are 
described in references that have been cited.** 

Gas solubilities are usually reported in terms of 
volume at standard pressure and temperature. Un- 
less this value is corrected to the temperature and 
pressure of gas precipitation, a gross error will re- 
sult in the estimate of gas porosity. It should come 
as no surprise, therefore, that a substantial quantity 
of gas porosity can develop in a gas-metal system 
for which the solubility is reported to be extremely 
small. 

Experimental Evidence 

A major departure of the proposed mechanism of 
pore formation, from its predecessors, lies in its con- 
clusion that microporosity depends for its nucleation 
(multiple nucleation), and therefore for its exist- 
ence, upon the precipitation of gas. The validity of 
this conclusion is here demonstrated experimentally 
by showing, in the cases of specific materials, both 
that microporosity can develop in the total absence 
of shrinkage and that it does not develop in the total 
absence of gas. 

Microporosity in the Absence of Shrinkage: Bis- 
muth-rich alloys, depending upon their composition, 
may expand during freezing. Therefore, any micro- 
porosity that may appear in such bismuth-rich cast- 
ings cannot be assigned to shrinkage and may be 
presumed to result from gas evolution. 

A series of Bi-Sb alloys that had been melted in 
an open crucible in a gas-fired furnace and had been 
cast in an iron mold was examined. Microporosity 
was found in every one including an alloy of 90 pct 
Bi, which displays considerable expansion during 
freezing. The pores were of the isolated type, see 
Fig. 2, and were straight sided, owing to the idio- 
morphic outline of the bismuth-rich dendrites. 

In order to show further that the straight-sided 
pore is characteristic of gas porosity in bismuth 
alloys, several cubic centimeters of air were injected 
into a partly frozen Bi-10 pct Pb alloy, using a hypo- 
dermic needle. The Bi-Pb alloy ordinarily exhibits 
little if any porosity of any kind. In this case, how- 
ever, it was found to be very porous (channel type) 
and the exposed dendrites were idiomorphic (see 
Fig. 3), closely resembling in outline those seen in 
the normally cast Bi-Sb series. 

It is worth mentioning, at this point, since the de- 
tection of porosity is a problem common to all of the 
experiments described in this paper, that the metal- 
lographic method is a relatively insensitive and, 
therefore, unreliable one for the observation of por- 
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osity, because the pores are often concealed by the 
smearing action of polishing. The most sensitive 
methods appear to be microradiography, the exam- 
ination of the fractured surface in a sample broken 
at a low temperature (liquid air) to avoid smearing, 
and, for a quantitative measure, the density deter- 
mination. In general, all of these methods have been 
applied in the studies here reported. 

Behavior of Gas-Free Metals and Alloys: The tetal 
removal of gas from any metal is a difficult under- 
taking. None of the commonly practiced methods of 
“degassing” accomplish more than a partial removal 
of gas. Recourse, in the present research, was had 
to an adaptation of a familiar technique of the 
chemist, that of boiling the liquid. The more volatile 
fraction (the gaseous element) vaporizes preferen- 
tially. After a portion of the liquid has been boiled 
away, that which remains contains almost none of 
the gaseous element. 

Most of the common metals boil at rather high 
temperatures, where they become chemically very 
reactive, so that it is difficult to maintain their 
purity. The boiling temperature can be lowered by 
reducing the atmospheric pressure, but when this is 
done it becomes difficult to induce the ebullient 


action that is so valuable in purging the liquid of 
gas; vaporization occurs preferentially at external 
surfaces. The latter disadvantage can be overcome 
to a large extent, however, by the use of induction 
heating, which provides a stirring action that con- 
tinually brings fresh metal to the surface of the melt. 

For the present experiments, it was necessary to 
construct a special boiling chamber suitable for use 
at very high temperatures, see Fig. 4. This consisted 
of a fused silica tube 4 in. in diam and 30 in. long, 
set vertically with metali-rubber pressure seals on 
top and bottom. The crucible was supported at mid- 
height in the tube and was thermally insulated from 
the ends by a series of radiation shields. The system 
was evacuated through the base by a high capacity 
oil-mechanical pump. Provision was made for intro- 
ducing controlled atmospheres through a port in the 
furnace lid. A gas purification system was provided, 
also, in order to make it possible to admit to the 
furnace high purity gas of any kind, or mixtures of 
gases. Liquid air traps were made integral with the 
entrance and exit ports to eliminate water when this 
was desired. The metal was heated by an externally 
placed high-frequency induction coil acting variously 
upon the metal itself, the crucible, or a heating ring. 

This equipment first was applied to the degassing 
of aluminum and aluminum alloys. No crucible mate- 
rial was found, however, which would both contain 
the metal at the temperature required (1700°C or 
higher, using a very low partial pressure of pure 
argon) and not contaminate it severely. Best results 
were had using a carbon crucible; the metal was 
heavily contaminated with carbon, but gas removal 
was effective. 

For this reason, it was thought best to conduct the 
investigation with one of the more volatile metals. 
Magnesium was selected, because it has a relatively 
low boiling point (1105°C at 1 atm) and because 
typical porosity problems are encountered in its 
foundry applications. 

Magnesium and magnesium-base alloys were 
readily degassed by boiling between 850° and 1105°C 
with anywhere from 10“ to 1 atm of pure dry argon. 
The apparatus was baked out under vacuum for 1 hr 
at 1400°C and held under vacuum overnight. The 
furnace was then filled with argon and the metal 
was introduced. Thereafter, it was re-evacuated, 
flushed with argon and the metal was melted and 
brought to the desired temperature under one-third 
of an atmosphere of argon. The argon pressure was 
reduced until boiling commenced, usually in the 
range of 0.004 to 0.007 atm. A major portion of the 
gas was evolved at this time. Then the temperature 
was raised while the pressure was permitted to fall 
until a substantial portion of the metal had boiled 
away. With the heating power turned off and the 
system still evacuated, the metal was cooled through 
its freezing interval at a rate of about 60°C per min. 


Table II. Density of Mg-Al Alloys Boiled and Solidified in Vacuum 


Measured Density,* 


Porosity Percentage 


Porosity Percentage 


per CC Published Computed From Computed From 
Annealed Density, Difference Between Difference Between 
Composition, Compressed 1 Hr G per CC the ‘“‘As-Cast’”’ and the ‘“‘As-Cast”’ and 

Wt Pct Al As-Cast 300,000 Psi at 175°C (“Vosskiihler’’) “Annealed’’ Density ‘Published’’ Density 
0.01 1.7434 1.7437 1.7442 1.7440 0.046 0.034 
1.96 1.7522 1.7568 1.7574 1.7557 0.296 0.199 
3.28 1.7655 1.7664 0.051 
5.85 1.7863 1.7870 1.7874 1.7868 0.062 0.028 
6.66 1.7917 1.7948 1.7949 1.7934 0.178 0.095 
12.32 1.8307 1.8385 0.424 


* Maximum error +0.0002. 
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Table Ill. Effect of 30 Min Exposure at 700°C of Degassed Mg-Al 
Melts to Various Gases Upon Porosity of Solidified Ingots 


Pet of Pct of Appearan 
Atmosphere* Al Porosity or 
Dry argon 4.62 4 
Wet argon} (graphite Fone 
crucible) 1.896 Channel 
Wet argon}; (iron cruci- 
ble) 2.98 0.954 Channel 
Dry hydrogen 4.38 24.44 Gas holes and 
channel 
Wet hydrogen; 2.98 38.32 Gas holes and 
channel 
Dry hydrogen sulphide 13.42 39.35 Gas holes and 
channel 
Dry methane 2.43 1.552 Channel 
Dry nitrogen 0.01 0.100 None 
Dry nitrogen 1.47 1.833 Channel toward 
center 
Dry nitrogen 2.01 0.501 Channel toward 
center 
20 pct dry nitrogen, 
80 pet argon 1.39 0.026 None 
Dry carbon dioxide 7.50 0.605 Channel 
185 mm dry carbon 
dioxide 3.69 0.113 Localized channel 
Dry sulphur dioxide 9.38 0.997 Localized channel 


* All pressures one atmosphere unless otherwise specified. 
+ Saturated with water at 23°C. 


In every case in which a metal or alloy has been 
boiled in this apparatus and then solidified without 
exposure to a soluble gas, the resulting ingot has 
been altogether free from visible porosity. That is 
to say, no porosity has been detected by fracture, 
microradiographic, or metallographic examination. 
This statement applies to the Al-Cu alloys contam- 
inated with carbon, to pure magnesium and to a 
series of magnesium-rich Mg-Al alloys. A micro- 
radiograph of a boiled sample containing 3.78 pct Al 
is presented in Fig. 5. This is typical of all micro- 
radiographs of the completely degassed metals. 
Except for a small constant discrepancy, which will 
be discussed presently, density measurements made 
upon these ingots showed the density to be that of 
wrought and annealed metals of lke composition, 
see Table II. 

Gas contamination of any of these metals occurs 
readily if they are exposed to a soluble gas sub- 
sequent to boiling and prior to freezing. When this 
happens, microporosity is always found. So sensi- 
tive is the tendency for gas reabsorption that micro- 
porosity has been observed to develop in a zone next 
to the surface of the ingot when a boiling crucible 
was being used for the first time, even though 
subjected to the above-described degassing treat- 
ment. 

The conclusion seems inescapable that all micro- 
porosity, in these materials at least, is caused by the 
evolution of gas during freezing. It has been demon- 
strated both that the microporosity can develop 
where there is no possibility of solidification shrink- 
age and that none is formed when gas is absent. 


Submicroscopic Porosity 

Attention is now directed to the small discrepancy 
between the measured density of the degassed 
materials and the published density values for alloys 
of like composition. That the effect is real was 
shown by cold pressing (in a die) and annealing 
some of the cast density samples and redetermining 
their densities, see Table II, It should be noted that 
the attainment of full density was not achieved by 
cold pressing alone, but that a further increase to a 
final value was obtained by annealing after pressing. 
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Presumably the minute pores are flattened by press- 
ing and then “sinter” shut upon annealing.* Since 


nd fod Be Snoek! has noted a similar density increase on annealing 
and quenching aluminum. 


the amount of deformation involved in cold pressing 
the samples was slight, it appears unlikely that the 
increase in density accompanying annealing is the 
same as that-commonly observed after severe cold 
working.” 

This small but nearly regular difference between 
the densities of the as-cast and of the wrought and 
annealed samples suggests the presence of some kind 
of voids not to be associated with any such erratic 
variable as residual gas. Submicroscopic interden- 
dritic shrinkage cavities previously postulated should 
meet the requirement of small variations in volume. 
The observed density differences assignable to these 
voids are of reasonable magnitude to be accounted 
for in this way. 

The breadth and depth of the hypothetical inter- 
dendritic shrinkage pore in magnesium is expected 
to be about 2 pct of the width of a dendrite arm. 


. This places its dimension close to or below the re- 


solving power of the microscope (even if it were 
possible to polish a specimen without destroying the 
evidence of the existence of such a small pore). 
Neither do the fracture nor microradiographic 
methods, as now practiced, offer sufficient resolving 
power to detect so small a detail of structure. For 
the present, it is possible, therefore, to say only that 
there is a small residue of unfilled space in degassed 
cast magnesium alloys, which could be accounted for 
by submicroscopic interdendritic shrinkage. 


Influence of Identity and Quantity of Dissolved Gas 

Various gases were introduced into degassed Mg- 
Al alloys, by admitting the purified gases to the boil- 
ing chamber after the metal had been degassed and 
while it was being held molten (700°C) at reduced 
power input. The time of contact with the gas was 
always 30 min, after which the heating power was 
shut off and the metal was permitted to freeze. The 
usual fracture, microradiographic, metallographic, 
and density observations were made on each heat 
and the results are reported in Table III, with typical 
microradiographs shown in Figs. 6 through 9. These 


Fig. 5—Microradiograph of degassed Mg-Al (3.78 pct) alloy 

showing absence of microporosity, which would appear as white 

areas if present. Vertical section taken radially from center 
of ingot (ragged edge). X7. 
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Fig. 6—Microradiograph of Mg-Al (4.38 pct) alloy de- 
gassed then exposed to an atmosphere of dry hydrogen. 
Large white areas are “gas holes,’ small white markings 
are microporosity. Vertical diametrical section almost 
across the ingot. X3. 


Fig. 8—Microradiograph of Mg-Al (1.47 pct) alloy de- 
gassed then exposed to 1 atm of dry nitrogen. Vertical 
radial section, center of ingot at left, showing channel 
porosity in central portion of ingot. X3. 


results serve to indicate both the relative importance 
of the several gases in producing microporosity in 
Mg-Al alloys, and, in a general way, the influence of 
the amount of gas evolved upon the type of porosity. 

In agreement with virtually all previous studies,”™* 


Fig. 10—Microradiograph of 17S ingot, melted in a gas 
muffle furnace and solidified in a graphite crucible, in air. 
White spots are isolated micropores; fine dark and light lines 
show dendrites by virtue of their varying copper content. X7. 
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Fig. 7—Microradiograph of Mg-Al (7.5 pct) alloy de- 
gassed then exposed to 1 atm of dry carbon dioxide. 
White network is channel porosity that clearly outlines 
grains. Approximately the center one third of vertical 
diametrical section through the ingot. X9. 


Fig. 9—Microradiograph of Mg-Al (3.78 pct) alloy de- 


gassed then exposed to 1 atm of wet argon. Vertical 
section showing irregular distribution of channel poros- 
ity. X9. 


it was found here that hydrogen was foremost among 
the gases in producing unsoundness in magnesium 
and its alloys with aluminum. In contrast with some, 
but not all,” of the earlier studies, however, it was 
found that several other gases (nitrogen, carbon 
dioxide, and sulphur dioxide) were capable of pro- 
ducing a small, but significant, amount of micro- 
porosity. 

Much of the earlier evidence has tended to indicate 
that molecular hydrogen is not a particularly effec- 
tive source of gas contamination in metals,” but that 
water vapor provides a highly active source when, 
upon contact with the metal, it dissociates to yield 
atomic hydrogen. This appears not to be the case 
for magnesium. Thoroughly dried tank hydrogen 
produced voluminous porosity. Wet hydrogen pro- 
duced yet more porosity, but water vapor (0.03 
atm), when carried by argon in the absence of hy- 
drogen, had a relatively mild effect, comparable to 
that of nitrogen, see Table III. 

Upon the basis of their dissociation pressures, the 
gaseous compounds of hydrogen might be expected 
to produce porosity in the descending order: H.S, 
CH,, and H,O. One atmosphere of hydrogen sulphide, 
at 700°C, should provide the equivalent of 0.037 atm 
of hydrogen, methane 0.0076 atm of hydrogen and 
water vapor 0.000016. As anticipated, hydrogen 
sulphide was outstandingly the most effective in 
gassing magnesium, but water vapor was more ef- 
ficient than methane. The latter condition is prob- 
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ably to be accounted for by the catalytic effect of 
the magnesium itself, since the metal will combine 
with the oxygen released by the decomposition of 
water, while it is relatively inert toward the carbon 
released by the decomposition of methane. Although 
hydrogen sulphide produced the largest volume of 
porosity of any of the gases used, it cannot be re- 
garded as the most powerful gassing agent, since its 
behavior was observed in an alloy of high aluminum 
content which would maximize its effect; both wet 
and dry hydrogen appear capable of producing 
larger quantities of porosity. 

The finding of gas porosity in the presence of dry 
carbon dioxidey and sulphur dioxide can be ac- 


+ Inasmuch as a carbon crucible was used, it is possible that the 
gas was partly or wholly converted to carbon monoxide before 
solution. 


counted for best by the solution of these gases in 
dissociated form, followed by their reassociation and 
rejection at the moment of freezing. The solubility 
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Fig. 11—Relation between porosity and 
aluminum content in Mg-Al alloys, de- 
gassed and then exposed to a gas mixture 
of argon and two volume percent of hy- 
drogen, at 1 atm pressure. Porosity com- 
puted from density measurements. 
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INCREASING POROSITY 


SOLIDIFICATION RANGE — 


Fig. 12—Demonstration of the relationship between the temperature range of solidification and the 
quantity of porosity in yarious binary alloy series. 


i rosity, estimated by metallographic means (fracture or polished section) is plotted 

with the temperature scale shown in the right of each is une 

temperature interval between the liquidus and the solidus, or the three-phase reaction une Be aS ons 

may be. Composition is plotted horizontally. It will be seen that the composition vs. porosity and com- 
position vs. freezing range curves are generally parallel. 
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Fig. 13—Microradiograph of 17S cast in a steel mold at 
600°C and cooled in air. More or less isolated micro- 
pores, tending toward channel type. X7. 


of sulphur dioxide in magnesium has been shown 
to be about 2 cc per 100 g of metal at 700°C,* but 
that of carbon dioxide appears to be unknown. 

Where the quantity of gas released during solidifi- 
cation of the ingot is large, as in the cases of melts 
saturated with hydrogen, two varieties of gas voids 
appear, see Fig. 6. The large gas holes are, as ex- 
pected, surrounded by rims of sound metal, giving 
evidence of the gas depletion of the adjacent metal. 
Between the gas holes, but well separated from them, 
there is typical channel-type microporosity. This 
breaking-up of the continuity of the channel poros- 
ity by gas holes may provide an explanation for 
the belief, sometimes held by foundrymen, that very 
badly gassed metal is less likely to produce leaky 
castings than is metal of an intermediate (critical) 
gas content. 

Typical channel porosity, amounting to only 0.6 
pet of the total volume of the casting, is to be seen 
in the sample saturated with carbon dioxide, Fig. 7. 
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DENDRITE SPACING - MM. 


Fig. 15—Demonstration of the relation- 
ship between the freezing velocity and the 
quantity of porosity. 


The freezing velocity is known to be 
inversely proportional to the dendrite 
spacing. The reversal of the curve with 
very slow cooling (large dendrite spacing) 
is believed to be the result of loss of gas 
through the external surface of the ingot. 
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Fig. 14—-Microradiograph of 17S cast in a steel mold 

and furnace cooled from 800°C. Shows long channel 

type pores at grain boundaries. The extent of each 
grain is shown by the dendrite patterns. X7. 


This will serve to illustrate the continuity of porosity 
that can be had when its total volume is low. As a 
matter of fact, no isolated microporosity was found 
in any of the alloys of this series. A typical example 
of isolated microporosity may be seen in Fig. 10, 
which shows the structure of an aluminum-base 
alloy frozen in the open. 

The microradiograph of Fig. 7 was compared with 
a micrograph of the same section, etched to reveal 
the grains, whereby it was found (as in many other 
cases) that the channel pores precisely follow the 
grain boundaries. Since transparencies must be 
superimposed to make this demonstration convinc- 
ing, its reproduction here has not been attempted. 

The development of centrally located “‘sponginess” 
is illustrated by the ingot that had been saturated 
with nitrogen, Fig. 8. Approximately one-half of a 
vertical diametrical section through the ingot is 
shown in this illustration, the center of the ingot 
being at the left. The freezing of the top and sides 
has evidently preceded the completion of freezing 
of the inside, at the center, and gas evolution in this 
region has been stimulated by shrinkage. 

Reasons for irregularity in the distribution of gas 
porosity are not always sa apparent, however, see 
Fig. 9. This ingot was exposed to wet argon at 700°C 
for 30 min. Were it not for the length of the expo- 
sure, it might be presumed that the hydrogen, ab- 
sorbed from dissociated water vapor, had traveled 
only a short distance into the melt, prior to freezing. 
Under the circumstances, this appears improbable. 


Influence of Temperature Range of Freezing 


In order to examine the effect of the freezing range 
and, thereby, of the length of the dendrites upon the 
gas porosity, a series of heats was made in which the 
aluminum content of the Mg-Al alloy was varied, 
all other conditions being held constant. After boil- 
ing to degas the melts, they were exposed for 30 min 
to 1 atm pressure of argon plus 2 volume pct of 
hydrogen. The results of density measurements made 
on the solidified ingots are plotted in Fig. 11. Micro- 
radiographs of the samples showed all to contain 
interconnecting porosity in varying degrees. Since 
the solubility change of hydrogen in freezing mag- 
nesium is thought not to increase with alloying,” the 
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increase in porosity with increasing aluminum con- 
tent is best accounted for by the more perfect reten- 
tion of the gas bubbles and the longer time available 
for their growth as the freezing range increases. 
Similar observations were made also upon a large 
group of cast alloys, including more than a hundred 
compositions in a variety of binary systems, see Fig. 
12. These alloys had all been melted, in 1 Ib heats, 
in a gas-fired furnace and had been cast in an iron 
mold, initially at room temperature.+ They were 


+ Samples originally cast for another investigation.¢ 


examined metallographically and also by fracturing 
at the temperature of liquid air and estimating vis- 
ually the area of pores exposed. In the main, the 
quantity of porosity is seen to be proportional to the 
temperature range of freezing throughout the series. 


Influence of Rate of Freezing 


The influence of the freezing rate upon the quan- 
tity and distribution of gas porosity has been exam- 
ined through the medium of aluminum alloy 17S 
ingots frozen at various rates. A large melt which 
had been held 1 hr at 800°C in a gas furnace con- 
taining steam was cast in rapid sequence in the fol- 
lowing ways: 1—into a dry steel mold at room tem- 
perature, 2—into a steel mold initially at 600°C and 
cooled in air, Fig. 13, 3—into a steel mold initially 
at 800°C and cooled in air, and 4—into a steel mold 
initially at 800°C and furnace cooled, Fig. 14. A 
tightly fitting cover was placed upon each mold im- 
mediately after casting. By the use of the dendrite 
spacing method, developed by Alexander,’ it was 
possible to make a quantitative comparison of the 
freezing rates of these ingots, since the dendrite 
spacing is inversely proportional to the freezing 
velocity. The dendrite spacing was then plotted as 
a function of the corresponding percentage of poros- 
ity, see Fig. 15. 

Evidently, the quantity of porosity increases lin- 
early with diminishing freezing velocity, up to a 
limit where a reversal is encountered. This behavior 
is consistent, in its linear range, with the proposal 
that the volume of gas porosity should increase in 
proportion to the time available for gas to be de- 
livered to the pores by diffusion. Gas loss through 
the surface of the melt during furnace cooling is be- 
lieved to account for the lesser porosity in the fourth 
sample. 

The change in the character of the gas porosity 
from essentially isolated micropores to nearly con- 
necting channel-type pores will be seen by a com- 
parison of Figs. 13 and 14. In these microradiographs 
the dendrite skeletons of the crystals are made ap- 
parent by copper segregation, so that individual 
grains can be distinguished. The intergranular loca- 
tion of the porosity is especially apparent in Fig. 14, 
where the grains are so large that there is little 
super-position in the microradiographic sample. 


Summary 


Experimentally, it has been shown that: 

1—Visible microporosity does not form in com- 
pletely degassed Al-Cu alloys, magnesium, or Mg-Al 
alloys upon solidification from the melt. 

2—Gases capable of producing visible porosity in 
magnesium and its alloys, listed in their descending 
order of effectiveness, are: wet hydrogen, dry hy- 
drogen, hydrogen sulphide, water vapor, methane, 
dry nitrogen, dry sulphur dioxide, and dry carbon 
dioxide. Argon produces no visible porosity. 
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3—Visible microporosity forms in certain bismuth- 
rich alloys that expand upon freezing. 

4—In visually sound castings of magnesium and 
its alloys, there is density evidence of an invisible 
(submicroscopic) porosity amounting to from a few 
hundredths to a few tenths of a percent, and which 
can be caused to disappear by working and anneal- 
ing. 

5—The volume of gas porosity varies inversely 
with the freezing velocity. 

6—The volume of gas porosity increases with the 
temperature range of freezing of the alloys. 

7—Microporosity is intergranular with only slight 
penetration among the dendrite arms. 

Cavity formation is viewed as a nucleation and 
growth process with shrinkage and gas precipitation 
as cooperative driving forces. The principal details 
of the process are: 

1—Single nucleation is produced by the hydro- 
static tension developed by shrinkage and this nu- 
cleus according to its location grows into either an 
internal pipe or a type of interdendritic pore that 
may be submicroscopic. 

2—Multiple nucleation is produced by gas pre- 
cipitation giving rise to visible microporosity in all 
of its varieties. 

3—Late nucleation occurs mainly in the inter- 
granular channels where the highest concentration 
of gas is developed and microporosity is, accordingly, 
mainly intergranular. 

4—The mode of growth is determined by whether 
or not liquid continuity (feeding) to the exterior of 
the casting obtains: 

a—With feeding, the precipitation of gas controls 
the growth of cavities. 

b—Without feeding, shrinkage determines the ex- 
tent of growth, but gas precipitation determines the 
relative rates of growth among the cavities that are 
in hydrostatic communication. 

5—The linear growth of gas pores may be de- 
celerating or sustaining, depending upon the re- 
straint imposed by the interference of the solid 
phases. Where the solid phases offer so little restric- 
tion that growth is essentially three-dimensional, 
the growth rate diminishes as the gas content of 
the adjacent metal declines and isolated pores are 
formed. If the solid phases restrict growth essentially 
to one dimension so that the bubble advances con- 
tinually into undepleted liquid, growth is sustain- 
ing. Channel porosity results from a high degree of 
restraint by the solid phases. 
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Technical Note 


Magnetic Behavior of Intermediate Phases in Alloys of Transition Elements 


by P. A. Beck 


CCORDING to a recent hypothesis of Sully,’ 
binary o phases are characterized by 1.7 bond- 
ing 3d electrons per atom, which completely fill the 
first Brillouin zone. This hypothesis appears to imply 
that there are no empty 3d orbitals in the o phase, 
and that, correspondingly, this phase must be dia- 
magnetic, or at most weakly paramagnetic. On the 
other hand, Bowen and Hoar’ reported that a o phase 
extracted electrolytically from an alloy steel became 
ferromagnetic when cooled to about —113°C. In view 
of the fundamental interest of the problem from the 
point of view of the electron structure of the o phase, 
it seemed worthwhile to study the magnetic proper- 
ties of massive o phase specimens of various known 
compositions. 
Sigma specimens of the following compositions 
were tested: 


1—40 atomic pct Fe, 40 atomic pct Cr, and 20 
atomic pct Mo 

2—35 atomic pct Fe, 35 atomic pct Cr, and 30 
atomic pet Mo 

3—48.7 atomic pct Fe, 50.2 atomic pct Cr, and 1.1 
atomic pct W 

4—40.7 atomic pct Co and 59.3 atomic pct Cr 

All specimens were found to be strongly para- 
magnetic at room temperature, particularly alloy No. 
1. At liquid nitrogen temperature, alloy No. 1 be- 
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came ferromagnetic; the other o alloys remained 
paramagnetic. Even though apparently not all o al- 
loys become ferromagnetic at liquid nitrogen tem- 
perature, in view of their strong paramagnetism it 
is probable that the electron structure proposed by 
Sully is not correct. 

Similar qualitative studies were made with the gp, 
P, and & phases.* A » phase specimen of 57.2 atomic 
pct Co and 42.8 atomic pct Mo; a P specimen of 19.9 
atomic pet Cr, 37.8 atomic pct Ni, and 42.3 atomic 
pct Mo; and a 6 specimen of 50.4 atomic pct Ni and 
49.6 atomic pct Mo were tested at room temperature, 
and all were found to be paramagnetic, although 
considerably weaker than the o phase specimens 
described above. A test at liquid nitrogen tempera- 
ture gave similar results for all specimens; none be- 
came ferromagnetic. 

Thanks are due to D. K. Das for preparing several 
of the alloys and to Pol Duwez of California Institute 
of Technology for kindly loaning four specimens of 
o alloys. 
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Correction 


In the February 1951 issue: TP 3004E. Cobalt Self-Diffusion: A Study of the Method of Decrease in 
Surface Activity by R. C. Ruder and C. E. Birchenall. P. 142: The equation for the self-diffusion in pure 
cobalt given in the text, the summary, and the abstract should read: 


61900 


Do, = 0.032e *®” cm? per sec 


where the activation energy is given as calories per gram atom. 
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Howe Memorial Lecture, 1952 


Chromium Carbide in Stainless Steel 


Dye 


if is with sincere appreciation and a deep sense of 
responsibility that I accept the honor of delivering 
the Howe Memorial Lecture. In our time metal- 
lurgical research has delved into phenomena ever 
more complex in character, so that much of this 
work must be done by organized teams. We, of the 
Union Carbide and Carbon Research Laboratories 
and the Electro Metallurgical Co., are truly a team 
and the lecture which is to follow is due largely to a 
few of the outstanding members of that team here 
cited and well known to you in their own right: 
John Lamont, whose work deserves special recogni- 
tion, Walter Crafts, William Forgeng, William 
Binder, Robert Fowler, and David Swan. Thus it is 
a fitting pleasure to accept this honor for the re- 
search institution which I represent. 

Henry Marion Howe was truly inspirational and 
his breadth of view was such that he could use either 
the method of rigid proof or implied mechanism to 
further the broad understanding. But perhaps his 
outstanding characteristic was his sound judgment 
and his ability to weigh observations. The following 
is replete with observations and judgment as to their 
implication. We would like to feel that it is the type 
of dissertation which Howe, himself, would have 
enjoyed. 

Chromium carbides in stainless steel have, in a 
sense, been a key to the progress of the stainless 
steel industry. Brearley’s first stainless steel, con- 
taining approximately 0.30 pct C, was successful 
because it differed from previous Fe-Cr alloys in 
that the carbides were present in such amount and 
form as to provide the stainless and cutting prop- 
erties. Again, the 12 pct Cr die steels with a carbon 
content of 1.5 pct or more achieved their properties 
by virtue of the form and distribution of the chro- 
mium carbides. In the straight chromium steels 
with from 12 to 25 pct Cr, chromium carbide amount 
and distribution are once more the determinants 
with respect to physical properties and corrosion 
resistance. In each of the cases just cited the role 
of the carbide is in essence similar to that of iron 
carbide in carbon steel and this story is so well 
known that we need not dwell on it. 

In the austenitic stainless steels, the chromium 
carbide plays only a minor positive role with respect 
to mechanical properties, and for corrosion resistance 
the objective is to achieve maximum homogeneity. 


A. B. KINZEL, Member AIME, is President, Union Carbide and 
Carbon Research Laboratories, Inc., and Vice President, Electro 
Metallurgical Co., New York. 

TP 3307C. Manuscript, Feb. 21, 1952. New York Meeting, 
February 1952. 
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Thus the tendency has been to ever lower the carbon 
and correlatively the chromium carbide content of 
the austenitic steels. Today stainless steels with 
carbon less than 0.03 pct are beginning to find their 
true place, and this is being aided in major degree 
by our Company’s introduction of a new type of 
ferrochromium having negligible carbon. 

The role of carbon in these austenitic steels has 
long been recognized, and a truly enormous amount 
of research has been devoted to the subject. Much 
has been learned about corrosion resistance, but the 
attack on the problem from the point of view of car- 
bide precipitation and the nature thereof has left 
much to be understood. Because of its fundamental 
importance to the future of stainless steels, further 
study of the mechanism of carbide formation in aus- 
tenitic steels is of interest. 

In the 18-8 Cr-Ni steels, which are typical of the 
austenitic class of steel, carbon is soluble in the aus- 
tenite to the extent of approximately 0.15 pct at 
1832°F (1000°C). The solubility becomes less with 
decreasing temperature, so that at 1652°F (900°C) 
the solubility limit is approximately 0.06 pct, at 
1472°F (800°C) it is about 0.03 pct, and at 932°F 
(500°C) it is approximately 0.01 pct. Obviously this 
is the ideal situation for the classical precipitation 
phenomenon. It is true that, in a sense, 18-8 austenite 
resulting from annealing is in a metastable state, 
and the phenomenon of ferritic precipitation from 
this austenite should be considered. However, in a 
so-called fully austenitic 18-8 steel this is secondary 
with respect to the carbides and can be neglected. 
A wide variety of chromium carbides is known. 
Only one chromium carbide, Cr.,C,, frequently re- 
ferred to as Cr,C, has been found in unmodified low 
carbon 18-8 steel. This, fortunately, simplifies the 
study of the precipitation phenomena. 

For this study an A.I.S.I. type 304 stainless steel 
of commercial quality was selected. Analysis showed 
C 0.07 pct, Mn 0.49 pct, Si 0.33 pct, Ni 9.34 pct, Cr 
18.91 pct, and N 0.033 pct. As expected with this 
composition the steel was homogeneous after an- 
nealing except for a few pools of ferrite, which were 
disregarded in that their location was not coincident 
with subsequent carbide precipitation areas. On 
corrosion testing the steel was normal and typical 
of good commercial quality. 

Specimens 12x1x4 in. were annealed and subjected 
to precipitation heat treatment for 100 hr at 100° 
temperature intervals from 1000° to 1500°F and for 
ten selected intervals ranging from 5 min to 64 hr 
at 1300°F. These blocks were then cut into small 
pieces for metallographic studies. The first problem 
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Fig. 2—Typical chromium carbide types after heating between 1000° and 1600°F. X2Z0,000. 


was to study the form of the carbides proper, par- 
ticularly in relation to their mode and locale of pre- 
cipitation. To do this extractions were made and 
studied with the X-ray and the electron microscope, 
and samples of the metal proper and replicas of their 
surfaces were prepared and studied with the optical 
and the electron microscopes. As the resulting 
observations might be influenced by the method of 
sample preparation this is herewith set forth. 

The carbides were extracted from the steels by 
three methods for electron microscopy and X-ray 
diffraction studies. The method which appeared to 
isolate the carbides in the least contaminated state 
was that developed by Mahla and Nielson. This 
employs a 10 pct solution of bromine in anhydrous 
methanol. The sample, as a solid piece, was allowed 
to stand fully immersed in the solution for a period 
of at least 24 hr. The spent solution then was care- 
fully drained off and replaced by successive portions 
of fresh methanol until the wash liquid with the 
suspended particles remained water-white. The 
sample was agitated gently to free it of the residual 
particles and the residue was suspended in methanol 
and stored. 
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For electron microscopy the methanol was tem- 
porarily drained from the sediment of carbides and 
a portion of the sediment dispersed in distilled 
water. A drop of this suspension was placed on a 
polyvinyl formal coated specimen screen, allowed 
to settle, and the excess water drawn off with ab- 
sorbent paper. When completely dry, the specimen 
was transferred to the electron microscope. 

For X-ray diffraction, a portion of the sediment 
was allowed to dry and was transferred to a wedge- 
shaped holder in a circular camera. The Debye- 
Scherrer patterns were taken with unfiltered chro- 
mium K radiation. 

The second extraction method involved electro- 
lysis and was used chiefly to verify the results ob- 
tained with bromine-methanol. In this method the 
sample, with a surface area of about 3 sq cm, was 
made the anode in a beaker of 10 pet hydrochloric 
acid and current supplied at 6 v and 3 amp witha 
platinum rod cathode. In order to prevent attack 
on the extracted residue, a layer of glycerine about 
Y% in. thick was first placed in the bottom of the 
beaker and the electrolyte poured in so that it floated 
on top of the glycerine. The isolated particles de- 
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tached themselves from the anode and dropped into 
the layer of glycerine, where they were protected 
from further chemical attack. When sufficient resi- 
due had collected, the electrolyte was siphoned off, 
and the glycerine layer containing the residual 
particles was treated several times with distilled 
water to remove the glycerine and finally was 
washed several times with ethyl alcohol. Then the 
particles either were allowed to dry or were stored 
in the alcohol. 

The third extraction method was also electrolytic 
and was used to check the presence or absence of o 
phase in the specimen. The sample was made the 
anode, and platinum the cathode in a solution com- 
posed of 300 g of copper potassium chloride (2KClI- 
CuCl,:2H.O), 100 ml hydrochloric acid (37 pet), and 
900 ml of distilled water. A current density of 
about 2 amp per sq in. was used. The residue re- 
maining after dissolving the sample was separated 
into two fractions in the following manner: 

The electrolyte containing the residue was diluted 
to about twice its volume with ethyl alcohol. When 
this was done, many of the small particles which 
previously could be seen floating throughout the 
solution were made to concentrate at the alcohol- 
electrode interface and to rise to the top of the solu- 
tion as the two liquids mixed. As it has been pre- 
viously found that any o phase in stainless steel 
extractions is concentrated in the floating scum, the 
scum was removed from the surface of the liquid 


e—32 hr. 
Fig. 3—Typical chromium carbide types after heating at 1300°F. X10,000. 


with a glass slide and allowed to dry thoroughly on 
the slide with subsequent washing in distilled water 
to dissolve the chemical salts. The material remain- 
ing on the slide after a final drying was transferred 
to the specimen holder and placed in the X-ray 
camera. Incidentally, no o phase was found in any 
of the specimens. 

The samples were prepared for metallographic 
examination and electron microscopy by specially 
developed techniques. The surface to be studied was 
ground in the usual manner on abrasive papers and 
polished on hard cotton cloth carrying calcine-pre- 
pared y-type alumina. Since the surface left on a 
metal specimen even after a most careful mechanical 
polish is not in a completely undistorted state, the 
polishing was finished electrolytically. Here the 
specimen was made the anode in a solution consist- 
ing of 10 parts of perchloric acid (70 pct) and 90 
parts of glacial acetic acid. The cathode was a large 
sheet of stainless steel. A potential of 110 v de ata 
current density of 3 to 6 amp per sq cm was applied 
for four 15-sec intervals. 

The samples were etched by immersion in a 25 pct 
solution of hydrochloric acid in ethyl alcohol for 10 
to 30 min, depending upon the heat treatment they 
received (i.e., their relative corrodibility). The 
optical micrographs were taken, and subsequently 
replicas were taken, from the same surfaces for elec- 
tron microscopy. 

The replica method employed was a modification 


Fig. 4—Surface contour of sample heated 100 hr at 1200°F. a—Ordinary illumination, X2000. b—Phase contrast, X2000. c—Electron 


microscope, X10,000. HCI etch. 
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of existing techniques. The surface to be examined 
was first cleaned by flooding with a 2 pct solution of 
polyvinyl formal in ethylene dichloride, finally leav- 
ing on the surface a thick, strong film which was 
easily removed by dry stripping with transparent 
adhesive tape. This film was discarded and the sur- 
face of the specimen was flooded with a more dilute 
solution of polyvinyl formal (0.5 to 0.75 pct) and the 
sample drained at an angle of about 90° to the 
vertical. When thoroughly dry, a 35 pct aqueous 
solution of polyvinyl alcohol was applied in suitable 
thickness to the coated surface as a reinforcing back- 
ing. After a period of from 2 to 16 hr, depending 
upon the thickness, the aqueous polyvinyl alcohol 
reached a consistency whereby it, together with the 
underlying fragile film, could be readily stripped 
from the metal surface. When the backing was quite 
thin, transparent adhesive tape was used as the 
means of stripping. The reinforced replica was then 
placed in distilled water to dissolve the backing 
strip, thus freeing the replica and separating it from 
the tape when the latter was employed. The replica 
was removed, subjected to a series of washings in 
fresh distilled water, cut to suitable size, and placed 
on the specimen screens. 

The results of the extractions were illuminating. 
X-ray diffractions showed only the Cr.,C, type 
structure. In Figs. 1, 2, and 3 the carbide extractions 
are shown at 10,000 and 20,000 diameters. These 
were enlarged from electron micrographs obtained 
at 6000 diameters. One of the first observations to 
be made, and one which should be borne in mind in 
all of the following, is that in practically all cases 
the carbides were essentially flat, i.e., two-dimen- 
sional in character rather than three-dimensional. 
The exceptions are rods and the small cubes noted 
in Fig. 2d. This two-dimensional characteristic is 
consistent with other observations to the effect that 
chromium carbide precipitation takes place largely 
at grain and lattice interfaces. The leafy type shown 
in Fig. 1 (Ja, Ib, and Ic) and Fig. 2a is one of the 
earliest forms to appear with respect to time and 
temperature of precipitation, and the rectangular 
grid type shown in Fig. 1 (Ila, IIb, and IIc) and Fig. 
2b is another early type with respect to time and 
temperature. The triangular type is shown in Fig. 1 
(IIIa, IIIb, and IIIc) and Fig. 2c. The cubes shown 
in Fig. 1 (IVa, IVb, and IVc) and Fig. 2d occurred in 


Carbide 


WY, 
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Fig. 5—Typical surface contours. a to d—Hydrochloric etch. 
e to h—Hydrochloric etch plus nitric treatment. 


minor amounts at all precipitation temperatures. At 
temperatures at and above 1300°F, the plates, rib- 
bons, and rods shown in Fig. 1 (Va, Vb, and Vc) and 
Fig. 2e appeared and were present to a still greater 
degree as the temperatures were increased. With 
time and temperature each of these types tends to 
grow, as shown. 

With respect to time at 1300°F, only the leafy form 
appeared in the 5-min specimen; the other forms 
made their appearance as the time was increased up 
to 32 hr. These are shown in Fig. 3 where it will be 
noted that early forms of the leaf, grid, triangular, 
and ribbon and rod types are all present. Heating 
for more than 32 hr resulted in coarsening but no 
other changes in character. 

Before attempting to put the pieces together as it 
were, let us consider the locale of precipitation as 
evidenced by the micrographs. The hydrochloric 
acid etch attacks different grains at different rates, 
thus providing contours at different levels. This is 
shown clearly in Fig. 4, which compares the appear- 
ance of a specimen under the optical microscope 
with and without phase contrast and under the 
electron microscope. Local zones of greater attack 
are also evident at grain and twin interfaces. The 
carbides are attacked less rapidly than the metal 
matrix and stand in relief. As shown in Fig. 6, a 
similar local attack occurred at interfaces in the 
annealed specimen, as might be expected from the 
lattice distortion existent at such boundaries even 
though no carbide was present. If we were to cut 
a plane normal to the interface, the contour inter- 
cepted on that plane would be as shown in Fig. 5a. 
Micrographs are shown after the precipitation treat- 
ment at 1000° to 1500°F at 100° intervals in Figs. 
7 to 12, as well as for the samples subjected to pre- 
cipitation at 1300°F for 5 min, 2, 8, and 32 hr in 
Figs. 13 to 16. Typical grain boundary contours of 
these specimens are sketched in Figs. 5b, c, and d. 


Fig. 6—Annealed sample. a—Optical, X2000. b—Electron, X10,000. HCI etch. 
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a, b—Optical, X2000. c, d—Electron, X10,000. HCI etch. 


Fig. 8—Sample heated 100 hr at 1100°F. a—Optical, X2000. b—Electron, X10,000. HCI etch. 
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Fig. 9—Sample heated 100 hr at 1200°F. a—Optical, X2000. b to d—Electron, X10,000. HCI etch. 


A brief description of significant features would 
seem to be in order. In the annealed state there is 
a total absence of carbides. After 1000°F precipita- 
tion treatment, the carbides are present at grain 
boundaries with a very few possibly present at the 
ends of twins but not at the twin sides. After 
1100°F, the situation is not materially different, but 
the carbides are more clearly developed and there 
is some evidence of carbide precipitation at twin 
sides. After 1200°F, the attack on all interfaces is 
severe with good definition of the carbides and an 
obvious increase in particle size. Further, carbides 
are evident on twin sides and etch lines are apparent 
within the grains. These may or may not be related 
to carbide precipitation. After 1300°F, carbides are 
much coarser, there are more of them and addi- 
tional carbides have grown on planes at right angles 
to the original carbides and into the grain. After 
1400°F, carbides are quite coarse and large growths 
occur particularly at the twin ends. Carbides have 
also precipitated within the grains. The structure 
shown in Fig. 11 is of particular interest. After 
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1500°F, the carbides are still more massive and the 
precipitation is fairly general within the grains, but 
the essential character is not different. 

Even a glance at the photographs shows a rela- 
tion between the extracted carbides and the carbides 
remaining in the electron micrographs. Careful 
study and comparison of the extracted carbides with 
their shape, location, and occurrence in the struc- 
tures illustrated by the optical and electron micro- 
graphs show a very definite correlation. While the 
following observations may not be taken to estab- 
lish a universal truth, they are sufficiently striking 
as to form an inference with a major probability of 
universality. The leaves form at 1000°F at grain 
boundaries and with increasing precipitation tem- 
perature they grow and finally change to a more 
massive dendroidal form. The grids, fine and of a 
two-dimensional form at 1000°F, are well developed 
with particles of substantial thickness at 1300°F 
and continue to grow and provide increasingly well- 
defined crystals at higher temperatures. Most sig- 
nificantly, however, the qualitative relationship be- 
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Fig. 10—Sample heated 100 hr at 1300°F. a to c—Optical, X2000. d to f—Electron, X10,000. HCI etch. 
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12—Sample heated 100 hr at 1500°F. a—Optical, X2000. b—Electron, X10,000. HCI etch. 
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Fig. 14—Sample heated 2 hr at 1300°F. a, b—Optical, X2000. c—Electron, X10,000. HCI etch. 
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Fig. 15—Sample heated 8 hr at 1300°F. a, b—Optical, X2000. ¢ to e—Electron, X10,000. HCI etch. 
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X2000. b—Electron, X10,000. HCI etch. 


Fig. 17—Cold-rolled sample heated 1 hr at 1200°F. a—Optical, X2000. b—Chromium carbide, X20,000. c—Electron, X10,000. HCI etch. 
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Fig. 18—Annealed sample. HCI etch plus HNO, treatment. Electron, X10,000. 


tween the extracted carbide grids and the micro- 
graphs shows that the grids occur at twin ends. The 
triangular types, virtually absent after 1000°F 
treatment, are present in abundance at 1200°F and 
in even greater number and size at higher tempera- 
tures as ordered ranks of continuously connected 
particles. Again correlation of the extractions and 
micrographs gives strong evidence that the triangu- 
lar types occur initially at the sides of twins. The 
plates, ribbons, and rods occur at precipitation tem- 
peratures above 1300°F, and again study of the evi- 
dence shows that they, together with latterly de- 
veloped triangles, correspond to carbide formations 
on lattice planes. These carbides grow from initi- 
ally precipitated carbides and also grow generally 
within the matrix. The cubes occur at all precipita- 
tion temperatures, but the number is so small and 
the occurrence so rare that they would seem to have 
no significance. 

All of the foregoing correlation applies to ob- 
servations on samples subjected to precipitation 
treatment for 100 hr. Similarly, after a precipita- 
tion treatment of 5 min at 1300°F, only leaves are 
present at grain boundaries and only at a few. 
After a 2 hr precipitation treatment, the leaves are 
more numerous and in addition grids are present at 
twin ends. After an 8 hr precipitation treatment, 
the leaves and grids are coarser and in addition 
triangles are present at twin sides. After a 32 hr 
precipitation treatment, all of the above forms are 
present with carbides somewhat coarser throughout, 
but in addition the triangular particles are much 
more clearly defined. 

What, then, is the meaning of these observations? 
Perhaps it may be summed up broadly by the con- 
cept of registry offered by Mehl and Jetter. In the 
chromium carbide precipitation the atom lattice of 
the precipitate matches with some degree of registry 
the atom lattice of the matrix surface. This, of 
course, would produce a distortion at the interface 
and would also produce crystallographic forms re- 
lated to the nature of the interface. It is somewhat 
difficult to trace the specific geometry of a lattice 
on a twin boundary which results in a flat triangle, 
but it is not very difficult to imagine. Similarly, it 
is not surprising to find hexagonal ribbons and 
plates or flat triangles on planes within a grain and 
the less well-defined geometrical shapes such as 
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leaves at the grain boundaries. Moreover, the de- 
gree of regularity expected at the end of twins can 
explain the grids. 

Let us approach in a somewhat different way. In 
a simple cubic crystal of high symmetry such as 
Cr.,C,, there are crystallographic planes of unusu- 
ally dense atomic packing. These planes have very 
low surface energy when exposed at a crystal face. 
A growing crystal tends to approach a condition of 
minimum surface energy by reducing surface area 
or by terminating as a crystal with only low energy 
planes as faces. The lowest energy forms in the 
case of chromium carbide are probably the cubic 
(100) planes and the octahedral (111) planes. 
Either of these forms might predominate, depending 
upon the planes of the austenitic matrix along 
which the carbide is growing. In the case of the 
triangular flat plates, it is very likely that (111) 
planes in the austenitic matrix (which have a tri- 
agonal or hexagonal symmetry) have exerted a 
controlling influence on the external shape of the 
precipitate. 

From the foregoing, always remembering that 
these carbides are essentially two-dimensional in 
character, we conclude that the perfection of geo- 
metric form of the carbide is a direct function of 
the degree of registry of the lattice planes on either 
side of the interface in which the carbide is pre- 
cipitated. 

If the foregoing is tenable, we should expect that 
the nature of precipitation will be radically altered 
by cold-working. To check this, an annealed speci- 
men ¥% in. thick was reduced 25 pct in thickness by 
cold-working, thus providing thin and irregular 
cells between slip planes differing only slightly in 
orientation. Examination after cold-working showed 
etching on strain lines and absence of carbide. The 
sample was then subjected to precipitation treat- 
ment of 1 hr at 1200°F. Examination of the micro- 
structure showed (Fig. 17) carbide precipitation at 
grain boundaries with similar and relatively vol- 
uminous precipitation throughout the grains along 
the slip planes. These carbides were in the form of 
elongated leaves, irregular rather than geometric 
in shape, all of which is consistent with the concept 
of registry. 

The relation of the precipitated carbide to local- 
ized interface attack from nitric acid or copper sul- 
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Fig. 20—Sample heated 100 hr at 1100°F. Electron, X10,000. HCI etch plus HNO, 
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Fig. 22—Sample heated 100 hr at 1300°F. Electron, X10,000. HCI etch plus HNO, treatment. 
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Fig. 23—Sample heated 100 hr at 1400°F. Electron, X10,000. HCI etch plus HNO, treatment. 


phate-sulphuric acid solution is of particular in- 
terest. Accordingly the specimens so etched corro- 
sion-wise were examined in the microscope and 
replicas examined in the electron microscope. Elec- 
tron micrographs of specimens first etched in hydro- 
chloric acid to bring carbides into relief and sub- 
sequently etched in nitric acid or copper sulphate 
solution are shown in Figs. 18 to 28 for the annealed 
sample, as well as the 100° interval precipitation 
treatments and the short time treatments at 1300°F. 

As was to be expected from the vast amount of 
work previously done in this field there was no 
localized attack in the annealed specimen, although 
the grain edges were slightly more attacked than 
the matrix proper. After a 1000°F precipitation 
treatment, there was localized interface attack both 
at grain boundaries and at twin ends. The contours 
corresponding to these are shown in Figs. 5e, f, g, 
and h. The knife-edge attack in Figs. 19a and b 
is striking. Fig. 19b deserves special mention in that 
here it would seem the replica had penetrated the 
knife-edge opening and after removal from the 
specimen had been folded over. This micrograph 
is further noteworthy in that it shows knife-edge 
attack at one edge of the carbide and then at the 
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other edge of the carbide at the same grain bound- 
ary. The entire series of micrographs shows that 
the knife-edge attack never occurs on both sides of 
the carbide at any point. After an 1100°F pre- 
cipitation treatment, knife-edge attack occurs at 
twin sides as well as at grain boundaries and twin 
ends. After 1200°F, the highly localized attack is 
quite severe. In'many instances, such as in Fig. 21b, 
the grains were lifted out and the interface carbides 
remained attached to the remaining surface. It is 
particularly significant that in no case, and this may 
be well seen in Fig. 21b, was there any evidence of 
gross attack on the metal immediately adjacent to 
the carbide particles. After 1300°F, the specimens 
were not essentially different than after 1200°F, 
although the localized attack occurred at nearly all 
interfaces. The attack after a 1400°F precipitation 
is particularly interesting in that it is in general less 
severe and much longer corrosion time is necessary 
for knife-edge attack at the grain boundaries. 
Moreover a general gouging rather than knife-edge 
attack takes place on twin ends and sides, as well 
as those grain boundaries which may or may not 
show knife-edge attack. This may best be visualized 
by contour sketches Figs. 5f and g. After a 1500°F 
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Fig. 24—Sample heated 100 hr at 1500°F. Electron, X10,000. HCI etch plus HNO, treatment. 


treatment there was no local boundary attack of 
knife-edge character in the boiling nitric acid. The 
general attack in the area was around the carbide 
and similar to that on the sample treated at 1400°F. 
It should be noted that the black line in Fig. 24, 
which might be construed to show knife-edge at- 
tack when viewed directly in the microscope proper, 
is clearly no more than an edge effect from gouging. 
At no time during the corrosive attack was there 
interface separation typical of the knife-edge corro- 
sion found in the specimen treated at 1300°F. Thus 
it is evident that the nature of the chemical attack 
is qualitatively quite different than that which oc- 
curs after precipitation treatment at 1300°F, where 
true interface separation occurs as evidenced by the 
knife-edge contour. 

How does all of this correlate with the aforemen- 
tioned observations and hypothesis? Obviously 
there is a potential difference between the carbide 
and the matrix, and the knife-edge attack would 
appear to be electrolytic in character, Accordingly 
attempts were made to measure the potential of 
synthetically produced massive chromium carbide 
(Cr..C,). This proved to be more than difficult in 
that this chromium carbide behaved similarly to 
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stainless steel with changing potential as passivity 
was or was not a controllable factor. However, 
enough measurements were made so that it could 
be concluded that the chromium carbide was more 
noble than the stainless steel. Separate experiments 
have shown that the potential of the extracted car- 
bides was well represented by that of the synthetic 
carbide. Further, a specimen of carbide attached to 
a piece of annealed 18-8 with the whole immersed 
in nitric acid showed attack of the 18-8, the general 
attack being accentuated at the grain boundaries. 
A similar experiment, wrapping a piece of platinum 
wire around the 18-8, gave the same results. From 
all of this we may conclude that precipitated chro- 
mium carbides in an austenitic stainless steel matrix 
do set up a potential at interfaces and that this po- 
tential is of such order as to be a major factor in 
the nature of the corrosion. 

What causes grain boundary attack to be a local 
knife-edge penetration in one case and a more gen- 
eral gouging in the other? Both forms of attack 
result from electrochemical reaction between car- 
bide and matrix in oxidizing acid media. The knife- 
edge attack requires a corroding reagent that is 
strongly oxidizing in character, which suggests that 
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one member of the couple must be ennobled by 
passivation in order to make it strongly cathodic. 
While the more general type of attack may proceed 
under less oxidizing conditions, such changes alone 


in the environment do not explain the qualitatively _ 


different forms of attack resulting from carbide 
precipitation. It would, therefore, appear that the 
character of the interface subject to local knife-edge 
attack is qualitatively different from that not sub- 
ject to such attack. 

In dealing with an interface in which a carbide 
has formed, we must consider that the initial forma- 
tion takes place in one or the other of the lattices 
forming that interface. If the degree of registry of 
the two matrix lattices is small then the carbide 
will continue to grow, following the planes and po- 
sitions of the lattice to which it is registered and, in 
its fully grown form, the atomic structure of the 
carbide proper will be essentially out of registry 
with the other lattice of the original interface. 

Thus it is evident that after precipitation of car- 
bide in an interface of low registry, one of the car- 
bide-matrix boundary zones will have a relatively 
high energy level. This is consistent with the ob- 
servation that knife-edge attack occurs only on one 
side of the essentially two-dimensional carbide pre- 
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cipitate. Further, the degree of severity of knife- 
edge attack is greatest at grain boundaries and pro- 
gressively less severe at twin ends and twin sides, 
until finally no attack is observed on carbides pre- 
cipitated on lattice planes within the matrix proper. 
From this it is concluded that the energy level of 
the carbide-matrix boundary zone is proportional 
to the lack of registry of the carbide-matrix inter- 
face and, in turn, to the lack of registry of the 
original matrix interfaces. Secondary growth of 
carbide at higher temperatures into the matrix 
from the surfaces of the original carbide on lattice 
planes effectively eliminates interfaces of gross lack 
of registry between carbide and matrix. Thus, it is 
concluded that the local knife-edge attack results 
from and is proportional to lack of registry of the 
initial matrix interface. 

Hypotheses to account for the effect of matrix 
registry on knife-edge attack are interesting, but 
speculative. These hypotheses may be reasoned 
from the viewpoint of chemical inhomogeneity, 
mechanical strain, their combined effects, or more 
abstruse mechanisms. Chromium depletion has long 
been discussed as a cause of a localized interface 
attack, but convincing evidence has not been de- 
veloped either to refute it or to substantiate it. With 
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Fig. 25—Sample heated 5 min at 1300°F. Electron, X10,000. HCI etch plus HNO, treatment. 
° 
Fig. 26—Sample heated 2 hr at 1300°F. Electron, X10,000. HCI etch plus HNO, treatment. 
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: Fig. 28—Sample heated 32 hr at 1300°F. Electron, X10,000. HCI etch plus HNO, treatment. ‘ 


respect to registry it might be presumed that diffu- 
sion proceeds more rapidly along certain lattice 
planes, so that the concentration gradient normal to 
an interface would be more pronounced on one side 
and that the carbide would tend to grow faster on 
one side. Opposed to this is the fact that precipita- 
tion in an interface of a high degree registry does 
not result in knife-edge attack, even though a sig- 
nificant concentration gradient may exist. In a 
similar manner an equally good, but still unsub- 
stantiated, case may be made for mechanical strain. 

There is a very high order of mechanical cohesion 
between the precipitate and each adjoining lattice. 
This is readily understood with respect to the lat- 
tice to which the carbide is registered, but there is 
an implication that within the second lattice the 
atoms near the interface either have an extremely 
low order of mechanical cohesion, which is not the 
case, or that they are arranged in a pattern strongly 
influenced by that of the carbide, which therefore 
must be the case. This means that there is a high 
degree of strain at that interface. In other words 
lack of registry results in strain. The order of the 
degree of strain is therefore related to the lack of 
registry existing before a carbide was formed. At 
twin sides this is so small as to produce only a slight 


TRANSACTIONS. AIME 


strain effect. At twin ends it is greater and at grain 
boundaries it would generally be maximum. This is 
entirely consistent with observations on knife-edge 
attack, as maximum corroding conditions are neces- 
sary to produce this attack at twin sides, severe 
conditions are necessary to produce it at twin ends, 
and relatively lesser corroding conditions are neces- 
sary to produce it at grain interfaces. Thus the 
knife-edge attack is apparently a function of at 
least two major factors, one of which is the corrod- 
ing condition and the other the degree of strain as 
related to the lack of registry. The absence of either 
of these factors would appear to preclude the pos- 
sibility of knife-edge attack. 

Further along these lines, as we have observed 
that the attack occurs to minimum degree where 
maximum registry exists, we must conclude that 
knife-edge attack at the edge of a carbide takes 
place on that face where maximum lack of registry 
occurs. Moreover, it is well known that the amount 
of strain which can exist in a lattice is limited by 
temperature or, more precisely, time at tempera- 
ture. This limit is of no consequence at tempera- 
tures where atomic mobility is negligible and again 
the strain can be of no consequence at temperatures 
so great that the stress-relieving effect of the tem- 
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perature is almost instantaneous. However, at in- 
termediate temperatures the time at temperature 
plays an important role and the degree of strain 
which can exist is a function of such time at tem- 
perature. In the case of stainless steel these inter- 
mediate temperatures encompass the range in which 
initial carbide precipitation and carbide growth 
take place, thus encompassing the range in which 
carbide precipitation is a factor giving rise to knife- 
edge attack. As a carbide forms and grows in regis- 
try such strain as may have existed at the interface, 
due to the adjacent grain, is relieved to some degree. 
As the carbide grows with lack of registry to the 
adjacent grain, strain remains or is produced at the 
metal-carbide interface. When the precipitation 
temperature is sufficiently high, the stress-relieving 
effect is sufficiently rapid so that the strain in ques- 
tion is reduced during the time of precipitation. 
The net effect is a matter of rate. Thus the absence 
of knife-edge attack after precipitation tempera- 
tures greater than 1400°F may be accounted for in 
that the total remaining strain, even in the presence 
of lack of registry, is too small to provide the sec- 
ond factor essential to knife-edge attack. A similar 
argument may be applied using any other way of 
modifying energy levels. This concept may also 
help toward the understanding of another phenom- 


enon. It is well known that some compositions of - 


austenitic stainless steels show carbide precipita- 
tion and knife-edge attack after precipitation tem- 
peratures moderately different from those here 
cited, and there is reason to believe that here even 
the carbide forms may be precipitated at moder- 
ately different temperatures. This could well be 
related to the differences in change of energy levels 
occurring at such temperatures in stainless steels 
of somewhat different compositions. 

To the scholar and the researcher the foregoing 
observations and hypotheses speak for themselves, 
but the engineer may well ask that frequently em- 
barrassing question so tersely put in the current 
colloquial expression—‘“So what?” The 18 pct Cr- 
8 pct Ni stainless steels have filled an important 
need in many industries. The problem of carbide 
precipitation in these steels may be completely 
avoided. The columbium and titanium types are 
capable of eliminating this problem entirely, and 
the more recent extra low-carbon stainless steel 
with carbon less than 0.03 pct eliminates the prob- 
lem for most applications. The utility of the fore- 
going therefore is not primarily directed toward 
solution of problems in the present chrome-nickel 
austenitic stainless steels but rather in the field 
which is just beginning to be developed—that of the 
new and more complex stainless steel compositions. 
This field encompasses the design of stainless alloys 
on the basis of a unified concept of their properties 
and behavior. To successfully attack such a design 
problem, broad understanding and a working con- 
cept are necessary. For example, the devising of 
new low-alloy engineering steels has been most 
successful and this is primarily due to the under- 
standing and concept of hardenability so well de- 
veloped in the past decade. In the design of new 
stainless steels the need for optimum corrosion re- 
sistance consistent with any given set of physical 
properties demands such a fundamental concept, 
particularly as the economic factor must also be 
satisfied. As the amount of stainless steel produced 
approaches the million ton per year mark, there 
arises the possibility of special stainless steels in 
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large tonnage for more economical overall use, and 
it becomes imperative to design new grades for 
large specific fields of application. Typical are the 
steels with manganese and nitrogen playing an im- 
portant role in the formation of the austenite. In 
these and other steels, a certain minimum amount 
of carbon will be present for technological or eco- 
nomic reasons. When that minimum amount is too 
great to avoid chromium carbide precipitation under 
some conditions this will, in some measure, limit 
the field of application of such steels. The observa- 
tion and hypotheses given here should enable better 
planning for experimentation and new approaches 
to alloys for specific service requirements, and 
should lay the foundation for the advantageous 
manipulation of carbides in those steels which we 
may expect to fill large industrial areas in the not 
too distant future. 


Summary and Conclusions 

Although the observations in this study are such 
as to require judgment and therefore in general do 
not constitute positive proof of any of the following 
conclusions, they are sufficiently clear and _ suffi- 
ciently quantitative in nature so that conclusions 
in the following may be accepted as inferences with 
a very high degree of probability as to validity. 

In the usual 18-8 type austenitic stainless steel 
with the carbon content somewhat greater than the 
limit of solid solubility, precipitation of chromium 
carbide Cra C, and only that carbide occurs at tem- 
peratures and time consistent with atomic mobility. 
The carbide precipitate is essentially two-dimen- 
sional in character and its shape is determined by 
the degree of registry of atomic planes intercepting 
the interface. At grain boundaries, carbides are 
precipitated in the form of dendroidal plate-like 
leaves. At twin ends, they take the form of flat 
grids. At twin boundaries, they are flat triangles. 
At twin planes or other locations within the grain, 
they are primarily triangular and hexagonal plates. 
In annealed cold-rolled specimens subjected to pre- 
cipitation treatment, the carbides are in the form 
of elongated leaves. All of this shows that the form 
of the carbide precipitate is a function of the nature 
and degree of registry of the lattice on either side 
of the interface in which the carbide forms. 

Knife-edge attack by nitric acid or acidified cop- 
per sulphate solution never occurs at both sides of 
a precipitated carbide. It occurs only on the side 
of least registry, reflecting high interfacial energy. 
This could result from strain but could also be pro- 
duced by other phenomena. Where time and tem- 
perature of precipitation are sufficient to allow 
stress-relieving or otherwise reduce lattice energy 
level on the less registered side of a carbide, there 
is no knife-edge attack adjacent to a carbide. Pre- 
cipitation treatment for 100 hr at 1500°F is typical 
of such a time-temperature condition. 

Elimination of knife-edge attack after all condi- 
tions of precipitation of the carbide is theoretically 
possible by providing suitable grain orientation. As 
yet we do not know how to accomplish this prac- 
tically. However, it is hoped that the observations 
and hypotheses here given will enable better plan- 
ning in experimentation to design new stainless 
steel compositions affording greater economy in 
large industrial fields of application. 

Finally, we again hope that this presentation and 
dissertation is the type which Howe, himself, would 
have enjoyed. 
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Isothermal Mode of the Martensitic Transformation 


by E. S. Machlin and Morris Cohen 


The isothermal formation of martensite in a 71 pct Fe, 29 pct Ni alloy is 
found to take place mainly by the nucleation of new plates rather than by the 
growth of existing ones, and is dependent on the temperature and time of the 
isothermal hold, the amount of athermal martensite present, the state of internal 
strain, and the application of tensile stress. The conclusion is reached that the 
isothermal nucleation is activated by thermal fluctuations superimposed on 


localized regions of very high strain. 


The reaction-path concept, involving martensite nucleation at strain embryos 
by athermal activation on cooling, or by thermal fluctuations on holding, re- 
conciles the athermal and isothermal modes of transformation, and offers a 

unified picture of the kinetics of martensite formation. 


HE phenomenon of isothermal martensite forma- 

tion has been the subject of considerable study 
lately,“ and its reality has been thoroughly estab- 
lished. The existence of such isothermal transforma- 
tion has been claimed to confirm the nucleation and 
growth hypothesis as applied to the martensitic 
reaction.” * However, the isothermal formation of 
a martensitic phase is also compatible with the 
reaction-path’ description of the transformation. The 
purpose of this investigation is to examine the iso- 
thermal mode of the martensitic reaction, both theo- 
retically and experimentally, in order to test the 
likelihood of the above two mechanisms. 


Material and Methods 


The alloy used in this study contained about 71 
pct Fe and 29 pet Ni. The complete analysis was 
Mn, 0.09 pet Si, 0.008 pct P, and 0.006 pct S. 

The amount of isothermal transformation was de- 
termined by electrical resistance measurements 
using a Kelvin double bridge. The specimens were 
in the form of rods 1/16 in. diam x 4 in. long. Aus- 
tenitizing was performed at 1095°C for % hr either 
in a pre-purified nitrogen atmosphere or in an 
evacuated Vycor tube, followed by oil quenching to 
room temperature. After this treatment, the samples 
were completely austenitic, and the transformation 
studies were conducted at subatmospheric tempera- 
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tures. Lineal analysis and X-ray determinations of 
retained austenite were used to calibrate the electri- 
cal resistance changes in terms of the percentage of 
martensite. 

The martensite range curve for this alloy is given 
in Fig. 9 of ref. 6. The M, temperature occurs at 
about — 18°C (255°K). 


Reaction-Path Theory 

The nucleation and growth description of the 
martensitic transformation that occurs isothermally 
has already been given by Kurdjumow.” * However, 
no comparable treatment exists using the reaction- 
path concept.’ Consequently this section presents 
the reaction-path description of the isothermal mode 
of the martensitic transformation. 

According to the latter theory, there is a reaction 
path (a strain) which describes the relative motion 
of the atoms during their transference from the 
austenitic to the martensitic state. The possibility 
exists, therefore, that the nucleation of a marten- 
sitic plate is accomplished by an embryo that com- 
prises a state intermediate between that of austenite 
and martensite. This state may be attained within 
a finite volume by means of a homogeneous strain 
of the austenitic matrix. There is a free-energy 
barrier (F.) along the reaction path, corresponding 
to a critical strain in a critical volume. When activa- 
tion is achieved, a spontaneous increase in strain and 
volume of the embryo takes place to generate the 
full-size martensitic plate. This mode of nucleation 
is to be distinguished from the more conventional 
mode involving embryos of the martensitic phase 
that merely grow in size by an interface motion. 

There are two ways whereby embryos in the aus- 
tenitic phase can achieve the critical state of strain 
for isothermal nucleation: 1—through the formation 
of internal strains by plastic deformation or by 
stress; and 2—through thermal fluctuations, prefer- 
ably superimposed upon existing internal strains. 
The activation free energy F, must be supplied either 
mechanically by internal strains or thermally by 
energy fluctuations, or by a combination of both. 
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Fig. 1—Form of temperature-dependence of 
the free energy of activation. 


When a localized region of internal strain (called a 
strain embryo) exists, the required free energy for 
activation is reduced by the amount of free energy F 
associated with the state of strain along the reaction 
path. (The strain must have the correct magnitudes 
along certain specified directions, or put more rigor- 
ously, the correct tensor nature.) Decreasing the 
temperature causes a reduction in F, (Fig. 1) and 
athermally activates strain embryos to form marten- 
sitic plates as soon as F', equals the F associated with 
the most energetic strain embryos. 

The probability per unit time of attaining the 
critical state by thermal fluctuations from any 


existing state can be approximated as in Appendix . 


I. The initial rate of activation of embryos having 
free energies* between F and F + dF at temperature 


* The free energy, F, associated with a strain embryo is defined 
to include the coupled regions that surround the embryo and any 
interfacial energy that may be involved. 


T per unit untransformed volume is given by: 


dF [1] 


kT 
where N, dF =number of strain embryos with asso- 
ciated free energies between F and 
F + dF at t = O per unit untrans- 
formed volume. N, is therefore a dis- 
tribution function which defines the 
number of embryos as a function of 
their energy at t = 0. 
f = mean frequency of attempts to jump 
over barrier, 
free energy of activation, ergs 
Boltzmann’s constant, 1.38x10™ ergs 
per °K 
T = absolute temperature, °K 


ll Il 


If N;, is assumed to be independent of F as a 
rough approximation,** it is found (Appendix II) 


** An equivalent assumption is that Nr varies much more slowly 
F 


with F than exp — varies with F. 
kT 


Table |. Effect of Temperature at Constant Athermal Martensite 
on Initial Rate of Isothermal Formation of Martensite 


Precooling Transformation Initial Rate of 
Temperature, Temperature, Transformation, 

Th Pct per Sec 

78° K 78° K 1.7 x 10-8 
135 203 3.5 x 10-8 
78° 213 2.6 x 10-3 
78° 223 1.4x 10-3 
78° 233 0.75 x 10-3 
78° 253 <0.1x 10-3 
203° K 203° K 10 x 10-3 
203° 231 5x 10-3 
203° 250 1.7 x 10-3 
203° 262 1.0 x 10-8 
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Fig. 2—illustration of athermal and isothermal martensite in 
71 pct Fe, 29 pct Ni alloy. 


Austenitic specimen was quenched to —25°C to produce 

athermal martensite, and then was polished and etched with 

Marble’s reagent at room temperature to reveal the marten- 

site. Following this, the specimen was held at —25°C for 15 

min during which isothermal martensite was formed. The 

specimen surface was then left untouched so that the isother- 
mal martensite appears as upheavals. X300. 


that the initial rate of nucleation (per unit un- 
transformed volume) of all embryos, not merely 
those having free energies between F and F + dF, is: 


dn — F,(T,) 


“at | t=0 kT, 


= Np f kt, exp 


where F,(T,.) =free energy of activation at some 
precooling temperature T, 
F.(T,) = free energy of activation at the iso- 
thermal reaction temperature T, 


and 


and the other quantities are defined as for eq 1. The 
purpose of the precooling treatment at T, is to fix 
the initial amount of athermal martensite prior to 
the isothermal transformation at T,. Thus, at the 
beginning of the isothermal transformation, the 
maximum free energy associated with the existing 
strain embryos is F,(T,), all embryos of higher 
energy having been activated to form athermal mar- 
tensite during the precool to T,. 

In order to convert the rate of activation of em- 
bryos to the rate of formation of martensite, the 
volume of martensite per embryo activated must be 
known. This quantity will decrease with increasing 
amounts of martensite because of the partitioning 
of the remaining austenite. However, important 
correlations can be derived from eqs 1 and 2 even 
without converting to transformation rates. 


Correlation of Theory with Experiment 

Nature of the Isothermal Transformation: Accord- 
ing to the ideas just outlined, the major amounts of 
isothermal transformation should be provided by 
the nucleation of new plates rather than by the 
growth of existing plates. This follows from the 
fact that the reaction propagates with great speed 
once nucleated, and hence the nucleation rate should 
contro] the isothermal transformation process. 

The isothermal transformation products are 
shown in Fig. 2 compared to the athermal trans- 
formation products. The specimen in question was 
quenched to —25°C to form athermal martensite, 


TRANSACTIONS AIME 


| 

| | ‘ : * 
| 

| 

| 

| 

| 


Mek 


Th 


TEMPERATURE 


4 


ONE 
MINUTE 


TIME 


Fig. 3—Temperature-time cycle for de- 
termining effect of temperature on iso- 
thermal transformation. 


then polished and etched at room temperature, and 
requenched to —25°C for 15 min. The specimen sur- 
face was then left untouched. Thus, the etched 
plates are the athermal products and the upheavals 
are the isothermal products. It was concluded from 
such observations that at least the major portion of 
the isothermal reaction occurs by the formation of 
new plates. 

Effect of Temperature on the Initial Isothermal 
Rate of Transformation: The effect of temperature 
on the isothermal rate of transformation at zero 
time can be determined by subjecting specimens to 
the sequence outlined in Fig. 3. Several austenitic 
specimens are quenched to the same subzero ref- 
erence temperature T, to normalize the amount of 
athermal martensite, then each specimen is up- 
quenched to one of the holding temperatures, T,, 
and the isothermal rate of transformation is meas- 
ured by electrical resistance changes. 

A prediction can be made regarding the effect of 
temperature on the initial rate of transformation in 
such experiments. The quench to T, within the mar- 
tensitic range should yield a distribution curve of 
N, vs. F as depicted in Fig. 4 which is the same for 
every specimen in this series. The volume of mar- 
tensite formed per nucleus at the beginning of iso- 
thermal reaction is also the same in each specimen. 
Thus, the effect of temperature on the initial rate of 
transformation is indicated by eq 2. According to 

kT, 

the initial transformation rate will first increase and 
then decrease with increasing temperature T,. This 
will occur as a consequence of the temperature-de- 
pendence of F, shown in Fig. 1. The temperature T,, 
corresponding to the maximum initial rate of trans- 
formation can be calculated (Appendix II) and the 
condition defining T,, is found to be: 


the exponent | iF it is possible that 


[3] 


Tm 


It is evident from eq 3 that T,, is dependent on the 
precooling temperature T,. The maximum elo 
all possible values of T, corresponds to T, = Ook: 

Table I lists the measured initial rates of iso- 
thermal transformation for two different precooling 
temperatures. These rates are determined by meas- 
uring the slopes of the transformation-time curves 
at zero time. For T, = 78°K (—195°C), the initial 
rates undergo a C-curve behavior with T,, occur- 
ring between 78°K (—195°C) and 203°K (—70°C). 
For T, = 203°K (—70°C), the initial rates decrease 
monotonically with increasing temperature. 

The temperature at which the maximum rate oc- 
curs can actually be calculated using eq 3. The pro- 
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Fig. 4—Embryo-energy distribution curve ex- 
isting at start of isothermal transformation 
runs at temperature |,,, after precooling to 
the lower temperature, T;. 
Fm(T,) is the maximum energy of the em- 
bryos remaining after the athermal trans- 
formation on cooling to T,. 
cedure first involves a determination of the form of 
the F, vs. T curve using the experimental data in 
Table I. The steps in the calculation are outlined in 
Appendix II and the result is presented in Fig. 5.*** 


*** An assumption about the dependence of Nr on F must be 
made to solve the equations and the simplest assumption that Np 
is independent of F was adopted here. 


The form of the F, vs. T curve derived from the data 
agrees with the expected curve shown in Fig. 1. 
The temperature of the maximum initial rate of 
isothermal transformation occurs where the slope is 
given by eq 3 and turns out to be about 150°K 
(—123°C) for T, = 78°K. It is interesting to note 
that the relative activation free energy [F.(T) — 
F,(78°K)] at 203°K (—70°C) is only 535 cal per 
mol whereas at 253°K (—20°C) near M,, it is 2700 
cal per mol. 

If the curve in Fig. 5 is extrapolated to absolute 
zero, it can be shown that the T,, corresponding to 
T. = 0°K is 160°K (—113°C). As previously indi- 
cated, this should be the highest T,, for all possible 
values of T,. Therefore, if T, is taken above 160°K, 
no T,, should exist. This accounts for the absence of 
a C-curve behavior for T, = 203°K in Table I. 

Time-Dependence of the Isothermal Martensitic 
Transformation: The course of the transformation as 
a function of time was measured at several different 
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Fig. 5—Temperature-dependence of relative free 
energy of activation (1, = 78°K). Graphical solu- 
tion for T,,, is illustrated. 
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Fig. 6—Isothermal transformation subsequent to direct quench to 
temperatures shown. 

It should be noted that the amount of athermal martensite prior to 
the isothermal transformation increases with decreasing holding 
temperature. 
temperatures and the results are plotted as percent 
martensite vs. time in Fig. 6. The specimens were 
quenched directly from room temperature (austen- 
itic state) to the indicated holding temperatures, and 
hence the amount of athermal martensite formed 
prior to the isothermal transformation was greater, 

the lower the holding temperature. 

The time-dependence of the isothermal trans- 
formation does not obey a simple equation. It ap- 
pears that the time function for this alloy is more 
complex than those obtained on other alloys.”* The 
initial part of the transformation is very rapid com- 
pared to the marked retardation that takes place 
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a—Dashed curve shows isothermal transformation at 213°K. Solid 

curve shows isothermal transformation at 203°K for 45 min, fol- 

lowed by isothermal transformation at 213°K. Plotted points are 

taken from the latter data, and are found to fit the form of the 
standard 213°K curve starting at 68 min. 


TEMPERATURE, °K 


later (Fig. 6). This result may be a consequence of 
the fact that the reaction in the Fe-Ni alloy under 
study here tends to occur in bursts.* The bursts asso- 
ciated with the athermal transformation on cooling 
to the holding temperature probably set up a pat- 
tern of macrostresses, and when the reaction is sub- 
sequently nucleated via thermal fluctuations, it may 
be accelerated in regions of tensile stress,’ thus ac- 
counting for the initial rapidity of the isothermal 
transformation. As the isothermal reaction proceeds, 
the macroscopic stresses may be expected to decrease 
until the remainder of the transformation occurs in 
the “normal” fashion that would be characteristic 
of “burst-free” transformations. For the “normal” 
transformation, it is possible to show quantitatively 
how the embryos are activated as a function of time 
(see Appendix III). The most energetic embryos 
are used up first, so that as time increases the free 
energy of the most energetic embryos remaining 
drops to lower levels. 

The course of the isothermal transformation after 
some time at any given temperature depends on the 
state of the activating system at that time, i.e. the 
embryo-energy distribution relative to the activa- 
tion energy at the temperature in question. A given 
state may be attained via a number of treatments, 
and the subsequent course of the transformation? at 


+ Neglecting the variation in martensite plate size due to the 
partitioning of the austenite. 


the temperature in question should be independent of 
the treatment used to reach the given state. For ex- 
ample, suppose that a specimen is quenched to T; 
within the martensitic range, whereupon all embryos 
with associated energies greater than F(T.) are 
activated athermally. Then F, = F,(T.). If the 
specimen undergoes isothermal transformation to 
time t., it may be said that F,, is thereby lowered to 
F,,, and the subsequent course of the isothermal 
transformation can be recorded. However, it should 
be possible to reach the state characterized by F,,. 
by quenching another specimen to a lower tempera- 
ture T, (where F,, is initially F,(T,)) and holding 
for some particular time t,. It would then be ex- 
pected according to the foregoing theory that upon 
upquenching from T, to T., the course of the sub- 
sequent isothermal reaction at T, would be the same 
as that previously observed after time t, when direct 
quenching to T, was conducted.tt Two checks of 


++ The times t; and te must not come during the steep portions 
of the isothermal curves because the initial transient effects must 
be avoided if the predicted correlations are to be observed. 


this prediction are given in Figs. 7a and b. 
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b—Dashed curve shows isothermal transformation at 203°K. Solid 

curve shows isothermal transformation at 213°K for 80 min, fol- 

lowed by isothermal transformation at 203°K. Plotted points are 

taken from the latter data, and are found to fit the form of the 
Standard 203°K curve starting at 45 min. 


Fig. 7—IIlustration of the equivalence of time and temperature on: isothermal transformation. 
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In Fig. 7a, the isothermal curve at T,; = 203°K 
(—70°C) is interrupted at t, = 45 min by upquench- 
ing to T, = 213°K (—60°C). The subsequent iso- 
thermal transformation at 213°K is compared with 
the standard curve for this temperature, and is 
found to fit the form of this curve starting at t, = 68 
min. Similar results were obtained with other com- 
binations of T, and T. as listed in Table II where 
the corresponding times t, and t. are tabulated. The 
expected correlations are also found when the 
quenching sequence is reversed, except that the 
shift is to earlier times as expected. For example, in 
Fig. 7b, the isothermal curve at T, = 213°K (—60°C) 
is interrupted at t, = 80 min by downquenching to 
T, = 203°K (—70°C). The subsequent transforma- 
tion curve at 203°K is found to fit the standard 
curve for this temperature starting at t, = 45 min. 

The determination of the equivalent times t, and 
t, at temperatures T, and T, (Table II) permits the 
approximate evaluation of [F.(T.) —F.(T;)]. In 
Appendix III, it is shown that beyond some time t,: 

kT 

dt t [4] 
The interval t, is taken as the time required to acti- 
vate one-half of the embryos at T having the free 
energy F(T). Integrating eq 4 at T, and T, yields: 


te 


F.(T:) — Fin = k [5] 
and: 
t 


[6] 
Subtracting eq 6 from eq 5, and assuming T, In to, 
— In to: 


kT, Int — kT. int, [7] 


The calculated values of N, [F. (T.) — F. (11) ] 
based on eq 7 are given in Table II. Reasonably good 
agreement is found with the independent values 
based on the initial transformation rates (Fig. 5). 
The actual differences are probably due to the ap- 
proximation involved in the derivation of eq 7. It is 
significant, however, that the same order of magni- 
tude is obtained by both methods, and the results 
lend credence to the theory advanced here for the 
preferential using-up of embryos with time during 
the isothermal reaction. 

It is also important to note that the isothermal 
transformation does not approach a limiting value, 
but appears to proceed indefinitely at a rate that 
decreases with time.* This characteristic is contrary 
to Kurdjumow’s concept of temperature-dependent 
limiting amounts of isothermal transformation.’ It is 
in agreement, however, with the concept of the con- 
sumption of embryos where the maximum energy- 
level of the remaining embryos drops at a rate that 
is inversely proportional to time. Furthermore, if 
the partitioning effect is small and N; is assumed to 
be independent of F, eq 4 indicates that a plot of 
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Fig. 9—Isothermal transformation curves at —70°C after annealing 

at |, for 10 min and requenching to —70°C. 


isothermal transformation vs. logarithm of time 
should be a straight line. This result has already 
been reported by Das Gupta and Lement.* 

Effect of Heating Above M, on Subsequent Sub- 
zero Isothermal and Athermal Transformations: If 
the embryos being activated during the isothermal 
transformation are regions of internal strain, then it 
might be possible to affect the course of the reaction 
by inserting a heating cycle during the hold at the 
subzero temperature. In order to check this interest- 
ing possibility, transformation experiments were 
conducted according to the cycles shown in Fig. 8. 
Austenitic specimens were quenched to — 70°C, held 
for % hr while the isothermal transformation was 
recorded, then upquenched to various temperatures, 
T,, for 10 min, requenched to — 70°C and held at this 
temperature while the course of the subsequent iso- 
thermal transformation was measured. No trans- 
formation was observed during the 10-min hold at 
T,. The effect of this relaxationtt+t treatment is 


++i The relaxation process may involve recovery or a migration 
of interstitial atoms to the strain centers. 


shown in Fig. 9. Increasing temperature T, markedly 
lowers the rate and extent of subsequent isothermal 
transformation. The phenomenon is quite striking in 
that the relatively low “annealing” temperature of 
60°C reduces the rate of isothermal transformation 
almost to the limit of detection (0.05 pct martensite 
in 3 hr). 

In the light of these findings, it is evident that 
isothermal transformation cannot be nucleated in 
strain-free regions because such nucleation should 
go on irrespective of the treatments at T,. Further, 
the embryonic regions must be very highly strained, 
otherwise relaxation at 0° to 60°C would be neg- 


Table II. Equivalent Times at Temperature for Isothermal 
Transformation 


No [Fa(T2) — 
Ti, OK To, °K ti, Sec te, Sec Fa(T:) 1, Cal 
203 > 213 2700 4,080 340 
203 > 223 3600 12,000 850 
203 > 233 3600 ~18,000 ~1250 
213 < 223 3120 4,800 355 
203 < 213 2700 4,800 400 
No[Fa(T2) — Fa(T1) 1, Cal 
Difference 
Average from Between 
Equivalent From 3rd and 
Ti, °K Te, °K Times Fig. 5 4th Columns 
203 213 370 180 190 
203 223 800 535 265 
203 233 ~1250 895 ~355 
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ligible. In other words, the martensitic embryos in 
this alloy are inseparably associated with regions of 
extremely high internal strain. This conclusion was 
also reached in a study of the athermal transforma- 
tion in the same alloy.® 

The potent effect of annealing upon the subsequent 
rate of isothermal transformation may be called 
stabilization. Another experiment was performed in 
order to determine whether the stabilization re- 
quired the existence of the athermal martensite. In 
this case, the initial quench to — 70°C was inter- 
rupted at 60°C for 10 min after which the quench 
was continued to — 70°C. The isothermal trans- 
formation curve obtained after this treatment was 
identical with that for no interruption at 60°C.i7++ It 


+++} The strain embryos in the austenite that start the ather- 
mal reaction are considered to be due to lattice imperfections. These 
are much more difficult to relax by annealing than the strains pro- 
duced in the vicinity of martensitic plates. 


can be concluded, therefore, that the embryos sta- 
bilized at the T, temperatures, corresponding to the 
curves in Fig. 9, were either produced by the ather- 
mal martensite or rendered more critical by the 
athermal martensite, or both. Probable forms of the 
embryo distribution function for the austenitic state 
prior to transformation, for the state just after the 
athermal transformation, and for the state after re- 
laxation are given in Fig. 10. The N, vs. F curve after 
cooling to T, in the martensitic range is drawn to 
show: 1—a reduction in F,, to the level of F, (T.) 
because of the athermal activation of all the higher 
energy embryos, and 2—an increase in the number 
of embryos at the remaining energy levels because of 
the strains set up by the athermal martensite. 

As depicted in Fig. 10, the main effect of the sta- 
bilization is probably to reduce the maximum free 
energy of the existing embryos. It is expected that 
the F,, level after a given stabilization or relaxation 
treatment depends not only on the specific cycle 
but also on the F,, level prevailing prior to the re- 
laxation cycle. A justification for this deduction is 
the fact that in cold-worked metals, the limiting 
value of a parameter such as yield strength after a 
long relaxation treatment increases monotonically 
with the magnitude of the yield strength prior to 
the relaxation treatment.’ 

With this picture of the effect of stabilization on 
the embryo distribution, it is possible to predict the 
dependence of the athermal transformation on sta- 
bilization. In the case illustrated by Fig. 10, a speci- 
men is considered which has undergone athermal 
transformation on cooling to T.. Suppose that a re- 
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laxation treatment is then introduced which lowers 
the F,, level from F,(T.) to some lower value F,(T;). 
Consequently, when the cooling is resumed, the 
athermal transformation will start at T:, where T, 
< T.. This lowering of the resumption of the cooling 
reaction is a well-known characteristic of the sta- 
bilization phenomenon.’ Moreover, if specimens are 
initially quenched down to different temperatures in 
the martensitic range and then subjected to relaxa- 
tion treatments that produce about the same decre- 
ment in F,,, it may be expected that the AT required 
to restart the transformation on subsequent cooling 
will increase with decreasing temperature of the 
initial quench. This follows from the curvature of the 
F., vs. T curve, and is exactly in line with the experi- 
mental facts.’ Another feature that can be deduced 
is that, for a given amount of athermal martensite 
formed during the initial quench, the decrement in 
F,, due to relaxation will increase with the relaxa- 
tion temperature, and therefore the athermal trans- 
formation on subsequent cooling should start at a 
lower temperature. This relationship is also observed 
experimentally.’ 

Further consequences of the above concepts are 
that stabilization should not occur to any appreciable 
extent at subzero temperatures where the rate of 
relaxation is nil; neither should it be measurable if 
the athermal transformation is interrupted in the 
region where the F, curve is almost vertical because, 
then, a very large decrement in F,, would only cor- 
respond to a negligible difference between T, and T, 
(Fig. 10). Both these conditions probably hold true 
for the stabilization experiments of Barrett and 
Clifton” and thus an explanation is at hand for their 
inability to obtain definite stabilization effects. 

Effect of Plastic Deformation Applied Above M, 
on Subsequent Subzero Isothermal Transformation: 
In the previous section it was found that the anneal 
at 60°C before the quench to — 70°C had no de- 
tectable influence on the isothermal transformation 
at — 70°C, whereas a large stabilization effect was 
observed if the anneal was conducted after some 
athermal martensite was formed. From these results, 
it may be concluded that the athermal martensite 
probably produces new strain embryos which par- 
ticipate in the isothermal transformation, but which 
undergo relaxation at relatively low annealing tem- 
peratures. If this explanation is valid, the genera- 
tion of strain embryos above M,+ by plastic deforma- 


: ~ Ma lies above M; and is the temperature above which marten- 
site does not form as a result of plastic deformation. 


tion should lead to isothermal transformation even 
at temperatures where little or no athermal marten- 
site is available to aid the isothermal nucleation 
process. Further, if the specimens are annealed after 
plastic deformation and prior to the isothermal hold, 
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Fig. 11—Effect of plastic deformation at 80°C in stimulating 
austenite to transform isothermally at —25°C. 
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the extent of isothermal reaction should be smaller 
than in the as-deformed specimens. 

Experiments were undertaken to check these ex- 
pectations. Austenitized 1/16 in. diam rods were 
plastically deformed by wire drawing to 40 pct re- 
duction in area at about 80°C. One deformed speci- 
men was quenched to — 25°C#+ within 15 min after 


{i This temperature is above the My of a nondeformed specimen, 
but slightly below the Ms. 


deformation. Another deformed specimen was an- 
nealed in an evacuated Vycor tube at 200°C for 10 
min, quenched to room temperature and then to 
— 25°C. 

The resulting isothermal reaction curves are given 
in Fig. 11. The nondeformed specimen undergoes 
negligible isothermal transformation at — 25°C, 
whereas the deformed specimen exhibits a con- 
siderable amount of transformation, and the de- 
formed and annealed specimen transforms at a re- 
duced rate, as predicted. From the fact that the 
latter transformation is nevertheless appreciable, it 
may be deduced that the associated strain-embryo 
distribution function must exhibit larger values of 
N, at all F levels, than that of the nondeformed 
specimen. Also, the athermal M, should be higher 
for the deformed specimens than for the nonde- 
formed specimen. This result was obtained in a 
separate series of experiments.° 

Effect of Applied Stress on the Isothermal Trans- 
formation: Predictions can also be made relative to 
the effect of stress applied at some time during the 
isothermal transformation upon the subsequent 
transformation characteristics. Let a given stress + 
be applied to one specimen at time t,, to another at t., 
etc., these times being measured at the isothermal 
transformation temperature T. The addition of this 
stress increases the free energy of the existing strain 
embryos (including those of maximum energy) by 
an increment AF (7). Now, according to eq 4, the 
effect of increasing the transformation time at tem- 
perature T from t, to t. is to decrease the effective 
maximum embryo energy by an amount: 


and the corresponding “‘time-induced”’ nucleation is 
indicated by the area dehi in Fig. 12. 


Similarly: 
(0 t,) = + I, where I may be a 


function of temperature, and the corresponding nu- 
cleation is indicated by the area cdij. 


For the case where: 


AF (r) > SF, (0 > t,), the application of stress 
7, at time t, at temperature T should raise F,, to 
above F, (T) as shown in Fig. 12. This relationship 
predicts that when the stress is applied, an amount 
of nucleation corresponding to the area acjl in Fig. 
12 should occur simultaneously.t#+ If the stress is 


t£z At the speed of formation of martensitic plates once activa- 
tion has occurred. 


applied at time t., then for the same reason the 
amount of nucleation corresponding to the area bcjk 
of Fig. 12 should occur simultaneously. 

Now there is an interesting property of the sum 
(3M) of the stress-induced and “time-induced” 
transformations that can be derived from a con- 
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sideration of Fig. 12. It will be assumed that for 
small =M, the volume per martensitic plate formed 
is constant, that N, is independent of F, and that all 
embryos activated produce martensitic plates. Under 
these conditions: 


=M:, = K [4F,, (0 > t,) + AF,] = K-AF (1) 
=M:, = K [4F,, (0 > t.) = K-AF (r) [9] 


= K [4F,, (0> + 0] = K-AF (z) 
OF; 


3M, = = [10] 


and thus for AF (7) > AF,, (0 > t), 3M should be 
independent of the time of application of the stress. 

Whenever AF (7) < AF, (0 > t), the predicted 
effect of applying a stress 7 to the specimen is an 
increase in the isothermal rate of transformation 
without any simultaneous increment of stress-in- 
duced transformation. This is because the applied 
stress raises the level of F,, closer to F,(T) and 
thereby aids the thermal activation process, but a 
sudden increment of transformation should not occur 
because F,, (even with the applied stress) remains 
below F, (T) in this case. Also, since the ratio of the 
isothermal transformation rates just after to just be- 
fore the stress application is: 


Po ese! 
eit 
then: 
Da 
AF (+) = kT In — [11] 
Po 


where p, = transformation rate just after application 
of stress 
p» = transformation rate just before applica- 
tion of stress 
F,, + AF (7) = maximum embryo free energy 
just after application of stress 
F,, = maximum embryo free energy just be- 
fore application of stress 


Now if t, equals the time when the stress is applied 


to produce the rate of transformation Das there is 
some earlier time t, at which the transformation rate 
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Fig. 12—Effect of stress t applied after various 
times t during isothermal transformation at tem- 
perature |. 
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Fig. 13—Effect of stress applied at various times on subsequent 
isothermal transformation at 78° K. 


is also equal to Da in the unloaded condition. Accord- 
ing to eq 8: 
— 


ts 


[12] 
Thus AF (t. > t,) is the decrement in the maximum 
embryo free energy as a result of the isothermal 
transformation from t, to t, during which the trans- 
formation rate decreases from p, to p, in the un- 
loaded condition, whereas AF (7) is the increment in 
the maximum embryo free energy as a result of the 
application of stress 7 at time t, which increases the 


transformation rate from D> back to De Accordingly, 
the equating of 11 and 12 gives: 


De 
[13] 
Po 


An experimental check of the above predictions 
was made with T = 78°K (— 195°C), ti = 2 min, 
psi (elastic stress in tension). The results obtained 
are shown in Fig. 13. As predicted, the application of 
stress causes a sudden increment of transformation 
during the early stages of the isothermal transforma- 
tion (t under 10 min). Also =M is independent of 
time within the experimental error (a horizontal line 
can be drawn through the loci of the sum of the 
stress-induced martensite and the time-induced 
transformations). When the stress is applied after 10 
min, however, there is no simultaneous increment 
of transformation, but the isothermal rate is in- 
creased as compared to the corresponding rate for 
the nonstressed specimen. Finally a check of the 
data in Fig. 13 shows that: 


t. 
Po 


Therefore eq 13 is confirmed as well. 

The above results constitute the strongest evi- 
dence, thus far, for the validity and usefulness of 
the reaction-path, strain-embryo concept of mar- 
tensite formation. 

Effect of Athermal Martensite on Initial Rate of 
Transformation: The amount of athermal martensite 
in the specimen should affect the subsequent rate of 
isothermal transformation for at least four reasons. 
1—For a given number of embryos activated, the 
length (hence volume) of the plate will be smaller 
the larger the amount of prior martensite because of 
the partitioning of the remaining austenite. 2—The 
autocatalytic effect® in this alloy should increase 
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with increasing amounts of prior martensite up to 
amounts where the number of “free” ends§ of the 


§ The austenite regions at the ends of martensitic plates are found 
to act as preferential nucleation sites for the formation of addi- 
tional plates.® 


plates (ends which are surrounded by austenite) be- 
come negligibly small (estimated from micrographs 
as about 20 pct). 3—The process by which increas- 
ing amounts of martensite are obtained can only re- 
sult in decreasing the maximum energy associated 
with the remaining strain-embryo distribution. 4— 
As the transformation proceeds, the decreasing 
amount of austenite will also reduce the rate of 
transformation. To summarize, among the above 
four factors, only the catalytic effect of the athermal 
martensite may be expected to increase the rate of 
isothermal transformation, and this only up to about 
20 pct of prior martensite. For amounts larger than 
about 20 pct, a substantial decrease in the rate of 
isothermal transformation is anticipated. 

The experiments to check these predictions were 
performed by quenching austenitic specimens to a 
series of subzero temperatures for 1 min at tempera- 
ture, then upquenching to a holding temperature of 
—40°C and following the course of the isothermal 
transformation. The results in Fig. 14 show that the 
rate of isothermal transformation increases with the 
amount of prior (athermal) martensite up to about 
20 pet. Also a decrease in the rate of isothermal 
transformation is obtained with increasing amounts 
of athermal martensite beyond about 20 pct. 


Significance of Results 

It has been demonstrated that the reaction-path 
theory, involving nucleation at strain embryos by 
superimposed thermal fluctuations, is entirely con- 
sistent with the isothermal mode of the martensitic 
reaction. In fact, this theory offers a common basis 
for understanding the two modes of the martensitic 
reaction. It has been possible to predict results with 
respect to the athermal transformation knowing the 
isothermal transformation behavior, and vice versa. 
This success of the reaction-path theory attests to its 
likelihood. 

It is now equally clear that if any other types of 
embryos are postulated for the martensitic trans- 
formation, they must be inseparably associated with 
regions of high internal strain. The nucleation and 
growth theory proposed by Kurdjumow and Mak- 
simova’* does not take this factor into account, al- 
though these investigators do come to the conclu- 
sion that the martensite nuclei are “formed in cer- 
tain special regions.” 

The quantitative form of the nucleation and 
growth theory of Kurdjumow and Maksimova dif- 
fers mainly in one respect from the equations pre- 
sented in this paper. However, this difference is 
fundamentally important and arises from their use 
of an activation energy for growth, U: 


= Ke 
dt kT 


[14] 


t=0 


which is absent from eqs 1 and 2 of this paper. W is 
the free energy of activation for nucleation and de- 
creases with decreasing temperature. The quantity 
U is taken to be temperature-independent, and cor- 
responds to the activation energy required to trans- 
port an atom from the austenite side to the mar- 
tensite side of the interface between the two phases,” 
if eq 14 correctly represents the facts. In this con- 
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cept, U would also be the activation energy for 
growth of the nucleus to the final plate. On the 
other hand, if the transformation is propagated as a 
strain wave”"™ the activation energy for growth 
should be virtually zero neglecting frictional effects. 

A critical experiment was conducted to differen- 
tiate between these two viewpoints. At decreasing 
temperatures below T,,, the initial rate of isothermal 
transformation decreases and becomes nil at suffi- 
ciently low temperatures. According to the Kurd- 
jumow-Maksimova nucleation and growth theory,’ 
this retardation of the reaction rate with decreasing 
temperature is due to the concomitant decrease in 
the growth rate. At such low temperatures, the 


factor exp | is supposed to control the re- 


action rate because W becomes very small and the 


factor exp 


approaches unity. However, 


according to the reaction-path theory, the retarda- 
tion is due to the decreased rate of activation of 
strain embryos, with the rate of growth of the ac- 
tivated embryos still occurring at a velocity ap- 
proaching that of an elastic wave. Now, if a stress 
is applied to a specimen at a temperature like 4°K 
where the rate of isothermal transformation is nil, 
the nucleation and growth theory predicts that no 
additional transformation should occur because, even 
though new nuclei may be formed by the deforma- 
tion, the growth rate of such nuclei would be too 
small to yield a measurable increase in the amount 
of martensite. On the other hand, the reaction-path 
theory predicts the likelihood of stress-induced 
transformation even at 4°K because the nuclei can 
grow rapidly to full size plates, as soon as the activa- 
tion is accomplished by the applied stress. 

The 71 pct Fe, 29 pct Ni alloy was found to con- 
tain about 13 pct austenite on cooling to 4°K 
(—269°C) and no isothermal transformation was 
detected on holding. Yet, when stress was applied 
at this temperature, transformation took place 
simultaneously as evidenced by audible clicks. 
Moreover, after about 7 pct elongation, less than 1 
pet austenite remained. These findings demonstrate 
unequivocally that the nucleation and growth theory 
does not correctly represent the growth aspect of 
the isothermal martensitic transformation, while the 
reaction-path theory is consistent with the observa- 
tions. Similar results have been found with 18-8 
stainless steel.” 

Another issue lies in the interpretation of the 
temperature-dependent factor W of eq 14 or (F.—F) 
of eq 1. According to eq 14, this factor is the free 
energy required to form a nucleus starting from 
strain-free austenite, whereas according to eq 1 it is 
the difference between the free energy to form a 
nucleus and the existing free energy associated with 
a given embryo. The results of this research confirm 
the strain-embryo concept and show that nuclea- 
tion from strain-free austenite is highly unlikely. 
Further, it is not possible to obtain athermal (time- 
independent) transformation according to the nucle- 
ation and growth, eq 14,8§ whereas the reaction-path 


§§ This equation indicates that time is required at any tempera- 
ture to form a finite number of nuclei. 


theory indicates that this possibility exists. Eq 14 
demands that the M, temperature should decrease at 
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Fig. 14—Effect of athermal martensite at start of test on sub- 
sequent isothermal transformation. 


an increasing rate as the cooling rate is increased, 
in C-curve fashion. The high-speed quenching ex- 
periments of Esser et al.,“* Greninger,” and Duwez”* 
offer definite evidence that this is not the case. In 
fact, the well-recognized athermal feature of the 
transformation has been taken into account by other 
proponents of the nucleation and growth theory for 
martensite formation,“ and they have altered the 
theory to an athermal nucleation and growth concept. 

The reaction-path theory explains the simultane- 
ous existence of the insuppressiblity of the mar- 
tensitic reaction and its isothermal mode as follows. 
If F,,, is the maximum free energy of a strain embryo 
distribution existing in the austenite, the nucleation 
will occur during rapid cooling as soon as a tempera- 
ture is reached where F,, = F,, the activation free 
energy. No thermal fluctuations are necessary for 
nucleation in this case, and because of the high rate 
of propagation after nucleation, the transformation 
is found to be insuppressible. 

On the other hand, when athermal transformation 
has occurred on cooling down to a given temperature 
T, and all the strain embryos with energy greater 
than F(T) have been activated (whether they ex- 
isted in the original austenite or were produced by 
the athermal transformation) then thermal fluctua- 
tions superimposed upon the remaining embryos 
can and do cause isothermal nucleation. This mode 
of nucleation is time-dependent and hence is sup- 
pressible by rapid cooling. 

Notwithstanding the necessity for thermal fluctua- 
tions in the isothermal transformation, the strain 
embryos produced by the athermal martensite may 
play a major role. If no athermal martensite is 
formed or if it is stress-relieved after forming, iso- 
thermal activation through thermal fluctuations is 
much less probable although still possible. By the 
same token, the isothermal nucleation may be aided 
by prior plastic deformation or by tensile stress ap- 
plied during the run. 

It might appear from the foregoing that the iso- 
thermal transformation should be found more gen- 
erally in martensitic systems, but actually the nec- 
essary conditions are somewhat critical. In the first 
place, at ordinary temperatures and above, relaxa- 
tion of the more energetic embryos takes place, and 
this makes nucleation by thermal fluctuations more 
difficult despite the higher temperatures involved. 
Second, the amount of isothermal transformation 
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may be quite small, requiring extremely sensitive 
techniques for detection. Third, at temperatures 
near M,, the F, vs. T curve may be quite steep so 
that the temperature control during holding would 
have to be exceedingly precise in order to prevent 
athermal increments of transformation from mark- 
edly reducing the maximum energy of the embryos 
available for the isothermal transformation. These 
circumstances lead to maximum isothermal reac- 
tions in the vicinity of —120°C for the alloy under 
study here. 

Another feature of the transformation that should 
be considered is the possibility of obtaining an ap- 
parent suppression of the martensitic reaction. This 
reported result of Kurdjumow and Maksimova' can 
be explained using the reaction-path concept. It is 
conceivable that in some alloys, the activation en- 
ergy for all temperatures will be larger than the 
maximum of the existing embryo-energy distribu- 
tion. Then the alloy can be quenched even in the 
vicinity of absolute zero without athermal trans- 
formation. However, on reheating to a temperature 
in the neighborhood of T,, (Fig. 5) where the thermal 
fluctuations are more potent, it is possible that iso- 
thermal nucleation will occur even though no 
athermal martensite had previously formed. The 
authors have not found this combination of factors 
in any of the alloys studied to date, but if Kurd- 
jumow and Maksimova’s suppression experiments’ 
are taken at face value, the above explanation would 
account for their result. In other words, perhaps the 
athermal transformation did not occur in their ex- 
periments because of the particular relation of the 
free energy of activation to the embryo distribution 
available in the austenite, and should not be re- 
garded as having been suppressed by the rapid cool- 
ing. However, allowing time for the influence of 
thermal fluctuations may permit isothermal trans- 
formation in a suitable temperature range, and this 
is what can be suppressed by the rapid cooling. Ac- 
cording to the above principles, it becomes evident 
that the relative importance of the isothermal com- 
pared to the athermal mode of martensitic trans- 
formation may range between wide limits from one 
alloy system to another. 


Conclusions 

1—The isothermal rate of martensite formation in 
a 71 pet Fe, 29 pct Ni alloy is dependent upon the 
temperature and time of the isothermal hold, the 
amount of athermal martensite present, the state of 
internal strain, and the application of tensile stress. 

2—The isothermal transformation takes place pri- 
marily by the nucleation of new plates rather than 
by the growth of existing ones. 

3—The conclusion is reached that the isothermal 
nucleation process is activated by thermal fluctua- 
tions superimposed on localized regions of a very 
high strain. These strain embryos may be produced 
by the formation of athermal martensite or by 
plastic deformation of the austenite, and can be re- 
laxed by annealing at comparatively low tempera- 
tures. The strain embryos in the original as-cooled 
austenite which account for the start of the athermal 
transformation do not materially aid the isothermal 
reaction in this alloy, but this possibility is not ruled 
out for other systems. 

4—The relaxation of strain embryos produced by 
the athermal transformation results in the stabiliza- 
tion of both the athermal and isothermal modes of 
transformation, and accounts for the stabilization 
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phenomena observed in plain carbon and low alloy 
steels.” 

5—The form of the activation energy vs. tempera- 
ture curve has been established, based on the reac- 
tion-path theory. The theory predicts that in the 
presence of a given amount of athermal martensite, 
the initial rate of isothermal transformation should 
be a maximum at a certain holding temperature. 
This is confirmed by experiment. 

6—Quantitative relationships between the iso- 
thermal and stress-induced transformations have 
been derived, and checked experimentally. 

7—The reaction-path concept, involving nuclea- 
tion at strain embryos by athermal activation on 
cooling or by thermal fluctuations on holding, pro- 
vides the relationship between athermal and iso- 
thermal martensite formation, and offers a unified 
picture of the kinetics of the transformations. In 
principle, the isothermal reaction is suppressible by 
rapid cooling while the athermal reaction is not. 
Yet the possibility exists that, in some alloys, the 
maximum energy of the strain embryos may not be 
sufficient to activate the transformation athermally. 
In this case apparent suppression may occur. 

8—The nucleation and growth theory of Kurd- 
jumow and Maksimova does not predict any ather- 
mal transformation and is therefore inconsistent 
with one of the main features of the martensitic re- 
action. It also does not correctly represent the 
growth aspect of the isothermal transformation. 
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Appendix | 
Derivation of Rate Equations 

Let the number of embryos with free energies be- 
tween F and F + dF just after the quench to tempera- 
ture (t = 0) be given by NrdF. (These embryos may 
be formed mainly by the athermal martensite trans- 
formation.) After a time t suppose that nrdF of these 
embryos have been activated so that the number of 
embryos of this energy remaining is (Nr — nr) dF. 
Then the rate of activation of these embryos is: * 


* This is the usual approximation that neglects the probability of 
the free energy reaching a value larger than Fa by fluctuations. The 
energy density of embryos as a function of their energies is given 
by the distribution function (Nr —nr) at any time t and Np at 

d (nrdF) F.—F 
——— ] dF [A-l 

dt k [ J 


where f = mean frequency of attempts to jump over 
barrier, 


F, = free energy of activation, ergs 
k Boltzmann’s constant, 1.38x10-° ergs per °K 
T = absolute temperature, °K 

The solution of eq A-1 is: 


F,— 


[A-2] 


as can be verified by differentiating with respect to 
time and substituting in eq A-1. 


At t = 0, nr = 0 and: 
d (nrdF) ( 


This is eq 1 in the text. 


= (Ne —Nr) f exp 


I 
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Appendix 


Calculation 


In order to analyze the data to determine F, it is 
necessary to make an assumption concerning the de- 
pendence of Ny on F. The simplest assumption is to 
take Nr independent of F.+ Also it is desirable to use 


An equivalent is that N»r(F) varies much more 


slowly with F than exp — varies with F. 
kT 


the initial rate of transformation to eliminate any ef- 
fects of relaxation. On integrating eq A-3 to sum up 
the initial rate of activation of all the embryos, the 
initial rate of nucleation per unit untransformed vol- 


ume of a specimen at T, after having been previously 
cooled to T, (see Fig. 4) is: 


dn 
exp (— kT, ) ar 


—AzAh 


Nef kT E ( Fa(Tx) 
kT, 


F.(T;) 


where F.(T,) is taken to be the maximum energy of 
embryos remaining after the precool to T,, all those of 
higher energy having been activated to athermal mar- 
tensite during the precool. 


[A-4] 


F,(T;) 


Let us assume >> 0, then eq A-4 becomes: 


h 


dn 


t=0 
T=T, 


F.(Tx) — 
kT, 


= Nef k Trexp | — | [A-5] 


which, under the conditions at hand, is proportional to 
the measured isothermal transformation rate at t = 0 


dn =NrfkT,; [A-6] 
dt | t=0 
From the ratio of eqs A-5 to A-6: 
| initial transformation rate atT, | 
initial transformation rateatT, 
(Tr) (T,) [A-7] 


The free energy difference [F.(T.) — F.(T,;) ] can be 
determined as a function of T; from eq A-7. The quan- 
tity No[Fa(T,) —F.(T,)] is plotted in 
where N, is Avogadro’s number. The enthalpy and 
entropy of activation are both functions of temperature 
in these considerations. 

Derivation of Temperature for Maximum Initial 
Rate of Isothermal Transformation: From eq A-5, the 
initial rate of nucleation at any temperature T after 
precooling to T; (T > T,) can be written: 


F,(T) — F.(T;) 
kT 


dn 
‘dt 


= constant T exp - | [A-8] 


t=O 


Under the conditions of the experiment, the initial rate 

of isothermal transformation is: 
d 4 dn 


[A-9] 
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where p is the volume fraction of martensite related 
to a unit volume of the alloy, and C is a constant be- 
cause at each holding temperature the initial trans- 
formation occurs in the presence of the same quantity 
of athermal martensite. 

If p is now differentiated with respect to T and the 
result set equal to zero, this will determine the tem- 


perature, T,,, which makes p a maximum or a mini- 
mum, whence: 


dF .(T) 
dT 


— Fa(T; 
(Tm) (T;) [A-10] 


Tm 


This is the criterion for the maximum initial rate of 


d’p 
transformation since it can be shown that —- <a)’ 


The method: for obtaining [F.(T) —F.(T,)] as a 
function of T was presented earlier in this Appendix. 


The slope of this curve is equal to since F,(T,) 


is held constant. The value of T,, satisfying eq A-10 
can be solved graphically by trial and error starting 


with Sean = kas the first approximation. The sec- 


ond or third approximation is usually sufficient. In 
this way, Tm corresponding to Fig. 5 was found to be 
150°K (—123°C). 

If No [F.(T) —F.(T,)] is plotted vs. T, then A-10 


becomes: 


aT Tm 
Tm 


where R is the gas constant. These quantities are in- 
dicated in Fig. 6. : 


Appendix III 
dF m 


Calculation of 
dt 


Let the free energy of embryos corresponding to a 


given value of the ratio = K, be designated as F;. 


F 


nr and Nr are defined as in Appendix I, and kK, repre- 
sents a certain fraction of embryos of energy F;, that 
have been activated during isothermal transformation 
at temperature T. The problem is to determine the 
time-dependence of F,, keeping K, constant. This can 
be done as follows: 

Tr 


1—Divide eq A-2 by NrdF and set the ratio 7 = 
F 
Ka. 


2—Differentiate the resulting equation with respect 
to time, 


(US) = exp [ -# exp 
dt dt kT 
Fia— Fi 
= | exp | exp (-= 
kT 
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Fig. 15—Dimensionless representation of 

embryo-energy distribution curve as a 
function of time. 


Because the first brace cannot equal zero, then the 
latter brace can be set equal to zero and it is found 
that: 
d Fi kT 
= — [A-13] 
dt t 


The graphical interpretation of eq A-13 is given in 
Fig. 15, from which it is evident that the first effect of 
time is to change the form of the embryo distribution 
curve in the region of the highest energy embryos. The 
initial horizontal plateau becomes a sloping plateau. 
Thereafter, the shape of the embryo distribution curve 
is practicallyt unchanged, except for a lowering of the 


+ The shape continues to change in the regions immediately ad- 
jacent to ny = 0 and nr = Np or Ki = 0 and 1, but these changes 
have negligible effects on the total number of embryos activated 
beyond the time necessary to develop the sloping plateau. 


height (energy) of the “plateau” at a rate that is in- 
versely proportional to the time at temperature. This 
signifies that the highest energy embryos tend to be 
consumed first in the transformation. 

It is convenient to define a single parameter to de- 
scribe the sloping plateau. The value Ki = % defines 
an “average” height of the plateau that is equivalent 
to the horizontal plateau F.(T) obtained just after 
direct quenching to T (Fig. 4). The free energy asso- 
ciated with this “average” height can thus be denoted 
as F,, during the isothermal transformation. The rate 
of decrease of F', with time is merely a specialized case 
of eq A-13, namely: 


d Fm kT 
=— [A-14] 
dt t 


It is important to realize, however, that eq A-14 applies 

only after a time t, which is the time required for one- 

half the embryos having the free energy F.(T) to be 

activated. Using eq A-2, and noting that F = F,, = 
F.(T) in this case: 

1 1 

t = —— In — 


f 2 


An approximate relation can now be derived for the 
time-dependence of the transformation beyond the time 
to. If it is assumed that Nr is independent of F and that 
the effect of partitioning of the austenite by the mar- 
tensitic plates formed isothermally can be neglected, 
then the amount of transformation, p, appearing iso- 


[A-15] 
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thermally during time t is proportional to the number 
of embryos that have been activated. This, in turn, is 
proportional to the attendant lowering of the maximum 
embryo energy from F.(T) to some value Fm. 
Thus: 
t 

kT 


to 


t 
CK ito [A-16] 


Under the assumptions involved, eq A-16 predicts that 
the percentage of isothermal martensite should in- 
crease linearly with the logarithm of time. 
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Recrystallization of Aluminum Single Crystals 


After Plastic Extension 


by N. K. Chen and C. H. Mathewson 


Recrystallization of aluminum single crystals after plastic exten- 
sion is carefully studied in relation to the structure of the deformed 
matrix. The shapes of the new grains are analyzed with regard to 
slip planes and to the presence or absence of deformation bands. A 
mechanism by which the orientations of the recrystallized grains are 

related to the parent lattice is described. 


XPERIMENTS previously reported* have been 
extended to develop some of the characteristics 
of the new crystals which are formed on annealing 
axially strained crystals whose deformational char- 
acteristics had been documented with special care. 
Thus, the presence of deformation bands affects the 
growth contours of the crystals, some of the strained 
crystals produced single crystals anew, and some, 
polycrystals, on annealing, while others merely “re- 
covered” or “polygonalized” after the 600°C anneal- 
ing treatment generally adopted in these tests. 

In the matter of orientational relationships be- 
tween new crystals and the strained matrix, the 
present experiments have added little to previous 
experience, which had demonstrated great variety 
in the range of orientations encountered and no 
simple theory or correlation. For example, there has 
been ample evidence for the predominance in vari- 
ous face-centered cubic metals of a favored orienta- 
tional relationship; viz., a rotation of 30° to 40° 
around a <111> axis, between grains growing in a 
matrix with a strong single orientation texture and 
the matrix itself.** This reorientation has been inter- 
preted by various investigators in support of both 
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the “oriented nucleation” and the “‘oriented growth”’ 
hypothesis. 

‘In the case of axially extended single crystals of 
aluminum, no general relationship, such as the one 
stated above, can be used to correlate the orienta- 
tions of the recrystallized grains with that of the 
original crystal. Thus, Carpenter and Elam*® and 
Burgers and Basart’ were content to assume that the 
orientational relationships so developed were ran- 
dom in nature. Mathewson, however, in the Camp- 
bell Lecture of 1943° argued on the basis of <112> 
slip that a complex strain, chiefly characterized by 
rotation around a variable axis in the slip plane com- 
bined with a principal rotation around the pole of 
the slip plane, could be responsible for such devious 
relationships. Nevertheless, owing to the limited data 
now available dealing with orientational relation- 
ships between new grains and the single crystals 
strained in tension from which they have recrystal- 
lized, no adequate examination of the above general- 
ization could be made. Here, there is the disturbing 
preliminary condition that any desired orientational 
relationship may be expressed by means of two rota- 
tions about mutually perpendicular axes, so the 
process lacks a certain critical flavor and any suc- 
cessful choice of axes meeting certain theoretical re- 
quirements could be replaced by another differently 
selected pair. 

With this reservation clearly in mind the process 
of double rotations, as previously indicated, was used 
to relate the orientations of the single crystals which 
grew out of the strained single crystalline matrix 
and was construed as certain evidence in favor of 
the theory of incongruent shearing action proposed 
by Mathewson’ as a necessary element in the {111} 
slip process with close-packed metals. There is here 
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Fig. 1—Crystal growth in specimen A-4. Taken after the third, fourth, fifth (two views), sixth (two 


views), eighth (two views), and ninth (600°C) anneals, respectively. X1. Area reduced approximately 
70 pct for reproduction. 


the simplified observation that one of the octahedral 
slip planes (primary, conjugate, or cross) of the 
strained matrix is relatively close to a (correspond- 
ing) plane in the new crystal, so that whatever the 
theoretical implication of its reorientation, this can 
be represented by a single rotation. It was also con- 
sidered worthy of note that the second rotation, now 
around this relocated <111> pole, which completes 
the pattern of reorientation, bears a resemblance to 
that required by Kronberg and Wilson,* in their use 
of coincidence sites to show the possibility of com- 
paratively large reorientations by small atom dis- 
placements, perhaps activated by residual lattice 
strain due to prior deformation. Since the present 
analysis is based on strain-hardened material, in- 
stead of previously annealed material undergoing 
secondary recrystallization, the theoretical rotations 
predicted by Kronberg and Wilson would be subject 
to a more or less pronounced deviation. 

It is believed that this method of exhibiting the 
relationship between new crystals and the strained 
matrix, according to the enlarged description under 
the heading, Orientational Relationships, of the in- 
cluded projections and tabular material, is sufficiently 
direct and comprehensive to permit eventual inde- 
pendent study of the factual material presented in 


this part of the paper, quite apart from the theo- 
retical interpretation preferred by the authors. 


Experimental Procedure 

Twelve tapered aluminum single crystals were 
annealed after previous extensions. The designation 
and history of each crystal are shown in Table I. All 
crystals except A-3 were annealed at 600°C for dif- 
ferent periods of time, continuously or intermittently, 
up to the total time indicated in the table. Cumula- 
tive heat treatment was carried out on A-3 follow- 
ing the schedule given in Table II. Aqua regia was 
used as a macroetching reagent. The orientations of 
new grains were determined from back-reflection 
Laue X-ray photograms. They were then plotted in 
the same relationship to the X-ray beam as that of 
the deformed crystal from which they grew. Each 
of seven crystals had formed only one visible new 
crystal during the annealing process, and the iso- 
thermal growth of such crystals was followed. Two 
crystals did not recrystallize (or recrystallized ‘in 
situ”) and the remaining three specimens formed 
polycrystals. 


Growth Characteristics of New Crystals 
Stages of growth in one of the seven crystals, A-1, 
A-1’, A-4, A-5, A-16, A-18, and A-20, which formed 


Table 1. General Summary of Recrystallization Data from 12 Tapered Aluminum Single Crystals 


Total Time 


Deforma- of Anneal 
Crystal tion Recrystallization 
No. Elongation Shear Band Hr Min Product 

A-1 3.74-0.00 0,079-0.00 No 2 30 Single crystal (A-1’) 

A-1’ -5.65-0.94 0.11 -0.02 Yes 23 60 Single crystal (A-1”) 
with unrecrystallized 
matrix 

A-2 4.19-0.00 0.087-0.00 Yes 30 Unrecrystallized 

72.2 -9.80 1.03 -0.20 20 Polycrystals 
(Second extension) 

A-3 13.10-5.46 0.33 -0.14 No = Polycrystals 

A-4 1.22-0.32 0.030-0.006 No 6 48 Single crystal (A-4’) 

A-5 7.47-2.48 0.195-0.065 No 3 15 Single crystal (A-5’) 
2 crystals 
a es 

A-6 56.5 -9.83 0.98 -0.20 Yes 20 

(Neck down) 

A-13 4.96-0.00 0.10 -0.00 Yes 24 00 Unrecrystallized 

A-15 4.42-0.32 0.09 -0.01 Yes 24 00 Unrecrystallized 

A-16 29.5 -2.43 0.57 -0.07 No 30 Single crystal (A-16’) 

A-18 54.4 -5.30 1.04 -0.11 Yes 5 30 Single crystal (A-18’) 

A-20 4.6 -1.00 0.09 -0.017 Yes 22 33 Single crystal (A-20’) 


with some unrecrys- 
tallized matrix and 
one tiny grain at the 
shoulder. 


* Cumulative heat treatment was carried out on crystal A-3 following the schedule of time and temperature given in Table II. 
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only one active nucleus during the isothermal an- 
nealing process at 600°C, are shown in Fig. 1, (A-5 
and A-20 produced one small grain at the shoulder). 
With the occurrence of recrystallization, the length 
of the new grain was measured in a direction parallel 
to the axis of the specimen along eight different ele- 
ments around the circumference of the crystal. The 
average value of these lengths was then taken from 
each series of measurements and plotted against time 
of annealing, Fig. 2. 

The growth contours of the new crystal at dif- 
ferent stages were plotted, as represented in Fig. 3, 
for crystal A-4, in the form of “developed” curves.* 


a 8 ay engineering drawing, the operation of laying out the com- 
pice surface on one plane is called the “development” of the sur- 
ace. 


It was noted that the boundaries of the new crystal 
in A-4 could best be related to the primary slip plane 
on one side and conjugate slip plane diametrically 
opposite. Similar analysis of other crystals seemed 


Table Il. Cumulative Annealing Schedule for Crystal A-3. 
Shear, 0.33-0.14 


Tempera- Time, 
ture, °C Min Inspection 

150 10 No recrystallization 

185 10 No recrystallization 

225 10 No recrystallization 

265 10 No recrystallization 

285 10 No recrystallization 

305 10 No recrystallization 

325 10 No recrystallization 

335 10 No recrystallization 

345 20 No recrystallization 

355 20 No recrystallization 

365 20 No recrySstallization 

385 20 No recrystallization 

420 20 No recrystallization 

450 20 No recrystallization 

475 20 Recrystallization observed up to 
the position; shear, about 0.28 

500 20 Some growth of old grains and 
formation of new grains around 
shear, 0.25 

520 20 More new grains formed up to 
shear, 0.23 

540 20 More new grains formed up to 
shear, 0.21 

560 20 More new grains formed up to 
shear, 0.19 

600 20 More new grains formed up to 
shear, 0.17 


to give good correlations between the shape of the 
new crystal and the structure of the deformed matrix 
as follows: 

When the crystal developed no bands and the 
deformation was small, as with A-4 and A-1, both 
the primary and conjugate slip planes seemed to 
affect the directional growth of the new crystals. If, 
however, the deformation was large with no band 
formation, only the primary slip plane seemed de- 
cisive (Fig. 4 from A-5). On the other hand, when 
bands were profusely developed, the shape of the 
new grain was defined by the bands (Fig. 5a from 
A-18). Nevertheless, when bands were at an early 
stage of formation, both primary slip plane and band 
appeared to influence the outline of the new grain. 
Since the band was perpendicular to the primary 
slip plane, the new grain thus possessed a rather flat 
boundary (Fig. 5b from A-1’). 

This structure-sensitive characteristic of nucleation 
and growth was also prominent among the three 
specimens, A-3, A-6, and A-2 which formed poly- 
crystals upon annealing (Fig. 6a and b). In the case 
of A-2, this was even more pronounced, in that all 
of the grains have aligned themselves along deforma- 
tion bands developed in the prior straining process, 
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Fig. 2—Length of new grains formed during recrystallization 
ys. time of numbered specimens at annealing temperature, 
600°C. 


Fig. 7. By locating approximately the bands outlined 
by the grains it was found that these were the ones 
which formed initially at the early stages of deforma- 
tion but had undergone further rotations, as dis- 
cussed in the previous paper. 


Recovery 

Two specimens (A-13 and A-15) did not form new 
crystals after a treatment of 24 hr at 600°C. X-ray 
photograms showed that the Laue spots had under- 
gone some minor changes indicating recovery or 
polygonization. A similar phenomenon was observed 
in crystal A-2 after the first extension and the first 
anneal. 
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Fig. 3—Developed curves showing crystal growth in 
specimen A-4, with relation to primary and conjugate 
slip planes at nine intermittent anneals at 600°C. 
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Fig. 4—Crystal growth in specimen A-5. The 

shape of the growing front of the new crystal 

follows very closely the glide ellipses from 
primary slip. XI. 


Although crystals A-1’, A-20, and A-18 recrystal- 
lized with the formation of a single grain in each 
case, the new grain did not grow to the large end of 
the taper where the strain was still measurable, nor 
did additional grains form even after a prolonged 
anneal of 24 hr at 600°C. Again, the matrix which 
had been annealed but did not recrystallize, exhibited 
only minor alteration of the Laue spots; i.e., poly- 
gonization. 

There was a factor common to the crystals de- 
scribed above which should be emphasized; viz., they 
all developed deformation bands during the strain- 
ing process. On the other hand, in crystals A-1, A-4, 
and A-16 which revealed no band formation, the 
new crystal grew to the low strain end after iso- 
thermal annealing, for periods less than 7 hr at 
600°C. In the case of A-3 (no band formation) sub- 
jected to cumulative treatment, recrystallization pro- 
ceeded as if recovery had exerted no effect. Thus, it 
seemed highly probable that the structural condi- 
tion associated with band formation was more sus- 
ceptible to polygonization or recovery than the struc- 
tural condition of other crystals with no band forma- 
tion. 

Orientational Relationships 

In most cases a simple relationship could not be 
found between the orientations of the new crystals 
and the matrix. Thus, great difficulty was experi- 
enced in any attempt to correlate these orientations 
from a point of view that the new grains were not 
randomly produced in the strained matrix. For a 
tentative analysis, the data on orientational relation- 
ships between the seven new single crystals and their 
matrices are presented according to the scheme used 
earlier by Mathewson® (Figs. 8 to 14). This scheme 
consists in locating an axis of rotation in an original 
{111} plane (whose pole is closest to one of the octa- 
hedral poles of the recrystallized grains) which 
would transfer this plane to its new location, and 
then adjusting the positions of all other rotated poles 
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to their observed final positions by a second rotation, 
this time around the pole of the relocated {111} 
plane. Table III summarizes the data from these 
seven crystals together with data derived from the 
investigations reported by Carpenter and Elam* and 
Collins and Mathewson.” The basis for the above 
procedure has been suggested earlier in this paper 
and is further defined as follows: 


First of all, it is noticed that in no case, Table III, 
was the fourth octahedral pole of the parent crystal 
observed to be the octahedral pole closest to a similar 
pole of the new crystal, i.e., most likely to represent 
the same plane somewhat displaced by plastic action. 
It is the slip plane corresponding to this pole that 
was never found operative in the authors’ studies of 
plastic deformation. This agrees with the general 
deduction that if displaced remnants of {111} glide 
packets in the slipped matrix, strained into contact 
with similar fragments, are the regions of preforma- 
tion of recrystallization nuclei, then an orientational 
association with the observed operative slip planes 
(primary, conjugate, and cross-slip planes) would 
be expected. Second, the rotation about the axis A, 
in each case seems to represent an average value not 
greatly different from either 22° or 38°, except in 
the two cases of A-18 and A-20. This type of rotation 
of 22° or 38° about a <111> axis is similar to that 
required by Kronberg and Wilson’ in their inter- 
pretation of oriented nucleus formation. Its signifi- 
eance lies in the observation that lattice readjust- 
ments could take place by small movements of the 
atoms around coincidence sites in the stacking of 
octahedral planes. It is held that the strain which 
might account for these small atomic movements is 
derived from the twisting of the glide lamellae in 
the vicinity of slip sites during the operation of a 
process of congruent-incongruent shear in the plastic 
extension of the crystal.’ 

In such cases as A-18 and A-20, which would seem 
to require a-second rotation of approximately 60°, 
a simpler orientational relationship could be ration- 
alized by twinning, as previously described by 
Mathewson® with relation to certain brass crystals. 
A stereographic plot of crystal A-20 from this point 
of view is shown in Fig. 15. 

Among the specimens which formed polycrystals, 


Table III. Orientation Relationship Between a New Single Crystal 
and Its Matrix 


Strain Second 
Ro- Ro- Deviation 
Nearest tation tation of the 
Octahedral About About Second 
Pole of the Ai Ao Rotation 
Crys- Parent (De- (De- from 
tal Crystal grees) grees) 22° o0r388° Remarks 
A-1 Conjugate S. P. 9 3 Wi —5 
A-1l’ Primary S. P. 25 22 0 
A-4 Conjugate S.P. 7 33 —5 
A-5 Conjugate S. P. 20 33 —5 
A-16 Primary S. P. 7 42 +4 
A-18 Conjugate S. P. 17 52 7 Can be 
A-20 Primary S. P. 19 60 4 related 
by twin- 
ning 
No. 78 Conjugate S. P. 15 35 —3 Data replot- 
ted from 
Carpenter 
and Elam? 
No. 78’ Cross S. P. 17 —3 
No. 86 CrossS.P. 15 41 +3 
No. 86’ Conjugate S. P. 15 19 —2 
R-2 Cross S.P. 20 37 —1 Data replot- 
ted from 
Collins and 
Mathewson? 
R-3 Conjugate S. P. 16 52 “2 Can be 
related 
by twin- 
ning 
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Fig. 5a—Crystal growth in specimen 

A-18. The shape of the new crystal 

is parallel to the original deformation 
bands. XI. 


Fig. 5b—Crystal growth in specimen 
A-1'. The shape of the new crystal 
is flat around the circumference. 
Note the unrecrystallized matrix A-1' 
still shows the faint set of deformation 
bands in the middle section. The 
darkest shade near the large end 


represents the mother crystal A-1, 

from which the single crystal A-1’ was 

obtained by annealing at 600° for 2 
hr. X1. 


again used in analyzing 18 of these grains. The first 
rotation varied from 5° to 25°, while the second 
rotation amounted to either 22° or 38° (+3°) in 
nine grains and varied from 30° to 55° in the others. 
Again, no pole representing so-called “forbidden” 
slip in the matrix came closest to an octahedral pole 
of the new crystals. 


Discussion of Results 


It is noteworthy that the amount of strain in a 
tapered aluminum crystal can vary within wide 
limits, e.g., from 1.2 to 54.4 pct elongation, and still 
yield a recrystallized single crystal by subsequent 
annealing at 600°C. It seems that the magnitude of 
the taper (slope, 0.053) giving rise to the “strain 
gradient” and the temperature of anneal (600°C) 
have constituted “critical” combined factors favoring 
crystal growth. Burke and Shiau™ have shown that 
when a region of fine-grained structure is swept by 
a moving grain boundary, the specimen loses its 
capacity to form recrystallization nuclei. Thus, nu- 
cleation and growth are competitive processes and 
in the present case, if sufficient growth of one nu- 
cleus at the higher stressed end of the crystal occurs 
during the incubation period for nucleation, other 
recrystallization nuclei do not appear. 


Fig. 6a—Crystal A-3. Grain formation in 
slip bands. X12. 


A-2 as well as A-6 produced a highly preferred 
orientation at the small end of the taper (cf. Fig. 7), 
while in the remaining parts of the crystal, the 
orientations of the new grains were rather widely 
spread. The data are plotted in standard projections 
in Fig. 16a to e, which represent, respectively, the 
orientations of grains in five different average posi- 
tions on the tapered crystal. It is readily seen from 
Fig. 16a that the orientations of the 25 new grains 
in this section can be rather closely derived by a 
simple rotation of 37° to 40° of their poles around 
the particular <111> pole which possessed approxi- 
mately the same location as the cross-slip pole in the 
matrix. Fig. 16b represents the orientations of six 
fairly large grains at a larger section next to the 
grain clusters plotted in Fig. 16a. Here grains 2, 
24, and 25 can be similarly related to the matrix 
as indicated above, while the other grains begin to 
show pronounced scattering. From this section on- 
ward, up to the large end of the crystal (Fig. 16c, d, 
and e), simple relations between matrix and new 
crystals apparently did not occur. However, a general 
survey showed that most of the grains plotted in 
Fig. 16c, d, and e gave the 22° to 38° relationship 
in an analysis by the dual rotational process. Some 
of them can be related by the mechanism of twin- 
ning, as previously described. 

The orientations of the new grains formed in crys- 
tal A-3 during the cumulative annealing are widely 
scattered in all sections along the specimen. The 
dual-rotational scheme previously described was 
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Fig. 6b—Crystal A-2. Nucleus formation 

in deformation bands. X12. Area re- 

duced approximately 30 pct in reproduc- 
tion. 


Fig. 7—Two views of recrystal- 

lized grains outlined by defor- 

mation bands in crystal A-2. 
X1. 
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Fig. 8—Crystal A-1. 


Fig. 9—Crystal A-1’. 


Fig. 10—Crystal A-4. 


Fig. 11—Crystal A-5. 


Figs. 8 to 14—-Stereographic projections showing constructions giving orientations of new aluminum single 
crystals (open triangles) from orientations of original strained crystals (black triangles). P, pole of 
stress axis; A,, first axis of rotation; and A,, second axis of rotation. 


The study of the shape of the new grains has 
clarified various observations made by other in- 
vestigators. Thus, Karnop and Sachs” reported that 
the inner face of crystal growth in aluminum was 
parallel to the old glide plane, whereas Collins and 
Mathewson” observed that it was parallel to the 
plane of the deformation band. The present results 
confirmed both observations and gave direct evi- 
dence that these features of growth are greatly in- 
fluenced by the structure of the deformed lattice. 
However, the effect of surface energy on the shape 
of the new crystal is also apparent, as indicated by 
the decreasing curvature of the crystal boundary 
during growth, cf. Figs. 1 and 4. 

The growth features shown in Fig. 2 are different 
in two respects from those associated with ordinary 
growth rate curves; i.e., 1—since the crystal is 
tapered, the amount of the matrix to be consumed 
by the growing nucleus varies along the crystal, and 
2—the strain in the matrix also varies along the 
specimen. It can be seen, however, from Fig. 2 that, 
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in general, the rate of crystal growth is greater in 
specimens subjected to the greater strain. Compare 
especially specimens A-16, A-5, A-1, and A-4, where 
A-16 was strained to 29.5 pet at the small end of 
the crystal and A-4 only 1.22 pct, with A-1 and A-5 
at intermediate positions. With crystals A-20, A-18, 
and A-1l’ which developed deformation bands, the 
effect of recovery seems noticeably to have influenced 
the observed growth phenomena. Here, the new 
crystals stopped growing at an intermediate position 
in the matrix even after prolonged annealing. The 
long period of incubation of the severely deformed 
specimen, A-18, at the small end of the taper (elon- 
gation, 54.5 pet, with irregular bands) together with 
the small capacity of the new crystal to grow is re- 
markable. This is comparable, however, to the ob- 
servation by Anderson and Mehl” that the rate of 
growth in specimens elongated as much as 90 pct 
was essentially the same as in specimens strained 
15 pet. 
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Fig. 13—Crystal A-18. 


The exact mechanism of recovery is not under- 
stood. Burgers“ has considered the process in terms 
of the solution and neutralization of dislocations, 
whereas others have considered recovery in terms of 
polygonization. In the present experiments, crystals 
with deformation bands were more susceptible to 
recovery than crystals showing no band formation 
but comparable amounts of elongation. Thus the 
process of recovery seems to be more closely asso- 
ciated with the intimate strain configuration than 
with the net value of strain. Furthermore, since 
deformation bands are readily formed in aluminum 
during plastic deformation, the above observations 
on the recovery of aluminum single crystals confirm 
the general belief that aluminum recovers rather 
more easily than other face-centered cubic metals. 

The orientations of new grains formed during sub- 
sequent annealing of an aluminum single crystal 
after slight to moderate extension cannot be related 
to their matrix by a simple rotation about <111> 
or any other single axis in the crystal. The general 
method adopted by Mathewson® for relating the 
orientation of the new grains to that of the original 
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Fig. 14—Crystal A-20. 


crystal by a process of dual rotations has therefore 
been further tested. It has been demonstrated that 
first of all the “forbidden” slip pole was never found 
closest to an octahedral pole of the new crystal. This 
is in harmony with certain general deductions which 
have been made concerning the interrelationships 
between deformation and recrystallization.’ Secondly, 
a somewhat restricted value of rotation was required 
for the second operation (approximating either 38° 
or 22°) and this presents strong evidence in favor 
of the Kronberg and Wilson mechanism.* These two 
observations of selective action indicate that the 
numerous orientations that may come from a single 
deformed crystal are not wholly random, but are 
direct consequences of the oriented deformation 
process and of oriented nucleation. 

In seeking the origin of oriented nuclei in the 
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Fig. 15—Crystal A-20. Stereographic projection with con- 
tructions showing twin relationship between old and new 
crystals. Original octahedral poles shown as black triangles. 
An orientation twinned about D shown by filled circles. 
Octahedral poles of new crystal shown as open triangles. 
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Fig. 16a to e—Crystal A-2. Stereographic projections showing 

orientation relationships between new crystals and matrix at 

different strain levels along the tapered aluminum crystal 
(represented by axes P,, Pz, P., P,, and P,,). 


structural change during axial extension, it should 
be pointed out that all parts of the crystal do not 
correspond with the easily determined bulk reorien- 
tation during extension. While this is not the place 
for elaborate theoretical speculations concerning the 
general process of plastic deformation, a brief state- 
ment of the assumed basis for the scheme of dual 
rotations seems appropriate. 

Assume the simplest orientation for axial exten- 
sion, approximated by the axial position, P, in Fig. 9, 
in which the slip plane conventionally rotates about 
an included axis normal to the slip direction toward 
the specimen axis as the extension proceeds. Oriented 
nuclei would then be expected to parallel the glide 
lamellae lying in a zone around this normal in the 
absence of other complexities affecting the slip proc- 
ess. Experience shows that this latter condition must 
be admitted to account for such discrepancies as 
have been encountered in this investigation, for 
example. The Mathewson argument’ is that these 
discrepancies have their origin in strains introduced 
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by slip which theoretically is forced to assume <112> 
directions at the boundaries between glide lamellae, 
while the principal substance of the lamellae is dis- 
placed in the conventional <110> direction in re- 
sponse to a critical shear stress along <110> fibers 
of the crystal. The shear is thus congruent with the 
inner driving force in part of a glide lamella but 
incongruent at the slip site, and indeed it may be 
argued that incapability of the displacement to take 
place everywhere in line with the inner application 


of the force is responsible for the break-up into 
lamellae. 


There are thus two different elements of slip and 
rotation operating side by side in the glide lamellae 
as extension proceeds, and this is held to account for 
the torsional disturbance around {111} slip poles 
actually observed in the experiments reported by 
Mathewson. Clearly in such a situation the sites for 
oriented recrystallization nuclei would be found in 
zones around axes deviating from the standard 
<112> axis of rotation, i.e., rotation about a variable 
axis in the slip plane, and a quantitative estimate 
of this deviation would call for knowledge of the 
precise pattern of strain at the slip sites. The authors, 
therefore, rationalize the reoriented grains by a first 
rotation around a variable axis in the slip plane fol- 
lowed by a second rotation around the pole of the 
relocated slip plane, attributed to the torsional dis- 
turbance as a factor in initiating changes allied to 
the Kronberg and Wilson mechanism. The final re- 
sult is of course a wide spread of orientations among 
the recrystallized grains approximating the random 
condition. 

It would be satisfying to find an explanation for 
the distribution of the common poles of the new 
grains around the cross-slip pole in the heavily de- 
formed crystals A-2 (cf. Fig. 16) and A-6 and their 
rather unique clockwise rotation of 37° to 40° about 
this pole. The bulk rotation, P,-P,, of 23° is around 
an axis close to the cross-slip pole and would, of 
course, move the original octahedral poles (filled 
triangles) 23° in the opposite sense to the indicated 
axial change. Thus the 37° to 40° clockwise rotation, 
previously noted, added to the 23° counterclockwise 
rotation, defining the general orientation of the 
strained matrix, shows a twin relationship between 
the new crystals and this strained matrix, i.e., 60° 
rotation around the pole of the twinning plane where 
the grains have presumably nucleated. There is, of 
course, the probability that the Kronberg and Wilson 
mechanism has been operative here. Whatever the 
details of the process involved, there is good reason 
to believe that strains residing in the lattice after 
deformation can be dissipated by reorientations hav- 
ing distinct crystallographic significance in relation 
to these strains. 


Conclusions 

1—The shapes of new crystals were carefully 
studied in relation to the structure of the strained 
matrix. In the absence of band formation the inner 
face of crystal growth lies parallel to the old glide 
plane; whereas, with band formation, the inner face 
is decisively affected by the band. Cooperative in- 
fluence, involving the conjugate slip plane, in addi- 
tion to the primary plane and the deformation band, 
was also observed. 

2—Crystals with deformation bands were found 
more susceptible to recovery or “polygonization” 
than other crystals. Since deformation bands are 
readily formed in aluminum during plastic deforma- 
tion, this observation may also be interpreted to ex- 
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plain the fact that aluminum recovers from residual 
plastic strain with greater facility than most face- 
centered cubic metals. 

3—A unique phenomenon; viz., the growth of a 
single nucleus from a previously tapered and strained 
single crystalline matrix was observed over a wide 
range of pre-existing strain. The results seem to in- 
dicate that the magnitude of the taper and the 
(600°C) annealing temperature have constituted 
critical combined factors favorable to growth. 

4-_The orientations of new grains formed during 
subsequent annealing of an aluminum single crystal 
after slight to moderate extension can be related to 
their matrix by a double rotation based upon a 
theoretical interpretation of the slip process. In two 
cases representing heavily deformed specimens, a 
highly preferred orientation of the new grains was 
found, and its twinned relationship to the matrix 
could be rather closely derived by a simple rotation 
of <11l1l> poles around the pole of the cross-slip 
plane in the matrix. 


Acknowledgment 
The authors wish to thank W. R. Hibbard, Jr. for 
his interest and help concerning this work, and to 
acknowledge their gratitude to M. L. Kronberg and 
R. Maddin for helpful discussions. 


References 


'N. K. Chen and C. H. Mathewson: Structural Stud- 
les of Plastic Deformation in Aluminum Single Crys- 
tals. Trans. AIME (1951) 191, p. 653; JoURNAL OF 
METALS (August 1951). 

°J. S. Bowles and W. Boas: The Effect of Crystal 
Arrangement on Secondary Recrystallization in Metals. 
Journal Inst. Metals (1948) 74, p. 501. 

*M. L. Kronberg and F. H. Wilson: Secondary Re- 
crystallization in Copper. Trans. AIME (1949) 185, p. 
501; JouURNAL oF MetTats (August 1949). 

*P. A. Beck and Hsun Hu: Recrystallization Texture 
and Coarsening Texture in High-Purity Aluminum. 
Trans. AIME (1949) 185, p. 627; JouRNAL OF METALS 
(September 1949). 

*R. Maddin, C. H. Mathewson, and W. R. Hibbard, 
Jr.: The Origin of Annealing Twins in Brass. Trans. 
AIME (1949) 185, p. 655; JouRNAL oF METALS (Septem- 
ber 1949). 

°H. C. Carpenter and C. F. Elam: Experiments on 
the Distortion of Single Crystal Test Pieces of Alumi- 
num. Proc. Royal Soe. (London) (1925) 10%, p. 171. 

“W.G. Burgers and J. C. M. Basart: Rekristallisation 
von Aluminum Einkristallen. Ztsch. Physik (1929) 54, 
p. 74. 

’C. H. Mathewson: Structural Premises of Strain 
Hardening and Recrystallization. Trans. A.S.M. (1944) 
p. 38. 

°C. H. Mathewson: Critical Shear Stress and Incon- 
gruent Shear in Plastic Deformation. Trans. Conn. 
Acad. Arts and Sciences (1950-1951) 38. 

2 J, A. Collins and C. H. Mathewson: Plastic De- 
formation and Recrystallization of Aluminum Single 
Crystals. Trans. AIME (1940) 13%, p. 150. 

uJ. E. Burke and Y. G. Shiau: The Effect of De- 
formation on Grain Growth in Alpha Brass. Trans. 
AIME (1948) 175, p. 141; Mretats TEcHNOLOGY (Sep- 
tember 1947). 

?R. Karnop and G. Sachs: Versuche uber die Re- 
kristallisation von Metallen. Ztsch. Physik (1927) 42, 
p. 283. 

ww. A. Anderson and R. F. Mehl: Recrystallization 
of Aluminum in Terms of the Rate of Nucleation and 
the Rate of Growth. Trans. AIME (1945) 161, p. 140. 

“WwW. G. Burgers: Recovery and Recrystallization 
Viewed as a Process of Dislocation and Migration of 
Dislocations. Proc. Royal Acad. (Amsterdam) (1947) 
50, pp. 452, 295, 719, 858. 


MAY 1952, JOURNAL OF METALS—509 


Discussion — Institute of Metals Division 
St. Louis Meeting, February 1951 and Detroit Meeting, October 1951 
ST. LOUIS MEETING 
Powder Metallurgy of Zirconium (paper by H. H. Hausner, H. S. Kalish, and R. P. Angier. JOURNAL OF 
DETROIT MEETING 
Grain Structure of Aluminum-Killed, Low Carbon Steel Sheets (paper by R. L. Solter and C. W. Beattie. 
Theory of Grain Boundary Migration Rates (paper by D. Turnbull. JournaL or MetTats, August 1951, p. 
Secondary Recrystallization in Copper Wire (paper by G. Bassi. JouRNAL OF METALS, July 1951, p. 533)........ 515 
Systems Titanium-Molybdenum and Titanium-Columbium (paper by M. Hansen, E. L. Kamen, H. D. Kes- 
slereandeD «J. Wicehersons JOURNAL OP MMETALS October ps GOL) 516 
Solidification of Lead-Tin Alloy Droplets (paper by J. H. Hollomon and D. Turnbull. JouRNAL or METALS, 
Constitution and Precipitation-Hardening Properties of Copper-Rich Copper-Tin-Beryllium Alloys (paper 
by R. A. Cresswell and J. W. Cuthbertson. JoURNAL oF METALS, September 1951, p. 782) 0.0.0.0... 516 
Rapid Tempering of High Speed Steel (paper by A. E. Powers and J. F. Libsch. JOURNAL OF METALS, October 
Effect of Rate of Cooling on the Alpha-Beta Transformation in Titanium and Titanium-Molybdenum Alloys 
Burst Phenomenon in the Martensitic Transformation (paper by E. S. Machlin and M. Cohen. JOURNAL OF 
Isothermal Formation of Martensite at Subzero Temperatures in a High Chromium Steel (paper by S. C. 
Das Guptasand. Bas. Lement. JOURNAL OF METALS, september 1951) (2) 520 
Isothermal Transformation and Properties of a Commercial Aluminum Bronze (paper by A. H. Kasberg, 
Intermediate Phases in Ternary Alloy Systems of Transition Elements (paper by S. Rideout, W. D. Manin 
kK. L. Kamen, B. S. Lement, and P. A. Beck. JOURNAL OF METALS, October 1951, p. 872) ............ 522 
Chromium-Nickel Phase Diagram (paper by D. S. Bloom and N. J. Grant. JouRNAL oF METaLs, November 
Effects of Tungsten or Molybdenum Upon the Alpha-Beta Transformation and Gamma Precipitation in Co 
balt-Chromium Alloys (paper by E. E. Fletcher and A. R. Elsea. JOURNAL OF METALS, October 1951, 
Structural Studies of Plastic Deformation in Aluminum Single Crystals (paper by N. K. Chen and C. 
Effect of Alloying Elements on the Elevated Temperature Plastic Properties of Alpha Solid Solutions of 
Aluminum (paper by O. D. Sherby, R. A. Anderson, and J. E. Dorn. JourNaL or MetTats, August 1951, 
Effect of Alloying Elements on the Electrical Resistivity of Alumina Alloys (paper by A. T. Robinson 
Creep Characteristics of Some Platinum Metals at 1382°F (paper by R. H. Atkinson and D. E. Furman. 
Creep Behavior of Zinc Modified by Copper in the Surface Layer (paper by M. R. Pickus and E. R. Parker 
Creep and Stress Rupture Behavior of Aluminum as a Function of Purity (paper by I. S. Servi and N. J. 
Oxidation of Titanium (paper by M. H. Davies and C. E. Birchenall. JourNaL or MEtTats, October 1951, p. 
On the Mechanism and Kinetics of the Scaling of Iron (paper by M. H. Davies, M. T. Simnad, and C. E. i 
Role of Gases in the Production of High Density Powder Compacts (paper by D. Warren and J. F. Libsch. 
05K. 
| 
| 
| 
Powder Metallurgy of Zirconium | 
by Henry H. Hausner, Herbert S. Kalish, and Roswell P. Angier as 
DISCUSSION, L. A. Barera and Robert Steinitz erence to the published work of Hausner et al. on the 
presiding powder metallurgy of zirconium, it will be of interest 


; ee to summarize briefly the results of preliminary work 
A. Blainey (Ministry of Supply, Atomic Energy Re- we have carried out on this subject at A.E.R.E., 
search Establishment, Harwell, England)—With ref- well. For the early experiments we used zirconium 
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and zirconium hydride powders supplied by Metal 
Hydrides Inc. Vacuum sintering of powder compacts, 
cold formed at pressures up to 35 tons per sq in., was 
performed in Nimonic alloy tubes heated externally. 
The zirconium powder compacts were placed in re- 
crystallized alumina boats and sintered in vacuo (107 
mm Hg) at 1100°C. Graphite boats were not used, 
since work on the sintering of other reactive metal 
powders in such containers had indicated that reaction 
with the adsorbed gases occurs during sintering. Since 
the zirconium powder used in these experiments con- 
tained several percentages of oxygen, the sintered 
compacts were brittle, having a hardness of 400 to 500 
Vickers, density up to 6.36 g per cu cm, and a trans- 
verse rupture strength of up to 19 tons per sq in. A 
compact containing 2 pct ZrH, sintered under the same 
conditions showed an increase in density and reduc- 
tion in hardness (both slight) and a considerable (33 
pct) increase in rupture strength. This work is being 
continued and extended at Liverpool University. 

Hot compacting of these powders in protective at- 
mospheres in ceramet dies heated by radiation was 
also investigated. A pressure of 17.5 tons per sq in. 
was used at temperatures of 500° to 850°C. The ZrH, 
compacts disintegrated a short time after ejection from 
the die, presumably due to internal stress caused by 
the hydrogen remaining in solid solution. Strong 
compacts with a density up to 6.45 g per cu cm and 
rupture strength up to 37 tons per sq in. were formed 
from the zirconium powder under these conditions. 

The following comparisons may be made between 
the work of Hausner et al. and our own. We use 
heated magnesium turnings, found to be more effec- 
tive than uranium, to remove traces of nitrogen and 
oxygen from sintering atmospheres. It is necessary 
to purge the system very thoroughly, by repeated 
evacuation, to remove traces of air, and a high rate of 
argon flow is necessary in temperature ranges where 
considerable outgassing of the furnace tube occurs. 
Our experience with the sintering of beryllium com- 
pacts in alumina shows that appreciable quantities of 
aluminum are picked up by the beryllium, no doubt 
by a mechanism Similar to that responsible for the 
pickup of beryllium by zirconium sintered in beryllia. 

H. H. Hausner (authors’ reply)—The low density 
and brittleness of the cold compacted and vacuum 
sintered zirconium was probably due to the relative 
impurity of the raw material and to the low tempera- 
ture at which the compact was sintered. Mr. Blainey 
did not mention the sintering time, which plays an 


important role, especially at low sintering tempera- 
tures. 

Zirconium hydride powder can be hot compacted 
when the process occurs in vacuum and at a tempera- 
ture above 800°C. This fairly high pressing tempera- 
ture is necessary for the decomposition but makes hot 
pressing of the hydride very unattractive. Hot press- 
ing of zirconium powder, however, offers some ad- 
vantages. It can be done at a temperature as low as 
600°C and sinters by application of the necessary pres- 
sure to the full density. The compacting pressure de- 
pends on the size of the compact and on the type of 
lubrication. According to my own experience, hot 
pressed zirconium is considerably less ductile than 
when cold compacted and vacuum sintered. 

Y. C. Chuang and S. J. Kennett (Dept. of Metal- 
lurgy, The University, Liverpool, England)—We were 
particularly interested in this paper as similar work is 
in progress here. Most of our experiments have been 
carried out starting with turnings prepared from mag- 
nesium-reduced zirconium (containing 0.08 pct Fe and 
0.13 pet C). The turnings are converted to hydride by 
heating in hydrogen at 600°C for 1 hr (the hydrogen 
having been passed over copper at 800°C and mag- 
nesium turnings at 600°C). 

In order to reduce oxygen pickup during pulveriz- 
ing, the hydride is shaken in an alloy steel tube, to- 
gether with steel balls (% and % in. in diam), the 
tube being closed with rubber bungs and kept filled 
with nitrogen. The powder is then mechanically 
screened by shaking on 100 and 200 mesh sieves, suc- 
cessively. After shaking for 5 hr the —100 mesh prod- 
uct contains about 50 pct —200 mesh material. The 
original oxygen content of the zirconium is 0.026 pct 
and that of the —100 to +200 and of the —200 mesh 
hydride 0.05 and 0.04 pct respectively. Iron pickup is 
small, 0.09 pet in the powder compared with 0.08 pct 
in the original metal. 

We confirm that the hydride sinters much more 
readily than zirconium powder. The —200 mesh ma- 
terial gives a sintered compact of lower transverse 
rupture strength; possibly due to a concentration of 
carbide in the finer of the particles produced by pul- 
verizing. Further experiments are now being made 
with a purer form of zirconium containing only 0.02 
pet C. Fuller details of our work will be published 
later. 

Ht. H. Hausner—I think that pulverizing the hydride 
in nitrogen may permit picking up nitrogen during 
the ball-mill treatment. The presence of nitrogen has 
many disadvantages, especiaily with regard to the 
corrosion resistance of the material. 


Grain Structure of Aluminum-Killed, Low Carbon Steel Sheets 


by R. L. Solter and C. W. Beattie 


DISCUSSION, B. L. Averbach presiding 


P. A. Beck (College of Engineering, University of 
Illinois, Urbana, Ill.)—This investigation offers some 
good evidence in favor of the aluminum nitride ex- 
planation of grain-growth inhibition in aluminum- 
killed steels. It is particularly interesting that the 
coarsening temperature of such steels was found to be 
associated with greatly increasing solubility of alumi- 
num nitride. This conclusion of the authors is in ex- 
cellent agreement with our own results on coarsening 
in Al-Mn alloys.® 

In these alloys, where the inhibiting particles can 
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be directly observed under the microscope, it was 
found that abrupt coarsening takes place when speci- 
mens containing the Al-Mn compound in fine disper- 
sion are heated to a temperature just below the solvus 
point for the particular composition. The largest grains 
can be obtained at a temperature, where a small 
residual amount of precipitate was still present. When 
temperatures about 10°C above the solvus point were 
used and the precipitate was completely redissolved, 
normal gradual grain growth took place and, because 


SP, aN Beck, M. L. Holzworth, and P. R. Sperry: Effect of a Dis- 
persed Phase on Grain Growth in Al-Mn Alloys. Trans. AIME 
(1949) 180, p. 163; Mrrats TecHnotocy (September 1948). 
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of the specimen thickness limitation, the resulting 
grain size was considerably smaller than at a some- 
what lower annealing temperature. 

A further analogy, in support of the authors’ conclu- 
sion that second-phase inhibition is responsible for 
the retainment of elongated grain shapes in cold rolled 
and annealed steels, is offered by the experience that 
such grain shapes occur in cold rolled and annealed 
commercial aluminum alloys containing finely dis- 
persed inhibiting particles. 

H. T. Clark (Jones and Laughlin Steel Corp., Pitts- 
burgh)—It is gratifying to know that the methods for 
the determination of nitrogen and aluminum nitride 
have been useful to others as well as ourselves. 

After the development of the method for determin- 
ing aluminum nitride, work similar to that discussed 
in this paper was also carried on at Jones and Laugh- 
lin. In general, our data support the conclusions 
reached by the authors, but there are several aspects 
of this whole problem that remain quite puzzling. 

We have made continued efforts to obtain micro- 
scopic evidence of aluminum nitride particles in steel 
but have not been able to satisfy ourselves that we 
have observed this compound. Without such evidence, 
it is difficult to establish precisely how aluminum 
nitride influences grain shape and size, or how it con- 
trols such properties as strain-aging behavior. 

It is also difficult to explain why the aluminum ni- 
tride recovery is low for steels rapidly cooled from 
very high temperatures. Beeghly’s method provides 
analytical evidence that the compound is profoundly 
changed at these temperatures but cannot provide an 
answer regarding the condition of the aluminum ni- 
tride. It still may be present in the steel after such 
heat treatment, but not retained on the filter, or it 
may no longer exist as a compound. 

Soon after the development of the analytical method, 
it was determined that the amount of aluminum ni- 
tride present in cold rolled, annealed, aluminum- 
killed strip steel could not be related to the micro- 
structure; equiaxed and elongated grain material were 
found to have similar aluminum nitride contents. This 
stimulated further investigation of the problem, and 
it is believed that some of the results obtained, show- 
ing the difference in formation of aluminum nitride on 
cooling as compared to heating and the effect on grain 
shape, constitute a pertinent addition to the present 
paper. 

To determine the influence of aluminum nitride on 
the formation of equiaxed or elongated ferrite grains 
during subcritical annealing, hot band samples from 
two heats were treated in a temperature-gradient fur- 
nace similar to the one described by Halley.® Two 


®J. W. Halley: Trans. AIME (1946) 16%, p. 224; Mrrats TrcHNoL- 
ocy (June 1946); Open Hearth Proceedings (1946). 


series of specimens were used; one was preheated for 
15 min at 2250°F before being placed in the gradient 
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furnace, and the other was heated from room tempera- 
ture. Both were held for 1 hr in the gradient furnace 
at temperatures between 900° and 2100°F followed by 
air cooling. Part of each series was sectioned for 
aluminum nitride determinations, part was cold rolled 
35 pet and another part 50 pct, after which they were 
annealed at 1300°F and examined metallographically. 

The results are summarized in Fig. 11. The curves 
of aluminum nitride vs. heating temperature follow 
the same general trend shown in Fig. 8 of the paper 
although the breadth of the high AIN plateau is not 
the same for the two heats. However, the curves ob- 
tained on cooling are somewhat different. Retarded 
cooling did not result in an increase in aluminum ni- 
tride until temperatures below 1600°F were reached. 
In both heats, a maximum value was obtained in a 
fairly narrow range near 1300°F. Arrested cooling at 
lower temperatures resulted in progressively lower 
amounts of aluminum nitride. 

The microstructures obtained after cold rolling and 
annealing are described above each curve. The only 
effect of the amount of cold reduction in this experi- 
ment was a slightly finer grain size, in most cases, for 
the samples cold rolled 50 pet as compared with those 
reduced 35 pct. All samples containing more than 
about 0.005 pet AIN (corresponding to about 0.0016 
pet N, as AIN) before cold rolling produced equiaxed 
or mixed ferrite grain structures during annealing. 
All annealed samples had high AIN contents regard- 
less of the prior treatment. 

To obtain elongated ferrite grains after annealing, 
the aluminum nitride content must be low before cold 
rolling and high after annealing. It is necessary to 
rapidly cool hot rolled, aluminum-killed strip to below 
1200°F for the desired elongated grain structure in 
the finished material. 

From these and the authors’ data, it seems that the 
formation (or precipitation) of aluminum nitride dur- 
ing annealing is a basic condition to the production of 
“satisfactory,” aluminum-killed, deep drawing strip 
steel. However, a sufficient number of exceptions have 
arisen to indicate that other factors may also be im- 
portant in controlling grain shape. It seems fitting to 
call attention to some of these. 

1—The data presented in Table VIII of the paper 
point to the soluble aluminum content as an impor- 
tant factor. Samples 2D and 2E, with more than 0.066 
pet Al, had intermediate or equiaxed grains even 
though apparently a sufficient amount of AIN to pro- 
duce elongated grains was precipitated during anneal- 
ing. 

2—Finally, we would like to call attention to the 
apparent influence of carbon content on grain shape. 
With normal mill practice, elongated grains are ob- 
tained except when the carbon content is 0.08 pet or 
over. In these cases, equiaxed grains result regardless 
of the aluminum and nitrogen contents of the steel. 

As yet, we have no satisfactory explanation for 
these apparent anomalies and would be interested in 
the comments of the authors. 

R. L. Solter and C. W. Beattie (authors’ reply)— 
The discussions presented by Dr. Beck and Mr. Clark 
by analogy and by additional data tend to support the 
authors’ conclusions as to the behavior of aluminum 
nitride in aluminum-killed, low carbon steel sheets. 
It is unfortunate that we have been unable to observe 
the inhibiting particles directly by microscope as was 
possible for the Al-Mn alloys studied by Dr. Beck. 

The curves shown in Fig. 11 of Mr. Clark’s discussion 
further emphasize that a detailed knowledge of prior 
treatment is required for a complete understanding of 
the behavior of aluminum nitride. As stated by Mr. 
Clark, additional factors may also be important in 
controlling grain shape. We did not have sufficient 
data to establish a definite limiting value for the 
nitrogen, precipitated as aluminum nitride, required 
to produce the elongated grain shape. However, as 
shown by values for 2C, 2D, and 2E in Table VIII, 
0.0031 pct precipitated caused an elongated grain 
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structure, 0.0023 pct an intermediate, and 0.0021 pct a 
rounded grain structure. Mr. Clark’s observation that 
all samples in his experiments with more than 0.0016 
pet produced equiaxed or mixed ferrite grain struc- 
tures is not incompatible, when it is considered: 1— 
that samples 2C, 2D, and 2E contained differing 
amounts of residual aluminum, and 2—that there may 
a differences in analytical results between labora- 
ories. 


We did not use steels with carbon contents as high 
as 0.08 pct in this investigation, but in other experi- 
ments have produced elongated grains in steels con- 
taining as much as 0.25 pet C. Consequently, we can 
only suggest that Mr. Clark’s experience with higher 
carbon content may be associated with a different 
degree of response of these steels to his normal mill 
practice. 


Theory of Grain Boundary Migration Rates 


by David Turnbull 


DISCUSSION, B. L. Averbach presiding 


Lo-ching Chang (School of Mines, Columbia Uni- 
versity, New York)—The paper is an excellent exam- 
ple of how fundamental information can be obtained 
through careful analysis and thoughtful interpreta- 
tion of published data. 

Regarding the local melting hypothesis for grain 
boundary flow appearing in the latter part of the paper, 
the author will perhaps recall Barrer’s theoretical 
treatment® of the viscosity of pure liquid metals. Ac- 


383.R. M. Barrer: Trans. Faraday Soc. (1943) 39, pp. 48 and 59. 


cording to his “zone” theory of viscous flow and diffu- 
sion, the energy of activation, E,, is not localized but 
is distributed over a zone of degrees of freedom within 
the liquid. The absorption of E, loosens the liquid in 
this zone as a prerequisite for viscous flow or diffu- 
sion. The size of the activated zone is measured by 
the number of degrees of freedom, f, contained in it, 
and calculation shows that f varies between 1 to 3 for 
liquid metals. This seems to indicate that diffusion 
or viscous flow in liquid metals has a relatively simple 
mechanism. If in viscous flow the activated zone is 
limited to only 1 to 3 degrees of freedom, is it neces- 
sary to loosen by melting from 10 to 34 atoms for 
grain boundary migration to take place, which would 
involve an activated zone containing 10 to 34 degrees 
of freedom, about an order of magnitude larger than 
that predicted for viscous flow? 

Second, does not the correspondence between Q, 
and Q, (see Table I of the paper), both of which 
seem to correlate rather well with the sublimation 
energy of the metal,* suggest that the fundamental 


34B. Chalmers: Progress in Metal Physics (1949) 1, p. 374. 


mechanism for self-diffusion and for grain boundary 
diffusion in a metal is probably the same? The vacancy 
mechanism of diffusion, for instance, requires that the 
diffusion rate be proportional to the number of va- 
cancies in the metal participating in the diffusion act. 
Modern theories of the grain boundary model predict 
a higher density of dislocations, which act as sources 
and sinks for vacancies, near a grain boundary than 
inside the volume of the grain. Does not the vacancy 
mechanism of diffusion also predict relatively large 
mobility at a grain boundary? 

It is our belief that a real knowledge of the mecha- 
nism of diffusion plus further experimental work on 
grain boundary mobility as may be affected by ori- 
entation difference, concentration of impurities, state 
of strain, etc., will lead to a far-reaching understand- 
ing of the grain boundary phenomena. 

C. S. Smith (Institute for the Study of Metals, Uni- 
versity of Chicago, Chicago)—Though I agree with Dr. 
Turnbull regarding the mathematics involved, I be- 
lieve his insistence on the phrase “nucleation and 
growth” for the recrystallization process is unfor- 
tunate. Though the possibility of fluctuations, which 
give rise to crystals of quite different orientation de- 
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spite the high interface energy involved, cannot be 
ruled out entirely, it seems much more likely that the 
phenomenon of recrystallization is one of movement 
of interfaces already present. It may be true that all 
of the mysterious things occurring before a given grain 
gets so large that it can advance at a linear rate into 
its neighbors follow the same mathematics as a nu- 
cleation process; however, the term nucleation has by 
many years of common usage become associated with 
the formation (by thermal fluctuation or otherwise) 
of a discrete volume of a new phase that did not exist 
before, separated from the old material of the matrix 
phase by an interface whose free energy must some- 
how be provided and which is generally the con- 
trolling factor in the process. If no new interfaces 
need form in recrystallization, surely the term nuclea- 
tion is an undesirable one. 

R. R. Hasiguti (Dept. of Metallurgy, Faculty of En- 
gineering, University of Tokyo, Tokyo, Japan)—I am 
very glad to know that the author has found the un- 
expectedly large entropy of activation in boundary 
migration processes in various kinds of materials, be- 
cause it agrees completely with my paper,” which was 


85 R. R. Hasiguti: Journal Physical Soc., Japan (1950) 5, p. 14. 
Errata of this paper are in the same Journal (1951) 6, p. 416. 


presented at the fall meeting of Jananese Institute of 
Metals in 1948. In that paper I suggested that the 
length of the unit of elementary process measured 
parallel to the direction of boundary migration should 
be far larger than the atomic spacing to account for 
the apparently large entropy of activation. By the 
unit of elementary process, I mean an atom or a group 
of atoms which goes from its initial to final state 
across a potential barrier by just one activation. This 
unit might be interpreted as a group of atoms which 
melt at the advancing boundary, as Mott suggests, but 
I am rather inclined to consider that the crystal re- 
mains solid without melting. If we assume the disloca- 
tion model of grain boundary, the boundary migration 
may be interpreted as due to the travel of dislocations, 
which form the grain boundary, through the crystal 
which is to be swept by the migrating boundary. Then 
it may be natural to consider that the traveling dis- 
tance of the once activated dislocations is far larger 
than the atomic spacing. This traveling distance of 
dislocations corresponds to the length of the unit of 
elementary process. 

If the above picture is true, we may further con- 
sider that the traveling distance of dislocations, or the 
length of the unit of the elementary process, will in- 
crease when the temperature is raised. I have assumed 
that the length of the unit of the elementary process 
changes as a function of temperature according to the 
following equation: 


where I is the length of the unit measured parallel to 
the direction of boundary migration; 1, and E, are 
constants; and R and T are the gas constant and the 
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absolute temperature, respectively. And then I have 
derived an equation for the rate of boundary migra- 
tion G in the case of recrystallization as follows: 


G= (al, E,/tRT) exp[—(E + £,)/RT] [20] 


where E is the activation energy of boundary migra- 
tion in the absence of internal strain; t, the time of 
relaxation for the movement of a group of atoms; E,, 
the energy absorbed during cold working; and a, a 
constant which may be nearly equal to unity. (EH + E,) 
corresponds to the experimental activation energy. 

As the driving free energy AF of the present paper 
is nearly equal to E, in eq 20, the following corre- 
spondence between the author’s quantities and our 
quantities may be roughly established: 


As h/kT is equal to the time of relaxation of atomic 
vibration t,, eq 21 can be written as: 


exp [(AS,) ¢/R] ~ (1,/A) / (t/t) [22] 


In order to obtain reasonable values of | from eq 19, l, 
should be about 10° cm, which is about 10% times larger 
than 2. If (t/t,) is about 10°, (AS,), will be about 35 
cal per mol per degree, which is in the range of en- 
tropies of activation tabulated in Table I of the paper. 
So in my opinion, the apparent large value of entropy 
of activation comes from the large value of 1, in my 
equation. It is not easy, however, to find the physical 
meaning of 1,, although mathematically it is the value 
of 1 when the temperature becomes infinite. But I 
should like to emphasize that the physical meaning of 
l is very clear, if we use the above-mentioned dis- 
location model of boundary migration. 

The author tried, fairly successfully, to account for 
the large value of entropy of activation using Mott’s 
fusion theory and Zener’s inclusion theory. But I shall 
be very glad if he will try another possibility of ex- 
plaining it, which I have mentioned here. 

The author assumed that G is independent of time, 
if the temperature is kept constant. This is true in 
most cases. But in our laboratory we found recently 
that in the case of single crystals of aluminum the 
linear rate of growth of recrystallized grain decreases 
after a certain period of heating. Sometimes it was 
found that the grain stops growing completely. Of 
course the impingement of the recrystallized grain was 
avoided, using conditions where one or two grains 
grow in the matrix of the strained single crystal. This 
result may be interpreted as due to the recovery of 
the matrix, which is fairly fast in the case of single 
crystals. 

D. Turnbull (author’s reply)—Dr. Chang has focused 
attention on the basic problem that the number of 
atoms that apparently have to be activated in grain 
boundary migration seems to be far greater than for 
diffusion in solids and possibly liquids, if Barrer’s 
mechanism is accepted. 

I believe that there is no marked correspondence 
between Q, andQ,. I agree with Dr. Chang that self- 
diffusion at grain boundaries may take place by a 
vacancy mechanism. Also as he implies there may be 
a high concentration of vacancies already in the grain 
boundary. From these assumptions, it seems to follow 
that Q, should exceed Q, approximately by the energy 
required to make a gram atom of lattice vacancies. 

In reply to Dr. Smith, I favor dissociating connota- 
tions of mechanism from terms used to designate 
physical phenomena. That is, I believe that it is 
desirable to call a phenomenon one thing and the 
mechanisms used to explain the phenomenon some- 
thing different. Thus, it will not be necessary to devise 
a new nomenclature for the same physical content 
every time the prevailing opinion about the mechanism 
underlying it changes, which is quite often—particu- 
larly in recrystallization. 

Unfortunately, the term “nucleation” has been used 
in the past to denote certain mechanisms as well as 
the phenomena that they are supposed to “explain.” I 
believe that either we must reserve the term nuclea- 
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tion to denote the specific mechanism that Dr. Smith 
indicates or use it to denote an event having some 
well-defined physical description as was done in my 
paper. If we were to adopt the Smith definition of 
nucleation, we should have to invent some new term 
for what commonly has been called nucleation in many 
crystallization and condensation processes. For “‘nuclea- 
tion” of crystals or liquid droplets in supersaturated 
solutions can and probably often does occur without 
the formation of new interfaces, ie., from retained 
nuclei.” 

My dissociation of any connotation of mechanism 
from the term nucleation is not new.” Also Burgers® 


“6D. Turnbull: Journal of Chemical Physics (1950) 18, p. 198. 

37 W. A. Johnson and R. F. Mehl: Trans. AIME (1939) 135, p. 416. 

58 W. G. Burgers: Handbuch der Metall Physik. Vol. 3 (1941) 
Leipzig. 


used the term in describing recrystallization, even 
though he seemed to favor the same mechanism as 
Dr. Smith. 

I thank Professor Hasiguti for his comments and for 
calling my attention to his interesting paper. His 
formulation is similar to Mott’s, excepting that he 
assumes, on the basis of Suzuki’s experiments, that the 
free energy driving recrystallization, AF, varies as 
strain, «, squared. (I assumed a linear relation be- 
tween AF and e). Dr. Hasiguti’s formulation led him 
to the same problem that concerned Mott, Smoluchow- 
ski, and me, namely: (in terms of the formalism of my 
paper) the abnormally large entropy of activation 
(AS,), for boundary migration. 

The solution of the problem proposed by Dr. Hasiguti 
is interesting, but his model is not sufficiently developed 
to reduce the number of disposable parameters, as 
Mott’s theory does, or to permit other quantitative 
predictions. Also, I question the applicability of the 
dislocation model to high energy moving boundaries. 
On the other hand, something like Dr. Hasiguti’s theory, 
if further developed, might be useful for describing 
the motion of low energy boundaries. 


Dr. Hasiguti assumes, as does Mott, that AF is inde- 
pendent of temperature. As pointed out in my paper, 
a large apparent value of (AS,), would be found if 
AF increased with temperature. In the paper the only 
process cited that would cause AF to increase with 
temperature is the solution and coalescence of inclu- 
sions with increasing temperature. Since writing the 
paper, two other possible explanations for a large ap- 
parent value of (AS,), have come to my attention: 

1—Assume that the matrix grains and the growing 
grains contain subboundaries. Now suppose that the 
density of subboundaries, d, in the grains that grow 
decreases markedly with increasing temperature, due 
to substructure coarsening, while d for the matrix 
grains is little affected by temperature. It follows that 
AF will increase with increasing temperature. 

2—R. L. Fullman (private communication) has sug- 
gested that as the positive adsorption of soluble im- 
purities at grain boundaries decreases with increasing 
temperature: (a) the energies of the boundaries con- 
sumed will increase thus causing an increase in AF 
and, (b) positively adsorbed solute atoms decrease the 
mobility of the boundary. Therefore, as the tempera- 
ture is raised two factors operate to increase the 
boundary mobility—thermal activation and a decreased 
density of positively adsorbed atoms at the boundary. 
The operation of the second factor will lead to an 
apparently large (AS,) 

As Dr. Hasiguti indicates G is not always indepen- 
dent of time. Muller occasionally observed cessation 
of growth prior to impingement in his studies of the 
recrystallization of deformed, rock salt single crystals. 
My coworkers (A. M. Turkalo and H. N. Treaftis) and 
I have also observed the phenomenon in the secondary 
recrystallization of cube texture copper. The phenome- 
non may be caused by processes of recovery or grain 
growth in the matrix which reduce AF, or possibly the 
boundary motion is retarded by further concentration 
of positively adsorbed solute on it as the matrix bound- 
aries are consumed. 
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Secondary Recrystallization in Copper Wire 


by Guido Bassi 


DISCUSSION, B. L. Averbach presiding 


W. R. Hibbard, Jr. (General Electric Co., Schenec- 
tady)—It has been found* that if copper wire is drawn 


8 W. R. Hibbard, Jr.: Journal Inst. Metals (August 1950) p. 581. 


99.8 pct reduction in diameter or more, the (100) com- 
ponent of the deformation texture may essentially dis- 
appear. The author’s wires were drawn only 95.8 pct 
reduction in diameter from hot rolled stock. The (100) 
component might be further enhanced by prior hot 
working. Additional cold working leading to the dis- 
appearance of the (100) component might alter the re- 
crystallization texture, since it appears to play an im- 
portant role. In Fig. 6, there is considerable spread from 
the (112) texture on the (002) ring with variable in- 
tensity. Could these results also be interpreted as a 
(210) component? Is there any effect due to etching the 
wires? 

G. Bassi (author’s reply)—The expression “deforma- 
tion texture” in Fig. 1 was originally chosen to describe 
the status of the wire after drawing, without taking 
any stand on the question of whether the [100] com- 
ponent was due to recrystallization or not. 

After the publication of Hibbard’s paper* according 
to which the final cold drawing texture is [111] for 
face-centered cubic metals, further investigations have 
been carried out. 

After drawing a wire rod from 9.5 to 2.5 mm, it was 
annealed for 6 hr at 450°C. The diffraction film showed 
a random orientation of the grains as indicated by Fig. 
9. The wire was then drawn to 0.3 mm, samples also 
being taken at several intermediate sizes. Even after 
about 95 pct area reduction (wire diam, 0.54 mm), there 
was a noticeable sharpening in the intensity of the 
interference spots of both [111] and [100] (Figs. 10 and 
11). This is in disagreement with the results of Hib- 
bard,’ who found that [100] disappeared with increas- 


2 W. R. Hibbard, Jr.: Trans. AIME (1949) 185, p. 598; JouRNaL or 
Metats (September 1949). 


ing reduction. The wire was drawn in continuous ma- 
chines with a low speed and the dies were immersed 
in a cool lubricating solution, so the final temperature 
of the wire was less than 50°C. Furthermore the X-ray 
diagrams were taken within a few hours of the draw- 
ing. Therefore it is not probable that any recrystalliza- 
tion occurred during the drawing or storing of the wire 
at room temperature. All the samples, except one, were 
etched to 0.15 mm before X-raying, in order to prevent 
the disturbing influence of the surface layer of the 
wire. Due to the friction in the dies, this layer has a 
diffuse texture. 

The spread of the interference spots on the (002) ring 
measured as accurately as possible on the film of Fig. 6 
in the paper, gave the following values: 


Theoretical Measured 
33°-47° 
65° 54’ Gide 


It is true that the intensity of the spots varies in a 
way that is difficult to explain, but it will be still more 
difficult to justify a [210] interpretation. There is no 
spot on the (111) ring at ¢ = 75° 02’ and the faint dark- 
ening at ¢ = 90° on the (002) ring is probably due to 
rests from the primary recrystallized [100] texture, 
also seen in Fig. 5 of the paper. The etching of the 
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Fig. 9—X-ray diagram of 2.5 mm wire after 6 hr at 
450°C. Specimen etched to 0.35 mm and not 
rotated. 


Fig. 10—Wire of Fig. 8 drawn to 0.54 mm. Etched 
to 0.14 mm. 95 pct reduction in area. (78.4 pct re- 
duction in diam.) 


Fig. 11—Wire of Fig. 8 drawn to 0.30 mm. Etched 
to 0.14 mm. 98.5 pct reduction in area. (88 pct re- 
duction in diam.) 


samples to a diameter of 0.15 mm probably has no in- 
fluence. A sample that was etched before the annealing 
at 400°C also gave a [112] texture. 
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Systems Titanium-Molybdenum and Titanium-Columbium 


by M. Hansen, E. L. Kamen, H. D. Kessler, and D. J. McPherson 


DISCUSSION, M. Hansen presiding 


P. K. Koh (Research Laboratories, Allegheny Lud- 
lum Steel Corp., Brackenridge, Pa.)—One interesting 
deduction from the contribution by the authors could 
be that molybdenum or columbium plays the role of 
nickel in steels. One would wonder about the gross 
effect. on the titanium matrix due to the alloying of 
molybdenum or columbium in the following respects: 
1—How is the ductility of a titanium alloy improved 
by the addition of molybdenum or columbium? 2— 
What is the effect on the solid solubility of impurities 
in the titanium matrix through the alloying of molyb- 
denum or columbium, especially regarding the con- 
tamination of oxygen and/or nitrogen? 

The authors mentioned the existence of extraneous 
low angle lines in the Debye diffraction patterns on 
powder specimens of Ti-Mo and Ti-Cb alloys. These 
lines were nonexistent in the corresponding solid speci- 
mens. It occurs to the writer that the extraneous lines 
might possibly be obtained from the torn particles of 
the file. A magnetic separation on the powdered alloy 
specimens might clear up the diffraction patterns. 

M. Hansen (authors’ reply)—As the purpose of the 


investigation was only the determination of the two 
phase diagrams, no experimental information was ob- 
tained to quantitatively evaluate the effect of molyb- 
denum and columbium additions on either: 1—the duc- 
tility of the titanium matrix, or 2—the solid solubility 
of impurities in the alloys. 

Some qualitative deductions on the effect of these 
elements on the ductility of the titanium matrix can 
be made, however, from the results of preheat treat- 
ment deformation work. In general, molybdenum addi- 
tions decreased the very good original ductility of both 
the iodide and Process A titanium. Alloys containing 
up to 34 pet Mo could be cold pressed at least to some 
extent, and alloys with more than 35 pct Mo could not 
be forged under the conditions used. 

Columbium additions did not markedly decrease the 
ductility ef the titanium lattice, as borne out by the 
facts that all alloys were easily deformed hot, and 
alloys containing up to 50 pet Cb could be cold worked 
to an 80 pct reduction in thickness. (Higher columbium 
alloys were not cold deformed.) 

With regard to the extraneous low angle lines in the 
diffraction patterns, all samples were magnetically 
treated for removal of stray file particles prior to X-ray. 


Solidification of Lead-Tin Alloy Droplets 


by J. H. Hollomon and D. Turnbull 


DISCUSSION, M. Hansen presiding 


H. M. Meyer (Newark, N. J.)—By dispersing the 
liquid, fhe heterogeneities present are isolated and 
most droplets supercool to solidify by homogeneous 
nucleation. However, a eutectic alloy contains the lead- 
rich crystal after the first solidification temperature. It 
should not supercool further, for the solid and liquid 
phases are in contact with each other. How can we 
speak, thermodynamically, of a “mild” catalytic effect 
where they, in fact, are supposed to react (even though 
two solid phases eventually form) ? 

J. H. Hollomon and D. Turnbull (authors’ reply)— 
Upon cooling an alloy in any eutectic system in the 
absence of heterogeneities either one of the two phases 
may nucleate first. After the nucleation and growth 


of either the a or the 8 phase, the resulting solution is 
enriched in one of the components. Following the nu- 
cleation of, say, the a phase, the solution may become 
sufficiently enriched in £ that it is then supersaturated 
with respect to the nucleation of the 6 phase. However, 
if the nucleation of 6 is completely catalyzed by a, B 
will form when the solution reaches the temperature 
and composition at which it is just saturated with re- 
spect to 6. The a phase can be mildly catalytic in 
which case an intermediate supersaturation will be 
reached before nucleation of the gs. In the Pb-Sn case, 
the tin-rich phase nucleates from a tin-rich solution 
(before the lead-rich phase nucleates) at a slightly 
lower temperature than that at which it forms when 
the lead-rich phase first nucleates. Thus lead has a 
mild catalytic effect on the nucleation of tin. 


Constitution and Precipitation-Hardening Properties of Copper-Rich 
Copper-Tin-Beryllium Alloys 


by R. A. Cresswell and J. W. Cutherbertson 


DISCUSSION, M. Hansen presiding 


J. T. Richards (The Beryllium Corp., Reading, Pa.)— 
This interesting paper prompts several questions: 

1—How do the authors account for the sudden in- 
crease in hardness of Fig. 14 between 64 and 128 hr? 
Either a double aging peak or precipitation of the e 
phase could, of course, cause the increase; however, 
the authors have indicated that e« precipitation is a 
sluggish process. Data showing the course of the curves 
beyond 128 hr would be of considerable interest. 

2—Have the authors an explanation for the differ- 
ences noted in Fig. 21 between hardness and ultimate 
tensile strength curves? The increase in elongation and 
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hardness coupled with the decrease in tensile strength 
for several of the alloys between 400° and 450°C sug- 
gests stress relief due to overaging at the grain bound- 
ary. Microhardness tests might prove helpful in fol- 
lowing reactions at the boundary and within the grain. 

3—Are data available indicating the effect of aging 
upon the elongation of cold-rolled alloys? It is probable 
that aging causes an increase in both the strength and 
elongation with some loss in formability. 

4—Have the authors investigated the forming charac- 
teristics of strip rolled 80 to 87 pct reduction? It is 
anticipated that such material would have considerable 
directionality and low formability. 

5—Do these alloys exhibit intergranular corrosion 
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Table V. Property Data for Several Heat Treated Cu-Sn-Be Alloys 


Tensile Yield Electrical Elon- 
f Refer- Composition, Pct Strength, Strength, Conductivity, Rockwell gation, 
Investigator ence (Bal. Cu) Psi Psi Pet Hardness Pet 
Okamota 10 2.0 Ni, 0.5 Be, 0.5 Sn 50 C21 
Hessenbruch 11 0.8 Sn, 0.3 Be 83,900 39 7.6 
Konishi 12 2.0 Sn, 1.5 Be 114,000 . 99,000 C28 


after quenching from 700°C? This type of corrosion is 
one of the most serious production problems encoun- 
tered in handling low beryllium alloys. 

6—In addition to the property data shown, do the 
authors have proportional limit and endurance figures 
for any of the proposed alloys? 

Table V lists composition and property data for sev- 
eral Cu-Sn-Be alloys from literature not mentioned in 
the paper. Although the authors found no published 
information on Sn-Be, Guertler and Pirani’® previously 
reported solubility and property data for this system. 

Perhaps the most serious drawback to alloys of the 
type mentioned in the present paper is their relatively 
high solution and cold-rolled strength and hardness. In 
commercial Be-Cu alloys, more efficient precipitation 
hardening means better formability in the unhardened 
condition for a given heat-treated strength level. 

It should be pointed out that Okamoto” and Hessen- 
bruch” have found that Si, Mn, Al, Cd, Cr, Ni, Zr, or 
Co additions are as effective as tin in hardening Be-Cu 
alloys of less than 1 pct Be. As indicated by Konishi,” 
however, there is always the possibility that Cu-Sn-Be 
alloys may provide a unique combination of strength 
and bearing qualities. 


2 W. Guertler and M. Pirani: International Tin Research and De- 
velopment Council. Tech. Pub. No. 50, Series A (February 1937) 
23° pp. 
10M. Okamoto: Science Reports. 
(1942) 30, pp. 93-108. 

11 W. Hessenbruch: Ztsch. Metallkunde (1936) 29, pp. 320-323. 

122 Konishi: Keisoku (1951) 1, pp. 13-17; 


R. A. Cresswell and J. W. Cuthbertson (authors’ re- 
ply)—The sudden increase in hardness between 64 and 
128 hr shown in Fig. 14 is attributed to the precipita- 
tion of the e phase. The evidence is that lattice strain 
resulting from the precipitation of this phase increases 
after annealing for 64 hr. 

The apparent lack of agreement between the hard- 
ness and ultimate tensile strength curves in Fig. 21 may 
be due to the cause suggested, but there is an alterna- 
tive, more probable explanation. At the higher aging 
temperatures there is a tendency for the precipitated 6 
phase to ball up at the grain boundaries with conse- 
quent increase in the elongation. A further point, which 
has some bearing on the discrepancy between the 
curves for the high tin, high beryllium alloys is that 
these alloys are two-phase in the solution-treated con- 
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dition, and the presence of the second phase assists 
precipitation hardening. 

No information is available on the elongation of cold- 
rolled alloys and on the resistance of Cu-Sn-Be alloys 
to intergranular corrosion. The forming characteristics 
of cold-rolled alloys have not been fully examined. 
Directionality effects were not observed, but inter- 
mediate annealing was necessary to enable large reduc- 
tions to be taken. As one possible use of these new 
ternary alloys is for springs, it is intended to examine 
their fatigue and corrosion-fatigue resisting properties. 

It is regretted that through an oversight no reference 
was made in the paper to the work of Guertler and 
Pirani. The authors were naturally aware of the work 
of these investigators, which was in fact carried out for 
the International Tin Research and Development Coun- 
cil. The importance of this work is fully appreciated 
but, owing to the form of the Sn-Be diagram as so far 
determined, the knowledge provided does not greatly 
facilitate the interpretation of the ternary system. 

The figures quoted by Mr. Richards from the work of 
Hessenbruch and Konishi, respectively, are for alloys 
of very low tin content, and in the circumstances it is 
not surprising that the reported hardness values for the 
heat-treated alloys are far below those reported by us 
in Table IV for alloys containing 9 pct Sn or more. In 
view of the attention that has been drawn to the claims 
of Okamoto and Hessenbruch that silicon, manganese, 
and a number of other metals are as effective as tin in 
hardening Cu-Be alloys, we must point out that our 
investigation was primarily concerned with the effect 
of adding beryllium to Cu-Sn alloys and not with the 
effect of adding tin to Cu-Be alloys. The low tin alloys 
which we examined were primarily included for the 
purposes of determining the equilibrium diagram and 
the precipitation-hardening experiments were mainly 
confined to the higher tin alloys. 

One object of our investigation was to find whether, 
by adding small amounts of beryllium to Cu-Sn alloys 
containing, say, 8 pct Sn or more, an alloy could be 
produced possessing the mechanical properties of com- 
mercial Cu-Be alloys containing much more beryllium. 
Our results have shown that the high tin ternary alloys 
compare very favorably in this respect with Cu-Be 
alloys and that they effect a saving of at least 70 pct 
in beryllium consumption. 


Rapid Tempering of High Speed Steel 


by A. E. Powers and J. F. Libsch 


DISCUSSION, F. C. Hull presiding 


P. K. Koh (Research Laboratories, Allegheny Lud- 
lum Steel Corp., Brackenridge, Pa.)—On tempering 
steel by the induction heating method, a steep thermal 
gradient is generated from the surface inward. In order 
to heat the steel to the tempering temperature a short 
distance from surface by conduction, a quite high tem- 
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perature is necessary on the surface, especially for 
such a rapid heating rate. One would wonder whether: 
1—The authors ever found eutectic carbide on the sur- 
face of tempered tool. 2—How deep is the case within 
which the steel is properly tempered after a few sec- 
onds of induction heating? 3—Can the conditioning of 
the retained austenite be completed after only a few 
seconds at the tempering temperature? Did the authors 
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prove the complete transformation of retained aus- 
tenite by X-ray diffraction patterns after brief induc- 
tion tempering? 

M. Cohen (Dept. of Metallurgy, Massachusetts Insti- 
tute of Technology, Cambridge, Mass.)—If rapid in- 
duction heating results in plastic strain, this phenom- 
enon would provide a plausible explanation for anom- 
alous acceleration of the tempering process in high 
speed steel, as observed by the authors. However, it 
might be instructive to inquire critically into the role 
of rapid heating as a cause of plastic strain. 

Rapid heating (or cooling) would not be expected 
to set up sufficiently high stresses for plastic strain in 
high speed steel unless steep thermal gradients are pro- 
duced. For all practical purposes, thermal stresses and 
strains increase with the heating (or cooling) rate only 
insofar as rapid temperature changes are conducive to 
the generation of steep thermal gradients. This is par- 
ticularly true, if the heating (or quenching) is applied 
from outside the specimen. In the case of induction 
heating, the heat is generated inside the specimen, but 
presumably it is concentrated in the outer layers and 
hence the conditions exist for enhancing the thermal 
gradients by fast heating rates. If the center of the 
specimen were to heat up nearly as fast as the exterior, 
thermal strains would be minimized. Thus, the occur- 
rence of plastic deformation during induction temper- 
ing would seem to depend upon nonuniformity of heat- 
ing as well as rapidity of heating. 

A critical test of this hypothesis might be provided 
by the induction tempering of % and % in. rounds in 
comparison with the regular %4 in. specimens. The 
power input could be adjusted to achieve the same 
heating rate in each instance (as indicated by the sur- 
face-welded thermocouple employed by the authors). 
Then it would be predicted, according to the plastic 


strain hypothesis, that the anomalous tempering rate 
will increase with the cross-section of the specimen. 

A. E. Powers and J. F. Libsch (authors’ reply)—In 
answer to Dr. Koh, we wish to repeat that the tem- 
peratures were measured on the surface of the speci- 
men and that the heating rates used were well below 
the maximum heating rate which the recording and 
controlling instrument can accurately follow. Although 
specimens induction-heated to the highest recorded 
tempering temperatures (1500°F) were not examined 
for partial transformation at this temperature, no 
transformation is indicated in the hardness and specific 
volume curves. 

Hardness measurements along the cross-section of 
a % in. specimen induction-tempered with an initial 
heating rate of 1300°F per sec revealed no measurable 
hardness gradients. In fact, this heating rate in a 
¥% in. specimen also yielded no significant tempered 
hardness gradients. Our heating rates, although high, 
were not high enough to permit impractical tempera- 
ture gradients. 

By trading temperature for time we have endeavored 
to completely transform the retained austenite. Al- 
though we did not employ X-ray diffraction methods, 
our specific volume curves for the various tempering 
methods indicate that retained austenite is completely 
transformed at proper time-temperature parameter 
values. 

We agree with Dr. Cohen that plastic deformation 
during induction heating may depend upon nonuni- 
formity of heating as well as on rapidity of heating. 
Microstrain due to differing coefficients of thermal ex- 
pansion of the various microconstituents and for the 
various crystallographic directions may also play a 
part. The relative importance of the two sources of 
strain is not known at present. Dr. Cohen’s suggestion 
of using various sized specimens may be helpful in 
determining the mechanism of thermal strain. 


Effect of Rate of Cooling on the Alpha-Beta Transformation in Titanium 
And Titanium-Molybdenum Alloys 


by Pol Duwez 


DISCUSSION, F.C. Hull presiding 


H. Margolin (College of Engineering, New York 
University, New York)—I should like to ask Dr. Duwez 
whether diffuse a’ and Bf lines are obtained when Ti- 
Mo alloy powders are annealed longer than 5 min at 
980°C before quenching in liquid argon. 

P. Duwez (author’s reply)—It is difficult to anneal 
a powder at 980°C in vacuum without considerable 
sintering. When such sintering takes place, filing of 
the sintered slug is necessary and diffuse lines are to 
be expected because of internal strain. Other experi- 
mental techniques should therefore be used in order 
to answer Dr. Margolin’s question. 

W. Rostoker (Armour Research Foundation, Chicago) 
—We were particularly interested in Dr. Duwez’s 
paper because of our analogous work on the phase 
diagram and transformation rates in the Ti-Mo system. 
The phase diagram determined here” has already been 


19M. Hansen, E. L. Kamen, D. H. Kessler, and D. J. McPherson; 
Trans. AIME (1951) 191, p. 881; JournaL or MeTats (October 1951). 


presented and certain, very obvious differences exist 
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between ours and Dr. Duwez’s results. The origin of 
these differences is obscure. 

Concurrently with phase equilibria studies, work has 
been directed to a study of the transformation charac- 
teristics. The transformations of a supersaturated g 
phase may proceed either by a nucleation and growth 
process or by the time-independent, temperature-de- 
pendent reaction generally termed martensitic. The 
reaction kinetics may be conveniently summarized 
graphically on conventional TTT charts. The M, tem- 
peratures were determined by a modified Greninger- 
Troiano method and the results show consistently 
lower temperatures than those reported by Dr. Duwez. 
A report of this work will appear in the very near 
future, and it is hoped a fuller discussion may be 
entered upon at that time. 

P. Duwez—The author is very much interested in Dr. 
Rostoker’s comments. The reasons for the discrepan- 
cies between the two Ti-Mo phase diagrams are not 
obvious. As far as the discrepancies in the M, de- 
terminations are concerned, it is believed that the two 
techniques, namely thermal arrest and microscopic 
observation, might lead to measuring two different 
phenomena. 
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Burst Phenomenon in the Martensitic Transformation 


by E. S. Machlin and Morris Cohen 


DISCUSSION, F. C. Hull presiding 


H. Suzuki and T. Homma (The Research Institute of 
Iron, Steel and Other Metals, Tohoku University, Sen- 
dai, Japan)—Having dealt with the same subject in 
recent years, we read this paper with great interest. 
Throughout the paper some confusion seems to arise 
from disregarding the fact that there are two dis- 
tinctly different mechanisms of propagation of the 
transformation in Fe-Ni alloys, one is the “Schiebung” 
and the other is the “Umklapp” transformation, as 
originally called by Forster and Scheil.° The latter 
type of transformation is observed as the remarkable 
phenomenon “burst” in the case of a coarse grained 
specimen. Under ordinary conditions the former takes 
place in alloys containing less than 29.5 pct Ni, while 
in alloys of higher nickel content the transformation 
of the latter type takes place. In Fe-Ni-C alloys, the 
boundary between two regions showing these distinct 
mechanisms is displaced to lower nickel concentra- 
tions, when the carbon content is increased. In the 
case of plain carbon steel the boundary corresponds 
to about 1.5 pet C. The two mechanisms do not always 
take place in accordance with the above-mentioned 
rule. For example, the Umklapp transformation is 
observed even in 25 pct Ni-75 pct Fe alloys when 
cooled over —40°C. Therefore, the quantity of mar- 
tensite above the M, point is not a characteristic one, 
but depends upon the nickel content and also on the 
rate of transformation. The apparent constancy of the 
quantity of martensite is caused by the fact that the 
Schiebung transformation takes place on the free sur- 
face at temperatures 10° to 20°C higher than in the 
interior of the crystal, while the nuclei of the Umklapp 
transformation cannot be formed at the surface. 

In Fig. 12, the temperature of various types of y>a 
transformations are plotted against the nickel content. 
Alloys containing more than 35 pct Ni do not trans- 
form by means of the Umklapp mechanism even when 
cooled to —195°C. 

The rate of propagation of the Schiebung trans- 
formation is slower than the Umklapp and, in the case 
of the former mechanism, providing artificial nuclei 
by means of a needle scratch, one can observe the 
propagation at as slow a rate as one wishes, if the 
experiment is carried out at a suitable temperature. 
On the other hand, artificial nucleation of the Umklapp 
could hardly be achieved even with such shocks as 
hammering. The martensite plates in Figs. 4, 5, and 6 
of the paper seem to be formed by the Schiebung 
mechanism and that in Fig. 7 by the Umklapp mecha- 
nism. If the surface of the specimen had been continu- 
ously observed, and if the recooling had been carried 
out far more slowly, the continuous propagation of the 
plates a, b, c, and d in those figures would be observed. 


The habit planes are different in the two mecha- - 


nisms. In the case of the Umklapp they are {259} as 
measured by the authors and by Greninger and 
Troiano,” and in the case of the Schiebung they repre- 


15 A, B. Greninger and A. R. Troiano: Crystallography of Austen- 
ite Decomposition. Trans. AIME (1940) 140, p. 307. 


sent {225} habit. Moreover, in the latter case, the 
habit of reliefs at the free surface depends also upon 
the direction of the free surface. Hence there is some 
doubt that the planes in Figs. 4, 5, and 6 have the 
{259} habit. wis 
For the theoretical considerations, in our opinion, 
the different mechanisms in the martensitic trans- 
formation cannot be understood by means of such 
phenomenological concepts as athermal nucleation, 
thermal nucleation, or strain embryo. It is also clear 
that the formation of the martensite nucleus and its 
growth cannot be well described in terms of motion of 
individual atoms, according to Fisher, Hollomon and 
Turnbull,® because the interaction between atoms is so 


TRANSACTIONS AIME 


-/00 
Freqpoatly mat 
dilatation Zs 
Ms at the twin and the grain boundary Z 
and Aunface Z 
Z| 


Fig. 12—Effect of nickel on the gamma to 
alpha transformation. 


strong that the “burst” takes place in the course of the 
transformation. The process can be described with 
better approximation by explicitly considering the mo- 
tion of dislocations. As easily seen from the inco- 


16 J, W. Christian: A Theory of the Transformation in Pure Co- 
balt. Proc. Royal Soc. (1951) 206A, p. 51. 


herency of atomic arrangements at the surface of a 
martensite plate, there are rows of dislocations form- 
ing the boundary at the surface. Therefore a mul- 
tiplication of dislocations must be required in the 
course of propagation of transformation, and the dif- 
ference in the mechanism of multiplication results 
from the difference in the transformation mechanism. 
Thus the criterion of the occurrence of the burst is 
given by the conditions concerning the motion and 
formation of dislocations. In the case of the Schiebung 
transformation, the dislocations are multiplied in a 
manner analogous to that of ordinary slip, while in 
the case of the Umklapp the process resembles the 
deformation twin. It is unfortunate that the detailed 
description of the model of transformation and many 
experimental results consistent with this model must 
be reserved for the paper shortly to be published in 
Science Report of Research Institute of the Tohoku 
University. 

E. S. Machlin and M. Cohen (authors’ reply) —We 
are gratified to learn of the interest of Drs. Suzuki and 
Homma in the burst aspect of the martensitic trans- 
formation. Their Fig. 12 demonstrates that the burst 
temperature varies in a characteristic way with the 
nickel content, and that the phenomenon studied in 
the present paper is not an isolated case. We shall 
look forward to the publication of the rest of their 
results, together with a detailed explanation of the 
“Schiebung” and “Umklapp” models that they wish 
to apply to the transformation. At the present mo- 
ment, it is difficult to assess the areas of agreement 
and disagreement between the discussers and the 
authors. 

There are probably two (or more) ways in which 
martensite may propagate, one leading to the sudden 
formation of individual plates, and the other leading 
to gradual growth or thickening with decreasing tem- 
perature. Examples of the latter are the Au-Cd™ and 
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In-Th* alloys. It appears from Fig. 12 that gradual 


LL. C. Chang and T. A. Read: Plastic Deformation Diffusionless 
Phase Changes in Metals—The Gold-Cadmium Beta Phase. Trans. 
AIME (1951) 191, p. 47; Journat or Mertrats (January 1951). 

18L. Guttman: Crystal Structures and Transformations in Indium- 
Thallium Solid Solutions. Trans. AIME (1950) 188, p. 1472; JourNaL 
or Metats (December 1950). 


growth may also occur in Fe-Ni alloys containing less 
than about 29 pct Ni. Gradual growth was not ob- 
served in the authors’ work, based on alloys containing 
29.5 to 31.4 pet Ni. In this case, even the martensite 
formed above M, was of the “sudden” type. The very 
thin plates a, b, c, and d in Figs. 5 and 6 and the 
thicker plates e, f, g, and h belong in this category, 
with the thicker ones comprising the main part of the 
transformation between M, and M,. 

No habit measurements on the plates formed above 
M, have been made, but there is no reason to suppose 
that the habit changes suddenly from {225} to {259} 
on passing through M,. In fact, the plates e, f, g, and h 
look similar, except for size, to the very massive plates 
appearing below M, (Fig. 7). However, the thin 
plates a, b, c, and d have a different appearance and 
may not conform to the {259} habit exhibited by the 
plates below M,,.* 

The significance of the martensite habit has been 
discussed in detail by the authors elsewhere.’ Both 
the {225}" and {259}* habits can be accounted for in 
terms of a double-strain mechanism involving two 
homogeneous displacements. Hence, it is not likely 


that the two habits typify such different processes as 
slip (Schiebung) and twinning (Umklapp) respec- 
tively. The discussers state that the former nucleates 
more readily at a free surface than in the interior of 
a crystal, while the latter does not. The authors have 
found that, both above and below M,, there is prefer- 
ential nucleation at surfaces. Moreover, contrary to - 
the discussers’ remark about artificial nucleation, 
both M, and M, may be raised by deformation. 

The propagation of a martensite boundary by the 
dislocation mechanism of Christian” is not inconsis- 
tent with the concept of strain embryos. Christian’s 
proposed multiplication of half-dislocations to explain 
the conversion of hexagonal close-packed cobalt to 
face-centered cubic cobalt is a particular model of a 
propagation process, but the prior presence of stacking 
faults is required to furnish the nuclei. In a similar 
sense, it is visualized that strain embryos provide the 
nuclei for the martensitic transformation under dis- 
cussion here. If a dislocation mechanism can be sug- 
gested that accounts for: 1—the generation of {259} 
plates, 2--the corresponding mass movements, and 3— 
the final lattice relationships, one would still be con- 
cerned with the activation process that enables the 
propagation to start. The strain embryos enter the 
picture in this role. 


19 J. S. Bowles: The Crystallographic Mechanism of the Marten- 
site Reaction in Iron-Carbon Alloys. Acta Crystallographica (March 
1951) p. 162. 


Isothermal Formation of Martensite at Subzero Temperatures in a High Chromium Steel 


by S. C. Das Gupta and B. S. Lement 


DISCUSSION, F. C. Hull presiding 


S. A. Kulin and G. R. Speich (Atomic Power Div., 
Westinghouse Electric Corp., Pittsburgh)—The authors 
have made a valuable contribution to the information 
available on the low temperature kinetics of the mar- 
tensitic transformation. A similar study has recently 
been completed on a 14 pct Cr, 9 pct Ni, Fe-base 
alloy. Extensive isothermal formation of martensite 


uS, A. Kulin and G. R. Speich: Isothermal Martensite Formation 
in an Iron-Chromium-Nickel Alloy. JournaL or Metats (March 
1952), Trans. AIME, p. 258. 


occurs in this alloy at subzero temperatures. 

In conformity with the results obtained by the au- 
thors it was found that: 

1—The amount of martensite obtained on direct 
quenching passes through a maximum with decreasing 
temperature of the quench. This is attributable to the 
“anisothermal” component of the transformation. 

2—The initial rate of isothermal transformation goes 
through a maximum with decrease in temperature. 
However, it was found that the initial martensite con- 


tent had no significant effect on the initial rate of 
isothermal transformation. 

The conclusion that isothermal transformation is 
always preceded by some athermal transformation can- 
not be considered general since this was not found to 
be the case for the 14 pct Cr, 9 pct Ni, Fe-base alloy. 
In the latter alloy, isothermal martensite transforma- 
tion takes place at temperatures above the M, tem- 
perature. 

B. S. Lement (authors’ reply)—The possibility of 
isothermal formation of martensite in the 15 pct Cr, 
0.7 pct C steel above M, (—65°C) was investigated, but 
no definite evidence of this phenomenon was found. 
Although very small amounts of martensite were ob- 
served in some specimens held at —60°C for long 
times, this could not be confirmed as isothermal mar- 
tensite because of difficulty of duplicating such results. 
If isothermal formation of martensite actually takes 
place just above M,, the amount formed is probably 
less than 0.25 pct. On the other hand, no martensite 
was observed after holding specimens for long times 
at —50°C and above. 


Isothermal Transformation and Properties of a Commercial Aluminum Bronze 


by A. S. Kasberg, Jr. and David J. Mack 


DISCUSSION, F.C. Hull presiding 


J.T. Richards (The Beryllium Corp., Reading, Pa.)— 
The mechanical property data listed in Table I and 
the test methods employed merit further consideration. 
The authors have reported excellent agreement be- 
tween static and dynamic modulus determinations. As 


520—JOURNAL OF METALS, MAY 1952 


expected, the dynamic value generally exceeds the 
static modulus. This is probably due in part to the 
adiabatic characteristic of the dynamic modulus, which 
theoretically should exceed static or isothermal de- 
terminations. Rough calculations, based on the rela- 
tionship: 


JT. Barducci: Alluminio (1950) 19, pp. 416-418. 
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AE Eis 2.39 T Eis a 


E Eua 10°C, p 

where T is the absolute temperature (°K); a, the coef- 
ficient of thermal expansion per °K; Gretnemspecitic 
heat at constant pressure (cal per g per °K); p, the 
density (g per sq cm); and E,,, the isothermal elastic 
modulus (dynes per sq cm); indicate that the dynamic 
values should exceed static determinations for alu- 
minum bronze by about 0.36 pct. : 

Of perhaps greater significance, however, is the role 
of stress, since the static value is evidently obtained at 
a considerably higher stress level than the dynamic 
determination. The increase in modulus resulting from 
dynamic tests ranges from 0 to 23 pct, with the smallest 
changes occurring in the high strength specimens. 
This agrees with the authors’ statement that the harder 
materials produce stress-strain curves in which the 
lower portion approaches a straight line. In the other 
specimens, the nonlinear relationship between stress 
and strain causes a marked reduction in modulus at a 
stress level of one third the yield strength (based on 
0.5 pet elongation). 

Modulus values determined from the slope of the 
tangent to the stress-strain curve at one third the 
yield strength make comparisons difficult. It would be 
interesting to compare dynamic moduli with static 
values obtained from the tangent at zero stress. Do the 
authors have other modulus data available? 

Although frequently employed in the copper and 
brass industry, yield strength obtained at 0.5 pct elon- 
gation is of doubtful design value since it does not 
provide a measure of plastic damage. In an extreme 
case, it is possible to have two materials of the same 
yield strength but different modulus wherein the pro- 
portional limit of one is at zero stress while in the 
other the entire specified 0.5 pet extension is performed 
elastically. This latter condition is generally the case 
in high strength materials, such as beryllium copper, 
so that the yield strength at 0.5 pct elongation falls 
below the proportional limit and consequently is al- 
ways a function of modulus.” 


16 J. T. Richards and E. M. Smith. Paper presented at the 1951 
Annual Meeting, A.S.T.M. 


M. C. Nickson (London, England)—The authors have 
made a valuable contribution to the literature on 
aluminum bronze and especially on the effect of an 
alloying element on the isothermal transformation of 
these alloys. Two points of interest arise however. 

The aluminum content of the aluminum bronze in- 
vestigated by the authors is high compared with those 
alloys which enjoy wider application in the heat- 
treated condition in this country, and one wonders 
whether such an aluminum bronze is ever heat treated 
in the United States. If not, there would seem to have 
been little advantage in investigating a commercial 
alloy of this high aluminum level. Little justification 
can be seen for the suggestion that the alloy- chosen 
was equivalent to the eutectoid of the binary Cu-Al 
alloys because of the “negative replacement effect.” 
Admittedly such an effect has been claimed by Dreher, 
but Yutaka and also Nishimura and Hisatune™ indicate 


17 Nippon Kinzoku Gakkai-Si (1938) 2, (12) p. 597. 


that iron has little effect on the aluminum content of 
the eutectoid. This is shown in their papers by the 
line representing the eutectoid composition being sen- 
sibly parallel to the Cu-Fe side of the isothermal sec- 
tion of the ternary diagram. 

The writer also finds it difficult to accept the authors’ 
account of the iron-rich particles. The authors take the 
view that the particles are body-centered cubic a iron. 
In this they are apparently supported by Yutaka, but 
the more complete investigations of Nishimura and 
Hisatune and Bradley and Goldschmidt* lead to a 
different view. According to these authors, a iron 


18 Journal Inst. Metals (1939) 65, (2) p. 389. 


occurs only as a second phase in a aluminum bronzes, 
and the iron constituent (variously named T or f,), 
which occurs in the 6 alloys and their decomposition 
products, is an intermetallic phase with a variable 
composition within the range 20 to 27 pct Al, 25 to 45 
pet Fe, balance Cu. It would be interesting to have 
more detailed information of the indirect evidence 
which the authors say they have that the particles are 
a iron in the present alloy. 

A. H. Kasberg and D. J. Mack (authors’ reply )—The 
authors are aware of Mr. Richards’ intense interest in 
the modulus and some of the interesting research he 
has underway to settle a few of the controversial con- 
siderations associated with the modulus and its de- 
termination, particularly in beryllium bronzes. The 
authors are, and were, cognizant of the questions which 
Mr. Richards has raised: 1—concerning the arbitrary 
choice of a yield strength based on 0.5 pct elongation . 
and 2—the determination of the static modulus at a 
stress level of one third the yield strength. 

It is our belief that despite the complete validity of 
Mr. Richard’s arguments on both these items, our choice 
can be defended on the purely dogmatic basis that these 
values are extensively used by producers and con- 
sumers of aluminum bronze. However, Table II shows 
that the modulus is much higher when measured near 
the zero stress level on the stress-strain curves than 
when determined at a stress level of one third the 
yield strength (cols. 1, 2, and 3 are taken from the 
paper). These values determined from the stress- 
strain curves near the zero stress level give values in 
excess of the dynamic modulus. Granting that the 
modulus should increase as the stress level at which 
it is determined decreases, the results in the table 
seem unreasonable, although some similar large dif- 
ferences between static and dynamic moduli have been 
reported in the literature.* Before the results in the 
last column are appraised too critically, the inherent 
difficulties of the slope of tangent method at very low 
stresses such as used here should be kept in mind. Also, 
Froman,” and Evans and Wood” have shown that E 
increases very rapidly as the stress increases from 0, 
reaching a maximum value at 42.4 psi stress for steel 
and 56.6 to 424 psi stress for brass. The modulus then 
decreased gradually with further increase in stress 
until it reached the normal value. The values of E 
obtained at these very low stresses are 20 to 30 pct 
greater than the ordinary values. Ichinose* could not 


19D. K. Froman: Physical Review (1930) 35, p. 264. 

20R H. Evans and R. H. Wood Philosophical Magazine (1936) 
21, p. 68. 

21 Masami Ichinose: Proc. Phys. Math. Soc. Japan (1941) 23, (2) 
pp. 119-131. 


confirm these results although his load increments 
may have straddled the stress range in which this 
effect is observed. 

Mr. Nickson has raised a question concerning the 
high aluminum bronzes used in this country. The 
alloy used in this study, Ampco 20, is a commonly used 
alloy for such things as knuckle joint bushings, cams 
and rollers, gibs, slides and welding jaws. It is always 
used in the quenched and tempered condition, as are 
all alloys lying beyond the a solubility limit. 

Despite the phase diagrams of Yutaka and also 
Nishimura and Hisatune, which show that the eutec- 


Table II. Modulus of Elasticity Under Various Stress Conditions 


Static 
Modulus of Static 
Elasticity Modulus of 
Dynamic (at 1/3 the Elasticity 
Modulus of Yield Near Zero 
Speci- Elasticity, Strength), Stress, 
men 106 Psi 106 Psi 106 Psi 
1A 13.3 11.8 15 
1D 13:2) 11.3 16.3 
1E 11.4 9.3 10.5 
Q 13.0 12.0 14.7 
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toid line parallels the Cu-Fe side of the diagram, it 
was found impossible to prepare an alloy that was en- 
tirely pearlite unless the aluminum content was in- 
creased from 11.8 to 12.31 pct. This “negative replace- 
ment effect” is merely another way of saying that 
there is a partition of the solute aluminum between 
the two phases, face-centered cubic a and the body- 
centered cubic « iron. Such a partition is well known 
for many ternary alloys, particularly steels to which 
a carbide-forming ternary element has been added. 
It was desirable to have a eutectoid alloy in this work 
to avoid possible complications from pro-eutectoid 
phases. 

The indirect evidence which led the authors to sus- 
pect the particles were body-centered cubic a iron be- 
fore Yutaka’s paper was located is: 1—the iron-bear- 
ing aluminum bronzes are slightly magnetic, the mag- 
netism being directly associated with the number of 
visible iron particles; 2—the presence of carbon in 
aluminum bronze melts frequently causes a liquid 
miscibility gap which is suggestive of the Fe-Cu-C 
system; 3—the presence of iron causes a segregation 
during the freezing of alloys of eutectoid composition 
which leaves large areas of y, in the structure of sand- 


cast specimens. These y, areas disappear during the 
homogenizing heat treatment, thus suggesting a peri- 
tectic reaction which could be a projection of the Cu- 
Fe peritectic into the ternary Cu-Al-Fe system. It was 
also possible to calculate the composition of the iron- - 
rich phase thus: 


Composition of Cu-Al eutectoid == 
Composition of Cu-Al-Fe eutectoid = 12.3 pct Al 


when 3.7 pct Fe is present (approximately) as in 
Ampco 20. 


0.5 

Then: 12.3 — 11.8 = 0.5 pet Al and ————— 

3.7 + 0.5 
12 pct Al in the iron-rich phase. This composition was 
well within the magnetic a range of the Fe-Al system, 
very little Cu being present in the particles because 
Cu is only slightly soluble in body-centered cubic a 
iron. 

Although the senior author was unable to electro- 
lytically or otherwise extract the iron particles for 
analysis, thus confirming the indirect evidence, some 
work is currently underway that, it is hoped, will 
permit direct analysis of the particles. 


Intermediate Phases in Ternary Alloy Systems of Transition Elements 


by Sheldon Rideout, W. D. Manly, E. L. Kamen, B. S. Lement, and Paul A. Beck 


DISCUSSION, J. T. Norton presiding 


A. G. Metcalfe (Deloro, Ont., Canada)—The Co-Cr- 
Mo system has been investigated in the Department of 
Metallurgy, University of Cambridge, England, using 
the methods of thermal analysis and dilatometry. It 
was found that many of the phases in this system can- 
not be retained by quenching, so that methods of ex- 
amination at temperature are necessary. However, 
Sykes and Graff* were able to retain the @ phase in the 
Co-Mo system by quenching, so that it is interesting 
that this phase does not appear in Fig. 3, as it does not 
decompose until 1200°C according to these authors. In 
alloys of more than 99.9 pct purity, we found the trans- 
formation to be at 1205°C. The advantage of the method 
of examination at temperature was demonstrated by 
the detection and investigation of a high temperature 
allotrope of cobalt. This phase was found to be present 
in the 1200°C section of the diagram. The composition 
boundary of the « phase was not determined, but an 
alloy containing 53.3 pct Cr appeared to be in the o 
field at 1200°C, in agreement with Elsea, Westerman, 
and Manning.” The question of purity appears to be of 


144A, G. Metcalfe: Proc. World Metallurgical Congress, Detroit 
(October 1951). 

15 A. R. Elsea, A. B. Westerman, and G. K. Manning: Trans. AIME 
(1948) 180, p. 579; Mrrats TrecunoLtocy (June 1948). 


importance as the cobalt used in the authors’ alloys 
contained over 1 pct impurities. The shift of the c- 
phase field towards the cobalt corner would be ex- 
pected to result in a corresponding decrease in the 
solubility of molybdenum in this phase; this appeared 
to be nearer 25 pct. 

Alloys of high molybdenum content were not investi- 
gated in this work, and the R phase was not discovered. 
The existence of this phase and the phase in the Ni-Cr- 
Mo system is of great importance, and further details 
of its structure will be awaited with interest. One 
peculiarity seems to be that many of the a, lines in the 
diffraction pattern are frequently more intense than the 
a, lines (e.g., mw against vw for the line of spacing 
1.246kX). 
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P. A. Beck (authors’ reply)—Mr. Metcalfe is correct 
in stating that thermal analysis and dilatometry have 
the advantage of detecting transformations directly at 
temperature, without the necessity of quenching to 
room temperature. However, these methods are much 
less positive in identifying phases than the combination 
of X-ray diffraction and microscopy used in the present 
work. It is believed that the difference in the methods 
used at Cambridge and at Notre Dame has no bearing 
on the points raised by Mr. Metcalfe. That “many of 
the phases in this system (Co-Cr-Mo) can not be re- 
tained by quenching” is very doubtful. The only such 
phase specifically mentioned by Mr. Metcalfe is the 
new high temperature modification of cobalt, suggested 
by him. The existence and identity of this phase still 
remains to be confirmed by means of high temperature 
X-ray diffraction. 

It is indeed quite possible that a high temperature 
transformation in cobalt, not suppressible by quench- 
ing, might have eluded us, since in the present work 
the immediate vicinity of the cobalt corner of the Co- 
Cr-Mo diagram was not investigated. The a alloys pre- 
pared (see Fig. 7) were calculated to locate the bound- 
aries of a saturated with o, R, and uw. Careful micro- 
scopic examination of these alloy specimens showed no 
trace of the familiar acicular structures usually result- 
ing from not suppressible transformations, which take 
place on quenching. On the contrary, the specimens 
contained typical large equiaxed grains of a, which 
must have formed by grain growth at the annealing 
temperature of 1200°C. This suggests strongly that, at 
least in the composition range investigated, a is stable 
at that temperature. 

The 6 phase was definitely not detected at 1200°C, 
although this question was specifically investigated. As 
Mr. Metcalfe points out in his discussion, according to 
Sykes and Graff 6 can be retained by quenching, so that 
here again, the use of quenched alloys does not account 
for the difference in results. It is quite possible, how- 
ever, that differences in the impurity content of the 
alloys used may have shifted the peritectoid tempera- 
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Fig. 7—1200°C isothermal section of Co-Cr-Mo diagram, with phase boundaries and the composition of 
ternary alloys used. Most binary alloys which were prepared are not indicated. 


ture by 5°C or so, thus causing the slight discrepancy 
with Mr. Metcalfe’s findings. 

The suggestion that impurities in the cobalt may 
have caused a change in the (cobalt, chromium) o 
phase boundaries from 52 to 58 to 56 to 60 pct Cr is 
quite unlikely. The major impurity in the cobalt used 
is nickel and, in accordance with Fig. 1 of the paper, 
the amount of nickel present (0.46 pct) is not expected 
to shift the cobalt-rich limit of « by more than about 


0.12 pet Cr, in contrast with the observed change of 4 
pet Cr. The binary (cobalt, chromium) o boundaries, 
located in the present work by means of 11 alloys of 
suitably chosen composition, are compatible with the 
values given in the paper by Elsea, Westerman, and 
Manning” within the limits of accuracy in the latter.” 
Mr. Metcalfe is apparently basing his conclusions on 
results with a single alloy. 


16 Personal communication from A. R. Elsea. 


Chromium-Nickel Phase Diagram 


by David S. Bloom and Nicholas J. Grant 


DISCUSSION, J. T. Norton presiding 


P. Duwez and H. Martens (California Institute of 
Technology, Pasadena, Calif.)—The results obtained by 
the authors lead to such a drastic departure from the 
generally accepted Cr-Ni phase diagram that it is felt 
that additional results should be presented before the 
new diagram is considered as being the correct one. In 
our laboratory, we have prepared a few alloys by melt- 
ing in a helium arc furnace. Their structures were 
studied by microscopy and by X-ray diffraction, using 
the powder method with either chromium or copper 
radiation. The results are summarized in Table I. 

No extra reflections were observed in the diffraction 
patterns, except for the 70 pct Cr alloy as melted. The 
few extra lines present in this pattern were apparently 
not the same as those given in Bloom and Grant’s 
paper, and their interpretation is not clear yet. All the 
other results shown in the table are not in agreement 
with the diagram proposed by Bloom and Grant and 
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can be explained by the old diagram, providing the 
solidus-liquidus lines are raised slightly on the chro- 
mium-rich side. 


Table |. Phase Present Under Various Conditions 
Cr Homogenized At and Quenched From 
Content, 
WtPct As Melted 2500°F 2300°F 2000°F 
70 Chromium Chromium Chromium Chromium solid 
solid solid solid solution plus 
solution solution solution nickel solid 
solution 
50 Chromium Nickel 
solid solid 
solution solution 
NiCr2 Chromium Chromium 
solid solid 
solution solution 
NiCrz3 Chromium Chromium 
solid solid 
solution solution 
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N. J. Grant and D. S. Bloom (authors’ reply)—The 
authors feel as do Duwez and Martens that the pro- 
posed Cr-Ni phase diagram is not final, but we ap- 
parently have considerably more faith in it than they 
do. Perhaps the most pertinent point seems to be that 
they used powder samples instead of solid samples. The 
cold work through powdering could easily cause com- 
plete transformation of the high temperature phase to 
the low temperature phases. It is doubtful whether 
samples heat treated in a powdered state can be 
quenched with sufficient rapidity to retain the high 
temperature phase. 

Whereas Duwez and Martens did not find evidence 
of the high temperature chromium phase, we wonder 
why in their 50 pct Cr alloys they do not show nickel 
lines in the as-melted specimen, or chromium lines in 
the 2300°F quenched specimens. These lines should be 
present for the old phase diagram. 

More recently, we have run thermal analysis curves 
on a very high purity chromium and have found rather 
good evidence of a phase transformation at 1840°C. The 
slope changes in the thermal analysis curves could be 
accounted for only by a transformation of this type. 
The oxygen content of this chromium was about 0.008 
pet. We hope, nevertheless, that there will be other 
checks of this phase diagram in order to test its validity. 

P. R. Kosting (Watertown Arsenal Laboratory, Wa- 
tertown, Mass.)—This paper is important because it 
indicates that the Cr-Ni diagram might be quite com- 
plex. The purity of the chromium metal might affect 
the results of this work. More detailed information 
about the nitrogen content would be very helpful. In 
this connection H. T. Greenaway, of the Aeronautical 
Research Laboratories, Melbourne, Australia, has re- 
ported upon the freezing point of pure chromium and 


found it to be dependent upon the oxygen and nitrogen 
content. It was concluded that the freezing point of 
pure chromium with no nitrogen and oxygen is 1845°C 
+ 10°C. This freezing point for pure chromium is dif- 
ferent from that given in the paper and indicates that 
further study of the properties of pure chromium is 
necessary. 

N. J. Grant and D. S. Bloom—The purity of the 
chromium used in the determination of its melting 
point is undoubtedly a pertinent factor. The chromium 
which gave the value of 1930°C contained as known 
impurities: 1—about 0.02 pct C, 2—about 0.1 pct O, and 
3—an insignificant quantity of nitrogen. These impur- 
ities in the above quantities would tend to lower the 
melting temperatures rather than raise it. Accordingly, 
impurity content would not explain a high melting 
point value. 

An additional consideration is, of course, the accu- 
racy of the thermocouple. Actually, later determina- 
tions of the melting point have indicated a tempera- 
ture of 1900°C as being more nearly correct, the accu- 
racy being no worse than about + 15°C. 

With regard to the value of 1845°C as reported by 
Greenaway, there are two points which must be con- 
sidered: 1—This work was done in a hydrogen atmos- 
phere and there are indications that liquid chromium 
can dissolve appreciable quantities of hydrogen. This 
hydrogen is largely released on solidification. 2—Beryl- 
lia crucibles were used to contain the chromium and 
the possibility of reduction of the beryllia by the hy- 
drogen at these temperatures must be investigated. 
Greenaway made no mention of the beryllium content 
of the chromium. If silica was the binder for the 
beryllia crucible, it would be reduced very readily, 
resulting in silicon contamination and a significant re- 
duction of the melting point. 


Effects of Tungsten or Molybdenum Upon the Alpha-Beta Transformation and Gamma 
Precipitation in Cobalt-Chromium Alloys 


by E. E. Fletcher and A. R. Elsea 


DISCUSSION, J. T. Norton presiding 


A. G. Metcalfe (Deloro, Ont., Canada)—The Co-Cr- 
Mo system has been investigated in the Department 
of Metallurgy, Cambridge University, England, and, 
although incomplete, the results may be of interest. 
Prior to the commencement of the work, it had been 
decided that only observations made at temperature 
should be used in the construction of the constitutional 
diagram. The reasoning behind this decision was fully 
supported later by the publication, first, of the marten- 
sitic-type transformation in cobalt,* and later by the 
observation at Battelle Memorial Institute that the o- 
type phase appeared to decompose at elevated tem- 
peratures.” The detection of a high temperature allo- 
tropic transformation in cobalt® and its investigation 


1A. R. Troiano and J. L. Tokich: Trans. AIME (1948) 175, p. 
728; Merats Trecunotocy (April 1948). 

2A. R. Elsea, A. B. Westerman, and G. K. Manning: Trans. AIME 
(1949) 180, p. 579; Mretats TecunoLocy (June 1948). 

3A. G. Metcalfe: Proc. World Metallurgical Congress, Detroit 
(October 1951). 


over the Co-Cr-Mo system were possible by these 
means. 

The alloys were of more than 99.9 pct purity, 
vacuum-melted and chill-cast under a pressure around 
1 micron mercury. These alloys were homogenized by 
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about 44 hr heating at 1300° to 1325°C. The investiga- 
tion was made by thermal analysis and dilatometry® 
from 1000°C upward. The dilatometer curves were ob- 
tained at several rates of heating and the results were 
extrapolated to zero rate. The allotropic transforma- 
tion in cobalt appeared to extend over a range of tem- 
peratures from 1119° to 1145°C. On the addition of 
chromium this rose to a maximum of 1323°C at the 
peritectoid, 


y (38 pet Cr) + 8 (46 pct Cr) = @ (39 pet Cr) 


where y is the high temperature form of cobalt be- 
lieved to be hexagonal and 5 is high temperature form 
of the o-type phase (authors’ e) termed o (authors’ 7) 
at lower temperatures. The replacement of chromium 
by molybdenum caused the transformation to oecur at 
lower temperatures, e.g., an alloy with 34 pct Cr would 
transform from the a to y phase between 1270° and 
1300°C, but on the replacement of 5 pct Cr by molyb- 
denum the transformation temperatures were found 

In Figs. 5 and 6, an attempt has been made to draw 
sections corresponding to those investigated by the 
authors. The dilatometric and thermal analysis 
methods of investigation are not so suitable for de- 
termining the positions of solid solubility boundaries 
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Fig. 5—Section of Co-Cr-Mo system at 
ratio Crx100/Co + Cr = 20. 


as for detecting transformations, so that these bound- 
aries must be regarded as tentative. However, Fig. 5 
shows that some of the alloys plotted as a in Fig. 3 
of the paper had been y (the high temperature allo- 
trope of cobalt) but had transformed back to a@ on 
quenching. A study of the isothermal transformation 
of y cobalt to a cobalt has already been reported,’ 
which showed that this would be expected. Fig. 6 
gives the same information for the section starting at 
the 32 pct Cr alloy in the binary system. Here, it is 
interesting to note that another phase not retainable 
on quenching appears, with the transformation of 6 
to o. 

The signifigance of the o/y transformation in connec- 
tion with the erratic properties of Vitallium is not 
clear, at the moment. The mechanism of the trans- 
formation is not certain, and it is possible that the 
lines bounding the a plus y region resemble the tem- 
peratures of M, and M, in the martensite transforma- 
tion. If they represent the composition of a in equi- 
librium with y at any temperature (with the usual 
reservations for ternary systems) then annealing an 
alloy in the a plus y range would result in the setting 
up of local regions differing in composition. This 
would certainly be expected to have a marked in- 
fluence on the properties at lower temperatures, and 
it would be very interesting to know if the authors 
have observed any effects which might be explained 
in this way. Another factor which may influence the 
results is the slow rate at which y cobalt decomposes 
to a cobalt at temperatures a little below the trans- 
formation temperature at zero rate of heating.’ If the 
alloys should behave similarly, then precipitation of 
the « phase might well start from the y solid solution 
in an alloy cooled from higher temperatures. The 
presence of about 0.5 pct Fe plus nickel may move the 
a plus y region sufficiently for this to be the explana- 
tion of the results obtained in the up and down study 
on alloy MF. 

W. Wilson, Jr. (Armour Research Foundation, Chi- 
cago)—For each composition, the authors determine 
the upper and lower temperature limits of the trans- 
formation range by plotting a chart of the percentage 
of a, or 8, in a sample originally e and another initially 
g as a function of the aging temperature and “fitting” 
a straight line to the points. The upper and lower 
limits of the transformation range for each composition 
are read from the chart at its terminal points, e.g., 0 
and 100 pct a. 

A brief examination of the conditions necessary to 
obtain valid results by this method appears appropri- 
ate. For each aging temperature, two points for the 
percentage of a, or B, are found: one represents the 
percentage of a in the sample which was initially all 
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Fig. 6—Section of Co-Cr-Mo system at 
ratio Crx100/Co + Cr = 32. 


a, and the other, the percentage of a in the sample 
which was initially all 8. The nucleation and growth 
rate of a from g and vice versa must be of the same 
order of magnitude, or the average will not be repre- 
sentative of the equilibrium percentage of a. In the 
absence of these conditions, the points representing 
either the samples initially of a or 6 might approach 
the equilibrium condition much closer than the av- 
erage value. Hence the samples should be aged until 
the phase proportions in both samples are approxi- 
mately identical. 

A more recondite assumption of the method is the 
use of a straight line for extrapolating the results to 
0 and 100 pct a. This assumption can be treated ana- 
lytically by applying the lever rule. As a first approx- 
imation, straight lines may be used to represent the 
phase boundaries of a/a plus 6 and B/a plus 8 over the 
temperature range T,-T,. The straight lines might 
either be parallel or meet at some point (C,, T,). These 
possibilities are shown in Fig. 7, with the appropriate 
equations and quantities for each equation defined. 

If the lines are parallel, the percentage of a is given 
by the equation: 


where all of the quantities on the right side are con- 
stants except T. Hence the equation is linear, and the 
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Fig. 7—Empirical equations for the transformation 
range boundaries. 
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use of a straight line to determine the transformation 
range is a valid assumption. 

If, however, the lines meet at some point, the per- 
centage of a is given by the equation: 

Co— Xo Mg 
Pet a= + 
(m, —m,) (T, —T) 

where the quantities on the right are again constants 
except T. For this case, the equation is nonlinear, and 
the use of a straight line is an approximation except 
for very narrow temperature ranges. Hence the use 
of a straight line for extrapolation may lead to errors 
in predicting the transformation range. 

Similarly, the invalidity of the straight-line assump- 
tion can be demonstrated for any higher degree em- 
pirical equation fitted to the curves. Hence, the method 
cannot be relied upon to give an “accurate” prediction 
of the transformation temperatures, unless the curves 
for this temperature range can be approximately fitted 
by a pair of parallel straight lines. 

E. E. Fletcher and A. R. Elsea (authors’ reply)— 
Regarding Dr. Metcalfe’s remarks, several other in- 
vestigators have claimed that there is a high tempera- 
ture allotropic transformation in cobalt and cobalt- 
rich alloys which consists of a transformation from the 
face-centered cubic back to the hexagonal close- 
packed lattice. Consequently, throughout our investi- 
gation of cobalt-base alloys, we have been on the look- 
out for some evidence of such a transformation. Metal- 
lographic examinations have been made on specimens 
which have been heat treated for 100 hr at tempera- 
tures ranging from 600°C up to the melting point of 
the alloy, and in no case have we found evidence of 
any transformation other than the low temperature 
transformation from the hexagonal close-packed to 
the face-centered cubic lattice. This low temperature 
transformation is very sluggish because of the small 
energy change involved. If the reverse transforma- 
tion occurred at a much higher temperature, this re- 
action would be expected to be sluggish also for the 
same reason, and, consequently, our metallographic 
and X-ray diffraction analyses should have indicated 
its presence. However, even though the transforma- 
tions were not sluggish, with the result that the re- 
verse transformation occurred upon cooling, the grain 
size of the alloy should be influenced by this trans- 
formation. Specimens heated slightly above the trans- 


M, —M, 


formation should have a much finer grain size than 
those which were heat treated at a temperature some- 
what below the transformation. No such variation in 
grain size was observed. In fact, the grain size be- 
came progressively coarser as the heat-treating tem- 
perature of the alloy was raised up to the melting 
point. 

Metcalfe’s investigation was made using thermal and 
dilatometric analyses from 1000°C upward, and all of 
the data were obtained from heating curves only. In 
addition to this, no X-ray diffraction analyses were 
made to positively identify the phase present. In view 
of the sluggish nature of the a-§ transformation which 
occurs below 1000°C, there is a strong tendency for 
the apparent temperature of the transformation to be 
displaced upward, especially when only heating curves 
are used. This is shown clearly by the work of Wever, 
Haschimoto, and Lange on the Co-Cr binary system. 
In their work the hexagonal close-packed to face- 
centered cubic transformation on heating was dis- 
placed upward by as much as 250°C, while the ap- 
parent transformation on cooling was suppressed by 
as much as 600°C. Thus, for some of their alloys, the 
difference between the transformation temperature ob- 
served on heating and that observed on cooling was as 
much as 850°C. 

With regard to Mr. Wilson’s comments we would 
like to point out that very early in this investigation 
of cobalt-base alloys, we determined the rate at which 
a transforms to 6 and the rate at which 6 transforms to 
a. We found that although they are not identical they 
are of the same order of magnitude and for our pur- 
poses the difference could be ignored. That is the rea- 
son we have felt free in using the average structure 
of two specimens, one initially a and the other initially 
B before the aging treatment. We are also aware of 
the fact that a straight line cannot be used to repre- 
sent the relationship between the percentage of the 
phase present at different aging temperatures if the 
boundaries of the two-phase region are not parallel 
straight lines. However, when the upper and lower 
boundaries of the two-phase region are approximately 
parallel curves with a large radius of curvature, this 
method of plotting the data can be used without intro- 
ducing an appreciable error. This is especially true if 
the amount of one phase present is small, as it was in 
the case of most of our specimens. 


Structural Studies of Plastic Deformation in Aluminum Single Crystals 


by N. K. Chen and C. H. Mathewson 


DISCUSSION, W. L. Fink presiding 


E. A. Calnan (Metallurgy Dept., National Physical 
Laboratory, Teddington, Middlesex, England)—At the 
time of publication of Chen and Mathewson’s paper a 
very similar investigation was being completed at the 
National Physical Laboratory. Back-reflection Laue 
patterns and optical observations were made on single 
crystals of super pure aluminum subjected to simple 
tensile deformation. The results of the determination 
of the plane of the deformation bands (here referred 
to as “kink” bands), the asterism on and between 
bands, and the interpretation of this asterism as rota- 
tion about the appropriate <211> direction, are in 
complete agreement with Chen and Mathewson. There 
is one important difference in reference to their de- 
scription of the “bunching of slip lines.” An apparently 
similar feature, of which a particularly clear example 
is shown in Fig. 18, was observed in all the crystals 
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examined, but it was found that the edges of the 
bunches (or “striae”) were not quite parallel to the 
slip lines. That is to say, lamellae of much and little 
slip developed which were not quite parallel to the 
primary slip plane, Fig. 19. Within the striae which 
varied considerably in prominence and width, evidence 
of a second operative slip system could be observed, 
even after only a few percent extension. This took the 
form of slip lines, Fig. 20, or what appeared to be a 
complex of kink bands, depending on the orientation 
of the surface. The additional system was that of sec- 
ond highest resolved shear stress for the particular 
stress axis orientation. The pronounced difference in 
asterism which results when the X-ray beam overlaps 
one such stria is seen by comparison of Figs. 21a and b. 
It seems that these striae are the deformation bands 
described by earlier workers” as regions where dif- 
ferent slip systems are operative and which are of 
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Fig. 18—Single crystal of super pure aluminum showing “kink” 
bands and “striae.” 4 pct extension. X3. 


Fig. 19—Single crystal of aluminum showing “kink” bands and 


striae. 4 pct extension. X50. 
Area reduced slightly for reproduction. 


course quite distinct from the kink bands reported by 
Honeycombe,” Cahn,* and Chen and Mathewson. Figs. 
18 and 19 show that both types, however, can appear 
in the same crystal and as such both contribute to the 
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Primary slip lines 


Secondary slip lines 


Fig. 20—Second slip system operative within a striae. 9 pct 


extension. X500. 
Area reduced approximately 50 pct for reproduction. 


Fig. 21a—Back-reflection Laue pattern with X-ray beam not over- 


lapping striae. 13 pct extension. 
Area reduced slightly for reproduction. 


Fig. 21b—Pattern with X-ray beam overlapping a prominent striae. 
13 pct extension. 
Area reduced slightly for reproduction. 
asterism. The details of this investigation will be pub- 
lished elsewhere. 


22C. S. Barrett and L. H. Levenson: Trans. AIME (1940) 137, 

2R. W. K. Honeycombe: Trans. AIME (1950) 188, p. 1039; 
JourNaAL oF Merats (August 1950). 

24R. W. Cahn: Journal Inst. Metals (1951) 79, p. 129. 


H. Wilsdorf and D. Kuhlmann-Wilsdorf (National 
Physical Laboratory, South African Council for Scien- 
tific and Industrial Research, Pretoria, and Dept. of 
Physics, University of Witwatersrand, Johannesburg, 
South Africa, respectively)—In this very stimulating 
paper the discovery of slip-band clusters is of special 
interest. This is particularly so because the effect ap- 
parently does not exist in aluminum of lesser purity 
because otherwise it would most probably have been 
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found long ago. We believe that the effect of geomet- 
rical softening, as described by Andrade and Roscoe,” 
is the cause of the slip-band clusters in a brass, but 
this does not seem to be true for aluminum, or in any 
case it can be a contributory factor only. 

We recently investigated two aluminum crystals, one 
oriented near [100] the other near [111], which showed 
marked slip-band clustering. While the former ex- 
hibited no deformation bands, in agreement with the 
findings of Chen and Mathewson, the latter showed a 
great number of uncommonly fine and closely spaced 
bands, Fig. 22. With respect to the authors’ considera- 
tions on the mechanism of deformation band produc- 
tion, we are interested to learn whether the existence 
of these short deformation bands within the clusters 
only is in serious diagreement with their theory. 

A close examination of the regions between the 
clusters after moderate or large deformations reveals 
that in them the surface is rumpled. These rumplings 
are caused by a multitude of wavy slip bands. Electron 
microscopic photographs show that in spite of their 
noncrystallographic appearance they in reality are 
formed by exceedingly fine multiple slip, Figs. 23 and 
24. The very fine lines visible beside the actual slip 
bands belong to a structure which was discovered 
recently* and which was called “elementary structure.” 
A more detailed paper on our observations is to be 
published. 
pit E. Pe da C. Andrade and R. Roscoe: Proc. Physical Soc. (1937) 
Wilsdorf and D. Kuhlmann-Wilsdorf: Naturwissenschaften 

R. R. Hasiguti (Dept. of Metallurgy, Faculty of En- 
gineering, University of Tokyo, Tokyo, Japan)—It is 


Fig. 22—Crystal oriented near [111] after a shear of 0.41 
exhibiting pronounced slip band clusters with numerous short 
deformation bands. 


quite satisfactory to find that many of the authors’ 
results reported in this paper agree very well with 
ours. But I should like to make a brief comment on 
the problem of rotation of deformation bands. 

As the authors have pointed out, the deformation 
bands rotate toward the stress axis as the crystal 
elongates. The question is whether this rotation is the 
purely geometrical result of the glide process of single 
crystals or not. If it is purely geometrical, we can 
calculate the angle of rotation of the deformation band 
from geometrical consideration of the glide process. 
But if this is not the case, we have to seek for other 
causes of rotation, e.g., the traveling of bend planes 
through the crystal, etc. 

I have derived a formula expressing the relation be- 
tween the rotation of the deformation band and that 
of the slip band, assuming a purely geometrical rela- 
tionship, the details for which will be published later. 
The formula is as follows: 


sin (A, — a4) [1] 
cot 6, = 
sin A, sin x, 


where i is the angle between the stress axis and the 
slip direction; x, the angle between the stress axis and 
the slip plane; 6, the angle between the slip plane and 
the plane of the deformation band; and suffixes 0 and 1 
indicate before and after extension, respectively. This 
formula was tested in our laboratory with fairly suc- 
cessful results; so we may conclude that the rotation 
of the deformation band is the purely geometrical 
result of the glide process of a single crystal. 

The authors gave an experimental angular relation 
between the deformation band and the slip band in 
Fig. 13 of their paper, from which we get: A, = 44°, 
A, = 38°, and x, = 38°. Substituting these data in 
eq 1, we get: 

= 


which means a rotation of 10° of the deformation band 
toward the stress axis. This result agrees quite well 
with the authors’ measurement given in Fig. 13, al- 
though we cannot make a strict comparison, since the 
authors did not give the pole of the plane of the de- 
formation band. I shall be very glad if the authors will 
check the above formula with their available data. 

N. K. Chen and C. H. Mathewson (authors’ reply)— 
We are glad to learn that our results have been gener- 
ally confirmed by Mr. Calnan. The difference he 
pointed out, with reference to the formation of clus- 
tered slip lines, is of special interest. However, with- 
out a detailed description of his experiment, especially 
regarding dimensions of specimens, rate of deforma- 
tion, and documentation of crystal orientations, a com- 
parison of his results with the ones.reported in this 
paper would seem difficult. If, judging from Fig. 18, 
the specimen was only about 0.5 cm in one of the 
cross dimensions perpendicular to the stress axis, a 


Fig. 23—Electron micrograph showing wavy slip bands. 2000:1. 
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Fig. 24—Detail from Fig. 23. SiO replica shadowed with tung- 
sten oxide. Photographic negative 11,000:1. 
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fundamental difference in the appearance of slip lines 
due to specimen size would be expected.” Moreover, if 
the rate of deformation were comparatively large, as 
would generally be the case in testing single crystals 
of smaller size, a predominance of slip clusters would 
also result, as previously demonstrated by Crussard.” 


27R. Maddin and W. R. Hibbard, Jr.;: Discussion on ‘‘Nucleation 
of Slip Bands” by J. G. Leschen, R. P. Carreker and J. H. Hollo- 
mon. Trans. AIME (1949) 185, pp. 318-319; JournaL or MeEtTats 
(May 1949). 

°8C. Crussard: Slip in High Purity Aluminum Crystals. Revue 
Metallurgie (1945) 42, p. 286. 


The strain rate effect is now being investigated by one 
of the authors using small aluminum single crystals 
(48 in. in cross-section x 1 in. long in gage length) 
extended in a specially designed microtensile machine. 
The so-called “striae,” or clustered slip bands, were 
observed in certain crystals when the deformation was 
quite fast (above 0.004 in. per in. per sec); whereas 
no such “striae” were observed in other crystals when 
the strain rate was below 0.0008 in. per in. per sec. 
Intermediate cases were also observed where slip 
bands just began to show clustering. Thus, the forma- 
tion of deformation bands and the participation of a 
second slip system (premature conjugate slip and/or 
the cross-slip), although direct consequences of certain 
fundamental lattice rotations during deformation, may 
be expected to vary in their distribution or predomi- 
nance, according to the experimental conditions. An 
orientational effect, as found in the present investiga- 
tion with respect to the formation of deformation bands 
and the characteristic appearance of slip lines, may 
very well be masked if the experimental conditions 
are substantially changed. 

It is agreed that the apparent deviation of the general 
direction of “striae” observed under low magnification 
from that of the component slip lines may have resulted 
from unequal amounts of shear in the different slip 


lamellae. However, in order to clarify “striae” of this 
kind of deformation bands in the earlier sense, further 
work would be needed to establish their special charac- 
teristics, such as the gradual development of an orien- 
tation difference between band and matrix, and an 
unchanging width of the band during progressive de- 
formation. Incidentally, Mr. Calnan’s Fig. 21b, when 
superimposed on Fig. 2la gives almost the same orien- 
tation in spite of the fine structure associated with each 
spot. This is in conformity with the findings stated in 
the present paper that: “X-ray photograms taken on 
and between areas with clustered slip bands repre- 
sented the same orientation.” It would be of interest to 
look into the possibility of polygonization of aluminum 
at room temperature or fragmentation as a probable 
cause of the spottiness in the present case. 

With regard to the discussion of Drs. Wilsdorf and 
Kuhlmann-Wilsdorf, we may refer to the earlier work 
by Collins and Mathewson* who found deformation 
bands in extended aluminum single crystals of a lesser 
purity. With reference to Fig. 22, in the case of short 
deformation bands entirely within the slip clusters, our 
mechanism of band formation could be used in ex- 
planation if the bending of each slip lamella were 
considered to be a unit process. In such case, deforma- 
tion bands may not necessarily cross the entire crystal. 

Dr. Hasiguti’s formula, expressing the relation be- 
tween the rotations of deformation bands and slip 
bands on a purely geometrical basis, could be well used 
as a first approximation in locating the deformation 
bands in our experiments (see Fig. 16 of the paper). 
However, as pointed out in the paper, other factors, 
such as formation of new bands, action of “bend 
planes,” and the strain hardening associated with in- 
creasing deformation would always be present to pre- 
vent the simple rotation of the bands in this purely 
geometrical sense. Further work seems needed to 
clarify this point. 


Effect of Alloying Elements on the Elevated Temperature Plastic Properties of Alpha 


Solid Solutions of Aluminum 


by O. D. Sherby, R. A. Anderson, and J. E. Dorn 


DISCUSSION, W. L. Fink presiding 


W. L. Fink (Aluminum Research Laboratories, Alu- 
minum Co. of America, New Kensington, Pa.)—How 
do the authors account for the fact that true stress- 
true strain curves were obtained as shown in Figs. 5 
through 8 beyond the point of maximum load? Would 
it not be expected that the specimens would begin to 
neck at this point? 

J. E. Dorn (authors’ reply)—We wish to thank Dr. 
Fink for this additional opportunity to discuss the 
criterion for necking under tensile straining. Although 
local plastic deformation resulting in necking invari- 
_ably starts at the strain coincident with the maximum 
tensile load at temperatures below those at which re- 
covery occurs, at higher temperatures tension bars can 
be strained well beyond the strain at the ultimate 
strength without incidence of necking. Thus a true 
tension stress and strain can be evaluated well beyond 
the point of maximum load as shown in our data. 
Analogously creep specimens often retain a uniform 
cross-sectional area over the gage length much beyond 
the strain at which the tertiary stage of creep begins. 

Although a decreasing load with strain appears to 
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be a necessary criterion for local plastic flow, the quoted 
high temperature data reveal that it is not, per se, a 
sufficient criterion. For example when plastic deforma- 
tion is nonhomogeneous over the length of the bar, the 
weakest section strains and, if the ultimate strength is 
exceeded, this section remains weakest and therefore 
continues to deform, resulting in a reduced section or 
neck. But if the deformation is homogeneous, as in a 
specimen of wax or tar, all parts of the gage section 
strain uniformly. Consequently the straining remains 
homogeneous even though the load be decreasing. In 
the case of metals, the more homogeneous strain at 
elevated temperatures may not necessarily result from 
the absence of crystallographic mechanisms of flow (as 
is true for waxes) but might also be associated with 
the effect of the strain rate on the flow stress. Perhaps 
at elevated temperature when the weaker sections 
begin to flow faster, their resistance to stress increases 
causing some other sections to now flow faster, thus 
reducing the tendency toward continued local flow at 
one section. Since the strain rate effect is small at low 
temperatures, this phenomenon is inoperative, and 
necking is observed at the strain for the ultimate 
strength. 
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Effect of Alloying Elements on the Electrical Resistivity of 


Aluminum Alloys 


by A. T. Robinson and J. E. Dorn 


DISCUSSION, W. L. Fink presiding 


M. K. B. Day and H. W. L. Phillips (Research Labora- 
tories, British Aluminum Co. Ltd., Gerrards Cross, 
Bucks., England)—In the description of their experi- 
mental procedure the authors state that, since the 
temperature coefficient of resistivity of dilute alloys is 
known to be practically independent of composition, a 
temperature correction of 0.00429 microhm cm per °C 
was applied to the results obtained for each alloy. 

The results of an investigation completed in these 
laboratories in May 1948 on the physical porperties of 
a series of commercial wrought aluminum alloys of 
compositions comparable with some of those used by 
the authors indicated that the temperature coefficient 
of resistivity for an alloy was dependent upon its 
actual resistivity. Our experimental results are plotted 
in Fig. 8. 

A. T. Robinson (authors’ reply)—The results of the 
investigation by Day and Phillips on the temperature 
coefficient of resistivity for commercial wrought alu- 
minum alloys are quite interesting. At the time of 
our experiments, we were: quite concerned about the 
contradictions existing in the literature regarding this 
coefficient. For this reason we conducted all tests 
within a narrow temperature band of 22° to 26°C and 
corrected to 24°C, which made the maximum tempera- 
ture correction only 2°C. 

By using a temperature coefficient of resistance of 
0.0033 microhm cm per °C as suggested by data of 
Day and Phillips for our highest alloy (1.617 atomic 
pet Mg and having a resistance of 3.520 microhm cm) 
instead of 0.00429 microhm cm per °C given for 99.996 
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Fig. 8—Dependence of temperature coefficient of resistivity upon 
electrical resistivity of aluminum alloys. 


pet Al, the corrected value would be changed by 0.002 
microhm em for a 2°C correction. This difference is 
less than the sensitivity of the Kelvin bridge for the 
range used and is considerably smaller than the errors 
due to measurements and other sources. 

Though the coefficient of resistivity is not critical 
in our analysis, we do believe this property to be quite 
significant and are looking forward to the publication 
of this fine contribution by Day and Phillips. 


Creep Characteristics of Some Platinum Metals at 1382°F 


by R. H. Atkinson and D. E. Furman 


DISCUSSION, W. O. Binder presiding 


R. Lowrie (N.A.C.A. Lewis Flight Propulsion Labora- 
tory, Cleveland)—With regard to the considerable 
strengthening in creep of deoxidized palladium caused 
by annealing for 1200 hr in air, may I suggest that this 
was caused by internal oxidation of the residual alu- 
minum. Meijering and Druyvesteyn® in a comprehen- 


8J. L. Meijering and M. J. Druyvesteyn: Hardening of Metals 
by Internal Oxidation. Philips Research Reports (1947) 2, pp. 81- 
102 and 260-280. 


sive investigation of internal oxidation of silver, copper, 
and nickel alloys demonstrated that the production 
by internal oxidation of a very finely dispersed oxide 
phase was accompanied by a large increase in hard- 
ness. In their only experiment on creep of an internally 
oxidized material, they found a much higher creep 
rate for the unoxidized alloy (1 A/O Be in silver) than 
for the internally oxidized material. 

The two necessary criteria for hardening a solid solu- 
tion by internal oxidation of one component as ad- 
vanced by Meijering and Druyvesteyn are that the 
affinity of oxygen for the solute must be sufficiently 
greater than its affinity for the solvent, and that the 
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oxygen must diffuse more rapidly in the solvent metal 
than does the solute. The first condition, which assures 
oxidation of the solute in preference to the solvent 
metal, is certainly met by the Pd-Al alloys. I believe 
there to be no information available on the rates of 
diffusion of aluminum and oxygen in palladium. How- 
ever, the diffusion coefficients of oxygen in silver and 
copper are larger by a factor of 10° to 10* than those 
of metallic solutes in these metals at the same tem- 
peratures. Thus, it appears probable that the Pd-Al 
system also satisfies the second condition. In view of 
these facts and of the authors’ observation of a sub- 
scale, it appears very likely that hardening by internal 
oxidation is responsible for the great improvement in 
the creep behavior of palladium brought about by long 
annealing in air. 

Furthermore, internal oxidation will explain the fact 
that the creep rate of the annealed specimen after 1200 
hr of testing is less than that of the virgin specimen 
tested for 1200 hr and, likewise, the authors’ statement 
that the secondary creep rate of the annealed specimen 
may be less than that of the virgin specimen. Inas- 
much as the annealed specimen has had a 2400 hr 
oxidation treatment after 1200 hr of testing, a greater 
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fraction of its cross-sectional area will have been 
strengthened, and it should be stronger than the virgin 
specimen for all times of testing until both specimens 
have been completely penetrated by internal oxida- 
tion. A rough calculation, based on a penetration of 
0.055 in. in 3000 hr, shows 40 pct of the area to have 
been oxidized in 1200 hr and 55 pct in 2400 hr. 

Any of several simple tests might be made to check 
the conclusion that internal oxidation caused the ob- 
served effect. The authors mention having made hard- 
ness tests. The hardness, preferably determined by a 
microhardness test, of the subscale should be consider- 
ably higher than that of the unoxidized material at 
the core of the bar. Direct evidence of the influence of 
internal oxidation on the creep rate could be obtained 
by annealing a bar for 1200 hr in a vacuum and testing 
it in creep, or by testing a virgin bar in creep in an 
inert atmosphere. Comparison of the creep curves of 
these specimens with those of the specimens tested in 
air or annealed and tested in air should conclusively 
show the effect of internal oxidation on the creep of 
palladium. 

The authors are to be commended for their recogni- 
tion of the possible influence of annealing upon the 
creep strength of palladium and for their decision to 
employ one of their precious specimens to test this in- 
fluence. This has made possible a rational explanation 
of the creep behavior of deoxidized palladium and 
points out an experimental variable to be regarded 
seriously in other work with such materials. 

R. H. Atkinson and D. E. Furman (authors’ reply )— 
The authors note, with interest, the suggestion by Mr. 
Lowrie that the improved creep performance of pal- 
ladium caused by prolonged annealing in air may be 
due to internal oxidation of residual aluminum. While 
the authors agree that internal oxidation undoubtedly 
occurs, they would point out that the amount of resi- 


dual aluminum was quite small and that the prolonged 
anneal had very little effect on the hardness (Vickers) 
as measured with loads of 1 and 5 kilos. Microhard- 
ness measurements were made on a section of a bar 
after a creep test. There was some local hardening but 
it was slight (only 5 points) and was restricted to a 
peripheral zone about 0.05 in. thick. Most of the sub- 
scale area had the same hardness as the center of the 
bar. Another bar was retested after most of the sub- 
scale zone had been removed; the creep rate was of 
the same order as it was before the subscale layer was 
removed, indicating that there was no substantial dif- 
ference in creep strength between the latter and the 
rest of the bar. It would appear, therefore, that the 
reaction responsible for the improvement in creep re- 
sistance had already proceeded to completion through- 
out the cross-section of the bar. In the circumstances 
the authors remain of the opinion that the improve- 
ment effected by the extended anneal may be due to 
its affording an opportunity for the subsurface reaction 
to reach equilibrium before the load was applied. 

Our observations indicate that Mr. Lowrie is prob- 
ably correct in his assumption that oxygen diffuses 
more rapidly than aluminum in palladium. After the 
creep test of one of the bars had been concluded, suc- 
cessive layers, 0.005 in. thick, were turned off and 
examined spectrographically. No difference could be 
detected between the aluminum content of the surface 
layer and layers at depths of 0.020, 0.035, and 0.075 in. 
below the surface. In other words there was no spec- 
trographic evidence of measurable diffusion of the 
aluminum after more than 4000 hr at 750°C. With 
regard to the diffusion of oxygen in metallic palladium, 
although the rate of diffusion has not been measured, 
there is indirect evidence that diffusion occurs readily 
at high temperatures. 


Creep Behavior of Zinc Modified by Copper in the Surface Layer 
by Milton R. Pickus and Earl R. Parker 


DISCUSSION, W. O. Binder presiding 


J. C. Fisher (General Electric Research Laboratory, 
Schenectady)—The experimental results described in 
this paper can be interpreted in at least two ways based 
upon the dislocation model of slip. It is possible that 
dislocations are generated in the interiors of zinc single 
crystals and that the presence of a thin copper plate 
prevents them from passing out. On the other hand, it 
is possible that most dislocations are generated at the 
free surfaces and that a thin copper plate interferes 
with the generation process. I believe that the second 
possibility is the more plausible. 

It is fairly well accepted that the dislocations re- 
sponsible for slip are generated at defects of the type 
described by Frank and Read.” Each such defect, 
called a Frank-Read source, can produce a large num- 
ber of dislocation loops when a stress is applied to 
a crystal. A Frank-Read source in the interior of a 
crystal is a segment of dislocation line pinned at both 
ends, lying in a glide plane, and having its Burgers 
vector in the glide plane. For resolved shear stresses 
less than a critical value t* the equilibrium shape of 
the segment is an arc passing through the pinned ends 
and having greater curvature the higher the stress. 
For resolved shear stresses higher than t* there is no 
equilibrium shape, and successive dislocation loops are 
generated. The critical stress t*, corresponding to a 
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semicircular are of dislocation line, is given by the 
equation: 
t*/G =~ b/L 


where G is the shear modulus; b, the magnitude of the 
Burgers vector (generally about 1 atomic diam); and 
L, the distance between the ends of the generating 
segment. 

The dislocation loops generated by an interior Frank- 
Read source move concentrically toward the surface of 
the crystal. If the outermost loop meets an obstacle of 
some sort, additional loops pile up behind. They, in 
turn, multiply the force on the outermost loop by n, 
where n is the number of piled up loops; n can be in 
the neighborhood of 10 to 100, and unless a thin copper 
plate can act as a nearly impenetrable barrier, slip 
should proceed with little hindrance if interior Frank- 
Read sources are its cause. 

There is reason to believe that surface Frank-Read 
sources can be responsible for slip single crystals. Con- 
sider a dislocation segment that is pinned at one end, 
the other end terminating upon the surface of the crys- 
tal. Because of line tension, the free end of the segment 
always will be normal to the crystal surface. It is 
evident then that a surface source can be thought of as 
pinned to a point outside the crystal. The exterior point 
is a mirror image of the interior pin point across the 
free surface. The effective length of a surface source 
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then is twice its actual length, and the critical stress 
for generating (half) loops at a surface source is: 


t* ./G =~ b/2L, 


where L, is the distance from the pin point to the sur- 
face. The distributions of lengths L and of lengths L, 
should be similar, so that the stress required to gene- 
rate loops at the average surface source should be about 
half that for generating loops at the average interior 
source. If the distribution of lengths is fairly well 
peaked in the neighborhood of a most probable length, 
then the longest L,’s and the longest L’s will be of 
comparable length and the longest surface sources will 
produce loops at half the stress required for the longest 
interior sources, and will control the slip process. 

If surface sources are responsible for the plastic 
flow of zine single crystals, a thin copper plate can 
raise the strength of a crystal to that of the surface 
alloy or by a factor of about two, whichever is smaller. 
This marked effect of an only slightly stronger surface 
alloy is in contrast to the much less effective strength- 
ening ability of a surface layer when interior sources 
are active, for then the strengthening effect of the sur- 
face alloy is reduced 10 to 100-fold by the cooperative 
action of many concentric dislocation loops. 

Briefly, it has been suggested that a moderate 
strengthening of the surface of a single crystal can 
produce an equal strengthening of the entire crystal if 
surface Frank-Read sources are responsible for flow, 
whereas a considerable strengthening of the surface 
would be required to produce an equal strengthening 
of the crystal if interior sources were responsible for 
flow. The fact that the stress for loop generation at a 
surface source is half that for loop generation at an 
interior source of equal length gives support to the 
idea that surface sources can play an important role in 
the deformation of single crystals. 

M. Metzger (Columbia University, New York)—With 
regard to the interpretation of the large effect on the 
creep rate of zinc single crystals of copper in the sur- 
face layer, an additional possibility exists. This in- 
volves the fact that an adherent film must deform or 
fail in shear for slip to proceed. The shearing resistance 
of the surface layer across the section cut by the ex- 
tension of the slip plane will support a load xdtS/sinx, 


where d is the crystal diameter; t, the thickness of the 
surface layer; x, the initial angle between the major 
axis of the slip ellipse and the cylindrical axis of the 
specimen; and S, the shear resistance of the surface 
layer. The shear stress on the slip plane of the crystal 
is then reduced by 4tS/d. A conservative calculation, 
using only the initial thickness of the copper film and a 
shear resistance (for copper) of 10,000 psi, gives a figure 
of 0.8 psi for the reduction of shear stress due to the 
surface layer. Then, using the test plotted in Fig. 4 
(where the change in the creep rate after deposition 
of the copper can be estimated), the surface layer may 
be supporting 0.8/26.5 or 3 pct of the applied stress. 
Although this is not large enough to account for the 
sevenfold decrease in rate shown in Fig. 4, it does indi- 
eate that the strength of the surface layer is significant 
in these experiments. 

The existence of different rates of temperature de- 
pendence of plated and unplated zinc crystals does not 
exclude the mechanical resistance of the surface layer 
as an important factor in these experiments, since the 
properties of the surface layer may change with tem- 
perature. 

An attempt was made to estimate the extent of the 
diffusion occurring in the surface layers during the 
test, based on an assumed period of 1 hr from the time 
of deposition of the copper to the time the creep rate 
attains its final, fairly constant value. However, it was 
necessary to use highly extrapolated diffusion coef- 
ficients for low zine alloys, and the results were not 
consistent with the authors’ visual observation of ap- 
preciable diffusion at all test temperatures. We are 
unable, therefore, to refine our estimates of the effec- 
tive thickness of the surface layer and of its resistance 
to deformation. However, both would be expected to 
increase as diffusion takes place and the contribution 
of the mechanical resistance of the film would then be 
higher than calculated above. With the data available, 
we can only say that this contribution would be at 
least a significant one. 

It may be of interest to note that results of some 
work at Columbia University on the effect of films of 
synthetic plastics on the creep of cadmium single crys- 
tals are consistent with the interpretation that the 
effect of the plastic films on the creep rate is due 
primarily to the mechanical resistance of the film. 


Creep and Stress Rupture Behavior of Aluminum as a Function of Purity 


by Italo S. Servi and Nicholas J. Grant 


DISCUSSION, W. O. Binder presiding 


C. S. Roberts (The Dow Chemical Co., Midland, 
Mich.)—The authors have completed a fine study of 
the creep process, showing fundamental significance 
and well-contained scope. As a result of a careful 
correlation between rates, fracture types, and structural 
observations, the validity of the equicohesion range 
concept has been proved for aluminum. 

However, I must question their interpretation with 
respect to the effect of impurities on the sharpness of 
the transition. It is regrettable that the authors did 
not conduct the creep tests over the entire temperature 
range with the fine-grained, high-purity aluminum. 
This would have allowed a comparison with the impure 
alloys independent of a grain size effect. The transi- 
tion stress and minimum creep rate, which are strongly 
dependent on impurities, appear to be relatively in- 
dependent of the grain size in the range investigated. 
An influence of grain size on the sharpness of transition 
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might be expected, however. The relative amounts of 
grain boundary area and grain volume should have an 
effect on the amount of the minor deformation process 
necessary to allow operation of the major process on 
either side of the transition. 

The data obtained at 500°F and shown in Fig. 4 
allow a judgment of the grain size effect. If the angle 
between the linear segments is used as a criterion of 
sharpness of transition, the more marked effect appears 
to occur in the fine-grained material. In Fig. 6, the 
data at 900°F for fine-grained specimens show a less 
marked transition for the more impure 8S than for the 
2S specimens. With such results as these, the authors’ 
explanation of impurity effect as shown schematically 
in Fig. 22 appears questionable. 

Finally, I should like to compare the authors’ results 
with some of those from creep studies by Crussard” on 
high purity aluminum (99.995 pct). He found transi- 


16 C. Crussard: Revue Métallurgie (1946) 48, p. 307. 
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tions at 150° and 200°C, when the minimum creep rate 
was of the order of 10° and 10° per hr, respectively. 
These are in good agreement with the authors’ results. 
Crussard reported the equicohesion temperature to be 
dependent on strain rate within the range 150° to 
200°C. Presumably, he did not extend his strain rates 
into the range where the authors found transition at 
higher temperatures. Regarding the temperature de- 
pendence of the minimum creep rate, he obtained a 
value for Q of 27,000 to 29,000 cal per g atom. The 
stress was not specified, but if we assume that it was 
the same as for the transitions he reported, i.e., about 
2000 psi, fair agreement exists with the authors’ value 
of about 31,000 cal per g atom (Fig. 20). 

N. J. Grant (authors’ reply)—The measure of the 
angle between the low temperature and the high tem- 
perature portions of the lines which are obtained from 
the plot of stress vs. rupture time or stress vs. min- 
imum creep rate, is a questionable way of expressing 
the decrease of creep strength which occurs when the 
equicohesive range is crossed. In fact, this angle de- 
pends entirely on the type of coordinates and the scales 
used. Actually, if Mr. Roberts should plot the 900°F 
curves for 2S and 3S aluminum on linear coordinates, 
he would find that the decrease in rupture strength for 
3S aluminum is very much sharper than for 2S alu- 
minum. 

The authors did not conduct creep tests over the 
entire range of temperatures with fine grained type 
purity aluminum because the fine grain size grows to 
a grain size of the same order of magnitude as the 
starting coarse grained specimens, when the test tem- 
perature was greater than about 700°F. These fine 
grained structures were completely unstable, the grain 
size growing at a very rapid rate due to the super- 
imposed stress at temperature. Fine grained structures 
were therefore impossible to test because of this in- 
stability. 

Fig. 22 is purely hypothetical and was not intended 
to be compared directly with the log-log experimental 
plots of stress vs. minimum creep rate. Fig. 22 simply 
justifies the existence of ‘‘breaks” in such plots in an 
indirect way. Primarily, Fig. 22 is intended to show 
that high purity materials give a wider range of tem- 
perature in which the grain boundary gradually con- 
tributes to the deformation process, whereas in com- 
mercially pure materials the grain boundary effect is 
quite sudden and sharper. 

D. J. McAdam, Jr. (Washington)—This paper pre- 
sents valuable information. However, the view ex- 
pressed in conclusions 1, 2, and 3, that there is an 
abrupt “transition from low temperature to high tem- 
perature deformation,” is not in accord with a large 
amount of evidence obtained by other investigators. 
Moreover, the authors’ opinion that there is such a 
transition is based on an incorrect interpretation of the 
evidence in Figs. 3, 4, and 5. If the smooth curves 
drawn on the semilog scale in Fig. 3 were transferred 
to the log-log scale in Fig. 4, they would still be smooth 
curves, but with upward convexity. Moreover, smooth 
curves could be based directly on the plotted points in 
Figs. 4 and 5. I can see no justification for the straight 
lines used to represent the evidence in those figures. 

The curvilinear relationship between stress and the 
creep rate would have been clearly revealed if the in- 
vestigation had been broadened to include experiments 
at much lower strain rates. In the experiments repre- 
sented in Figs. 4 and 5, the strain rates ranged as high 
as 1000 pct per hr, and the slowest strain rate was 
about 0.02 pct per hr. The lower the stress and the 
slower the strain rate, the more nearly does the creep 
approach truly viscous flow, in which the strain rate 
varies linearly with the stress. With approach to purely 
viscous creep, the slope of a curve on a log-log scale 
would approach a slope of 45°, if equally open scales 
were used for both stress and the strain rate. In 
Figs. 4 and 5 the relation between the scales of ord- 
inates and abscissas is such that truly viscous flow 
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would be represented by a line sloping at an angle of 
63° 26’ (tan? — 2). To approximate viscous flow, the 
strain rates evidently would have to be much slower 
than those represented in Figs. 4 and 5, and the slopes 
of the curves would have to become much steeper. 
A paper by Bennett and McAdam” describes an in- 
146J. A. Bennett and D. J. McAdam, Jr.: Creep Rates of Cold- 


Drawn Nickel-Copper Alloy (Monel Metal). Journal of Research, 
National Bur. Standards (1942) 28, pp. 417-437. 


vestigation of creep rates of Monel. As shown in log- 
log scale in Fig. 14 of that paper, the stresses ranged 
between 200 and 75,000 psi, and the creep rates ranged 
between 10° and 0.01 pct per hr. With decrease in the 
strain rate, the continuous curves approach a slope of 
45°, thus indicating approach to purely viscous flow. 
This figure has been reproduced as Fig. 2 on p. 1051 of 
the 1948 Metals Handbook of the A.S.M. In a subse- 
quent paper by McAdam, Geil, and Woodard,” the in- 


17D. J. McAdam, Jr., G. W. Geil, and D. H. Woodard: Influence 
of Strain Rate and Temperature on the Mechanical Properties of 
Monel Metal and Copper. Proc. A.S.T.M. (1946) 28, pp. 417-437. 


vestigation of the same sample of Monel was extended 
to include experiments at still higher stresses, and the 
results are shown in Fig. 24 of that paper. Fig. 26 of 
the same paper shows a similar log-log relationship 
for oxygen-free copper. 

Over a period of years, attempts have been made to 
express the relation between stress and the creep rate 
as a power function, represented by straight lines on 
a log-log scale. Other investigators have represented 
the relationship as an exponential function, indicated 
by straight lines on a semilog scale. In 1938 Nadai‘ 
pointed out the limitation of each of these methods of 
representation and suggested the use of a hyperbolic 
sine relationship. This relationship was discussed fur- 
ther in papers by Nadai and McVetty” and McVetty.” 


18 A, Nadai: The Influence of Time upon Creep. The Hyperbolic 
Sine Law. Stephen Timoshenko Sixtieth Anniversary Volume. 
(1938) New York. Macmillan Co. 

19 A, Nadai and P. G. McVetty: Proc. A.S.T.M. (1943) 48, p. 735. 

2P, G. McVetty: Creep of Metals at Elevated Temperatures— 
The Hyperbolic Sine Relation between Stress and Creep Rate. 
Trans. Amer. Soc. Mech. Engrs. (1943) 65, No. 7, p. 761. 


According to this relationship the minimum rate is 
proportional to the hyperbolic sine of the stress. At low 
stresses, this relationship corresponds approximately 
to purely viscous flow; at high stresses, it approximates 
an exponential relationship. The hyperbolic sine rela- 
tionship can thus be represented by continuous curves 
for wider ranges of stress and creep rate than those 
used in most investigations. 

N. J. Grant—We wish to thank Dr. McAdam for his 
discussion. It is very important to point out that our con- 
clusions in items 1, 2, and 3 do not mention or even 
suggest “abrupt” transitions. Our position in this re- 
spect is clear and has been expressed previously (refs. 
9 and 12) wherein it was explicitly stated that the 
“break” formed by two straight lines is a plotting con- 
venience which shows the stress-temperature-rupture 
life or minimum creep rate relationships which con- 
tribute to the first evidence of grain boundary slip and 
fracture. Metallographic evidence of this is abundant 
and the results have been noted and reported innum- 
erable times by White, Clark and coworkers, Parker, 
Thieleman, and many others. 

In ref. 9 strain rates go to higher and lower values 
than shown in this report, the lowest values being of 
the order of 0.001 pct per hr. The total range covered 
was over seven logarithmic cycles. Straight lines were 
entirely applicable and did not suggest that a 45° slope 
was even to be approached. The idea of a 45° slope 
due to viscous flow is an entirely new idea, unproved 
and unsupported for metallic creep. Since the results 
of Bennett and McAdam” were based on creep tests 
which lasted only up to about 1000 hr, it was entirely 
unlikely that “minimum” creep rates were approached 
at all. At the low stresses used and for these short 
times, the rates are very probably off by a factor of 
100 from the true minimum. 
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Oxidation of Titanium 


by M. H. Davies and C. E. Birchenall 


DISCUSSION, B. Lustman presiding 


P. H. Morton (Metals Research Laboratory, Case In- 
stitute of Technology, Cleveland)—I should like to ask 
the authors if they can give us any further information 
concerning the method of preparation of the titanium 
used in their investigation, as it appears to have an 
important effect on the properties. I have recently been 
working at Case Institute of Technology on the oxida- 
tion of titanium in the temperature range 600° to 
1300°C. We used titanium sheet obtained from three 
different sources. Two of these had been melted during 
fabrication, whereas the third had been prepared by 
powder metallurgical methods. The latter behaved in 
a manner entirely different from the other two, but 
those two also showed significant differences in be- 
havior. I should say that our work was done using an 
atmosphere of air rather than pure oxygen, and it may 
be that nitrogen was playing some part in the re- 
actions. This could explain some of the differences be- 
tween our results and those of the authors. 

The method we used was a continuous, or rather 
semicontinuous one, whereby the scale was weighed as 
it formed. In most cases we found the scaling obeyed 
a parabolic law over considerable intervals of time, but 
as time increased at a fixed temperature, deviations 
were often observed. These deviations took the form 
of irregular increases in weight, which did not appear 
to be reproducible from one run to another. Sometimes 
the increase was sudden and sometimes more gradual, 
but the general weight increase was more rapid than 
it would have been if it had continued according to a 
parabolic law. I wonder if by taking discontinuous 
readings such as the authors’, one could not in effect 
be smoothing out these irregularities and obtaining, as 
it were, an average of many runs and thereby obtain- 
ing a curve that appears linear. 

Another interesting thing that we observed was a 
black coloration on the inside of the outermost rutile 
scale, which formed on many specimens scaled for long 
times. The outer scale, which could be stripped off 
easily by hand, consisted then of a single layer, the 
outside of which was yellowish and the inside of which 
was black. (This appearance of black coloring was in 
addition to, but distinct from, the same change from 
yellow to orange or brown as observed by the authors 
above 820°C.) This black material showed under X-ray 
exactly the same structure of rutile as the rest of the 
outer scale and showed no evidence of the deficiency 
of oxygen found by Ehrlich. However approximate 
electrical conductivity measurements at room tempera- 
ture showed it to have a conductivity greater than that 
of the yellow scale by a factor of several thousand. We 
believe that it is probably the appearance of this black 
coloration and the concomitant increase in conductivity 
that explains the irregular increases in scaling rate 
that we observed. I would like to know if the authors 
observed any such coloration of the scales formed on 
the material used by them. 

With regard to the lower oxides present, we found 
evidence of the TiO phase after cooling to room tem- 
perature. This was observed on the surface of the re- 
maining metal, and had itself a metallic appearance. 
The structure revealed by X-ray was of the NaCl type, 
but with a parameter slightly greater than that re- 
ported by Ehrlich. Some confusion exists in the litera- 
ture, but it is possible that this phase contained some 
nitrogen, or was composed in part of TiN. Both the 
monoxide and the nitride have the NaCl structure, but 
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the effect of temperature and composition on the lattice 
parameter is not known to any great extent. 

J. T. Waber (Los Alamos Scientific Laboratory, Uni- 
versity of California, Los Alamos, New Mexico)—The 
authors are to be complimented on continuing their 
good work in this difficult field. Their experimental 
conditions seem excellent. We must now add a linear 
growth law to those already observed for titanium, 
namely parabolic by Gulbransen and Andrew’ and log- 
arithmic by Alexander and Pidgeon.’ Certainly above 
820°C the growth appears to be linear. 

This behavior of titanium thus is similar to that of 
aluminum, namely, that a logarithmic growth law ob- 
tains at low temperatures,” then changes to a parabolic 
and finally a linear one as the temperature is increased.° 

It certainly appears from the data of Fig. 2 that a 
parabolic growth law is a better fit than the proposed 
linear one. Did the authors attempt to establish a para- 
bolic law at the lower temperatures? It should also be 
pointed out that the discrete change of activation energy 
indicated in Fig. 3 might be attributed to a change in 
mechanism in the vicinity of 820°C. 

The authors indicate that the rate-controlling step 
occurs at the oxide-gas interface and employ the “large” 
pressure dependence observed by Gulbransen and 
Andrew’ to substantiate their claim. Waber”™ indicated 


1° N. F. Cabrera: Revue Metallurgie (1948) 45, p. 86. 

16 J. T. Waber: Discussion of ref. 2. 
that the rate depended on the 0.33 power of the oxygen 
pressure instead of 1.0 power, as would be suggested by 
a gas-interface-controlled reaction. Furthermore, the 
high values of AE suggest that the reaction may be con- 
trolled by some diffusion process. I would certainly 
welcome a mechanism which would explain these facts 
and the linear reaction law from the viewpoint other 
than the usual one involving a porous oxide film. 

In some preliminary experiments, we noticed a weight 
decrease while oxide layers were growing in thickness, 
as evidenced by interference colors. For this and other 
reasons, it appeared that hydrogen could escape through 
the oxide film. It would appear that if hydrogen did 
escape during the authors’ experiments, the initial de- 
viation would be even larger. 

R. I. Jaffee (Battelle Memorial Institute, Columbus, 
Ohio)—Up to the present there has been speculation 
that titanium oxidizes faster in its 8 form than in its a 
form. This means that the curve of reaction rate vs. 
temperature should show a discontinuity upward at 
the transition temperature. It is somewhat discourag- 
ing, then, that the. first investigators to present data 
confirming this point do not draw this conclusion. 

Apparently the authors believe that the transforma- 
tion had nothing to do with the observed discontinuity, 
because they state: “With normal impurities in Kroll 
titanium, the transformation occurs over the range 860° 
to 970°C.” Also, they state that: “Any tendency toward 
lower transformation due to impurities should be coun- 
teracted by the oxygen dissolved in the metal.’ Both 
of these statements are clearly incorrect. The chief B- 
stabilizing impurity in Kroll titanium is iron, and it 
serves to lower the boundary between the a and the 
a plus £ fields. The chief a-stabilizing impurities in 
Kroll titanium are oxygen, nitrogen, and carbon, and 
they serve to raise the boundaries between the B and 
the a plus £ fields. Present together, the a and B stabil- 
izing impurities do not offset each other. The more of 
each that is present, the higher is the upper transfor- 
mation temperature and the lower is the lower trans- 
formation temperature. 
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Kroll titanium often contains sufficient iron as an 
impurity that a small amount of 8 phase is retained at 
room temperature, appearing as rounded islands in a 
matrix of a phase. What then is the lower transforma- 
tion temperature? Clearly, there is none. Depending on 
the iron and other £-stabilizing impurity content, the 
lower transformation temperature can vary from 882°C 
down to room temperature and below. The lower trans- 
formation temperature given by the authors, 860°C, is 
somewhat high for normal iron-content impurity in 
Kroll titanium. The temperature of the discontinuity in 
the oxidation reaction rate, 830°C, is entirely reason- 
able as a lower transformation temperature for Kroll 
titanium. More important, it is a temperature at which 
one might reasonably expect appreciable quantities of 
a to start transforming to £ phase. 

Examination of a piece of Kroll titanium that has 
been oxidized above the upper transformation tempera- 
ture will usually show an outer case of equiaxed a 
titanium and a core of transformed £ titanium. This is 
caused by the concentration gradient of diffused oxygen 
from the surface inward, and the a-stabilizing nature 
of oxygen. The metal being oxidized under these con- 
ditions then consists of a case of a and a core of 8 tita- 
nium. If oxygen diffuses more rapidly in ¢ titanium 
than in a, and, as a result, has a higher oxidation rate, 
then one would expect the diffusion of oxygen into a 
composite a case and 6 core to be more rapid than into 
an all-a body. Under these conditions the oxidation rate 
would be expected to be higher. It is suggested that 
this change of the titanium specimens, from structures 
that are all a below 830°C to composite a-8 structures 
above 830°C, is responsible for the discontinuity in re- 
action rates. 

M. Hansen (Armour Research Foundation, Chicago) 
—The authors have expressed the desirability of hav- 
ing available an accurate phase diagram of the Ti-O 
system before further work is warranted on the oxida- 
tion of titanium. For some time, an investigation of the 
constitution of the Ti-O system has been in progress in 
the Metals Research Department of Armour Research 
Foundation of Illinois Institute of Technology. Micro- 
graphic analysis, X-ray diffraction, and incipient melt- 
ing studies are being used to determine the phase rela- 
tionships. At this writing, the following main features 
of the system have been established: 

1—The temperature of the a > £6 transformation of 
titanium is raised to high temperatures by rather small 
additions of oxygen, resulting in a restricted field of B 
solid solution and an extended range of solid solution 
of oxygen in a titanium. 

2—a solid solutions are stable to their melting tem- 
peratures, which are higher than the melting point of 
pure titanium. 

3—In good agreement with Ehrlich’s work, about 14 
pet O (32 atomic pct) is soluble in a titanium at tem- 
peratures between 700° and 1500°C. 

4—The TiO phase is stable within a wide range of 
composition, i.e., between approximately 20 and 30 pct 
O (42 and 55 atomic pct) at temperatures above 1200°C. 

It is hoped that the final results of this investigation 
will be available in published form within the next 
year. 

W. M. Fassell, Jr. and W. McKewan (Dept. of Metal- 
lurgy, University of Utah, Salt Lake City)—This paper 
is of particular interest to us because of our present 
work in progress on the high pressure oxidation rates 
of pure metals in dry oxygen. The most interesting 
feature of this paper is the fact that titanium shifts 
from parabolic to linear oxidation at approximately 
650°C. 

The authors are not quite correct in stating that no 
other cases, except aluminum, of this shift in oxidation 
type from parabolic to linear are known. Gulbransen” 


17%. A. Gulbransen: Trans. Electrochemical Soc. (1945) 87, pp. 
589-599. 


has shown that at temperatures below 450°C the oxide 
coating on magnesium is protective and nonprotective 
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Fig. 4—Effect of temperature upon oxidation rates of tantalum. 


at 475°C and above. Leontis and Rhines” further in- 
vestigated the linear oxidation of magnesium. 
Research work in progress at the present time on - 
tantalum indicates that above 500°C this metal also 
oxidizes according to the linear law, on the basis of 
preliminary data shown in Table II and Fig. 4, while 
at lower temperatures it apparently is parabolic. The 
activation energy E for tantalum in pure dry O, at 
14.7 psi, according to the Arrhenius equation, k = 
E 


Ae **, is 57,800 cal and the action constant A is 7.0x10” 
mg per sq cm per hr. 

In the case of tantalum, the Pilling and Bedworth* 
ratio of volume of oxide to volume of metal is 2.33 and 


18 Benjamin Lustman: Metals Handbook. p. 223. (1948) Cleve- 


land A.S.M 


here one certainly would not expect the linear oxida- 
tion to occur on the basis of the Pilling and Bedworth 
criterion. 

As more reliable data are being made available it 
appears highly questionable that the ratio of volumes 
of oxides to metals have much to do with the type of 
oxidation observed. In general, at least, it appears that 
if a metal forms only one predominant “stable” oxide 
(at any given temperature) it will shift from parabolic 
to linear oxidation at higher temperatures. This is true 
for Al-Al,O,, Mg-MgO, Ta-Ta,O,, and Ti-TiO, systems. 

We would like to ask the authors if they have ob- 
served an increase in the linear oxidation rate at con- 
stant temperature after long periods of oxidation. This 
phenomenon was observed by Leontis and Rhines” on 
magnesium, and on tantalum in the present investiga- 
tion. 

In the case of the discontinuity shown in Fig. 3, the 
possibility of anticipation of the transformation from 
hexagonal close-packed to body-centered cubic by the 
metal and/or oxide should not be overlooked. Since 
this transformation is the only known change occurring 
in the system in question in the temperature range of 
from 800° to 900°C, it may be in some way associated 


Table II. Oxidation Rate of Tantalum in Oxygen 


14.7 psi Absolute Oxygen Pressure 
Preliminary Data 


Sample Temperature, Rate, Mg per Sq 
No. 2 Cm per Hr 
A-14 500 0.252 
A-13 525 1.037 
A-12 550 3.00 
A-11 575 8.4 
A-4 600 22.9 
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with or responsible for this discontinuity in oxidation 
rate. 

M. H. Davies and C. E. Birchenall (authors’ reply)— 
The authors are gratified at the high quality and quan- 
tity of discussion evoked by this paper. It is good to 
know that so much work is being done on this reaction 
and related subjects, for it is obvious that much re- 
mains to be done before a reasonably complete under- 
standing of the mechanisms will be achieved. 

Mr. Morton’s remarks should leave no doubt that our 
results are not a satisfactory basis for predicting the 
behavior of titanium in air at high temperatures. Since 
this paper was written, one of us (M.H.D.) has run 
titanium samples in oxygen and air under conditions 
otherwise the same. Whereas only a very thin black 
discoloration was observed next to the metal with pure 
oxygen, oxidation in air produced considerable quan- 
tities of powdery black oxide of rutile structure be- 
tween the metal and the compact orange-brown layer. 
It is evident that the presence of nitrogen influences the 
course of the reaction. 

Measurements were made using both weighings be- 
fore and after oxidation on separate samples and con- 
tinuous runs on a_spring balance as stated. No sys- 
tematic differences were observed, nor was there any 
reason to believe that the curve was composed of “fits 
and starts.” 

The demonstration of a phase with a NaCl structure 
in the scale is very interesting to us. It is unfortunate 
that present X-ray techniques will not permit a deci- 
sion among oxide, nitride, and mixed crystal contain- 
ing both anions. 

It should be worthwhile in connection with several 
discussions to state the analyses on the commercial 
titanium sheet used here. Carbon was obtained by com- 
bustion, nitrogen by the micro-Kjeldahl method, and 
all other elements by spectrograph. Oxygen analyses 
were not considered necessary because of the use to 
which the metal was put. Exclusive of oxygen, the 
material appears to be better than 99.5 pct Ti. The im- 
purities are: 0.18 pct C, 0.094 N, 0.15 Mn, 0.08 Fe, 0.005 
Al and Mg, <0.005 Zr, 0.004 Si, 0.001 Mo, <0.001 Ni, 
Ca, Pb, Cr, V, <0.0005 Cu; did not detect Sn, Co, W, 
Os, Lu, Na. 

Attempts to fit the parabolic rate law at tempera- 
tures below 820°C leads to systematic deviations at 
long times. It is easier to find reasons for initial devia- 
tions which are often observed even when the long 
time data follow the parabolic equation. All deviations 
follow from a weight gain greater than the linear law 
indicates. 


The reaction of oxide and gas at the common inter- 
face is not likely to be a simple process. If this should 
be the locus of the rate controlling step, it is still not 
certain what that step is. If it should be solution of 
oxide ions in the lattice, the pressure dependence might 
be the 0.5 power which may not be too far from the 
0.33 power which Dr. Waber reports for the Gulbransen 
and Andrew measurements. é 

We have no evidence at all on the amount of hy- 
drogen in the sample nor its mechanism and rate of 
escape. We would expect that its effects would be con- 
fined to the initial period. 

We find it a little difficult to determine whether Dr. 
Jaffee argues that g titanium reacts to form oxide faster 
than a, yielding a higher true oxidation rate, or 6 per- 
mits oxygen to diffuse more rapidly in solid solution 
than a, thus giving a higher apparent rate of oxidation 
under the conditions of measurement. It seems to us 
that he takes care of the first possibility in his last 
paragraph where he cites the metallographic evidence 
that during oxidation of Kroll titanium above its upper 
transformation temperature the oxide scale is still di- 
rectly in contact with a titanium due to the solution of 
oxygen, which stabilizes the a phase relative to 6 in 
spite of small quantities of other impurities. With re- 
gard to the solution of oxygen in a 6 core, it should be 
noted that, although the diffusion coefficient may be 
(and probably is) higher than in the a rim, the solu- 
bility of oxygen in @ titanium is quite low compared 
with its solubility in a, so that the actual rate of diffu- 
sion, the quantity of oxygen transferred, may be little 
greater than in homogeneous a titanium. Admitting 
that it is desirable to separate the oxide formation rate 
from the oxygen solution rate, which we hope to do 
in time, we still feel that the weight of evidence does 
not favor the a-g transformation as the cause of the 
830°C break, although future studies may reveal a way 
to assign the responsibility to that cause. The phase 
diagram information being obtained by Dr. Hansen and 
his coworkers should be of great assistance in future 
work. 

The linear oxidation of magnesium has been shown 
by Leontis and Rhines to yield a powdery product con- 
trary to the qualifications placed on our statement 
about the scale on titanium and apparently on alu- 
minum. We have no information beyond 24 hr at 800° 
and 15 hr at 900°C. In that period we have observed no 
accelerated rates such as Leontis and Rhines found for 
magnesium and Fassell and McKewan report here for 
tantalum. 


On the Mechanism and Kinetics of the Scaling of Iron 


by M. H. Davies, M. T. Simnad, and C. E. Birchenall 


DISCUSSION, B. Lustman presiding 


P. Paidassi (Professor of Metallurgy, University of 
Concepcion, Chile)—It is stimulating to realize that 
the mechanism of the oxidation of iron at high tem- 
peratures has been increasingly occupying the atten- 
tion of researchers in recent years. The way pointed 
out by the publications of Bénard and coworkers (i.e., 
the separate study of the constitution and the rate of 
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growth of each of the oxide layers forming the scale 
as the latter develops) has proved fruitful. We have 
the right to expect it to lead to a prompt and complete 
solution of this difficult problem. However, if the 
phenomenon of oxidation is already known in its out- 
line, several points of detail are yet to be discussed 
and clarified. 

This interesting paper throws no inconsiderable light 
on several of these points, particularly on the law of 
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a—4 hr. X750. 


hr. X560. 


growth of external layers (Fe,O, and Fe,O,), their 
relative importance as a function of temperature, the 
part taken up by the diffusion of the Fe** and O= ions 
in the growth of each layer, etc. We hope to publish 
within a few months our results with regard to these 
problems, which we are investigating jointly with 
Professor Bénard. Nevertheless, we should like to 
state from the outset our position regarding the first 
two points just referred to. 

In the first place, we think we are justified in affirm- 
ing that the scale formed over Armco iron, which has 
been oxidized in air from 700°C upward for oxidation 
times of not more than 1 hr, has an external layer of 
Fe,O, oxide thick enough to be seen and measured 
micrographically. We insist on this point because we 
see from Table I that no mention is made of this layer 
over the whole temperature range of 600° to 800°C. In 
addition, in their discussion of the work of Stanley and 
coworkers,’ the authors seemed to cast doubt on the 
fact that the phase of Fe,O, could be visible at tem- 
peratures below 800°C. In support of our opinion we 
are presenting several micrographs (Fig. 10) which, 
although hastily prepared for the sake of the present 
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b—4 hr. X1500. 


d—8 hr. X1650. 
Fig. 10—Scales obtained by oxidation of iron in air at 700°C. 


discussion,* may perhaps be considered more convinc- 
ing than those of Stanley and coworkers. 


* We are constrained to reproduce our micrographs for 4 and 8 hr 
oxidation times, which show thick enough Fe203 scales, but our 
micrographs for 1 and 2 hr are scarcely less defined. 


The fact that, like Bénard and coworkers, Tesche, 
Stanley and coworkers, we have in these experiments 
operated in nondried air, does not seem to us to de- 
tract greatly from the value of these micrographs, 
since the presence of humidity in the oxidizing me- 
dium, as well as the diminished oxygen pressure, 
should normally stand in the way of the formation of 
this Fe,O, layer (the authors themselves realize it as 
regards the first point). We are furthermore inclined 
to believe (without, however, having exhausted our 
study) that humidity within practical limits (air at 
15° to 20°C with a variable relative humidity) and an 
oxidation temperature of 700° to 950°C have no ap- 
preciable influence over the growth rate and the thick- 
ness ratios of the different oxide layers. This opinion 
is borne out by the regularity of the results, presented 
later in this discussion, since they were obtained in 
spite of the variable relative humidity of the ambient 
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Fig. 1la—Curves for the growth of the layers Fe,O, and Fe,O, 
of the scale obtained by incomplete oxidation of iron in air at 
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Fig. 11b—Variation as a function of oxidation time of the rela- 
tive thickness of the Fe,O, and Fe,O, layers with regard to the 
total thickness of the scale on iron oxidized at 850°C 
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Fig. 12—Variation as a function of temperature of the 
relative thickness in pct of Fe,O, and Fe,O, oxide layers 


with regard to the total thickness of the scale. 
Each experimental point corresponds to the average of 
that relative thickness—practically constant as seen— 
for various oxidation times between 0 and 16 hr, aver- 
age “m” obtained analogous to Fig. 11b. 


air. Neither do we think it necessary to take the analy- 
sis of the metal into account, since the Armco iron 
utilized showed a high degree of purity (over 99.92 
pet total iron). 

The reason that the authors did not observe the Fe,O, 
phase might be found in their modus operandi, which, 
though very elegant, has a drawback (to judge from 
the description in the paper and from the discussion 
cited*), namely, that it leaves, at least for some in- 
stants, the oxidized sample in an atmosphere of argon 
at the temperature of the experiment. It is not im- 
possible that because the supply of oxygen is cut off, 
the iron diffuses through the superior oxides quickly 
enough to alter their relative proportions, the thick- 
ness of the Fe,O, thus diminishing to the extent of 
rendering the oxide no longer micrographically visible, 
or perhaps making it disappear altogether. In order to 
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determine whether this hypothesis is in any way help- 
ful, it would doubtless be sufficient if the authors 
tried cooling the sample as quickly as possible in an 
atmosphere of oxygen without the previous admission 
of argon. 

This interpretation of the authors’ results touching 
the range of temperature when the Fe,O, phase is 
present in the oxidation scales is in line with the re- 
marks of Gulbransen.”** He established, for much 


33, A. Gulbransen: Progrés dans l’étude de l’oxidation super- 
ficielle des métaux et alliages a des températures élévees. Revue 
Métallurgie (July 1948) pp. 202-203. 

54 Discussion on: An X-Ray Study of the Scale Formed on Iron 
Between 400° and 700°C, by O. A. Tesche. Trans. A.S.M. (1950) 52, 
pp. 648-649. 


thinner layers, the importance of the cooling medium 
for the phases observed, although as far as we can de- 
termine he has not explicitly stated the hypothesis 
that possibly the main reason for this change might 
be an appreciable rate of diffusion of iron through the 
higher oxides. Should the responsibility lie with the 
technique of the authors cited, their conclusions re- 
garding the percentage of higher oxide layers in rela- 
tion to wistite and their law of growth would be less 
convincing. It is apparent from the dispersion of their 
results touching these points (Table I) that the authors 
have endeavored to establish these laws in an in- 
direct form—oxidation of ‘FeO” and Fe,O, by means 
of oxygen. It seems to us, however, that just because 
the curves showing the increase in weight of “FeO” 
and Fe,O, layers by oxidation are parabolic (for the 
oxidation of magnetite at 850°C the deviation from the 
parabolic law does not seem to be negligible), this does 
not necessarily imply that the laws of growth of Fe.O, 
and Fe,O, on their substrate of FeO in the presence of 
an excess of as yet unoxidized iron shall likewise be 
parabolic. (There could be effects both of the gradient 
of iron concentration on wustite and of the possible 
presence of cracks in the wustite or magnetite samples 
utilized resulting from the method of preparation.) 
We have preferred to attempt to perfect our micro- 
graphic technique with a view toward obtaining direct 
proof, in spite of the difficulty involved. We have thus 
been able to establish that these laws are parabolic 
for the temperature range of 700° to 950°C.” By way 


85 J. Paidassi: Contribucion al estudio del mecanismo de la oxi- 
dacion del fierro puro. Paper read at the Fifth South American 
Congress of Chemistry, Lima, Peru (May 4-11, 1951). 


of example we have prepared growth curves of the 
three oxides, FeO, Fe,O,, and Fe,O,, on Armco iron 
oxidized in ambient air at 850°C. (The previous treat- 
ment had been polishing with metallographic paper 
to a fineness of 3/0, followed by hydrogen annealing 
at 950°C for 3 hr.) In spite of the relatively small 
thicknesses measured, it is possible to ascertain that 
the parabolic law is verified with a satisfactory pre- 
cision, Fig. lla. Fig. 1lb shows the percentages of the 
thicknesses of the higher oxides to the total thickness 
of the scale with regard to oxidation times. These 
percentages remain constant within a tolerable range 
of dispersion. Fig. 12 shows the variation of the pre- 
ceding average percentages with regard to the oxida- 
tion temperatures ranging from 700° to 950°C.+ This 


} The points corresponding to 950°C must await confirmation 
owing to the fact that at the time this work was completed we had 
only thin Armco sheets, which forced us to limit the oxidation 
time for this temperature to 15, 30, and 60 min. However, such a 
result, although provisional, shows that we did not find any discon- 
tinuity at the 910°C transformation temperatures for the asy trans- 
ett which is in agreement with the result obtained by the 
authors. 


diagram completes a part of the well-known diagram 
of Bénard and Coquelle, since on the one hand it is 
established as valid in this temperature range for any 
oxidation time exceeding 1 hr, and since on the other 
hand it fixes the proportion of the Fe,O, phase in rela- 
tion to the accompanying ones. In addition, it enables 
us to ascertain that the percentages referred to remain 
practically constant as a function of temperature, 
which permits certain consequences to be inferred re- 
garding the range of stability of the Fe,O, and Fe,O, 
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solid solutions and permits fixing the limits of these 
ranges as a function of those of wiistite. 

The curves in Figs. 11 and 12 correspond to the 
fundamental phenomenon of the oxidation of iron, 
which in the pure state must be considered a phe- 
nomenon of diffusion without the limiting intervention 
of interfacial reactions. However, these curves may be 
considerably modified by numerous factors which may 
be termed complementary. For example, the rate of 
cooling or the cooling medium after the oxidation ex- 
periment may, without the authors’ knowledge, have 
influenced some of their results. Other factors such 
as the cracking of the scales or their peeling from the 
substrate of iron must have been relegated to the back- 
ground by the authors’ technique, which probably per- 
mits the relative surface of peeling to diminish con- 
siderably, particularly at temperatures above 900°C. 

We are at present engaged in the study of some of 
these factors we call complementary, with the object 
of being able at some future time—certain restrictive 
conditions being fulfilled—to establish the sample’s 
history in the course of its oxidation by a simple 
micrographic examination. Fig. 13 shows the external 


part of an oxidation scale (800°C, oxidation time of 12 | 


hr) and provides a good instance of cracking in an 
Fe,O, layer. The cracking is brought about in the course 
of oxidation while the Fe,O, phase penetrates along the 
cracks. We are presenting it in this discussion because 
it has the advantage of showing with great clarity 
idiomorphous particles of Fe,O, precipitated in the 
course of the oxidation in zones where the wiistite, in 
our opinion, presents an increased porosity. The au- 
thors observed similar phenomena while working with 
Puron iron. (Stanley and coworkers did not observe 
this precipitation of Fe,O, and suggested as a possible 
explanation the purity of the metal employed, although 
we ascertained that the reagent used by them was not 
the most adequate to make this type of precipitation 
evident.) 

Finally we should like to congratulate the authors 
on the ingeniousness of their apparatus. In this con- 
nection, we would like to have the name of the maker 
of the “Nispan C” alloy utilized, as well as the charac- 
teristics of their spring set-up, and the approximate 
length necessary for the glass head (for instance the 
vertical distance between the connections A and I of 
Fig. 9) to permit the use of the spring suspension. 
Such an adaptation of the McBain balance will cer- 
tainly prove very useful for the study of certain oxida- 
tion problems in controlled atmospheres. 

A. deS. Brasunas (Oak Ridge National Laboratory, 
Oak Ridge, Tenn.)—The fact that the authors did not 
observe any discontinuities at transformation tempera- 
tures in plotting the rate constants against 1/T is not 
at all surprising. Other investigators*** who have ob- 


86 G. Tammann and G. Siebel: Ztsch. anorg. allgem. Chem. (1925) 
148, p. 297. 

387 A. Portevin, E. Prétet, and H. Jolivet: Revue Metallurgie 
(1934) 31, p. 221. 

38H. Uhlig and A. deS. Brasunas: Trans. Electrochem. Soc. (1950) 
97, p. 448. 


served these discontinuities have confined their atten- 
tions to thin films where the nature of the metal sub- 
strate can exert a measurable effect on the oxidation 
rate. It is very unlikely that such effects can be de- 
tected. by measuring oxidation rates based on thick 
oxide layers, such as the authors have encountered. 
Very recent work which the present writer has 
undertaken” agrees with the authors’ findings that 


39 A, Brasunas and N. J. Grant: Trans. A.S.M. (1951) 43. 


inert’ markers at the original iron-atmosphere inter- 
face do not move. However, we found ample evidence 
of oxide ion migration inward beneath the inert 
marker, which must necessarily occur to maintain 
contact between the growing oxide layer and the re- 
ceding metal interface. 

M. H. Davies, M. T. Simnad, and C. E. Birchenall 
(authors’ reply) —We are extremely pleased to see the 
report which Professor Paidassi gives of his excellent 
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Fig. 13—Oxide layers formed on iron at 800°C. 12 hr. X1500. 


work on the scaling of iron. Despite minor differences 
on a few points, the major discrepancies between our 
results and those previously obtained by metal- 
lographic means seem to have been resolved. Thus 
parabolic growth of Fe,O, and Fe,O, is established, and 
the sharp increase in the fraction of the scale occupied 
by these phases above 910°C is eliminated. 

We do not doubt that the Fe,O, thickness measure- 
ments at 700°C are correct. Our failure to resolve this 
phase below 800°C is probably related to metal- 
lographic technique rather than the cooling of our 
specimens. These specimens were moved to the cold 
end of the furnace immediately at the end of the run. 
They were not in the hot zone of the furnace in the 
absence of oxygen long enough for layers of the thick- 
ness shown here to be reduced by the diffusion proc- 
esses known to occur in Fe,O,. 

Since the growth of each of the oxide phases is 
diffusion-controlled, we continue to believe that the 
growth of Fe,O, on Fe,O, is the same process regardless 
of whether wistite and iron lie on the other side of 
the Fe,O, or not. The only difference is probably the 
fact that Fe,O, is growing also in the former case but 
not in the latter. Thus the rate constants obtained in 
the two cases must be compared through some analysis 
such as that of Valensi rather than directly. 

It is evident, particularly in Fig. 13, that surface 
roughness may play an important role in determining 
the initial rates, so that the deviations from the simple 
parabolic law in Fig. 7, for Fe,O, growing on Fe,O, at 
850°C, are to be expected by the weight-gain method. 
Direct thickness measurement is undoubtedly less 
sensitive to this source of error, though not always 
completely free of it. 

Metallographic studies in this laboratory by Himmel 
on the decomposition of wistite on cooling indicate 
quite conclusively that the little cubes of Fe,O, ob- 
served in Fig. 13 are due to simple precipitation when 
wustite of oxygen content greater than eutectoid com- 
position is cooled into the wistite plus hematite region 
of the phase diagram. The specimens could not be 
quenched rapidly enough to prevent this reaction, al- 
though the eutectoid decomposition was easily avoided. 
Hence, these are not in themselves evidence for poros- 
ity. 

It is not clear how the solubility limits for Fe,O, and 
Fe,O, can be fixed from the measurements of oxida- 
tion kinetics without knowledge of the mobilities of 
the ions in these phases or without some sort of chemi- 
cal analyses. Himmel and Birchenall have measured 
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the iron ion mobilities in these oxides by following 
the diffusion of radioactive Fe”. 

The Nispan C wire used in these experiments was 
provided us by W. A. Mudge of the International 
Nickel Co. Professor Paidassi can obtain information 
about this material by writing to that company. The 
springs may be wound with the wire in soft condition, 
then heat treated to improve the elastic properties. 

We need only refer Dr. Brasunas to the work of 
Fischbeck and Salzer® to indicate that discontinuities 


in the rate constant-temperature relation have been 
reported and attributed to the a-y iron transformation. 
The necessity for oxide ion diffusion in the absence of 
marker movement is not made clear by the two sen- 
tences devoted to that subject. Experimental uncer- 
tainty in the location of the marker will always allow 
for some oxide ion diffusion. Its magnitude can prob- 
ably be determined best by direct measurement of 
oxygen diffusion in wustite. 


Role of Gases in the Production of High Density Powder Compacts 


by Donald Warren and J. F. Libsch 


DISCUSSION, V. Pulsifer presiding 


H. S. Kalish (Sylvania Electric Products, Inc., Bay- 
side, N. Y.)—The authors’ techniques of using permea- 
bility measurements to supplement density measure- 
ments in deducing sintering progress was well done. In 
addition they have clearly shown the necessity for re- 
moving the gas which results from the reduction of the 
oxides before the sintering process goes too far and 
how this gas can hinder sintering. They neglected to 
give sufficient importance, however, to the necessity 
for this reduction in the sintering process. 

The portion of the article on the “Effect of Sintering 
at 1400°C in Hydrogen and Helium on Compacts Pressed. 
at 50 tsi” is somewhat confusing. It is stated here that 
the expansion of pores, or better the retarding of sinter- 
ing by pore gases, could be due to the reduction of 
oxides by hydrogen or carbon, or due to the liberation 
of adsorbed gases. 

It is well known that hydrogen will reduce either 
iron or cobalt oxides at these temperatures, viz., 1400°C. 
If this is so, there is more reason to expect that sinter- 
ing in hydrogen should give a lower density and a 
higher permeability. The hydrogen sintering is, how- 
ever, outstandingly superior in producing a more dense 
sintered product. This I have observed frequently in 
working with stainless steel powders. You cannot sinter 
these compacts in the purest helium or in the best 
vacuum and get good density. It is essential that pure 
dry hydrogen be used to reduce the oxides present in 
these compacts. When the reduction is complete a good 
clean oxide free surface results and then the particles 
can sinter together. The authors have shown that this 
reduction must be completed before sintering progresses 
too far, but they gave no emphasis to the necessity of 
the hydrogen for this reduction. Although a large per- 
centage of the oxide can be removed by decomposition 
in helium or in vacuum it cannot be removed as com- 


Table VI. Porosity after Various Sintering Treatments 


Density 
Calculated from, Pct 
Based 
: t on 
Sintering Re- Based Re- 
Com- ported on ported 
pact- Pet Ideal Mixture by 
ing Tem- Found Density Density Au- 
Pres- pera- in of 8.08¢ of 8.36¢ thors, 
Fig sure, ture, Time,| Micro- per Cu per Cu G per 
No Tsi > Hr graphs Cm Cm Cu Cm 
14 50 14002» 0:5 71.4 5.76 5.96 6.30 
17 50 1400* 4 75.5 6.10 6.31 6.45 
12 50 1400 0.5 74.0 5.97 6.18 6.60 
9 25 1400 1 76.5 6.18 6.40 6.60 
19 50 1400 0.5 79.1 6.39 6.61 6.75 
20 25 1400 24 94.4 7.62 7.89 7.65 
Pal 25 1400 24 96.1 7.76 8.04 7.86 


* Sintered in helium. Others sintered in He. 
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pletely or as readily as when it is hydrogen-reduced. 
In addition the oxide which remains is at the outside 
of the particle or in the pore—just where it will hinder 
sintering. I sintered some stainless steel powder in a 
vacuum of about 10° mm and got a good deal of the 
chromium oxide to come out. It may not have even de- 
composed but just had a high enough vapor pressure 
to get pumped out. Much of the oxide remained on the 
compact, however, and it was clear that the vacuum 
sintering was not feasible. 

I made a very close examination of the micrographs 
in this paper and even drew a few lines through them 
to see how true a representation of the actual porosity 
they were. I found them to be very good indeed. Ord- 
inarily you can find a very distinct directional effect 
which shows up the polishing direction. These were a 
very good representation of the true porosity, however, 
so good that Table VI was prepared to show them. 

In general, micrographs show a higher porosity than 
that which really exists because the pores are always 
enlarged a little during even the most careful metal- 
lographic preparation. These were so good, however, 
that a certain trend seems to exist. In the pressed com- 
pact we have a mixture of cobalt and iron. In the early 
stages of sintering the cobalt and iron, per se, remain 
and little alloying occurs. With more sintering we get 
more diffusion and more alloying. Thus the density 
calculated on the basis of a mixture is closest to the 
measured one until densification, diffusion, and alloy- 
ing have gone a long way. Only the last two calculated 
densities based on the alloy density, therefore, are 
closest to the measured values, since the alloy seems 
to have a lower density than that indicated by the rule 
of mixture. 

D. Warren and J. F. Libsch (authors’ reply)—The 
authors wish to thank Mr. Kalish for his discussion of 
the paper and are particularly appreciative of his 
measurements of the porosity present in the powder 
compacts from their micrographs. It was interesting to 
see how the compact density calculated on the basis of 
the ideal density and on the basis of the mixture dens- 
ity compared with the measured density at the two 
extreme stages of the sintering process. 

_ With regard to the comments concerning the reduc- 
tion of oxides by hydrogen during sintering, the authors 
regret not having emphasized that the experiments de- 
signed to allow for the removal of gases from the com- 
pacts by variations in the sintering cycle were all con- 
ducted in a hydrogen atmosphere, In fact, all compacts, 
except where otherwise noted, were sintered in pure 
dry hydrogen. The purpose of the helium-sintering ex- 
periments was to study the process of gas evolution and 
pore expansion in the absence of a reducing atmosphere 
(hydrogen). It was not intended to suggest that sinter- 
ing in helium was superior to that in hydrogen, but 
only to show that gas evolution could proceed by 
thermal decomposition of oxides or by reduction of 
oxides with carbon. 
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Activity of Sulphur in Liquid Iron and Steel 


by Charles W. Sherman and John Chipman 


N the mathematical statement of the law of mass 

action, the activity of each substance consumed 
or produced in a reaction is used to obtain a numeri- 
cal constant which is characteristic of the equilib- 
rium of that reaction at the given temperature. The 
activity in many cases is equal to, or proportional to, 
the concentration. If this is the case, any units de- 
noting concentrations, such as weight percentage or 
mol fraction, may be substituted in the equilibrium 
expression. It is even permissible to use mixed 
units provided only that each unit is that used in 
defining the activity of the corresponding substance. 

The indiscriminate use of concentration units in 
writing equilibrium constants sometimes leads to 
very erroneous results. On the other hand, what 
appear to be contradictory results from similar in- 
vestigations often might be resolved if the activity 
is the quantity that is used to determine the equilib- 
rium constant for the reaction in question. De- 
sulphurization serves as an important illustration. 


Sulphur in Iron and Steel 

The control of the sulphur content of the finished 
product is one of the oldest and broadest problems 
in the metallurgy of iron and steel. In general, this 
control must be exercised through the action of a 
slag, and for this reason experimental studies of the 
distribution of sulphur between slag and metal have 
assumed considerable importance. Under slags of 
the type found in the basic open-hearth furnace the 
ratio (% S)/[% S] does not in general exceed about 
8. Under blast-furnace conditions, however, de- 
sulphurization ratios of 50 to 100 are readily ob- 
tained, and under laboratory conditions using sim- 
ilar slags, the ratio may be as high as 400. 

The fact that blast-furnace metal is much more 
readily desulphurized than is molten steel rests 
upon two distinct phenomena. The first of these is 
connected with the slag reaction. In the open- 
hearth furnace, the equilibrium in the following re- 
action places a definite limit on the sulphur content 
of the slag: 

[1] 


where the symbols underlined indicate elements 
dissolved in the liquid metal, while slag constitu- 
ents are represented as ions. The high oxygen con- 
tent of the open-hearth bath prevents this reaction 
from proceeding far enough to effect good desul- 
phurization. In the blast-furnace process, however, 
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the oxygen activity is limited by the presence of 
carbon in the metal and in the coke bed and the 
controlling reaction becomes: 


S+0O-+C=S~ + CO(gas) [2] 


The second phenomenon which contributes to the 
easier desulphurization of blast-furnace metal is 
the effect of high concentrations of other elements. 
These elements, notably carbon, silicon, and phos- 
phorus, increase the thermodynamic activity of 
sulphur several fold. As a result of this increase, 
the escaping tendency of sulphur from the metal 
phase is increased and its removal facilitated. 


Previous Studies 


It becomes, therefore, a matter of importance to 
determine the effects of various elements upon the 
activity of sulphur in the melt. The experimental 
approach to this problem has been made through 
the equilibrium between sulphur in the melt and 
gaseous atmospheres containing hydrogen and hy- 
drogen sulphide. The reaction and its equilibrium 
constant are written as follows: 


S + H,(gas) = H.S(gas); K, = 


As 


[3] 


where the symbol as represents the activity of the 
sulphur in solution in the metal. 

The understanding of the chemical behavior of 
sulphur in steel and pig iron rests on a firm knowl- 
edge of the binary system Fe-S. A number of 
studies of the equilibrium have given closely agree- 
ing results from which the activity and free energy 
of the dissolved sulphur may be found. The recent 
paper by Sherman, Elvander, and Chipman’ in- 
cludes a discussion and quantitative comparison of 
the results of several of the significant researches** 
on dilute solutions of sulphur in iron. 

The results of this study indicate that the rela- 
tionship between the ratio Pu.s/px, and the percent- 
age of sulphur in solution is not a linear one. This 


C. W. SHERMAN, formerly Research Assistant, Dept. of Metal- 
lurgy, Massachusetts Institute of Technology, is now with the 
Latrobe Electric Steel Co., Latrobe, Pa., and J. CHIPMAN, Member 
AIME, is Professor, Dept. of Metallurgy, Massachusetts Institute of 
Technology, Cambridge, Mass. 

Discussion on this paper, TP 3302C, may be sent, 2 copies, to 
AIME. Manuscript, Noy. 28, 1951. Los Angeles Meeting, February 
1953. 
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Fig. 2—Effect of manganese on activity coefficient of sulphur. 


means that the activity of sulphur is not exactly 
equal to its concentration, and hence, that the quan- 
tity: 

K’, [4] 
is not a true constant. Its value at 1600°C was found 
to shift with sulphur content in the manner shown 
in Fig. 1, where it is evident that log K’, is approxi- 
mately a linear function of the concentration of 
sulphur expressed as its percentage by weight in 
the melt. The true value of K, is determined from 
the intercept of the line at zero concentration. This 
procedure utilizes the infinitely dilute solution as 
the reference state, making ads = % S at zero con- 
centration. The ratio of K’, to the true K, gives the 
activity coefficient of sulphur defined by the equa- 


tion: 
fs = as/[% S] [5] 


Since log K’, is linear with the percentage of sul- 
phur, the same is true of log fs. This is shown in 
the lower line of Fig. 1 where it is designated log 
fs, the prime referring to the binary system Fe-S 
as distinct from the ternary systems to be discussed 
later. 

Three other investigations yield comparable 
values of K’, from which activity coefficients may 
be determined. The results of Morris and Williams’ 
and of Morris and Buehl' are included in Fig. 1. The 
two observations of the latter have been corrected 
for the small amount of aluminum present by a 
method which will be obvious from the subsequent 
discussion of ternary systems. The line representing 
the data at 1615° is drawn parallel to the 1600° 
line and higher by the amount required by the small 
temperature coefficient of the reaction. The agree- 
ment among the three sets of data is so good as to 
leave little doubt of the correctness of the slope 
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and of the activity coefficients thus determined. 
The data of Rosenqvist and Cox,*° in which the 
agreement is less satisfactory, will be discussed later 
in connection with the effect of copper. 


Experimental Method 


The essential features of the experimental method 
described in the previous paper* have been retained 
in the present work. A prepared mixture of hydro- 
gen and hydrogen sulphide of constant composition 
was conducted over molten iron containing various 
alloying elements until equilibrium was reached at 
1600°C. The melt was sampled during a run by 
dipping a silica tube into the melt through an open- 
ing in the top of the furnace and drawing up a sam- 
ple. These furnace samples were analyzed for sul- 
phur, using the entire piece, to determine when 
equilibrium had been reached. The final amounts of 
sulphur and other alloying elements were deter- 
mined from an analysis of the melt after solidifica- 
tion. 

Temperatures were measured by sighting a dis- 
appearing-filament optical pyrometer on the melt. 
The instrument was checked periodically against 
the melting point of electrolytic iron in hydrogen, 
1535°C. The true temperature of pure iron was 
determined from the work of Dastur and Gokcen,”’ 
which was done under similar experimental condi- 
tions. Heats containing large amounts of alloying 
material were checked by comparison of the optical 
temperature with that of a tungsten-molybdenum 
thermocouple. No significant changes is emissivity 
were detected as a result of adding alloying ele- 
ments and the temperature corrections for pure iron 
were applied to all alloys. 

It was necessary to prepare the melts in such a 
manner as to prevent the erosion of the walls of 
the alumina crucible by the sulphur and sulphides 
in the charge. For each heat an iron crucible weigh- 


Table |. Equilibrium Data on Fe-S-Mn Alloys at 1600°C 


Pus Metal Analysis, 
x 103 


Wt Pct 

No. (eorr) Ss Mn log K’1 log fs log fs’ log fgs(M™ 
-1 —2.662 —0.085 —0.059 —0.026 
-2 —2.652 —0.075 —0.057 —0.018 
-3 —2.670 —0.093 —0.058 —0.035 
-4 —2.644 —0.067 .—0.035 --0.032 
-5 —2.651 —0.074 —0.,033 —0.041 
-6 —2.668 —0.091 —0.034 —0.057 
-7 —2.651 —0.074 —0.028 —0.046 
-8 —2.662 —0.085 —0.028 —0.057 
-9 —2.639 —0.062 —0.023 —0.039 
-10 —2.655 —0.078 —0.023 —0.055 
-11 —2.645 —0.068 -0.022 —0.046 
-12 —2.607 —0.030 —0.019 —0.011 
-13 —2.651 —0.074 —0.021 —0.053 
-14 —2.631 —0.054 —0.020 —0.034 
-15 —2.611 —0.034 —0.017 —0.017 
-1 —2.627 —0.050 —0.018 —0.032 
-1 —2.660 —0.083 —0.019 —0.064 
1 —2.641 —0.064 —0.018 —0.046 
—2.668 —0.091 —0.016 —0.075 
- —2.680 —0.103 —0.016 —0.087 


—2.648 —0.071 —0.014 —0.057 
—2.593 —0.016 —0.011 
—2.610 —0.033° —0.011 —0.022 
—2.598 —0.011 
—2.610 —0.033 —0.010 —0.023 


—2.685 —0.108 —0.011 —0.097 
—2.706 —0.129 —0.012 —0.117 
—2.717 —0.140 —0.011 —0.129 
—2.750 —0.173 —0.009 —0.164 
—2.732 —0.155 —0.008 


—2.677 —0.100 —0.007 —0.093 
—2.788 —0.211 —0.008 —0.203 
—2.761 —0.184 —0.007 
—2.786 —0.209 —0.007 —0.202 
—2.805 —0.228 —0.007 —0.221 
—2.806 —0.229 —0.007 —0.222 


NNNN W 
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ing about 150 g was machined from high grade 
magnet iron. The iron crucible was designed to fit 
inside the alumina crucible with sufficient space to 
allow for expansion during heating. The alloying 
materials were placed in the iron crucible after 
being mixed with iron powder. Upon heating, the 
alloy melted first but did not come in contact with 
the alumina crucible. When the iron crucible melted, 
the sulphur-rich material was in solution and did 
not attack the alumina appreciably. 

The ratio Pus/px, was corrected by using the 
known thermodynamic data for the formation of S, 
which represents the only important dissociation of 
H.S at the temperature of 1600°C. Using the cor- 
rected ratios and the percentage of sulphur in the 
metal, it is possible to determine for each heat a 
value of K’, defined in eq 4. The ratio K’,/K, gives 
the activity coefficient of sulphur, fs. 


Activity in Ternary Systems 

The treatment of ternary systems previously used 
by one of the authors” is suitable for examining the 
effect of a third element upon the activity coefficient 
of sulphur. In a ternary solution let f; represent the 
activity coefficient of sulphur; also let f,’ be that in 
the binary Fe-S solution of equal sulphur concen- 
tration. The effect of a third element may be repre- 
sented by the ratio of the two which we shall call 
fs® defined so that: 


fs=fs X fs [6] 


This method of calculation was successfully’ ap- 
plied* to the data of Morris and Williams.’ It has 
not yet been shown, however, to what extent the 
value of f;® is independent of the concentration of 
sulphur. The general usefulness of eq 6 will be 
enhanced if it is found that fs® is a function of the 
concentration of the third component only, and the 
data to be presented will be examined to ascertain 
whether this is true. 

Fe-S-Mn—tThirty-six experiments were carried 
out at 1600°C in which the third element, manga- 
nese, was present in amounts up to 8.2 pct. The data 
are shown in Table I. The sulphur content was 
varied from 0.25 to 2.1 pct, the higher concentra- 
tions being limited to the low manganese alloys by 
formation of a separate phase containing MnS. 
Values of log fs” (eq 6) are plotted in Fig. 2. Here 


Table II. Equilibrium Data on Fe-S-P Alloys at 1600°C 


Pu,s A i 
2) x 103 Metal Analysis, 


Wt Pct 
No. (corr) Ss P log K’1 logfgs logfs’ log fs® 
F-1 0.699 0.231 1.45 —2.519 0.058 — 0.006 0.064 
F-2 0.561 0.157 3.21 —2.447 0.130 — 0.004 0.134 
F-3 0.885 0.312 0.76 —2.547 0.030 —0.009 0.039 
F-4 0.717 0.219 2.270 — 2.485 0.092 — 0.006 0.098 
F-5 0.526 0.133 4.19 — 2.403 0.174 —0.004 0.178 
F-6 0.752 0.160 5.69 —2.328 0.249 —0.004 0.253 
F-7 1.078 0.199 6.81 —2.266 0.311 — 0.006 0.317 
F-8 0.916 0.148 8.04 —2.208 0.369 —0.004 0.373 
Table III. Equilibrium Data on Fe-S-Al Alloys at 1600°C 
Puys Metal Analysis, 

x 108 Wt Pct 
Run Px, 
No. (corr) s Al log K’1 logfs log fs’ log fs‘A) 
A-1 1.03 0.351 1.03 — 2.533 0.044 —0.010 0.054 
A-2 1.00 0.302 1.91 —2.480 0.097 —0.008 0.105 
A-3 0.95 0.256 2.78 —2.431' 0.146 —0.007 0.153 
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Fig. 3—Effects of aluminum, phosphorus, and copper on 
activity coefficient of sulphur. 
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Fig. 4—Equilibrium in Fe-S and Fe-S-Cu alloys. 


different symbols are used to designate heats con- 
taining more than 1 pct or less than 0.4 pct or inter- 
mediate amounts of sulphur. The three groups of 
points conform to the line drawn in the range 0 to 
5 pct Mn; above this range, only low sulphur points 
are available. It may be concluded that up to and 
possibly beyond 5 pct Mn, the coefficient fs” is 
independent of the sulphur content. It is observed 
that log fs°™ is a linear function of manganese con- 
centration up to about this limit. At higher con- 
centrations, these two empirical observations must 
be regarded only as useful approximations. 


Fe-S-P—Similar data on melts containing phos- 
phorus have been published recently by the 
authors” and are repeated here for comparison with 
other data. They are shown in Table II and Fig. 3. 
Again there is no apparent dependence on sulphur 
content and log f;” is linear up to about 5 pet P. 


Fe-S-Al—Three melts were made containing 
aluminum and the resultant data are shown in Table 
III and Fig. 3. Again log fs“” is linear. 


Fe-S-Cu—tThe data of Rosenqvist and Cox both 
on pure iron and on Fe-Cu alloys are inconsistent 
with the foregoing data at low sulphur concentra- 
tions, but the agreement is good above 2 pct S. This 
is shown in Fig. 4 where their data on Fe-S alloys at 
1550° are compared with those of Sherman, Elvan- 
der, and Chipman at 1540°. Their points for copper- 
bearing alloys are also shown, with the percentage 
of copper indicated. The value of log f,“” is taken 
as the vertical distance of each of these points below 
the line representing their values for the binary 
solutions. These are plotted against concentrations 
of copper in Fig. 3. The line is drawn straight since 
the precision is inadequate to establish the shape 
of the curve. 


Fe-S-Si—As a further basis of comparison with 
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Fig. 6—Comparison of the effects of several elements on the 
activity coefficient of sulphur. 


the work of Morris and Williams, a number of heats 
were made in our apparatus by David B. Smith 
using Fe-S-Si alloys. The heats were made in silica 
crucibles to avoid any errors due to reduction of the 
crucibles. The results are shown in Table IV and 
Fig. 5. Originally aimed at 1615°C, it was found 
subsequently that the actual temperature had been 
1630°. It is unlikely that this difference has an 
appreciable effect on f;“" provided only that the 
value of K appropriate to the temperature is used 
in the computation. The results agree remarkably 
well with the data of Morris and Williams and the 
curve is drawn to represent an average of the two 
sets of data. 

Fe-S-C—tThe data of Morris and Buehl for Fe-S- 
C alloys containing small amounts of aluminum may 
be corrected to correspond to the simple ternary in 
the following manner. The original values of fs are 
divided by f;°” read from Fig. 3 to obtain the cor- 
rected values. This is an empirical procedure whose 
justification will be discussed under quaternary 
systems. The resultant values of log fs“ are shown 
in Fig. 5. 

Comparison: In the foregoing calculations the 
percentage by weight has been used rather than the 


Table IV. Equilibrium Data on Fe-S-Si Alloys at 1630°C 
(Experimental work by David B. Smith) 


Pus Metal Analysis, 
x 10° Wt Pct 

No. (corr) s Si log K’1_ log fs log fs’ log fs 
2D1 1.60 0.165 6.34 —2.013 0.546 —0.005 0.551 
3C4 2.91 0.197 8.38 —1.831 0.728 —0.006 0.734 
3C5 2.91 0.178 8.32 —1.786 0.773 —0.005 0.778 
3C6 2.91 0.158 8.31 —1.735 0.824 —0.005 0.829 
3CM 2.91 0.167 8.24 —1.759 0.800 —0.005 0.805 
4A6 2.45 0.646 2.52 —2.421 0.138 —0.018 0.156 


atomic concentration because of its ready applica- 
tion in steelmaking. For a comparison of the effects 
of the several elements, it is more enlightening to 
use atom fractions. In this calculation, let the 
activity coefficient be represented by ys = ds/Ns and 
let ys approach unity as Ns approaches 0. Values 
of ys differ only slightly from those found for fs and 
analogous equations are applicable; for example, 
ys = ys ‘ys®. Calculations were made in the same 
manner as before, after changing all percentages to 
atom fractions. The results are shown in Fig. 6. The 
effects of phosphorus, carbon, aluminum and silicon 
are similar, increasing in the order named. Manga- 
nese has a greater effect than copper. 

At small concentrations each of the lines is 
straight and the slope in this region is of possible 
theoretical interest. The slopes are shown in Table 
V, together with the approximate limit below which 
each line is straight. Values are given for the coef- 
ficient d log fs/d [% third component] read from 
Fig. 1, 2, 3, and 5 and for the quantity « = @ In ys;/ 
N3. 


Quaternary and More Complex Systems 
The simultaneous effects of two or more alloying 
elements on the activity coefficient of sulphur have 
been studied in a series of experiments at 1600°C 
whose results are recorded in Table VI. These ex- 
periments were designed to establish a method 
which could be used for computing activity coef- 


Table VY. Effects of Small Concentrations of Added Substances On 
Activity Coefficient of Sulphur 


0 log fs 
Limit 
Third Third Third e= 
Component Component] Component] 

+0.113 +5.6 

Si + 0.065 3.5 +7.5 

12 + 0.043 4.0 +5.5 

Al + 0.054 3+ +6.0 

Cu —0.013 13? —3.4 
Mn —0.025 5.0 —5.7 


Table VI. Equilibrium Data on Complex Alloys at 1600°C 


abs, 102 Metal Analysis, Pct log fs 
Run Pu, 

No. (corr) Ss Cc Al 1s Si Mn Obs. Cale. 
CA-1 1.19 0.300 0.56 2.16 0.176 0.17 
2 1.42 1:04) 0.237 0.23 

3 1.74 0.289 1.95 2.08 0.357 0.35 

4 1.43 0.397 0.74 1.14 0.133 0.14 

5 1.08 0.251 1.40 1.09 0.210 0.21 

6 1.63 0.244 2.72 1.10 0.402 0.39 
F-9 0.938 0.242 0.95 0.19 10 0.166 0.16 
10 1.19 0.202 2.01 0.25 1.90 0.346 0.33 
11 0.978 0.186 1.96 0.37 0.97 0.298 0.29 
12 0.776 0.177 0.99 0.23 2.03 0.218 0.21 
B-1 1.08 0.277 1.01 0.17 0.89 0.168 0.18 
2 1.10 0.215 1.91 0.19 0.96 0.286 0.29 

3 0.823 0.175 0.93 0.30 2.09 0.249 0.26 
4 131 0.198 2.10 0.12 1.95 0.398 0.41 
5 2.23 0.254 2.17 0.28 2.87 0.520 0.54 
6 2.70 0.233 2.08 0.26 4.05 0.641 0.67 
B-7 0.647 0.222 0.99 0.09 3.14 0.041 0.03 
8 0.862 0.313 0.74 0.12 2.87 0.016 0.01 

9 1.07 0.429 0.48 0.10 3.21 —0.027 —0.03 

10 0.743 0.187 2.03 0.18 3.04 0.176 0.16 
11 1.30 0.266 2.64 0.17 2.59 0.266 0.25 
12 1.19 0.345 1.55 0.14 2.76 0.115 0.10 
B-13 0.825 0.311 0.38 0.15 0.60 3.50 0.000 0.00 
14 0.808 0.299 0.50 0.07 0.48 3.26 0.008 0.00 
15 0.996 0.400 0.17 0.11 0.40 2.72 —0.027 —0.02 
16 0.730 0.281 0.30 0.08 0.49 3.01 —0.008 —0.01 
17 0.825 0.253 0.98 0.04 0.75 2.88 0.090 0.08 
18 0.924 0.190 2.03 0.12 1:00: 2.56 0.264 0.25 
B-19 1.68 02007 10:31 0.501 0.52 
20 1.86 0.244 1.76 0.27 1.93 2.16 3.80 0.459 0.43 
21 1.30 0.198 1.55 0.19 2.77 1.33 2.99 0.395 0.38 
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ficients throughout the range of compositions en- 
countered in iron and steel practice. The method of 
computation is explained below and the calculated 
value of log fs is shown for comparison in the final 
column of the table. 

A simple method for combining activity coef- 
ficients, applicable to dilute solutions, has been ap- 
plied” to an analogous case of oxygen in steel. It 
rests upon a simple extension of eq 6 to multicom- 
ponent systems: 


or more conveniently, 
log fs = log + log + log fs® [8] 


While this equation is thermodynamically valid for 
an extremely dilute solution of components 2, 3, 4, 
i, in component 1, its application to solutions of 
higher concentration is semi-empirical and its use- 
fulness can be estimated only from experiment. 

The experimental data on log fs in binary and 
ternary systems are assembled in Fig. 7, which will 
serve as a working graph. The simple addition of 
values of log f is illustrated for three experiments 
in the following: 


CA-1 CA-3 CA-6 

Log fs’ —0.009 —0.009 —0.006 
Log +0.061 +0.221 + 0.320 
Log fs(AD + 0.120 +0.115 +0.059 
sum +0.172 + 0.327 +0.373 
Log fs (obs.) +0.176 + 0.357 + 0.402 


The agreement between observed and calculated 
values is very good in the first example but some- 
what outside the normal limits of experimental 
error in the other two. A more accurate method for 
combining the data is desirable. 

The basis for a better: method is found in an 
observation of Morris and Buehl: ‘One experiment 
of an exploratory nature was run at 1600°C to de- 
termine the effect of carbon and silicon when 
present together in the melt. In this test the addi- 
tion of 1.40 pct silicon to a melt containing 4.0 pct 
carbon increased the activity coefficient of sulphur 
from 3.75 to 5.08. This increase is about the same 
as would have resulted from adding 1.4 pct silicon 
to an iron-silicon melt in which ys was initially 3.75, 
that is, adding 1.4 pct silicon to iron containing 
7.15 pet silicon.” 

An empirical method utilizing this principle 
which serves sufficiently well for obtaining fs in a 
complex alloy depends upon the order in which in- 
dividual values of log fs‘’ are added. Beginning 
with the straightest lines of Fig. 7 and proceeding 
to those of successively greater curvature, the 
method is as follows. The value of log fs“” is read. 
A point on the phosphorus curve is located having 
equal value of log fs. To the phosphorus content of 
this is added that of the alloy, and the corresponding 
value of log fs” is read. A point on the carbon curve 
is located having log fs equal to this last value. To 


Table VII. Activity Coefficient of Sulphur in Pig Iron 


No. Si P Mn Cc fs 
1 0.5 0.2 0.5 4.8 seta) 
2 1.0 0.5 1{3) 4.6 5.6 
3 2.0 0.5 1.0 4.3 6.3 
4 4.0 0.5 1.0 3.7 8.5 
5 1.0 3.0 1.0 3.8 6.0 
6 1.0 0.5 3.0 4.7 5.4 
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Fig. 7—Graph for computing log fs in complex systems. 


the carbon content of this is added that of the alloy, 
and the corresponding value of log f;“ is read. This 
procedure is repeated for the silicon line, adding the 
silicon content of the alloy. This yields a value of 
log fs which represents the sum of all the positive 
contributions. The negative contributions are added 
similarly in the order sulphur, copper, and manga- 
nese and are subtracted from the previous sum. 

The calculation is illustrated for the three ex- 
amples used above as follows: 


CA-1 CA-3 CA-6 
Log fs) +0.120 +0.115 +0.059 
Equivalent pct C 1.08 1.03 0.60 
Equivalent total C 1.64 2.98 3.32 
Log fs(41+© + 0.184 +0.357 + 0.396 
Log fs’ —0.009 —0.009 —0.006 
Log fs (calc.) + 0.175 + 0.348 + 0.390 
Log fs (obs.) + 0.176 +0.357 + 0.402 


The discrepancy between the calculated and the 
observed value has been reduced to about one third 
and is now within the limits of experimental error. 
This is the method that has been used in obtaining 
all the calculated values of log fs in Table VI. In 
dilute solutions where the curved portions of the 
lines are not reached, it is equivalent to simple addi- 
tion of values of log fs. At higher concentrations 
the results depend upon the order of addition es- 
pecially of carbon and silicon, and the order chosen 
is based principally on trial and error. 


Sulphur in Pig Iron 

The activity coefficient of sulphur in pig iron can 
be calculated by the method used above, but the 
data do not go to high enough percentages to in- 
clude spiegel or silvery iron. For several pig iron 
compositions, the results are shown in Table VII. 
The carbon concentration of pig iron is usually 
lower, the higher the silicon and phosphorus con- 
tent. For purposes of calculation, hypothetical car- 
bon contents have been used which correspond 
approximately to graphite saturation at 2700°F. The 
results show an activity coefficient of 5.4 to 6.3 for 
ordinary grades, with higher figures at higher sili- 
con content. The significance is that in pig iron 
sulphur should be much more easily removed than 
in mild steel because it has about 5.5 times the 
escaping tendency. 

Summary 

The chemical behavior of sulphur in liquid iron 
at 1600°C is investigated through study of the 
equilibrium: 

+ S = H.S; K= ds) 


From the known equilibrium constant of the reac- 
tion and the experimental data, the activity of sul- 
phur in the melt is determined. 
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The activity coefficient of sulphur defined as fs = 
ads/% S is increased by phosphorus, carbon, alu- 
minum, and silicon, named in order of increasing 
effect per atom. It is decreased by copper and man- 
ganese, the latter having the larger effect. 

A semi-empirical method is devised for calculat- 
ing the activity coefficient of sulphur in complex 
solutions of four or more components. This method 
is tested against extensive data on solutions of this 
kind. 

The activity coefficient of sulphur in iron of 
typical blast-furnace composition is about 5.4 to 6.3 
and increases with increasing silicon. 
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Discussions, 


Technical Note 


Diffusion and Precipitation of Carbon in Some Alloys of Iron 


by Charles Wert 


dae diffusion and precipitation of carbon and 
nitrogen in a iron have previously been in- 
vestigated using the internal friction as a measur- 
ing tool.* Most of this work has been done on rather 
pure iron; no effect was observed which would in- 
dicate that either of these phenomena is affected by 
the rather small amounts of impurity found in these 
samples of iron. Fast? observed, however, that both 
the diffusion rate and the aging properties of nitro- 
gen in iron were sensibly changed by the addition 
of % pct Mn. The diffusion rate at a given tempera- 
ture is reduced and the nucleation of nitrides is 
apparently changed somewhat. He observed no 
such changes for carbon in this alloy. Later Dijkstra 
and Sladek® extended these observations on nitrogen 
to other alloys of iron. They found that metals 
other than manganese also influence the behavior of 
nitrogen in iron; chromium, molybdenum and es- 
pecially vanadium affect the diffusion and precipita- 
tion of nitrogen even more than manganese does. 
Their results have been verified in all essential de- 
tails by this author, who finds in addition that small 
additions of nickel have about the same effect on 
the diffusion of nitrogen as the same amount of 
manganese. 

The present work was undertaken to study the 
effect on carbon in iron of these alloying elements. 


C. WERT is associated with Dept. of Mining and Metallurgical 
Engineering, University of Illinois, Urbana, Illinois. 
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The alloys used had two sources. The material used 
as a “standard” (designated Fe in this paper) in 
the measurements was some iron supplied by J. K. 
Stanley, of Westinghouse Electric Corp., who re- 
ported 0.01 pct O. as the only major impurity. He 
also made up an alloy of 0.26 pct Ni and one of 0.9 
pet Mo using this same iron as a base. They were 
supplied by him in 2 lb billets, which were sawed 
into rods and cold formed into 0.030 in. wires for 
measurement. The alloys of chromium, manganese, 
and vanadium were prepared by the metallurgy sec- 
tion of the Institute for the Study of Metals, Univer- 
sity of Chicago, by adding these metals in turn to 
vacuum melts of National Research Corp. iron. The 
small castings prepared in this way were also cold 
formed into 0.030 in. wires. After these wires had 
been prepared they were decarburized for 30 min 
at 730°C in wet H.. After this treatment, no trace 
of carbon (as measured by internal friction) could 
be found. All specimens were then carburized for 
about 15 min at 710°C and water quenched. By 
this treatment the internal friction at 40°C was 
raised to a Q* ~ 0.015. 

The diffusion of carbon in these alloys was studied 
by observing the shape and position of the internal 
friction peak at 0.9 cycles per sec. These measure- 
ments were made using a torsional pendulum in a 
manner described earlier. The data are plotted in 
Fig. 1. It is seen that there is no apparent difference 
in internal friction between the various alloys. This 
is in marked distinction to the broadening and shift- 
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Table |. Internal Friction in Various Steels 


Carbon Content 


by Chemical Internal 


Alloy Analysis, Pct Friction 
Fe 0.0145 0.015 
Fe + 0.5 pct Ni 0.0305 0.015 
Fe + 0.9 pct Mo 0.027 0.0155 
Fe + 0.5 pet Cr 0.0165 0.015 
Fe + 0.5 pct Mn 0.065 0.014 
Fe + 0.5 pct V 0.038 0.0155 


ing of the nitrogen peak in these alloys.”* It would 
appear from Fig. 1 that these alloying elements in 
these concentrations have only a small effect on the 
diffusion of carbon. There is a chance, of course, 
that there are carbon atoms which are trapped in 
interstitial sites adjacent to impurity atoms. These 
carbon atoms might not contribute to the damping 
in the neighborhood of the normal carbon peak. 
However, if this is the case, then there should be a 
relaxation peak at some other temperature for these 
carbon atoms (as was observed for the “trapped” 
nitrogen atoms in these alloys”*). No such peak 
was found for carbon in any of these alloys between 
the temperatures —35° and 200°C. It must be con- 
cluded from these measurements, therefore, that the 
diffusion rate of carbon at 40°C in a iron is the same 
as that in these alloys. 

The precipitation measurements were carried out 
at 150°C. The course of the precipitation was fol- 
lowed by observing the decrease in the internal 
friction peak at 40°C. This method has been ade- 
quately described previously.» The data are shown 
in Fig. 2. All the alloys with the exception of the 
vanadium alloy follow closely the same pattern. It 
must be the case, therefore, that the alloying ele- 
ments manganese, chromium, molybdenum, and 
nickel in these concentrations do not affect the pre- 
cipitation of carbon at this temperature. For the 
alloy of 0.5 pet V in iron, a considerable effect is 
observed. Here the precipitation rate is roughly ten 
times faster than for the others. Since the diffusion 
rate of carbon in Fe + 0.5 pct V does not differ 
from that for the other alloys (as my interpretation 
of Fig. 1 indicates), the nucleation of some carbide 
must be aided by the presence of vanadium. The 
carbide which is formed should be more finely dis- 
persed than in the other materials. This would al- 
low precipitation to go on faster, as the data in 
Fig. 2 require. 

The internal friction method of carbon analysis 
will only indicate how much carbon is in solid solu- 
tion. It will not tell how much carbon might be 
tied up in the various carbides. To get a complete 
picture of the alloys, then, it is necessary to have 
an analysis for total carbon content made by some 
kind of chemical analysis. For the alloys reported 
here, this has been done; the results are presented 
in Table I.* 

*For this analysis, the author is indebted to Dr. George Weiner 
of the magnetics department, Westinghouse Research Laboratory. 

The first thing to be observed in Table I is that 
for the purest iron used in this work, the agreement 
between internal friction and actual carbon content 
is very good. . This is the first direct proof that the 
internal friction technique is a valid method for 
carbon analysis in iron. For the other alloys the 
agreement is bad. At the moment, no reasonable 
explanation can be made for this disagreement. If 
the exeess carbon is in solid solution but is trapped 
near the alloying elements, the internal friction 
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Fig. 2—Precipitation of C from supersaturated solid solution in 
iron and some of its alloys. 


peak of Fig. 1 should be modified as for N, in these 
alloys.”*® If the carbon is bound up in carbides 
which are formed at the carburizing temperature of 
710°C, then nickel (which has no stable carbide 
at this temperature) should not exhibit such a dis- 
agreement as the strong carbide formers. 

Even with these disturbing factors, a number of 
worthwhile conclusions may be drawn from the 
data: 1—For pure iron the internal friction is a re- 
liable indicator of carbon content; this adds cre- 
dence to the earlier use of it in study of aging of 
carbon in iron. 2—The presence of Cr, Ni, Mn, V, 
and Mo in amounts of about % wt pct does not 
affect the relaxation peak of carbon in a iron. These 
elements in this amount presumably do not sensibly 
alter the diffusion rate of carbon in iron. 3—With 
the exception of vanadium, these alloying elements 
do not affect the rate of precipitation of carbon in 
a iron. Vanadium hastens the precipitation of car- 
bon; this is tentatively interpreted as indicating that 
it provides more precipitation nuclei for the carbide. 
These last two conclusions must be qualified by the 
remark that there is in some of these alloys some 
carbon tied up in some unknown way. The presence 
of this carbon seems in no way (with the exception 
of the vanadium alloy) to affect the behavior of the 
“free”? carbon. 
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Solid Solubility of Sulphur in Iron 


by Terkel Rosenqvist and Boleslaw L. Dunicz 


C has long been suspected that sulphur has a 
small but finite solid solubility in iron, but up to 
the present more accurate data have been lacking. 
The survey given by Hansen’ illustrates the diver- 
gence of data and opinions. Solubilities between 
0.01 and 1.5 pct have been suggested, and opinions 
vary regarding the effects of temperature and phase 
transformations in iron on the sulphur solubility. 
The extent of solid solution and its variation with 
temperature might be expected to be an important 
factor in the occurrence of hot shortness in steel. 
Therefore, the object of the present investigation 
was to study this problem more systematically. It 
was furthermore hoped that solubility data for sul- 
phur might contribute to an understanding of the 
factors which determine solid solubilities in general. 


Experimental Procedure 

The present work was based on the measurement 
of the chemical activity of sulphur in the solid solu- 
tion by means of equilibrium with a mixture of 
hydrogen and hydrogen sulphide. When the solid 
solubility limit is reached, the sulphur activity in 
the iron becomes equal to that in the coexisting sul- 
phide phase. 

A gas mixture of a controlled H.S/H, ratio was 
passed over pure metallic iron heated to a tempera- 
ture in the range 900° to 1500°. The amount of sul- 
phur absorbed by the iron was determined by 
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Fig. 1—Apparatus for H,-H,S generation and equilibrium studies. 


A — Silicone oil thermostat K — Al.O; thimble 

B — Sulphur bath L — ALO: boat 

C — Furnace, 500°C M -—Iron samples 

D —Alundum chips N —Alh0Oz3 baffle 

E — P:05 O —Alundum rod 

F — Gas sampler, 118.5 cc P — Thermocouple 
G — Gas absorption flask Q — Watercooling 

H — Watercooling R — Asbestos plug 

I capillary S — Phosphoric acid. 
J  — Reaction furnace 


analysis, and from a plot of percentage of sulphur 
vs. gas composition the sulphur activity and the 
solubility limit were determined. 

As the rate of diffusion of sulphur in solid iron is 
very small, often several days were needed to be 
sure that equilibrium conditions had been estab- 
lished. To produce a gas flow with less than i pct 
H.S of constant composition for several days, was in 
itself a problem. The most satisfactory arrange- 
ment was obtained by a continuous synthesis of 
hydrogen sulphide from the elements. This was 
done in the part of the apparatus shown to the left 
hay 

The hydrogen used was first purified in tank 
batches by passage through activated charcoal 
cooled in liquid nitrogen under a pressure of 150 
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atm. This was done in order to remove any hydro- 
carbons which later might have contaminated the 
iron with carbon. The gas was further purified by 
passage through heated Pd-asbestos and was dried 
over CaCl, and P,0;. 

The purified hydrogen was bubbled through 
molten sulphur kept at some temperature between 
140° and 180°C (A, Fig. 1) in a silicone oil thermo- 
stat. The hydrogen became saturated with sulphur 
vapor but did not react chemically with it. This gas 
mixture was then passed directly into a reaction 
tower filled with Alundum chips and kept at a 
temperature of about 500°C. Here the sulphur 
vapor reacted with hydrogen to give hydrogen sul- 
phide. By varying the temperature of the constant 
temperature bath, the H.S/H, ratio could be varied 
between 10° and 10°. For a fixed geometry of the 
bath, its heater and temperature controller, the gas 
composition was kept constant to within 2 or 3 pct 
for several days. 

The mixture of hydrogen and hydrogen sulphide 
was dried over P.O; and was passed through a gas 
sampler of known volume (F, Fig. 1), before it 
entered the main reaction furnace. For gas analysis 
this volume was closed off, and the trapped gas was 
flushed by means of argon into an absorption flask 
containing alkaline potassium hypochlorite solu- 
tion. The amount of hypochlorite needed to oxidize 
the hydrogen sulphide to sulphate was determined 
by iodometric titration, in the way recently de- 
scribed by the present authors.” From the known 
volume, temperature, and pressure of the gas sam- 
ple, the percentage of H.S could be calculated and 
the H.S/H, ratio determined. 

In Fig. 2 are plotted all gas ratios obtained over 
a period of several months as a function of the 
temperature of the molten sulphur. The dashed 
curve represents the gas composition calculated 
from the vapor pressure of liquid sulphur as given 
by West and Menzies.’ This curve is calculated 
under the assumption that the vapor consisted of 
S;, molecules and that the hydrogen pressure was 
always 750 mm Hg. The slightly lower values for 
the experimental points may be due to incomplete 
vapor saturation, but also may be because the 
vapor, in addition to S; molecules, contained some 
S, molecules. The scatter may be due partly to 
variations in atmospheric pressure, which affected 
the H, pressure. 

From the gas sampling tube the gas passed into 
the reaction furnace at a flow rate of 50 to 100 cc 
per min. The reaction furnace had a molybdenum 
resistance winding, protected against oxidation by a 
hydrogen-nitrogen atmosphere. The temperature 
was controlled by a heavy Pt-Pt-Rh thermocouple 
connected with a Leeds and Northrup ‘‘Micromax” 
temperature controller. The temperature setting 
was calibrated by means of a standardized thermo- 
couple which, between runs, was inserted into the 
furnace to the point where the iron samples usually 
were heated. The temperatures are regarded as 
accurate to 2° at 900°-to 1000°C and 5° at 1500°C. 

In order to prevent thermal diffusion in the gas 
mixture, several precautions were taken. First the 
gas was mixed ‘with about an equal amount of ar- 
gon, purified by passage over KOH, P.O,, and heated 
copper gauze. This is in accordance with the finding 
by Dastur and Chipman‘ that an inert heavy gas 
prevents thermal diffusion of the lighter gases. 
Second, the inlet to and the outlet from the hot 
zone were constricted. The boat containing the iron 
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140° 150° 160° 170° 180° 
TEMPERATURE °C 

Fig. 2—H,S/H, ratio ys. the temperature of molten 

sulphur. The dashed curve is calculated from the 

vapor pressure assuming S, molecules and Pu, = 750 

mm Hg. 


samples was placed in the hot zone inside a chamber 
consisting of a thimble with a capillary inlet in the 
bottom. The gas outlet was constricted by means 
of a smaller tight fitting thimble which also acted 
as a heat shield. 

In order to prevent contamination of the iron 
with silicon, all refractories were of pure sintered 
aluminum oxide. This included the main reaction 
tube as well as the thimbles, the capillary tube, and 
the boat for the samples. The boat was attached by 
means of a molybdenum wire to an Alundum rod 
which projected from the furnace, and which made 
it possible to pull the boat out into the water- - 
cooled zone. 

The boat was loaded usually with three iron sam- 
ples. These were made from Puron iron, cold- 
rolled to a thickness of 0.003 in. Strips of this foil 
were coiled up into spirals and were placed in the 
boat so that the gas could flow through the spirals 
%nd make intimate contact with the entire surface 
area. Each iron sample weighed 1 to 1.5 g. 

After the iron samples had been heated in the gas 
flow for a certain time, the boat was pulled out into 
the cold zone in a counterflow of cold, purified 
argon which replaced the H.-H.S atmosphere. No 
attempt was made to quench the iron samples, since 
only the sulphur concentration and not the struc- 
tural distribution of sulphur in the cooled samples 
was of interest in this work. 

The sample in the middle of the boat, No. 2, Fig. 
1, was usually taken out for analysis. The run was 
continued with sample No. 1 moved to the position 
of No. 2, and No. 3 to the position of No. 1; a fresh 
iron sample was put in the vacant place. In this 
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Fig. 3—Sulphur content vs. H.S/H, ratio, 900° to 
940°C. 
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way it was possible to have the samples heated in 
the gas flow for various lengths of time. 

In some eases, iron samples with about 0.15 pct 
S were used in order to approach the equilibrium 
from the side of high sulphur content. These iron 
samples were prepared from the Puron spirals 
which were heated in an evacuated and sealed 
quartz tube with a calculated amount of sulphur 
at 900°C for several days. A plot of the sulphur 
content of the samples vs. reaction time, for 1200°C, 
showed no systematic variation with time between 
20 and 110 hr, and the samples with high initial 
sulphur content gave the same result as the ini- 
tially pure iron. At 910°C, 48 hr were sufficient to 
give equilibrium values. At 1350° to 1500°C, the 
runs lasted for 12 to 36 hr. 

Some runs at 1200°C were made with a special 
high purity iron which had been prepared by the 
National Bureau of Standards.* This iron was 


* Thanks are due to J. G. Thompson for this material. 


claimed to be more than 99.99 pct pure. As will be 
shown in Fig. 3, this material gives the same results 
as Puron. 

The sulphur content of the iron samples was de- 
termined by dissolving the samples in 6 N hydro- 
chloric acid and absorbing the evolved hydrogen 
sulphide in potassium hypochlorite solution, which 
again was titrated in the same way as for the gas 
samples. 

The impurities in a number of samples were de- 
termined by semiquantitative spectrographic anal- 
ysis. Some typical analyses are given in Table I. 
It should be noted that these data are regarded as 
accurate only to within a factor of three. 

It may be noted that for samples treated up to 
1400°C the total amount of metallic impurities was 
between 0.01 and 0.1 pct, whereas for the sample 
treated at 1500°C the silicon content was of the 
order of 1 pct. 

The oxygen content was determined in a few 
samples treated at 940°C in the regular way, with 
the exception that the H.S concentration in the gas 
was very low (<10°). The oxygen content was de- 
termined by the vacuum fusion method and the 
following values were obtained: 


) 0.0) 0.02 0.03 004 0.05 0.06 0 0.02 0.04 0.06 0.08 010 012 0.14 0.16 018 0.20 022 024 
% SULPHUR 


Puron heated for 48 hr: 0.034 pct O. 
N.B.S. heated for 24 hr: 0.024 pct O. 
N.B.S. heated for 48 hr: 0.018 pct O. 


The carbon content of the samples was not de- 
termined, but since the gas was virtually free of 
hydrocarbons, it is believed to be very low. 

It is difficult to predict to what extent these im- 
purities will effect the sulphur solubility; though it 
is probable that some effect will be present. 


Experimental Results 


In Figs. 3 and 4 curves are plotted for the sulphur 
content of the iron vs. the H.S/H, ratio of the gas 
for a number of temperatures between 900° and 
1500°C. The abscissas are drawn to different scales 
for the different temperatures. For all temperatures 
the saturation point is characterized by a sudden 
increase in the sulphur content at a certain constant 
gas composition. When the gas ratio was increased 
beyond this point, the iron was gradually trans- 
formed into FeS or a sulphide-rich melt. 

Below the saturation point the experimental data 
show considerable scatter. This scatter is larger 
than the probable error in the gas and metal analy- 
sis, and its reason cannot be easily given. It can- 
not be due to incompletely established equilibrium, 
since the sulphur content does not vary systemati- 
cally with the duration of the run. It may be due 
to varying amounts of impurities which may affect 
the activity coefficient of dissolved sulphur even 
when they are present in very small amounts. 
Another possibility is that some of the sulphur is 
not present in true solid solution, but is absorbed 
in the grain boundaries. In such a case the sulphur 
content might be a function of the size and shape 
of the grains. For the lack of any good explanation, 
averages of the experimental points are taken to 
determine the solubility limits. These are listed in 
Table II. 

At 1350°C some points, connected by a broken 
line, seem to reach a horizontal level at a lower 
gas ratio than the rest of the points. It will be 
shown later that sulphur depresses the A, point (the 
y-6 transformation) to about 1365°C, and it is con- 
ceivable that small amounts of impurities, e.g., sili- 
con or molybdenum, in some samples might have 


Table |. Material 


As Received 


BS Puron 

Element N.B.S. Puron 1200°C 920°C 1000°C 1200°C 1400°C 1500°C 
Si 0.004 0.001 0.005 0.001 0.001 0.003 0.05 0.8 
Cu 0.003 0.005 0.007 0.0008 0.001 0.01 0.005 0.002 
Be 0.005 0.001 
Mo 0.002 Trace 0.003 0.005 Trace Trace 0.01 0.005 
Ni 0.001 0.02 0.001 0.02 
Mg 0.001 Trace Trace Trace Trace 0.05 Trace 

Co=0.003 Mn=0.001 Co=0.003 
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lowered the transformation temperature to below 
1350°C. In that case the broken, horizontal line 
should correspond to the two-phase region y+8 Fe. 
Since these samples were consumed by the sulphur 
analysis, their purity has not been determined. 

In Fig. 5 the variation of the gas ratio for con- 
stant sulphur contents is given as a log H.S/H, vs. 
1/T plot. The upper boundary of the solid solu- 
bility region corresponds to the presence of the two 
phases, iron and solid or molten sulphide. This 
curve is in agreement with independent, and as yet 
unpublished, equilibrium measurements on samples 
with 10 to 20 pct S measured up to 1350°C. In the 
upper right corner of Fig. 5, the equilibrium be- 
tween solid iron sulphide and sulphide melt is in- 
dicated. 

To the left in Fig. 5 are drawn, for comparison, 
the H.S/H, ratios for low sulphur melts as deter- 
mined by Sherman, Elvander, and Chipman.® The 
boundary between these melts and the & region is 
constructed from their data combined with exist- 
ing literature data for the liquidus curve.’ 

It is evident from Figs. 3 and 4 that the solu- 
bilities at 910°C (a Fe) and 1400°C (8 Fe) are 
distinctly higher than in y Fe at 920° and 1350°C, 
respectively. This indicates that sulphur raises the 
A, point and depresses the A, point. Because of the 


insufficient precision of the gas equilibrium method,. 


it was regarded as impractical to search for the 
change in the transformation point by further ex- 
perimental studies. Instead the changes in trans- 
formation temperatures were calculated from the 
compositions of the coexisting phases and the heats 
of transformation. The change in the transforma- 
tion temperature, AT, is given by the equation: 


AH 100 


AT = — 


Here AH,, denotes the heat of transformation, which 
according to Olander’ is 220 cal for the A; point and 
280 cal for the A, point. A[S] is the difference in 
sulphur content of the two coexisting phases in 
atomic percent. This equation is valid for dilute 
solutions and relatively small values for AT. 

From the curves in Figs. 3, 4, and 5, the composi- 
tions of the coexisting phases at sulphur saturation 


0.1 


Table II. Saturation Limits 


Temperature, 
°C Wt Pct S HeS/H2-103 
900 0.0200.002 3.25+0.10 
910 0.020++0.002 3.45+0.10 
920 0.0110.002 3.75£0.10 
940 0.0080.001 4.00-+0.10 
1000 0.013-0.003 5.60+0.10 
1200 0.0310.005 7.50+0.10 
1350 0.058+0.01 7.80+0.2 
1400 0.16 8.45+0.2 
1500 0.05 2.65+0.2 


can be determined. For the A, point, around 910°C, 
these compositions are 0.020 wt pct for a Fe and 
0.007 wt pct for y Fe, which gives A[S] equal 0.023 
atomic pct, corresponding to an increase of the A; 
point by 3°, i.e., to about 913°C. For the A, point, 
between 1350° and 1400°C, the maximum solubili- 
ties are 0.16 to 0.18 wt pct for 6 Fe and 0.06 wt pct 
for y Fe. This makes A[S] equal to about 0.20 
atomic pct, corresponding to a lowering of the A, 
point by 35° to 40°, i.e., to about 1365°C. 

The boundaries between the a and y, and between 
the y and 6 phase regions are drawn in Fig. 5 in 
accordance with these calculations. 

It will be noted that the curves for equal sulphur 
concentrations are drawn continuously through the 
a-y boundary, whereas theoretically the change 
should be discontinuous. This is because the curves 
are drawn through the experimental points. It is 
likely that small amounts of impurities have 
widened the transition range and made it appear to 
be less discontinuous than in the pure binary sys- 
tem. The calculated value for the rise in the A; 
point, however, applies for the pure system. 

It is now possible to calculate standard free ener- 
gies for the solution of sulphur in iron referred to 
hydrogen and hydrogen sulphide. For this purpose 
the standard state of dissolved sulphur is chosen 
to be a hypothetical, ideal, 1 pct solution. The 
standard free energy, AF°, for the reaction H.S = 
H, + S(dissolved) is then given by the equation: 


H.-pet's 
HS 


AF° = — RTIn 


0.0! 


Fig. 5—Log H.S/H, 
vs. 1/T for constant 
compositions. 
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Fig. 6—Phase dia- 
gram for the low 
sulphur region of the 
system iron-sulphur. 
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In order to obtain the free energy as a linear 
function of the temperature, it is assumed that the 
heat of reaction is independent of temperature, i.e., 
that the curves for equal concentration in Fig. 5 
are straight lines. Actually the curves for sulphur 
in y Fe, which were drawn through the experi- 
mental points, are slightly curved. But the ex- 
perimental data hardly justify this curvature, and, 
therefore, for the calculation of the free energy, an 
average slope is chosen. 

Then for the solution of sulphur in y Fe, AF° 
equals 14.700 — 12.95-T; for sulphur in 6 Fe, AF° 
equals 0 — 5.76-T cal. 

Whereas the values for the free energies are re- 
garded as correct to within 500 cal, the first term, 
the heat of solution, is accurate only to within 
2000 cal, and the second term, the entropy, only to 
within one entropy unit. The absence of any heat 
of solution for sulphur in 6 Fe applies only within 
these limits. 

For comparison the free energy of sulphur in 
liquid iron is given according to Sherman, Elvander, 
and, Chipman.’ 


AF° = —9840 — 6.54:-T cal 


It may be noticed that whereas the entropy term 
is rather constant, the heat of solution varies greatly 
between the three phases. This corresponds to the 
structural picture that the randomness of distribu- 
tion of sulphur in iron is about the same in the three 
cases, whereas the binding energy differs greatly. 


Phase Diagram 

It is now possible to draw a phase diagram for the 
low sulphur region of the system Fe-S, Fig. 6. The 
shape corresponds in principle to the schematic dia- 
gram suggested by Wever’ and to the qualitative 
observation by Heinzel® that sulphur depresses the 
temperature of the y-6 transformation. One of the 
remarkable features of this diagram is that the solid 
solubility in y Fe increases with increasing tempera- 
ture even above the eutectic temperature. This is 
undoubtedly a result of the strong positive devia- 
tion from ideality in the melt. The melt is almost 
at the point of breaking down into two immiscible 
liquids, and the abnormal shape of the liquidus 
curve is reflected in the solidus curve. 

This system is one of the very few which have a 
contracted y region. The nonvariant horizontal at 
1365°C has no accepted name in metallurgical 
literature, although the term extectic has been used 
colloquially. 

Taking for example, iron with about 0.1 pct S, it 
is perfectly solid at 1400°C. By cooling below 
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1365°C, y Fe is formed and some liquid phases 
extruded. By further cooling, more liquid sweats 
out until the eutectic melt solidifies at about 988°C. 
It is conceivable that this will have considerable 
bearing on the hot shortness of steel as far as the 
liquid phase might be finely divided along the grain 
boundaries. 

It should be pointed out here that the solubility 
data which have been obtained for pure iron may 
not be applied directly to commercial steel which 
contains various amounts of C, Si, Mn, Cu, Ni, etc. 
It may be estimated in which direction these im- 
purities will affect the solid solubility. Carbon and 
silicon will preferentially be dissolved in the solid 
iron phases and may here affect the activity coef- 
ficient of dissolved sulphur. Analogous to what has 
been found for molten iron” * it might be expected 
that the activity coefficient would increase, i.e., the 
slope of the slanting part of the curves in Figs. 3 and 
4 would be increased. 

Manganese, copper, and nickel will be preferen- 
tially dissolved in the sulphide phase, which thereby 
will be stabilized. This means that the level of the 
horizontal part of the curves in Figs. 3 and 4 will 
be lowered. In all cases, the alloying elements will 
tend to decrease the sulphur solubility. Most prob- 
ably the general appearance of the phase diagram 
will be the same, and the conclusions reached as to 
the effect of sulphur on the phase transformations, 
and the variation of the solubility with temperature, 
will still apply. 
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Titanium- Aluminum System 


by E. S. Bumps, H. D. Kessler, and M. Hansen 


The titanium-rich end of the Ti-Al phase diagram has been de- 
termined to the compound TiAl, (62.7 pct Al), thus joining the 
aluminum-rich portion previously investigated by others and com- 
pleting the diagram. Micrographic analysis and X-ray diffraction 
were the chief methods used to determine the phase relationships. 


HE Ti-Al phase diagram has been investigated 
as part of a program on titanium phase dia- 
grams for the Wright Air Development Center. In- 
cluded in the available information concerning the 
phase relationships in titanium-rich Ti-Al alloys is 
a brief statement by Brown’' that: ‘aluminum raises 
the transformation temperature to  1000°C 
(1832°F).” This observation is interesting in that 
it is the first example of a metallic alloying compo- 
nent raising the transformation temperature of 
titanium, and consequently widening the field of the 
a solid solution. Busch and Freyer® presented re- 
sistivity data which indicated the formation of 
titanium-rich solid solutions of 1 and 3 pct Al alloys 
prepared by powder metallurgy methods. 

Duwez’ found that there is only one other inter- 
mediate phase other than the known compound 
TiAl, (62.7 pet Al). This phase, designated as y, is 
of variable composition; its crystal structure is of 
the AuCu type and is therefore based on the com- 
position TiAl (36.02 pct Al). 

Earlier work on the constitution of the aluminum- 
rich alloys has been reviewed by Hansen,* and need 
not be discussed here. The tetragonal crystal lat- 
tice of TiAl,, as found by Fink, Van Horn, and 
Budge,’ was confirmed by Brauer." Recently, Schu- 
bert’ has reported that TiAl, is homogeneous within 
a limited composition range; however, the solu- 
bility limits were not given. 

The Ti-Al phase diagram as presented in this 
paper was determined by micrographic analysis of 
alloys containing from 1 to 62 pct Al, annealed at 
and quenched from temperatures between 700° and 
1400°C. The phases and phase ranges investigated 
extend to the compound TiAl, (62.7 pct Al) to join 
the aluminum-rich end of the system determined 
by other investigators, thus completing the diagram. 


Methods of Investigation 

Preparation of Alloys: Iodide titanium, 99.9+ pct 
pure, obtained from the New Jersey Zinc Co., and 
high-purity (99.99+ pct) aluminum sheet from the 
Aluminum Co. of America were used to make up 
alloy ingots weighing 10 to 20 g. Detailed descrip- 
tions of melting techniques have been presented 
previously for work on the Ti-Mo and Ti-Cb* and 
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Table |. Nominal Composition Vs. Chemical Analysis for Typical 
Ti-Al Alloys 


Nominal Composition, Chemical Analysis, 
Pet Al Pet Al 


16.0 15.84 
27.3 27.08 
36.0 35.89 
45.0 44.96 
53.0 53.16 

62.97 


Ti-Si’ phase diagrams. Briefly, the melting practice 
consisted of arc melting an accurately weighed 
charge in a copper block crucible insert in a non- 
consumable tungsten electrode furnace, under he- 
lium at atmospheric pressure, All ingots were care- 
fully weighed after melting to detect possible losses. 
Comparison of weight before and after melting 
showed no appreciable weight changes. Also, chem- 
ical analyses were in close agreement with nominal 
compositions, Table I. The diagram as presented is, 
therefore, based on nominal compositions. Alloys 
were prepared having the following nominal 
aluminum contents: 1...36 (1 pct increments), 38, 
40, 41, 42.5, 44, 45, 46, 47.5, 49...64 (1 pct incre- 
ments), 67, 70, 80, and 90. 

Ingots with up to 14 pct Al were cold-pressed 
various amounts in order to increase the rate of 
attaining equilibrium structures on heat treatment. 
The amount of cold deformation that could be ap- 
plied decreased with increasing aluminum content, 
until alloys containing 12 pct Al or more cracked 
after only a few percent deformation. 

Annealing Treatments: Samples annealed at 
temperatures of 700° to 1000°C were sealed in 
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Fig. 1—Partial diagram of the Ti-Al system. 


evacuated Vycor bulbs. From 1000° to 1200°C, the 
samples were treated in sealed quartz capsules 
under a partial pressure of argon. Above 1200°C, 
an additional precaution was taken to prevent con- 
tamination of the samples by wrapping them in 
molybdenum sheet to avoid contact between the 
specimens and the quartz capsules in which they 
were sealed under a partial pressure of argon. 

The number of alloys and the temperatures of 
treatment are indicated as data points in the partial 
phase diagram, Fig. 1. The annealing times varied 
from 330 hr at 700° to 48 hr at 1000°, 2 hr at 1250°, 
and 10 min at 1300° and 1400°C. The shorter times 
above 1250°C were necessary to limit the depth of 
surface contamination. 

X-Ray Diffraction Techniques: The powders for 
X-ray diffraction patterns were obtained by filing 
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Fig. 2—Ti-Al phase diagram. 
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or crushing annealed specimens. The powders thus 
obtained were sealed inside a capped titanium con- 
tainer which was, in turn, placed inside an evacu- 
ated Vycor capsule and heated to the prior anneal- 
ing temperature for a short time. The Vycor bulbs 
were quenched in water, but the bulbs were not 
broken until the contents were cool. A standard 
Debye-Scherrer type camera of 7.18 cm radius, and 
characteristic, filtered CuK, radiation was used to 
obtain the patterns. 

Melting Range Determinations: Solidus data were 
determined by incipient melting techniques.” ° First, 
the melting temperature for a specimen of given 
composition was visually observed. Then a series of 
specimens of the same composition were quenched 
at temperature intervals below the observed melt- 
ing, and subsequently examined metallographically. 
The accuracy of the solidus data is of the order of 

Liquidus data were obtained from cooling curves 
for three Ti-Al alloys. The details of the method 
used are covered in a previous publication on the 
Ti-Si system.’ 

Hardness Determinations: Vickers pyramid hard- 
ness data obtained using a load of 10 kg or more 
revealed considerable scatter due to irregular or de- 
formed impressions. Fairly uniform impressions, 
and consequently more consistent data, were ob- 
tained with a 24 kg load. 


Discussion of Results 


Phase Diagram: The essential features of the 
phase diagram presented in Figs. 1 and 2 are two 
peritectic reactions, 8 + melt — y, andy + melt = 
TiAl,, at about 1460° and 1340°C, respectively, and 
one peritectoid reaction, 8B + y 2a, at 1240°C. The 
temperature of the polymorphic transformation of 
titanium is raised by addition of 29 pct Al from 
885° to 1240°C, giving rise to extended ranges of a 
and £8 solid solutions. The solubility of aluminum 
in a titanium is approximately 24.5 pct at 900°C and 
increases to 31 pet Al at 1240°C. The intermediate 
phase, y, is homogeneous over a range of composi- 
tion from about 37 to 60 pct Al at the solidus tem- 
perature, and from 35.5 to 44.5 pct at 800°C. The 
phase relationships for the alloys higher in alu- 
minum content than the compound TiAl, (62.7 pct 
Al), which are included in Fig. 2, are based on 
earlier work.° 

Structural Characteristics: Microstructures of al- 
loys quenched from the various phase fields are 
shown in Figs. 3 to 15. 

Specimens quenched from the 8 field of the dia- 
gram revealed a transformation of 8 to serrated a, 
Fig. 3. The duplex structure of specimens quenched 
from the narrow a + £ field is shown in Figs. 4 and 
5. Alloys quenched from the a phase field were 
characterized by equiaxed grains of « solid solution, 
Fig. 6. 

The first trace of y appears as a precipitate of 
small particles along parallel striations in the a 
grains. At slightly higher aluminum contents, in the 
temperature range 700° to 1000°C, y precipitates 
from the @ solid solution in a lamellar fashion, This 
precipitate appears to have nucleated at the grain 
boundaries and subsequently grown into the striated 
a grains, Fig. 7. The amount of the lamellar struc- 
ture varies from traces up to 100 pct, depending on 
the composition and time at the temperature of an- 
nealing. The precipitation results from the large 
decrease in the solid solubility of aluminum in a 
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Fig. 3—23 pct nominal aluminum alloy, 

water quenched after annealing 2 hr at 

1250°C. Typical serrated a grain structure 

of alloys quenched from the § phase field. 

Etchant: 2 pct HF, 3 pct HNO, in water. 
X250. 


Fig. 6—8 pct nominal 
pressed 35 pct, water quenched after 24 hr 
at 1000°C. Large equiaxed grains of a 
Etchant: 2 pct HF, 3 pct 
HNO, in water. X250. 


solid solution. 


Fig. 8—34 pct nominal aluminum alloy 

water quenched after 6 hr at 1200°C. 

Structure shows a mixture of TiAl (matrix) 

and a. Etchant: 2 pct HF, 3 pct HNO, in 
water. X250. 
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Fig. 4—7 pct nominal aluminum alloy, 

pressed 70 pct, water quenched after an- 

nealing 50 hr at 1000°C. Structure shows 

a mixture of isothermal a plus transformed 

B. Etchant: 2 pct HF, 3 pct HNO, in water. 
X250. 


aluminum alloy, 


Fig. 5—25 pct nominal aluminum alloy, 

water quenched after 6 hr at 1200°C. 

Structure shows a plus transformed {. 

Etchant: 2 pct HF, 3 pct HNO, in water. 
X250. 


Fig. 7——27.3 pct nominal aluminum alloy 
water quenched after 180 hr at 800°C. 
Structure shows nucleation and growth of 
a lamellar precipitate of TiAl in a. 
the striations in the a@ grains. 


Note 
Etchant: 


2 pct HF, 3 pct HNO, in water. X150. 


Fig. 9—32 pct nominal aluminum alloy 

water quenched after 10 min at 1350°C. 

Serrated a grain structure together with 

TiAl phase characteristic of alloys quenched 

from the 8 + ¥ phase field. Etchant: 60 

pet glycerine, 20 pct HNO,, 20 pct HF. 
X200. 


Fig. 10—36 pct nominal aluminum alloy 
pressed 25 pct and water quenched after 


24 hr at 1000°C. Single-phase structure 
showing the appearance of the y (TiAl) 
phase. Unetched. Polarized light. X150. 
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Fig. 11—49 pct nominal aluminum alloy 
homogenized at 1200°C, furnace cooled 
and water quenched after 48 hr at 1000°C. 
Structure shows a Widmanstatten pattern 
of TiAl, platelets precipitated in a y ma- 
trix. Etchant: 60 pct glycerine, 20 pct 
HNO,, 20 pct HF. Oblique illumination. X800. 


titanium, varying from about 31 pct at 1240°C to 
24.5 pct at 800°C. Massive y appeared in alloys with 
an aluminum content greater than 31 pct, Fig. 8. 

A typical structure of alloys quenched from the 
8B + y field is shown in Fig. 9. As in all alloys 
quenched from the £ field at this temperature level, 
the white phase appears serrated due to the trans- 
formation 8 — a during the quench. The y phase 
has precipitated in parallel plates along the bound- 
aries of the original £ grains. 

The structure of the y phase at 36 pct Al is shown 
in Fig. 10. As depicted in Fig. 1, this phase is 
homogeneous over a wide range of composition. Al- 
loys with higher aluminum contents approaching 
the y/y + TiAl, boundary become increasingly 
brittle and contain many cracks, but the structure of 
these alloys after annealing treatments shows the 
same response to polarized light as does the 36 pct 
Al alloy of Fig. 10. In the as-cast condition, these 
alloys were cored. Although homogenization anneals 
for as long as 24 hr at 1200°C almost completely 
eliminated coring, traces of residual inhomogeneity 
within the grains caused some difficulty in accu- 
rately locating the y/y + TiAl, boundary. Longer 
homogenization times could possibly have eliminated 
this small amount of residual coring; however, 
longer exposure times at these high temperatures 


Fig. 13—61 pct nominal aluminum alloy as- 
cast. Structure shows primary plates of y 
in a TiAl, matrix giving evidence that TiAl, 
was formed by a peritectic reaction. Un- 
etched. Polarized light. X100. 
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Fig. 12—61 pct nominal aluminum alloy 

water quenched after 24 hr at 1000°C. 

Structure shows large plates of primary vy 

phase plus Widmanstatten platelets of 

precipitated y in a TiAl, matrix. Etchant: 

60 pct glycerine, 20 pct HNO,, 20 pct HF. 
X250. 


were considered impractical. The resulting scatter 
in data limits the accuracy of locating the y/y + 
TiAl, boundary to about +1 pct. 

Fig. 11 illustrates the structure of a homogenized 
49 pct Al alloy quenched after 48 hr at 1000°C and 
shows a Widmanstatten pattern of TiAl, platelets, 
which precipitated from the saturated y phase. Given 
the same treatment, alloys containing 56 to 59 pct 
Al revealed a similar Widmanstatten precipitation 
of TiAl, in a y matrix with the addition of massive 
TiAl, globules. The latter were apparently formed 
by the peritectic reaction y + melt — TiAl,, due to 
the rapid solidification of the ingot, and were not 
fully absorbed by the y phase during the subsequent 
homogenization anneal. 

Fig. 12 illustrates the structure of a 61 pct Al alloy 
quenched from 1000°C and shows primary plate- 
like crystals of the y phase in a matrix of TiAl;. The 
Widmanstatten pattern in the TiAl, matrix de- 
veloped during the anneal, and represents y platelets 
precipitated from the saturated TiAl, phase. This 
proves that TiAl, has a certain homogeneity range 
which becomes narrower with fall in temperature. 

The TiAl, phase is formed by the peritectic reac- 
tion Melt + y — TiAl,. Evidence of this is given in 
the as-cast structure of alloys with 61 and 62 pct 
Al, Figs. 13 and 14. Fig. 14 exhibits primary y plates 


Table II. Lattice Parameters of the Alpha Ti-Al Phase 
Temperature 
wt Atomic Quenched 
Pet Al Pet Al ce (A) a (A) e/u from, °C 
0 0 4.679 2.943 1,591 850 
4 6.88 4.668 2.929 1.594 850 
7 11.81 4.670 2.923 1.598 1000 
9 14.95 4.661 2.924 1.594 1000 
10 16.49 4.661 2.912 1.601 850 
16 25.27 4.633 2.892 1.602 850 
22 33.39 4.619 2.882 1.603 850 
25 37.15 4.614 2.881 1.602 850 
29 42.04 4.617 2.878 1.604 1200 
Table III. Lattice Parameters of the Gamma Ti-Al Phase 
Temperature 
wt Atomic Quenched 
Pet Al Pct Al c (A) a (A) c/a from, °C 
38 52.13 4.065 3.984 1.020 1200 
41 55.23 4.067 3.972 1.024 1200 
46 60.22 4.085 3.967 1.030 1200 
55 68.47 4.089 3.949 1.035 1200 
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Fig. 14—62 pct nominal aluminum alloy as- 
cast. Structure shows two y plates sur- 
rounded by peritectically formed TiAl, 
which in turn is surrounded by low melting 
aluminum in the interstices. Etchant: 60 
pct glycerine, 20 pct HNO,, 20 pct HF. 
X250. 


surrounded by peritectically formed TiAl,, which in 
turn is surrounded by the low melting aluminum 
phase seen in the fine interstices of the TiAl, crys- 
tals. The positive identification of the y and TiAl, 
phases was aided by their highly different charac- 
teristics when examined under polarized light. At 
aluminum contents higher than that of the TiAl, 
phase, the structure, as shown in Fig. 15, reveals 
primary TiAl, phase surrounded by low melting 
aluminum. 

X-Ray Diffraction Results: X-ray diffraction 
studies were made on a series of a solid solution al- 
loys, and also on a series of single-phase y alloys, to 
determine the lattice parameters and the solubility 
limits of aluminum in the a and y phases. It was also 
desired to determine whether the £ to a transforma- 
tion on quenching alloys from the £8 field could be 
suppressed. 

A summary of the lattice parameter measure- 
ments for the a phase is given in Table II. A graphic 
presentation of the effect of aluminum additions on 
the parameters of the hexagonal close-packed 
lattice, as shown in Fig. 16, reveals the very pro- 
nounced effect of initial additions of aluminum on 
the dimensions of the titanium lattice. Near the 
solubility limit, the curves appear to flatten off 
greatly. The markedly reduced slope of the para- 
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Fig. 15—64 pct nominal aluminum alloy as- 

cast. Structure shows primary TiAl, sur- 

rounded by aluminum in the grain inter- 

stices. Etchant: 60 pct glycerine, 20 pct 
HNO,, 20 pct HF. X250. 


meter curves makes a parametric determination of 
the a@ solubility limit impractical. The X-ray re- 
sults also confirmed the metallographic observation 
that the 6 phase is not retained by rapid quenching. 

The crystal structure of the y phase between 38 
and 55 wt pct Al is ordered face-centered tetragonal, 
with an axial ratio close to unity. A summary of the 
lattice parameter measurements is presented in 
Table III, and a graphic representation appears in 
Fig. 17. The lattice parameters are linearly de- 
pendent upon, and show increasing tetragonality 
with, increasing percentages of aluminum. These 
alloys have been quenched from 1200°C, indicating 
that either the ordered structure is stable to high 
temperatures, or the disorder — order transforma- 
tion, if any, cannot be suppressed by quenching. 

Melting Range Determinations: The data shown in 
Fig. 18 were obtained by incipient melting and 
thermal analysis methods: described earlier. The 
solidus curve shows that aluminum additions lower 
the melting point of titanium to approximately 
1460°C at 34.5 pct Al. From 38 to 60 pct Al, a 
change in slope of the solidus' curve occurs, which 
is in excellent agreement with the liquidus points 
of alloys with 39, 45, and 50 pct Al, determined by 
thermal analysis, Fig. 18. All the evidence indicates 
that there is a peritectic reaction: 6 + melt > y at 
a temperature close to 1460°C between approxi- 
mately 34.5 and 38.5 pct Al. This correlates very 
well with an extrapolation of the boundaries of the 
B + y field as shown in Fig. 1. 
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Fig. 16 (left)—Lat- 
tice parameter-com- 
position curves for 
alpha solid solution 
Ti-Al alloys. The 
ordinates are in 
Angstrom units. 


Fig. 
Lattice parameter- 
composition curves 
for gamma solid so- 
lution Ti-Al alloys, 
annealed and 
quenched from 
1200°C. The ordi- 
nates are in Ang- 
strom units. 
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Thermal analysis did not give a definite indication 
of the width of the melting range for the three alloys 
tested (39, 45, and 50 pct Al), but together with in- 
cipient melting data the range appears to be fairly 
narrow for the compositions investigated. 

Some scatter of the melting temperature was en- 
countered in determining the melting points of the 
60 to 64 pct Al alloys, because of the presence of low 
melting aluminum phase formed by the incomplete 
peritectic reaction. The peritectic temperature of 
1340°C shown in Fig. 1 is lower than the 1355°C 
melting point of TiAl, reported by Manchot and 
Leber.” These authors did not investigate alloys 
with lower aluminum contents than TiAl,, and con- 
sequently failed to observe a peritectic reaction. On 
the other hand, the present data are based on the 
extrapolation of the y/y + TiAl, boundary, together 
with microscopically observed evidence of a peritec- 
tic structure. 

Hardness Test Results: Vickers hardness data for 
as-cast alloys and those heat-treated at 800° and 
1200°C are presented graphically in Fig. 19. The 
data include alloys from 0 to 90 pet Al. 

Aluminum is a very effective hardener of a ti- 
tanium. The hardness curves show an increase in 
hardness in the 1 to 25 pct Al a solid-solution range. 
A maximum hardness peak is reached at 25 or 30 
pet Al, depending on the treatment. This composi- 
tion range exhibited the most scatter in hardness 
data. It appeared that most of the scatter was due 
to the brittle characteristics of the alloys in this 
range of composition. 

Alloys containing 25 to 35 pct Al, which struc- 
turally revealed an increased amount of y phase, 
showed decreasing hardness, reaching a minimum 
value for the 36 pct Al alloy. This alloy has been 
identified metallographically as a single-phase, y. 

Hardness in the 40 to 60 pct Al composition range 
increases to a second maximum in the hardness 
curve, which occurs at TiAl, (62.7 pet Al). 

Hardness data for alloys higher than 60 pct Al 
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Fig. 19—Comparative Vickers hardness-composition curves for 
Ti-Al alloys treated as indicated. 
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were restricted to as-cast alloys. The hardness drops 
sharply from 62 to 90 pct Al and levels off to ap- 
proximately the hardness of pure aluminum. 


Summary 

The Ti-Al phase diagram was determined with 
iodide titanium-high purity aluminum arc melted 
alloys from 0 to 64 wt pct Al. The principal features 
of the diagrams are as follows: 

1—A peritectic reaction, 8 + melt = y, between 
34.5 and 38.5 pct Al at approximately 1460°C. 

2—A second peritectic reaction, y + melt = TiAl,, 
between 60 and 64 pct Al at 1340°C. 

3—A peritectoid reaction, 8 + y = a, between 29 
and 34.5 pct Al at approximately 1240°C. 

4—The a = &€ transformation temperature is 
raised from 885°C at 0 pct Al to 1240°C at 29 pct Al. 
A narrow a + 6 field is indicated. The 6 phase trans- 
forms to serrated a on quenching. 

5—The solubility limit of aluminum in a titanium 
is 24.5 pet at 900°C. The maximum solubility of 
aluminum in £ titanium is 34.5 pct at 1460°C. 

6—The lattice parameters of the solid solution 
change considerably with initial additions of alu- 
minum and level off near the solubility limit. X-ray 
diffraction patterns confirmed the metallographic 
observation that 8 is not retained by rapid quench- 
ing. 

7—The y phase is of variable composition, from 
37 to 60 pct Al in the solidus and from 35.5 to about 
44.5 pet Al at 800°C. 

8—The y phase has an ordered face-centered 
tetragonal lattice, with an axial ratio close to unity, 
and is based on the composition TiAl. Increasing 
aluminum content increases the axial ratio slightly. 

9—The hardness of a solid solution alloys in- 
creases with the addition of aluminum to titanium. 
The y phase has a minimum hardness at 36 pct Al, 
which increases with further additions of aluminum, 
reaching a maximum at the composition TiAl. 

Acknowledgments 

The authors are indebted to the Materials Labora- 
tory, Wright Air Development Center, by whom the 
research was sponsored and permission granted to 
publish this paper. The help of the many associates 
at Armour Research Foundation is also appreciated; 
thanks are particularly due to R. J. Van Thyne for 
the preparation of the alloys, C. A. Johnson for the 
metallographic work, and W. Rostoker for the X-ray 
diffraction analysis. 

References 

*D. I. Brown: Iron Age (September 14, 1950) 166, 
pp. 85-88. 

“Navy Contract No. NOa(S) 8698, 1948; see also E. I. 
Larsen, E. F. Swazy, L. S. Busch, and R. H. Freyer: 
Metal Progress (1949) 55, p. 359. 

Fe apes communication by P. Duwez (April 23, 

*M. Hansen: Der Aufbau der Zweistofflegierungen. 
pp. 158-160 (1936) Berlin. J. Springer. 

*W. L. Fink, K. R. Van Horn, and P. M. Budge: 
Trans. AIME, (1931) 93, pp. 421-436; discussion, pp. 
436-439. 

*G. Brauer: Ztsch. anorg. allgem. Chem (1939) 242, 
pp. 1-22. 

"K. Schubert: Ztsch. Metallkunde (1950) 41, pp. 
420-421. 

*M. Hansen, E. L. Kamen, H. D. Kessler, and D. J. 
McPherson: Trans. AIME (1951) 191, pp. 881; JournaL 
OF METALS (October 1951). 

*M. Hansen, H. D. Kessler, and D. J. McPherson: 
A.S.M. Preprint No. 4 (1951). 

“W. Manchot and A. Leber: Ztsch. anorg. allgem. 
Chem. (1926) 150, pp. 26-34. 


TRANSACTIONS AIME 


1800} 
500 
/X 
\ : \ | 
| \ Af \ 
| 
\// 


Compression Texture of lodide Titanium 


by D. N. Williams and D. S. Eppelsheimer 


The compression texture of iodide titanium is determined and 
found to consist of a [0001] texture rotated 15° to 30° from the 
axis of compression. As the amount of reduction increases, the angle 
of rotation decreases. The 0001 rotation showed a slight preference 


fora <1010> rotation axis. 


ECENT investigation of the cold rolled texture 
of titanium* has shown this metal to exhibit a 
new type of rolling texture. This texture can best be 


described as a (0001) [1010] with the 0001 planes 
rotated approximately 30° to the transverse direc- 
tion around a <1010> rotation axis. Rather good re- 
sults in explaining the cold rolled texture have been 
obtained by other workers’ by examination of the 
tension and compression textures. 

No information was found giving the tension tex- 
ture of titanium. Generally the tension texture of a 
hexagonal close-packed metal is identical with its 
wire texture. The drawn texture of titanium has 
been investigated’® and has been found to be pre- 


dominately [1010]. Since this is the common tension 
texture of hexagonal metals of low c/a ratio, the ex- 
planation of the difference between the rolling tex- 
ture of titanium and the rolling texture of other 
hexagonal metals is not indicated by examination of 
the tension texture. Therefore, the compression tex- 
ture of titanium should be particularly important in 
the explanation of the unusual transverse rotation 
of the 0001 planes found in the cold rolled texture. 


D. N. WILLIAMS, Student Associate AIME, is Research Fellow, 
and D. S. EPPELSHEIMER, Member AIME, is Professor of Metal- 
lurgical Engineering, Missouri School of Mines and Metallurgy, 
Rolla, Mo. 
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AIME by Dec. 1, 1952. Manuscript, Nov. 13, 1951; revised, March 
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The compression texture of titanium was exam- 
ined by Yen.** His results showed titanium to ex- 
hibit the usual [0001] texture up to 85 pct reduc- 
tion. At higher reduction a double texture appeared 
in which the 0001 planes were rotated from 10° to 
30° from the plane of compression. This change in 
the compression texture seemed unusual since the 
tendency for hexagonal close-packed metals is to 
approach the [0001] texture as the idea compression 
texture. Mechanical twinning generally occurs over 
a considerable range of reductions beginning at a 
rather low reduction. 

The samples used by Yen in his investigations 
were prepared by two methods. Compression in a 
testing machine was used up to a reduction of 85 pct. 
Compression by compression rolling was used at 
higher reductions. Since the change in texture oc- 
curred at the same reduction as the change in the 
method of compression, a connection between the 
two seemed likely. To check this possibility and to 
locate the position of the change in texture definitely, 
if it was found to exist, the compression texture of 
titanium was re-examined. 

An iodide titanium crystal bar (99.9 pct Ti) pro- 
duced by the New Jersey Zine Co. and donated by 
the Titanium Alloy Manufacturing Div. of the Na- 
tional Lead Co. was used in this investigation. 


Procedure 


The investigation of the compression texture was 
carried out in three steps; compression, specimen 
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Fig. 1—0001 pole figure of com- 
pressed iodide titanium. 24.1 pct 
reduction. 


Fig. 2—0001 pole figure of com- 
pressed rolled iodide titanium. 50 
pct reduction. 


preparation and X-ray examination, and correction 
and plotting of the X-ray data. 

Compression: Samples were cut directly from the 
iodide titanium crystal to a thickness varying from 
0.60 to 0.25 em, depending on the required final re- 
duction. The ends of the sample were made parallel 
by alternate etching and light polishing. The samples 
were either compressed between lubricated plates 
or compression rolled in a set of 2 in. laboratory 
rolls. 

An Olsen testing machine of 60,000 lb capacity 
was used to compress those samples subjected to 
compression between lubricated plates. During the 
compression process the samples were frequently re- 
moved from the machine and re-lubricated. The re- 
moval of samples was made necessary by the low 
load limit of the machine which required that the 
area be frequently reduced before further compres- 


Table |. Effect of Reduction on the Compression Texture of Titanium 


Angle 


Between 0001 Relative 

Maximum and Intensity 
Pet Compression Compression of 0001 

Reduction Method Axis Maximum 

24.1 Compressed 32.5° to’ 25° 30* 
34.3 Compressed 30° 100; 
50.0 Compression rolled 30° 35 
80.1 Compressed PAY (ese 40 
86.3 Compressed 25° 35 
89.6 Compression rolled 24° 42 
96.2 Compression rolled 20° 39 
98.9 Compression rolled aly 35 


* From deformed material only. 
j Probably in error, see text. 
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90° 80° 70° 60° 50° 40° 30° 20° 102103 
Fig. 3—0001 pole figure of com- 
pressed iodide titanium. 80.1 pct 
reduction. 


80° 70° 50° 40° 30° 20° /0° 
Fig. 4—0001 pole figure of com- 


pressed rolled iodide titanium. 
98.9 pct reduction. 


sion could be obtained. The approach to uniaxial 
compression was better than expected. The external 
shape of the sample after compression showed rather 
uniform lateral spread. The possibility of secondary 
stresses cannot be overlooked, however. 

Several samples were reduced entirely by com- 
pression rolling. A small reduction per pass was used 
with a clockwise rotation of from 3° to 5° after each 
reduction. All samples were rotated completely 
around the compression axis at least twice. The com- 
pression-rolled samples showed a circular section 
after rolling indicating uniform compression. 

By selecting the reductious by the two methods 
so that the ranges of compression overlapped (see 
Table I), any change in texture due to change in 
compression method would be apparent. The cone 
compression test, probably the most reliable method 
of obtaining pure compression, was not used due to 
the necessity of obtaining thin, parallel-sided sam- 
ples for X-ray examination. 

The crystalline nature of the iodide titanium bar 
was such that the outer third of the bar separated 
at the crystal boundaries during compression. There- 
fore all X-ray specimens were taken from the center 
part of the compressed sample. Although this sepa- 
ration was undesirable, remelting the bar in the 
facilities available would have caused contamination 
of the metal. 

X-ray Examination: X-ray examination of the 
samples was made with a North American Philips 
X-ray Goniometer Unit using CuKa radiation. The 
Schulz-Decker method of pole figure determination 
was used.’ Two X-ray specimens are required using 
this method. Transmission specimens of approxi- 
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mately 0.003 cm and reflection specimens of approxi- 
mately 0.020 cm or greater were prepared by etching 
in a HF, HNO,, H.O solution (1:2:5). Uneven etch- 
ing and pitting was a problem, particularly with 
samples of low reduction. In all cases at least one 
third of the initial thickness was removed by etch- 
ing to prevent surface effects. 

Patterns were made from 10° to —50° using the 
transmission method and from 25° to —25° using 
the reflection method. The region between —50° and 
—25° overlapped and served as a means of correlat- 
ing the two patterns. Readings were made along from 
two to four diameters of the pole figure, depending 
upon the agreement found. Because of the high ab- 
sorption coefficient of titanium, an absorption cor- 
rection was necessary for all transmission intensity 
readings. 


Intensity readings from the 1010, 0001, and 1011 
planes were measured for each sample. Readings 
were taken at 242° intervals along the diameter. 

Plotting of the Pole Figures: The data taken from 
X-ray patterns can be plotted directly over a polar 
stereographic net after intensity correction of the 
transmission readings. The plane of the pole figure 
corresponds to the plane of compression. The axis of 
compression is perpendicular to the plane of the pole 
figure. Thus the pole figure consists of a series of 
concentric intensity rings centered on the axis of 
compression. 

Only one quadrant of the pole figure is plotted. 
Data from readings in other quadrants were aver- 
aged with the data from the quadrant plotted. The 
pole figures for the 1010 and 1011 planes were used 
as a check on the accuracy of the 0001 pole figure. 
Only the 0001 pole figures are included in the paper. 


The 1010 and 1011 pole figures supported the 0001 
pole figure very well and also showed a slight degree 
of preference for a <1010> axis of rotation. 

After correction of the transmission patterns for 
absorption, the readings were compared with those 
obtained from the reflection patterns in the over- 
lapping region, and a uniform correction was applied 
to make them correspond. The final readings were 
then reduced so that all readings fell within the 
range of 0 to 50 intensity units, the maximum hav- 
ing an intensity reading of 50 units. These readings 
were plotted in the pole figure using five degrees of 
intensity as follows: 0 to 10 units, blank; 10 to 20 
units, dotted; 20 to 30 units, wide lining; 30 to 40 
units, medium lining; and 40 to 50 units, narrow 
lining. The position of the maximum reading is 
‘shown by a dashed line when a definite maximum 
exists. 

To determine the relative strength of each max- 
imum reading, the intensity distribution of each 
sample was adjusted to give a constant total inten- 
sity over the range examined. The maximum inten- 
sity was then measured for comparison with that of 
the other samples. 


Experimental Results 

Four of the 0001 pole figures found for compressed 
titanium are given in Figs. 1 to 4. The texture pro- 
duced by compression cannot be distinguished from 
that produced by compression rolling. The general 
appearance of the texture is the same in each case. 
This texture can be described as a rotation of the 
0001 planes from 15° to 30° away from the plane of 
compression. Examination of the pole figures shows 
that as the reduction increases the angle of rotation 
decreases. The angle between the 0001 maximum 
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o——e—Sample prepared by filing 
and etching 
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filed sample 
——-——-—Sample prepared by etching 
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Fig. 5—Comparison of 0001 patterns of 

compressed titanium (34.3 pct reduction) 

after yarious methods of specimen prep- 
aration. 


and the compression axis for each reduction is given 
in Table I. The maximum intensity occurs at an 
angle of rotation of 30° at low reductions and at 
an angle of rotation of 17.5° at 98.9 pct reduction. 
No definite maximum existed in the sample com- 
pressed 24.1 pct. 

A second noticeable feature of these pole figures 
is the low intensity occurring at the center of the 
pole figure. This region corresponds to the position 
of the [0001] texture which is usually considered as 
the ideal compression texture for a hexagonal close- 
packed metal. The low intensity of this region indi- 
cates that some type of twinning is removing the 
0001 poles from the ideal position. 

The method used in plotting the pole figures in 
this paper gives no indication of the relative inten- 
sity of the maxima of the samples. Corrected max- 
imum intensities were calculated and are shown in 
Table I. 

The figure given in Table I for the relative inten- 
sity of the maximum of the sample compressed to 
24.1 pet reduction is not strictly comparable with 
those from the other samples. This sample showed 
two distinct patterns. The first, which was used in 
plotting the pole figure given in Fig. 1, arose from 
the deformed or fragmented structure of the metal. 
A second pattern, arising from a large block of rela- 
tively undeformed metal, was not included in the 
pole figure. This pattern showed the usual sharp, 
strong intensity readings of a single grain area. Only 
the intensity readings from the first pattern were 
used in correcting the intensity distribution for a 
constant total intensity. 

Fig. 5 shows the 0001 intensity curves of the sam- 
ple compressed to 34.3 pct reduction. The X-ray 
specimens of this sample were prepared by three 
methods. The original sample after compression had 
a thickness of approximately 0.35 cm. To reduce the 
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opportunity for pitting during etching, the sample 
was filed to 0.15 em and then reduced to 0.08 cm by 
alternate etching and light polishing. The X-ray 
examination of this sample showed the usual double 
texture plus a strong [0001] texture. The [0001] 
maximum did not occur at 90° indicating that it may 
have been a secondary texture produced by the filing 
operation. The sample was etched further to 0.065 
ecm and again examined. The unsymmetrical central 
maximum was much lower with a corresponding in- 
crease in the double maxima. A third specimen was 
prepared by etching alone. The readings obtained 
with this specimen are seen to be considerably dif- 
ferent from those obtained using the previous meth- 
ods of specimen preparation. The double texture is 
very pronounced with no maximum occurring at 85°. 
A small [0001] maximum is seen at 90°. 


Discussion of Results 


The appearance of a uniform texture over the 
complete range examined indicates that compression 
between parallel plates and compression rolling pro- 
duce similar results, as was found by Barrett* in the 
case of iron. 

The compression texture of titanium is seen by the 
results shown in Fig. 5 to be sensitive to a shear 
stress parallel to the plane of compression. The effect 
of this stress is noted at a considerable distance into 
the sample. The [0001] texture reported by Yen may 
possibly have been a result of this effect. 

The results obtained from the examination of the 
sample compressed 34.3 pet are not reliable. The 
degree of preferred orientation of this sample is con- 
siderably higher than that of the other samples, as 
is shown in Table I. This difference is believed due 
to some deformation introduced into the sample dur- 
ing its original preparation. Although it shows the 
usual double maxima it also has a distinct [0001] 
maximum (see Fig. 5) which was absent in all other 
samples. 

If the corrected intensity of the other seven sam- 
ples is compared, it is seen that the compression tex- 
ture soon reaches a more or less stable intensity 
and that the only change brought about by increased 
reduction is a shift in the position of the 0001 max- 
ima. This suggests that the observed texture is an 
equilibrium texture existing between the stable end- 
points of slip and twinning. A movement of the 
boundary between the slip and twinning regions due 
to unequal changes of the critical shear stresses 
would then account for the shift in the position of 
the 0001 maxima. 

According to a recent analysis of the mechanics 


of twinning by Barrett,’ twinning on the 1012 planes 
is not possible in close-packed hexagonal metals 
with a c/a ratio less than 1.732 if the axis of the 
compression is along the hexagonal axis of the lat- 
tice. In titanium with a c/a ratio of 1.587, 1012 twin- 
ning, the usual type of hexagonal twinning, could 
not be the means by which the central low intensity 
region is kept depleted of 0001 planes. Since rotation 
by slip on the base planes should be continually 
moving 0001 planes into this region, an explanation 
of its low intensity is required. 

A recent investigation of the slip and twinning 
elements of titanium® has shown titanium to twin on 
the 1012, 1122, and 1121 planes. Both 1122 and 1121 
twinning are able to twin in compression from a 
[0001] position and therefore to remove 0001 planes 
from the center of the pole figures in this paper. 
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Examination of the 1010 and 1011 pole figures of 
the samples showed a slight tendency for the 0001 


rotation to occur about a <1010> axis. This type of 
preferred orientation would result from {1011} 


<1120> slip. The lack of any appreciable 0001 in- 
tensity along the circumference of the 0001 pole 


figures indicates that in compression {1010} <1120> 
slip is relatively unimportant. Both of these modes 
of slip have been reported for titanium.* 

If cold rolling is considered to be approximated by 
tension in the rolling direction and compression 
along the rolling plane normal, a combination of the 
compression texture reported here at lower reduc- 
tions and of the drawn texture reported by Yen 
would produce a cold rolled texture which would 
agree closely with that determined by Clark.’ 


Summary 


1—Compression samples with eight different re- 


ductions were prepared and the 0001, 1010, and 1011 
pole figures determined. 

2—A rotation of the base planes 30° from the com- 
pression plane was found in the initial reductions. 
The amount of rotation of the base plane from the 
compression plane decreased with increased reduc- 
tion. A minimum angle of rotation of 17.5° was 
found at a reduction of 98.9 pct. 

3—Compression in a testing machine and by com- 
pression rolling were found to produce similar re- 
sults. 

4—The compression texture was found to be con- 
siderably changed by any shearing stress parallel 
to the plane of compression. This stress tended to 
produce a {0001] texture. 

5—An equilibrium type texture developed by in- 
teraction of {0001} <1120> and {1011} <1120> slip 


and of 1012, 1122, and 1121 twinning is suggested as 
a possible explanation of the compression texture of 
titanium. 
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Observations of Creep of the Grain Boundary 


In High Purity Aluminum 


by H. C. Chang and-N. J. Grant 


REEP studies and measurements in most in- 
stances are based on a relatively gross gage 
length. Even in some recent theoretical studies on 
the mechanism of creep, changes were followed by 
means of X-rays and metallography without regard 
for the behavior of the individual grains and grain 
boundaries.** Analytical studies of creep have fre- 
quently indicated that more than one competing 
process is operative and that the ultimate creep 
performance depends on the effects of temperature, 
time, and strain rate as well as grain size.** The 
grains and grain boundaries are known to respond 
differently to these variables but the extent of the 
response is still little known, especially in poly- 
crystalline materials where the relative orientations 
of grains and grain boundaries are important. 
This paper reports some experimental observa- 
tions of the behavior of the grain boundaries and 
their effect on the deformation in the grains. High 
purity aluminum was used to avoid complications 
of aging reactions, second phase, inclusions, etc. 


Experimental Procedure 

A small vertical nichrome wound furnace was 
built to permit direct loading on the test specimen. 
This furnace is capable of operating up to about 
1300°F with reasonable temperature distribution. 
A ground rectangular quartz window, 1.25x0.5 in., 
is imbedded in the external stainless steel tube to 
permit observations of the creep process with a 
microscope. An argon atmosphere was provided to 
prevent oxidation. The quartz window caused a 
temperature gradient between the back and front 
surfaces of the specimen of 15° at 700°F. The tem- 
perature gradient could be cut down to 3°F along 
the length of the specimen: by adjusting shunts 
across the furnace windings. 

An ordinary metallurgical microscope with a 
working distance of 14 mm was rebuilt so that it 
could be moved in three mutual perpendicular 
directions. Visual examination could be made with 
either a 30X eyepiece or a 15X filar eyepiece. Using 
an objective of focal length 24.3 mm and a numeri- 
cal aperture 0.20 a total magnification of 120X or 
240X could be obtained. 

High purity aluminum rated at 99.995 pct was 
supplied by the Aluminum Co. of America as % in. 


H. C. CHANG is Research Assistant and N. J. GRANT, Member 
AIME, is Associate Professor, Dept. of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. 

Discussion on this paper, TP 3297E, may be sent, 2 copies, to 
AIME by Dec. 1, 1952. Manuscript, Nov. 27, 1951. Philadelphia 
Meeting, October 1952. 


TRANSACTIONS AIME 


Fig. 1—Macrostructures and dimensions of specimens. 
Etched by Tucker’s reagent. X1.8. 


rod.* It was first machined to % in. diam rod, and 


* Analysis of the high purity aluminum was: Cu, 0.0017 pct; Fe, 
0.002 pct; Si, 0.001 pct; Mg, 0.0002 pct; and Ca, Na, 0.0006 pct. 


then the gage portion was further machined to 3/16 
in. diam. The ends were % in. diam and threaded 
to fit available specimen holders. Two opposite flat 
surfaces of the gage portion were obtained by mill- 
ing, giving final dimensions of the gage portion of 
3/4x3/16x3/32 in. 

Machined specimens were first electropolished in 
Jacquet’s solution.’ Reference marks were pro- 
duced by pressing a thin sewing needle into the 
surface of the specimen, The specimen was then 
annealed at 900°F for 24 hr and at 1150°F for 12 hr. 
Typical macrostructures of specimens treated in 
this manner are shown in Fig. 1. The range of the 
grain size was 1 to 5.5 mm (see Fig. 1), but most 
of the grains were of 2.5 mm and went through the 
whole thickness of the specimen. The specimen was 
re-electropolished and etched electrolytically to re- 
veal the grain boundaries. In order to reveal the 
orientation difference of the grains, etch pits were 
produced on the surface of the grains by etching in 
a mixture of hydrochloric and nitric acids (HCl, 
45 pct; HNO,, 10 pct; H.O, 45 pct, by volume). 

The specimens were very carefully put into the 
holders and furnace; yet even with this care, fine 
slip lines were developed on the specimen surface. 
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Later it was found that, in addition to the etch pits, 
these slip lines were of great help in determining 
the orientation of grains and in evaluating the be- 
havior of grain boundaries. The load needed for 
this experiment was only 1.5 lb (stress about 85 
psi). In order not to disturb the specimen by load- 
ing when it was very weak at the creep tempera- 
ture, direct load was applied at room temperature 
and the specimen was brought up to temperature 
under load. 

The needle points produced in the surface of the 
specimen gave very bright and sharp points under 
the microscope and therefore served well as ref- 
erence marks for creep measurement. Measurement 
could be made either by a filar eyepiece micrometer 


Fig. 2a (top)—Specimen P-3. Deformed surface showing the steps 
of grain boundary migration and sliding during creep. Etch pits put 
in before test. | and F indicate the initial and final grain bound- 
aries, respectively. Slanting line that crosses | and F is fold line. X150. 


Fig. 2b (bottom)—Specimen P-3. Same field as Fig. 2a repolished 

and etched. Initial grain boundary and fold (or band) disappeared. 

Etch pits put in after test. Crater-like regions are etch pit locations 
seen in Fig. 2a. X150. 
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or by a dial gage. The accuracy of measurement 
depended on the size and the constancy of reference 
marks on the surface of the specimen. 

With creep strain up to about 50 pct, no diffi- 
culty was encountered in measurement because the 
sharpness of the reference marks was maintained 
and their shapes did not change very much. The 
size of the reference marks was about 0.01 mm in 
diam and the distance between two reference marks 
was about 0.6 mm; thus the error of strain meas- 
urement should not be greater than 1.5 pct. 


Results 

The results presented below came from creep 
studies on two specimens, numbered P-3 and P-8. 
Both specimens were tested in creep at 700°F under 
a stress of 85 psi, but the duration of creep for each 
specimen was different as was the creep strain. 
Neither specimen was tested to rupture. The av- 
erage creep strain of the whole gage length and the 
duration of creep of specimen P-3 were 2.5 pct and 
1.5 hr, respectively, and those of P-8, 7.7 pct and 
81 hr, respectively. Specimen numbers have been 
included after the figure numbers in this paper. All 
the micrographs were taken after the specimen was 
cooled down to room temperature with the load still 
on. Over 100 micrographs were taken in different 
parts of these two specimens, both on deformed and 
repolished surfaces. Only the most significant and 
interesting ones can be presented here for the sake 
of brevity. All the micrographs are so placed in the 
paper that the direction of the applied tension runs 
from top to bottom. It should be emphasized that all 
the grain boundaries, almost without exception, 
were fairly straight after the above-stated annealing 
treatments. 


Boundary Slip and Migration 

It can be seen from Fig. 2a that the grain bound- 
ary in the center of the field underwent success- 
ively alternating sliding and migration. The posi- 
tions of the initial and final grain boundaries can 
be judged by the appearance of etch pits and are 
also indicated by letters I and F, representing the 
initial and final grain boundaries respectively. Since 
the etch pits were put in before creep, the initial 
grain boundary should be the demarkation line of 


Fig. 3—Specimen P-8. Creep deformed surface showing the grain 
boundary attracting effect of the needle point indentation and the 
subgrain structure in the bottom grain. X50. 
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the two differently shaped etch pits corresponding to 
the two grains. The position of the final boundary 
was also proved by repolishing and etching the 
specimen whereby the initial boundary disappeared 
and the final boundary remained (see Fig. 2b). 
Evidence of successively alternating and coopera- 
tive boundary sliding and migration can also be 
obtained by observing the course of the slip lines 
of the right grain which were produced during 
handling in putting the specimen into the furnace 
(shown in Fig. 2a). The original straight slip lines 
are now sharply displaced in the field between the 
initial and final grain boundaries due to the grain 
boundary sliding and migration. It is necessary to 
point out that the slip lines of the left grain are 
propagated continuously across the migrated zone 
without being bent. The fact that they were not 
bent indicated that these slip lines must have been 
developed at the conclusion of boundary migration, 
by handling of the specimen after test. 

It is interesting to note that the course of grain 
boundary migration was affected by the existence 
of etch pits. This effect persisted quite deeply into 
the thickness of the specimen. The same effect still 
showed up even after removing the etch pits by 
electropolishing off a surface layer of about 0.02 
mm. Reference marks produced by needle points 
and scratches exerted the same effect on boundary 
migration, as shown in Fig. 3. 

Fig. 4 shows a creep curve obtained between the 
two needle holes across the grain boundary of Fig. 
5a, a grain boundary which has undergone suc- 
cessively alternating and cooperative sliding and 
migration during the creep test. The steps of grain 
boundary sliding and migration are more clearly 
shown in Fig. 6 around the lower triple intersection 
point of Fig. 5a, now at a magnification of 150X. 

In comparing Figs. 5a and b (the latter showing 
the repolished and etched surface), the positions of 
the initial and final boundaries are readily noted. 
The crater-like spots in Fig. 5b are the old etch pits 
of Fig. 5a which were put in prior to loading. Note 
that they do not coincide with the new etch pits 
after repolishing. This statement also applies to 
other micrographs of repolished surfaces (Figs. 2b, 
9b, and 10b). 


Fig. 5a—Specimen P-8. Deformed surface showing boundary sliding 
and migration around the triple points. Thickness of the shadows 
produced by grain boundary sliding suggests the relative amount of 
sliding. Note the subgrain formation in the top left field. X50. 
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Fig. 4—Specimen P-8. Creep curve between two reference marks 
across a grain boundary, see Fig. 5a. 


Two other items are of considerable interest. The 
extent of grain boundary sliding is evidenced by 
the thickness of the shadow which is cast by an 
adjoining grain. The amount of grain boundary 
sliding is thus shown in Fig. 5a, this shadow sstill 
being in evidence in Fig. 5b after repolishing the 
surface. Second, note the external surface evidence 
of what is very probably subgrain formation in Fig. 
5a where the light effects are ideal. 

It was observed with the high temperature micro- 
scope that boundary sliding and migration were 
carried out in successive steps as a function of time. 
The experimental curve shown in Fig. 4 for the two 
pin points across the grain boundary of Fig. 5a sub- 
stantiates this. The period during which active 
boundary sliding takes place is characterized by the 
fact that the creep rate increases to rather high 
creep rates before the period of grain boundary 
migration takes place, resulting in a decreasing 
creep rate. The period of grain boundary sliding 
will be called ‘active boundary sliding period,” 
while the latter period will be called ‘boundary 
migration period.” After a period of time, bound- 
ary migration gives way again to active boundary 
sliding, resulting again in an increased creep rate. 

It should be emphasized that in high temperature 
creep a grain boundary situated in a favorable posi- 
tion for sliding, slides from the very beginning of 
the creep test and constitutes essentially all of the 
noted primary creep, while the interior of the grain 


Fig. 5b—Specimen P-8. Same field as Fig. 5a repolished and etched. 
Initial grain boundary disappeared; final grain boundary remained. 
Crater-like regions are etch pit locations seen in Fig. 5a. X50. 
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Fig. 6—Specimen P-8. Higher magnification of the lower triple 
point of Fig. 5a showing more clearly the steps of boundary sliding 
and migration. X150. 


does not show any appreciable deformation initially. 
This was proved both by visual observations and 
strain measurements. This phenomenon is not in 
accord with the accepted mode of deformation dur- 
ing primary creep, that is that slip takes place along 
crystallographic planes in the grains. 


Effect of Boundary Sliding on the Deformation of Grains 

Two main types of deformation of grains around 
a triple point, the point at which three grain bound- 
aries meet, were observed. Fairly straight ‘‘folds” 
or bands may be developed in a grain and appear as 
extensions of the grain boundary which lies about 
180° in the opposite direction. This is shown in Fig. 
7a. The width of the “folds” in the grain was ob- 
served to increase with the width of the opposite 
grain boundary. It can be seen from Fig. 7a that 
the traces of these ‘‘folds” on the grain surface did 
not coincide with the traces of pre-existing slip 
lines and that they tended to stop and deviate as 
they entered into the grain. The same kind of ‘‘fold”’ 
is shown even more strikingly in Fig. 8. In this 
case, the traces of pre-existing slip lines happen to 


Fig. 7a—Specimen P-3. Fold formation in the left center grain 
caused by sliding of the opposite grain boundary. X100. 
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make large angles with the trace of the fold, per- 
mitting a clear picture of the appearance of the fold. 
The pre-existing slip lines were rather sharply and 
uniformly bent through the fold. This fold could 
not be revealed again after polishing, this being 
true of other such folds (see also Figs. 2b and 7b). 
Slip lines reproduced by small amounts of deforma- 
tion at room temperature after repolishing were 
shown to go through the position of the fold with- 
out appreciable bending. Note from Fig. 8 how the 
other two initial grain boundaries at the triple point 
in the top center of the field were displaced by heavy 
sliding and migration along the third boundary, 
and also how the existence of etch pits caused the 
migrating boundary to be very wavy. 

The second type of deformation in the grain 
caused by boundary sliding had a ridge-and-valley 
appearance (Fig. 9a). These areas were made up 
of a series of such valleys and ridges which propa- 
gated into the grain away from the boundary as the 
amount of boundary sliding increased. The same 
type of deformation shown in Fig. 10a took place 
not only around the corner of the triple point but 
also along both sides of the heavily slid boundary. 
As a matter of fact, the total creep strain (from Fig. 
10a) measured between two reference marks in- 
cluding this boundary was 18 pct, whereas the total 
deformation of the specimen was only 7.7 pct. The 
sharpest ridges or valleys could be revealed by 
electroetching after repolishing, as shown in Figs. 
9b and 10b, although reproduction of the micro- 
graphs may possibly obscure the visibility of the 
traces. The ridges or valleys of Figs. 9a and 10a 
correspond completely with the faint lines of Figs. 
9b and 10b. 

It is interesting to note from Fig. 10a that the 
effect of grain boundary sliding is by no means re- 
stricted to a thin layer of several interatomic dis- 
tances thick (the thickness of grain boundary as 
proposed by Ké on the basis of internal friction 
measurement’), but extends to a rather large volume 
along both sides of the heavily slid grain boundary, 
in this case the affected area is about 0.2 mm wide 
to each side of the slid boundary. 

It has been shown that the effect of etching on a 
grain boundary depended on the orientation dif- 
ference of two neighboring grains.’ This fact sug- 
gests that the orientation difference across the sharp 


Fig. 7>—Specimen P-3. Same field as Fig. 7a repolished and etched. 


Folds cannot be revealed by repolishing and etching. X100. 
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ridges or valleys of Figs. 9b and 10b were quite 
small but large enough to give electroetching effects. 
This etching effect persisted even after a surface 
layer of 0.02 mm thick was removed by electropol- 
ishing. Accordingly, this effect was not a surface 
phenomenon. That the orientation difference across 
this kind of boundary is quite small is further 
proved by the fact that the slip lines produced by a 
small amount of deformation at room temperature 
can go through this kind of boundary. This type of 
boundary may properly be called a “subgrain bound- 
ary,” and the grains bound by them “subgrains.” 

It is interesting to note in Fig. 10b that the orig- 
inal straight grain boundary becomes angular after 
the process of boundary sliding and migration. In 
fact, every sharply bent segment along this new 
wavy grain boundary is due to the formation of a 
subgrain along this boundary. This kind of angular 
boundary is shown in Fig. 1la and was obtained by 
repolishing and etching a heavily slid grain bound- 
ary. The sketch, Fig. 11b, has been included to show 
the structure more clearly because of the difficulty 
of reproducing the fine traces. In comparison with 
Fig. 10a, Fig. 10b further illustrates that boundary 
migration is not a homogeneous process. It should 
be emphasized that whenever a migrating boundary 
encounters a scratch, etch pit, or needle mark, it may 
become angular; however, it may also become 
sharply irregular even if there are no such disturb- 
ing physical effects in its way. This phenomenon 
occurs more frequently and prominently in the case 
of heavily slid boundaries. The effect could also be 
caused by inclusions or other defects. 


Discussion of Results 

Under the conditions of stress and temperature to 
which these high purity aluminum specimens were 
subjected in creep, grain boundary sliding and mi- 
gration and the resultant deformation in the grains 
(initiated by grain boundary sliding) are the salient 
features of creep. It is generally agreed that the 
grain boundary slides during creep; however, 
grain boundary migration as a phenomenon during 
creep has been observed only very recently.”* 
While the factors which govern and influence the 
amount, direction, and position of grain boundary 
sliding and migration remain to be investigated, it 


Fig. 9a—Specimen P-3. Subgrain formation by bending around the 
triple point in the lower left grain. X100. 
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Fig. 8—Specimen P-8. Fold produced by sliding of the opposite 
grain boundary causing pre-existing slip lines to be rather sharply 
bent through this fold. X100. 


is definitely established from the results presented 
above that surface irregularities exert interesting 
effects on grain boundary sliding and migration 
and that these effects penetrate quite deeply into the 
thickness of the specimen. 

It was observed, in some cases, that the part of 
the migrating grain boundary near an etch pit 
moves ahead of the rest of the grain boundary at 
the fore-side of the etch pits. When the balance of 
the grain boundary catches up with that portion at 
the etch pit and then proceeds to move on, the grain 
boundary at the etch pit lags behind in the migra- 
tion process and appears reluctant to leave the 
etch pit vicinity (see Figs. 2a, 3, 6, and 8). This 
would suggest that the grain boundary seeks a 
lower surface energy position; in this case, one is 
offered by the etch pit. 

From the results given above about grain bound- 
ary sliding and migration, it is realized that this 
process is a highly cooperative one, especially when 
several triple points are involved across the cross- 
section of the specimen. It was observed in general 


< 


Fig. 9bp—Specimen P-3. Same field as Fig. 9a repolished and etched. 


Subgrain boundaries only very faintly revealed around the triple 


point in the lower left grain. X100. 
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Fig. 10a—Specimen P-8. Subgrain formation by bending around 
the triple point and along the heavily slid grain boundary. X50. 


that the grain boundary situated in a favorable po- 
sition with respect to the applied stress for sliding, 
slides first. 

Boundary sliding will inevitably upset the orig- 
inal equilibrium arrangement of atoms on both sides 
of the slid boundary and particularly around a 
triple point of three grain boundaries. In other 
words, a high energy region has been created by 
boundary slip, which may either appear as stored 
elastic energy or may generate new _ surfaces 
through subgrain formation. The grain boundary 
cannot continue to slide as a result of these dis- 
turbing effects and boundary migration sets in, in 
order to decrease the overall energy. During the 
process of grain boundary migration, small de- 
formation may take place by readjustment of atoms. 
When the grain boundary migrates to a more stable 
position, grain boundary sliding may set in again. 
Boundary migration is carried out by diffusion and 
therefore is a time-dependent process. The appear- 
ance of a creep curve obtained between two ref- 
erence marks including a boundary which has 


subgrain structure. 


Fig. 10b—Specimen P-8. Same field as Fig. 10a repolished and 
etched. Final grain boundary becomes angular; subgrains revealed 
by electroetching after repolishing. X50. 


undergone successive sliding and migration shows 
just what may be expected; namely, a multiple 
process of an ‘‘active boundary sliding period” and 
“boundary migration period.” 

Though the initial grain boundaries as observed 
at a magnification of 500X appear to be fairly 
straight and smooth, it is not expected that the 
grain boundaries could be so regarded on an atomic 
scale. It is reasonable to assume that the strains 
created during grain boundary sliding would not be 
uniformly distributed along both sides of the grain 
boundary (see Fig. 10a). The extent of nonuniform 
distribution of stress will be even more severe 
around the triple point where the sliding grain 
boundaries meet because of the interlocking effect 
of the grains. Bending in the grains would be ex- 
pected to take place as a result of this nonuniform 
grain boundary sliding. 

The subgrain boundaries are therefore believed 
to be formed by lattice bending as suggested by 
Crussard." Bending is also considered to play an 
important role in the formation of folds or bands of 


®8 


b—Sketch to show more clearly the structure of the grain boundary 
and subgrains. 


Fig. 11—Specimen P-3. Appearance of boundary, originally straight, after creep test. 
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Technical Note 


Melting Point and Transformation of Pure Chromium 


by D. S. Bloom, J. W. Putman, and N. J. Grant 


EVERAL recent determinations of the melting 

point of pure chromium have been reported 
which give values of 1845°C,’ 1892°C,* 1930°C,* 
1860°C,* and 1890°C.° Because of this wide spread 
of values, it appeared desirable to make one addi- 
tional attempt to obtain a more accurate, reliable 
figure. Bloom and Grant’® recently reported a phase 
transformation in chromium; it was desired to check 
this, too, in the course of checking the melting point. 

To accomplish this, a much higher purity chro- 
mium was required. Electrolytic chromium con- 
taining about 0.5 pet O was crushed to a finer size 
and was then annealed in highly purified, dried 
hydrogen at 1375°C for 100 hr. This treatment 
produced chromium with about 0.008 pct O, 0.002 
pet N, and negligible carbon. The balance of the 
impurities was 0.3 pct Fe, 0.03 pct Si, 0.004 pct S, 
and less than 0.001 pet Mo. This chromium was 


Table |. Melting and Transformation Temperature Data 


a (b.c.c.) S B (£.¢.¢.) 


Melting Point Transformation 
Thermo- Tempera- Tempera- 

couple Emf (mv) ture, °C Emf (mv) ture, °C 
No. 1 4.65 (c)* 1886 

4.77 (h) 1903 4.38 1848 

4.70 (c) 1894 4.15 1815 

4.80 (h) 1908 4.30 1836 
No. 2 4.77 (c) 1903 

4.83 (h) 1912 

4.80 (c) 1908 4.43 1855 

4.82 (h) 1911 4.38 1848 
Average 4.77 1903 4.33 1840 
* (c) = cooling. 


+ (h) = heating. 


Fig. 1—Cooling curve of chromium indicating solidification at 4.80 my (1908°C) and transformation at 
about 4.43 my (1855°C). Note deletion of 4 min of the curve during solidification period. 


melted in a stabilized zirconia crucible under pre- 
purified argon, using induction heating. Tempera- 
ture measurements were made with annealed wol- 
fram-molybdenum thermocouples and a Leeds and 
Northrup Speedomax Recording Potentiometer. The 
thermocouples were annealed for 1 min in hydrogen 
at a temperature of about 2400°C. 

Each leg of the thermocouple was immersed in an 
ice-water mixture using mechanical connectors to 
the lead wires. The thermocouple tip was immersed 
in the molten chromium in a zirconia protection tube 
which introduces an error of about 3°C as a tem- 
perature drop through the walls of the tube. The 
weight of chromium was about 183 g. The dimen- 
sions of the melt in the crucible were about 1.25 in. 
diam x 2 in. high. The tip of the thermocouple was 
held about % in. from the bottom of the crucible. 
Two new thermocouples were used with the above 
set-up giving the results shown in Table I. 

Since this chromium is purer than that used by 
Greenaway, Johnstone and McQuillan,’ by Carlile 
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et al.,* and other investigators,” * it is believed to be 
the more accurate. Thermocouple aging effects 
which are believed responsible for the high value 
of 1930°C* were avoided in this work. This value of 
1903°C is correct to about +10°C. 

The right hand column lists the temperature of 
the a > 6 transformation on heating and the B > a 
on cooling.* A sample curve is shown in Fig. 1. The 
value so determined is 1840°C + 15°C. Fig. 1 gives 
adequate evidence that there is a transformation in 
chromium at high temperatures.* 
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Partial Titanium-Vanadium Phase Diagram 


by Paul Pietrokowsky and Pol Duwez 


Titanium and vanadium form a complete series of solid solutions 
at temperatures above 885°C. Below 885°C, vanadium is slightly 
soluble in « titanium (about 1.5 pct V at 650°C) and a two-phase a 
plus 8 region extends to 18.5 pct V at 650°C. The alloys up to 15.0 
pct V transform into a supersaturated a solid solution upon rapid 
cooling from the 8 phase. Above 15 pct V the 8 phase may be re- 
tained. The temperature at which the 8 to o’ martensite-type trans- 
formation takes place decreases steadily from 850°C for 0.5 pct V 

to 325°C for 12.7 pct V. 


N the transition series of the periodic table, the six 

elements that have a body-centered cubic struc- 
ture at all temperatures, namely chromium, vana- 
dium, molybdenum, columbium, tungsten, and tan- 
talum, fulfill the conditions required for the exist- 
ence of complete series of solid solutions with the 
high temperature (8) form of titanium. Up to the 
present time, complete solubility at temperatures 
above the a to 8 transformation of titanium has been 
observed in the systems Ti-Mo,”* Ti-Cb,’ Ti-W,* and 
Ti-Ta.’ The two remaining elements, vanadium and 
chromium, have atomic diameters which are not as 
near that of titanium as the atomic diameters of the 
four other elements. Both are smaller than titanium 
and the difference, expressed in percentage of the 
titanium atomic diameter, is 12.3 pct for chromium 
and 8.2 pet for vanadium. On this basis, the least 
favorable conditions for solid-solution formation are 
therefore encountered in the Ti-Cr system. The early 
work on the Ti-Cr system* revealed that up to about 
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1100°C the solubility of chromium in £ titanium is 
limited, and an intermetallic phase exists near the 
stoichiometric composition TiCr,. It was found later’ 
that a continuous series of solid solutions extends 
across the diagram at higher temperatures, and TiCr, 
forms by solid state reaction. It became apparent 
therefore that complete solubility would also be 
present in the Ti-V system. The present investigation 
confirms this possibility. 

The iodide-refined titanium used in this investiga- 
tion was purchased from the New Jersey Zinc Co., 
New York. According to the manufacturer, a typical 
analysis of this product is 0.0065 pct Mn, 0.0022 pct 
Fe, 0.0015 pet Cu, and 0.0042 pct Pb. The Vickers 
hardness number (10 kg load) of the crystalline bar 
varies between 55 and 80. The vanadium metal was 
purchased from the Westinghouse Electric Corp., 
Lamp Div., Bloomfield, N. J. The purity of this metal 
is probably above 99 pct V. The oxygen content must 
have been quite low, since a bar about %4 in. square 
could be cold rolled into a ribbon 0.020 in. thick. 

To prepare the various alloys on the titanium-rich 
side of the diagram, the titanium rod was machined 
into cups 1 cm in diam and about 1.5 cm high. Pieces 
of vanadium, of the proper weight, were cut from 
the square bars and placed within the cups prior to 
melting. On the vanadium-rich end of the diagram, 
single pieces of the metals, in the proper weight pro- 
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Fig. 1—Lattice parameter of the ® phase in Ti-V alloys 


quenched from 650°C. 


portions, were used to make the alloys. Melting was 
accomplished by placing the two metals on the water- 
cooled hearth of a high temperature electric are fur- 
nace and striking an arc in the presence of an atmos- 
phere of high purity helium. The operation of such 
a furnace has been described in the literature." After 
melting, the alloyed pellets were sealed in quartz 
tubing which had been evacuated, and homogenized 
at 980°C for 10 days. A few preliminary experiments 
indicated that this procedure was sufficient to re- 
move coring. The homogenizing treatment was ter- 
minated by a rapid water quench. The alloys were 
not chemically analyzed because the change in weight 
after melting was generally less than 0.2 pct. 

The homogenized ingots, quenched from 980°C, 
were quartered and the pieces sealed in quartz or 
Vycor tubing, depending on the temperature of the 
subsequent isothermal heat treatment. The following 
heat treating schedule was followed: 1—870°C for 
10 days, 2—815°C for 10 days, 3—760°C for 10 days, 
4—710°C for 20 days, and 5—650°C for 30 days. All 
specimens were water quenched upon completion of 
the heating cycle. Heat-treated samples were pre- 
pared for metallographic examination by conven- 
tional methods. The etchant was a solution of one 
part 48 pct hydrofluoric acid, one part concentrated 
nitric acid, and two parts glycerine. Powder diffrac- 
tion photographs were made with a 14.32 cm Debye- 
Scherrer camera which utilized the Straumanis-type 
film arrangement. Filtered copper radiation was used 
throughout the entire investigation. X-ray specimens 
were obtained by filing the various alloys after they 
had been subjected to the isothermal heat treat- 
ments. The filings were sealed in quartz ampules 
and quenched in liquid argon from the temperature 
at which the corresponding solid sample had been 
heat treated. 

Results 

The results of this investigation leading to the 
establishment of the constitution diagram between 
980° and 650°C shall be presented as follows: the 
existence of a continuous series of solid solutions 
based on the application of Vegard’s law, the deter- 


VANADIUM 


mination of the phase boundaries of the a, a plus £, 
and 6 regions by metallography, and the determina- 
tion of the 8 to a’ transformation by measurement of 
the heat effect due to this transformation during 
rapid cooling from the £ field. 

X-Ray Diffraction Measurements: An initial X-ray 
investigation of the variation in lattice parameter of 
alloys containing from 5 to 95 pct V and quenched 
from 980°C established the existence of a continuous 
series of solid solutions. These data alone do not ex- 
clude the possibility that at lower temperatures the 
solid solution of 6 titanium and vanadium decom- 
poses into either two phases of crystallographically 
similar lattice but of different compositions (as 
occurs in the systems Au-Ni and Al-Zn) or into 
intermetallic compounds (as in the Ti-Cr system). 
For this reason a lattice parameter vs. composition 
study was made at 650°C. At this temperature, alloys 
containing from 25 to 95 pct V were solid solutions 
and in this concentration range the lattice parameter 
varies almost linearly. However, as shown in Fig. 1, 
the deviation from Vegard’s law is quite large for 
high vanadium content. The X-ray diffraction pat- 
terns of alloys containing 5, 10, and 15 atomic pct V 
indicated the presence of a hexagonal phase in addi- 
tion to the body-centered cubic phase. In this range, 
the parameter of the cubic phase remains constant. 
The intersection of the two lines shown in Fig. 1 
locates the limit of the one-phase £8 solid solution 
field at 650°C, namely 17.5 atomic pct (18.5 wt pct) 
V. This phase boundary was checked by the micro- 
scopic study (see below). 

It is interesting to note that by extrapolation the 
lattice parameter of the 8 phase vs. concentration 
curve to 0 pct V leads to the fact that the lattice 
parameter of 6 titanium at room temperature would 
be about 3.28 kX. The difference between this para- 
meter and that measured by Burgers at about 900°C, 
namely 3.32 kX, corresponds approximately to the 
change in volume due to thermal expansion. 

Metallography: The results of the metallographic 
study of the Ti-V alloys are shown schematically in 
Fig. 2. When quenched from above the transforma- 
tion temperature of pure titanium, the characteristic 
Widmanstatten pattern of transformed £ is visible 
until a critical concentration of vanadium is reached 
and the allotropic transformation, 6 to a’, is pre- 
vented. Fig. 3a shows a 15 pct V alloy that was 
quenched from 980°C into water. The microstructure 
indicates a stabilized 6 structure having equiaxed 
grains. The 14.8 pct V alloy, Fig. 3b, is predom- 
inately 8; however, some of the decomposition prod- 
uct, a’, is present after quenching from 980°C. The 
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a—1I5 pct V quenched from 980°C 
(8 retained). 


d—10 pct V quenched from 650°C 
(a and £). 


(a and £). 


b—14.8 pct V quenched from 980°C 
(mostly 6 plus a’ needles). 


e—5 pct V quenched from 650°C 


c—10 pct V quenched from 760°C 
(a and a’). 


f—0.5 pct V quenched from 760°C 


(a). 


Fig. 3—Typical microstructure of various Ti-V alloys. 


minimum concentration of vanadium necessary to 
stabilize the 6 structure is therefore approximately 
14.9 pet. When quenched from isothermal soaking 
temperatures below the transformation temperature 
of pure titanium, the microconstituents assume 
characteristic appearances depending on whether or 
not the equilibrium £, at temperature, transformed 
to a’, either in part or entirety, after being quenched 
in water. Fig. 3c shows a 10 pct V alloy that was 
water quenched after receiving a thermal treatment 
at 760°C. Here the equilibrium 8 has decomposed 
upon quenching. The same alloy, quenched from 
650°C, is shown in Fig. 3d. At 650°C, the vanadium 
content of the equilibrium £ is greater than the crit- 
ical composition necessary to retain 6. A 5 pct V 
alloy heat treated at 650°C is shown in Fig. 3e. As 
in Fig. 3d, the dark etching a titanium is in equili- 
brium with the light etching ~. 

On the basis of the microstructure of the alloys 
corresponding to the symbols shown in Fig. 2, the 
boundary between the a plus 6 and the £ fields was 
traced as shown in the same figure. This boundary 
passes through a point located at 18.5 pct V at 650°C, 
as required by the X-ray diffraction study (see 
above). 

Although no extensive study was made in the 
range of 0 to 2 pct V, the limit of solubility of vana- 
dium in a titanium was located approximately. The 
microstructure of alloys containing 0.5 and 1 pct V 
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indicated that these alloys were a solid solution at 
650°C and the 0.5 pet V alloy was also a solid solu- 
tion after the 760°C heat treatment (Fig. 3f). Since, 
on the other hand, the alloy containing 2 pet V was 
in the a plus £ field at 650°C, the boundary between 
a and a plus f was traced tentatively as indicated on 

B to a Transformation: Because the alloys con- 
taining less than 14.9 pet V transform from £B to a 
supersaturated a solid solution (a) during quench- 
ing, it was anticipated that the temperature at which 
this transformation takes place could be detected by 
thermal analysis. 

The method for measuring transformation tem- 
perature at very fast cooling rates consists essen- 
tially of heating a small sample of metal to which 
thermocouples are spot welded, cooling the sample 
by means of a jet of helium, and recording the tem- 
perature vs. time curve on an oscillograph. This 
method, used by Greninger in his study of the mar- 
tensite arrest in carbon steels,’ has been more re- 


‘cently applied to titanium alloys, and a description 


of the experimental apparatus has been given.* 
Alloys containing up to 14.8 pct V were tested and 
thermal arrests were recorded at various rates of 
cooling in the range of 180° to 9000°C per sec. For 
the alloys containing up to 12.7 pct V, a clearly de- 
fined thermal arrest was observed. Within the limits 
of experimental error (estimated to be +4°C), the 
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Fig. 4—Effect of rate of cooling on the transforma- 
tion temperature of Ti-V £ solid solution for various 
vanadium concentrations. 


rate of cooling had no effect on the temperature at 
which the thermal arrest occurred, Fig. 4. As the 
vanadium content increases, the transformation tem- 
perature decreases progressively, as shown in Fig. 5. 

Thermal analysis experiments made on alloys con- 
taining 14.8 and 15 pct V failed to reveal a thermal 
arrest. This is not surprising for the 15 pct V, since 
the structure of this alloy was retained 8 when 
quenched from high temperature. For the 14.8 pct V 
alloy, the microstructure as shown in Fig. 3b indi- 
cated that some transformation took place during 
quenching. The failure to detect a thermal arrest for 
this alloy is due to the lack of sensitivity of the 
thermal analysis method, when only a small portion 
of the specimen undergoes transformation. It is there- 
fore logical to assume that, if the transformation 
temperature could be measured by a more sensitive 
method, the curve of Fig. 4 would extend to lower 
temperature and cross the composition axis at about 
14.9 pet V. 

An X-ray diffraction study of the alloys quenched 
from 980°C indicated that both the 8 and a’ struc- 
tures were present in the alloys containing from 
about 4 to 12.7 pct V. Judging from the relative in- 
tensity of the a and the £ reflections in the patterns, 
it was quite clear that the amount of the retained B 
phase was increasing with vanadium content. Similar 
results had been found previously in Ti-Mo alloys.’ 

As shown in a previous paper,’ the 8 to a trans- 
formation in pure titanium is progressively lowered 
when the rate of cooling increases from a few de- 
grees per second to about 10,000°C per sec. This be- 
havior is indicated on the vertical axis of the graph 
of Fig. 5 by two points limiting a temperature range 
from 885° to 855°C. An extrapolation of the curve 
of transformation temperature vs. vanadium content 
to 0 pct V seems to pass through a temperature cor- 
responding to that of pure titanium obtained under 
very high cooling rates (about 855°C). This result 
suggests that the transformation in the alloys of low 
vanadium content might also be affected by the rate 
of cooling in the range which was not covered in the 
present study, namely from about 5° to 180°C per 
sec. At relatively slow cooling rates, however, the 
equilibrium reaction 8 to a plus 6 could take place, 
at least partially, and in such a case, the thermal 
analysis measurement should be supplemented by 
microscopic observations. Obviously more detailed 
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Fig. 5—Effect of vanadium content on the trans- 
formation temperature of rapidly cooled Ti-V alloys. 


studies of the transformation kinetics should be car- 
ried out in the range of cooling rates from a few de- 
grees per minute to about 100°C per sec. 


Conclusions 

1—Titanium and vanadium are completely soluble 
in each other above the transformation temperature 
of titanium. The solubility of vanadium in a titanium 
is between 1 and 2 pct at 650°C and the a plus £ field 
extends to 18.5 pct at 650°C. 

2—Alloys containing up to 14.8 pet V undergo a 
martensite-type reaction from £8 solid solution to a 
supersaturated a solid solution. The temperature at 
which this reaction takes place is independent of the 
rate of cooling, within the range from 180° to 9000°C 
per sec, and decreases with vanadium content. Above 
15 pet V, the 8 structure can be retained by quench- 
ing. 
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Crystal Structure of ZrB,, 


by Benjamin Post and Frank W. Glaser 


LTHOUGH most transition metals form a wide 

variety of boride compounds, the existence of 
only one zirconium boride, ZrB., had been estab- 
lished prior to this investigation. The crystal struc- 
ture and some properties of a hitherto unreported 
zirconium boride, ZrB,., are described in this paper. 
Only one other dodecaboride of a transition metal, 
UB,, has been reported up to the present.’ 

Chemical analysis of the new compound showed 
44 pct Zr and 56 pct B, compared with 41 pct Zr 
and 59 pet B computed for ZrB,,.. The difference is 
within the range of error of the analytical method 
employed. 

ZrB, shows marked metallic properties. It is 
obtained as a fine black powder. Measurements of 
electrical resistivity were made at —79°C, +22°C 
and +64°C. At 22°C the electrical resistivity is 
approximately 60 microhm-cm. Over this range 
the temperature coefficient of resistivity is + 0.00162. 
The thermal conductivity at room temperature is 
0.122 watts per cm per °C. The product of the 
electrical resistivity and thermal conductivity is 
therefore 8.05, which is not far from the normal 
Wiedemann-Franz ratio (approximately 7.5 at room 
temperature). These measurements were made on 
hot pressed samples which were not always high 
density specimens. The hardness of ZrB,. on the 
Rockwell A scale varies between 92 and 92.5. 


Crystal Structure Determination 
Single crystals of ZrB, of a size suitable for 
X-ray diffraction analysis could not be obtained and 
powder samples had to be used. Filtered Cu radia- 
tion was used throughout. 
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Powder diagrams were indexed on the basis of a 
face-centered cubic unit cell. After correction for 
film shrinkage, a Bradley and Jay extrapolation® to 

= 90° indicated that a, = 7.408 + 0.002A. 

The volume of the unit cell is 406.5A.° The as- 
sumption that there are four “molecules” of ZrB,. 
per unit cell leads to an X-ray density of 3.63 g 
per cc. The measured density is 3.7 g per cc (as 
measured by the immersion method). 

Relative intensities of reflections were deter- 
mined by integrating the intensities of diffraction 
peaks using the count register of a North American 
Philips wide range spectrometer. Intensities meas- 
ured in this way showed good agreement with 
photographic intensities estimated visually using 
multiple film techniques. 

The usual Lorentz, polarization, and multiplicity 
corrections were applied to the observed intensity 
measurements. 

There are striking similarities between ZrB, and 
UB... The unit cell of the latter is also face-centered 
cubic and contains four molecules. a, = 17.473, 
compared with 7.408 for ZrB,.. The radius ratio 
rB/rU is 0.57; rB/rZr is 0.54. 

In both ZrB,, and UB, the four metal atoms in 
each unit cell are in special positions; only the 
boron positions need be determined. The latter may 
be inferred from the extent to which diffraction of 
X-rays by the 48 boron atoms reinforces or weakens 
the diffraction by the metal atoms. This effect is 
relatively much greater in the case of the zirconium 
compound. 

In their determination of the crystal structure of 
UB,,, Berthaut and Blum’ assumed holohedral sym- 
metry (space group O,°, Fm3m) and reported that 
the U atoms are in positions 4(a): 000; 0%%; 
4012; 142140; the boron atoms were reported to be 
in positions 48(1) with x = 1/6: rox; 
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Fig. 1—Values of | Fons. | and Feare. for ZrBio. 


Holohedral symmetry was also assumed for ZrB,». 
It was evident from the relative diffraction inten- 
sities that the value of x in positions 48(7) must be 
in the range 0.150 to 0.175. (Positions 48(g) may 
be ruled out on steric grounds since they lead to 
B-B distances of 1.2A compared with the usual 
B-B distance of 1.7A. Positions 48(h) are equiva- 
lent to 48(7), differing only in choice of origin). 

Structure factors were computed for a range of 
values of x from 0.125 to 0.200. Graphical com- 
parison of these with values of | F.,;. | showed best 
agreement at x = 1/6. Values of | Fis. | and Feate. 
for x = 1/6, are shown in Fig. 1. 


Discussion 


Twenty-four boron atoms are arranged, 
hedrally, about each zirconium atom in ZrBwy. 


Fig. 2—Arrangement of boron atoms about two adjacent 
zirconium atoms in ZrB,.. 
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boron atom in turn, is equidistant from two zir- 
conium atoms. The arrangement of boron atoms in 
the unit cell is best visualized by considering a 
regular octahedron about each zirconium atom to 
be cut by a plane perpendicular to the line from 
the central zirconium atom to the vertex of the 
octahedron. A boron atom is located at each of the 
four corners of the square formed by the intersec- 
tion of one plane and octahedron; six such squares 
are formed about each zirconium atom. The ar- 
rangement of boron atoms about two adjacent zir- 
conium atoms is shown in Fig. 2. All zirconium 
atoms in one unit cell are shown; in order to show 
the boron arrangement clearly, all boron atoms 
other than those about two adjacent zirconium 
atoms have been omitted from the drawing. 

Each boron atom has five nearest boron neigh- 
bors at B-B = 1.75A. The five B-B bonds formed 
by one boron atom are indicated by arrows in Fig. 
2. Each boron atom is also equidistant from two 
zirconium atoms at B-Zr = 2.76A. The B-B dis- 
tances are normal, but the metal to boron distance 
is much greater than in ZrB, (2.54A).* This in- 
crease in bond length is due, in part at least, to the 
high coordination number of the metal atoms. 
Kiessling’ has: commented on the abnormally long 
metal to boron bonds in MB, compounds where the 
metal coordination number is also 24. The U-B 
distance in UB, is also much greater than “‘normal.’” 
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Effect of Zirconium on Magnesium-Thorium And 


Magnesium-Thorium-Cerium Alloys 


by T. E. Leontis 


Data are presented in this paper to show that addition of zirconium 
to sand-cast Mg-Th alloys effects a marked decrease in the grain size 
of these alloys which is accompanied by a significant increase in the 
mechanical properties over the entire range of thorium content inyes- 
tigated. The beneficial effect of zirconium on the strength properties is 
maintained at elevated temperatures up to 700°F. In addition the alloys 
exhibit exceptionally high creep resistance at temperatures up to 600°F. 
Zirconium does not greatly improve the strength or creep characteristics 
of extruded Mg-Th alloys. Cerium is not a desirable addition to Mg-Th-Zr 

alloys. 


N a previous paper, it was shown that addition of 
thorium to magnesium imparts exceptionally high 
resistance to creep at elevated temperatures both in 
the sand-cast and in the extruded states. The large 
grain size of the sand-cast alloys, however, renders 
them of questionable value as engineering materials. 
Sauerwald’ showed that the grain size can be re- 
duced effectively by the addition of zirconium. Re- 
sults of a detailed study of the properties of Mg-Th- 
Zr alloys over a wide range of thorium content are 
presented in this paper. In accordance with the pre- 
liminary findings of Sauerwald,’ it is shown here 
that Mg-Th-Zr alloys possess the unusual combina- 
tion of fine grain size and a high level of strength 
and creep resistance at elevated temperatures. Some 
information on the effect of cerium on the properties 
of Mg-Th-Zr alloys is presented also. 


Effect of Th on Solubility of Zr in Molten Mg 
Sand-cast test bars and 3 in. diam extrusion billets 
of Mg-Th-Zr and Mg-Th-Ce-Zr alloys* were pre- 


* The thorium metal used in making these alloys was furnished by 
the U. S. Atomic Energy Commission. 


pared according to the procedures described in the 
previous paper.’ The zirconium was added in the 
form of sponge metal as supplied by the Bureau of 
Mines.* 

The maximum amount of zirconium that usually 
can be introduced into magnesium at the customary 
alloying temperature of 1350°F is about 0.7 pct. The 
analyses in Table I clearly show that thorium in- 
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creases the solubility of zirconium in liquid mag- 
nesium. The tabulated zirconium contents are desig- 
nated as “acid soluble;” this serves to distinguish 
these values from the small amount of zirconium 
that is not dissolved when the alloy is subjected to 
the action of a dilute acid solution. The “acid-in- 
soluble” zirconium is believed to be ineffective as 
an alloying ingredient. The acid-insoluble zirconium 
contents ranged between 0.03 and 0.16 pct in the 
present alloys, the tendency was toward higher 
values in alloys with higher thorium content. 

In contrast to the effect of thorium, cerium de- 
creases the solubility of zirconium in magnesium. 
This is shown by the three Mg-Th-Ce-Zr alloyst in- 


+ The cerium used in making these alloys had a total rare-earth 
content of 97.1 pct, of which less than 0.3 pct was rare-earth metals 
other than cerium. The principal impurities making up the balance 
were iron (1.49 pet) and magnesium (1.24 pct). 


cluded in Table I and stands in agreement with the 
observations of Nelson and Strieter®* on Mg-misch- 
metal-Zr alloys. 


Effect of Zr on Grain Size of Mg-Th Alloys 


The potent effect of zirconium as a grain refiner 
has been demonstrated’ for many types of mag- 
nesium alloys.** Of greatest importance to date are 
Mg-Zn-Zr alloys’** and Mg-mischmetal-Zr al- 
loys.” “" Zirconium has also been found to exert a 
marked grain-refining action on Mg-Th alloys. All 
the Mg-Th-Zr alloys cast in the form of % in. diam 
test bars have an exceedingly fine grain size (Table 
I). Reference to the previous paper’ will show that 
binary Mg-Th alloys containing up to 6 pct Th are 
almost completely columnar even in the % in. diam 
reduced section of a test bar, and that 10 to 50 pct 
Th alloys have an equiaxed grain structure of 0.03 
to 0.08 in. The data in Table I also show that addi- 
tion of cerium to Mg-Th-Zr alloys has no effect on 
the grain size. In addition to increasing the strength 
properties, the fine grain size of Mg-Th-Zr alloys 
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Table I. Analyses, Grain Size, and Heat Treatment of Mg-Th-Zr and Mg-Th-Ce-Zr Alloys 


Analyses, Pct 


Sand-Cast Alloys 


Extruded Alloys 


Grain Size, 


Grain Size, 


0.001 In. 0.001 In. 
Acid Acid 
Soluble Insoluble As- Solution As- Solution 

Th Zr Zr Ce Cast SHT* Heat Treatment Extruded SHT* Heat Treatment 

0 0.69 0.03 2-6 2-6 1050F (2 hr) 0.5-1 2-4 1050F (2 hr) 
0.93 0.82 0.08 2 3-4 1050F (2 hr) 1 4 1050F (2 hr) 
1.84 0.82 0.12 1-2 3-4 1050F (2 hr) al 4 1050F (2 hr) 
3.34 0.94 0.12 2 1050F (2 hr) 0.2 2 1050F (2 hr) 
6.05 0.94 0.09 1-2 1-2 1050F (16 hr) 0.2 1-2 1050F (4 hr) 
10.30 0.98 0.16 1-2 1-2 1050F (24 hr) 0.2 0.6 1050F (4 hr) 
19.70 1.01 0.15 1-2 1-2 1050F (24 hr) 0.2 0.6 1050F (4 hr) 
3.37 0.97 0.05 1.25 2 2-3 1050F (16 hr) 0.4 1-2 1050F (4 hr) 
2.90 0.91 0.08 2.20 P2 2-3 1025F (16 hr) 0.4 1-2 1025F (4 hr) 
3.15 0.87 0.06 2.93 2-3 2-3 1025F (16 hr) 0.3 1-2 1025F (4 hr) 


* SHT = Solution heat treated. 


is a highly desirable characteristic from the stand- 
point of castability and general handling in foundry 
operations. 

The grain size of extruded Mg-Th alloys is also 
reduced by the addition of zirconium but not as 
markedly as observed in the cast alloys. The values 
given in Table I compare with a range of 0.001 to 
0.0005 in. for binary alloys in the as-extruded con- 
dition covering the same range of thorium content. 


Heat Treatment 


The heat-treating time and temperature for each 
alloy in Table I were selected on the basis of three 
considerations: 1—safety from melting, 2—maxi- 
mum solution and coalescence of intermetallic com- 
pounds, and 3—minimum increase in grain size. 

The solidus temperature of each alloy as deter- 
mined by the metallographic technique is given in 
Table II. The same values were obtained on speci- 
mens in three different conditions: 1—as-cast, 2— 
east and heat treated at 1050°F (16 hr), and 3—as- 
extruded. The addition of zirconium raises the 
eutectic temperature of Mg-Th from 1088° to 
1092°F. However, there appears to be a decrease in 
the maximum solubility of thorium in magnesium 
resulting from the addition of zirconium. From the 
corresponding solidus measurements it was postu- 
lated that the maximum solubility of thorium in 
magnesium lies between 5.8 and 10.2 pct, whereas 
the data in Table II indicate that in the presence of 
zirconium the solubility lies between 1.84 and 3.34 
pet. Additions of cerium effect a significant decrease 
in the solidus temperature. On the basis of these 
determinations, all alloys except those containing 
1.02 and 2.20 pct Ce were heat treated at 1050°F 
and the latter two compositions were heat treated 
at 1028°F. 

Grain size measurements after heat treating at the 
selected temperatures for a series of time intervals 
between 1 and 24 hr show that Mg-Th-Zr alloys 
containing 6 pct Th or more and all Mg-Th-Ce-Zr 


Table II. Solidus Temperatures of Alloys 


Composition, Pct 


Acid Soluble Solidus 
Th Zr Ce Temperature, °F 

0.69 >1178 

0.93 0.82 >1178 
1.84 0.82 1158 
3.34 0.94 1092 
6.05 0.94 1092 
10.30 0.98 1092 
19.70 1.01 1092 
3.37 0.97 5 1063 
2.90 0.91 2.20 1065 
3.15 0.87 2.93 1077 


alloys suffer no grain growth up to 24 hr heat treat- 
ment. Alloys of lower thorium content increase in 
grain size with increasing time of heat treatment. 
However, short heat treatments are adequate for 
dissolving and coalescing the small amount of com- 
pound in alloys containing up to 3.34 pct Th. Thus, 
the time of heat treatment used for each alloy is as 
given in Table I. 

In the case of the extruded alloys, it was found 
that the increase in grain size suffered by each com- 
position is essentially independent of heat-treating 
time between 1 and 24 hr. Accordingly, the extruded 
alloys were heat treated as shown in Table I in order 
to achieve maximum solution and coalescence of the 
intermetallic compound. In general, this can be ac- 
complished by a shorter heat treatment in extruded 
alloys than in cast alloys of equivalent composition. 

Throughout the paper, the following designations 
are used to depict the various conditions of heat 
treatment: F 


T5—Direct age at 400°F (16 hr). 
T4—Solution heat treated as given in Table I. 
T6—T4 + age at 400°F (16 hr). 


Mechanical Properties of Sand-Cast Alloys 


Tensile properties of sand-cast Mg-Th-Zr alloys 
were determined on the previously described cast- 
to-shape test bars without machining the surface 
and according to the methods described earlier.” 
The pronounced strengthening effect of thorium over 
a wide temperature range is clearly shown by the 
curves in Figs. 1 and 2. The decrease in tensile 
strength at room temperature in higher thorium 
contents results from the increasing amount of un- 
dissolved intermetallic compound. This is also re- 
flected by the rapidly decreasing elongation with 
increasing thorium content. Comparison of the data 


Table III. Tensile Properties of Sand-Cast Mg-Th-Zr Alloys in the 
As-Cast and in the Solution Heat-Treated Conditions at Room 


Temperature 
As-Cast* T4 Condition 
Acid 
hy Soluble Pet Pet 
Pet Zr, Pct E TYS TS E TYS TS 
0.69 20.0 8.4 25.5 11.5 6.2 22.0 
0.93 0.82 16.5 10.4 25.0 20.0 8.0 23.0 
1.84 0.82 12.0 11.2 24.2 16.0 11.2 25.7 
3.34 0.94 5.0 11.8 20.5 10.8 12.8 25.8 
6.05 0.94 3.2 14.1 20.8 8.5 13.4 25.2 
10.30 0.98 2.2 16.2 22.5 4.0 ills} 23.2 
19.70 1.01 19.6 0.5 17.7 19.4 
*Pct E = Percent elongation in 2 in. 
TYS = Tensile yield strength in 1000 psi. 
es = Tensile strength in 1000 psi. 
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Fig. 1—Tensile properties 
of sand-cast Mg-Th-Zr al- 
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in Figs. 1 and 2 shows that the strength obtained in 
the T6 condition is decidedly higher than that of the 
same compositions in the T5 condition at all tem- 
peratures. The room temperature tensile properties 
for the as-cast and the T4 conditions are given in 
Table III. It is evident that Mg-Th-Zr alloys exhibit 
a much greater degree of age hardening after solu- 
tion heat treatment than is obtained upon directly 
aging the as-cast material. In order to illustrate the 
beneficial effect of the addition of zirconium to Mg- 
Th alloys, the properties of Mg-3.34 pct Th-0.94 pct 
Zr alloy are compared with those of the binary Mg- 
3.2 pet Th alloy taken from the previous paper’ in 
Table IV. The 3 pct Th composition has been selected 
for this comparison because it appears to be the 
optimum composition from all considerations. The 
addition of zirconium enhances the properties over 
the entire range of thorium content investigated; 
however, the increase in strength is considerably 
greater in alloys containing up to 6 pct Th. Another 


Table IV. Comparison of Properties of Mg-Th-Zr and Mg-Th Alloys 


Properties in the T6 Condition 


Room 


Temperature 400°F 600°F 
Com- ‘ 
po- Pet Pct Pet 
sition E TYS* TS* E TYS* TS* E TYS* TS* 
3.2 Th 4.0 9.8 20.4 13.5 66 14.8 
3.34 pet Th- 


0.94 pctZr 4.0 182 29.1 21.3 140 24.2 9.7 12.8 19.2 


* 1000 psi. 
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important observation to be made from the data in 
Table IV is that the increase in room temperature 
strength is realized without any sacrifice in ductility. 
As a matter of fact, the elongations of alloys with 
lower thorium contents are increased markedly by 
the addition of zirconium. 

The elevated-temperature tensile properties of 
sand-cast Mg-2.5 pct Th-0.6 pct Zr in the as-cast 
state presented by Sauerwald’ are somewhat lower 
than those obtained on Mg-1.84 pct Th-0.82 pct Zr 
in the T5 condition in the present investigation. This 
difference may be a result of the lower zirconium 
content of Sauerwald’s alloy. On the other hand, the 
difference may be a result of the aging treatment 
used in the present work which has been found to 
increase the room temperature strength of these 
compositions by the same amount as is represented 
by the difference between Sauerwald’s and our data 
at elevated temperatures. 

Creep tests were conducted in the same manner 
as described earlier,”” and the results are presented 
in the form of the following three parameters ob- 
tained by interpolation of log stress vs. log extension 
plots of the original data: 


1—Creep limit based on 0.1 pct creep extension in 
100 hr 

2—Creep limit based on 0.2 pct total extension in 
100 hr 

3—Creep limit based on 0.5 pct total extension in 
100 hr 


The curves in Figs. 3 and 4 show the increase in 
creep limits of Mg-Th-Zr alloys with increasing 
thorium content. Significantly higher creep resist- 
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Fig. 3—Creep limits of sand-cast Mg- 
Th-Zr alloys. T5 condition. 


ance is obtained in the T6 condition than in the T5 
condition. The addition of zirconium to Mg-Th alloys 
markedly increases the creep resistance at 400° and 
500°F but has little if any effect on the creep resist- 
ance at 600°F. One of the most important observa- 
tions to be made from the results presented in this 
paper is the high level of creep resistance of sand- 
cast Mg-Th-Zr alloys at temperatures up to 600°F 
coupled with the fact that these alloys are fine 
grained and can be expected to have excellent foun- 
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Fig. 4—Creep limits of sand-cast Mg- 
Th-Zr alloys. T6 condition. 
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Fig. 5—Tensile properties of extruded 
Mg-Th-Zr alloys. 15 condition. 


dry characteristics. The retention of high creep re- 
sistance in Mg-Th alloys at 500° and 600°F after 
the addition of zirconium and the attendant grain 
refinement is contrary to the behavior of magnesium- 
roischmetal alloys upon similar treatment.” * 

The etfect of additions of pure cerium on the 
tensile properties of Mg-3 pct Th-1 pct Zr alloy is 
shown by the data in Table V, where the correspond- 
ing properties of Mg-3 pct Th-1 pct Zr and Mg-6 pct 
Th-1 pct Zr are included for purposes of comparison. 


Table V. Tensile Properties of Sand-Cast Mg-Th-Ce-Zr Alloys 


wae As-Cast T5 Condition 
Solu- Room Temperature Room Temperature 400°F 500°F 600°F 700°F 
ble 
SH gy Ce, Zr, Pct Pet Pet Pet Pct Pet 
Pet Pet Pet E* TYS TS E* TYS TS E* TYS TS E* TYS TS E* TYS TS E* TYS TS 
3.34 0.94 3.8 3.8 22.0 25.0 6 17.2 20.8 6.0 13.2 89:5 4.1 8.1 
21200 0:01 14.9) 18h 0.7 5.5 8.6 17.2 66.2 5.0 9.0 
2:93) 0:87 0.2 18.6 20.4 1.2 4 18.2 18036 8.0 16.5 86.8 4.9 8.8 
6.05 0.94 21.0 14.0 10.8 188 14.0 8.1 5.2 10.4 
T4 Condition T6 Condition 

Room Temperature Room Temperature 400°F 500°F 600°F 00°F 

Pct Pet Pet Pet Pct Pet 

E* TYS Ts E* TYS TS E* TYS TS E* TYS TS E* TYS TS &E* TYS TS 

34 0.94 10.8 8 25.8 4.0 18.2 29.1 21.3 14.0 242 22.6 13.9 2.4 9.7 12°38 19:2: 10:3 7.8 12.3 
3.37 8.0 144 23.4 PAs 10.0 142 246 13.0 14.1 240 303 114 196 44.0 5.8 11.4 
2.90 2.20 0.91 5.6 14.9 23.2 20 18.3) Oe 24:10 5.9 10:0 
S15 3.3 15.0 20.8 23:6 86 15:0 (24:8. 11.6 25:4 25:6) 15:6> 11:95 7510 5.5 10:2 
-05 0.94 8.5 3 25.2 9.0 24:7" 15:0 15.2 24.2 84 134 202 83 8.8 13.6 


* Pct E = Percent elongation in 1.5 or 2 in. 
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The reduced section of test bars of Mg-Th-Ce-Zr 
alloys were machined to 0.375 in. diam and the 
elongation was measured over 1.5 in. gage length. 
Machining the surface of these alloys is necessary to 
eliminate the zone of grain boundary oxidation that 
occurs during heat treatment. Cerium effects some 
increase in the strength properties in the T5 condi- 
tion, but the increase is accompanied by a drastic 
decrease in ductility, particularly at room tempera- 
ture. In the T6 condition, there is no benefit realized 
from the addition of cerium, in fact at the higher 
temperatures the cerium-containing alloys have 


Fig. 7—Compressive yield 
strength of extruded Mg- 
Th-Zr 
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somewhat lower strength than the corresponding 
Mg-Th-Zr alloys. 

Test bars of Mg-Th-Ce-Zr alloys for creep tests 
were also machined in the reduced section in order 
to eliminate the internally oxidized zone. For these 
tests, however, the bars were machined to a diam- 
eter of 0.450 in. The creep limits obtained from these 
tests are compared with those of Mg+3 pct Th+1 pct 
Zr and Mg-6 pct Th-1 pct Zr alloys in Table VI. In 
some cases where the creep limits of the Mg-Th-Zr 
deviate markedly from the trends established by the 
complete series of alloys, the values given in Table 
VI are those read from the curves instead of the 
actual experimental determinations on the particular 
alloy. In the T5 condition, cerium increases some- 
what the creep limits of Mg-Th-Zr alloys at 400°F, 
particularly those based on total extension, but has 
no significant effect on the corresponding values at 
600°F. In the T6 condition, the creep resistance of 
Mg-Th-Zr alloys is definitely impaired by the addi- 
tion of cerium. At 400°F, this is manifested only in 
the creep limits based on creep extension, which, 
incidently, are the quantities most closely related 
to creep rate. In general, the results presented here 
show that cerium is not a desirable addition to Mg- 
Th-Zr alloys. 


Mechanical Properties of Extruded Alloys 


Properties of the alloys in the extruded state were 
determined on 4% in. diam rods extruded from 3 in. 


Table VI. Creep Limits of Sand-Cast Mg-Th-Ce-Zr Alloys 


100-Hr Creep Limits (1000 psi) 


400°F 500°F 600°F 
Extension Extension Extension 
Acid 
Th Ce Soluble 0.1 Pet 0.2 Pet 0.5 Pet 0.1 Pet 0.2 Pet 0.5 Pet 0.1 Pet 0.2 Pet 0.5 Pet 
Pet Pet Zr, Pct Creep Total Total Creep Total Total Creep Total Total 
T5 Condition 
3.34 94 10.2 7.7% 10.0* 1.9 2.0 2.5 
3,37 1.25 0.97 11.5 8.5 12.4 4.5 4.6 6.9 1.6 1.9 2.7 
2.90 2.20 0.91 12.2 9.0 12.5 4.8 4.9 6.3 1.6 1.8 2.2 
3.15 2.93 0.87 12.8 11.0 13.2 4.5 4.7 7.3 1.4 ioe 2.2 
6.05 i 12.1 9.6 11.8 1.6 2.0 2.4 
T6 Condition 
3.34 0.94 7.0 11.2 14.7 7.5* 6.5* 9.3* 2.9 3.1 3.6 
3.37 1.25 0.97 14.0 13.0 15.0 6.2 6.1 7.8 1.8 2.1 2.7 
2.90 2.20 0.91 15.0 12.0 15.0 5.7 5.7 8.0 rh 2.0 2.5 
3.15 2.93 0.87 14.5 11.0 14.3 5.0 5.2 7.2 1.9 hal 2.8 
6.05 0.94 9.0 oe. 15.5 8.0 vial 10.1 3.0 3.3 4.3 


* These values were read from creep limit vs. pet Th curves in Figs. 3 and 4. 
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and Table VII. Tensile Properties and Compressive Yield Strength of 
tainer on a 500 ton Wattson-Stillman direct-extru- Heat-Treated Conditions at Room Temperature 

sion press. The conditions of extrusion were as fol- 


lows: Acid As-Extruded T4 Condition 
Soluble 
j Th, Zr, Pct 
Billet preheat 925 F (2 to 16 hr) Pet Pct E* TYS CYS’ TS E TYS CYS TS 
Container temperature — 900°F 
Die temperature — 900°F OG Thy ORG whe se 2 5.6 193 5.8 932.7 
. . 0.93 0.82 360 138 132 26 236 73 62 22.0 
Extrusion speed per 1.84 0.82 36.0 14.4 136 27.0 276 78 68 23.1 
: ; es : 3.34 0.94 340 160 158 275 260 85 82 244 
Reduction FAUo 36:1 6.05 0.94 30.0 185 186 293 306 105 11.0 262 
Percent reduction — 97.3 10.30 0.98 224 21.7 23.0 318 26.0 13.4 140 928.2 
19.70 1.01 11.3 272 296 361 120 184 190 2910 


Only the alloy containing 20 pct Th was preheated —s 


: : * Pct E = Percent elongation in 1.5 in. 
for 16 hr; all other alloys were given a 2 hr preheat. CYS = Compressive yield strength in 1000 psi. 


Table VIII. Tensile Properties and Compressive Yield Strength of Extruded Mg-Th-Ce-Zr Alloys 


As-Extruded T5 Condition 
oe Room Temperature Room Temperature 400°F 500°F 600°F 00°F 
Soluble — 
Th, Ce, Zr, Pet Pet Pet Pet Pet Pct 
Pet Pet Pct E* TYS CYS TS E* TYS CYS TS E* TYS TS E* TYS TS E* TYS TS E* TYS TS 
3.34 0.94 34.0 16.0 15.8 27.5 286 18.5 18.6 33.3 34 15.2 19.8 34.0 13.6 17.6 66:7 99-1 12:4 120.0 4.4” 74 
25-0) 16.0 28:6" 21.3) (2016 19.4" 97,0) 32.0 13.8 21.3 67.6 9.5 144 1545 3.8 6.5 
2:90, 2:20 20:6 19:7 19:0 29:4 15.3 22:6 21.6 34:5 23:6 16:3 24:1 28.0) 55.2 9.6 14.0 2060 45 17.4 
$515) 10.87 16:3) 20.6 20:2 30.0) 23:8 21.7 34:2 20:0 17:8 24:6 27.0 15.0 23.0 64.9 9.7 14.8 2065 69 
6.05 94 30.0 18.5 6 24.6 21.5 214 345 31. PAUSE) 31.6 15.2 19.0 ‘9:7 134.0 
T4 Condition T6 Condition 
Room Temperature Room Temperature 400°F 500°F 600°F 00°F 
Pet Pet Pct Pet Pet Pct 
E* TYS CYS TS E* TYS CYS TS E* TYS TS E* TYS TS E* TYS TS E* TYS) ors: 
3.3% 125 0/97 26.6 11.8 11:2) 26:8 2010 14:9 14:6 34.1 27:0 12:8 24:9 29.6 12:2) 23.6 39.6 10.0 1020 7.6 
2.90 2.20 0.91 23.0 13.1 13.2 27.3 17.0 16.4 16.4 340 233 13.4 26.4 23.0 13.5 25.1 44.0 10.6 182 1049 44 7.8 
3.15 2.93 0.87 18.6 14.2 13.9 27.6 12.3 17.8 16.9 346 18.0 13.9 25.5 20.6 13.2 25.0 42.3 10.8 18.6 80.3 5.1 8.6 
6.05 0.94 306 10.5 11.0 26. 713.9" 13.2) 34:7" 11.823 29.3 11.4 21.6 


* Pct E = Percent elongation in 1.5 in. 
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Fig. 10—Electrical conductivity of Mg-Th-Zr alloys at 95°F. 


Tension, compression, and creep tests were performed 
in the same manner as described previously.’ 

The tensile properties of extruded Mg-Th-Zr 
alloys in the T5 and the T6 conditions are shown as 
a function of thorium content in Figs. 5 and 6, re- 
spectively. Extruded Mg-Th-Zr alloys exhibit some 
age hardening when aged either directly from the 
as-extruded condition or after solution heat treat- 
ment (cf. Table VII with Figs. 5 and 6). However, 
the degree of aging is not quite as great in the ex- 
truded alloys as that found in the sand-cast alloys 
of equivalent composition. The most striking feature 
to be observed in these curves is the sharp decrease 
in tensile strength and tensile yield strength of Mg- 
Zr alloy upon the addition of 1 pct Th. Further addi- 
tions of thorium up to 20 pct result in a continuous 
increase of these properties. In contrast to this be- 
havior, the compressive yield strength increases 
regularly with thorium content from 0 to 20 pct 
(Fig. 7). It should also be noted that addition of 
thorium either to magnesium or to Mg-Zr alloys re- 
sults In equivalent tensile and compressive yield 
strengths in the extruded state. The present obser- 
vations lead to the conclusion that thorium produces 
an orientation that is as favorable to plastic defor- 
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Fig. 11—Density of Mg-Th-Zr alloys at 77°F. 


mation under a tensile load as under a compressive 
load, inasmuch as the thorium decreases the tensile 
yield strength to a value equivalent to that of the 
compressive yield strength rather than the converse. 

The ductility of Mg-Th-Zr alloys as measured by 
the elongation in a tensile test goes through a de- 
cided maximum value with increasing thorium con- 
tent. The maximum occurs at a somewhat lower 
thorium content in the T5 condition than in the T6 
condition. However, in both conditions, Mg-Th-Zr 
alloys exhibit an unusually high level of elongation 
over a wide range of thorium content. 

The strength properties of these alloys at elevated 
temperatures increase with increasing thorium con- 
tent from 0 to 20 pet Th. The pronounced decrease 
in strength of the Mg-Zr alloy with increasing tem- 
perature and the relative insensitivity of Mg-Th-Zr 
alloys to temperature eliminate the initial decrease 
in strength observed at room temperature. The pres- 
ence of zirconium in extruded Mg-Th has no signif- 
icant effect either on the room temperature or on 
the elevated temperature static properties of Mg-Th 
alloys.* 

The curves in Figs. 8 and 9 depicting the change 
in creep limits of extruded Mg-Th-Zr alloys with 
thorium content show that the increase in creep re- 
sistance with thorium additions is proportionately 


Table IX. Creep Limits of Extruded Mg-Th-Ce-Zr Alloys 


100-Hr Creep Limits (1000 psi) 


400°F 500°F 600°F 
Extension Extension Extension 
Acid 
Th, Ce, Soluble 0.1 Pet 0.2 Pct 0.5 Pet 0.1 Pct 0.2 Pct 0.5 Pct 0.1 Pct 0.2 Pet 0.5 Pet 
Pet Pct Zr, Pct Creep Total Total Creep Total Total Creep Total Total 
T5 Condition 
3.34 0.9 10.8 10.3 13.4 4.1 4.2 5.1 1.4 tela) abel 
3.37 1.25 0.97 13.2 11.0 14.1 4.4 4.6 6.4 1.6 1.6 1.8 
2.90 2.20 0.91 14.0 aa ss 14.8 3.9 4.1 6.0 1.0 1.2 ieee 
3.15 2.93 0.87 13.6 sates 14.2 3.5 3.7 4.4 1.2 1.3 1.6 
6.05 0.9 2 10.7 14.1 4.1 4.2 6.0 1.8 1.9 De) 
5.8 5.3 9.0 1.3 1.8 2.6 
1.25 0.97 14.2 10.5 13.0 6.6 6.4 7.6 ies} 
2.90 2.20 0.91 14.0 115 14.0 6.2 6.2 eid 1.5 1.6 2.0 
3.15 2.93 0.87 14.0 10.0 13.5 5.1 5.3 6.9 1.6 1.8 23 
6.05 0.94 13.0 10.0 0 8.0 7.6 9.4 1.9 2.0 2.6 
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greater at 400° and 500°F than at 600°F. The T5 
condition shows some advantage over the T6 condi- 
tion at 400°F particularly in the lower thorium con- 
tents. At 500°F, however, the T6 condition is de- 
cidedly superior to the T5 condition but not to the 
extent that was observed in binary Mg-Th alloys.’ 
The results of the tests at 600°F show that the T5 
and T6 conditions are equivalent in creep resistance. 


Fig. 12—Structure of sand-cast Mg-19.70 pct Th-1.01 pct Zr in 

the as-cast condition. Glycol etchant. a (top)—General structure. 

X100. b (center)—Eutectic and compound particles. X500. c (bot- 
tom)—Lamellar structure of eutectic. X2000. 
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This is contrary to previous findings on Mg-Th alloys" 
and on Mg-mischmetal-Mn alloys,” in which the 
creep resistance at 600°F in the T5 condition is 
markedly lower than that in the T6 condition. 

As for the effect of zirconium on the creep resist- 
ance of Mg-Th alloys, the most significant changes 
to be observed are the marked increases in creep 
limits at 500° and 600°F in the T5 condition, al- 
though some improvement is realized also in the T6 
condition at 400° and 500°F. There obviously re- 
mains a great deal of work of a fundamental nature 
to be done in order to arrive at a better under- 
standing of the effect of the various alloying ele- 
ments on the elevated-temperature creep resistance 
of magnesium alloys. 

Some improvement in strength of extruded Mg- 
Th-Zr is obtained from the addition of pure cerium 
(Table VIII). However, the increases are relatively 
small and are realized, for the most part, at room 
temperature. The effect of cerium on the creep re- 
sistance of these alloys is even less significant (Table 
IX). The most significant change occurs at 500°F 
where cerium exerts a definitely detrimental effect 
on the creep limits, particularly in the T6 condition. 

Sauerwald’® does not present any data on either 
Mg-Th-Zr or Mg-Th-Ce-Zr alloys that can be com- 
pared directly with the present results. Somewhat 
higher creep resistance is indicated by Sauerwald’s 
data on a Mg-Th-Ce-Zr alloy than that obtained on 
the corresponding composition in this investigation. 
However, although it is not specifically stated by 
Sauerwald, it is believed that his alloy contained 
mischmetal instead of pure cerium as was used in 
our alloys. Furthermore, the alloy was tested by 
Sauerwald in the as-extruded condition, whereas 
the present results were obtained in the aged or in 
the heat-treated plus aged condition. 


Physical Properties 

Electrical conductivity and density measurements 
were conducted in the same manner as described 
earlier. Addition of zirconium lowers the conduc- 
tivity of Mg-Th alloys (Fig. 10) significantly (see 
ref. 1 for comparison). In the composition range 
where most of the thorium is present as an inter- 
metallic compound, the conductivity decreases lin- 
early with increasing volume pct thorium (Fig. 10). 
These data indicate somewhat different solubility 
relationships than those found in the binary Mg-Th 
alloys. The maximum solid solubility as shown by 
the conductivity curves for the heat-treated condi- 
tion indicates a somewhat lower maximum solu- 
bility of thorium in the Mg-Zr than in magnesium 
whereas the curves obtained after aging at 700°F 
lead to a greater solubility at that temperature than 
obtained in the binary alloys. Considerably more 
work is needed to establish solubility and phase re- 
lationships in these alloy systems. 

The change in density of Mg-Th-Zr alloys as a 
function of thorium content is given in Fig. 11. No 
significant difference exists between the density of 
sand-cast and extruded alloys. 


Metallography 

A few micrographs are presented to illustrate the 
nature of the microstructure of Mg-Th-Zr and Mg- 
Th-Ce-Zr alloys. The fine-grain nature of the struc- 
ture of sand-cast Mg-Th-Zr is clearly shown by the 
micrographs at 100 magnification (Figs. 12a and 13a, 
b, and c). The grain boundaries are well delineated 
by the eutectic or the free intermetallic compound 
resulting from divorcement of the eutectic. The pres- 
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10.30 Th-0.98 pct Zr. 


c—Mg-3.34 Th- 0. 94 pct 


Fig. 13—Structure of sand-cast Mg- Th- nat alloys in as-cast condition. Glycol etchant. X100. 


a—Mg- 19.70 pct Th- 
1.01 pet Zr. X100. 


c—Mg- 10.30 pct Th- 
0.98 pct Zr. X100. 


b—Mg- 19.70 pct Th- 
1.01 pet Zr. X500. 


d—Mg-6.05 pct Th- 
0.94 pet Zr. X100. 


Fig. 14—Structure of sand-cast Mg-Th-Zr alloys in the T6 condition. Glycol Stchant 


ence of both eutectic and compound is shown for the 
Mg-20 pct Th-1 pct Zr alloy in Fig. 12b. The fine 
eutectic has the same lamellar structure (Fig. 12c) 
that was noted in binary Mg-Th alloys.’ The de- 
creasing amount of compound and eutectic with 
decreasing thorium content is shown by the series 
of micrographs in Fig. 13, where the structures of 
alloys containing 10, 6 and 3 pct Th are illustrated. 
Small amounts of eutectic were also observed in 
alloys containing 2 and 1,pct Th. 

The structures in Fig. 14 show that heat treatment 
effects considerable solution of compound and the 
remaining undissolved compound is well coalesced. 
Two distinct compounds are present in the Mg-20 pct 
Th-1 pct Zr alloy (Fig. 14b), as has been observed 
in binary Mg-Th alloys containing 20 pct Th or 
more.’ The amount of undissolved compound de- 
creases rapidly with thorium content (Figs. 14c and 
d). Structures of alloys containing less than 6 pct 
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Th are not shown, but they were found to contain 
only traces of undissolved compound. 

Addition of cerium markedly increases the amount 
of intermetallic compound in Mg-3 pct Th-1 pct Zr 
alloy (Fig. 15) as would be expected from the rela- 
tively low solid solubility of cerium in magnesium. 
Another distinguishing feature of the structure of 
the cerium-containing alloys is the high degree of 
divorcement of the eutectic in alloys containing 2 
and 3 pct Ce. This structure is typical of magnesium 
alloys containing mixtures of rare-earth metals;” 
combining thorium with cerium apparently has the 
same effect. The large increase in compound result- 
ing from cerium additions is more clearly illustrated 
by the structures of the T6 condition (Fig. 16) where 
the pronounced increase in the amount of undissolved 
compound is apparent; it was pointed out above that 
the Mg-3 pct Th-1 pct Zr contains only traces of 
undissolved compound after heat treatment. The 
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Fig. 15—Structure of sand-cast Mg-Th-Ce-Zr alloys in the as-cast condition. Glycol etchant. X100. 
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a—Mg-3.37 pct 


h-1.25 pct Ce-0.97 pct Zr. b—Mg-2.90 pct Th-2.20 pct Ce-0.91 pct Zr. 


Fig. 16—-Structure of sand-cast Mg-Th-Ce-Zr alloys in the T6 condition. Glycol etchant. X100. 


cerium-containing alloys also develop considerably 
more fine precipitate in the center of the grains upon 
heat treatment than is observed in Mg-Th-Zr alloys, 
in fact in the latter it is hardly detectable, partic- 
ularly in alloys containing more than 3 pct Th. This 
precipitate has been demonstrated by Nelson and 
Strieter** to form in Mg-mischmetal-Zr alloys and 
evidence has been presented by Mellor® showing 
that it consists principally of zirconium-hydride and 
some metallic zirconium. 
Summary 
The results of this investigation show that the 
addition of zirconium to sand-cast Mg-Th alloys con- 
tributes an unusual combination of desirable prop- 
erties. As in many magnesium alloy systems, zir- 
conium markedly reduces the grain size of Mg-Th 
alloys; in fact, the characteristic, coarse columnar 
structure of the binary alloys is changed to one con- 
sisting of fine equiaxed grains of 0.001 to 0.002 in. 
diam. 
The decrease in grain size is accompanied by a 
- significant increase in mechanical properties over 
the entire range of thorium content investigated. The 
beneficial effect of zirconium on the strength prop- 
erties is maintained at elevated temperatures up to 
700°F. Furthermore, zirconium increases the creep 
resistance of Mg-Th alloys at 400° and 500°F, where- 
as it produces little, if any, change on the creep re- 
sistance at 600°F. The result of these effects is that 
sand-cast Mg-Th-Zr alloys are the only magnesium 
alloys found to date having the desirable combina- 
tion of fine grain size and good creep resistance at 
temperatures up to 600°F. The optimum thorium 
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content appears to be 3 pct; more work is required 
to establish the preferred amount of zirconium. 

The addition of zirconium does not produce any 
great improvement in either the strength or creep 
characteristics of extruded Mg-Th alloys. The most 
striking feature of extruded Mg-Th-Zr alloys is the 
equivalence in the creep resistance at 600°F in the 
T5 and T6 conditions. 

Cerium is not a desirable addition to Mg-Th-Zr 
alloys. 
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Optical Temperature Scale and Emissivities 


Of Liquid lron-Copper-Nickel Alloys 


by David B. Smith and John Chipman 


at HIS investigation was undertaken as a prerequi- 
site to the study of sulphur activities in the 
liquid system Fe-Cu-Ni, a continuation of the work 
of Sherman, Elvander, and Chipman,* using the same 
equipment and the same experimental technique. 

Temperature measurements are made with a dis- 
appearing filament optical pyrometer, sighting 
through a prism onto the surface of the melt which 
is heated by induction. To obtain true temperatures 
by this means, a calibration is necessary, since, in the 
absence of true black-body conditions, the observed 
temperature is always lower than the true tempera- 
ture. This calibration is actually an emissivity cor- 
rection, since the emissivity is a function of both 
temperature and melt composition. 

The original furnace was used with a deeper metal 
bath to provide sufficient depth of immersion for the 
thermocouple which was inserted through the 
sampling hole. The atmosphere was a 50-50 mixture 
or argon and hydrogen passing through the furnace 
at a rate of 1000 ml per min, and preheated by 
means of a molybdenum resistance coil. It was 
assumed that the rapid gas flow effectively elimi- 
nated any error which might have resulted from 
the presence of metallic vapor. The charge in each 
case consisted of about 300 g of metal, contained in 
a high purity, dense alumina crucible. 

At each melt composition, readings of the optical 
pyrometer and of a thermocouple immersed in the 
molten metal were taken simultaneously. Calibra- 
tion curves of optical vs. true temperature were then 
made for each melt composition investigated. 

Thermocouples were made of 0.010 in. platinum 
and platinum-10 pct rhodium. They were checked 
against the melting point of chemically pure copper. 
Silica protection tubes with an outer diameter of ap- 
proximately ¥% in. were used. The depth of immer- 
sion of the tip in the molten metal was approxi- 
mately 1% in. The life of these small thermocouples 
was relatively short, varying from approximately 1 
min at 1550°C to 10 min or longer at 1300°C. Melts 
containing iron corroded the protection tubes more 
than those without iron present. 

Measurements taken while heating checked those 
taken while cooling, indicating the absence of a tem- 
perature gradient between the molten metal and 
the thermocouple. 

Results 

The temperature range of the measurements on 
copper-free metals extended from the melting point 
to 1600°C. For copper the upper limit was 1380°C, 
and the data were extrapolated linearly for com- 
parison with observations on the other metals and 
alloys at 1535°C. 

Examples of typical calibration curves for various 
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Fig. 1—Optical ys. true temperatures for typical compositions. 


melt compositions are shown in Fig. 1. These curves, 
besides providing a calibration system for the given 
experimental conditions, also give a basis for the 
calculation of true emissivities at the effective wave- 
length of the pyrometer, 0.65 micron. 

The starting point of the calculations is the value 
of the emissivity of iron at its melting point. Taking 
the melting point of electrolytic iron under hydrogen 
as 1535°C, and using the corresponding emissivity 
value of 0.43, as determined by Dastur and Gokcen,” 
the emissivities can be determined as functions of 
composition (and temperature, if desired). 

The relationship used is the Wien equation: 


Cs ( 1 ) 

N 

where E is the emissivity; a, the transmissivity of 
the optical system; C., the fundamental constant, 
14,380 micron-degrees; X, the wave length of light 
used (0.65 micron); T;, the true temperature, °K; 
and T,, the apparent temperature, °K. 

At the melting point of iron the observed tem- 
perature was 1358°; this gives 0.62 for the trans- 
missivity, which compares with 0.65 in the similar 
system used by Dastur and Gokcen. The emissivities 
of all the compositions investigated were determined 


at 1535°C, after obtaining from each calibration 
curve the corresponding temperature. These results 
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are listed in Table I and shown graphically in Figs. 
2 to 9. 
Discussion of Results 

Roeser and Wensel’ listed the following emissivity 
values for molten metals: Cu, 0.15; Fe, 0.37; and Ni, 
0.37. Our results, like those of Dastur and Gokcen 
are somewhat higher. We have used their datum for 
iron as the basis for computation so as to have a 
consistent set of values for the ternary system. If 
this datum is in error, our results will require pro- 
portional correction. A part of the difference may 
be due to the fact that in each case a gas preheater 
was used (in order to duplicate conditions to be used 
in later work). However, the effect of the preheater 


Table |. Apparent Temperatures and Emissivities of Liquid Metals 
at 1535°C. (Wavelength, 0.65 micron) 


Composition 
Wt Pct Apparent 
Temperature, Emissivity 

Cu Fe Ni °C. E 
100 1267 0.19 
75 25 1329 0.34 
60 40 1343 0.38 
54 46 1355 0.42 
52 48 1352 0.41 
45 15) 1355 0.42 
25 75 1364 0.45 
22 78 1368 0.47 
100 1358 0.43 
100 1363 0.45 
50 50 1360 0.44 
50 50 1352 0.41 
75 25 1330 0.34 
25 75 1365 0.46 
33.33 33.33 33.33 1365 0.46 
68 16 1347 0.39 
64.5 17.75 17.75 1349 0.40 
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Fig. 6—Lines of constant emissivity at 1535°C. 


on optical readings was not great enough to account 
for more than a small part of this difference. 

The data are shown in the form of a ternary plot 
in Fig. 6. In view of the simplicity of the Fe-Ni plot, 
and the similarity of the other three curves, the lines 
of the ternary are readily constructed. 

In each of the binary systems containing copper, a 
maximum emissivity is found at about 20 to 30 pct 
Cu. The maximum deviation from the simple law 
of mixtures is found at about 50 to 60 pct Cu. It 
seems possible that this is due to the electronic effect 
discussed by Mott* on the basis of the work of 
Lowery, Bor, and Wilkinson.® This work showed a 
maximum absorbtion cocfficient in solid Cu-Ni solu- 
tions at roughly the same percentage of copper as 
the maximum in emissivity found in this investiga- 
tion. 
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Transformation in Cobalt-Nickel Alloys 


by-J. .B. Hess and C.-S, Barrett 


O reach equilibrium between different phases in 

cobalt-rich alloys requires prohibitively long 
annealing times when temperatures are below about 
700°C. The fact that a transformation from face- 
centered cubic to close-packed hexagonal readily 
takes place at temperatures below this in the co- 
balt-rich solid solutions is not an indication that 
thermally activated processes occur at an appreci- 
able rate, for the transformation is well established 
as martensitic in nature. Wide divergence between 
heating and cooling experiments and high sensitivity 
to prior heat treatment make it difficult to judge 
temperatures of equilibrium between the phases.** 
One object of the present work was to see if the 
information on the relative stability of phases could 
be gained by substituting plastic deformation for 
thermal agitation. Procedures were worked out 
that led to the determination of a diffusionless type 
of phase diagram, which represents the temperature 
of equal stability for phases of the same composi- 
tion, and the technique was applied to the Co-Ni 
system. Another object of the work was to see 
whether or not deformation would generate fre- 
quent stacking faults when these were thin lamellae 
of a phase having higher free energy than the parent 
phase. 

The alloys were prepared in 80 to 100 g melts 
from cobalt (with metallic impurities estimated 
spectrochemically as follows: Ni, 0.05 pct; Fe, 0.001 
pet; Mg, Si, Cu, Cr, Al, < 0.001 pet) and Mond Car- 
bonyl nickel (with Fe, 0.05 pct; Si, 0.003 pct; C, 0.61 
pet; Cu, 0.001 pet; Co, Cr not detected, < 0.01 pct). 
The metals were melted in pure Al,O, crucibles. An 
atmosphere of argon, that had been purified by pass- 
ing over hot magnesium chips, was used for the 
alloys that, by analysis of the portions of the ingots 
actually used, were found to contain 15.3, 25.7, and 
35.0 pct Ni, and vacuum melting (after degassing) 
was used for those containing 29.4 and 31.5 pct Ni. 
After induction melting the alloys were allowed to 
solidify in the crucible, and slices % in. thick x % 
in. in diam were annealed 12 hr at 1350°C for 
homogenization. These same specimens were used 
throughout the series of experiments, with anneal- 
ing treatments of 4 hr at 900°C in purified hydro- 
gen followed by furnace cooling, alternating with 
the deformation and X-ray tests discussed below. 

Results 

Spontaneous transformation was observed on cool- 
ing to room temperature in all alloys containing 29.4 
pct Ni or less and by cooling the 31.5 pct alloy to 
—195°C but was not observed in the 35 pct alloys 
after cooling to —195°C. These results are in satis- 
factory agreement with the cooling experiments of 
Masimoto.* 

From these data it is clear that the temperature 
of beginning transformation M,, drops to 20°C with 
the addition of about 30 pct Ni. The test for spon- 
taneous transformation was metallographic. Speci- 
mens were thermally polished by annealing 10 hr 
in hydrogen at 1350°C, then furnace cooled; if trans- 
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formation had occurred there were relief effects 
visible on the thermally polished surfaces. These 
markings were narrow straight lines, usually re- 
solvable at high magnification as clusters of fine 
lines that resembled slip lines. It was concluded 
that they resulted from displacements on {111} 
planes, for the number of directions in individual 
grains often reached but never exceeded four, and 
lines could always be found parallel to the thermally 
etched {111} boundaries of annealing twins. The 
markings were thus consistent with the idea that 
the transformation occurs by (111) plane displace- 
ments (Shockley partial dislocations moving on 
(111) planes). This was further confirmed by X-ray 
tests for stacking disorders. Using an oscillating 
crystal technique previously employed to detect 
strain-induced faulting in Cu-Si alloys,° streaks in- 
dicative of the stacking faults were looked for and 
found on X-ray films of the spontaneously trans- 
formed 25.7 pct Ni alloys, as expected by analogy 
with Edwards and Lipson’s results on pure cobalt.’ 
The streaks were much intensified after rolling at 
room temperature. 

Transformation induced by plastic strain was in- 
vestigated as a function of alloy composition and 
temperature of deformation. A series of tests was 
made to determine suitable straining and X-raying 
techniques. Filing was found inferior to abrasion in 
converting cubic samples to hexagonal, and abra- 
sion was less effective than peening in producing 
smooth unspotty Debye rings in the X-ray patterns. 
Because the diffraction lines were broad, Geiger- 
counter spectrometer records of filings were less 
sensitive in revealing small amounts of transformed 
material than X-ray patterns recorded on films in 
a small diameter camera. After these exploratory 
tests the following methods were adopted. Speci- 
mens that had been annealed at least 4 hr at 900°C 
and furnace cooled were mounted in a block of 
aluminum, brought to temperature, and peened 
thoroughly with a mullite pestle preheated to 
the same temperature. The specimens were then 
quenched to room temperature. In peening, a circu- 
lar area of 3s in. diam was given 500 blows. A few 
control tests showed that an additional 1000 blows 
did not detectably change the proportions of the 
phases present. 

The amount of transformation was judged by X- 
ray reflection patterns from the peened surface, 
using the innermost four lines of the cubic and the 
hexagonal patterns with filtered CoKa radiation, 
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in an oscillating crystal camera operating at room 
temperature. The Debye rings obtained after this 
treatment were invariably smooth and free from 
spottiness, indicating thorough cold working of the 
grains. 

The results are presented in Fig. 1, where a curve 
is drawn through the data. Specimens in the an- 
nealed state that were worked at temperatures be- 
low this curve invariably contained at least a trace 
of hexagonal material that was produced by the 
straining; the curve thus gives temperatures that 
are often referred to as M, temperatures, and can 
be called the M, curve. The amount of the hexagonal 
increased as the working temperature was lowered 
10° to 25°C below the curve and increased further 
at lower working temperatures. However, complete 
strain transformation to hexagonal was never found, 
even when pure cobalt was peened at a temperature 
more than 400°C below M,. 

The method of X-raying at room temperature 
after deforming at elevated temperatures could be 
used to establish M, temperatures because of the 
fact that working tended to stabilize the samples 
against spontaneous transformation on subsequent 
cooling. Cobalt and the 15.3 pct Ni alloy could not 
be cooled to room temperature without some hexa- 
gonal forming even when previously peened above 
M,, so it was necessary to compare this irreducible 
amount of hexagonal with the increasing amounts 
that were obtained by working at lower tempera- 
tures; for alloys of higher nickel content, however, 
peening above M, fully suppressed the transforma- 
tion on subsequent cooling to room temperature. 

In addition to finding this stabilizing effect of 
cold work on spontaneous transformation, an ana- 
logous inhibiting effect was found for the strain- 
induced transformation from cubic to hexagonal. 
For example, some specimens that had been worked 
above M, showed no hexagonal lines after additional 
peening at temperatures as much as 60° below M,. 
It was because of this effect that the M, curve was 
established with alloys that had been annealed prior 
to each hot working experiment. 

The reverse transformation was studied by first 
peening at a low temperature to form a large amount 
of hexagonal material, X-raying, then peening at 
higher temperature, and again X-raying. The second 
peening (with no intermediate annealing) caused 
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reversion of some of the hexagonal to cubic when- 
ever the temperature of the second deformation was 
sufficiently high. 

Fig. 2 shows the minimum deformation tempera- 
ture for this reversion to begin. The curve is 
bracketed in a temperature interval of about +12°C, 
and by comparison with Fig. 1 it will be seen that 
within this range of accuracy the curve of Fig. 2 
coincides with the curve of Fig. 1. Thus plastic flow 
in annealed samples below M, produces the hexa- 
gonal phase, in limited amount, from the cubic, and 
plastic flow above M, begins the reversion of this 
hexagonal to cubic. Raising the deformation tem- 
perature increases the extent of reversion from 
hexagonal to cubic until complete reversion is ac- 
complished. The temperature at which complete 
reversion is possible in each alloy was not accurately 
determined—it may, in fact, depend strongly on the 
amount of deformation—but appeared to lie in the 
range 10° to 60° above M, with the technique em- 
ployed here. 

The M, temperature for pure cobalt was de- 
termined in the present tests as lying between 412° 
and 427°C and strain reversion to cubic was detected 
at 421°C in a sample previously cold worked at room 
temperature, these temperatures having an un- 
certainty of + 2°. From these data it is concluded 
that the transformation point for cobalt when being 
plastically deformed is between 412° and 421°C and 
may be taken as 417° + 7°C. Previously published 
results indicate that the equilibrium temperature 
for the two phases is above 388°C, the M, tempera- 
ture in large grained cobalt,- and below the tem- 
perature for the transformation on heating, which is 
often reported to be 440° to 450°C; the equilibrium 
temperature has been estimated by some investi- 
gators to lie in the range 420° to 430°C.“ 


Discussion 

Reversion to the cubic structure can occur merely 
by the reverse movement of the same partial dis- 
locations that brought about conversion to the hexa- 
gonal, or equivalently, by passage of one additional 
partial dislocation (or an odd number of them) on 
alternate basal planes. Or if some rotary dislocation 
movement is involved, as has been suggested for 
twinning,’ the reversion and conversion processes 
also would involve reverse directions of motion. In 
both phases the planes traversed by the transforma- 
tion dislocations are slip planes. From considera- 
tion of these facts and also of the marked similarity 
of the two phases and the low energy required to 
create a coherent interface between them, it seems 
probable that the activation energies that must be 
overcome in the conversion and reversion processes 
are equal at the temperature for which the free 
energies of the cubic and hexagonal phases are 
equal. At higher temperatures the barrier that has 
to be surmounted by a cubic-to-hexagonal disloca- 
tion movement should be greater than the barrier 
for reversion, hence any stresses capable of initiat- 
ing the cubic-to-hexagonal movement should be 
more than enough to surmount the barrier for re- 
turn to cubic. At lower temperatures the situation 
is reversed. In the absence of disturbing factors, 
this interpretation means that the temperature at 
which the two phases have equal free energies lies 
between the temperatures of beginning strain-in- 
duced conversion and beginning strain-induced re- 
version, temperatures that are indicated by the 
curves of Figs. 1 and 2, respectively, for Co-Ni al- 
loys, and that to an accuracy of about + 12°, the M, 
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curve can be taken as the curve for equal free 
energy of the two phases as they exist in the sample 
at the beginning of conversion and reversion. The 
two phases have the same composition, of course, 
since the transformations are diffusionless. The 
assumption that disturbing factors are absent re- 
quires discussion. Actually, the alloys used for tests 
of reversion to cubic had previously been heavily 
cold worked and, on the other hand, those used for 
conversion to hexagonal had been annealed. It might 
be imagined, therefore, that the reversion process 
was more subject to hindrance from dislocations and 
lattice distortions than the conversion process. 
Nevertheless, the fact that reversion began at very 
nearly the same temperature as conversion did, and 
not at a definitely higher temperature, suggests that 
this factor was unimportant in the present tests. 

A striking fact that requires explanation is that 
plastic flow at any temperature never converted all 
cubic metal to hexagonal, whereas flow at tempera- 
tures somewhat above M, but still below recrystal- 
lization temperatures reverted all hexagonal metal 
to cubic (insofar as can be judged from the films of 
the higher nickel alloys). This unsymmetrical be- 
havior may be accounted for on the basis of relative 
rates of strain hardening of the two phases. If it is 
assumed that the cubic phase strain hardens more 
rapidly than the hexagonal, it would follow that 
flow below M, would concentrate to an increasing 
degree in the hexagonal as straining proceeded, and 
would consequently become progressively less ef- 
fective in converting the remaining cubic metal. At 
temperatures above M,, a similar concentration of 
flow in the lesser hardening hexagonal phase carries 
the transformation of this phase to completion. That 
the cubic phase strain hardens more rapidly than 
the hexagonal would be expected from the well- 
known tensile stress-strain curves for single crys- 
tals of face-centered cubic metals slipping on inter- 
secting planes as compared with the curves for 
close-packed hexagonal metals slipping only on the 
basal plane. 

The effect of prior plastic flow above M, in inhibit- 
ing both spontaneous and strain-induced trans- 
formations to the hexagonal phase is understandable 
in terms of interference to the movement of partial 
dislocations. In annealed metal there is microscopic 
evidence that the hexagonal plates have diameters 
that are comparable with the diameters of the cubic 
grains. The partial dislocations must therefore 
travel large distances without encountering effec- 
tive barriers. In the worked metal, however, they 
must encounter frequent barriers in the form of in- 
tersecting dislocations and opposing microstresses. 

One object of the present work was to determine 
whether appreciable numbers of stacking faults can 
be introduced into face-centered cubic metal when 
it is deformed at a temperature where it is more 
stable than close-packed hexagonal metal of the 
same composition. Accordingly the attempt was 
made to detect faults in Co-Ni samples lightly de- 
formed at various temperatures. ‘The experimental 
technique was that used previously for fault detec- 
tion in polycrystalline Cu-Si alloys,’ a search for 
non-Laue streaks in oscillating crystal X-ray dif- 
fraction patterns of lightly deformed samples. In 
the alloy with 31.5 pct Ni, the fault streaks were de- 
tected after 0.5 pct reduction by rolling at room tem- 
perature and after deformation at liquid nitrogen 
temperature, but were not found after various de- 
formation tests at 43°C in this alloy nor after room 
temperature deformation in the 35.0 pct alloy. 
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Although the accuracy of the test is not high, the 
results indicate that a temperature very near M, is 
the highest temperature at which deformation 
produces large amounts of faulting, and therefore 
that strain cannot induce much faulted material 
when the cubic phase is more stable than the hexa- 
gonal. The stability referred to here is stability 
during mechanical flow, but the reasoning presented 
earlier suggests that it also applies to the free energy 
of the phases; in other words, it appears that for 
the most part half-dislocations cannot dissociate and 
separate widely, creating a faulted region between 
them which is a thin layer of hexagonal structure, 
if this structure is of appreciably higher free energy 
than the parent cubic structure. 


Summary 

A curve was determined showing the tempera- 
tures at which deformation begins to transform the 
cubic phase to the hexagonal phase in cobalt-rich 
Co-Ni alloys. A similar curve was determined for 
the strain-induced reverse transformation in the 
same alloys. The two curves agreed within experi- 
mental error and thus determine a curve of equal 
stability, which is also judged to be the curve giving 
equal free energy for the phases when they have the 
same composition. Stacking faults were detected 
after deformation at temperatures below this curve 
and not at temperatures definitely above it. The 
transformation temperature for strain-induced 
transformation in cobalt of 99.95 pct purity is 417° 
Cs 
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Effect of Prior Strain at Low Temperatures 


On the Properties of Some Close-Packed Metals 


At Room Temperature 


by W. C. Ellis and E. S. Greiner 


7 HEN metallic materials are deformed plas- 
tically, the process may be considered as one 
in which hardening and recovery occur simul- 
taneously. The net hardening is that produced by 
deformation in the absence of recovery lessened by 
recovery during and immediately following de- 
formation. Strain hardening takes place through 
movements of large groups of atoms acting to a 
degree as an entity. A complex microstress system 
is developed. Recovery is a diffusive-type process 
involving single atoms or, at most, only a few atoms 
in concerted action. This is accompanied by elastic 
strain relaxation. Recovery is strongly temperature- 
dependent. The driving energy for the process re- 
sides in thermal fluctuations of the atoms augmented 
by the energy of the stress field producing the de- 
formation, and by that produced by the deformation. 
At very low temperatures recovery is essentially 
absent, or very small. At high temperatures in the 
hot working range, recovery is so rapid that de- 
formation results in no appreciable net hardening. 
The interplay of strain-hardening and recovery 
results in differing end structures depending on the 
temperature and the strain rate of the process. For 
example, there is a prominent difference in the 
spacing of the slip markings and in the detail of 
X-ray diffraction patterns. High temperatures and 
slow strain rates favor a wide spacing of slip mark- 
ings and shaip reflections..* This suggests that 
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change in rate of the recovery concurrent with de- 
formation modifies to a degree the manner of the 
deformation. Different slip systems may operate. 
For very slow rates, the mechanism may, as has 
been suggested, differ from that of “classical slip.” 
In the experimental work that follows the findings 
will be interpreted from the point of view developed 
in this section. 


Recovery and Electrical Conductivity 


Electrical conductivity is a sensitive indicator of 
the state of strain in a material* * and was used in 
this investigation. The materials studied in wire 
form were: OFHC copper, a high purity (99.99 pct) 
and 2S grade aluminum, and grade A nickel. Wire 
annealed and initially 0.050 in. in diam was drawn 
through diamond dies in a simple holder maintained 
at 25°, —75°, or —195°C. Precautions were taken 
that for each material all conditions of drawing 
were the same except the temperature. Electrical 
resistivity was measured for each condition at 20°C. 
This was done as soon as practical after drawing to 
minimize possible room temperature recovery. 

The data for the four materials are plotted in Fig. 
1 in terms of the change in resistivity for drawing 
at the several temperatures. The effect of tempera- 
ture of drawing on the increase in resistivity is most 
pronounced for copper. Drawing at 25°C to 80 pct 
reduction in area increases the resistivity approxi- 
mately 2 pct; drawing at —195°C to the same reduc- 
tion increases the resistivity about 6 pct. The in- 
crease in resistivity® * in this metal is due to extra 
scattering of conduction electrons originating in the 
lack of orderly arrangement of the atoms induced 
by the deformation process. It has been suggested 
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Fig. 1—Effect of temperature of draw- 
ing on resistivity at 20°C. 


more specifically that the increased resistance is due 
to an elastic distortion produced by dislocations in- 
troduced by cold work.”* Furthermore, it is reason- 
ably certain that the resistivity measured is for the 
state after drawing—that there has been, at most, 
only an inappreciably small recovery at room tem- 
perature after drawing and prior to the measure- 
ment. 

The effect of drawing for the two grades of alu- 
minum is similar to that for copper, but of less 
intensity. Recovery at room temperature may have 
occurred to a degree in both purities of aluminum 
prior to measurement and quite probably did in the 
aluminum of the higher purity. This may be the 
chief reason for the difference in the observed re- 
sistivity increases for the two grades of aluminum. 

For nickel erratic values were obtained, and no 
sustained difference in trend in resistivity change 
was found for drawing at 25° and —195°C. In nickel, 
a transition element, two factors contribute to elec- 
trical resistivity: scattering by the lattice, and to the 
d-band. The latter is the more important and for it, 
the effects of deformation, if any, have not been 
developed in adequate detail to be useful here. 


Effect of Prior Strain at Low Temperatures on 
Strength Properties 

The resistivity studies were supplemented by in- 
vestigation of the effect on the strength properties 
of drawing wire and rolling sheet at low tempera- 
tures. The flow stress and other strength properties 
were measured in all cases at room temperature 
(approximately 25°C). Low temperature drawing 
increases the flow stress for a given strain as illu- 
strated for copper in Fig. 2. Additional data for 
aluminum and nickel, supporting the same observa- 
tion, are shown in Table I and in Fig. 3. The strength 
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Table |. Effect of Drawing at Low Temperature on Flow Stress 
and Strength at Room Temperature 


Flow 
Tempera- Stress, Psi Ultimate 
ture at 0.005 Tensile 
Pct Re- of Draw, Natural Strength, 
Metal duction °C Strain Psi 

Copper 51 25 52,000 55,000 
—195 59,500 67,000 
High purity 16 25 13,800 14,900 
aluminum —195 17,000 16,000 
2S aluminum 47 25 24,000 25,500 
—195 27,400 27,600 
A-nickel 52 25 105,000 124,000 
—195 125,000 148,000 


properties of nickel are enhanced by low tempera- 
ture drawing whereas, as was discussed earlier, the 
temperature of drawing had little effect on the in- 
crease in resistivity. Others have observed an in- 
crease in flow stress in tensile tests on aluminum” 
and for cold-worked austenitic stainless steel.* The 
former was for tests made after prior strain in a 
tensile test at low temperature; for the austenitic 
stainless steels the strength increase is contributed 
to by a transformation induced by strain at the low 
temperature. 

Rolling at low temperatures, as well as drawing, 
enhances the strength properties of metals at room 
temperatures. This is illustrated in Table II giving 
data for a number of common materials, some of 
which are alloys, processed at —195° and at 25°C. 
The large effects are in ultimate tensile strength, 
yield strength, ductility, and hardness—the plastic 
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Fig. 2— Flow stress 
curves for copper at 
room temperature — 
prior strain, 51 pct 
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Table Il. Effect of Rolling Temperature on Strength Properties of Some Metallic Materials 


Reduction Ultimate Yield Yield 
in Thick- Rolling Tensile Strength, Strength, Modulus of 
ness by Temperature, Strength, P-Limit, 0.01 Pct Set, 0.2 Pct Set, Elasticity, Elongation, Rockwell 
Material Rolling, Pot °C Psi Psi Psi Psi Psix10- Pectin2In. Hardness 
28 Al (6)* 37.5 25 17,000 8,200 9,800 16,200 7.9 6.0 53.3 IST 
2S Al (6) 37.5 —195 18,700 9,200 11,200 18,300 8.9 2.3 57.7 J scale 
Copper (6) 37.5 25 47,400 29,500 33,800 46,200 14.5 4.0 53.6 | “B” 
Copper (6) 37.5 —195 54,600 33,700- 39,100 53,800 14.3 2.1 60.0 seale 
“A” brass (6) 49 25 84,000 32,300 40,000 73,600 13.1 5.1 88.3 | “B” 
“A” brass (6) 49 —195 96,100 33,700 45,800 82,000 12.7 1.8 92.4 | scale 
A” phos, bronze (6) 23.4 25 81,800 46,100 55,300 76,600 14.6 6.9 88.9 | “B” 
“A” phos, bronze (6) 23.4 —195 93,500 48,700 56,200 87,200 16.5 3.5 93.0 J scale 
“B” Ni Ag (6) 37.5 25 100,900 46,300 60,200 97,400 19.0 2.6 96.1 | “B” 
“BY Ni Ag (6) 37.5 —195 109,400 43.700 62,700 105,600 18.3 1.9 97.7 seale 
* Number of samples tested. 


properties. There is no large effect on the propor- 
tional limit or on the modulus of elasticity, both of 
which are elastic properties. 


Discussion of Results 

The authors attribute the increase in resistivity 
and fiow stress for a given strain after low tempera- 
ture deformation to a smaller contribution from 
simultaneous recovery as the temperature of de- 
formation is lowered. Recovery is reasonably to be 
eonsidered highly temperature-dependent, and al- 
though there is evidence for recovery at very low 
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Fig. 3—Effect of temperature of drawing on room temperature 
tensile strength of nickel, copper, and aluminum. 
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temperatures from flow stress curves’ and from 
electron micrographs,* contributions at these low 
temperatures must be relatively small. As the tem- 
perature of deformation is raised, simultaneous re- 
covery becomes increasingly important in altering 
the cold-worked properties and structure. This in- 
terpretation is consistent with the data for prop- 
erties that have been presented. 


Summary 


As the temperature of deformation is lowered the 
flow strength and ultimate strength of a number of 
metals and alloys at room temperature are increased. 
Likewise, in materials in which lattice scattering 
predominates, electrical conductivity is decreased to 
a greater degree as the temperature of deformation 
is lowered. These effects are attributed to a de- 
crease in simultaneous recovery during deformation 
as the temperature is lowered. Recovery is de- 
scribed as involving single atoms or small groups, 
and as highly temperature-dependent. 

Data given for a number of commercial metals 
and alloys rolled at —195°C illustrate the increase 
in the strength properties that may be obtained by 
such treatment. The chief effects are on the prop- 
erties determined largely by prior plastic treatment. 
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Deformation of Zinc Bicrystals by Thermal Ratcheting 


by J. E. Burke and Anna M. Turkalo 


N 1923 Desch’ pointed out that the grains in a 

metal which is anisotropic with respect to its 
thermal coefficient of expansion would contract dif- 
ferently upon cooling, and that the stresses de- 
veloped might approximate the plastic strength of 
the metal. More recently Boas and Honeycombe** 
studied the behavior of several metals upon thermal 
cycling and observed that the stresses developed in 
anisotropic metals are great enough to produce slip 
lines in individual grains and a roughening of the 
specimen surface. This phenomenon they have 
named “thermal fatigue.’”’ The mechanism they pro- 
pose involves essentially a kneading of the grains, 
the deformation being alternately in compression 
and tension in a given grain as the temperature is 
changed in one direction and then the other. 

The present work was undertaken to investigate 
the possibility that an additional mechanism might 
operate to produce plastic deformation during ther- 
mal cycling—a “thermal ratchet” that depends upon 
a combination of grain boundary flow to relax the 
stress that develops between differently oriented 
grains upon raising the temperature and transcrys- 
talline slip to relax the oppositely directed stress 
which develops on lowering the temperature. Thus, 
thermal cycling should produce a nonreversible dis- 
tortion such that certain grains will change shape 
differently from their neighbors with a simultaneous 
displacement being produced at the grain boundary. 


Temperature Dependence of Grain Boundary and 
Grain Strength 

The critical resolved stress for the initiation of 
slip in metal grains is only mildly affected by tem- 
perature.’ For example, in cadmium it decreases 
from 0.15 to about 0.05 kg per sq mm when the 
temperature is increased from 20° to 458°K and 
further temperature increase causes little further 
decrease. 

On the other hand, the work of Ké’ indicates that 
the grain boundaries behave in a viscous fashion 
that can be described® by the expression: 


7 = BV exp(Q/RT) [1] 


7 is the shearing stress on the boundary; B, a con- 
stant; V, the flow rate at the boundary; Q, the acti- 
vation energy for grain boundary flow; R, the gas 
law’s constant; and T, the absolute temperature. 
Eq 1 indicates that the stress necessary to cause a 
given grain boundary flow rate, V, decreases rapidly 
with increasing temperature. The value of the con- 
stant B is such that at sufficiently low temperature 
and ordinary strain rates deformation will occur 
preferentially by slip rather than by grain boundary 
flow. There: is considerable evidence to indicate 
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Fig. 1—Sketch of 
a bicrystal of an 
anisotropic metal 
with slip plane of 
grain 1 lying 45° 
to grain boundary 
and slip plane of 
grain 2 lying 90° 
to the boundary, 


LSlip plane 
Slip plane grain 2 
grain | 


! 

| 
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that extensive grain boundary flow can occur at 
elevated temperatures.” 


Mechanism of the Ratchet 

Consider the bicrystal shown in Fig. 1. In grain 1 
the slip plane lies 45° to the boundary while in grain 
2 the slip plane is 90° to the boundary. The coef- 
ficients of expansion of the grains in a direction 
parallel to the length of the crystal are a, and a, 
with a, > a, for the orientations shown. The sequence 
of events that can occur upon heating and cooling 
this specimen is illustrated schematically in Fig. 2. 

Initially there is assumed to be no stress in the 
specimen (A). Upon heating, grain 1 attempts to be- 
come longer than grain 2, but is constrained by grain 
2. Thus grain 1 is loaded in compression and grain 2 
is loaded in tension, and a shearing stress is present 
across the boundary (B). As the temperature is in- 
creased, the stress will build up, and finally grain 1 
will be plastically deformed by slip, since the greater 
stress is resolved on its slip planes. Any further 
heating will result in more slip and the stress will 
remain constant until some temperature T* is 
reached where the stress can be relaxed by grain 
boundary flow.+ At this relaxation temperature (C) 


range where the grain. boundary flow rate approximates the rate 
at which the grains would like to move relative to each other. It 
depends upon the difference between the coefficients of expansion, 
the heating rate, and the distance from the center of the bicrystal 
where the grains do not move relative to one another. Although 
this is a temperature range, for simplicity we shall consider it to be 
a definite temperature, T*. 


a step will appear between grain 1 and grain 2. 
Further heating above T” will cause grain 1 to be- 
come relatively longer, but no stress will appear 
because the grain boundary is too weak to support 
the stress (D). Upon cooling again, at T* (E), the 
grain boundary will again be able to support a 
shearing stress, and upon cooling further, grain 1 
will be loaded in tension and grain 2 in compression 
(F). When the decrease in temperature below T* is 
sufficient to impose the critical shear stress upon the 
slip plane of grain 1, it will be stretched by slip. 
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Fig. 2—Changes occurring during thermal cycling of a bicrystal of 
an anisotropic metal. Orientation of slip planes is the same as in 
Fig. 1. 


Further cooling will produce additional elongation 
of this grain, while the stress remains essentially 
constant. Upon reheating, the stress will pass 
through zero (G) and then to compression to load 
the grains in the opposite direction (H,1I). It should 
be noted that if a temperature decrease of AT below 
T* is necessary to start slip, then a temperature de- 
crease of 2AT is necessary if the maximum stress 
is to be present when the specimen is reheated to T*. 
If the specimen is cooled 2AT below T*, then the 
relaxation upon heating again to T* will give an 
offset corresponding to the difference in expansion of 
the two grains over a temperature range AT. If the 
specimen is cooled more than 2AT below T*, the 
additional tensile strain will be recovered as com- 
pressive strain on reheating to T*, and no greater 
displacement will occur. 


Displacement per Thermal Cycle 
The maximum amount of displacement that can 
occur per cycle is equal to the displacement that 
appears between grains when relaxation occurs at 
the grain boundary on heating. The amount the 
grain in compression elongates elastically when re- 
laxation occurs is given by: 


2 
[2] 


where L is the distance from the neutral center of 
the crystal; S, the compressive stress on the grain; 


Fig. 3—Before 
cycling. 


and E, Young’s modulus. The grain in tension will 
contract by approximately an equal amount so the 
total offset is given by: 


2Al = AL = 


2LS 


where E,,, is the average of Young’s modulus for 
the two grains. 

If the grains are of equal size, the compressive 
stress in one will be equal to the tensile stress in 
the other, and the maximum value of the stress, 
Smmax, Will be controlled by the strength of the weaker 
crystal. For the bicrystals used in this work Snax 
can be approximately calculated from S., the critical 
resolved stress for slip, by the relationship: 


Se [4] 


[3] 


where i and x are the angles between the tension 
axis and the slip direction and slip plane respec- 
tively. 
Direction of Movement 

One of the grains of the couple will be oriented 
so that it will flow more readily than the other under 
a tensile or compressive stress. This grain may have 
either a greater or a smaller coefficient of expansion 
than the other grain. Upon cooling below T%*, the 
grain with the larger coefficient of expansion will 
be loaded in tension, the other in compression. The 
major part of the deformation will occur in the 
softer grain. If the softer grain has the higher coef- 
ficient of expansion, it will be stretched and will 
become longer with each cycle. The other grain 
will be essentially unchanged. If the softer grain 
has the smaller coefficient of expansion, it will be 
strained in compression and become shorter on each 
cycle. Again, the other one will be essentially un- 
changed. 

From these arguments we may draw the follow- 
ing conclusions: 

1—Thermal cycling of a bicrystal should produce 
a continuing deformation of one grain that increases 
with the number of cycles. 

2—The amount of deformation should be con- 
trolled by the flow strength and the value of Young’s 
modulus for the metal. 

3—For deformation to occur: 

a—The temperature limits over which cycling 
occurs must be such that grain boundary flow occurs 
at the higher temperature and crystallographic slip 
occurs at the lower temperature. 

b—The temperature range must be at least twice 


Fig. 4—After 
18 cycles. 


Figs. 3 and 4—Typical scribed lines (vertical) on surface of zinc bicrystals before and after thermal 
cycling between 100° and 300°C. Grain boundary is horizontal line. X280. 
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that necessary to produce slip in the softer of the 
two grains. 

4—Deformation will be largely confined to the 
softer grain. If it has the higher coefficient of ex- 
pansion, it will lengthen; if it has the lower coef- 
ficient of expansion, it will shorten. 


Experimental Procedure 
The above arguments were tested by the thermal 
cycling of bicrystals of zinc with various pairs of 
orientations, and the observation of the offset prod- 
uced at the boundary as a function of orientation 
difference, number of thermal cycles, and cycling 
temperature. Zinct was selected because it is easy 


{The zine for these experiments was kindly supplied by D. C. 
Jillson of the New Jersey Zinc Co. 


to grow zinc bicrystals, there is only one slip system 
which simplifies the analysis, and the coefficient of 
thermal expansion is highly anisotropic (63.9x10° 
per °C parallel and 14.1x10° per °C perpendicular 
to the unique axis). 

The bicrystals were grown in horizontal graphite 
molds similar to those used by Chalmers.’ No at- 
tempt was made to control orientations by seeding; 
it was found that self-seeded crystals had random 
orientations so that almost any desired orientation 
pair could be obtained by selection among a number 
of bicrystals. Specimens for cycling tests were cut 
with a jeweler’s hack saw and then very heavily 
electropolished in 25 pct water solution of potassium 
hydroxide to give pieces about 1x4x% in. with the 
grain boundary longitudinal. Lines were scribed on 
the large surface approximately perpendicularly to 
the grain boundary at intervals of about 0.5 cm with 
a Knoop diamond. Most of the specimens were sealed 
in a hydrogen atmosphere in pyrex glass tubes for 
cycling, but a few were cycled down to liquid nitro- 
gen temperature without protection. Over the lower 
temperature range, the specimens were cycled by 
manual immersion first in liquid nitrogen, then in 
water at 25°C. Automatically lowering the speci- 
men into a furnace and holding there until the 
specimen reached 300° and then removing it until 
the temperature had dropped to 100°C accomplished 
thermal cycling in the upper range. The low tem- 
perature cycles required about 5 min each, the high 
temperature cycles about 15 min. 


Results of Experiments 
Figs. 3 through 6 show examples of the displace- 
ments at the grain boundary on the polished surfaces 
of two zinc bicrystals. The scribed line is vertical 


Fig. 5—After 
100 cycles. 


Figs. 5 and 6—Typical scribed lines (vertical) on surface of zinc bicrystals after 


Fig. 7—End of zinc bicrystal after 500 thermal cycles 
between 100° and 300°C. X2. 


and the grain boundary horizontal in each case. Fig. 
3 shows the original condition, and Fig. 4 shows the 
displacement produced by 18 thermal cycles between 
100° and 300°C. The offset at the grain boundary is 
about 0.01 mm on the specimen. Faint slip lines 
can be seen in the lower grain which was the softer 
one of the couple and in this case suffered all of the 
plastic deformation. The grain boundary migrated 
extensively during the cycling, and the dark areas 
on either side of the scribed line are surface rough- 
ening produced by thermal cycling with the grain 
boundaries in various positions. Figs. 5 and 6 show 
the displacement in another zinc bicrystal after 100 
and 500 thermal cycles, respectively. The offsets are 
0.05 and 0.14 mm. Both grains of the bic1 ystal were 
deformed by slip, but slip lines are more prominent 
in the softer grain (the lower grain in the photo- 
graph). No grain boundary migration was evident 
in this specimen. It is clear from these photographs 
that cycling between 100° and 300°C produced a 
relative displacement of one grain with respect to 
the other and the displacement increased with the 
number of cycles. 

Cycling frequently caused the end of one grain 
to jut out beyond the other as shown in Fig. 7. This 
photograph also shows that slip lines are largely 
confined to one grain of the couple. 

Thermal cycling between 25° and —180°C prod- 
uced practically no offset at the grain boundary as 
the temperatures were too low for grain boundary 
relaxation. Figs. 8 through 11 show specimens before 
and after 100 cycles at the low temperature (Figs. 
8 and 9) and high temperature (Figs. 10 and 11) 


Fig. 6—Same line 
as that in Fig. 5 
after 500 cycles. 


thermal cycling 


between 100° and 300°C. Grain boundary is horizontal line. X280. 
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Fig. 8—Before 
cycling at the 
low temperature 
range (25° to 
—180°C). 


Fig. 10—Before 
cycling at the 
high tempera- 
ture range 
(100° to 
300°C). 


range. Both specimens were cut from the same 
bicrystal and thus contained the same pair of orien- 
tations. The specimen cycled at the lower tempera- 
ture range showed, in addition to the usual deforma- 
tion by slip, considerable twinning near the grain 
boundary and also several cleavage cracks in both 
grains. Two such cleavage cracks in one of the 
grains are shown in Fig. 12 along with a twin ex- 
tending from the end of one crack into the other 
grain. The specimen cycled in the higher range 
showed crystalline deformation exclusively by slip, 
which, as usual, was much more profuse in the 
softer grain of the couple, the upper grain of Fig. 11. 
There were no cleavage cracks in specimens cycled 
in the higher temperature range. 

The observed displacements in the various speci- 
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Fig. 12—Cleavage 
cracks in zinc bi- 
crystal after 100 — 
thermal cycles be- 
tween 25° and 


—180°C. X100, drawing showing be- laa 


Fig. 9—After 
100 cycles at 
the low tem- 
perature range 
“(25° to 
—180°C). 


Fig. 11—After 
100 cycles at 
the high tem- 
perature range 
(100° to 
300°C). 


Figs. 8 to 11—Typical scribed lines on surface of zinc bicrystals before and after 100 thermal cycles. X280. 


mens are summarized in Table I. The calculated 
values presented were obtained from eq 3 taking 
Smax aS 0.1 kg per sq mm and E,,, as 8000 kg per sq 
mm. In each case the calculated offset was higher 
than that actually observed. The discrepancy may 
be attributed to uncertainties in the selection of the 
value for S,,..x and to variables which were not con- 
sidered in the theory. For example, the grains often 
stuck at some points along the boundary and did not 
always show uniform movement over all of their 
length as predicted by the theory. Instead of there 
being one neutral position at the center of the sample 
length where no displacement occurred, there were 
frequently several such points. The behavior of 
specimen 2, which acted as if it had broken up into 
three units, is illustrated schematically in Fig. 13. 


grain 2 


Fig. 13—Schematic 


havior of specimen 
No. 2 as three ie 
separate units during 
thermal cycling be- wal 
tween 100° and 
300°C. 
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Fig. 14—Offsets of scribed line at different positions Fig. 15—Grain boundary movement in a zinc bicrystal 


of migrating grain boundary in zinc bicrystal after 
100 thermal cycles between 100° and 300°C. X280. 


Obviously the value selected for L (one half of the 
total specimen length) for the calculations of the 
maximum offset is too large for the actual effective 
L in this case. It seems probable that this ‘“‘sticki- 
ness” at several points along the grain boundary 
was due to inclusions at the boundary, but no 
definite evidence was obtained for this. 

In the samples cycled at the higher temperature 
the grain boundary migrated during the cycling to 
become highly irregular. Fig. 14 shows that this 
irregularity did not seriously hinder grain boundary 
flow and consequent displacement of the scribed line 
at the new positions of the boundary. However, it 
may have caused the decrease in the amount of dis- 
placement with increasing number of cycles which 
evidently occurred in specimen 2. 

The softer grain had the higher coefficient of ex- 
pansion in specimens No. 1, 3, and 5a, and as pre- 
dicted, the softer grain increased in length. In 
specimen 2, the soft crystal had the lower coefficient 
of expansion, thus it shortened. 

Several other observations made during this in- 
vestigation deserve comment. In addition to grain 
boundary migration during the high temperature 
cycling, some recrystallization or polygonization 
occurred in the region immediately adjacent to the 
boundary in several of the samples. This can be seen 
in Fig. 15 where grains of slightly different orienta- 
tions are visible along the grain boundary in the 
grain showing the least deformation. This specimen 
had been cycled 500 times between 100° and 300°C. 
Fig. 15 also shows that the offset was not always 
confined to a movement parallel to the longitudinal 
axis; movement occurred also in the thickness direc- 


Table |. Summary of Observed Displacements 


Speci- Temperature No. Orientations* Calculated 
men Range of of Grain a Grainb Maximum Maximum 
No. Cycling,°C Cycles x x Offset, mmOffset, mm 


1 100-300 16% + 0.01 
2 100-300 100-— 42° 47° 60° 60° — 0.06 0.24 
500 —0.14 1.05 

4 25-(—180) 50 = None 
5at 100-300 100) (382) (452 325 +0.08 0.20 
9° 9° +0.13 0.40 

5bt 25-(—180) 100 38° 45°. 18° 32° None 


*Grain a—the softer grain of the couple. 
Grain b—the harder grain of the couple. 
x—angle between specimen axis and slip plane (0001). < 
A—angle between specimen axis and slip direction <1120>. 

+ Specimens 5a and b were tricrystals cut from the same tricrystal. 
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after 500 thermal cycles between 100° and 300°C. X7. 


tion of the specimen, as would be expected. Appar- 
ently, as is evident from the “cliffs” at the boundary, 
grain boundary flow could occur reasonably easily at 
each position of the boundary, even when the grain 
boundary was rough. 

It is of interest to note in the various photographs 


_that the slip traces extend from the very grain 


boundary across the grain. This is to be expected 
since in the experiments described here, the stress 
arises at the grain boundary and initiates slip there 
—a situation quite different from the case in which 
an external stress is applied mechanically. * Then 
the stronger grain can inhibit slip at the grain 
boundary in the softer grain. Twinning and/or bend 
plane action described by Jillson” as accommoda- 
tion bending is not to be expected near the grain 
boundary in these experiments for the same reasons. 

From these experiments it may be concluded that 
a ratchet mechanism does operate to produce a con- 
tinuing distortion during thermal cycling of aniso- 
tropic metals within a sufficiently high temperature 
range. If the upper temperature limit is not high 
enough to permit grain boundary flow during cycl- 
ing, the ratchet mechanism is lacking and only 
general crystalline distortion occurs. These experi- 
ments also indicate the need for further study and 
understanding of grain boundary behavior and 
stickiness before a complete picture of the ratchet is 
available. 
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Technical Note 


Melting of Undoped Silicon Ingots 
by J. Hino and H. E. Stauss 


| (ees in silicon has arisen again in the past 
decade as a result of improvements in crystal 
rectifiers. Although the preparation of silicon was 
first reported by Berzelius in 1880, the early product 
was of relatively low purity, and only the need for 
rectifiers in World War II led to the production of 
a 99.9+ pct pure powder. This material in crystal- 
line form was consolidated into massive silicon for 
use, and the method developed was to melt it with 
selected added constituents as ‘‘doping” agents. Melt- 
ing techniques, therefore, are of great importance. 

There are two basic problems in producing silicon 
ingots free of doping additions; one is the prevention 
of spitting and the other is prevention of cracking 
of the ingot during freezing. The most satisfactory 
arrangement yet developed for producing massive 
silicon is to melt and freeze in a cylindrical quartz 
crucible surrounded by a concentric heating element 
and concentric radiation shields or insulation. For 
example, use can be made of a tubular heater with 
a high frequency generator as the source of power 
and reflecting shields of alundum cylinders. 

The spitting of silicon is related to gas evolution, 
and the gas comes from two primary causes—ad- 
sorbed gas and the reaction products of silicon and 
the crucible. Gas is also released from bubbles con- 
tained in the quartz crucible walls. Improved re- 
moval of adsorbed gas can be achieved by means of 
controlled melting and freezing. The seriousness of 
the problem in vacuo is reduced with an electrically 
operated mechanical movement of the high frequency 
power coil. The upper portion of the powder charge 
is melted first and the high frequency coil lowered 
until the powder is completely molten. During cool- 
ing the high frequency coil is raised slowly. These 
means also reduce the final nonviolent extrusion of 
large beads of metal through the ingot top during 
freezing. Better control of spitting and bead extru- 
sion is obtained when melting is done under helium 
at atmospheric pressure instead of in vacuo. 

The problem of reaction between silicon charge 
and crucible in practice is confined to the reaction 
between silicon and quartz. This’ apparently is: 


Si + SiO, 2SiO 


The part that this reaction plays in spitting has not 
been isolated for separate study. SiO is a volatile 
vapor at the melting point of silicon and is released 
freely during melting in vacuo, but hardly at all in 
helium at atmospheric pressure. 

The cracking of ingots is a major difficulty in 
melting silicon, and its prevention requires special 
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melting techniques or the addition of “‘toughening”’ 
agents such as aluminum or beryllium.’ The crack- 
ing of the ingots has been explained as being the 
result of the expansion that occurs upon freezing,® 
although direct observation of freezing ingots re- 
veals visible cracks on the surface only after a red 
heat has been reached, suggesting that cracking is 
the result of differential contraction of silicon and 
quartz. Silicon wets quartz, and the ingot adheres 
tightly to the crucible. Therefore as ingot and cru- 
cible cool, the two either have to pull apart, or at 
least one must crack. Surprisingly, in spite of the 
relative thinness of the quartz and the thickness of 
the ingot, the ingot and the crucible both crack. 
Microscopic and X-ray* studies fail to show any 
plastic flow other than twinning in the ingots. Slow 
cooling fails to prevent cracking. Another possible 
solution to cracking is to weaken the crucible. Use 
of thin-walled crucibles finally led to success with 
fused quartz crucibles with a wall thickness of 0.25 
to 0.50 mm. With such thin-walled fused quartz cru- 
cibles consistently uniform success is secured in 
producing sound ingots 30 mm in diam from the 
purest available grade of silicon (99.9+) without the 
use of any type of addition. Melts are made in the 
size range of 50 to 100 g. 

Omission of a deliberately added doping agent is 
not sufficient to insure pure ingots. The reaction of 
silicon with crucibles and the resultant solution of 
impurities in the silicon is well-established.® In this 
laboratory, the presence of Al, Be, and Zr has been 
found spectroscopically in ingots melted in contact 
with alumina, beryllia, and zircon. The best crucible 
materials reported in the literature are MgO and 
SiO,. Use of MgO in this laboratory has resulted in 
a heavy deposit of magnesium on the furnace walls, 
showing that a reduction of the magnesia occurred 
and the resulting magnesium removed from the melt 
by volatilization. In the case of quartz, the silica is 
reduced and SiO liberated to deposit on the equip- 
ment walls. There probably is real danger that 
oxygen is dissolved in the ingot when either mag- 
nesia or silica is used as the crucible material. Pre- 
liminary analyses by Dean Walter in his vacuum unit 
in this laboratory® indicate the presence of oxygen 
in undoped silicon melted in quartz. 
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Surface Areas of Metals and Metal Compounds: 
A Rapid Method of Determination 


Orr Blocker, andosusan ki Craig 


THIN recent years gas adsorption methods 

have been developed for measuring the surface 
area of finely divided materials and have become 
extremely valuable in research on the corrosion and 
the catalytic activity of metals. Rather elaborate ap- 
paratus is required, and a single determination is 
so time-consuming that these methods have not been 
utilized to the fullest extent; the methods are un- 
suited for most routine control work such as that 
encountered in powder metallurgical operations and 
in processes employing metal catalysts. These dif- 
ficulties are largely eliminated, and surface area is 
‘reduced to a routine determination if the liquid- 
phase adsorption of a surface-active agent such as 
a fatty acid can be used. When the affinity of the 
fatty acid carboxyl group for the solid surface is 
greater than its affinity for the solvent, a unimolec- 
ular layer of orientated fatty acid molecules will be 
formed at the solid-liquid interface in a manner 
similar to that of a compressed fatty acid film on a 
water surface. The measurement of surface area is 
then reduced to a measurement of fatty acid adsorp- 
tion. 

This propitious circumstance, first investigated by 
Harkins and Gans, has been employed with some- 
what inconclusive results by a number of investi- 
gators in evaluating the surface properties of metals, 
metal catalysts, and metal oxides. The specific sur- 
face area values for nickel and platinum catalysts, 
determined from the adsorption of a number of fatty 
acids from various solvents, were found by Smith 
and Fuzek’® to agree with values calculated by the 
gas adsorption technique of Brunauer, Emmett, and 
Teller,’ the so-called BET technique. And recently 
Orr and Bankston* have also reported good agree- 
ment between nitrogen gas and stearic acid adsorp- 
tion results in the measurement of the surface areas 
of clay materials. On the other hand, Ries, Johnson, 
and Melik® found only order-of-magnitude agree- 
ment between these two methods in studying sup- 
ported, cobalt catalysts having specific surface areas 
as great as 420 sq m per g; the reason is partially 
attributable to the very porous nature of the mate- 
rials. Greenhill,* investigating the adsorption of 
long-chain, polar compounds in organic solvents on 
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a number of metal powders, concluded that a uni- 
molecular layer of stearic acid was formed on expo- 
sure of the solid to the acid solution and that the 
presence of an oxide or another film did not alter 
this result. Furthermore, the adsorption process ap- 
peared to be the same whether or not the sample 
was degassed prior to exposure to the solution. 
Greenhill estimated the surface area of one of the 
powders he investigated from microscopic diameter 
measurements, and obtained a rough check with sur- 
face area evaluation. Russell and Cochran’ found 
moderate agreement for alumina surface area re- 
sults by fatty acid and gas adsorption methods. In 
addition, they also found that the prolonged heating 
and evacuating pretreatments previously used by 
investigators were unnecessary. The present work, 
however, considerably extends these previous inves- 
tigations, shows that fatty acid adsorption can be 
used to determine the surface area of a variety of 
metals and metal compounds, offers further con- 
firmation of the correctness of gas adsorption meth- 
ods, and presents a simplified technique for the de- 
termination of the metal surface area which is suit- 
able for routine work. 


Experimental Technique 

Basically, the fatty acid adsorption method is quite 
simple. It consists of exposing a sample of the mate- 
rial of which the surface area is desired to a fatty 
acid solution of known concentration. By analysis 
of an aliquot of the solution, the concentration after 
adsorption has occurred may be determined. The 
difference between the initial quantity of acid in 
solution and the final quantity is that quantity of 
acid adsorbed by the sample. The specific surface 
area of the adsorbent material may be calculated 
from the quantity adsorbed and the weight of the 
sample. 

In agreement with the findings of others as out- 
lined above, it was found entirely unnecessary to 
degas or pretreat the nonporous materials employed 
other than by drying them thoroughly. However, 
precaution was necessary so that the dried sample 
entered the fatty acid solution with little exposure 
to moisture. 

The effect of moisture on the interaction of stearic 
acid with finely divided materials has been thor- 
oughly investigated by Hirst and Lancaster.* They 
found the presence of water merely reduced the 
amount of acid adsorbed by powders such as TiO,, 
SiO., TiC, and SiC. With reactive materials such as 
Cu, Cu.O, CuO, Zn, and ZnO, however, water was 
found to initiate chemical reaction. Only with ZnO 
was reaction observed when the solid and the solu- 
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Fig. 1—Conductometric titration curve for iron 

(see sample calculation). 


tion were carefully dried. The investigators believe 
that sufficiently dry conditions were not attained in 
this case. 

Methanol was employed as the solvent in all the 
work reported here, although hexane and benzene 
have been used with equally good results. Chem- 
ically pure methanol, further purified by distillation 
(the fraction boiling between 64° and 65.5°€ was 
retained) then dried by storage over calcium sul- 
phate, was used together with the best grade of 
stearic acid (melting point, 68° to 69.5°C) from the 
Eastman Organic Chemicals Co. 

The solid material and the stearic acid-methanol 
solution were vigorously shaken together for at least 
30 min. Materials with large surface areas require 
somewhat more time. Despite indications that ad- 
sorption is not absolutely complete even after sev- 
eral hours, it is so nearly completed in a few minutes 
that much longer periods of agitation are deemed 
unwarranted. Moreover, if a reaction between the 
stearic acid and the metal should occur because of 
the presence of traces of water, additional justifica- 
tion is offered for as short a contact period as pos- 
sible. 

The method hinges on the determination of fatty 
acid in solution, and several methods are available. 
Smith and Fuzek’ evaporated an aliquot of solution 
to dryness and weighed the residue. Colorimetric 
methods have been described by several inves- 
tigators.” Hutchinson” and Greenhill’ employed a 
surface balance. Saunders,” with water-soluble fatty 
acids, used a surface tension balance. The conducto- 
metric titration method of Maron, Ulevitch, and 
Elder” was chosen for this work because it was quite 
rapid, simple, and accurate; also the necessary equip- 
ment was readily available. However, any of the 
above methods could have been used. 

In our technique, after adsorption was considered 
complete, an aliquot of the equilibrated solution was 
centrifuged, when necessary, to remove suspended 
matter. Additional pure methanol was added to make 
sufficient solution to cover the electrodes, and this 
solution was titrated conductometrically with sodium 
hydroxide. The milliliters of NaOH added to obtain 
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the end point is that quantity of NaOH required to 
saponify the fatty acid and to satisfy the blank re- 
quirements of the alcohol. One molecule of NaOH 
will saponify one molecule of fatty acid; and one 
molecule of a straight chain fatty acid, regardless of 
the length of the chain, occupies, upon adsorption, 
an area of 20.5A’, or 20.5x10™ sq m.* As discussed 
by Maron et al.,” the blank requirement of the 
alcohol is an unalterable characteristic of each batch 
of alcohol. Its value may be determined by separate 
experiment; allowance for its value must be made 
in each calculation. Sample calculations for iron 
powder are given below. The corresponding con- 
ductometric titration results are plotted in Fig. 1. 


Data: 
Iron sample weight 16.8779 g 
Pure methanol blank 
requirements 0.007 ml NaOH per ml 


Initial stearic acid-methanol 
solution concentration 
(approximately 0.8 
saturated) 


Volume of initial stearic 
acid-methanol solution 


0.6478 g per liter 


added to sample 100.00 ml 
Volume of aliquot of final 

stearic acid-methanol 

solution removed from 

sample 25.00 ml 
Volume of pure methanol 

added to aliquot 100.00 ml 
Normality of NaOH solution 0.0191 N 
Volume of NaOH to titrate 

final aliquot 2.75 ml 

Calculations: 


NaOH to saponify stearic acid in aliquot: 
2.75 — (100.00 + 25.00)0.0070 = 1.87 ml 


Stearic acid present before adsorption: 

100/1000 x 0.6478 x 1/284.5 = 22.77 x 10° mols 
Stearic acid remaining after adsorption: 

Stearic acid adsorbed: 

(22.77 — 14.29) x 10° = 8.48 x 10° mols 
Specific surface area of iron powder: 

8.48 x 10°/16.8779 x 6.023 x 10” x 20.5 x 10 

= 0.62 sqm per g 


While no definite rule can be given, best results 
have been obtained when the weight of sample was 
adjusted so that approximately one half of the acid 
was adsorbed from the solution. If too little sample 
was present, the quantity removed by adsorption 
was small and could not be accurately determined, 
while, if too much sample was present, the sample 
surface was not completely covered. 

Specific surface area measurements were also ob- 
tained from the adsorption of nitrogen gas at the 
temperature of liquid nitrogen by the procedure de- 
scribed by Emmett” and by Emmett and Brunauer, ” 
and with ethane gas at the temperature of liquid 
oxygen by the procedure of Wooten and Brown” as 
modified by Lauterbaugh, Laskin, and Leach.” In 
the case of nitrogen adsorption, samples. were 
evacuated at 250°C for at least 18 hr to a pressure 
of less than 5xl10° mm Hg before adsorption was 
started. Samples having a total surface area of at 
least 5 sq m were used in every case. With ethane 
adsorption, evacuation at 250°C was continued— 
sometimes for 48 hr—until a pressure of at least 10° 
mm Hg was attained before beginning adsorption. 
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The surface areas of some of the materials studied 
were also estimated from particle diameter measure- 
ments made directly with an optical microscope 
fitted with an optical micrometer, or, in the case of 
the finer powders, were made from electron micro- 
graphs of the powders. From 100 to 200 particle 
diameters were measured in every case, and median 
particle diameters were determined by plotting the 
measured diameters on log-probability paper as de- 
scribed by DallaValle.* Their surface area was then 
calculated assuming that all the particles were 
spheres of the determined median diameter. All 
specific surface area data are tabulated in Table I. 
With the exception of copper, which was approxi- 
mately spherical, all of the powders employed con- 
sisted of irregularly shaped particles. In addition, 
two porous materials, a nickel catalyst and an ad- 
sorbent alumina, were included. 


Discussion of Results 


Livingston,” by a critical survey of published ad- 
sorption data, established a value of 15.4A’ as the 
cross-sectional area of an adsorbed nitrogen mole- 
cule, an area believed nearly correct for most ad- 
sorbents. In the same article a value of 22.5A’ is 
given for the area occupied by an adsorbed ethane 
molecule. These values were used in calculating gas 
adsorption results. The area occupied by an adsorbed 
straight-chain fatty acid molecule on a liquid sur- 
face has been established to be very nearly 20.5A’. 
This value, generally accepted also for the area oc- 
cupied on a solid surface,” “” was used in this work. 
General agreement for nonporous materials is to be 
expected between the surface area obtained by 
microscopic measurement and the other methods. 
For porous materials such as the high surface nickel 
and adsorbent alumina, no agreement can be ex- 
pected. 


Table 1. Comparison of Surface Area Measurements 


Surface Area 
(Sq m per g) 


Condition of Nitro- 

Metal or Preparation, gen EthaneStearic Micro- 
Compound Pretreatment, Etc. Gas Gas Acid scopic 
Iron Medicinal iron reduced with 0.61 0.62 0.43 

He 0.66 0.82* 
Nickel 0.18 0.23 0.23 
0.19 0.24 
0.19 
Nickel Reduced from the hydrox- 23.7 24.50 0.35 
ide with He and deacti- 24.20 
vated with CcHe 
Zine 0.38 0.43 
Alumina Prepared for use as an ab- 2.18 2.33 2.34 1.00 
rasive 2.11 
Alumina Prepared for use as an ad-195.2 181.2 
sorbent 196.6 
166.8 
171.9 
Cadmium 0.12 0.17 
Tungsten Pure tungsten powder and 0.11 0.11 0.05 
carbidet lamp black heated to 
1400°C in an induction 
furnace 
Tantalum Pure tantalum metal and 0.09 0.09 0.07 
carbide; carbon heated to 2300°C 
with metallic aluminum 
and purified mehanically 
and chemically 
Copper —100 mesh 0.23 0.23 0.24 
0.23 
—200 mesh 0.36 0.34 0.37 
Copper 


* From electron micrograph. 
+ Obtained from Kennametal, Inc., Latrobe, Pa. 
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All things considered, the results of this inves- 
tigation give added confirmation of the validity of 
the gas adsorption methods as a means of measuring 
surface area and indicate that fatty acid adsorption 
is a valuable companion technique. Liquid-phase 
adsorption, because extensive sample evacuation or 
heating is unnecessary, and because the method is 
rapid, should be usable with heat-sensitive and high 
vapor pressure materials as well as in process con- 
trol work with metals and with other more stable 
materials. 
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Technical Note’ 


Crystallographic Angles for Titanium and Zirconium 


by Carl J. McHargue 


HE angles between the crystallographic planes 
in cubic crystals have been given by Bozorth,* in 
magnesium, zinc, and cadmium by Salkovitz,’ and 
in tin by Nicholas.* The determination of the orien- 
tation of single crystals and the study of plastic de- 
formation require the knowledge of these angles and 
are often facilitated by use of a standard projection. 
Tables of these angles and standard projections have 
not been published for titanium or zirconium which 
have c/a ratios considerably less than those hexa- 
gonal metals for which this data is available. Ac- 
cordingly, Table I has been prepared giving these 
angles. Fig. 1 presents a standard (0001) projection 
of titanium. 
The angle between (h,k,i,L) and (h.k,i.l,.) was 
calculated by means of the formula: 


cos ¢ = 


2 


a 
+ k?’ + + l”) (h2 + 


a. 
% 


a 
Cc 


The c/a ratio for titanium is taken from the data 
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Fig. 1—Standard (0001) projection for titanium, c/a 1.5873. 
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Table |. Angles between the Crystallographic Planes in Close- 
Packed Hexagonal Titanium and Zirconium 


Titanium, Zirconium, 
(hikaiih) (Nek viele) c/a = 1.5873 c/a = 1.5893 
0001 1018 12° 54’ 12° 55/ 
1017 14 41 14 42 
1016 16 56 16 58 
1015 20 08 20 31 
1014 24 37 24 39 
2027 27 41 
1013 31) 23 319,28 
2025 36 15 
1012 42) 
2023 50 42 50 45 
1011 61 23 61 25 
2021 74 44 74 47 
1010 90 00 90 00 
2132 67 35 67 37 
2131 78 21 7h BP 
2130 90 00 90 00 
1128 21 36 21 40 
1126 27 53 27 55 
1124 38 26 38 28 
1122 57 47 57 50 
1120 90 00 90 00 
1232 67 35 
1231 78 22 
1230 90 00 90 00 
1010 2130 19 06 19 06 
1120 30 00 30 00 
1230 40 54 40 54 
0110 60 00 60 00 


of Clark* and that for zirconium from data given 
the Metals Handbook.® For all practical purposes 
Fig. 1 serves for zirconium as well as titanium, as 
can be seen from the similarity of the values of all 
angles. 
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Effect of Applied Stress on the Martensitic Transformation 


by S. A. Kulin, Morris Cohen, and B. L. Averbach 


The martensitic transformation can be initiated by elastic stresses 
at temperatures above M. in a steel containing 20 pct Ni and 0.5 pct 
C. Shear strains and normal tensile strains acting on a potential habit 
plane promote the transformation but compressive strains oppose it. 


HE strain sensitivity of the martensitic trans- 

formation has long been recognized. It is now 
well known that martensite formation can be in- 
duced by plastic deformation at temperatures be- 
low, and not too far above, the M, point.’ However, 
the exact role of elastic vs. plastic strains and of the 
concomitant stresses has proved to be a very elusive 
matter. 

Many investigators’® of the steel hardening re- 
action have made use of the stresses resulting from 
volume changes to account for such observations as 
the existence of retained austenite and its variation 
across the section of a bar, the change in the amount 
of retained austenite with quenching rate, and the 
self-stopping nature of the transformation when the 
cooling is stopped. The effect of applied strain as an 
independent variable has been studied in 70 pct Fe- 
30 pet Ni alloys by Scheil’ and McReynolds.* Some 
data are also available for lithium and Li-Mg al- 
loys,’ Cu-Zn,” Cu-Sn and Cu-Al alloys,” and aus- 
tenitic stainless steels.”” 

It has been found that martensite formation can 
be induced isothermally, even at temperatures above 
M,, by mechanical deformation of the parent phase. 
The competitive nature of plastic yielding by slip 
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and by the martensitic reaction has been depicted 
by Scheil.’ Basically, Scheil postulated that: 1—at 
temperatures not too far above M, (where austenite 
is less stable than martensite), a critical resolved 
shear stress (within the elastic range) is required 
to promote the transformation to martensite; 2—at 
and below M,, the austenite lattice becomes me- 
chanically, as well as thermodynamically, unstable 
and shears over spontaneously into martensite with- 
out the application of external stress; and 3—at 
temperatures sufficiently far above M,, the critical 
resolved shear stress for martensite formation in- 
creases to a level above that required for slip, and 
plastic flow then supersedes the transformation 
when external stress is applied. 

Scheil’s concepts were tested by McReynolds* who 
found no change in the elastic moduli (measured 
both statically and dynamically) of 71 pct Fe-29 pct 
Ni alloys in the vicinity of: the M, temperature. 
Since the moduli did not approach zero or become 
negative on cooling to M,, it was concluded that the 
austenite lattice does not become mechanically un- 
stable at M,, as postulated by Scheil. McReynolds 
also reported that M, is not raised by elastic stresses. 
Accordingly, plastic deformation was considered to 
stimulate the transformation by generating mar- 
tensite nuclei in the distorted regions of the parent 
phase. 

The above issues with regard to the role of ap- 
pled stress require clarification, if a basic under- 
standing of the martensitic transformation is to be 
obtained. For example, in the reaction-path the- 
ory,” it is postulated that strain embryos exist 
in the austenite that provide part of the activation 
energy for the nucleation process. These embryos 
are visualized to be regions of localized strain in 
which the atoms in the austenite lattice are dis- 
placed part way along the path to their ultimate 
positions in the martensite. Consequently, it would 
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Fig. 1—Stress vs. plastic strain at temperatures above M,. 
Horizontal discontinuities indicate stress-induced martensitic 
transformation. 20 pct Ni-0.5 pct C steel. 


be predicted that applied stress, even within the 
elastic range, might contribute to the displacement 
in the embryos and thus enable them to achieve the 
critical strain for nucleation at temperatures above 
M,. Furthermore, because of the unique nature of 
the atomic displacements that convert the austenite 
lattice into martensite,” it can be expected that the 
direction, as well as the magnitude, of the applied 
stress should be an important variable in the nu- 
cleation process. This paper describes a number of 
critical experiments that were designed to resolve 
these questions. 
Experimental Details 

An alloy steel containing 20 pct Ni and 0.5 pct C 
was chosen for this investigation because its normal 
martensitic transformation occurs in a convenient 
subzero temperature range, and the extent of iso- 
thermal martensite formation” is negligibly 
small, thereby minimizing any possible complication 
from the time variable during the stress studies. 
The complete analysis was 19.99 pct Ni, 0.52 pct C, 
0.37 pct Mn, 0.47 pct Si, 0.010 pct P, 0.015 pct 8S, 
0.04 pct Cr, balance Fe. 

The specimens were austenitized at 1095°C for 
30 min in a purified nitrogen atmosphere, and 
quenched in oil at 20° to 22°C. They were then 
sealed in evacuated Vycor tubes and stress relieved 
at 480°C for 30 min, followed by furnace cooling to 
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Fig. 2—Stress ys. plastic strain at temperatures above M,. 20 pct 
Ni-0.5 pct C steel. Compare with Fig. 1. 
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room temperature. The structures were completely 
austenitic after the foregoing cycle, the M, tempera- 
ture being about —37°C.* The _ stress-relieving 


*In this alloy, the transformation starts with a burst,?2 and hence 
Ms = Mp». However, there are certain conditions (to be discussed 
later) under which Ms; > Mp. 


treatment was introduced to avoid the superimposi- 
tion of quenching stresses on the applied stresses 
during subsequent cooling. This factor will be dis- 
cussed later. 

Prior to microexamination, the specimens were 
usually tempered at 315°C for 10 sec in order to 
“darken” any martensite that might exist. 

Tensile stresses were applied to austenitized and 
stress-relieved specimens having a gage length of 
2.5 in. and a gage diameter of 0.250 in. The loads 
were increased in small increments, with intermedi- 
ate unloading. The permanent set, if any, was de- 
termined with two electrical resistance strain gages, 
mounted longitudinally on each specimen. For 
simultaneous transformation measurements, the 
changes in electrical resistance of the specimens 
were observed by means of a Kelvin double bridge, 
using potential leads spotwelded near the fillets. 
The loading was carried out at various temperature 
levels, maintained constant to + 0.5°C. The sub- 
atmospheric temperatures were achieved by adding 
powdered CO, to the oil bath in which the specimens 
were immersed during the testing. Other types of 
stress experiments will be described later in the 
paper. 


Martensitic Transformation Under Applied Tensile 
Stress 

The foregoing “load-unload” procedure was ap- 
plied to austenitized and stress-relieved specimens 
of the 20 pct Ni-0.5 pct C steel at temperatures be- 
tween 20° and —25°C. In each instance, stress vs. 
plastic strain (permanent set) was plotted as shown 
in Figs. 1 and 2. The method was capable of de- 
tecting plastic strains down to +2x10°. Plastic 
strains up to 0.012 were studied here. 

The sudden yielding denoted by the horizontal 
lines in Figs. 1 and 2 corresponds to martensite for- 
mation. This was established both by the accom- 
panying decrease in electrical resistance and by 
subsequent microexamination. At temperatures in 
the vicinity of —15° to —25°C, sharp clicks could be 
heard as rather large amounts of martensite formed 
in bursts, even though these temperatures were 
definitely above the martensite range for the un- 
stressed material. 

No transformation was detected in the specimens 
strained at 20°C and there was only a slight trace 
at 0°C; in these cases, the electrical resistance in- 
creased progressively with the plastic deformation. 
However, at —15°C and below, appreciable quan- 


tities of martensite were produced during the tests, - 


and (for a given permanent set) increased with de- 
creasing temperature. This trend is illustrated by 
the data in Table I. 

Even more significant is the fact that the inception 
of the transformation was induced at temperatures 
above M, or M, by tensile stresses well within the 
elastic range. For example, at 20°C the elastic limit 
(corresponding to a permanent set of 2x10°) was 
about 17,000 psi and it would be expected to be at 
least as high at —25°C. However, at the latter tem- 
perature, the transformation was triggered by a 
tensile stress of only 1000 psi. It may be concluded 
that the M, (and M,) temperature can be raised by 
elastic tensile stresses. 
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From the results of these experiments, the yield- 
ing by martensite formation and plastic flow by slip 
may be regarded as two competitive deformation 
mechanisms, While it is likely that either may affect 
the other, neither one is necessary for the other, and 
the martensitic transformation sets in before the 
slip process if the tensile stress is applied at tem- 
peratures not too far above M,. The onset of the 
transformation due to tensile stresses within the 
elastic range results in a “premature” yielding, and 
therefore the material may have an abnormally low 
yield strength. However, it is evident from Fig. 2 
that the formation of martensite under stress pro- 
duces more effective “strain hardening” (cf. curves 
for —15° and —20°C) than does the ordinary slip 
mechanism (cf. curves for 20° to 0°C), and hence 
relatively high tensile strengths may be encountered 
despite the low yield strengths. 

It was observed that the austenite twin bound- 
aries are sometimes preferred regions for the nu- 
cleation of martensite under the application of 
stress. As shown in Fig. 3, the initial martensitic 
plates were nucleated in pairs, like chevrons, ex- 
tending more or less symmetrically into both the 
twin and the mother crystal. This phenomenon is 
readily explained in terms of the transformation 
strain analysis of Machlin.* The cooperative atomic 
displacements involved in the formation of a mar- 
tensite plate require considerable movement in the 
surrounding austenite, and the associated strain en- 
ergy contributes materially to the energy of nucle- 
ation. However, since the twin boundary is a mirror 
image of the lattice on either side, the formation of 
a pair of plates reduces the strain energy require- 
ments because both plates tend to move the inter- 
vening austenite in about the same direction. Under 
these conditions, the twin boundaries should be 
favored sites for nucleation, provided that the plates 
form cooperatively in pairs. In the specimen repre- 
sented by Fig. 3, only a minute amount of trans- 
formation occurred at 0°C on plastically straining 
to 0.012 in. per in., but most of it took place along 
twin planes in the form of double plates. At the 
lower straining temperatures where substantial 
quantities of martensite appeared, the plates had a 
more conventional distribution. 


Martensitic Transformation Under Bending Stress 

Because of the shear-like nature of the marten- 
sitic reactions along the habit plane, it might be 
assumed that the stimulating effect of elastic tensile 
stress is caused solely by the resolved shear com- 
ponent of the applied stress. If this were the case, 
uniaxial compressive stress should produce similar 
results. A simple bending experiment will suffice 
to prove that such a shear criterion for the activa- 
tion of the transformation by stress is invalid. 

A %x%%x4 in. bar of the 20 pct Ni-0.5 pct C steel 


Table |. Extent of Transformation as a Function of Tensile-Test 
Temperature 


Pct Martensite 


Temperature of Formed (For Plastic 


Tensile Strain of 
Test, °C Approximately 0.012) 
20 0 
0 Trace 
—15 0.5 
—20 12.3 
—25 26.0 
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Fig. 3—Martensitic chevrons lying along twin boundaries of 20 pct 

Ni-0.5 pct C steel after plastically straining at 0°C. Tempered at 

315°C for 10 sec. Etched with 4 pct nital and 1 pct zephiran 
chloride. X500. 


was austenitized and stress relieved in the usual 
way. It was then loaded in uniform bending at 20°C 
to a maximum fiber stress of 14,000 psi, this being 
below the elastic limit of the material at room tem- 
perature. While loaded in this way, the specimen was 
slowly cooled until a burst of transformation oc- 
curred. The temperature at that instant was 
—21.9°C, which was well above the M, = M, for the 
unstressed material. The specimen was immediately 
heated to room temperature, unloaded, and tem- 
pered to “darken” the martensite. 

Metallographic examination revealed (Fig. 4) 
that the transformation had taken place in the part 
of the specimen subjected to tensile stress, whereas 
no transformation was observed in the part under 
compressive stress. Also, the neutral axis of the 
bent bar had shifted toward the compressive side, 
presumably because of the yielding on the tensile 
side due to the transformation there. 


Fig. 4—Longitudinal (vertical) section through bar of 20 pct Ni-0.5 

pet C steel cooled to Ms temperature while subjected to elastic 

bending. Top is compression side, bottom is tension side. Tempered 

at 315°C for 10 sec. Etched with 4 pct nital and 1 pct zephiran 
chloride. X8. 


JUNE 1952, JOURNAL OF METALS—663 


* 
a 
: 


50 T T T T T T T 

© AS QUENCHED 

o STRESS RELIEVED 

20% Ni, O.5%C STEEL | 


PERCENT MARTENSITE 


1 i i H 
-46 -42 -30 -26 -18 
(Mp) BURST TEMPERATURE °C 
Fig. 5—Percent martensite formed during the burst 
ys. My temperature. 


These findings demonstrate not only that elastic 
tensile stresses promote the transformation, but 
also that elastic compressive stresses do not act in 
a corresponding manner. Inasmuch as the shear 
stress on geometrically similar planes is the same in 
both the tensile and compressive regions of the bent 
specimen, then it must be the sign of the normal 
stress that is responsible for the striking difference 
in transformation behavior. Thus, it is now clear 
that, although the component of shear stress along 
a habit plane undoubtedly plays an important part 
in the activation process, the component of stress 
normal to this plane is likewise important. By the 
same token, a critical resolved shear stress or shear 
strain or shear-strain energy cannot provide a suit- 
able criterion for the initiation of the transformation, 
because the contributions of the magnitude and di- 
rection of the normal stresses are thereby neglected. 


Effect of Residual Stresses on Transformation 

It is evident from the results presented thus far 
that residual stresses may influence the transforma- 
tion and, in fact, this was the reason for stress re- 
lieving the austenitic specimens prior to the applied 
stress studies. The role of residual stresses may be 
illustrated in the following way: Two series of 4 
in. diam x ¥% in. long specimens were austenitized, 
one series was then stress relieved at 480°C for 30 
min and the other was not. On subsequent cooling, 
the stress-relieved specimens were found to have 
M, temperatures between —34° and —40°C (av- 
erage —37°C), while the specimens without stress 
relief had M, temperatures between —20° and 
—30°C (average —26°C). Furthermore, the amount 
of transformation occurring during the burst de- 
creased with increasing M, temperature. This cor- 
relation was the same for both series of specimens 
as shown in Fig. 5. 

In the nonstress-relieved series, it was found that 
the quantity of martensite formed during the burst 
varied markedly across the section. The specimen 
with the highest M, at —20°C was entirely austenitic 
around the rim, the transformation being confined 
to the central portion. Fig. 6 shows the austenitic 
rim on a transverse section, with some of the mar- 
tensite formed toward the interior of the specimen. 
The other samples in this series with lower M, tem- 
peratures had progressively less of this rim effect, 
and the stress-relieved specimens contained a rela- 
tively uniform amount of transformation across the 
section, as in Fig. 7a. 

These results are attributable directly to the 
residual stresses in the austenitized steel. The 
quenching from the austenitizing temperature puts 
the specimens into a state of tension in the interior 
and a state of compression near the surface. As in 
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the case of the bending experiments, the transfor- 
mation takes place “prematurely” in the regions 
sustaining tensile stresses, but not in those sustain- 
ing compressive stresses. The higher the residual 
tensile stress in the core of the specimen, the sooner 
does the burst occur on cooling and the more re- 
stricted it becomes. With little or no residual stress 
present, the M, temperature is lower and the burst 
takes place more uniformly throughout the speci- 
men. 

On the basis of this reasoning, it may be pre- 
dicted that the completely austenitic rim remaining 
after the burst in a nonstress-relieved specimen, 
such as that of Fig. 6, should undergo transforma- 
ticn on cooling below the M, temperature, since the 
martensite formed in the core causes an expansion 
there which reduces the tensile stresses in the core 
as well as the compressive stresses in the rim. This 
was confirmed: on cooling some 10° to 15°C below 
M,, the transformation became fairly uniform across 
the transverse section of the specimen. 

To show the effect of the superimposition of re- 
sidual and applied stresses, a % in. diam x 2% in. 
rod was water quenched from the austenitizing tem- 
perature, placed in elastic bending along the central 
portion, and then cooled until a burst of transforma- 
tion was noted by electrical resistance measure- 
ments. After tempering the specimen to “darken” 
the martensite, cross-sections were examined metal- 
lographically in regions subjected to the bending 
and in regions external to the bending clamp. Fig. 
7b illustrates the latter situation, with a symmetri- 
cal core of transformation corresponding to the state 
of high tension in the interior produced by the water 


Fig. 6—Martensite formation in 20 pct Ni-0.5 pct C steel austeni- 

tized at 1095°C, quenched to room temperature, and subcooled to 

M» (—20.1°C). Tempered at 315°C for 10 sec. Etched with 4 pct 

nital and 1 pct zephiran chloride. Note completely austenitic rim. 

Bottom of picture shows martensitic plates formed toward the in- 
terior of the specimen. X100. 
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quenching. Fig. 7c shows how the core of trans- 
formation was changed in shape and shifted to the 
side of the specimen where the bending moment had 
added tensile components to counterbalance the re- 
sidual compressive stresses in the rim. 


Criterion for Effectiveness of Applied Elastic Stress 

It has been demonstrated that a proper criterion 
for the initiation of the transformation by applied 
elastic stress must take into account the normal, as 
well as the shear, components. A feasible approach 
to the problem is derived from the nature of the 
transformation strains. The generation of a mar- 
tensitic plate involves two displacements,” the first 
being a homogeneous strain that can be described 
as the motion of planes of no rotation and no dis- 
tortion lying parallel to the habit plane. The direc- 
tion of atom motion does not lie in this plane; hence 
the displacement is not one of simple shear. It may 
be assumed that this first strain is the primary dis- 
placement that occurs during the nucleation process. 
The second strain, which finally yields the marten- 
sitic structure, is homogeneous only over small re- 
gions compared to the volume of the plate, and will 
be regarded as playing no significant role in the 
activation phenomenon. The planes of no rotation 
and no distortion during the first strain slide past 
one another, corresponding to a shear strain of about 
0.2; but they also move apart, corresponding to a 
normal (dilatation) strain of about 0.05.* Thus, the 


* These measurements were made on a 70 pct Fe-30 pct Ni alloy, 
having a {259} habit,18 and are assumed to apply to the alloy under 
study here. Both alloys transform in approximately the same range 
of subzero temperatures and both exhibit burst phenomena. 


effectiveness of an applied stress should depend 
upon its ability to produce both shear and normal 
strains of the correct magnitude with respect to a 
potential habit orientation. Moreover, a normal com- 
pressive component will oppose the dilatation strain 
of the transformation, whereas a normal tensile 
component will aid it.+ According to this concept 


+ The sign of the shear component is of little consequence, since 
the many habit orientations virtually permit shearing in either 
direction. 


the results of uniaxial tension and of uniaxial com- 
pression are expected to be quite different. 

The foregoing combined strain criterion can be 
treated quantitatively through the use of a Mohr 
two-dimensional strain circle.” Because of the sym- 
metry involved only plane strains need be con- 
sidered and the strain circles are representative of 
any longitudinal plane passing through the tension 
or compression axis.t In this method of depicting 


+ The plane strains are visualized to act on a potential habit plane 
whose normal lies in the plane of the strain circle. Thus the latter 
plane is perpendicular to the potential habit plane, and also con- 
tains the direction of atom motion during the first transformation 
strain. 


plane strains, the principal strains (« and «) are 
plotted along the x-axis from a common origin (Fig. 


8) and a circle is constructed of radius op 
with e, taken as the larger strain in the positive 
direction. The circle passes through e¢, and e, and has 


+ 


its center at Letting » = Poisson’s ratio, 


then «, = —ve, where «, is the principal (positive) 
strain parallel to the tension axis and «, is the princi- 
pal (negative) strain perpendicular to the tension 
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Fig. 7—Martensite formation in 20 pct Ni-0.5 pct C steel austeni- 

tized at 1095°C then treated as indicated. Finally tempered at 

315°C for 10 sec and etched with 4 pct nital and 1 pct zephiran 
chloride. X10. 


a—(top)—Oil quenched from austenitizing temperature, stress 
relieved at 480°C, and subcooled to My (—37°C). Note relatively 
uniform distribution of martensite across the transverse section. 


b—(center)—Water quenched from austenitizing temperature and 
subcooled to Mv (—20°C). Note completely austenitic rim with 
transformation confined to the central portion of the section. 


c—(bottom)—As in b, but with elastic bending moment superim- 

posed on quenching stresses during the subcooling to My (—20°C). 

Note the shift of the transformed region toward the tension side 
(bottom of picture) of the applied bending moment. 
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(b) Corresponding to ao uniaxial compressive stress 


Fig. 8—Two dimensional Mohr strain circle depicting 
normal and shear strains as a function of orientation. 


axis. Similarly for uniaxial compression, 4 = — ve, 
where e, is the principal (negative) strain parallel 
to the compression axis, and «, is the principal (posi- 
tive) strain perpendicular to the compression axis. 
These two cases are illustrated in Fig. 8a and b. 

A point on the strain circle lying at a radial angle 
2a from the x-axis corresponds to a plane whose 
normal makes an angle a with the e, direction. It can 
be shown that abscissa of such a point denotes the 
normal strain (e«) sustained by the plane in question 
and the ordinate of the point denotes one-half the 


shear strain i) sustained by this plane. The 


mathematical relationship is: 


which is the equation of the strain circle. Because 
of the random orientation of the potential habit 
planes and the symmetry of the applied strain 
system about the specimen axis,§ it is only necessary 


§ Also see the second (+) note on p. 665. 


to consider orientations of a between 0 and 90°; this 
corresponds to points lying along the semicircle 
ABC in Fig. 8. Between A and B, « and y are positive 
and the orientations are such that transformation is 
aided by the acting strains. On the other hand, be- 
tween B and C, e is negative and these particular 
orientations sustain normal compressive strains that 
oppose the dilatation component of the transforma- 
tion strain. 

From a comparison of Fig. 8a and b, it is evident 
that arc AB (tension case) is greater than arc AB 
(compressive case), and hence there should be many 
more favorable orientations for transformation 
under uniaxial tension than under uniaxial com- 
pression. Yet even in the latter case, the surprising 
conclusion is reached that there should be some 
orientations that are aided by the uniaxial compres- 
sion. (Actually, this results from the normal strains 
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of opposite sign in the lateral direction due to 
Poisson’s ratio.) However, since most of the orien- 
tations in this instance sustain normal compressive 
strains, a chain of reaction would tend to be in- 
hibited, and M, should be lowered even though M, 
may be raised by the applied compressive stress. 
Thus, while M, = — 37°C = M, for the unstressed 
alloy, it is predicted that M, > — 37°C > M, for the 
uniaxially compressed alloy. Of course, under uni- 
axial tension both M, and M, should be raised ac- 
cording to the proposed criterion and this has been 
demonstrated already (Figs. 1 and 2). 

To test the above prediction, austenitized and 
stress-relieved specimens were elastically loaded at 
room temperature, and electrical resistance changes 
were measured during subcooling with the speci- 
mens under constant stress. Uniaxial compression of 
15,000 psi was applied in one run, and uniaxial ten- 
sion of the same magnitude was applied in another. 
Unloaded specimens were also checked for compara- 
tive purposes. The resulting curves in Fig. 9 show 
that M, and M, were raised by 17°C in the tension 
experiment, while in the compression run, M, was 
raised by 10°C and M, was lowered by 6°C. 

The relative effectiveness of uniaxial tension and 
compression in inducing the transformation can be 
calculated. Granting that the critical combined 
strain can be defined by a shear component y, and a 
normal component e,, eq 1 yields for uniaxial ten- 
sion: 


Vv 


and for uniaxial compression: 


Vv 


It is then assumed that the critical components y, 
and e, stand in about the same ratio as the observed 
shear and normal components (0.2 and 0.05) of the 


FRACTIONAL DECREASE IN ELECTRICAL RESISTIVITY x 10° 
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Fig. 9—Fractional decrease in electrical resistivity ys. tem- 

perature for specimen of 20 pct Ni-0.5 pct C steel cooled 

(a) without applied stress, (b) with uniaxial tensile stress 

of 15,000 psi, and (c) with uniaxial compressive stress of 
15,000 psi. 
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a—Subcooled to —45°C with outer rim under triaxial compressive 
stress. Note lack of transformation there. 


b—Recooled to —45°C without applied stress. Note relative uni- 
formity of the transformation across the section. 


Fig. 10—Martensite formation in 20 pct Ni-0.5 pct C steel austenitized at 1095°C, water quenched to room temperature, and subcooled 
as indicated. Finally tempered at 315°C for 10 sec and etched in 4 pct nital and 1 pct zephiran chloride. X10. 


first transformation strain.“ Substituting in eqs 2 
and 3 and letting »v = 0.3, it follows that: 


«, (compression) = — 1.8 e, (tension) [4] 


This indicates that the uniaxial stress in compression 
required to initiate the transformation under a given 
set of conditions is 1.8 times the uniaxial stress in 
tension required to initiate the transformation under 
the same conditions. 

A direct experiment to test this calculation has not 
yet been made, but the fact that the raising of M, by 
15,000 psi tension is 1.7 times the raising achieved 
by 15,000 psi compression suggests that the theory 
stands a good chance of being quantitatively correct. 
It would also give strong support to the reaction- 
path concept which provides the basis for the 


Yo 4 
assumption that = oe: 
Eo 


Experiments with Triaxial and Hydrostatic Compressive 
Stresses 

The positive normal strains that exist in a uni- 
axially compressed specimen because of Poisson’s 
ratio are eliminated in case of triaxial and hydro- 
static compression. Furthermore, in the latter case, 
the shear components are also avoided. Therefore, 
the combined strain criterion indicates that both M, 
and M, should be lowered by triaxial and hydro- 
static compression. 

A 0.34 in. diam x 3 in. long specimen was austeni- 
tized and water quenched. Without being stress re- 
lieved, the specimen was copper plated and pressed 
into a central hole in an aluminum block, 2 in. OD 
x 1 in. long. The specimen was then loaded in uni- 
axial compression to an elastic stress of 15,000 psi 
and cooled slowly below room temperature. It was 
known from the experiments on residual stresses 
that the transformation would start in the core of 
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the specimen due to the tensile stress there. This 
was found to occur as a burst at —31°C. (It is evi- 
dent that the applied compressive stress partly 
cancelled the residual tension in the core and there- 
fore the transformation set in at a lower temperature 
than if the compressive load had not been applied. 
Without such loading, the water-quenched specimen 
would start to transform in the core at about 
— 26°C.) The aluminum has about the same thermal 
coefficient of contraction as the austenitic alloy, and 
hence it resisted the expansion due to the trans- 
formation in the core at —31°C. This generated com- 
pressive stresses transverse to the specimen axis 
(estimated to be comparable to the elastic limit) and 
the applied axial compression completed the state of 
triaxial compression. The lateral constraint pro- 
vided by the aluminum block was definitely opera- 
tive, as indicated by the fact that the applied axial 
stress jumped from 15,000 to 16,000 psi simul- 
taneously with the burst.. However, the applied load 
was quickly reduced to the original value in the 
testing machine before further cooling. 

The specimen, triaxially compressed as described, 
was cooled to — 45°C, held there for 5 min, returned 
to room temperature, and unloaded. The aluminum 
block was removed, and a portion of the specimen 
that had been surrounded by the block was tempered 
at 315°C to “darken” the martensite. From Fig. 10a, 
it can be seen that the core of the rod had undergone 
transformation, corresponding to the burst at 


.— 31°C, but the rim was austenitic even after the 


cooling to — 45°C. The small amount of transforma- 
tion visible near the edge of the specimen was un- 
doubtedly an extraneous effect of the superficial dis- 
tortion that occurred when the rod was forced into 
the aluminum block. When the same specimen was 
recooled to — 45°C, under no external stress, the 
martensitic transformation took place in the pre- 
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viously untransformed rim, as shown in Fig. 10b. 
This experiment demonstrates that M, and M, can 
be depressed by triaxial compressive stresses. 

Through the courtesy of Professor P. Bridgman 
at Harvard University, a few runs were carried out 
under hydrostatic pressure. With austenitized and 
stress-relieved specimens, the burst temperature was 
lowered from the customary —37°C to about —78°C 
by a pressure between 2000 and 4000 atm. The M, 
temperature was also lowered by the hydrostatic 
pressure, but the extent was not determined with 
certainty. Further experiments along these lines are 
underway. 


Summary 


The formation of martensite in a 20 pct Ni-0.5 pct 
C steel under the application of stress has been 
studied as a function of the temperature of loading 
and the state of stress. The principal results may be 
summarized as follows: 

1—The martensitic transformation can be initiated 
by elastic stresses at temperatures above M,. Hence 
the role of applied stress is not merely one of pro- 
ducing nuclei by plastic deformation. 

2—It is suggested that the role of applied stress at 
temperatures just above M, is to supply critical 
strains to existing embryos. This makes it unneces- 
sary to adopt the assumption that the austenite 
lattice becomes mechanically unstable at M,. 

3—The normal strain acting on a potential habit 
plane has an important effect on the nucleation 
process, and therefore a critical resolved shear stress 
or strain cannot be regarded as a valid criterion for 
inducing the transformation. 

4—-Shear strains and positive (tensile) normal 
strains acting on a potential habit plane promote 
the transformation, but negative (compressive) nor- 
mal strains oppose it. Hence, strain energy, being 


independent of the sign of the normal strain, cannot 


provide a suitable criterion for the transformation. 

5—Based on the reaction-path theory, a combined 
strain criterion is presented, which takes into ac- 
count the shear and dilatation components of the 
atomic displacements during the transformation, and 
which is consistent with the following observations: 


a—M, and M, are raised by uniaxial tension. 

b—M, is raised, but M, is lowered, by uniaxial 
compression. 

c—M, and M, are lowered by triaxial and 
hydrostatic compression. 


6—Applied and residual stresses appear to be 
additive in their effect on the transformation. 

7—Yielding by slip or by the stress-induced trans- 
formation may be considered as competitive de- 
formation processes. Either may precede the other, 
and either may influence the other. 
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Physical Conditions in the Combustion and Smelting Zones Of 
A Blast Furnace 


by J. F. Elliott, R. A. Buchanan, and J. B. Wagstaff 


High speed photography through blast-furnace tuyeres showed 
coke particles moving rapidly. Model studies showed a raceway 
was formed and gave quantitative results which were correlated 
with actual blast furnaces. Another study showed the similarity 
between hanging and the flooding of a packed column. This was 

explored by models. 


HE combustion zone before the tuyere in an iron 

blast furnace is a vital region because here are 
generated: 1—most of the gases on which the fur- 
nace depends to carry out its basic operation of re- 
ducing iron ore to the metallic state, and 2—the 
major fraction of the heat required in the nearby 
regions of the furnace for the various reduction re- 
actions, the fusion of the slag, and the melting of 
the iron. Since the greater part of the coke is con- 
sumed in this region, the descent of the burden must 
be greatly affected by the characteristics of the 
tuyere zone. This region then would seem to be 
a profitable field for study. 

Fortunately, a view into this important zone is 
available to the operator through the tuyere peep 
sight. Here he sees relatively dark pieces of coke 
“dancing” in the blast. What he sees is of consid- 
erable help in interpreting the behavior of the fur- 
nace at a given time but the very rapidly moving 
particles and the intense radiation obscures what 
is happening very deep in the zone. | 

This investigation was initiated in the hope that 
a better understanding of the combustion region 
could be obtained by using a high speed camera 
with a maximum speed of 3000 frames per sec. 
It seemed the best practical method of ‘slowing 
down” this characteristically violent action within 
the highly luminous field. Model studies and tuyere 
probing also have been used to aid in explaining 
the observed phenomena. 

Above the combustion zone, but below the fusion 
zone, there is probably a region in which the coke 
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is comparatively stationary. Here are zones in which 
the gases must flow up through the granular bed 
counter to descending liquid slag and metal. There 
is no easy way to observe this zone in a blast fur- 
nace, but model studies have been of some help in 
explaining the nature of the zone and the laws gov- 
erning the flow of the fluids involved. 

The whole problem is difficult and involved and 
any approach to a complete solution may require 
long investigation. This preliminary report has been 
written, therefore, because it is believed that ap- 
preciable progress has already been made that would 
be of interest to others. 


Tuyere Studies, Chemistry and Kinetics 
It is well known from the early work of Kinney 
and coworkers”* that combustion of carbon before 
the tuyeres appears to occur in two zones: 


Zone A: C + — CO;; AH yer = 
— 14,108 Btu per lb of carbon [1] 


Zone B: CO, + C = 2CO; AHwer = 
+ 6,183 Btu per lb of carbon [2] 


Zone A (Fig. 1) is close to the tip of the tuyere and 
zone B is somewhat farther back; there being a 
transition region in which both reactions occur. It 
is interesting to estimate the rate at which coke is 
burned before a tuyere with a wind rate of 90,000 
cfm in a modern furnace having 18 tuyeres. Ap- 
proximately 0.55 lb of carbon is consumed by eq 1 
per tuyere per sec. A like amount disappears by 
eq 2 for a total consumption of 1.11 lb per sec per 
tuyere. Assuming the coke is 85 pct C and has a 
bulk density of 30 lb per cu ft, this figure can be 
converted to a total of 1.30 lb of coke with a bulk 
volume of 0.043 cu ft disappearing per sec per 
tuyere. 

At the temperatures prevailing in the combustion 
zone (according to Kozlovich,* the maximum is 
about 3400°F), the rate at which carbon is con- 
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Fig. 1—Combustion zones as found by Kinney.” 


sumed is probably controlled by gaseous diffusion 
rates, relative air velocity past the particles, and 
surface exposed (particle size). Chemical consid- 
erations such as fuel reactivity and reaction rates 
probably are of secondary importance. In general, 
at temperatures prevailing in the blast furnace, Tu, 
Davis, and Hottel* found that the rate of combustion 
of carbon in air is roughly proportional to the abso- 
lute temperature. It is sufficient to note here that 
in the combustion zone the rate at which carbon in 
the coke is consumed is strictly a function of the 
rate at which oxygen is supplied, and the size of 
the combustion zone is controlled by the physical 
forces involved. The present study is primarily an 
effort to determine certain physical characteristics 
of this zone and of the melting zone immediately 
above it. The chemical factors have been neglected 
except insofar as they affect the temperatures and 
volume of the materials. 


Experimental Work, Tuyere Studies 

High Speed Pictures: A series of high speed color 
motion pictures have been taken through the tuyeres 
of a number of blast furnaces. The speeds run be- 
tween 800 and 3000 frames per sec, which give a 
time magnification range of 50/1 to 188/1 in the 
scene viewed. The camera is sighted axially through 
the tuyere opening using a special. peep sight fitted 
with a silica glass. The camera used was a 16-mm 
Kodak high speed camera and the film Kodachrome 
type A. 


Although there have been several showings of a 
group of these films, a general summary of what 
the camera sees may be useful. The film shows a 
procession of angular particles dropping down into 
the air jet of the tuyere. As the jet impinges on 
them, they are flung violently to the rear of the 
region viewed. This region is rather congested with 
these particles, all of which are moving away from 
the camera. The small particles appear to travel at 
a relatively high speed and the larger particles move 
considerably more slowly. The time in the air jet 
ranges from approximately 0.1 sec for 2% in. par- 
ticles down to about 0.01 sec for % in. particles. So 
that the rate of burning of coke (0.043 cu ft per 
sec = 74 cu in. per sec) is small compared with the 
quantity of coke moving in front of the tuyere. 

The brightness of the particles seen on Kodak 
color film shade from an apparent black to almost 
white and careful observation has shown no ap- 
parent change in the brightness of a particle in its 
journey through the blast. Brightness is seemingly 
randomly distributed with regard to size. This bright- 
ness of a particle is probably due principally. to its 
temperature, the brighter ones simply being hotter. 

Identification of most of the particles seen in the 
films was obtained by photographing a furnace 
while filled with a coke blank and comparing the 
field observed with a furnace normally burdened. 
For this comparison, pictures were obtained at plant 
A on Nov. 14, 1949, after the furnace had been on 
wind for less than 5 hr after a prolonged bank. Six 
of the 16 tuyeres were open and the blast through 
the tuyere examined was approximately 33 pct 
above the normal operating rate. It was almost cer- 
tain that in this test only coke was in front of the 
tuyeres. Fig. 2 compares frames from the high speed 
movies taken under normal operation and under 
this unusual condition. It is realized that neither of 
these “still pictures’ adequately represents the 
movie film; only a view of the actual film is con- 
vincing. However, an approximate idea of the sim- 
ilarity of the two films can be obtained. Both films 
show rough, angular particles and there is the 
rather rare occurrence of dark, frangible particles. 
With virtually no difference in the appearance of 
the banked and normal furnaces, it is concluded that 
the majority of particles at the tuyere zone are 
pieces of coke. It is probable that the frangible 
material consists of partially reduced ore or slag- 
forming materials. 


a—Through tuyere on furnace in normal operation. 


b—On furnace with coke blank. 


Fig. 2—Stills from high speed movie. 
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The films also tend to show a higher incidence of 
massive lumps at the tuyere zone in an irregularly 
working furnace than in one moving smoothly. These 
sometimes burst under the impact of the jet and 
spew forth bits of coke and ore. The dark coloring 
indicates a relatively low temperature within the 
lump. One explanation is that during irregular 
operation there is a greater chance for a small poc- 
ket of coke and ore to be walled off by partially 
solidified slag. Then this lump may be thrust by a 
slip into the combustion zone before being smelted. 
Sometimes these larger pieces fail to break up when 
they enter the raceway; they seem to be too big to 
be blown round, so they settle to the bottom of the 
visible region and slowly melt away. Careful exam- 
ination of pictures of such lumps suggests that they 
are agglomerates formed within the furnace. 

In viewing the films, the observer has the impres- 
sion that the coke particles are moving backward 
into a rather large void. There is also the vague 
impression that just within view behind the moving 
particles is a highly luminous wall. With no depth 
index, it is impossible to judge the size of this void 
or the distance to the wall. Close observation shows 
that there is a general tendency for particles in 
motion to rise slightly as they are blown rearward 
and some of the larger ones even roll upward as 
though being pushed up an inclined plane. This last 
effect, coupled with the fact that some of the coke 
particles dropping in front of the tuyeres are very 
bright, leads to the postulation that circulation of 
coke is about a vertical circle with the jet roughly 
tangent to the lower edge, as shown in Fig. 3. 

Model Performance: There seems to be no ready 
means for observing a vertical cross-section of the 
combustion zone of a furnace in the plane of the 
tuyere axis. Therefore, a model (Fig. 4) was con- 
structed to simulate this view of the furnace. It con- 
sisted of two parallel plates of glass 30 in. sq, which 
were held in a vertical position 4 in. apart by a 
wooden frame around the two sides and bottom. A 
tuyere, 1.17 in. in diam, was positioned at one edge 
of the model so that the axis of the emergent jet 
was on the midplane between the two glass plates. 
The tuyere could be located either 6 or 12 in. from 
the bottom of the model and its axis was 2° from 
horizontal. By filling the model with a bed of gran- 
ular solids and blowing a jet of air from the tuyere 
into the bed, the behavior of the particles could be 
observed through the glass plates. 

Considerable thought was given to the best way 
to make a model to reproduce blast-furnace condi- 
tions. At first, it seemed that all dimensions should 
be scaled down proportionately and the Reynolds 
number of the jet maintained the same. Unfortu- 
nately, this results in extremely high velocities ap- 
proaching that of sound when the size of the tuyere 
is reduced to “laboratory” proportions. It therefore 
seemed advisable to maintain the particle size about 
the same and use suitable velocities to attempt to 
keep the Reynolds number of the air flow around 
the particle constant. It was then necessary to accept 


Table |. Oak Particles in Slice-Model Bed 


Percentage Particle Shape Factor, 
by Size and Long Side: 
Number Shape Short Side 
90 34 in. cubes aleal 
10 34 x %x1% in. 21 


right prisms 
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HIGH SPEED RACEWAY 


CAMERA 
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Fig. 3—Vertical section showing mechanically active zone before 
tuyere. 


a major difference in the ratio of particle to jet 
diameter. It seemed reasonable to expect that, at 
least qualitatively, the particles should behave sim- 
ilarly whether the jet to particle diameter was 1:1 
or 6:1. For the short time that a particle of coke re- 
mains in the tuyere jet, it appears that the forces 
on it because of the jet predominate as compared 
with gravitational forces. 

Although the problem of similarity would have 
been simplified by the use of a bed of coke, this was 
not feasible experimentally, chiefly because of photo- 
graphic limitations. Instead a bed of oak blocks was 
used, as described in Table I, to conform approxi- 
mately with the size of coke appearing in the fur- 
nace combustion zone. The oak had a density of ap- 
proximately 57 lb per cu ft and the bulk density of 
the particles poured slowly into a container was ap- 
proximately 30 lb per cu ft. In these respects, the 
bed of oak blocks was similar to a bed of coke lumps. 

Fig. 5 shows the model filled and ready for a run. 
The behavior of the bed is recorded by camera and 
the flowmeters and gages are positioned so that 
they also can be recorded. A grid of l-in. squares on 
transparent film is attached to the viewing window 
for a frame of reference. Below a certain flow rate, 
the particles of oak do not move. As the air rate is 
increased, a critical point is passed and the particles 
begin to teeter on their corners and edges. A slightly 
higher rate sets the particles in a turbulent motion 
and with still higher rates a void is formed that is 
roughly circular in cross-section with the jet tan- 
gent to the lower edge. Around the outer edge of 
the void is a raceway of high-speed particles (Fig. 


GRILL FOR 
AIR EXIT 


WOOD SUPPORTING 
P FRAME 
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Fig. 4—Simplified sketch of slice model. 
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Fig. 6—Model in operation. 


6). These particles are caught in the jet and are 
carried backward and upward as the jet is deflected 
upward by the solidly packed bed about the active 
zone. They work their way across the roof of the 
zone where the air escapes and then descend along 
the wall to re-enter the jet. The raceway is con- 
tinually exchanging particles with the surrounding 
bed. 

Air escapes from the zone upward through an 
area that is as long as the full penetration of the air 
jet into the bed and is the full width of the model. 
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As the air flow increases, the jet readily increases 
the diameter of the circulating zone by eating into 
the solidly packed bed. Above the minimum flow 
rate at which a full raceway forms, the zone -sta- 
bilizes quickly at a given flow rate and is repro- 
ducible. 

It is recognized that this model does not precisely 
represent the furnace combustion zone because it is 
substantially two-dimensional instead of three. In 
addition, there is no attempt to evaluate the effect 
of combustion on the gas volume and velocity in the 
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Fig. 5— 
g Model ready for run. 
28 SON 


real furnace. However, many points of similarity 
exist between the high speed pictures taken down 
the tuyere of a blast furnace and those taken of the 
model. It therefore appears that circulation of coke 
about a sizable void must occur before the tuyeres 


in a blast furnace with a wind rate above a certain 
minimum. 


Circulating Zone in Furnace: With the presence 
of a raceway and a void before the furnace tuyere 
demonstrated, the question arises as to its size. Some 
indication is given by Sweetser® (and by many other 
furnacemen who have probed tuyeres), who de- 
scribes the rod test and quotes Ora E. Clark as find- 
ing that the distance that a rod could be easily 
pushed into a furnace varied from about 4 ft just 
before cast to 7 ft 9 in. just after. Within the past 
two years, furnaces have been probed with a water- 
cooled rod as a part of this study. An interesting 
feature of the probing is that the rod tends to sag 
of its own weight when resting free in the combus- 
tion zone, but as it is pushed farther back and strikes 
stationary solid material, the end is deflected up- 
ward as though it were sliding up an inclined plane. 
The results of the probing indicate that the raceway 
before the tuyeres in modern large furnaces at full 
wind is approximately 40 in. in diam. 


Correlation of Raceway Size: In order to corre- 
late the size of the raceway with the air flow through 
the jet, two lines of argument seem reasonable, .one 
based on conservation of energy and the other on 
conservation of momentum. In the first, the kinetic 
energy of the jet is considered to be dissipated, since 
the gases leave the raceway comparatively slowly. 
This gives a correlation of raceway diameter against 
the rate of expenditure of kinetic energy (power 
dissipation) in the jet. That is to say, 


where: P is the raceway diameter; M, the mass of 
air entering in time t; V, the linear velocity of jet; 
and f indicates a function. 

On this basis, Fig. 7 has been drawn up showing 
the effect of kinetic energy of the blast on the dia- 
meter of the raceway. Three independent types of 
information have been included: 1—measurements 
on a model, 2—data obtained by probing actual blast 
furnaces, 3—information taken from published anal- 
yses of gas in blast furnaces. 

Discussing first the data from the model, the mass 
air flow was obtained from an orifice plate flow- 
meter and the air velocity at the end of the tuyere 
was computed from the mass flow, air temperature, 
and static pressure just within the nose of the tuyere. 
It was assumed that the static pressure in the race- 
way was equal to that in the tuyere and that the 
kinetic energy of the gas leaving the raceway was 
small as compared with the kinetic energy of the 
tuyere jet. The data are consistent and reproducible 
to within approximately 1 in. of penetration. The 
band is narrow except at low flow rates where the 
penetration was small and difficult to measure accu- 
rately. Three tuyeres were used, all of which had 
the same nozzle area, that of a 1.17 in. diam circle— 
a straight tuyere, an elliptical tuyere, and a 22 
angle-flow circular tuyere, which could be posi- 
tioned downward or upward. These were designed 
to simulate the principal types of tuyeres in common 
usage. The elliptical tuyere yielded points within 
the band for straight round tuyeres but the 22° 
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Fig. 7—Raceway correlation based on kinetic energy of blast. 


angle-flow tuyere showed slightly less penetration. 
Air flow in the 1.17 in. diam tuyere varied between 
0.1 to 0.6 lb per sec and the air temperature between 
60° and 170°F. The variation in air temperature was 
due to the variation in the ambient temperature and 
heating of the air blast during its compression. Air 
temperature entered the correlation only as it affects 
the velocity of the blast leaving the tuyere. Loss of 
sharp corners on the blocks because of collisions 
with each other did not alter their behavior. 

Data from actual furnaces have also been plotted 
in Fig. 7. The power of the tuyere jet is computed on 
the assumptions that: 1—the velocity in all tuyeres 
is equal and uniform over the cross-section of the 
tuyere; 2—the pressure drop from the stock to the 
tuyere tip was negligible; 3—the temperature drop 
in the blast-distribution system was negligible. Cal- 
culations are based on the blast temperature, pres- 
sure, and volume recorded on the furnace instru- 
ments. Tuyere pressure, as measured by a static 
tube, was 1.6 to 1.9 psi less than recorded by the 
instruments, because of pipe losses and conversion 
of static head to dynamic head. The diameter of the 
raceway was taken to be 12 pct greater than the 
probe measurement because the probe did not meas- 
ure the full diameter of the raceway, Fig. 3. 

Included in Fig. 7 are points for other furnaces 
that have been studied for gas distribution in the 
tuyere zone.””* The 1 pet oxygen contour has been 
used as an index of blast penetration for these fur- 
naces, as it can be argued that a small amount of 
oxygen must remain in the gases in the raceway. 
This index may indicate a slightly greater penetra- 
tion than that which actually occurs but it is prob- 
able that the error in fixing the position of a given 
gas contour line is in the realm of several inches, 
which may account for some of the spread of the 
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Fig. 8—Raceway correlation based on con- 
servation of momentum. 


plotted data. Air blown as computed from the car- 
bon balance for each furnace is used in the calcula- 
tions. 

The trend line drawn through the furnace data 
parallel to the band for the model appears to repre- 
sent the points fairly well. The lower portion of the 
line probably swings sharply to the left toward the 
vertical axis. It is to be noted that the zero point— 
that is, the point at which the raceway just begins 
to form—does not lie in the line of the other points. 
This zero point was found to be difficult to repro- 
duce in the model work and probably depends con- 
siderably on the packing of the particles around the 
tuyere. It may well be that the laws governing the 
size of the raceway do not hold in the limiting case 
of zero size. 

A second method of correlating the size of the 
raceway may be obtained by considering the prin- 
ciple of conservation of momentum. It may be that 
the raceway diameter is determined by the ratio of 
the jet momentum and the opposing force that is as- 
sumed to be the product of the pressure and the sur- 
face area of the raceway. Then: 


« 


where L is the thickness of the model; A, the area 
of the jet; p, the density of the air leaving the jet; 
and ¢, the pressure on the system. Fig. 8 shows a 
logarithmic plot of P vs. ApV’/¢. L is a constant 
for the model. For the sake of clarity, not all the 
data from the model have been included, but the 
trend of the points is obvious. From the curve: 


(ApV’) 0.75 


If the raceway is free to expand in three dimen- 
sions in the blast furnace, the corresponding equa- 
tion is: 


ApV’ 
ApV’ 
when 12) 
Unfortunately, the data on actual furnaces are 


meager and only two sets of figures for the change 
in penetration with wind rate are available. These 
were obtained by putting a water-cooled probe 
through the tuyere and measuring the distance it 
could be inserted beyond the end of the tuyere be- 
fore it struck the stationary bed of coke. 
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Two sets of data are available; the first at plant A 
when readings at two wind rates were recorded and 
the second at plant B. At the latter, more readings 
were taken but the practice on that furnace was 
unusual and the operation was somewhat rough. It 
was found on one of the tuyeres that the probe would 
penetrate large distances (5 ft and more), which 
could not be accounted for by the wind rate. It 
would be possible to explain these results if the coke 
failed to feed regularly into the raceway. There is, 
however, no reason to suppose that the smaller read- 
ings were unreliable. There are, therefore, two esti- 
mates available for the slope of the line of P against 


ApV? 


on the logarithmic plot of Fig. 8, 0.35 and 


0.47. It is unfortunate that the agreement is not 
better but these slopes are about half the value of 
0.75 obtained with the two-dimensional model. 

With the information available, it is not easy to 
say which method for correlating the raceway diam- 
eter (that is, the penetration of the blast into the 
furnace) is the better. Neither of these correlations 
takes account of the particle size of the material in 
the raceway and there is some evidence to indicate 
that this cannot be neglected, although it is not easy 
to obtain a reliable estimate of the particle size of 
the coke in a blast-furnace raceway. A further dif- 
ference between the model and the furnace is the 
combustion and consequent release of energy. The 
greater part of the energy of combustion is released . 
in the raceway and may well have some effect. 

No information is yet available on the conditions 
in the furnace between two adjacent tuyeres. The 
camera can see only an angle of 3°, so that the line 
of sight is limited to the region directly in front of 
the tuyeres. The model was a narrow vertical slice 
of the mechanically active zone and could give no 
indication of the width of the raceway. Therefore, 
until further information is available it is possible 
only to guess whether there are “pillars” of com- 
paratively stationary coke between adjacent race- 
ways. 

The chemically active combustion zone probably 
extends beyond the mechanically active zone. The 
void and raceway undoubtedly are occupied by 
gases high in O, and CO.,; thus the mechanically 
active zone conforms to Kinney’s zone A (Fig. 1). 
Even though much of the gas flows rapidly upward, 
a portion of it must flow laterally into the surround- 
ing coke bed because the tuyere zone is at a some- 
what higher pressure than the surrounding region. 
These gases must continue to consume carbon, 
though the rate be relatively slow, in the surround- 
ing bed. This corresponds to Kinney’s zone B and, 
as a result, the inert region, or the so-called “dead 
man,” lies somewhat farther into the furnace than 
the stationary coke bed at the back of the mechan- 
ically active region. 


Melting Zone 

It is reasonable to suppose that there is a region 
at some distance above the raceways where the 
slag-forming constituents fuse and form a liquid. 
Possibly the reduced iron melts in about the same 
region of the furnace. It follows then that these 
liquids trickle down through the comparatively sta- 
tionary coke between the fusion zone and the race- 
way. In this zone, hot gases are therefore passing up 
through a bed of granular solids countercurrent to 
liquids coming down. 
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Fig. 9—Correlation of flooding of packed columns. 


a—Cross-sectional area of column, sq ft. 

F'—Fraction of free volume in packing, 
cu ft per cu ft of tower volume. 

g—Acceleration of gravity, ft per sec 
per sec. 

G—Superficial mass velocity of gas = 
a Ib per sec per sq ft. 

L— Superficial mass yelocity of liquid = 
Q,, Ib per sec per sq ft. 


This theory makes no assumption about the dis- 
tance between the top of the raceway and the fusion 
zones. McCutcheon, Marshall, and Barnes’ found 
evidence from a small, slowly quenched furnace 
that melting occurred close to the tuyere zone. They 
make no correction, however, for the collapse of the 
raceways when the wind was turned off and for the 
effects of drainage of any fused material during the 
early part of the quench. It is necessary therefore 
to exercise caution when discussing the condition in 
the tuyere zone of the furnace during actual opera- 
tion based on their evidence from the quenched 
furnace. 

Work done on packed absorption towers with a 
liquid passing down countercurrently to vapor 
moving up suggests that a system of this type works 
smoothly under changing conditions of flow until a 
critical stage is reached. At this point the liquid 
no longer flows smoothly down the column but is 
held in the interstices of the packing and may even 
be carried back upward, that is, the column “floods.” 

Assume that in a blast furnace the conditions of 
flow in the coke bed just below the fusion zone are 
similar to those in an absorption tower. Consider 
what could happen if for a given rate of liquid flow 
the critical upward flow of gas was reached. Instead 
of working their way downward through the chan- 
nels in the coke bed, either or both the liquid metal 
and bosh slag would “hang up” and lodge in the 
coke-bed interstices. If the gas flow were sufficiently 
high, either or both of two liquids might in some 
locations actually be carried back upward. There is 
a considerable temperature gradient in the column 
in the vicinity of the fusion zone and the liquids 
moving upward into the colder regions would sol- 
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Q—Superficial liquid velocity, ft per sec. 

S—Surface area of packing, sq ft per 
cu ft tower volume. 

U,—Superficial gas yelocity (based on 
empty tower), ft per sec. 

p—Viscosity of liquid, centipoises. 

p,—Density of liquid, Ib per cu ft. 

Pg—Density of gas, lb per cu ft. 


idify in the voids of the coke bed. This would re- 
duce to a marked extent the permeability of these 
locations to gas flow and would force the gases nor- 
mally traversing them into other regions. This in 
turn could cause “flooding” and plugging of these 
regions, with further disruption of the gas flow. The 
whole process is unstable and once started tends to 
build up. It is easy to visualize an irregularity 
occurring, with the result that the blast pressure 
builds up, the column begins to hang, and unsteady 
operation with slips ensues. In extreme cases, an 
impermeable layer could form completely across the 
furnace, interrupting production. 

Sherwood, Shipley, and Holloway® in 1938 made 
a detailed study of the flooding of packed columns 
by pouring a variety of liquids through various 
packings against different ascending gases. They 
obtained a correlation shown in Fig. 9, which ap- 
plied to a wide range of data on both small and 
large towers. 

Fig. 9 represents a complex arrangement of vari- 
ables and merits further discussion. The ordinate, 
which has been called the “hanging factor” for this 


report, is composed of four factors multiplied to- 


° | is essentially the square of 


gether. The first, 


a 
the gas velocity. The second, PF is the factor in the 


correlation that describes the nature of the particles 
and packing. Since the surface area of the particles 
increases rapidly when the particles are reduced in 
size and the void fraction appears as a cube, this 
factor is sensitive to small changes in the nature of 
the packing. The third factor is the ratio of the 
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Fig. 10—Model for flooding experiments. 


density of the gas and liquid involved. The viscosity 
of the liquid has small significance in the correlation. 
Slight changes in temperature and composition, 
however, can change the viscosity of slags from 2 to 
78 poises’ and in that case the effect of viscosity is 
considerable even when taken only to the 0.2 power. 

The abscissa of Fig. 9 is essentially the ratio of 
the mass flow of liquid to gas multiplied by the root 
of the same density ratio as appeared in the ordi- 
nate. For convenience it has been called the Fluid 
Ratio. 

In a blast furnace, the ratio of liquid to gas flow 
is smaller than that used in much of the previous 
work,* so that interest centers around the left end of 
the curve. Here the flooding conditions can be sum- 
marized by saying that flooding tendencies will be 
increased by higher gas velocity, increased by a 
more viscous slag, and decreased by large, uni- 
formly sized coke. The effect of the density of gas 
and slag is more difficult to describe but a decreas- 
ing gas density is beneficial. However, changes in 
gas density are more than offset by the correspond- 
ing change in gas velocity for a given wind rate. 

It is evident that there is a remarkable agreement 
between these factors affecting flooding and the 
factors commonly supposed to influence the hang- 
ing tendency of a furnace. It might therefore be 
argued that hanging is often associated with flood- 
ing of the coke column below the fusion zone of the 
furnace. However, direct proof of this is difficult to 
obtain. Indirect evidence may be obtained by the 
use of models. 

Model Studies, Melting Zone: It seemed reason- 
able that the phenomena of hanging could be sim- 
ulated by blowing hot air through a column filled 
with a mixture of wax particles and a neutral pack- 
ing such as glass beads. This was done in the ap- 
paratus shown in Fig. 10. Small pieces of Ceresin 
wax were mixed with 5 mm glass beads in a 2 in. 
glass tube. Air between 90° and 130°C was blown 
through the bed, which was supported on wire 
mesh. 

With low air rates, the wax melted and ran down 
the column. As the air rate was increased to a crit- 
ical value, the liquid no longer ran smoothly down 
the column but held up in the voids of the bed and 
at slightly higher rates splashed back up the bed 
and froze. In this way, large impervious masses of 
wax and beads could be formed. Once a small scab 
formed, there was a strong tendency for it to grow, 
presumably because the air velocity was increased 
in the remainder of that particular cross-section of 
the tube. This was not quite true for experiments 
for which only a little wax was mixed with a large 
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volume of beads. Here it sometimes happened that 
there was so little wax in the neighboring areas that 
the scab cleared itself. 

In all cases, there was an appreciable hold-up of 
liquid in the column and this ran out if the air sup- 
ply was turned off. This seemed analogous to the 
commonly observed phenomena that slag tends to 
drip past the tuyere when the wind is taken off a 
furnace. 

In order to investigate the hanging condition, a 
series of runs was made with a given wax charge 
and at different air rates, in order to find the rate 
for which the bed just formed a scab. The points for 
these critical velocities have been included in Fig. 9, 
where they form an extension to the curve of Sher- 
wood, Shipley, and Holloway. Some difficulty was 
experienced in deciding what was a flooding condi- 
tion, particularly with lean mixtures of wax in the 
beads, so that there is considerable scatter in the 
values obtained. A further uncertainty is the vis- 
cosity of the wax as the temperature of the liquid 
in the critical region is uncertain. 

The estimation of the liquid flow was carried out 
by measuring the rate of rise of the fusion zone 
through the uniform mixture of wax and beads and 
deducing the amount of liquid wax formed from the 
ratio of wax to beads in the original charge. It was 
not easy to determine the position of the fusion zone 
at any particular instant and the length of this zone 
varied somewhat, being longer for runs with lower 
air temperatures, 95° to 100°C, than for higher tem- 
peratures, 120° to 135°C. The rate of rise was ob- 
tained by averaging the figures for several runs. 
Measurements were taken on both top and bottom 
of the fusion zone. 

In view of these sources of inaccuracy, it was to 
be expected that the results would show consider- 
able scatter, but obviously they fall in line with the 
more complete work of other authors. It therefore 
seemed unnecessary to make a more detailed study 
of all the variables concerned, at least at the present 
stage of the work. It also seemed reasonable to con- 
clude that the formation of these scabs or impervious 
masses of beads and wax was associated with the 
flooding of the bed just below the scab. 

Furnace Performance: If the phenomena just de- 
scribed occur in a blast furnace, the cause of hang- 
ing must be sought in the conditions immediately 
under the fusion zone. Data on this zone are ex- 
tremely meager and this attempt to apply the cor- 
relation given to furnace conditions involves the fol- 
lowing assumptions, which were necessary to obtain 
the points for furnaces included in Fig. 9: 

1—Temperature of. the gas (N. + CO only) is 
1500°C:(2732°F): 

2—Pressure of gas is the pressure in the blast 
main less 3 psi. Measurements indicate that about 
1% to 2 psi is lost in the mains and a drop of 1% psi 
between the tuyere and the fusion zone was as- 
sumed. 

3—Gas ascends uniformly across the furnace. The 
superficial velocity was calculated from the cross- 
sectional area of the empty stack at the mantle. 

4—Viscosity was obtained by calculating the bosh 
slag and estimating the viscosity by reference to the 
McCaffery charts’ for 1400°C (2552°F). 


5—Surface area and void fraction of the coke are 
the same as that given in a recent survey for the 
district in question. 


6—Although two liquid phases, metal and slag, 
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are present, slag is assumed to be the only one par- 
ticipating in the flooding action. The much lower 
viscosity and higher density of iron indicate that it 
would flood at a much higher wind rate than slag. 

It is obvious that these assumptions are sweep- 
ing. No. 5 assumes not only that the coke put into 
the furnace had the same sizing as that used as the 
basis of the survey but also that there was no de- 
gradation in the furnace, since the survey was made 
on coke entering the furnace. While this is incorrect, 
there does not seem to be any better basis available 
for calculation. 

Assumption No. 3 merits some discussion. In order 
to assess the superficial linear velocity of the gases, 
an effective cross-section of the furnace must be 
assumed. An accurate assumption involves much 
more knowledge of the shape of the “dead man” 
and of the flow path of the gases up the furnace than 
is currently available. It seemed reasonable that the 
critical cross-section of the furnace was well above 
the tuyeres but probably not above the mantle. The 
mantle area was therefore used in the calculation. 
It is appreciated that the gases probably do not flow 
uniformly up through the furnace at the mantle but 
any correction would amount to little better than a 
guess, sO no correction was applied. Errors due to 
the incorrectness of Nos. 3 and 5 are in the same 
direction, i.e., they would tend to move the points 
downward on Fig. 9 and may well be contributing 
causes of this group of points lying well below the 
general curve. 

It should be realized that this correlation is a 
complex one and the: 


Hanging Factor —— - 
PL 
involves many properties of the system. The fluid 
ratio — ¥ — is a comparatively simple expression 
PL 


but its influence on flooding is minor under blast- 
furnace conditions. 
the limitations of blast-furnace operation is the 
flooding of the coke just above the tuyere level with 
liquid slag. This does not seem to have been gen- 
erally realized up to the present. 

If this explanation is correct, it is at least possible 
to give one firm specification of the coke required 
in the blast furnace. For optimum conditions, the 
coke when at the bottom of the furnace just above 
the tuyere zone should have a minimum value of 


a 
ra ; that is, a small surface area per unit volume as 


obtained with large lumps and a large void fraction 
as obtained in uniformly sized material. This verifies 
the blast-furnace man’s experience that his coke 
should be large and uniformly sized. 

The theory also indicates that the liquid bosh slag 
should be as fluid as possible. This seems to be most 
easily brought about by the addition of MgO where 
necessary. McCaffery’ shows that 10 pct MgO in the 
slag greatly reduces its viscosity. 


Conclusions 

This study of the tuyere zone of the blast furnace 
has shown, with reasonable certainty, by means of 
model studies and of high speed photography, that 
in a normally functioning furnace there is a rapidly 
moving raceway of gases and coke before each 
tuyere. This is contrary to the frequently held con- 
cept that there is a relatively stationary bed of coke 
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It therefore seems that one of. 


and other solids slowly descending in the tuyere 
zone. The diameter of the raceway ranges from 2% 
to 5 ft in full-scale furnaces. The work reported has 
not yet progressed to a stage where all factors con- 
trolling the size of the raceway can be completely 
defined and as yet little is known of the width of 
these raceways. 

The work has given a new meaning to the expres- 
sion “penetration of the blast,” as it is reasonable 
to conclude that the most important effect of chang- 
ing the penetration is not chemical but physical, the 
effect of changing the raceway diameter. Undoubt- 
edly this has an appreciable effect on the flow of gas 
farther up the stack but how much is unknown. 
Probably it also affects the flow of solids and liquids 
down the furnace to some degree. 

There is some evidence to suggest that the size of 
the raceway in an irregularly operating furnace is 


‘somewhat variable and erratic. Suppose that for 


some reason the coke is prevented from entering the 
raceway for a short time; as, for example, would 
occur if the coke arched across above the raceway. 
Then the raceway is bound to increase in size be- 
cause the coke is continuously consumed. This may 
be a contributing factor in the erratic results found 
in plant B, Figs. 7 and 8. 

The data and argument presented strongly sug- 
gest that “flooding,” which is characteristic of gases 
and liquids flowing countercurrently in a packed 
column, may be an important factor in causing ir- 
regular blast-furnace operation. This flooding by 
slag of the coke bed just below the fusion zone may 
contribute appreciably to hanging in the lower part 
of the furnace. It is to be noted that probably there 
are a number of causes of scabs and accretions on 
the furnace walls. Obviously, the scabs formed in 
the furnace stack are due to other causes and it is 
only the scabbing or “tightening” in the lower part 
of the furnace that can be directly related to flood- 
ing of the coke bed. 
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Distribution of Manganese and Oxygen 
Between Molten Iron and FeO-MnO-SiO, Slags 


by H. Bell; A.B; Muradand Carter 


The distribution of manganese and oxygen between molten iron 
and FeO-MnO-SiO. slags not saturated with SiO. has been deter- 
mined and used to calculate activities of MnO and SiO. in MnO-SiO. 
slags. These were found to be intermediate between the correspond- 

ing activities in FeO-SiO. and CaO-SiO: slags. 


HE equilibrium constant for the reaction be- 
tween molten iron containing manganese and 
slags containing FeO and MnO, namely: 


FeO (slag) + Mn = MnO(slag) + Fe(liquid) 
is most conveniently represented by: 


(MnO) 
(FeO) [Mn] 


[Fe] is omitted, since for dilute solutions of manga- 
nese in iron, a; is approximately constant. When 
activities are used for (MnO), (FeO) and [Mn], 
Ky, is a true equilibrium constant and will apply to 
all types of slags, but when weight percentages are 
used, the values obtained for Ku, for different slags 
vary considerably. 

The equilibrium between iron containing manga- 
nese and relatively pure FeO-MnO slags has been 
investigated by several workers;'* the most recent 
investigation reported is that of Chipman, Gero, and 
Winkler.* Their results, corresponding to slags con- 
taining up to 4 pct SiO., were represented by the 
equation: 


Mn 


6440 
— 2.95 


log Kun 


In this case both slag and metal may be assumed 
to be ideal solutions, therefore the values of Ky, so 
derived represent the true constant for the manga- 
nese reaction. As the molecular weights of MnO and 
FeO are almost equal, weight concentration of these 
oxides may also be used in the above expression. 

Acidic oxides such as SiO, and P.O; affect the 
activities of FeO and MnO differently, so that when 
total concentrations by weight of FeO and MnO are 
used in the above expression for Ky, the values ob- 
tained are no longer constant. These will be denoted 
by Korber and Oelsen’® investigated the manga- 
nese reaction using silica-saturated iron-manga- 
nese-silicate slags and found: 


7940 


This corresponds to Ky, values much higher than 
those obtained for pure oxide slags. The results of 


718—JOURNAL OF METALS, JULY 1952 


Table I. Results Obtained on Oxide Slags 


Tempera- Saturated Oxide Oxide 
ture, °C Slags® Slags3 Slags+ 
1550 25 3.7 
1600 12.0 2.0 3.00 
1650 9.0 Wf 2.46 


Korber and Oelsen, and Chipman, Gero, and Winkler 
are summarized in Table I. 

In the present investigation it was decided to 
study the manganese reaction using iron-manganese- 
silicate slags not saturated with silica, and which 
fell mainly between the orthosilicate join 2FeO- SiO, 
—2MnO-SiO, and the FeO-MnO side of the ternary 
system FeO-MnO-SiO,. It has been shown’ that the 
phases present in solidified slags of this part of the 
diagram are (FeO, MnO) and (2FeO-SiO., 2MnO- 
SiO.) solid solutions. Such an investigation would 
be of interest in deoxidation and also gives informa- 
tion on activities in liquid slags. This equilibrium 
has not as yet been investigated successfully. Hilty 
and Crafts’ attempted to examine this reaction in a 
rotating crucible furnace, but were unable to obtain 
suitable slag samples. In the present investigation 
one series of experiments was carried out in a rotat- 
ing crucible furnace, because the success of Taylor 
and Chipman* with such a furnace in their study of 
oxygen distribution between molten iron and (CaO, 
MgO) — FeO-SiO. slags suggested that it would 
minimize contamination of the slag by the crucible 
material. A second series was carried out using a 
wire-wound resistance furnace. 

Rotating Crucible Furnace Experiments 

In all cases the metallic charge consisted of 800 to 
1000 g Armco iron containing 0.02 pet C, 0.03 pct 
Mn, and traces of Si. Manganese and silicon addi- 
tions consisted of electrolytic manganese (99.9 pct 
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Kum 


Mn), silicon metal (98 pct Si, 0.76 pct C, 0.8 pct Fe, 
and traces of Al, Ca, and Ti) or Mn-Si alloys pre- 
pared from these components. Slag additions con- 
sisted of the purest available silica sand (99.9 pct) 
and oxides of iron and manganese (Fe.O,, MnO, 
Mn,O,). Hand-rammed magnesia crucibles fired at 
about 1500°C were used. Details of the furnace, 
which was in many respects similar to that of Taylor 
and Chipman, are given in Fig. 1. Melting took place 
in a stream of purified nitrogen: In the early experi- 
ments it was found that the slag did not remain in 
the molten metal cup but crept up its walls towards 
the rim leaving the bulk of the metal uncovered, and 
prevention of crucible attack was not attained. Hilty 
and Crafts’ also found this to occur with manganese 
oxide and silicate slags. An effort to keep the slag 
down by applying a strong jet of nitrogen directed 
at the slag which collected around the upper rim of 
the rotating metallic cup was also unsuccessful, and 
the experimental procedure was modified as follows. 
The metal was melted and the crucible rotated 
for 30 min. Iron oxide, partitioned from the metal 
or perhaps formed by reaction of the metal with 
MgO, entered the pores of the crucible around the 
(subsequent) slag line and made the surface less 
porous to slag. This procedure appeared to slow 
down subsequent slag attack and penetration. Rota- 
tion was then stopped and additions made through a 
refractory tube passing from the top down to the 
crucible. Before removing the glass window to intro- 
duce the tube, the nitrogen flow was increased. The 
temperature was held constant for 30 min after the 
slag was completely molten, which according to 
Korber and Oelsen* and Winkler and Chipman,’ is 
sufficient to establish equilibrium between metal and 
slag. Temperature was measured by the immersion 
method using a platinum-platinum-13 pct rhodium 
thermocouple protected by a silica sheath. 
Sampling: Slag samples obtained by dipping an 
iron rod into the slag were invariably contaminated 
with metal, especially when the slag layer was very 
thin. Consequently the charge was allowed to so- 
lidify inside the crucible, and samples were taken 
from the solid metal and slag. A slag layer 3 to 5 
mm thick was easily separated from the metal. Most 
of the melts in this investigation were carried out 
at about 1550°C, and as the melt solidified within 
10 to 15 sec of switching off the current, it was 
assumed that no significant change in the equilib- 
rium had occurred at such a high rate of cooling. 
This method of sampling may not be so reliable for 
temperatures far removed from the melting point of 
iron, as it could result in too high values for K’y,. It 
does, however, minimize the possibility of mechani- 
cal entrapment of slag particles in the metal sample 


Table II. Results of Experiments in Rotating Furnace 


Tem- 
pera- Metal Analysis Slag Analysis 
Heat ture, 

No. °C Mn Si Oo FeO* MnO MgO K’'mn 
1 1650 0.05 <0.005 0.144 55.5 24.2 13.0 6.8 8.8 
2 1670 0.04 <—01005 . 0.130' 51:0 16.7 24.5 7.2 8.2 
3 1640 0.22 <0.005 0.077 243 42.7 27.2 7.9 7.3 
4 1550 0.05 <0.005 0.097 44.0 29.8 209 5.3 13.5 
<0.005 0.057 27.2 42.0 23.8 7.3 12.9 
6 1550 0.005 <0, 00D LO. 9.6 
<0.005 0.070 42.8 284 19.9 8.1 8.4 
Sib 0:10 <0,005 0.150 73.5 23:0 3.2 
9 1558 0.056 20,005 01077, 931.8 25:8. 35:8 6:7 14.4 


* FeO determined from total iron. 
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Fig. 1—Rotating crucible furnace. 


which may occur during suction methods of sampl- 
ing. 

Table II gives details of slag and metal analyses, 
temperatures and corresponding K’y, values for nine 
heats carried out by this method. 


Resistance Furnace Experiments 

Because of the slag penetration into the magnesia 
crucible which always occurred to some extent, even 
without rotation, and the possible effect this might 
have on the equilibrium, a series of experiments was 
carried out in which the charge was melted in slip- 
cast magnesia crucibles in a wire-wound resistance 
furnace. These crucibles were impervious to slag, 
although solution of MgO still occurred. Tempera- 
tures were taken using a platinum-platinum-13 pct 
rhodium thermocouple placed just beneath the cru- 
cible. After 1 hr at 1550° + 5°C, slag samples were 
taken on the end of a brass rod, and metal samples 
by means of a Taylor sampler. The results obtained 
are given in Table III. 


Results and Discussion 

In Fig. 2, K's, is plotted against the silica content 
of the slag as given by Tables II and III. The values 
of Ky, obtained by Chipman, Gero, and Winkler‘ 
for FeO-MnO slags containing 1 to 4 pct Si, and by 
Korber and Oelsen’ for silica-saturated slags are also 
indicated. The results in Table III may show a 
slightly lower trend than those obtained with the 
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Fig. 2—Effect of silica content of slag on K’,.,. 


rotating crucible furnace, but the results of both 
sets of experiments have been represented by one 
curve. 

The increase in K’y, with silica content of the slag 
is similar to that observed by Krings and Schack- 
mann’ for melts made in alumina crucibles and con- 
taining 15 to 30 pct Al.O,, and to that calculated by 
Murray and White.” The increase must, of course, 
be attributed to the effect of silica on the activity of 
one or both of MnO and FeO in the slag. The curve 
drawn in Fig. 2 is in agreement with Chipman, Gero, 
and Winkler’s value of 3.8 at 1550°C for pure oxide 
slags, and this value has been adopted in the follow- 
ing calculations. 


Since: 
318 = 
(dreo) [Mn] 
and 

(MnO) _ (Qsino) y FeO 
(FeO) y MnO (aeeo) [Mn] 
3.8 y MnO 

y FeO 


Taylor and Chipman® determined the activity of 
FeO in a slag from the oxygen content of the molten 
iron with which it was in equilibrium, and showed 
that in the FeO-SiO, system, dy.o is equal to its molar 
concentration. Recently Schuhmann and Ensio” 
found some divergence from ideality at about 
1350°C, but this was only slight at silica contents 
below about 30 pct. Since FeO-MnO slags also be- 
have ideally with respect to FeO, it might be ex- 
pected that FeO-MnO-SiO, slags would behave 


Table III. Experiments Carried Out in Resistance Furnace 
Metal Analysis, Slag Analysis, 
Wt Pct Wt Pct 

Heat 

No. Mn Si FeO* MnoO SiOz MgO K’'mn 
11 0.050 77.0 14.5 3.8 4.0 3.8 
is 0.04 <0.005 70.1 12.1 Td 9.7 4.3 
14 0.12 <0.005 55.0 28.1 6.8 9.1 4.25 
15 0.46 0.095 27.1 58.0 8.8 by! 4.65 
16 0.40 0.009 26.5 52.5 13.6 4.6 5.0 
aN i 0.20 <0.005 40.9 41.1 12.6 4.9 5.0 
18 0.22 0.005 32.9 44.0 16.4 6.1 6.1 
19 0.032 <0.005 62.8 1251 6.1 
20 0.085 0.007 39.1 30.2 19.4 9.7 8.1 


* FeO determined from total iron. 
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similarly. This is not necessarily true, however, and 
caution must be exercised in making such predic- 
tions for a ternary system from a knowledge of 
activities in the binary systems. Thus the determina- 
tions of Taylor and Chipman’ of dy.o in CaO (MgO) - 
FeO-SiO, slags, illustrated in Fig. 3a, indicate that 
although in the FeO-SiO, and CaO-FeO systems, the 
activity of FeO approximately equals its molar frac- 
tion, its activity in the ternary system can be con- 
siderably different. This is because CaO and SiO, 
cannot be considered as separate constituents, but 
show a strong tendency to orthosilicate formation. 
In a system MO-FeO-SiO, in which MO behaved 
exactly like FeO, truly ideal behavior for FeO would 
be expected as shown in Fig. 3b. In the FeO-MnO- 
SiO, system, MnO shows a tendency to silicate 
formation less than that of CaO, but more marked 
than that of FeO, and behavior intermediate be- 
tween that of the ideal case and that shown by the 
CaO(MgO)-FeO-SiO, system, as shown in Fig. 3c, 
would be expected. Unfortunately the limited num- 
ber of determinations is not sufficient to detect the 
deviation from ideality expected, the experimental 
points shown in Fig. 4 appearing to indicate ideality. 
They indicate a distribution ratio ———— = 0.20 at 
(FeO) 
1550°C, as compared with 0.185 of Taylor and Chip- 
man‘ and 0.26 given by Korber and Oelsen.* 
Assuming that FeO behaves ideally in FeO-MnO- 
SiO, slags, the change in Ky,, caused by the addition 
of silica may be attributed entirely to a change in 
the activity of MnO, if it is also assumed that dilute 
liquid Fe-Mn solutions behave ideally. The activity 
coefficient of MnO in a siag would then be equal to: 


3.8 
K’ vn 


y MnO = 


where K’y, is the value taken from Fig. 2 for the 


Vv 
10 40 
Mol fraction of Ca0+MgO 


a 


= 


FeO MO 
c 
Fig. 3—Activity of FeO in simple ternary systems. 
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Fig. 4—Relation between oxygen content of metal 
and FeO content of slag. 


corresponding silica content of the slag. The values 
so obtained for y MnO are given in Table IV. 

In cols. 5 and 6 these values of y MnO have been 
used to obtain approximate values for dyno in the 
MnO-Si0O, system, although it should be remembered 
that at 1550°C slags of high MnO content would be 
partially solid and therefore these figures relate to 
supercooled liquids in this range. The values for 
Auno Were used to determine dsio, (standard state = 
pure cristobalite) in the MnO-SiO, system by ap- 
plication of the Gibbs-Duhem relation. The values 
of dsio. So obtained indicated that the figures for K’un 
taken from Fig. 2 at 25 and 30 pct SiO. were too 
high, values of 10.5 and 11.9, respectively, probably 
being more correct. The dotted curve through these 
points in Fig. 2 again suggests that the values of K’un 
obtained in the rotating furnace are too high. Both 
the corrected and uncorrected values of dsio, are 
given in Table IV. 

Data for the activities of MnO and SiO, in MnO- 
SiO, slags (as defined above) are plotted against 
Nsio. in Fig. 5. The curves of Schuhmann and Ensio” 
for Apeo and dsio. in FeO-SiO, slags, and curves for 
Acao ANA Asio, in CaO-SiO, slags (again corresponding 
to supercooled liquids at high CaO contents) are also 
included. Values for dc,o were calculated by assum- 
ing a linear variation from deao = 1 at Nsio. = 0, al- 
most tO deao = 0 at Nsio. = 0.33, and using the figures 
given by Rosenqvist™ at less basic compositions. The 
activity of silica was calculated using the Gibbs- 
Duhem relation. It will be seen that the relative 
positions of the activity curves are in agreement with 
the known cation-oxygen bond strengths for cal- 
cium, manganese, and iron. 


Table IV. Activity Coefficients for Manganese Oxide in Slag 


MnO-SiO2z System 


Uncorrected Corrected 

Pet Nsio, K’mn  asio, ASi0g 
0 0.00 3.8 1.00 1.00 1.00 0.00 1.00 0.00 
5 0.06 4.0 0.95 0.94 0.89 0.0001 0.89 0.0001 

10 0.11 4.6 0.83 0.89 0.74 0.002 0.74 0.002 

15 0.17 5.9 0.64 0.83 0.54 0.013 0.54 0.013 

20 0.22 8.5 0.45 0.78 0.35 0.070 0.38 0.082 

25 0.28 13.4 0.28 0.72 0.20 0.40 0.26 0.23 

30 0.33 14.0 0.27 0.67 0.18 0.51 0.21 0.39 

40 0.44 14.6 0.26 0.56 0.146 0.73 0.146 0.72 

50 0.54 15.45 0.246 0.46 0.113 0.99 0.113 0.99 

52 0.56 15.5 0.245 0.44 0.108 1.00 0.108 1.00 


TRANSACTIONS AIME 


Activity 


Ky, in Steelmaking Slags: In basic slags, Kun is 
approximately the same as in pure oxide slags, as 
SiO, and P.O, may be regarded as completely com- 
bined with CaO. They would then have little or no 
effect on the activities of MnO and FeO. At lower 
basicities, when insufficient CaO is present, the 
activity of MnO is lowered more than that of FeO, 
and Ky, rises, as was shown by Darken and Larsen’s™ 
examination of steelmaking slags, and the experi- 
ments of Tammann and Oelsen.” A four-fold in- 
crease in Ky, (i.e., from 3.8 to about 15.5) would be 
the maximum expected as the slags became more 
acidic. 

Calculation of Manganese and Silicon Contents of 
Molten Iron in Equilibrium with FeO-MnO-SiO, 
Slags at 1550°C: Manganese: The manganese con- 
centration can be calculated from the equation: 


(FeO) 


yMnO(2MnO) _ 


[% Mn] = 

3.8 (2FeO) 

where (MnO) and (FeO) are the total manganese 

and ferrous oxide contents of the slag (or deoxida- 

tion product), respectively. 

Silicon: Korber and Oelsen’ found that for silica- 

saturated slags containing about 50 pct SiO., the 
equilibrium constant for the reaction: 


2Fe (liquid) + SiO, = 2FeO (slag) + Si 
could be expressed by: ay 


Ksi = (FeO)? [% Si] 
= 4.5 at 1550°C 


(dreo)” [% Si] 


Actually Ksi = 


and Korber and Oelsen’s expression for Ksi assumes 
that: 1—The activity of FeO equals its percentage by 
weight. 2—Dilute solutions of silicon in iron obey 
Henry’s law. 3—The activity of SiO, is unity. 

The silicon content of the metal in equilibrium 
with a given FeO-MnO-SiO, slag at 1550°C can be 
calculated if it is assumed that dy.o is proportional 
to the weight concentration of FeO, and also that 
dsio. can be interpolated from the silica activity 
curves of Fig. 5, i.e.; 


[% Si] = 4.5 


(2FeO)’* 
Fig. 6 compares some of the recently published 


data of Hilty and Crafts’ on deoxidation with silicon 
and manganese with those calculated from the 


Nsio, 


Fig. 5—Activities of metallic oxide and silica in the binary systems 


FeQ-SiO,, MnO-SiO,, and CaO-SiO,,. 
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present work at 1550°C and presented in Table V. 
Fig. 6 shows that the oxygen contents of Hilty and 
Crafts are considerably lower. 

For any given manganese content in iron, the 
highest silicon content is obtained with a silica- 
saturated FeO-MnO-SiO, slag which is in equilib- 
rium with that manganese content. According to 
Table V, percentages of silicon higher than 0.078 pct 
cannot exist with 0.36 pct Mn under equilibrium 
conditions. Fig. 6 shows silicon contents up to 1 pct 
in Fe containing 0.36 pct Mn. Hilty and Crafts also 
reported silicon contents up to 1 pct in Fe containing 
as little as 0.04 pet Mn. It is probable, therefore, 
that in many of Hilty and Craft’s experiments, an 
excess of deoxidizing elements had been added but 
no liquid slag was present to remove this excess. 

The above results could be used to prepare charts 
showing the manganese, silicon, and oxygen contents 
of metal in equilibrium with a given FeO-MnO-Si0O, 
slag. It is felt, however, that it would be unwise at 
this stage to make such lengthy calculations in view 
of the incompleteness of the experimental data. 
Nevertheless approximate calculations for any given 
slag composition can easily be carried out, as was 
done in the preparation of Table V. 


Summary 


The manganese equilibrium between molten iron 
and FeO-MnO-SiO, slags has been examined at 
1550°C for slags not saturated with silica, using 
both a rotating crucible furnace and a wire-wound 
resistance furnace. The former appeared to give too 
high values for K’y,. This may have been due to the 
effect of the continuous absorption of slag by the 
crucible used, or the sampling techniques. It was 
not found possible to prevent contact between slag 
and crucible in the rotating crucible furnace.* 


*It can be shown mathematically that the height of rise of the 
rotating liquid is independent of its density, so that if surface and 
interfacial tension effects are excluded the slag must come in con- 
tact with the crucible. Success with the rotating crucible furnace 
depends on having a slag with a high contact angle and interfacial 
tension against molten metal, and a metal which ‘wets’ the 
crucible. 


The K’y, values obtained were used to determine 
Gyno in the slag, assuming that dp.o was equal to its 


Table Y. Compositions of Metal and Slag in Equilibrium at 1550°C 


Metal Analysis, Slag Analysis, 
Ww t ct 


tPc 
Mn Si oO FeO MnO SiO» 
0.3 0.078 0.0140 7.6 42.4 50 
0.36 0.055 0.0157 8.6 46.4 45 
0.36 0.037 0.0177 9.6 50.4 40 
0.36 0.021 0.0208 11.2 53.8 35 
0.36 0.007 0.0303 16.2 53.8 30 
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molar fraction. Determination of dsio, using the 
Gibbs-Duhem relation enabled slight corrections to 
be made to the original dyno values. A comparison 
of the activity values with those obtained by Schuh- 
mann and Ensio for FeO-SiO, slags, and estimated 
CaO and SiO, activities in CaO-SiO, slags, showed 
that they were in agreement with the known cation- 
oxygen bond strengths for calcium, manganese, and 
iron. 

It is possible to calculate with reasonable accu- 
racy from the results the manganese, silicon, and 
oxygen contents of molten iron in equilibrium with 
FeO-MnO-SiO, slags containing less than 25 pct 
SiO., and approximate values may be obtained for 
more acid slags. 
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Thermodynamics of Iron-Silicate Slags: Slags Saturated 
With Solid Silica 


by E. J. Michal and R. Schuhmann, Jr. 


Experimental measurements are reported for the oxygen pres- 
sures of iron-silicate slags in equilibrium with solid silica. CO.-CO 
mixtures were bubbled through the slags in silica crucibles to find 
equilibrium values of pco./pco over the entire composition range of 
silica-saturated slags at 1250°, 1300°, and 1350°C. From the data, 
the activity vs. composition relationships were calculated for O, FeO, 


and 


LAGS composed primarily of silica and iron 

oxides have particular practical importance in 
copper smelting,’ in acid steelmaking, and in ac- 
counting for the service behavior of silica refrac- 
tories. These slags all contain both ferrous and ferric 
iron, so that, strictly speaking, they are ternary or 
three-component liquid solutions. For convenience, 
the components may be taken as the three oxides, 
FeO, Fe.O;, and SiO,. The constitution of the FeO- 
Fe.O,-SiO,. system at slagmaking temperatures has 
been studied in a recent investigation described in a 
separate paper.” This work showed the compositional 
ranges of iron-silicate melts at temperatures up to 
1450°C and also the temperature-composition rela- 
tionships for melts in equilibrium with various solid 
phases, including iron, wiistite, magnetite, and silica. 
Broadly speaking, the compositions of iron-silicate 
melts at a given temperature should be thought of as 
varying over a two-dimensional field. In the first 
place, the silica/total iron oxide relationship varies 
from maximum silica for silica-saturated melts to 
minimum silica for wiistite-saturated melts or, at 
higher temperatures, to zero silica for straight iron 
oxide melts. In copper smelting, for example, the 
converter slags approach the low silica limits while 
the reverberatory-furnace slags have intermediate 
silica contents, perhaps approaching silica saturation 
in some circumstances. Liquids formed in the pores 
of silica refractories presumably are close to silica 
saturation. The second type of composition variation 
is in the ferric/ferrous relationship, which depends 
on how oxidizing or how reducing the process con- 
ditions are. Relatively reducing slags, such as acid- 
steelmaking slags, are lower in ferric oxide and ap- 
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proach saturation with metallic iron. Oxidized slags, 
such as copper-smelting slags, contain larger per- 
centages of ferric oxides and approach or reach 
saturation with magnetite. Since these two kinds of 
compositional variations are closely related to two 
general properties of interest for all metallurgical 
slags, basicity, and oxidizing power, it is hoped that 
the thermodynamic study of iron-silicate slags 
eventually will throw further light on the signifi- 
cance and nature of these long-recognized but as 
yet poorly understood slag properties. 

Measurements of oxygen activity as a function of 
slag composition, using CO-CO, gas mixture to fix 
oxygen activities, afford an experimentally con- 
venient approach to the study of the thermodynamic 
properties of iron-silicate slags. In a preceding in- 
vestigation,’ this approach was used in a systematic 
study of iron-silicate slags in equilibrium with solid 
iron. The present paper gives the results of a similar 
study of the iron-silicate slags in equilibrium with 
solid silica. The experimental work consisted in the 
determination of CO,:CO ratios in gas mixtures at 
equilibrium in the system: 


gas: liquid slag: silica 


Determinations were made at temperatures from 
1250° to 1350°C for slags ranging in composition 
from iron saturation to magnetite saturation. Also, 
equilibrium CO,:CO ratios and slag compositions 
were determined for the univariant systems: 


gas: liquid slag: silica: y iron 
gas: liquid slag: silica: magnetite 


Experimental Methods 

The experimental procedure was essentially the 
same as that used in the previous study of iron- 
silicate slags saturated with solid iron,*® but in order 
to work with the silica-saturated slags an all-silica 
crucible assembly was used. A liquid slag was pre- 
pared from pure prefused stock materials and 
brought to equilibrium with the silica crucible at 
the desired temperature. Then a mixture of CO, 
and CO was continuously bubbled through the melt 
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and the CO,:CO ratio in the mixture was adjusted 
until analyses of the gases entering and leaving the 
melt became and remained the same, indicating 
equilibrium between gas, slag, and crucible. After 
equilibrium was established, the slag was sampled 
and analyzed for FeO, Fe.O;, and SiO,. 

The starting materials, overall equipment ar- 
rangement, furnace, temperature controller, gas 
trains, and analytical methods were substantially 
the same as described in the preceding paper.* 

Silica Crucible Assembly: Common laboratory 
forms of silica glass were found to behave very 
poorly as containers for iron-silicate slags, even if 
the slags were completely saturated with silica be- 
fore the refractory was brought into contact with the 
slag. Slag penetration and devitrification, accom- 
panied by deterioration in mechanical properties, 
ended all runs with ordinary crucible arrangements 
before gas-slag equilibrium determinations could be 
made. Eventually, however, the all-silica crucible 
and reaction chamber shown in Fig. 1 was developed 
and proved satisfactory, except that its fabrication 
required many man hours of painstaking work. 

The silica reaction chamber was fabricated in an 
outer translucent silica tube 14% in. in ID and 18 in. 
long. A double silica bottom was welded into this 
tube to form a large crucible, in which was placed 
a small inner crucible 1 in. in ID and 4 in. high. 
Ground fused quartz was packed between the inner 
and outer crucible. The small inner crucible sup- 
ported on its rim a double access-tube assembly 
consisting of two quartz tubes 12 in. in diam welded 
together at the bottom in such a manner as to form 
a cover for the inner crucible. The space between 
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the access tubes and the tall outer crucible was 
packed with coarsely crushed, fused quartz to serve 
as thermal insulation. An outlet at the top of the 
large crucible furnished a means of bleeding the 
equilibrium CO,-CO mixture through this packing 


to flush out air. The top of the outer crucible was 


sealed by a water-cooled brass head and rubber 
gaskets, making a gas-tight assembly. The double 
access tube extended through the brass head and 
permitted the introduction, through one of the access 
tubes, of a 3/16 in. bore silica gas-bubbling tube. 
The other access tube was used for charging and 
sampling of slags, and temperature measurement. 
Welding and fabricating of the silica crucible assem- 
bly was done with gas-oxygen and oxygen-acetylene 
torches. 

The crucible assembly was supported on insulat- 
ing firebrick within a porcelain tube which extended 
vertically through the resistance furnace. The small 
inner silica crucible was positioned at the thermal 
center of the furnace, and the outer crucible ex- 
tended through a water-cooled brass head at the 
top of the porcelain furnace tube. The atmosphere 
between the porcelain tube and the outer silica cru- 
cible was maintained at the same gas composition as 
the atmosphere being used within the silica crucible. 

Each crucible assembly served for a run of several 
days during which a number of gas-slag equilibrium ~ 
determinations were made. At the end of a run the 
innermost crucible and the silica packing were al- 
most entirely permeated with slag, and in several 
cases the slag had nearly penetrated through the 
outer crucible as well. 

Temperature Measurement: Slag temperatures 
were measured with an optical pyrometer sighted 
on the surface of the slag. The optical pyrometer 
was calibrated against a platinum-platinum-rho- 
dium thermocouple* in a silica protection tube im- 


* Standardized at the melting point of gold. 


mersed in the slag. The calibration experiments 
covered the experimental temperature range from 
1250° to 1350°C and the entire slag-composition 
range, and gave corrections of from 18° to 24°C to 
be added to the optical pyrometer reading. Accord- 
ingly, a correction of 20°C was added to all optical 
readings to obtain the temperature values reported 
in the data. The overall accuracy of the final tem- 
perature measurements is considered as +5°C, 

Temperature explorations within an empty cru- 
cible assembly at about 1100°C showed uniformity of 
temperature to within +3°C in the lower 3 in. of the 
crucible. 

Gas Analysis: The CO.-CO mixtures entering and 
leaving the slag in the reaction chamber were ana- 
lyzed by the gravimetric method used in previous 
work,* which consisted in absorbing CO, in an asca- 
rite-anhydrone train, oxidizing the CO in a copper 
oxide furnace, and then absorbing the resulting CO, 
in a second ascarite-anhydrone train. The gas mix- 
tures varied from about 90 pet CO, 10 pct CO, to 
0.5 pet CO, 99.5 pct CO., a much wider range than in 
the previous work. Accordingly, a careful study was 
made of the possible errors in the method, especially 
for mixtures low in CO. Possible sources of error 
investigated were: 1—weighing and manipulations 
of absorption tubes, 2—incomplete absorption, 3— 
incomplete flushing, 4—variations in blanks, 5—im- 
purities in gas mixtures. These investigations, plus 
the internal consistency of the analyses found in 
calibrating the CO and CO, flowmeters in the gas 
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mixer, showed that the gas analyses were reliable 
to within +0.05 pct CO over the entire range of gas 
compositions used in the investigation. The test for 
gas-slag equilibrium was the comparison of analyses 
for the gases entering and leaving the melt. With an 
accuracy of +0.05 pet CO in individual gas analyses, 
it is estimated that the accuracy in finding the equi- 
librium gas composition for a given slag by the trial- 
and-comparison procedure was about +0.1 pet CO 
for gases of low CO content and about +0.3 xe CO 
for gases high in CO. 

Sampling of Slags: Slag samples weighing about 
30 g each were taken by suction into a length of 7 
or 9 mm Vycor tubing. Before being inserted in the 
furnace, the sampler was flushed with the CO,-CO 
mixture being fed to the furnace. The entire sam- 
pling operation was carried out in a rapid sequence, 
with only a few seconds’ cooling in the upper part 
of the furnace tube before the sample was taken 
into the room. After cooling to room temperature, 
the Vycor broke cleanly away from the slag sample. 
No attack was ever observed on the Vycor tubing. 


Experimental Results 

The gas-slag equilibrium data are given in Table 
I. These determinations cover the entire range of 
compositions of silica-saturated slags at 1250°, 
1300°, and 1350°C. In terms of silica and total iron 
oxide contents, these slags do not show much varia- 
tion, from 30 to 40 wt pct SiO. and from 60 to 70 
wt pct FeO + Fe.O;. However, the important com- 
position variable in silica-saturated slags is the state 
of oxidation of the slag, and this can be expressed 
in several different ways. For example, the Fe.O, 


Table |. Silica-Saturated Siags, Complete Experimental Data 


Slag Composition Gas Composition 


Tempera- 
Point ture, by Chemical Analysis,* Pct by Analysis 
No. °C . FeO SiO» Pet CO». pco,/pco 
5 1239 0.78 59.94 39.28 11.6 0.1312; 
1.05 59.41 39.54 19.6 0.244 
4 1297 1.05 60.04 38.91 19.8 0.247 
8 1296 1.70 59.65 38.65 39.7 0.658 
9 1296 2.75 58.65 38.60 59.7 1.48 
10 1300 4.36 58.04 37.60 80.6 4.15 
11 1347 4.09 57.53 38.38 80.4 4.10 
12 1350 2.76 57.86 39.38 60.2 1.51 
13 1345 1.93 58.14 39.93 40.2 0.672 
14 1345 1.22 58.61 40.17 20.1 0.252 
15 1347 0.76 59.05 40.19 10.6 0.11867 
17 1248 0.83 60.80 38.37 13.0 0.1494 + 
19 1248 0.88 60.86 38.26 19.5 0.242 
20 1246 1.78 60.35 37.87 39.5 0.654 
21 1247 3.45 59.30 37.25 59.3 1.45 
22 1248 3.80 59.50 36.70 80.3 4.07 
24 1247 8.49 56.81 34.70 94.8 18.2 
28 1248 8.78 56.89 34.33 94.6 17.5 
29 1246 9.07 56.11 34.82 95.2 19.8 
30 1245 12.83 53.60 33.57 97.35 36.7 
31 1245 12.32 54.42 33.26 97.5 39.0 
34 1303 AOL 53.62 34.47 96.9 31.2 
35 1302 14.54 52.32 33.14 97.8 44.4 
36 1302 9.27 55.35 35.38 94.8 18.2 
37 1352 14.99 51.42 33.59 98.0 49.0 
38 1351 10.82 53.78 35.40 96.15 25.0 
39 1353 20.24 48.83 30.93 98.9 90.0 
42 1302 15.24 52.47 32.29 97.7 42.5 
43 1251 13.69 53.61 32.70 97.5 39.0 
45 1354 17.89 49.53 32.58 98. 68.0 
47 1349 22.23 47.57 30.20 99.2 124.0% 
48 1299 18.09 50.37 31.54 98. 65.64 
49 1252 14.48 53.18 32.34 97.8 44.4% 
50 1253 14.25 53.33 32.42 97.8 44.4 
51 1253 12.30 54.45 33.25 97.2 34.7 
52 1252 10.44 55.33 34.23 96.0 24.0 
53 1252 7.50 57.05 35.45 92.0 11.5 
55 1302 7.64 56.18 36.18 92.0 11.5 
57 1349 8.54 54.55 36.91 93.5 14.4 
58 1252 4.64 58.73 36.63 80.0 4.0 
59 1251 3.00 59.82 37.18 60.0 1.5 
60 1298 16.93 51.37 31.70 98.6 70.4 


* Recalculated to 100 pct total. : 
+ Points at silica and y iron saturation. — 
+ Points at silica and magnetite saturation. 
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Fig. 2—Silica-saturated slags. Log co./Pco ys. pct Fe,O,. 
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Fig. 3—Silica-saturated slags. Log vs. No/Nveo. 


content varies from 0.76 to 22.23 pct and the ratio 
of ferric iron to total iron varies from 0.0115 to 
0.296. The equilibrium CO,:CO ratio is, of course, 
another measure of the state of oxidation of the 
slag and at 1350°C for example varies from 0.1186 
to 124. This approximately 1000-fold variation in 
CO.:CO ratio corresponds to a 10° fold change in 
oxygen pressure, clearly showing the sensitivity of 
the oxidizing or reducing character of the slag to 
variations in the Fe.O, content. 

In the lowest state of oxidation at a given tem- 
perature (points 5, 15, 17 of Table I) the slags are 
in equilibrium with metallic iron as well as silica, 
and attempts to reduce the slags further will only 
form iron and silica. In the highest state of oxida- 
tion at a given temperature (points 47, 48 and 49) 
the slags are in equilibrium with solid magnetite 
and further oxidation would convert them into mag- 
netite and silica. 

The experimental data are given in Figs. 2 and 3 
as plots of log pPco./pco against various measures of 
slag composition: wt pct Fe.O,, the ratio ferric iron/ 
total iron, and the ratio No/Nyeo. The ratio No/Nyeo 
is especially useful in thermodynamic calculations 
and is calculated by expressing the chemical analy- 
sis in terms of mol fractions of the three components 
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Fig. 4—Silica-saturated iron silicate slags. Log Pco./Pco ys. 10'/T. 


FeO, O, and SiO,. Thus No/Nyeo is the ratio of the 
number of mols of oxygen in excess of that re- 
quired to form FeO and SiO, to the number of mols 
of FeO, calculating all the iron as FeO. As can be 
seen in Fig. 3: 

No 1 ferric iron 


For iron-silicate slags at equilibrium with solid 
silica, specification of temperature and a single 
composition variable such as pct Fe.O,, or No/Nyeo 
automatically fixes the entire slag composition, as 
can be proved by the Phase rule. 

In both Figs. 2 and 3 it can be seen that the data 
for all three temperatures fall on the same curve 
within experimental error, so that for a given pct 
Fe,O, or given No/Nyeo in silica-saturated slags, the 
CO,:CO ratio does not vary appreciably with tem- 
perature. This is a coincidence and it is likely that 
more precise data or data over a wider temperature 
range would show some small variations of Pco./Pco 
with temperature. In this connection, it might be 
also noted that Darken and Gurry* found relatively 
small variations of Pco./pco with temperature for 
pure Fe-O melts. 

The ratio Pco.,/pco and the oxygen pressure of the 
slags are seen to be very sensitive to content of 
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Fig. 5—Effect of log Pco./Pco and temperature on solubility of silica. 
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ferric iron at low values of pct Fe.O, or No/Nyeo. In 
this range, for example, Pco./pco increases about ten- 
fold as the Fe.O, content increases from about 0.8 pct 
to about 2.5 pct. This sensitivity to ferric iron con- 
tent is probably not confined to the particular iron- 
silicate slags studied in this investigation. 

Poo.,/pco Relationships for the Univariant Equi- 
libria: Fig. 4 is a Pco,/Pco vs. 1/T diagram which 
summarizes the results of the present investigation 
along with previous data on the limits of the field 
of stability of silica-saturated slags. Darken’ first 
pointed out the three important univariant equi- 
libria in which the liquid slags are in equilibrium 
with two solid phases: silica and magnetite, silica 
and fayalite, and silica and iron, respectively. For 
conditions of pco,/pco and T falling outside the area 
enclosed by these three curves in Fig. 4, no stable 
slags saturated with silica can exist. 

The relation of pco./pco to temperature for the 
univariant equilibrium 


gas: slag: silica: y iron 


was determined by Schuhmann and Ensio,* who pro- 
duced silica-saturated slags in iron crucibles. In 
the present investigation the measurements were 
repeated in silica crucibles, using iron wire in excess 
to produce iron saturation, and checked well with 
the previous work in iron crucibles. The newer work 
in an all-silica reaction chamber was more satis- 
factory than the previous work in all-iron systems 
in that no difficulty was experienced with carbon 
deposition by the reaction: 2CO—>CO,+C. 

No new data were obtained for equilibria with 
solid fayalite, so curve “5’’-“2” in Fig. 4 is based on 
Darken’s’ data entirely. 

For the univariant equilibrium: 


gas: slag: silica: magnetite 


the present investigation consistently gave lower 
Pco./Pco values than the previous work of Darken.° 
Accordingly various supplementary experiments 
were made to check this portion of the work. At all 
three experimental temperatures, attempts to estab- 
lish gas-slag equilibrium at CO,:CO ratios higher 
than those reported in Table I simply led to forma- 
tion of more magnetite, with no increase in the equi- 
librium Pco,/Pco value. As a further check, experi- 
ments were conducted by an entirely different tech- 
nique, as follows: A small sample of slag taken from 
a run near magnetite saturation was placed in a 
platinum crucible and then suspended in a tube 
furnace at controlled temperature in a stream of the 
CO.-CO gas mixture. After 18 hr the sample was 
quenched in the cold part of the furnace tube and 
then removed, mounted in bakelite, polished, and 
examined microscopically for primary magnetite. 
At a given temperature, runs were made at several 
CO.;°CO ratios, and the value of pco./pco was found 
which was just sufficient to form crystals of primary 
magnetite in the slag. At 1350°C, primary magnetite 
formed with gas mixtures containing 0.72 pet and 
less CO but did not form with gas mixtures con- 
taining 0.92 pct or more CO. These experiments 
check the figure of 0.8 pct CO for magnetite satura- 
tion found by the slag-bubbling technique. Similarly 
at 1250°C, the equilibration tests in platinum cru- 
cibles showed the magnetite-saturation gas compo- 
sition to be between 2.25 and 2.42 pct CO whereas 
the slag-bubbling technique gave 2.2 pct CO. 

The dashed lines within the slag field of Fig. 4 
represent the Pco,/pco vs. 1/T relationships for silica- 
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saturated slags of several arbitrarily selected values 
Of No/Nyeo. Each of these lines is horizontal, because, 
as shown in Fig. 3, Pco./Pco did not vary with tem- 
perature within the experimental error. The value 
of log pco:/poo for each line was read from the 
smoothed curve of Fig. 3. 

Silica Solubility in Iron Silicate Slags: Although 
the silica contents of the silica-saturated slags do 
not vary widely, as pointed out before, they do show 
a trend which might be of practical importance 
under some circumstances. Fig. 5 shows the effect 
of the CO,:CO ratio on the solubility of silica at 
1250°, 1300°, and 1350°C. The silica solubility at a 
given temperature decreases as the slag becomes 
more oxidizing, and the decrease is most rapid in 
the upper end of the range of co,/pco values. These 
results might be described by saying that on a 
weight basis ferric oxide is less effective than ferrous 
oxide as a flux for dissolving silica. 


Thermodynamic Calculations 

Calculations of Thermodynamic Activities: For 
calculation of equilibrium relationships in chemical 
reactions involving slags or slags with other phases, 
it is desirable to know how the activities of im- 
portant slag components vary with composition. The 
experimental data of this investigation give in the 
Pco.,/Pco ratios a relatively direct measure of oxygen 
activity, and these ratios can be combined with 
established equilibrium data for the gas-phase reac- 
tion CO + %O0, = CO, to calculate equilibrium 
values of oxygen pressure (DPo.) for the slags studied. 
Also, for the experiments with silica-saturated 
slags, the activity of silica is known directly and is 
equal to unity if the standard state of silica is taken 
as pure solid silica (tridymite at the temperatures 
of this investigation). However, in addition to these 
directly determined activities, the data when com- 
bined with previously available data using standard 
thermodynamic relations also afford indirect de- 
terminations of the activities of other slag com- 
ponents, such as FeO and Fe. Table II gives the 


activities of various slag components at selected 
values of No/Nyeo, calculated from the experimental 
data of this investigation as represented by the 
smoothed curve in Fig. 3. The activity data at 
1300°C are also plotted in Fig. 6. The calculations 
are outlined in the following paragraphs. 

Oxygen pressures (Po.) were calculated from the 
Pco./Pco ratios by the equation: 


29,270 


log po, = 2 log (Pco./Pco) — + 8.921 [1] 


This equation expresses the equilibrium conditions 
for the reaction 2CO + O, — 2CO, and is based on 
data selected by Darken and Gurry’ (see footnote 
on p. 1402 of reference). 

Activities of FeO were calculated by a Gibbs- 
Duhem integration. Taking the components of the 
slags as FeO, O, and SiO.: 


Nyeo 1OE Gpeo + No d log do + Nsio. d log dsiop = 0 [2] 


For silica-saturated slags dsio, is constant, so d log 
dsiono = 0. Also, since do is proportional to Pco,/Pco, 
d log d = d log (pco./pco). Applying these relations: 


N 
J dtog = — (Pco:/Poo) [3] 
FeO 


This integration is readily carried out graphically, 
the change in log dy.o between any two values of 
Pco./Ppco being found simply as the area under the 
curve of No/Nyeo plotted against log pco;/pco. In the 
previous study of iron-saturated slags, the standard 
state for FeO at which dy.o0 = 1 was taken as the pure 
Fe-O melt (0 pet SiO.) in equilibrium with y iron. 
On this basis it was found that dy.. for slags satu- 
rated with both y iron and silica was given by:* 


300 
log Areo = 0.590 [4] 


This equation was used to evaluate dy. for the 


Table II. Activities in Silica-Saturated lIron-Silicate Slags 


asi0g = 1 (tridymite) 


Standard States: 


dreo = 1 for pure Fe-O melt (0 pct SiOz) in equilibrium with y iron 
dre = 1fory iron 


No/Nreo log pco,/Pco Pco,/PCO log po, log dreo areo log dire are 
1250°C (1523.1°K) 
0.0061* —0.818 0.152 —11,933 Piealos2 — 0.392 0.406 1.000 
0.01 —0.35 0.447 —10.998 1.00x10-4 — 0.396 0.402 — 0.469 0.340 
0.02 0.17 1.479 — 9.958 1.10x10-1 —0.403 0.395 — 0.996 0.101 
0.03 0.55 3.55 — 9.198 6.35x10-10 —0.413 0.387 —1.386 0.0411 
0.04 0.815 6.53 — 8.668 2.15x10-% — 0.422 0.378 —1.661 0.0218 
0.06 1.21 16.22 — 17.878 1.32x10-8 —0.442 0.362 —2.075 0.0084 
0.098} 1.647 44.4 — 7.004 9.9 x10-8 —0.476 0.334 —2.547 0.00284 
1300°C (1573.1°K) 

—0.879 0.132 —11.445 3.59x10-12 —0.399 0.399 0 1.000 
—0.35 0.447 —10.387 4.10x10-4 —0.403 0.395 — 0.532 0.294 
0.02 0.17 1.479 — 9.347 4.50x10-10 —0.411 0.388 —1.060 0.087 
0.03 0.55 3.55 — 8.587 2.58x10-® — 0.420 0.380 —1.449 0.0356 
0.04 0.815 6.53 — 8.057 8.76x10-% —0.430 0.372 —1.723 0.0189 
0.06 1.21 16.22 — 7.267 5.40x10-8 —0.449 0.355 —2.138 0.0073 
0.10 1.65 44.7 — 6.387 4.10x10-7 —0.484 0.328 —2.612 0.00244 
0.122} 1.817 65.6 — 6.053 8.85x10-7 —0.502 0.315 —2.798 0.00159 

1350°C (1623.1°K) 

— 0.935 0.116 —10.984 1.04x10-4 — 0.405 0.393 1.000 
001. —0.35 0.447 — 9.814 1.53x10-10 —0.409 0.390 —0.589 0.258 
0.02 0.17 1.479 — 8.774 1.68x10-° —0.417 0.383 —1.117 0.076 
0.03 0.55 3.55 — 8.014 9.68x10-° —0.427 0.375 —1.507 0.0312 
0.04 0.815 6.53 — 17.484 3.28x10-8 — 0.436 0.367 —1.781 0.0166 
0.06 1,21 16.22 — 6.694 2.02x10-7 —0.455 0.350 —2.196 0.0064 
0.10 1.65 44,7 — 5.814 1.53x10-6 —0.490 0.324 — 2.670 0.00214 
0.148} 2.093 124.0 — 4.928 1.18x10-5 — 0.545 0.285 — 3.168 0.00068 


* Slags saturated with y iron. | 
+ Slags saturated with magnetite. 
+ Atmospheres. 
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silica-saturated slags in equilibrium with y iron, 
and the values thus obtained served as the starting 
points or lower limits for the integration of the data 
of the present investigation according to eq 3. 

Activities of iron (ady.), referred to solid y iron 
as a standard state, were calculated using the 
equilibrium constant for the reaction: 


FeO (liquid) + CO = Fe(y) + CO, [5] 


3 


From the previous paper on iron-saturated slags, 
the equilibrium constant for eq 5 is given by: 


2640 


log k = D157 [6] 


Thus, dy. was calculated from dp.o and Pco,/Pco by: 
2640 


log dp. = 10g — log — 2.157 [7] 


co 

Free Energy of Formation of Fe,O,: The experi- 
mental data of the present investigation afford an 
independent determination of the standard free en- 
ergy of formation of Fe,O, from y iron and oxygen, 
and this determination gives a good cross-check with 
the results of Darken and Gurry.’ The measure- 
ments of oxygen activity over the composition range 
from y iron saturation to magnetite saturation give, 
through the Gibbs-Duhem integration, values of 
dre at magnetite saturation. The oxygen pressures 
(po.) at magnetite saturation are calculated from the 
measured values of Pco,/pco. The activity of Fe,O, 
(Greso,) Will be unity at magnetite saturation.* 


* Actually, AP e,0, referred to a standard state of pure solid FesOx. 
will be slightly less than unity at magnetite saturation because the 
magnetite under these conditions would have a slight excess of oxy- 
gen compared to FesQx.. 


Accordingly, for the reaction of formation of Fe,O,: 
3Fe(y) + 20, = Fe,O, (solid) 


Are304 
k = and 


3 2 
P 02 


AF° = —RT Ink 
—RT (1n — 


In Table III, the values of AF° at 1250°, 1300°, and 
1350°C calculated by this equation using data in 
Table II are compared with values of AF° calcu- 
lated from the data of Darken and Gurry. The 
checks are quite satisfactory, especially considering 
the differences in experimental methods and the 
fact that one set of measurements was made on 
liquid slags containing silica while the other set was 
made on solid iron oxides in the absence of silica. 


3 In 2 In Po») 


Summary 
Equilibrium pco,/pco ratios were determined ex- 
perimentally for liquid iron-silicate slags in equilib- 
rium with solid silica at temperatures from 1250° 
to 1350°C. Gas mixtures of varying CO,:CO ratios 
were bubbled continuously through the liquid slag, 
and analyses of ingoing and outgoing gases were 


Table Ill. Standard Free Energy of Formation of Magnetite, 
Cal Per Mol 
1250°C 1300°C 1350°C 


— 150,890 
— 150,840 


—147,570 
— 147,230 


— 143,790 
— 143,620 


Present investigation 
Darken and Gurry 
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Fig. 6—Activity-composition relations in silica-saturated slags at 
1300°C. 


made to establish equilibrium. These silica-satu- 
rated slags ranged in composition from 30 to 40 wt 
pet SiO., balance iron oxides. The principal com- 
position variable was the state of oxidation of the 
iron, and the Fe.O,; content varied from a minimum 
of about 0.8 wt pct for iron-saturated slags to a max- 
imum of 14.5 wt pct and more for magnetite-satu- 
rated slags. The equilibrium values of Pco./Pco Cov- 
ered substantially a 1000-fold range, from 0.119 to 
124. 

Measurements of Pco.,/Pco ratios and slag composi- 
tions for the univariant equilibrium gas: slag: silica: 
y iron checked well with the previously reported 
data of Schuhmann and Ensio. For the univariant 
equilibrium gas:slag:silica:magnetite, the meas- 
ured Pco,/Pco ratios were somewhat lower than those 
reported previously by Darken. 

From the experimental data, calculations were 
made of the thermodynamic activities of FeO and 
Fe. Also, the data afforded a new determination of 
the free energy of formation of magnetite which 
checked with previous determinations of Darken 
and Gurry. 
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Deleading Zinc Concentrate 


At the 


Parral and Santa Barbara Mills 


by C. L. Boeke and G. G. Gunther 


HE zine deleading processes at the Parral and 
Santa Barbara mills are described separately 
to provide a basis for comparison. Although the two 
procedures are fundamentally alike, there are some 
differences in application to meet specific conditions. 
The Asarco mill at Parral in the State of 
Chihuahua is a flotation plant treating 1450 metric 
tons per day of complex sulphide copper-lead-zinc 
ores. In general, the procedure used for selective 
separation of the minerals into a copper, a lead, and 
a zine concentrate follows the usual practice. 

First, a bulk copper-lead concentrate is floated and 
then separated into a final copper and a final lead 
concentrate by the sulphurous acid process. A small 
tonnage of high grade gravity lead concentrate is 
tabled from the bulk copper-lead cleaner tailing be- 
fore it is reground so as to avoid undesirable over- 
grinding and sliming of this portion of the lead 
mineral. Next, a zinc concentrate is floated from the 
lead rougher tailing and, as described later, is 
separated into a final lead product and a final zinc 
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concentrate. Finally, the zinc rougher tailing re- 
ceives a strong scavenger float to remove all re- 
coverable middling values for regrinding and return 
to the flotation circuits. The slime is separated from 
the scavenger flotation product, and only the sand 
portion goes to the regrind section. The minerals 
in the separated slime are extremely resistant to all 
methods of selective separation and pose one of the 
major problems awaiting solution. Nevertheless, the 
slime shows a profit when mixed with either the lead 
or the zinc concentrate, except when metal prices 
are very low, so it is accepted as a final product for 
lack of a more profitable method of handling it. In 
contrast, the minerals in the reground sands of the 


C. L. BOEKE, Member AIME, is Mill Superintendent, Cia. Minera 
Asarco, S. A., Parral, Chihuahua, Mex., and G. G. GUNTHER is Mill 
Superintendent, Cia. Minera Ascaro, S. A., Santa Barbara, Chihua- 
hua, Mex. 

Discussion on this paper, TP 3287BD, may be sent to AIME. 
Manuscript, August 27, 1951. Mexico City Meeting, October 1951; 
Los Angeles Meeting, February 1953. 
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Table |. Parral Mill Products—Second Quarter of 1951 


Assays Recoveries 
Grams Pct Crude Ore Content, Pct 
Product Au Ag Pb Cu Zn Fe Insol Au Ag Pb Cu Zn Fe 
16.6 
a-b—Bulk copper-lead float 7.01 1954 46.7 12.0 YS) itil 1.0 45.3 66.0 68.9 74.3 4.6 

a—Separated copper concentrate, final 2.94 673 8.1 30.3 2.9 26.2 1.0 5.3 6.3 od 52.2 0.7 10.8 

b—Separated lead concentrate, final 8:57 2447 61.55 4.9 6.4 5.4 1.0 40.0 59.7 65.6 22.1 3.9 5.8 

c—Gravity lead concentrate, final 17.43 2296 71.4 ibis} 3.9 4.2 0.7 2.9 2.0 227 0.2 0.1 0.2 

d—Lead from zine concentrate, final 7.35 1805. 42.8 Bia 16.3 8.0 2.0 6.1 7.8 8.1 4.1 1.7 LS 

b-c-d—Total lead concentrate 8.65 2349 59.08 4.9 7.8 5.8 1.0 49.0 69.5 76.4 26.4 5.7 7.5 

e—Scavenger slime product, final 2.80 435 7.0 Teal 19.0 18.6 12.0 4.1 By) PAS} 1.6 3.6 6.3 
b-c-d-e—Combined lead concentrate 

and scavenger slime4 7.45 1956 48.4 4.1 10.1 8.4 72.8 78.7 28.0 9.3 13.8 

d-f—Zine concentrate before deleading 1.67 274 4.5 1.2 52.6 Die: 3.4 19.7 16.9 12.1 13.6 79.9 14.9 
f{—Zinc concentrate after deleading, 

final 1.24 158 1.6 0.9 55.3 5.3 3:5) 

100 100 100 100 100 100 


@ Final lead products b-c-d-e are combined in a thickener to form a 


single concentrate before filtering. 


scavenger product are highly amenable to separation 
and recovery. 

The assays and recoveries for the products re- 
moved in various stages from the Parral mill circuits 
are listed in Table I. 

One deviation from ordinary procedure is the re- 
treatment of the final zinc concentrate for the re- 
covery of lead. This is accomplished by depressing 
the zinc minerals with cyanide and zinc sulphate and 
then refloating to remove a lead concentrate. 

Certain characteristics of the minerals in the Par- 
ral mill feed make such a deleading process neces- 
sary and advantageous. The ore supply comes from 
various veins that contain minerals covering a wide 
range of floatability. In addition, the veins that sup- 
ply the major part of the tonnage have been cut by 
a fault which created an extensive shattered zone in 
which the minerals are in various stages of altera- 
tion. As a consequence, the lead minerals in the mill 
feed include a large proportion of easily floated clean 
galena, mixed with more refractory and partially 
altered minerals, which do not float readily. The 
separation of lead from zine is complicated further 
by the ever-present problem of the slimed minerals, 
which do not respond satisfactorily to the procedure 
that is best suited for selective recovery of the gran- 
ular portion. 

It is evident then that part of the lead mineral is 
readily floatable and can be separated easily and 
cleanly from the zinc, another part has the same 
degree of floatability as the zinc and requires special 
treatment for selective separation, while the remain- 
ing and most refractory part is less floatable than 
the zinc and can be recovered only by a strong 
scavenger flotation of the zinc circuit tailing. 


Table II. Deleading of Zinc Concentrate at Parral Mill 


Zine Assays 
Conc., Grams Pet 
Product Pct Au Ag Pb Cu Zn Fe 
Zine concentrate 100.00 1.67 274 yb) 
Lead from zinc con- 
Deleaded zinc con- 
centrate 92.96 1.24 158 O39) 55:3 bis: 


Recoveries Based on Zinc Concentrate, Pct 


Au Ag Pb Cu Zn 
Zinc concentrate 100.0 100.0 100.0 100.0 100.0 
Lead from zine con- 
centrate 31.0 46.4 67.0 30.5 2.2 
Deleaded zinc con- 
centrate 69.0 53.6 33.0 69.5 97.8 
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Such conditions preclude a reasonable recovery 
of the lead in a single flotation operation without 
floating an excessive amount of zinc. This led to 
experiments with a zinc concentrate deleading cir- 
cuit in 1945, with such beneficial results that the 
procedure has been continued without interruption 
since that time. The advantages of the deleading 
process are as follows: 

1—It simplifies the operation of the lead flotation 
circuit by making unnecessary any attempt to float 
the more refractory portion of the lead mineral at 
the expense of floating an excessive amount of zinc. 
Instead, a high grade lead concentrate low in zinc is 
floated, thereby dropping more of the zinc mineral 
into the lead circuit tailing for recovery in a zinc 
concentrate. 

2—The lead mineral that floats in the zinc circuit 
has the same degree of floatability as the zinc 
mineral, and the segregation and treatment of 
minerals in the same restricted range of floatability 
favors a more effective separation. Even a slight de- 
activation of the zinc makes it less floatable than all 
of the lead mineral within this limited range. Such 
favorable conditions for separation cannot be estab- 
lished in the lead rougher circuit where the most 
refractory portion of the lead mineral is still present. 

3—A high concentration of cyanide is used on the 
relatively small tonnage of zinc concentrate for 
maximum deactivation of the zinc, and it would not 
be economically permissible to use the same concen- 
tration of cyanide for the large tonnage in the lead 
rougher circuit to deactivate the zinc to the same 
degree. For example, 3.5 lb of cyanide and 2.0 lb 
of zine sulphate per ton of zinc concentrate are used 
in the zinc deleading circuit at Parral, equal to 0.3 
Ib of cyanide and 0.2 1b of zinc sulphate per ton of 
crude ore mill feed. The high concentration of 
cyanide in the deleading circuit requires only one 
twelfth of the quantity that would be needed to 
establish the same concentration in the lead rougher 
circuit, and the cyanicides in that circuit make the 
cyanide less effective than when it is used on the 
clean zinc concentrate. 


Cyanide and zinc sulphate are the only reagents 
used in the deleading circuit. The residual reagents 
in the feed to the circuit provide all the activation 
and froth needed to float the lead, but on occasions 
a small amount of alcohol frother is used to help 
carry the lead through the cleaner cells. Thickening 
and long conditioning were found to be detrimental 
to the separation, although some benefit is derived 
from a brief contact with cyanide and zinc sulphate 
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to permit their complete diffusion throughout the 
pulp before flotation. The feed has a slight natural 
alkalinity of pH 7.8, and experimental additions of 
lime have had no noticeable effect on the separation. 

As shown in Table II, the deleading procedure re- 
covers 67.0 pct of the lead content of the zine con- 
centrate with a loss of only 2.2 pct of the zine con- 
tent, and based on the crude ore mill feed, see Table 
I, this is equivalent to a recovery of 8.1 pct of the 
lead with a loss of only 1.7 pct of the zinc. The 
percentage of gold, silver, and copper removed with 
the lead makes the procedure still more desirable 


when the zinc concentrate is sold on a schedule that. 


pays for the zinc content only. 

Table III shows the percentage of crude ore lead 
content in the zine concentrate before and after the 
zinc deleading circuit was placed in operation. Dur- 
ing 1942, 1943, and 1944, when lead was recovered 
in a single step in the lead flotation circuit only, 
from 6.5 pct to 7 pct of the crude ore lead content 
remained in the zinc concentrate, and it could be 
kept at that point solely by floating from 12 pct to 
13 pct of the crude ore zine content with the lead 
concentrate. After the introduction of zinc delead- 
ing in 1945, the lead in the zine concentrate gradu- 
ally decreased to less than 4 pct of the crude ore 
content, with at the present time the inclusion of 
less than 10 pct of the crude ore zinc content in the 
combined lead products, see Table I. This repre- 
sents a 2.5 pct increase in lead recovery in conjunc- 
tion with a 2.5 pct decrease in zine recovery in the 
lead concentrate, and at the same time, the zinc 
dropped from the lead concentrate improved the re- 
covery in the zinc concentrate by an equal amount. 

The concentrating plant of the Asarco’s Santa 
Barbara unit is located near the village of Santa 
Barbara, which lies in the foothills of the Santa 
Barbara mountain range in the southcentral part of 
the State of Chihuahua at an elevation of 6300 ft. 
The prevailing rock in the district is shale which has 
been intruded by rhyolite and basalt dikes. This 
shale is cut by numerous veins that have been mined 
since early colonial times. The work of the Spaniards 
was limited to the oxide portion of the veins, which 
extends several hundred feet below the outcrops ex- 
cept in those areas where erosion has been excessive. 
At the present time, mining is confined to the deeper 
sulphide areas of the veins. Ores from five different 
mines make up the mill feed, and the principal min- 
erals are lead, mainly occurring as galena, copper 
in the form of chalcopyrite and to some extent as 
chalcocite, and zinc as a marmatitic sphalerite, all 
associated with pyrite and some gold and silver in a 
siliceous gangue. 

For a number of years, and till the middle of 1949, 
the flowsheet of the mill followed the conventional 
lines of most plants practicing selective flotation of 
lead and zine. As additional features, this flowsheet 
included—and still includes—gravity concentration 
of the lead liberated in the primary grinding cir- 
cuit, a lead-copper separation process by means of 
sulphurous acid, and a scavenger circuit following 
the. zine float. 

In view of the fact that most of the Santa Bar- 
bara ores presently treated show varying degrees 
of alteration and oxidation of the mineral surfaces 
and, with few exceptions, cannot be classed as clean 
ores as regards selectivity and floatability of the 
lead and zinc constituents, they require strong flo- 
tation conditions in the lead circuit for optimum 
lead-copper recoveries and the subsequent produc- 
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Table III. Crude Ore Lead Content in Zinc Concentrate After 
Zinc Deleading Circuit 


Crude Ore 
Lead 
Content 
Remaining 
in Zine 
Procedure Year Conc., Pct 
Zinc concentrate, not deleaded 1942 6.5 
1943 7.0 
1944 6.7 
Deleading started July 30th 1945 4.8 
Zine concentrate, deleading 1946 4.3 
circuit in continuous 1947 4.1 
operation 1948 4.3 
1949 3.9 
1950 3.6 


tion of a zinc concentrate of acceptable grade. It is 
obvious that this procedure tends to float a good deal 
of zinc into the lead concentrate, especially when 
the ore is very refractory. In the past, these zinc 
losses, and the resulting comparatively low grade 
lead concentrates, were tolerated as long as the 
value of the refractory lead recovered was greater 
than the value of the zinc that had to be taken into 
the lead concentrate and thus was lost as a pay prod- 
uct. 

Early in 1949, however, the amounts of refractory 
material in the various ores delivered to the mill 
increased to such an extent that it became more and 
more difficult to produce marketable lead and zinc 
concentrates and maintain recoveries. In spite of 
the customary strong flotation conditions in the lead 
circuit, a good deal of the lead and also copper 
dropped into the zinc section and floated there under 
the activating influence of the copper sulphate but 
to the detriment of the grade of the zinc concentrate 
produced. Attempts to retard this lead in the zinc 
circuit with potassium bichromate and to float it in 
the scavenger circuit were not successful. Therefore 
it was decided to try a deleading retreatment of the 
final zinc concentrate along the lines developed in 
the Parral mill. When it was possible to show that 
the lead could be floated away successfully from the 
zine after the latter had been depressed with cya- 
nide and zinc sulphate, this deleading operation 
became part of the regular flowsheet in July 1949. 
The immediate result of this procedure was a no- 
ticeable improvement in the zinc concentrate grade 
through the removal of considerable amounts of 
lead, copper, and iron minerals from the original 
zine concentrate with relatively low losses of zinc 
in the refloat lead concentrate. In turn, the lead and 
copper values thus recovered and added to the origi- 
nal lead-copper concentrate correspondingly in- 
creased the recoveries in the lead and copper cir- 
cuits. 

As soon as the deleading operation had been 
firmly established, it became possible to change the 
conditions in the original lead float. Instead of at- 
tempting to recover as much lead as possible in the 
lead circuit, the operators were instructed to disre- 
gard the lead section tailings, to produce a high 
grade lead concentrate of minimum zinc content and 
to allow the refractory lead minerals to pass into the 
zine circuit for their subsequent recovery in the re- 
float circuit. 

The overall effect of the refloat operation and 
typical results obtained are shown in Table IV. 
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Table 1V brings out the fact that the refloat opera- 
tion not only produces a relatively high grade final 
zine concentrate and a lead-copper concentrate of 
acceptable grade, but also recovers 8.4 pct of the 
total lead in the mill feed with a loss of only 2.1 
pet of the total zinc. The value and effectiveness of 
the refloat circuit are thus clearly emphasized. At 
the same time assays of the zine concentrate before 
the deleading reflect the operation of the original 
lead circuit and indicate the amounts of lead and 
copper that were allowed to drop into the zinc sec- 
tion. It is obvious that, without a deleading circuit, 
a zine concentrate assaying 5.4 pct lead, 1.6 pct cop- 
per, and only 50.2 pct zinc would not be produced 
for financial reasons, even if such a concentrate were 
acceptable to the smelter, and that the lead circuit 
would be operated so as to produce a greater recov- 
ery of the lead and copper values, which naturally 
means a lower grade concentrate and a higher loss 
of zinc. 

It is to be understood that the figures in Table IV 
represent average results only. It will be readily 
seen that the overall value of the entire refloat 
operation increases as the refractoriness of the ore 
treated increases, whereas with cleaner ores the re- 
sults are less spectacular. 

In the zine deleading operation as practiced at 
Santa Barbara the primary zinc is double-cleaned 
in a ten-cell No. 24 Denver Sub-A machine, and 
then is pumped to an eight-cell No. 24 Denver Sub- 
A machine. A rougher lead concentrate is taken 
from cells No. 3, 4, 5, and 6 to be cleaned in No. 2 
cell and recleaned in No. 1 cell. The rougher con- 
centrate from the last two cells of the machine is 
returned to No. 4 cell. The double-cleaned lead 
concentrate joins the original lead-copper concen- 
trate for further treatment in the lead-copper sep- 
aration section, the tails of the machine constituting 
the final zinc concentrate. 

Principal reagents added ahead of the pump are 
cyanide, zinc sulphate, and lime. Minor amounts of 
xanthate, cresylic acid, and of an alcohol frother are 
added at the machine as needed. Approximate re- 
agent requirements per ton of primary zinc concen- 
trate feed to the refloat section are: 2.3 lb cyanide, 
4.4 lb zine sulphate, 3.2 lb lime, 0.03 lb xanthate, 
and 0.01 lb each cresylic acid and Du Pont frother 
B-22. 

Cost of operating the section, including reagents, 
power, and maintenance, amounts to approximately 
8¢ to 10¢ per ton of crude ore miiled. 

Both cresylic acid in the rougher and alcohol 
frothers in the cleaner section have been found nec- 
essary and, if judiciously used, helpful. Obviously, 
overfrothing is to be avoided not only in the refloat 
circuit but also in the primary zinc rougher and 


Table IV. Overall Effect of Refloat Operation and Typical Results 


Assays 


Zinc concentrate 


Before deleading 1.2 294 5.4 1.6 50.2 yi) 
After deleading 0.8 171 1.1 54.5 7.2 
Refloat lead concentrate 4.6 1364 42.6 6.0 12.9 10.2 


Recoveries in Refloat 
Lead Concentrate, Pct 


Au Ag Pb Cu Zn Fe 


Based on crude ore mill feed 2.9 6.8 8.4 8.7 eae | 2.4 
Based on deleading section feed 39.6 47.9 81.4 38.7 2.6 14.0 
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Table V. Comparison of Parral and Santa Barbara Deleading Results 


Assays 


Grams Pet 
Au Ag Pb Guy Zn Fe 


Zine concentrate before deleading 


Parral 1.7 274 4.5 2702.6 
Santa Barbara 12 294. 5.4 1.6 50.2 7.5 
Zine concentrate after deleading 
Parral 1.2 158 1.6 0.9 55.3 5.3 
Santa Barbara 0.8 171 1.1 54.5 7.2 
Lead concentrate from zinc con- 
centrate 
Parral 7.4 1805 42.8 5.2 16.3 8.0 
Santa Barbara 4.6 1364 42.6 6.0 12.9 10.2 


Recoveries in Refloat 
Lead Concentrate, Pct 


Au Ag Pb Cu Zn Fe 


Based on deleading section feed 


Parral 31.0 46.4 67.0 30.5 2.2 10.3 

Santa Barbara 39.6 47.9 81.4 38.7 2.6 14.0 
Based on mill feed 

Parral 6.1 Saks 4.1 1.5 

‘Santa Barbara 2.9 6.8 8.4 8.7 2.1 2.4 


cleaner section. The importance of the latter factor 
was demonstrated in the plant some time ago when 
Aerofloat No. 242 was tried in the zine rougher float 
as a substitute for the standard xanthate collector. 
It was found that the frothing properties of this 
reagent, even if used in less than the necessary 
amounts, were so pronounced as to make the refloat 
circuit uncontrollable in a very short time. 


pH Control 

For reasons as yet unknown, the great amount of 
laboratory work done to study the effect of lime has, 
so far, failed to furnish the necessary data on which 
definite conclusions may be based, and a good deal 
more work will be required to answer the funda- 
mental question as to whether lime should be used 
or not. Results obtained in the plant show that, 
without lime, the operation of the refloat section 
becomes rather unstable and erratic, a fact also 
borne out in some of the laboratory series where 
the absence of lime led to poor lead-copper recov- 
eries because of a pronounced lack of selectivity. 
On the other hand, quite a few test series showed a 
normal float and an acceptable lead-zine separation 
when no lime was used. Notwithstanding this erratic 
and as yet unexplained behavior of the different mill 
pulps tested, certain general trends resulting from 
the use of hme may be summarized as follows. Up 
to a pH value of 9 or 9.5, recoveries of lead and cop- 
per are better than those obtained at a pH value of 
8 which is the natural pH of the primary circuit in 
the plant. As the pH value of the refloat is raised 
above 9.5, the floatability of the lead and copper 
begins to decrease, and in the case of the copper, 
sometimes so rapidly as to lead to a definite rejec- 
tion. Zinc rejection improves as the pH value of the 
float increases. From the few data presented it is 
obvious that the use of lime in the refloat circuit is, 
if anything, critical, and requires a careful study 
and balancing of all the factors involved in each 
individual case. 

A comparison of the Parral and Santa Barbara 
deleading results is shown in Table V. 

The results obtained at Parral and Santa Barbara 
indicate that a zinc concentrate deleading process 
may be a valuable means of improving concentrate 
grades and recoveries wherever a poor lead-zinc 
selectivity poses a major metallurgical problem. 
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Chlorination of Zirconium Oxide 


by W. W. Stephens and H. L. Gilbert 


Production of anhydrous zirconium tetrachloride by direct chlor- 
ination of a zirconium oxide-carbon mixture in a silica-brick-lined 
chlorinator is described. Theory and thermodynamics of reactions 
are discussed. A pilot-model chlorinator and full-scale production 

equipment are described and operating data are included. 


New zirconium tetrachloride required as 
a starting material in the Kroll process for pro- 
duction of ductile zirconium has been produced in 
this country principally by chlorination of the car- 
bide or “carbonitride’”’ made by reduction of zircon 
sand concentrates with carbon in the arc furnace. 
This process and the equipment used have been fully 
described.’* It is well known that zircon or badde- 
leyite ores may be chlorinated directly with chlorine 
in the presence of carbon, and this one-step approach 
would seem at first glance to be preferable to the 
two steps involved in the carbide-chloride opera- 
tion. As previously discussed* considerations lead- 
ing to adoption of the longer process were: 

1—Chlorination of the carbide proceeds rapidly at 
temperatures below 500°C, whereas temperatures 
above 900°C were considered necessary for chlor- 
ination of zircon-carbon mixtures. 

2—The highly exothermic nature of the carbide- 
chlorine reaction makes it self-sustaining, while heat 
must be supplied continuously in direct chlorination 
of the ore. 

3—Silicon was thought to be chlorinated along 
with zirconium in the direct chlorination of zircon, 
leading to high chlorine consumption. In production 
of carbide in the are furnace, silicon is driven off as 
silicon monoxide and does not enter the chlorinator. 

4—For efficient direct chlorination, the ore must 
be finely ground and intimately mixed with carbon, 
and the mixture briquetted. 

5—Direct chlorination requires a much larger 
chlorinator for a given production capacity than 
chlorination of carbide. 

Recently it has become necessary to produce large 
quantities of zirconium metal from a chemically 
purified zirconium oxide. Since the cost of the lat- 
ter is high, the relatively high losses encountered in 
production of carbide in the arc furnace could not 
be tolerated, and a graphite resistor furnace’ was 
developed for production of carbide, which was then 
chlorinated in equipment previously used for chlor- 
inating arc-furnace carbide. This method of opera- 
tion was quite satisfactory, and losses in the carbid- 
ing step were minimized. However, operating costs 
were relatively high, and the process did not lend 
itself particularly well to large-scale operation be- 
cause of the multiplicity of small units required and 
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Table |. Production of Zirconium Tetrachloride from Resistor- 
Furnace Carbide 


Product Contained 
Weight, Recovery, Pct 
Product Lb Lb Zr Cl. 
Input 
Zirconium carbide 10,970.4 
Chlorine 39,965 
Output 
ZrCla 22,075 8,640.0 78.80 33.6 
Residues 1,839.5 16.75 
Losses 490.9 4.45 66.4 


Average Zr content of residues = 48.84 pct 
Average power consumption = 0.81 kw-hr per lb ZrCly 


the hand labor needed to load, unload, and maintain 
the furnaces. To chlorinate the carbide, a vertical- 
shaft chlorinator was used in which the charge was 
heated with a central split graphite-rod resistor.’ 
Operation of this chlorinator was somewhat less sat- 
isfactory with the resistor furnace carbide than it 
had been with the arc-furnace carbide due, prin- 
cipally, to the differences in physical properties of 
the carbide. The arc-furnace carbide is obtained 
as a fused metallic-appearing mass which can be 
crushed to —'%4 in. with production of a minimum 
of fines, whereas the resistor-furnace product is 
lightly sintered and produces a large proportion of 
fines in crushing and handling. These fines tend to 
pack in the chlorinator and promote channeling, 
which results in poor chlorine efficiency and low 
capacity. Data based on production of 22,000 lb of 
chloride from resistor-furnace carbide in this equip- 
ment are shown in Table I. 

Necessity for increasing production of chloride 
from about 2,000 to 15,000 lb per week led to further 
investigation of possible methods for direct chlor- 
ination of the oxide or oxide-carbon mixtures. Direct 
chlorination of the pure oxide presents much less 
difficulty than chlorination of zircon sand or oxide 
ores. The oxide is easily ground to —200 mesh, and 
no silica is present to cause excessive consumption 
of chlorine or contamination of the product. 


Theoretical Considerations 
The principal chemical reactions involved in 
chlorination of mixtures of zirconium oxide and 
carbon may be written as follows: 


ZrO, + C(c) + Ch(g) = 
ZrCl.(g) + CO(g) [1] 


ZrO, (¢) + CO(g) + = 
ZrCL(g) + CO.(g) [2] 


ZrO, (c) + % C(c) + = 
ZrCl,(g) + % CO.(g) [3] 
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Fig. 1-——Experimental chlorinator. 


TC—Thermocouple positions 
1—Chlorine gas preheater 
2—Charcoal diffuser bed 
3—Resistor carbon 
4—Charge of briquettes 
5—Graphite electrode 
6—Split graphite-pipe top heater 


It may be seen that reaction 3 is the sum of reactions 
1 and 2. The heats and free energies of reaction for 
these equations were calculated using the most re- 
cent data available** and are shown in Table II for 
the temperature range of 800° to 1400°K (527° to 
1127°C). These data indicate that reaction 3 may be 
expected to predominate at low temperatures, while 
reaction 1 will predominate at high temperatures. 
In fact, as pointed out by Doerner,’ the equilibrium 
of the reaction C + CO, = 2CO determines the 
CO:CO, ratio in the reaction products, assuming the 
presence of excess carbon. Thus the CO reaction 
might be expected to predominate over the CO, re- 
action in a ratio of about 2:1 at 715°C and 99:1 at 
1000°C. Although reactions 2 and 3 are more desir- 
able than reaction 1 from the standpoint of heat re- 
quirements and carbon consumption, the extent to 
which they can be utilized is limited by practical 
considerations. 

It was felt that the principal problem involved in 
the design of equipment for efficient, large scale 
chlorination would be to obtain even distribution 
of heat in the charge so as to utilize the full cross- 
sectional area of the bed for chlorination. The cen- 
tral split graphite-rod heating element used in the 


Table Il. Thermodynamic Data for Chlorination Reactions, 
Calories Per Gram-Mol 


Tempera- Reaction 1 Reaction 2 Reaction 3 
ture 
oK AHr AF AH? AFr AHr AF r 
800 — 36 —23,612 —41,229 —30,797 —20,630 —27,205 
1000 — 513 —29,457 —41,295 —28,183 —20,900 ~—~28,820 
1200 —1041 —36,208 —41,339 —26,563 —21,190 —31,385 
1400 —1596 —40,808 —41,349 —22,882 -—21,472 —31,845 
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_ 7—Feed hopper 
8—Nichrome heater for crossover pipe 
9—Nickel-lined condenser 
10-—Water-cooled iron aftercondenser 
11—Exhaust to scrubbers 
12—Condenser heating air blower 
13—Nichrome air heater 


12 in. ID chlorinator previously described* showed 
little promise as a method for heating larger equip- 
ment, and the problems involved in constructing and 
maintaining a multiple electrode furnace of this type 
were considered prohibitive. Heating of the charge 
by mixing oxygen with the chlorine fed to the chlor- 
inator as practiced at the Leverkusen Works of the 
I. G. Farbenindustrie® was felt to be undesirable 
from the standpoint of increasing the volume of 
exhaust gas and leading to excessive carry-over of 
oxide and increased losses of chloride. 

A shaft-type chlorinator in which the charge it- 
self was used as a resistance-bed heating element 
appeared to have some promise of fulfilling the re- 
quirements. Measurements of the electrical resist- 
ance of a bed of briquettes made up of finely ground 
oxide and carbon black in the required proportions 
for chlorination showed this method of heating to 
be feasible. 


Pilot-Model Chlorinator 


A pilot-model chlorinator was constructed as 
shown in Fig. 1, using a mild-steel shell lined with 
silica brick to form a vertical shaft, with an inside 
diameter of 8 in. and height of 40 in. Three graphite 
plates 5 in. wide x 18 in, high were embedded in 
the lining at 120° intervals to serve as electrodes, 
and power was supplied by a 37 kva, 3-phase, 60- 
cycle transformer having secondary voltages vari- 
able from 10 to 30 v. 

Nickel was used for the chlorine inlet, the charg- 
ing port, and the chloride discharge pipe. The con- 
denser was made of light-gage nickel with an iron 
jacket, the space between the jacket and the inner 
shell being baffled for circulating the air used to 
maintain the proper condenser temperature. An 
aftercondenser of water-cooled iron was added to 
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Fig. 2—Production chlorinator. 


1—Feed hopper 
2—Star valve feeder 
3—Ball valve 
4—Silica brick 
5—Steel shell 
6—Insulating brick 
7—Clean out 


8—Water-cooled copper electrode connector 


9—Graphite electrode and nipple 
10—Cnhlorine inlet pipe 
11—Nickel cross-over pipe 
12—Primary condenser 


minimize stack loss of chloride, which is trouble- 
some in direct chlorination due to the presence of 
byproduct gas, principally carbon monoxide and 
carbon dioxide, which tends to sweep out fine parti- 
cles of chloride. 

To heat the upper part of the furnace shaft a 
small graphite resistor was installed. A chlorine gas 
preheater was made by coiling a length of thin wall 
Y in. nickel tubing into a helix and applying low 
voltage power to opposite ends of the tubing. A 
short coil of Nichrome resistance wire was wound 
on the exposed inlet to the nickel condenser to keep 
it free of chloride. Condenser heating-air tempera- 
ture was maintained by a maze-type Nichrome-wire 
heater. 

Waste gas was scrubbed in 4 in. diam pyrex glass 
towers packed for 48 in. with 1 in. porcelain Raschig 
rings. The first tower was supplied with waste cool- 
ing water from the chlorinator, while the second 
functioned with circulating 2 N sodium hydroxide 
solution. 

Initial operating tests showed that the cold zir- 
conium oxide-carbon briquettes did not conduct well 
enough to heat up rapidly, so a bed of %4 in. mesh 
resistor carbon was incorporated in the heating 
plans. 

In operation, the chlorinator shaft was first loaded 
through the charging port with % in. mesh softwood 
charcoal up to the lower end of the graphite elec- 
trodes. Next 2 to 4 in. of resistor carbon was tamped 
in. This was followed by a 12 to 14 in. depth of the 
1 in. diam x %4 in. thick briquettes of zirconium 
oxide-carbon mixture. Chlorine was admitted 
through the inlet at the lower end of the shaft to 
purge the chlorinator and condenser of air, and the 
electrical power turned on. Representative power 
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13—Condenser jacket 
14—Baffle 

15—Discharge valve 

16—Air heater 

17—Blower 

18—Cyclone-type aftercondenser 
19—Water scrubbing tower 
20—Caustic scrubbing tower 
21—Exit gas outlet to stack 
22—Caustic circulating pump 
23—Waste water inlet 
24—Caustic bleed line 


inputs and temperatures attained in normal opera- 
tion are given in Table III. 

When the desired temperature was attained, 
chlorine flow was adjusted to 5 lb per hr, the meter- 
ing of which was controlled by a flow gage. Im- 
mediate reaction was noted by an increase in the 
temperature of the top of the shaft and in the con- 
denser. During active chlorination, the heat trans- 
ferred to the condenser by condensing chloride made 
additional heating unnecessary, but a high volume 
of circulating air was maintained to prevent local 
overheating of the condenser. Chloride condensed 
with an indicated condenser-shell temperature of 
180°C is dense, granular, and free-flowing, a highly 
desirable condition for subsequent operations. 

In early runs, considerable difficulty was occa- 
sioned by disintegration of the briquettes in the 
charge, the resultant dust causing channeling of the 
chlorine and poor efficiencies. Furthermore, the oxide 
is quite abrasive, and briquetting in a conventional- 
type press resulted in rapid wear of punches and 
dies. Fortunately, a briquetting machine of the Bel- 
gian roll type was available, and the very hard, 
dense briquettes made with this equipment proved 
to be quite satisfactory. Briquettes made in this 


Table III. Power Input and Temperatures Attained in Operating 
Pilot-Model Chlorinator 


Power, °C 
Kw Temperature, 


Chlorine preheater 0.25 200-300 
Charge area 900-1150 
Top of shaft a) 400-600 
Cross-over pipe 0.5 400-500 
Condenser air heater 2.0 180-200 
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Fig. 3—Equipment installed in chlorination plant. Identification of 
equipment may be made by comparison with Fig. 2. 


manner were almond-shaped, with dimensions of 
approximately 13gx1x% in. It was found that con- 
tinuous addition of briquettes to maintain a rela- 
tively shallow bed gave equal efficiency and much 
less channeling than when operating with a deep 
bed. Briquettes were added manually from a closed 
hopper connected to the top of the chlorinator by a 
section of 34% in. diam rubber tubing, which per- 
mitted the operator to gage the amount being fed. 
A number of test runs were made in this equip- 
ment under varying conditions. The results of these 
tests showed that 85 to 90 pct of the zirconium in 
the feed material could be recovered as chloride 
with reasonable chlorine utilization and capacities 
of approximately 17.5 lb of chloride per hr per sq ft 
of bed area. Best results were obtained with bri- 
quettes made up of 81 pct —200 mesh zirconium 
oxide, 15 pet —200 mesh carbon black, and 4 pct 


Fig. 4—Briquetting roll with automatic screening and recycling 
system. 
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dextrine as a binder, with water added as required. 
It is to be noted that this amount of carbon consid- 
erably exceeds the stoichiometric amount required, 
even assuming that no carbon dioxide is formed. It 
has been shown several times, however, that lower 
carbon additions result in production of excessive 
amounts of white residues indicating a deficiency of 
carbon. Residual moisture in the briquettes and 
water formed by decomposition of the binder account 
for the oxidation of a portion of the excess carbon. 
Carbon dioxide formed in one area of the bed may 
react with carbon in higher temperature areas with 
the result that the charge in these areas may be de- 
ficient in carbon. 


Full-Scale Production Equipment 


Based on the assumption that the capacity of this 
type of chlorinator should be proportional to the 
cross-sectional area of the bed within reasonable 
limits, a production plant was designed with two 
chlorinators each with a 26 in. bed diameter. Design 
of these chlorinators as shown in Fig. 2 follows 
closely that of the pilot model. The general layout 
of the two production chlorinators is shown in Fig. 3. 

Principal differences from the pilot-model chlor- 
inator lie in engineering improvements and modi- 
fications required by the greater size. Structural 
materials are predominantly the same. Briquettes 
are prepared in the same Belgian roll mentioned 
previously, with the addition of an automatic screen- 
ing and recycling system as shown in Fig. 4 to break 
up, and return for rebriquetting, all briquettes that 
are not dense and hard. Briquettes are dried in a 
forced-draft electric drying oven. The finished prod- 
uct is shown in Fig. 5. A crew of two men can pro- 
duce 2600 lb of briquettes in 8 hr. 

Liquid chlorine is supplied from 1 ton cylinders 
to an electrically heated hot-water chlorine evap- 
orator. All chlorine handling equipment except the 
short inlet section is of iron. 

No charcoal or resistor carbon is employed in 
loading the large chlorinators. The prepared bri- 
quettes are added mechanically by means of a star 
valve on the closed hopper. The feeding tube and 
star valve are kept free of chloride by a continuous 
small flow of inert gas into the hopper. The rate of 
addition of briquettes is controlled to maintain the 
measured bed level below the bottom of the cross- 
over pipe to the condenser. The feed hopper is easily 
reloaded with the chlorinator in operation by closing 
the ball valve below the feeder to prevent back flow 
of chloride through the hopper. 

Power for each chlorinator is supplied by three 
1000 amp welding transformers, feeding through 
tapped autotransformers which may be adjusted to 
apply 50 or 25 pct of the output voltage of the weld- 
ing transformers to the chlorinator electrodes. Indi- 
vidual control of the power input to each electrode 
is obtained by varying the setting of the welding 
transformers, using remote controls on the operating 
panel. 

The chlorine’ preheater, top heater, and condenser 
inlet heater used on the small scale chlorinator were 
found not to be required on the large equipment. 

The condenser is constructed with an inner shell 
of 4g in. nickel sheet. An outer shell of black iron 
forms a jacket through which air may be circulated 
for heating or cooling. One change required in oper- 
ating on this scale was the installation of a cyclone- 
separator-type aftercondenser to minimize losses of 
chloride. This aftercondenser is also heated by cir- 
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culating hot air in the space between the steel outer 
shell and nickel inner shell. 

Gas scrubbing is accomplished in two 6 in. diam 
pyrex glass towers packed for 8 ft with 1 in. Raschig 
rings. The use of waste water alone for preliminary 
scrubbing resulted in damage to the sewer system, 
and a continuous stream of dilute sodium hydroxide 
solution from an 8000-gal storage tank is now fed 
to both scrubbing towers. 


Operating Data 

Briquettes for chlorinator feed are made up from 
a mix containing 81 pct calcined zirconium oxide, 
14.5 pet channel black, and 4.5 pct sucrose. The 
oxide is pulverized to 97 pct through 200 mesh in a 
swing-hammer pulverizer and mixed with the sucrose 
in a ribbon mixer. Water in the amount of 1.5 liters 
per 100 lb of dry mix is added, and the carbon is 
blended into the damp mix. This mix is aged for 24 
hr to permit the moisture to diffuse and then bri- 
quetted. Briquettes are dried at 140°C. 

The oxide used has an average zirconium content 
of 70 pet. The principal impurity is carbon. The 
channel black contains approximately 92 pct fixed 
carbon and 8 pct volatile matter. 

Operating data for a typical month’s operation of 
one chlorinator are given in Table IV. 

Comparison with data given in Table I for chlor- 
ination of the resistor-furnace carbide indicates a 
considerable advantage to the direct chlorination 
operation. Actually, chlorination of the carbide prob- 
ably could be carried out in the new chlorinators 
with efficiencies at least as high as for the oxide- 
carbon briquettes under suitable operating condi- 
tions, and somewhat higher rates of production might 
be attained. The principal advantage of direct 
chlorination lies in elimination of the carbiding 
step, with its relatively expensive equipment and 
high operating costs. It is estimated that operating 
costs for direct chlorination will be less than half of 
those for a carbide and chlorination operation of 
comparable capacity. 

Direct chlorination in a silica-brick-lined shaft 
furnace does not cause undue attack upon the brick- 
work, probably because of the limited contact of the 
brickwork with carbon. The small amount of silicon 
tetrachloride produced is not condensed in the heated 
condenser but passes to the scrubbing towers. 


Table 1V. Operating Data, Large-Scale Chlorinator 


Product Contained Recovery, Pct 


Weight, 
Product Lb Lb Zr Cle 
Input 
Briquettes 27,634 15,696 
Zirconium sponge* 399 399 
Chlorine 31,000 
Total input 16,095 
Output 
Zinconttan tetrachloride 37,962 14,858 92.3 74.7 
Residues P5277 lex 4.5 
Chlorination loss 520 3.2 25.0 
Total output 16,095 100.0 100.0 


Power consumption: 1.38 kw-hr per lb ZrClu 
Direct operating personnel: 2 men per shift 
; (1 operator, 1 helper) 
Normal rate of chlorine addition per chlorinator: 45 to 50 lb per hr 
Operating temperatures, °C: 
Chlorinator 


Lower zone: 500-900 
Middle zone 400-600 
Upper zone 350-500 
Condenser 150-200 
After condenser 100-150 


* Scrap sponge being recycled, not essential to direct chlorination. 
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Fig. 5—Briquettes of zirconium oxide-carbon mixture ready for 
chlorination. 


No difficulty has been experienced in grinding the 
zirconium oxide to the fineness required for direct 
chlorination. 

The size of our present chlorinators is not pro- 
hibitive, although the floor space required is greater 
than would be required for carbide chlorinators if 
the space for the carbide furnaces is not considered. 
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Observations on Nodular Graphite 


by H. M. Weld, R. L. Cunningham, and F. W. C. Boswell 


Chemical analysis shows the partition of the magnesium addition 
between the metal and the graphite is independent of whether the 
graphite is in the form of nodules or flakes. The bright central 
spot observed in nodular graphite polished sections is shown to be 

due to the structure of the nodules. 


URING the past few years numerous papers 

have been published on the production*” and 
heat treatment’ * of nodular cast irons. However, 
very little information is available on the structure 
of the nodules and the reason for their formation. 
It would appear that an explanation of the phenome- 
non of nodulation must await a detailed knowledge 
of the nature of the nodule. Disagreement exists 
among various workers on such a fundamental point 
as to whether or not a nodule actually contains a 
microscopically visible, nongraphitic 
Work was initiated with a view to obtaining definite 
information on this and other aspects of the problem, 


Chemical Separation and Analysis 

Microscopie appearance had indicated’™ that a 
nongraphitic core might exist in nodules (Fig. 1). It 
appeared that a chemical comparison of separated 
nodules and flake graphite would be profitable, for 
if the core is nongraphitic a relatively large amount 
of certain elements would be found in the nodules 
as compared to the flake. This comparison could best 
be made by obtaining nodules and flake from the 
same melt of cast iron, part of which had been in- 
noculated with a suitable addition reagent for the 
formation of nodules. 

A 300 lb melt was produced. About half of this 
was innoculated in the ladle with an Fe-Si-Mg alloy 
to produce nodules and cast into keel blocks; the 
remaining half of the melt had silicon added in an 
effort to compensate for the silicon in the innoculant 
used in the other half of the melt and this was cast 
into similar keel blocks. The analyses of the result- 
ant irons are given in Table I. 

Nodules and flake were chemically extracted from 
2 kg samples of metal as described in the appendix. 
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Table I. Analyses of Nodular and Gray Cast Iron 


Nodular Gray 
Iron, Cast Iron, 
Element Pet Pet 

(2: 3.16 3.36 
Si 2.29 3.24 
Mn 0.45 0.43 
Ss 0.001 0.045 
P 0.023 0.024 
Mg 0.051 <0.00025; 
0.011 0.008 
Al* 0.055 0.048 
Cre 0.025 0.020 
ve <0.004 <0.004 
Ni* 0.030 0.042 
Cu* 0.09 0.10 
Mo* 0.010 0.007 
Sn* 0.013 0.013 


* Determined by spectrographic analysis. In all, some 58 elements 
were checked. 

7 Estimated spectroscopically to be approximately 1/200 that 
found in nodular iron. 


While this method dissolved the iron and chromium 
carbides, it did not dissolve the titanium, vanadium, 
and molybdenum carbides. These latter carbides 
could have been removed by nitric acid, but in other 
experiments it was found that it attacked pools of 
metallic iron entrapped in the nodules which had, 
until the nitric acid treatment, been protected from 
the attack of the sulphuric, hydrochloric, and hydro- 
fluoric acids. It will be shown in the next section 
that entrapped iron exists in nodules but not in 
flake. 

On microscopic examination many tiny irregular 
particles were observed to accompany both the 
nodules and the flake. These were identified by 
tabling a sample of nodules from which a sufficient 
fraction was obtained for X-ray analysis. A good 
pattern of titanium carbide was obtained indicating 
that this was the predominant compound present. 

Since it was not possible to determine how com- 
pletely the carbides could be removed mechanically 
and since their removal from flake is much more 
difficult, it was decided not to resort to any separa- 
tion as this would render further comparisons more 
difficult. The samples were ashed in a combustion 
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boat, in an atmosphere of oxygen. The analyses and 
other pertinent data are given in Table II, from 
which it will be observed that titanium, vanadium, 
and molybdenum, whose carbides were not dissolved 
in the extraction process, were found in large quan- 
tities in the ash. Since magnetic measurements (to 
be discussed in the next section) showed that neither 
nodules nor flake contained any measurable amount 
of iron carbide, it is assumed that carbides of these 
other three elements did not exist to any extent 
within the graphite. Hence the data on these ele- 
ments cannot be used to estimate the relative amounts 
within the different forms of graphite. 

Where the recovery ratio is unity it indicates no 
preferred concentration of the element in either 
form of graphite. Hence any element whose ratio is 
near 1.0 would not be expected to be responsible 
for the differences in the formation. 

It is shown in the next section that metallic iron 
is randomly trapped by the growing nodules only, 
thus accounting for the large iron ratio presented in 
Table III. As this iron contains the same proportion 
of silicon as the original melt, it is possible to cor- 
rect the silicon recovery ratio to exclude this amount. 
The ratio for silicon then becomes 1.27. It is now 
seen that the recovery ratios for silicon, aluminum, 
tin, and chromium have a value of 1.0 within the 
limit of experimental error. 

Likewise the manganese is partly tied up in inclu- 
sions of manganese sulphide which would be lost 
during the extraction and cleaning. The loss is only 
appreciable in the case of the gray cast iron which 
has 45 times as much sulphur as the nodular iron. 
The effect of this upon the recovery ratio has been 
to reduce it from 0.55 +0.6 to 0.45 £0.06. 

For manganese and copper the ratios are 0.45 and 
0.3, respectively, being significantly less than 1.0 
and thus indicating a relative concentration of the 
sulphide-forming elements in the flake. The nickel 
ratio, 8.4 +3.3, shows a relative concentration of this 
element in the nodules as compared to flake. How- 
ever, the amount of nickel present is not sufficient 
to form microscopically visible nuclei. The nickel 
ratio suggests, however, that a nickel compound 
may serve as a submicroscopic nucleating agent. 

From the recovery ratio of iron and the amount 
of iron recovered in the nodules it would at first ap- 


Table II. Data on Samples 
Nodular Gray 
Iron Cast Iron 
Weight of metal 2050 g 2125 ¢ 


66.7 g (3.14 pct) 
0.394 g (0.018 pct) 


66.6 g (3.07 pct) 


Weight of extracted sample 
1.105 g (0.054 pct) 


Weight of ashed sample 


Analyses of Ash 


From From 
Nodular Gray Cast 
Element Iron, Pct Iron, Pct 
Fe20. 40.5 7.74 
SiOz 3.36 5.83 
MnO 0.39 2.00 
Trace Faint trace 
MgO 2.45 0.02 
Tide 32.3 58.4 
Al203 0.88 222, 
Cr2Oz 0.46 1.00 
V205 3.25 3.63 
i 0.020* 0.010* 
CuO 0.46 4.58 
MoO2 3.90 4.65 
Sn 0.3* 0.48* 
B Trace* Trace* 


* Indicates analysis by spectroscopy. 


Fig. 1—Graphite nodules showing the bright central cores. X425. 


pear from analytical data that either iron or an 
iron-rich compound comprised the nucleus. That 
this was not the case is demonstrated by work to be 
described in the next section. 


Magnetic Properties of Nodules and Flake 

During the course of a previous investigation in 
these laboratories it was found” that nodules ex- 
tracted from nodular cast iron were feebly attracted 
by a magnet, whereas graphite flake extracted from 
commercial cast iron did not appear to be. It was 
decided to investigate the cause of this difference in 
behavior and to see if it was related to the forma- 
tion of nodules. To obtain information on this mag- 
netic material, advantage was taken of the fact that 
ferromagnetic substances possess a characteristic 
temperature at which their ferromagnetism dis- 
appears. This is commonly known as the Curie 
point. 

A magnetic balance of the translation-bar type, 
equipped with a furnace, was constructed which was 
sufficiently sensitive to make possible the deter- 
mination of the Curie points of the ferromagnetic 
material or materials in the degree of dilution in 
which they occurred in the nodules. In this instru- 
ment the force on the sample due to the interaction 
with the magnetic field is balanced by an opposing 


Table III. Recovery of Elements from Nodules and Flake by Ashing 
(Based on the Analysis of the Two Cast Irons) 


Recovery 
From From Ratiot 
Nodular Gray Cast Nodules/ 
Element Iron, Pct Iron, Pct Flake 
Fe 0.016 0.001 1642 
Si (total) 0.037 0.016 2.30 
Si (less amount 
dissolved in 
entrapped iron) 1.27+0.2 
0.037 0.082 0.45++0.06 
Mg 1.481 1.12 1.3240.6* 
Al 0.375 0.454 0.80.2* 
Cr 0.686 0.643 1.0+0.25* 
Ni 0.0360 0.0045 8.4+3.3+ 
Cu 0.219 0.675 0:30:1* 
Sn 1.220 0.676 1.80.8} 


* One spectrographic and one chemical analysis compared. 

+ Two spectrographic analyses compared. 

+ The estimation of error is based on the assumption that individ- 
ual chemical analysis can be in error by 5 pct and that the spectro- 
graphic ratios for low concentrations on the same type of sample 
can be in error by 20 pct. 
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Fig. 2—Comparison of the magnetic properties of nodules and 
nodules plus 0.36 pct Fe. The presence of only one Curie point 
indicates that metallic iron is the only ferromagnetic substance 
present in the nodules. 


force existing between a coil mounted on the beam 
and a fixed coil. 

A sample of separated and cleaned nodules was 
placed in the specimen holder and the restoring 
current recorded as the temperature was slowly 
raised. A curve was obtained which showed no in- 
flections up to about 700°C at which point it fell 
rapidly and approached zero. Because of the diffi- 
culty of obtaining an accurate temperature measure- 
ment of the sample on the balance beam, another 
sample was prepared by the addition of 0.36 pct of 
electrolytic powdered iron as an internal standard. 
As before only one Curie point was found, thus in- 
dicating that metallic iron was the only ferromag- 
netic material originally present in the sample. A 
comparison of the nodules before and after the addi- 
tion of iron is shown in Fig. 2. 

From the chemical analysis of ashed nodules, in 
which iron was reported as Fe.O;, the maximum 
amount of metallic iron that could be present in the 
nodules was calculated. A synthetic mixture of 
electrolytic iron powder and corn flour containing 
about the same proportion of free iron as that cal- 
culated for the nodules was made up. Magnetic 
measurements showed the restoring force to be about 
twice that found for the nodules. However, flake 
which contained about half as much iron showed no 
magnetic effect. The data is reported in Table IV. 
This would indicate in the nodules that either the 
particle size of the iron or the composition of the 
iron is sufficiently different from the electrolytic 
iron to cause this factor of two in magnetic prop- 
erties, or else it may be concluded that a portion of 
the iron is contained in a nonmagnetic compound. 
Evidence for this latter suggestion comes from the 


Table IV. Results of Magnetic Measurements 


Restoring 
Force for 
Restoring 0.1250 G 
Force Sample 
Weight, (Arbitrary (Arbitrary 
Material G Units) Units) 
Nodule 
(Fe 0.467 pct) 0.1391 784 708 
Corn Flour 
+ 0.48 pct Fe 0.0898 1030 1435 
Flake 
(Fe 0.241 pct) 0.0288 0 0 
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fact that the flake which contains an appreciable 
amount of iron shows no ferromagnetic effect, in 
which case it must be concluded that the iron is all 
combined in a nonmagnetic compound. If a non- 
magnetic iron compound exists in flake, then it seems 
reasonable to assume that some can also exist in the 
nodules. There may, of course, be a combination of 
the effects noted above. 

An attempt was made to determine the distribu- 
tion of the iron in the nodules by the magnetic col- 
loid technique. Separated nodules were mounted in 
lucite and polished. A drop of magnetic colloid was 
placed on the sample and covered with a glass cover 
slip. The sample was then mounted on a microscope, 
using an oil immersion lens, and a magnet was 
brought near the sample. It was found that over 
some of the nodules the magnetic power gathered 
in one or more minute clusters. When the magnetic 
field was removed, the powder would disperse but 
would gather to form the same pattern when the 
field was reapplied. The important fact was that the 
centers about which the magnetic powder gathered 
were distributed at random throughout the nodule 
and were not particularly associated with the central 
spot or the periphery. In view of the above evidence 
the difference in the magnetic properties of nodules 
and flake graphite cannot be interpreted as evidence 
for the existence of a nongraphitic core in the nodules. 
The ferromagnetic material in the nodules has prob- 
ably been occluded in the nodules during the growth 
process. 

Since the possibility existed that ferromagnetic 
particles might have been embedded in the surface 
of the nodules during the polishing process, a similar 
experiment was carried out using flake graphite. 
There was no evidence of magnetic inclusions. Fur- 
ther discussion of the above results will be given in 
a later section of the paper. 


Microscopic Observations and the Central Spot 


It is well known that if a polished surface of 
nodular graphite cast iron is examined in the light 
microscope, a small whitish central spot can be seen 
in many of the nodules. It has been suggested that 
this spot may be due to a nongraphitic core or nu- 
cleus in the graphite nodule." 

The electron microscope investigation of the nod- 
ules was originally undertaken in order to study the 
structure of this central spot in greater detail, and 
also to study its behavior under chemical attack. 
The nodules were studied using polystyrene-silica 
replicas, and it was found in agreement with other 
investigators that the nodules possessed a character- 
istic fine structure, except for the central spot which 
appeared as a relatively smooth, flat surface, usually 
with some evidence of fine-scale flaking, Fig. 3. Gen- 
erally the boundary of this central area was in- 
distinct, although occasionally the boundary was a 
reasonably well-defined polygon. The fact that a 
smooth central spot shows up in the electron micro- 
graphs has been interpreted” as evidence for a 
nongraphitic core. Other workers’ have suggested 
that the spot may be due to the slip characteristics 
of the graphite and the structure of the nodule. 

It appeared that this question could be finally 
settled by geometrical considerations, since if a core 
actually exists it is reasonable to assume that the 
proportion of nodules in a polished surface with ex- 
posed cores is very nearly equal to the ratio of the 
diameter of the core to that of the nodule. This is 
based on the assumption of nodules of uniform size, 
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Fig. 3—Electron micrograph showing smooth central spot of nodule. 
X4500. Area reduced approximately 50 pct for reproduction. 


but the size distribution found in practice’ would 
not seriously affect the conclusions. 

Counts on several carefully polished samples in- 
dicate that about 60 pct or more of the nodules show 
a central spot, although in a poorly polished sample 
this figure may be much lower. Thus if the central 
spot is due to a nongraphitic core, it would be ex- 
pected that the diameter of the core would be about 
60 pct of the diameter of the nodule and the ratio 
of the average diameter of the visible spots to that 
of the nodules would be about 50 pct. Measurements 
of a large number of nodules having central spots 
showed the average core diameter to be only about 
10 pet of the diameter of the nodules. This 5:1 dis- 
agreement shows that the assumption that the cen- 
tral visible spot is due to a real core of nongraphitic 
material is untenable. While the figures given will 
vary somewhat from specimen to specimen, the 
variations are insufficient to conceal the noted dis- 
crepancy. 


Interpretation of Electron Micrographs 
It has been known for some time, as a result of 
microscopic examination under polarized light, that 


Fig. 4—Diagrammatic sketch indicating yariation in surface struc- 
ture across a polished section of a nodule due to the orientations 
of the radial crystallites. 
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Electron micrograph. X1500. Area reduced approxi- 


nodules possess a radially symmetric structure.’ Re- 
cent X-ray work™ has verified that a nodule con- 
sists of a number of graphite crystallites, each 
slightly misaligned with respect to its neighbors and 
with its basal plane perpendicular to the radius 
which roughly passes through its base. With this 
model in mind many features of the microscopic 
observations can be explained. 

If, during polishing, a nodule is sectioned between 
the periphery and the center, then the crystallite 
near the center of the section will have its basal 
plane nearly parallel to the polishing direction, but 
the surrounding crystallites will have their basal 
planes more sharply inclined to the surface, Fig. 4. 
It is a well-known property of graphite that the 
binding in the basal planes is very strong, while the 
binding between basal planes is weak. Thus during 
polishing it is believed that the graphite of the cen- 
tral crystallite is removed in flakes leaving a rela- 
tively smooth surface, while the surrounding graphite 
will be inclined to the polished surface and hence 
will be broken away in small chips leaving a rela- 
tively rough surface surrounding the central spot. 

If a nodule is sectioned exactly through its center, 
all the graphite in the polished surface of the nodule 
would be oriented with basal planes perpendicular 
to the polished surface, and a uniform nodule should 
appear with no apparent “core.” However, nodules 
which do not possess a smooth central spot occur 
more frequently than can be accounted for by this 
effect alone. It is possible that nodules built up of 
relatively few crystallites also may be polished so 
that no central spot is visible, even though they are 
not sectioned through the center. The reason for this 
lies in the fact that the angle between the basal 
plane of a crystallite and the polishing plane must 
be small if the surface of the crystallite is to be 
slipped off in flakes. As the number of crystallites 
making up a nodule decreases, the probability that 
the basal planes of one of the crystallites will make 
a sufficiently small angle with the surface to allow 
slip also decreases. Thus a nodule composed of a few 
large crystallites will often be polished so that no 
smooth central spot appears. 
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a b 
Fig. 6—In case a, a flake can be removed smoothly from the 


central spot whereas in case b, a flake can be removed only with 
considerable disruption taking place at its edges. 


From numerous observations it is believed that 
the maximum roughness is obtained when the angle 
between the basal planes and the surface is some- 
what less than 45°. Thus in a nodule cut near the 
center a small smooth central spot is exposed, sur- 
rounded by a rough area which is in turn sur- 
rounded by a somewhat smoother one. This effect is 
sometimes observed, Fig. 5. 

It may be noted that if the polishing plane cuts 
the nodules so that less than half of the sphere is 
left embedded in the iron, then the crystallites sur- 
rounding the central crystallite will have their basal 
planes so inclined to the polished surface that a flake 
can be removed from the central crystallite with a 
minimum of disturbance at its boundary, Fig. 6a. On 
the other hand if more than half of the nodule, Fig. 
6b, is embedded the adjacent crystallites will tend 
to impede the slip of the basal plane of the central 
crystallite. This effect may account for the great 
variation observed in the amount of disturbance at 
the boundary of the smooth central area. 

It is well known that the central spot shows up 
in light micrographs as a grayish-white spot con- 
siderably brighter than the surrounding graphite. 
This is believed to be due to the fact that the smooth 
central area reflects a considerable amount of light 
into the objective, whereas light incident on the 
surrounding slightly roughened graphite is largely 
scattered away from the objective lens. 

The fact that scratches in a polished section are 
not observed to pass through the central spot has 
been taken as evidence that the central spot was due 
to the presence of a very hard nongraphitic material.” 
However, it is now believed that a scratch-forming 
piece of abrasive would merely remove a flake of 
graphite from the central crystallite rather than cut 
a scratch across the smooth area. 

It has been observed” that generally larger cores 
were to be found in the smaller nodules in a given 
sample. This is to be expected on the basis of the 
model we have used since, when a nodule is sec- 
tioned near the periphery, the apparent diameter 
will be small while the “core” diameter will be near 
its maximum value for that nodule. 

Although the smooth central spot often observed 
in nodules is in no way connected with a crystal- 
lization nucleus, it is possible that an invisible non- 
graphitic nucleus may exist. If it exists, it must be 
very small (<0.5 microns diameter). 
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Conclusions 

1—Metallic iron is randomly entrapped during 
the growth of nodules. 

2—Flake and probably nodules contain a non- 
ferromagnetic iron compound. 

3—Aside from the entrapped iron there appears 
to be no element in sufficient quantity to account for 
a visible nucleus. However, this metallic iron is not 
associated with the central position. 

4—Manganese and copper are relatively concen- 
trated in flake graphite. ‘ 

5—lIt is still possible that a submicroscopic non- 
graphitic crystallization nucleus exists in the nodule. 
Chemical evidence suggests a nickel compound. 

6—Both the light and electron microscope appear- 
ance of nodules in polished section has been inter- 
preted as due to the structure of the nodule and the 
anisotropy of. graphite. 
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Appendix 
Extraction of Nodules and Flake from Nodular and 
Commercial Cast Iron 

For extraction each batch consists of approxi- 
mately 100 g of iron, cut into thin disks and placed 
in 300 ce of 2.5 normal sulphuric acid. When reaction 
has ceased, the solution and graphite are decanted, 
the remaining iron washed free of salts and the pro- 
cedure repeated with fresh acid until all the iron 
has been dissolved. 

As the graphite has a tendency to float, it is con- 
venient to siphon off the clear solution of iron sul- 
phate. 

It is then twice treated with hydrofluoric acid to 
remove silica. This is followed by a treatment with 
hydrochloric acid to insure solution of any residual 
iron that may have been held by the silica. The 
residue is then filtered and washed free of acid and, 
as a precaution, it is, as required, treated with a 
mixture of hydrochloric and hydrofluoric acids and 
finally washed and dried at 100°C. 
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Observations on the Tension Texture of Aluminum 


by E. A. Calnan and Betty E. Williams 


i the development of a new treatment for the pre- 
diction of deformation textures, it was noted 
that for no metals are there experimentally deter- 
mined tension textures with which the predictions 
may be compared. There is a considerable knowl- 
edge of drawing textures and previous workers have 
been content to consider these as equivalent to ten- 
sion textures for the purposes of comparison. It is 
shown, however, in the new treatment that the ten- 
sion and drawing textures are not necessarily iden- 
tical, the radial compression exerted by the dies in 
the drawing operation producing some modification 
of the tension texture. In particular for the face- 
centered cubic metals it is predicted that for draw- 
ing the final texture should be [111] with a spread 
towards [211] (a more detailed derivation of this 
texture has been made by Calnan’). This has been 
amply confirmed by experiment, see Hibbard.* For 
the pure tension case, however, the treatment pre- 
dicts intermediate [111] and [100] textures leading 
to a [211] end-point, while all previous treatments 
have predicted the final texture as [111] with in 
some cases an additional [100] component. Thus 
evidence that the pure tension end-point is the [211], 
or at least that [111] and [100] are not the final 
textures, should provide a valuable test of the new 
treatment. Accordingly some experiments were made 
on aluminum. 

Three aluminum specimens were examined in de- 
tail, one of cold-rolled high purity rod (99.99 pct), 
specimen A, and two of commercial extruded rod of 
purity 99.4 pct, specimens B and C. The initial an- 
nealing treatments were: A, 1% hr at 400°C; B, 
2 hr at 400°C;-C, 1% hr at 650°C. The principal 
difficulty is that of obtaining sufficient elongation 
before fracture occurs. This was overcome to some 
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O-7 
Fig. 1—Superpure aluminum, initial condition. Unit triangle show- 
ing ratios of the reflection intensities for plane normals parallel 
to the tension axis to the corresponding intensities of a random 
aggregate. Broken line is estimated position of ratio unity, the 
boundary of preferred orientation. 


extent by giving a softening heat treatment, 1 hr at 
300°C, after each 15 pct of extension. Vickers hard- 
ness measurements gave values before and after the 
softening treatment of about 30 and 28, respectively, 
in comparison with the initial value of about 19 cor- 
responding to fully annealed material. From recent 
observations in this laboratory it is concluded that 
this small recovery corresponds to a polygonization 
process rather than recrystallization proper and 
consequently the preferred orientation is unaffected. 
At the higher extensions, however, some slight neck- 
ing of the specimens took place and it was necessary 
to turn them down to a uniform cross-section before 
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Fig. 2—Superpure aluminum after 75 pct extension. 
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Fig. 3—Commercial purity aluminum rod, initial condition. 
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Fig. 4—Commercial purity aluminum rod after 50 pct extension. 
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continuing the extension. By this means a maximum 
of 75 pet extension was reached. 

X-ray observations were made on cross-sections 
of the material, carefully sawed from the specimen 
before and after extension and polished on succes- 
sively finer emery papers down to Huberts 00. Using 
a Geiger-Muller Counter Spectrometer the integrated 
intensities of the following reflections, 111, 200, 220, 
311, 331, 420, and 422, were measured with the sur- 
face of the cross-section at the appropriate Bragg 
angle to the incident beam. In this way the inten- 
sities are proportional to the numbers of grains with 
the particular plane lying in the surface, i.e., with 
the direction of the same indices parallel to the ten- 
sion axis. The intensities were compared with those 
from a lightly compressed block of aluminum powder 
which may be considered as a randomly oriented 
aggregate. Thus the ratio of specimen intensity to 
powder intensity indicates the degree of preferred 
orientation of the corresponding direction along the 
specimen axis. Fig. 1 shows these ratios for speci- 
men A before extension and indicates a little pre- 
ferred orientation. After 75 pct extension, Fig. 2, it 
will be seen that not only the [111] and [100] but 
also the [211] and [311] ratios have increased be- 
tween three and four times at the expense of orien- 
tations around [110]. This increase is far more than 
the variation between different cross-sections of the 
same specimen which was found to be about 0.3 of 
the observed values. The effect of extension on the 
duplex [111], [100] texture of Fig. 2 is illustrated 
by the extruded rod specimen, B, Figs. 3 and 4. The 
interesting feature is that although no marked [211] 
texture has developed after 50 pct extension the 
[111] and [100] components are diminishing. This 
indicates that the final end-point is neither [100] 
nor [111] but, since the [311] and [211] are slightly 
increased, is probably somewhere in the region of 
these latter points. Specimen C gives some con- 
firmation of this effect, for the initial condition shows 
a preferred orientation near [311] which is incréased 
after 75 pct from a ratio of 1.1 to 9 while the [111] 
and [100] increase from 0.3 to 0.85 and 0.2 to 2.2, 
respectively. 


Summary 


While it appears that extensions sufficiently large 
to produce the final texture have not been attained 
there is evidence that the texture end-points of alu- 
minum under pure tension are not the [111] or [100] 
directions as previously supposed but are somewhat 


on the [011] zone between these points. 
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Preferred Orientations in Vanadium 


by Carl J. McHargue and Joseph P. Hammond 


5] Papas have been no publications on the wire 
texture, on the cold-rolled sheet texture, nor on 
the recrystallized sheet texture of vanadium. Since 
it has a body-centered cubic structure, it would be 
expected to show strongly preferred orientations 
such as are found in iron’ and molybdenum.’ The 
wire textures of body-centered cubic iron,* tung- 
sten,* molybdenum,’ tantalum,® niobium,° and brass’ 
have been found to have [110] directions lying 
parallel to the wire axis. Wires of iron,’ containing 
1.95 pet V or 1.95 pet Si,’ and steel® retain their tex- 
ture upon recrystallization. Molybdenum’ and tung- 
sten* wires retain their texture after recrystalliza- 
tion at low temperatures. A [100] recrystallization 
texture has been reported for molybdenum’ and for 
a Fe-Ni alloy (53 atomic pct Ni).” 

The cold-rolled sheet texture for iron,* mild steel,” 
and molybdenum?’ is chiefly one in which the [110] 
directions lie parallel to the rolling direction and 
the (100) planes lie parallel to the rolling plane with 
a deviation from this position chiefly about the roll- 
ing direction as an axis. 

This paper presents the cold-rolled and the re- 
crystallized wire textures, and the cold-rolled and 
the recrystallized sheet textures for vanadium, The 
results show that the textures in vanadium are not 
significantly different from those reported for other 
body-centered cubic metals. 

The vanadium used in this investigation was the 
so-called ‘ductile’ vanadium which has a nominal 
composition within the following limits:” O, 0.05 
to 0.12 pct; H, 0.001 to 0.004; N, 0.02 to 0.04; C, 0.03 
to 0.07; and V, 99.8 to 99.9. 

The wires were formed by rolling annealed rods 
of 0.280 in. diam to 0.028 in., a reduction in diameter 
of 90 pct. The wires were then electrolytically 
etched to 0.005 in. diam and used as such for speci- 
mens. Annealed sheet was reduced 95 pct in thick- 
ness from 0.100 to 0.005 in. with a two-high, 4-in. 
diam mill using reductions no greater than 10 pct 
per pass. In order to avoid temperature effects, the 
sheet was allowed to cool between passes. X-ray 
specimens were made in the form of posts from the 
sheet. The sheet was mounted in a fixture and the 
edges were polished using metallographic technique. 
Each edge was alternately polished and etched dur- 
ing the last stages in order that all worked material 
would be removed. These post specimens were ap- 
proximately square in cross-section. The specimens 
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Fig. 1—Pole figure for vanadium cold rolled 95 pct. 
Circle—(112) [110]. Square—(100) [011]. Triangle— 


to be recrystallized were wrapped in tantalum foil, 
sealed in evacuated quartz tubes, and annealed at 
1600°F. 

The X-ray data were obtained from transmission 
shots made with a 0.030 in. pinhole camera, and 
molybdenum radiation with a zirconium filter in- 
serted between the specimen and film. The grain 
size was sufficiently small in both the cold-worked 
and recrystallized material to give satisfactory re- 
sults with the specimens stationary. 

In order for the wire texture to be determined, 
transmission X-ray patterns were taken with the 
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Fig. 2—Pole figure for vanadium recrystallized at 1600°F. 
Square position near (100) [011]. Triangle—(111) [112]. 


specimen tilted 10° from the perpendicular toward 
the beam. Analyses were made of the (002), (110), 
and (112) reflections. 

The data for the sheet textures were obtained 
from exposures made with the beam normal to the 
rolling direction and 0°, 11°, 26°, 41°, 56°, 71°, and 
79° to the cross direction. Exposures were also made 
with the beam normal to the cross direction and 
0°, 11°, 56°, 71°, and 79° to the rolling direction. 
Additional shots were made where necessary in 
order to verify data in regions in which the orienta- 
tion was uncertain. The intensities of the various 
portions of the diffraction rings were estimated 
visually, and the pole figures were plotted in the 
usual manner. 

Discussion of Results 


Wire Texture: The cold-rolled vanadium wire 
shows a simple [110] texture. The [110] direction 
lies parallel to the wire axis with a very small 
amount of spread from this position. This texture 
was retained upon recrystallization at 1600°F. 
These results are consistent with the fiber texture 
reported for other body-centered cubic metals and 
with that predicted by theory.” 

Sheet Textures: The pole figures for cold-rolled 
vanadium sheet are shown in Fig. 1. The regions of 
highest intensity are satisfactorily explained on the 
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basis of the orientations (100) [011] and (112) 
[110]. There is another component of the sheet 
texture which is described by the orientation (111) 
[112]. The texture could also be described as the 
(100) [011] orientation with scatter of +55° in the 
cross direction. The deviation about the cross di- 
rection as an axis amounts to 8° to 10° each way. 

Fig. 2 shows the pole figures for the recrystallized 
material. The principal orientations appear to be 
those which have the (100) and (111) planes paral- 
lel to the rolling plane and the [011] directions 15° 
from the rolling direction and the [112] directions 
parallel to the rolling direction. In other words, 
this texture is centered about the orientations (100) 
[011] 15° to the rolling direction, and (111) [112]. 
The (112) [110] component of the cold-rolled tex- 
ture does not appear to be present either as such or 
rotated as the (100) [110] component. Thus, it 
seems that the recrystallized texture has one com- 
ponent which was present in the cold-rolled texture 
and another component derivable from a component 
of the cold-rolled texture by a rotation of approxi- 
mately 15° about the normal to the rolling plane. 

Both the deformation and recrystallization sheet 
textures are very similar to those reported for iron,* 
and the deformation texture is similar to that re- 
ported for molybdenum.’ 


Summary 

1—The fiber texture is found to be a simple [110] 
texture for ‘ductile’ vanadium in both the cold- 
rolled and recrystallized conditions. 

2—The cold-rolled and recrystallized sheet tex- 
tures are presented in the form of pole figures of 
the (110) and (200) planes. These data are similar 
to those reported for other body-centered cubic 
metals. The cold-rolled sheet texture is described 
by the three “ideal” orientations (100) [011], (112) 
[110], and (111) [112]. The recrystallized texture 
is described by (111) [112], and by (100) [011] 
rotated 15° about the normal to the rolling plane. 
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Principles of Zone-Melting 


by W. G. Pfann 


In zone-melting, a small molten zone or zones traverse a long charge 
of alloy or impure metal. Consequences of this manner of freezing are 
examined with respect to solute distribution in the ingot, with particular 
reference to purification and to prevention of segregation. Results are 
expressed in terms of the number, size, and direction of travel of the 

zones, the initial solute distribution, and the distribution coefficient. 


[Ee a charge of binary solid-solution alloy is melted 
and then frozen slowly from one end, as for ex- 
ample in the Bridgman method of making single 
crystals,' coring usually occurs, with a resulting 
end-to-end variation in concentration. Such coring, 
or normal segregation, is undesirable where uni- 
formity is an object. On the other hand, for certain 
systems, it can be utilized to refine a material by 
concentrating impurities at one end of the ingot.” ’ 

In the present paper a different manner of freez- 
ing will be examined with respect to the distribu- 
tion of solute in the ingot. A number of procedures 
will be indicated which have in common the traver- 
sal of a relatively long charge of solid alloy by a 
small molten zone. Such methods will be denoted 
by the general term zone-melting, while the process 
described in the preceding paragraph will be called 
normal freezing. It will be shown that, in contrast 
to normal freezing, zone-melting affords wide lati- 
tude in possible distributions of solute. Segregation 
can either be almost entirely eliminated or it can 
be enhanced so as to provide a high degree of 
separation of solute and solvent. 

A number of simplifying assumptions will be in- 
voked which, while not entirely realizable in prac- 
tice, nevertheless provide a suitable point of de- 
parture for more refined treatments. Moreover, our 
own experience with zone-melting has shown that, 
for certain systems at least, the analysis holds quite 
well. The present paper will be confined to a dis- 
cussion of principles and a general description of 
procedures. Comparison with experiment is planned 
for later publication. 


Normal Freezing 

Before considering zone-melting, segregation dur- 
ing normal freezing will be reviewed briefly. If a 
cylinder of molten binary alloy is made to freeze 
from one end as in Fig. 1, there usually will be a 
segregating action which will concentrate the solute 
in one or the other end of the ingot. If the constitu- 
tional diagram for the system is like that of Fig. 2, 
then the distribution coefficient k, defined as the 
ratio of the concentration in the solid to that in the 
liquid at equilibrium, will be less than one and the 
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Fig. 1—Solidification by normal freezing (schematic). 


solute will be concentrated in the last regions to 
freeze. If the solute raises the freezing point, then 
k will be greater than one and the solute will be 
concentrated in the first regions to freeze. 

The concentration in the solid as a function of g, 
the fraction which has solidified, can be expressed by 
the relation: 

C=kC, (1-g)"" [1] 


where C, is the initial solute concentration in the 

melt. Eq 1 is based on the following assumptions: 
1—Diffusion in the solid is negligible. 2—Diffu- 

sion in the liquid is complete (i.e., concentration in 


_ the liquid is uniform). 3—k is constant. 


Concentration curves representing eq 1 for k’s 
from 0.01 to 5.0 are plotted in Fig. 3. This equation, 
in one form or another, has been treated by Gul- 
liver,’ Scheuer,* Hayes and Chipman’ for alloys and 
by McFee’ for NaCl crystals. It is derived in Ap- 
pendix I. It should be pointed out that the k which 
is calculated from the phase diagram will be valid 
only in the ideal case for which the stated assump- 
tions are correct. In all actual cases, the effective k 
will be larger than this value for solutes which 
lower the melting point, smaller for solutes which 
raise the melting point, and will probably vary 
during the beginning of the freezing process. For 
simplification it will be assumed that the ideal k is 
valid. 

Zone-Leveling Processes 


The processes of this part are designed to produce 
a uniform, or level, distribution of solute in the in- 
got. 

Single Pass: Consider a rod or charge of alloy 
whose cross-section is constant and whose composi- 
tion, C., is constant, although permissibly varying 
on a microscopic scale.* Such a charge might be a 


* More accurately, Co must be invariant with x, but the concen- 
tration may vary throughout a given cross-section. 


rapidly frozen casting or a mixture of crushed or 
powdered constituents. Cause a molten zone of 
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Fig. 2—Portion of constitutional diagram for a solute which lowers 
the freezing point of the solvent (schematic). 


length 1 to traverse the charge, as shown in Fig. 4, 
| being constant and small compared to the length 
of the charge. 

The course of segregation during this process may 
be visualized by reference to Fig. 2. As the molten 
zone advances it freezes out a layer dx of solid and 
melts a layer dx of the charge. The first solid to 
freeze, at x=0, is of concentration kC,. For k<1, kC, 
is less than C, and hence the liquid is enriched. As 
the zone progresses the liquid continues to be en- 
riched, although at a decreasing rate, until it attains 
concentration C,/k. When this condition is attained 
the concentrations of solids entering and leaving 
the zone are the same and hence no further change 
of concentration occurs in the zone or in the solid 
freezing from it until the zone reaches the end of 
the charge. The remaining liquid then solidifies by 
normal freezing, as described by eq 1. 

Thus, as shown in Fig. 5, simple zone-melting of 
a uniform charge results in an initial transition re- 
gion; a region of uniform concentration which may 
have any desired length and an end region of length 
equal to one zone, in which normal freezing pre- 
vails. The concentration C at any length x in the 
zone-melted bar (except in the last zone) is given 
by: 

[2] 
where «x is the length solidified, measured from the 
starting end, and not the fraction solidified. The 
derivation of eq 2 was made by W. T. Read and 
appears in Appendix II. The underlying assump- 
tions are those of normal freezing, with the addi- 
tion that | is assumed to be constant. 

Calculated curves of C vs. x/l according to eq 2 
are plotted in Fig. 6 for k’s from 0.01 to 5.0, for the 
particular case of a charge ten units long, unit zone- 
length, and unity C... Nine zone-lengths are de- 
picted; the tenth solidifies by normal freezing. In 
connection with the curves of Fig. 6 it should be 
noted that: 

1—As k increases, C approaches equality with C, 
at lower values of x/l. For a given k, the percentage 
yield of uniform material can be increased by in- 
creasing the rod-length and by reducing I. 

2—The difference between the mean and initial 
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Fig. 3—Curves for normal freezing, showing solute concentration in 
solid as a function of g, the fraction solidified, calculated from eq 1 
for various values of k, the distribution coefficient. 
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Fig. 4—Solidification by zone-melting (schematic). 
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Fig. 5—Approximate concentrations before and after singie-pass 
zone-melting. Note region of uniform concentiation after zone- 
melting. 


concentrations is proportional to (1-k) as in normal 
freezing. 

3—While eq 2 and the curves of Fig. 6 are based 
on the four stated assumptions, the basic feature of 
the zone-melting process, that is, the attainment of 
a limiting composition C,, is relatively independent 
of these assumptions. (Of course, fluctuations in k 
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Fig. 6—Curves for zone-melting, showing solute concentration in 
solid as a function of x/l, the zone-lengths solidified, calculated 
from eq 2, for various c's. Nine zone-lengths are shown, 


or | after C, has been reached will cause changes 
in 

4—For k’s of about 0.2 or less the rod is not at all 
uniform. 

2everse Pass: It has been shown that zone-melting 
of a uniform rod results in two end-regions in which 
C differs considerably from C,. An improvement in 
uniformity can be made by re-zone-melting in the 
reverse direction, from right to left. If C has essen- 
tially attained the value C, at some point in the 
first pass, as in curve a of Fig. 7, then the distribu- 
tion of solute after the reverse pass will be as 
shown qualitatively in curve b. The deviation at the 
right will be eliminated; that at the left will be re- 
reduced. Even if k is very small, ~0.01, and C, is 
not attained in the first pass, it is found that reverse 
zone-melting results in substantially uniform com- 
position in all but the last zone. 

Repeated Pass: If a sufficient number of back- 
and-forth passes is made in a straight bar, all devia- 
tions from a uniform composition can be eliminated, 
except in the last zone to freeze. In this respect the 
molten zone may be likened to a weighted drag 
moved across soil in order to level it. The drag 
picks up soil at high spots, drops it at low spots. 
Similarly, the molten zone equalizes points of high 
and low concentration in the charge, the action be- 
ing particularly effective if k is small. For a start- 
ing charge of mean composition C,, not assumed 
to be uniform, and a charge of total length d, the 
final concentration, C,, of the uniform rod is given 
by: 

[3] 
+ L(1-k) 
The final concentration in the molten zone will be 
C,/k. 
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Fig. 7—Approximate concentrations after: (a) single-pass zone- 
melting; (b) reverse zone-melting of (a). 


Fig. 8—Repeated-pass 


zone-melting of 
circular charge. The final state is a uni- 


form solute concentration in the solid 
equal to k times that in the molten zones. 
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Fig. 9—Zone-melting with starting charge, to eliminate initial 
transition region. 


An alternate means of achieving the result ex- 
pressed by eq 3 is to arrange the charge in the form 
of a closed ring, as in Fig. 8, and to cause one or more 
molten zones to travel around it. In the ring 
method, if more than one zone is used, l, in eq 3, 
should be the sum of their lengths. 

Starting Charge: The initial transition region in 
single-pass zone-melting is a result of the fact that 
the molten zone must travel some distance before it 
accumulates enough solute to attain concentration 
C,/k. This region can be eliminated by arranging 
the charge to have a concentration C,/k in the first 
zone and C, in the remainder,+ as shown in Fig. 9. 


7 This fact was pointed out by W. Shockley 
cation). 


(private communi- 


Starting Charge into Pure Solvent: It may be 
seen from Fig. 6 that the initial transition region is 
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Fig. 10—Curves for zone-melting into pure solvent, showing solute 
concentration in solid as a function of x/l, the zone-lengths 
solidified, calculated from eq 4 for various k’s. 


extremely long for values of k of about 0.1 or less, 
and that segregation is quite severe in single-pass 
zone-melting. A method of zone-melting which is 
particularly effective in such instances is to place 
solute in the first zone only, the remainder of the 
charge being pure solvent. The concentration of the 
solid after one pass is given in all except the last 
zone by: 

C= [4] 


where C; is the concentration of the charge in the 
first zone. Calculated concentration curves for a 
range of k’s are shown in Fig. 10. It may be seen 
that for k equal to 0.01 the concentration decreases 
only about 10 pct in ten zone-lengths. 

Even such decrease can be entirely prevented by 
reducing the volume of the zone as it travels through 
the charge. For a charge of constant cross-sectional 
area, a, the concentration will remain constant, at 
the value kC,, if the zone-length | is decreased in 
accordance with the equation: 


[5a] 


where lI, is the initial zone-length. If it is desired 
to maintain | at a constant value and decrease a, 
then a must vary in accordance with the equation: 


a= a,e"” [5b] 
where: 
l 


log e (1-k) 


and a, is the cross-sectional area at x = 0. It may be 
noted that eq 5a is applicable only to a charge of 
finite length, I|,/k, for at that value of x the zone- 
length becomes zero. Eq 5b in principle at least is 
applicable to a charge of infinite length. Both equa- 
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Fig. 11—Multiple-zone-refining, using a straight charge. For 
k <1, the solute becomes concentrated in the end of the 
ingot, at the right. 


tions are valid only if k<1. Derivations of eqs 4, 5a, 
and 5b appear in Appendix III. 


Zone-Refining Processes 


The processes of this part have the object of 
purifying a solvent material, or separating solute 
from solvent. 

Utilization of segregation during normal freezing 
to purify part of an ingot is well known."* The 
process is particularly effective where k is small and 
diffusion in the solid is limited. A glance at the 
curves of Fig. 3 indicates that for k’s less than about 
0.1 most of the solute is concentrated in the last 
tenth of the ingot. Further purification can be ob- 
tained by cropping the solute-rich tip, remelting and 
refreezing. In principle any desired degree of purifi- 
cation can be obtained by a repetition of such steps. 

Refinement can also be accomplished by zone- 
melting. A comparison of Figs. 3 and 6 shows that 
for small k’s a considerable purification is effected 
by single-pass zone-melting, although on the aver- 
age it is less than for normal freezing, for any given 
fraction of the charge. ‘The particular merit of zone- 
refining becomes evident when repeated crystal- 
lizations are desired. By passing a bar through a 
series of heaters a number of molten zones can be 
made to traverse the charge in a single operation. 
Each zone picks up solute on its way through the 
charge and deposits it at the end of the charge. Thus, 
any desired number of refining steps can be obtained 
in a single operation, and without resort to the 
intermediate steps of cropping. Figs. 11 and 12 
illustrate multiple-zone-refining for a straight and 
for a circular charge. 

It is of interest to know the distributions of solute 
after two, three, or more zones pass through an 
initially uniform charge and also the ultimate dis- 
tribution after a large number of passes. The latter 
is more easily determined and will be discussed first. 

Consider a charge of length d and of mean compo- 
sition C., with no restriction being placed on the 
distribution of the solute. Assume for purposes of 


Fig. 12—Multiple-zone-refining, using a 
charge in the form of an open ring. 
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Fig. 13—Solute concentration curves showing the ulti- 
mate distribution after multiple-zone-refining, calculated 
from eq 8, for various k’s. 


exposition that k is less than one. It is instinctively 
seen that after repeated passes in one direction a 
distribution will be reached which cannot be further 
changed. (The effect may be likened to piling a 
given amount of sand against a vertical wall—there 
will be a maximum attainable height.) Let this 
ultimate distribution be: 


(x) [6] 


If a molten zone of length | is to pass through the 
bar without changing this distribution then the con- 
centration of the solid freezing out of the zone at 
any point x must be given by eq 6. The concentra- 
tion of the liquid in the zone is: 


1 1 
Cav =— F(x) dx 


assuming unit cross-sectional area. The concentra- 
tion which freezes out at x is kC,, from which: 


k 
The solution of eq 7 is: 
(Ce AG [8] 
where: 
Bl C.dB 
e?'—] e? —] 


Ultimate distributions calculated from eq 8 are 
plotted in Fig. 13 and it is seen that for small k’s 
these are extremely steep. For example, if k = 0.1, 
d = 10, 1 = 1, the ultimate concentration at x = 0 is 
less than C, by a factor of about 10%. Eq 8 is actually 
an approximation because it cannot apply in the 
last zone, where normal freezing prevails, and the 
effect of the distribution in the last zone is reflected 
back into the preceding zones. However, this effect 
is small, especially at the pure end of the bar. 

Since the concentration at the starting end is de- 
creased by a factor of the order of k in each pass, 
it is evident from an inspection of Fig. 13 that at 
least 14 passes are required to approach the ultimate 
distribution. 

A good approximation to the actual distribution 
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after each of a number of successive single-zone 
passes readily can be obtained by a computation pro- 
cedure suggested by R. W. Hamming in which the 
molten zone is assumed to advance in discrete steps 
of convenient size, say 0.5 zone-length, the concen- 
tration frozen out at each step being k times that in 
the zone. The result of such a computation is shown 
in Fig. 14 for three successive passes through an 
initially uniform charge, assuming k = 0.1. Also 
shown is the ultimate distribution. 

Both refining and uniformity can be obtained by 
the repeated-pass methods described earlier in the 
paper, the purification being more effective for small 
k’s. The ratio C;/C, in eq 3 may be defined as the 
refinement ratio, R. For a given system R can be 
varied by controlling the fraction of the charge 
which is molten. For example, if k = 0.01, d = 10, 


Discussion 

Possibly the most significant feature of zone-melt- 
ing is its flexibility. The charge may be regarded as 
a medium and the molten zone as a distributor of 
solutes in the medium. Subject to the restriction 
that the concentration freezing out of the molten 
zone is k times that in the zone, and to certain other 
restrictions on solidification conditions, an operator 
can produce a large variety of useful distributions of 
solute in an ingot. Among the tools at his disposal 
are the arrangement of the starting charge, and the 
size, number, and direction of travel of the molten 
zones. 


INITIAL CONCENTRATION 7 


7 


SOLUTE CONCENTRATION, C 
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L 
0.01 + 
0.008 
0.006 7 | 
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0.001 


Fig. 14—Concentration curves, showing concentration of solute in 
solid as a function of x, the length solidified, after 1, 2, and 3 
successive single-zone passes from left to right, through an ini- 
tially uniform charge ten units in length, for unit zone-length. 
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While this paper is directed to metallurgists, the 
principles discussed in it are applicable to the freez- 
ing of any solid-solution system in which diffusion 
occurs much more readily in the liquid than in the 
solid. These methods may also be applied to solid- 
state transformations if the rates of diffusion of 
solute in the respective phases differ considerably. 

The discussion of zone-melting has been confined 
to the categories of zone-leveling and zone-refining 
and a number of illustrative examples have been 
given in each. These by no means form a complete 
listing and many other variations are possible. For 
example, except in the part described under the sub- 
heading “Starting Charge into Pure Solvent,” it has 
been assumed that l, the zone-length, is constant. 
However, by varying | as the zone travels, corre- 
sponding changes be introduced in concentration. 
The descriptions have been confined to binary sys- 
tems and ingots of bar form, either straight or ring 
shaped, but such restrictions are unnecessary. 
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Appendix | 
Derivation of Eq 1 
Freeze a unit volume of solution. Assume that dur- 
ing the freezing process there is no diffusion in the 
solid and complete diffusion in the liquid. Assume also 
that k the distribution coefficient is constant. Let: 


g =the fraction of the original volume which has 
frozen. 

s = the amount of solute remaining in the liquid. 

So = the total amount of solute. 

C =the solute concentration in the solid at the 


liquid-solid interface, in units of solute per unit 
volume of solution. 


C, = the solute concentration in the liquid. 
By definition: 
C= kc, 
Since C, = s/l—g 
ks 
| 
After a fraction g has frozen, freeze an additional 


amount, dg. The concentration C in the frozen layer of 
volume dg is: 


C= 


ds 
(Cf 
dg 
Eliminating C and integrating gives: 
k 
So s 1l—g 
From which: 
(1—g)* 
and: 
ds 
C= ———_ — ks, 
dg 


Since the original volume was unity, s. = C., where C. 
is the original solute concentration, and hence: 


G—g)** [1] 


This treatment neglects the change of density during 
freezing. It places no restrictions on the shape of the 
molten or solid portion during freezing. 
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Appendix II 
Derivation of Eq 2, after W. T. Read 


Assuming k, the distribution coefficient, and 1, the 
zone-length to be constant, the concentration, C, of 
the freezing solid at any length x, measured from the 
beginning of the ingot, may be found as follows: 


Let C. = mean concentration of solute in charge, 
assumed to be invariant with x, and ex- 
pressed in units of solute per unit volume 
of solution. 

Ss = quantity of solute in zone at any 2. 
So = quantity of solute in zone at x = 0. 


-Advance the zone a distance dx. An incremental 
volume dz of solid will form, an equal volume dz of 
charge will melt (see Fig. 4). The quantity of solute 
frozen out is: 


kC, dx 
where C, is the solute concentration in the molten 
zone. But C: = s/l, assuming unit cross-sectional area. 


The quantity entering the zone is C.dx. The net change 
in s is therefore given by: 


ks 
ds = (C,. — dx [A-1] 


From which: 


ds 


k 


The solution of eq A-2 is: 
k 


Since s, Col then: 
k k 


CA 


= Cl Che 
k 
ks 

Since C = : 

Get 
or: 

C/G Chey [2] 

Appendix III 


Derivations of Eqs 4, 5a, 5b 
Eq 4: The conditions are the same as in Appendix II 
except that all of the solute is in the first zone at the 
start. The concentration Ci, in the zone at x = 0 is 
therefore s./l. Advance the zone, at any x, a distance 
dx. Then: 


ks 
ds = — dx 
l 
ds 
=— — dx 
Since: 
ds So 
——— and CG; = 
dx 
C= kC; [4] 


Eq 5a: Given that the cross-sectional area a is con- 
stant, find the dependences of 1 on x which will result 
in a constant value of C: 


ds ks 


C=— = —— = constant 
al 


adx 
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Since a and k are constant, then: 


8 
(1) 
ds sdl 
ds dl 
From eq A-3: 
ds k 
= —— dx 
l 
hence: 
dl k 
l l 
—kx [5a] 


Eq 5b: Given that 1 is to be constant, find the de- 
pendence of a on x which will result in constant C. 
Let a be designated a(x); let v = zone volume: 


ds ks 
= constant [A-4] 
a(x) dx 
where: 2 
i) ada 
and: 
dv 
— =a(x+l) —a(x) [A-5] 
dx 


Since k = constant: 


ds dv 
From eq A-4: 
ds ka(x) dx 
hence: 
dv = — ka(x) dx 
dv 
— = — ka(x 
dx 
From eq A-5: 
dv 
=a(x+l) —a(x) 
dx 
hence: 


a(x+l) —a(x) = —ka(x) 


a(x+l 
[A-6] 
a(x) 
The solution of eq A-6 is: 
== Qo [5b] 
where: 
loge (1-k) 
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Technical Note 


Recrystallization Textures in Copper Wire 


by G. Bassi 


ECENTLY Wallbaum' found that copper wires 

X. with different degrees of deformation up to 98.7 
pet area reduction recrystallize giving a [112] tex- 
ture, while deformation over 98.7 pct gives either 
a [100] texture at low temperatures or a [111] 
texture at high temperatures. Furthermore it was 
found that the recrystallization temperature as a 
function of deformation up to 98.7 pct decreases as 
expected, but increases over that deformation. Wall- 
baum concluded that the different textures have dif- 
ferent recrystallization temperatures. The [112] 
texture has the lowest and [111] the highest. At the 
same time Bassi’ found that for high deformation 
(over 99 pct area reduction) and for an annealing 
temperature of 400°C, the [100] texture first forms 
and with prolonged annealing time the [112] tex- 
ture appears through grain growth. This secondary 


G. BASSI is associated with AB Svenska Metallverken, Vasteras, 


Sweden. 
TN 115E. Manuscript, Feb. 15, 1952. 
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texture does not appear if the wire is annealed at 
1000°C before the deformation. 

From these two papers it might be concluded that 
the [112] texture can appear either as a primary or 
as a secondary texture after annealing. The texture 
formed in a special case depends on the previous 
history of the wire. Probably the texture of the wire 
prior to the last deformation is important. To in- 
vestigate this, wires were produced by adequate 
deformation and annealing to give a [100], a [112], 
and a [111] texture. The wires then were given a 
series of different deformations and were annealed 
at various temperatures, after which the textures 
were studied. 


Experimental Work 


The copper used was electrolytic tough-pitch (Cu 
99.90 pct and O, 0.04 pct). Three wires with the 
different initial textures were made in the following 
way: The [100] and [112] by drawing a 16 mm rod 
to 1 mm and annealing it 16 hr at 200°C and 2 hr 
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Ss 4 
(v) 
ds sdv 
Vv (oe 


Fig. I—1 mm wire annealed 16 hr at 200°C. [100] 
texture. No rotation of specimen. Incident beam 
perpendicular to wire axis. Unfiltered copper radia- 
tion. Specimen etched to 0.20 mm. Distance speci- 
men-film: 26 mm. 


at 400°C; and the [111] by drawing a 19 mm ex- 
truded rod to 1 mm and annealing it 1 hr at 950°C. 
The initial textures for the wires are shown in Figs. 
1 to 3. Samples of the wires were then drawn with 
10 to 99.7 pet area reduction and annealed 1 hr at 
200°, 400° and 950°C. The examination of the tex- 
tures was by X-ray analysis of the wire core. 


Experimental Results 

Deformation Textures: Up to a reduction of 80 pct 
the [100] and [111] textures appear relatively 
stable. The [112] texture however changes rather 
fast to the [111] orientation. Over 80 pct deforma- 
tion, all three initial textures are changed to [111] 
+ [100]. The wires were drawn at room tempera- 
ture, but the same result is also obtained if the 
wires are drawn at —70°C. 

Recrystallization Textures: Table I shows the in- 
fluence of the initial orientation on the recrystalliza- 
tion textures. 

From this the following can be concluded: 

1—The [100] recrystallization texture depends 
mainly on the degree of deformation. 

2—The [112] texture can only originate from the 
deformation of the [100] texture. 

3—The [112] texture is a primary texture as long 
as the deformation is not sufficient to give the [100] 
texture. If a certain degree of deformation (about 
90 pct) is exceeded, then the [100] texture originates 
first. With prolonged annealing time the [112] 
texture is formed by grain growth. 

4-_By deformation and following annealing of the 
[112] and [111] texture, no primary [112] texture 
originates. Consequently no secondary [112] text- 
ure forms by higher reduction, in spite of the forma- 
tion of the primary [100] texture. 


Table |. Influence of Initial Orientation on Recrystallization Texture 


Temperature, °C 
Initial Deforma- 
Texture tion, Pct 200° 400° 950° 


[100] 10to 90 Not recrystallized [112] (112] 
resp. randomly 

[100] 90to 99.7 [100] {100] primary [100] + [112] 

[112] secondary +{[111] 

[112] 10to90 Not recrystallized Randomly 
resp. randomly 

{112] 90to 99.7 [100] [100] [111] 


Randomly 


{111] 10to90 Notrecrystallized Randomly Randomly 
{111} 90to 99.7 Beginning of re- [100] {111] 
crystallization 
in [100] 
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Fig. 2—1 mm wire annealed 2 hr at 400°C. [112] 
texture. Rotation of specimen. Incident beam per- 
pendicular to wire axis. Unfiltered copper radia- 
tion. Specimen etched to 0.20 mm. Distance speci- 
men-film: 26 mm. 


Fig. 3—1 mm wire annealed 1 hr at 950°C. [111] 
texture. Rotation of specimen. Incident beam per- 
pendicular to wire axis. Unfiltered copper radia- 
tion. Specimen etched to 0.20 mm. Distance speci- 
men-film: 26 mm. 


5—The [112] and [111] textures give a single 
[111] texture after a high deformation and anneal- 
ing at high temperature. 

6—Table I shows that wires with a second last 
annealing at high temperatures, 950°C for the wire 
with the [111] initial texture, will result in a higher 
recrystallization temperature than the wires with 
the [112] and [100] texture. The latter had a low 
second last annealing temperature. This might ex- 
plain Wallbaum’s findings that wires with a de- 
formation in excess of 98.7 pct had a higher re- 
crystallization temperature than wires with lower 
deformation. 
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A Study of Grain Shape in an Aluminum Alloy 


And Other Applications of Stereoscopic Microradiography 


by W. M. Williams and Cyril Stanley Smith 


HE quantitative study of grain shape in three 

dimensions has been a difficult one from the 
practical standpoint. Experiments on grain shape 
have usually been based on indirect observations of 
two-dimensional metallographic samples or on 
grains separated by intergranular corrosion or frac- 
ture. The latter method was used in particular by 
Desch* in 1919 in observing the shapes of $-brass 
grains which had been separated with mercury. The 
similarity in detail of shape and packing that exists 
between bubbles in a soap froth and metal grains 
was noted by Desch who remarks that: “Surface 
tension has an important share in determining the 
form of the crystal grains in a solidifying metal and 
such grains have a tendency to assume the shape of 
foam cells.” More recently the relation between 
grain shape and grain growth has been studied by 
Harker and Parker.’ The importance of surface ten- 
sion forces in determining microstructure has been 
discussed by Smith,’ and an analysis of the topologi- 
cal rules that apply to such structures has been made 
by the same author.* Biologists have made valuable 
contributions to the general problem of shape and 
form in an assembly of space-filling cells subject to 
surface tension forces. Particular mention must be 
made of the extensive researches of Lewis”* on 
botanical and anatomical tissues, and Matzke and 
Nestler,” ° who have made painstaking studies of 
bubble shapes in different kinds of foam. The present 
paper introduces a new method of studying indi- 
vidual grains in particular alloys—a method which 
may well find use in other metallurgical researches, 
and which seems also to be applicable in biological 
problems. 

Metal Grains in Three Dimensions 


The individual grains in a piece of metal or the 
bubbles in a soap froth must satisfy two conditions 
—they must be in juxtaposition so as to fill space 
and their interfaces must conform to the laws of 
surface tension. If a further restriction is imposed, 
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namely, that only one type of polyhedron be used, 
then the sole possibility is an assembly of “minimal” 
tetrakaidecahedra,’ each polyhedron having eight 
doubly-curved hexagonal faces and six plane quad- 
rilateral faces, the angles between adjacent faces 
being 120°. Such cells could be stacked on a body- 
centered cubic lattice and would be quite stable. 
For many years it was believed that soap bubbles 
actually possessed the shape of this ideal body, and 
the hypothesis was the starting point for several in- 
vestigations on the shapes of soap bubbles, biological 
cells, and metal grains. These investigations have 
shown, what might have been obvious in the be- 
ginning, that if the condition of symmetry is relaxed 
the tetrakaidecahedron is almost never found. If we 
retain only the rule that all contacts should be in 
local surface tension equilibrium and that the 
assembly should fill space, metal grains may then 
take a nearly infinite variety of shapes and no single 
one may be regarded as an archetype. These two 
conditions, which are fully discussed in one of the 
previously mentioned papers,’ lead us to think of a 
typical grain in an annealed metal as having the 
following characteristics: 

1—A grain may have any number of faces, but 
usually between nine and eighteen. The faces (each 
of which is, of course, shared by two grains in the 
assembly) may have any number of edges, but 
usually between four and six. Pentagons are by far 
the most frequent. 

2—In the assembly of grains each edge is shared 
by three faces and by three grains. Each vertex is 
a point shared by four grains, six faces, and four 
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N. Y., and C. S. SMITH, Member AIME, is Director, Institute for 
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Meeting, October 1952. 
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edges. On a single grain, separated from the mass, 
every vertex is three-rayed. 

It is difficult to analyze these concepts in a pure 
metal because it is accessible only by two-dimen- 
sional sections, and extremely laborious successive 
sectioning is necessary to build up the complete 
three-dimensional picture. The examination of an 
intergranular fracture is woefully inadequate, and 
it seems to be virtually impossible by intergranular 
corrosion to obtain a complete sample of all of the 
grains in a given volume. However, it is possible by 
stereoscopic microradiography of a metal containing 
a small amount of a second phase to delineate grain 
edges to get a view of the extended structure and to 
analyze a sufficient mass of directly connected grains. 
When a minor second phase in a polycrystalline al- 
loy has a dihedral angle, 6, between 180° and 60°, 
it will exist as discrete particles at grain corners, 
edges, and between adjacent faces. When @ is less 
than 60°, the second phase becomes continuous along 
all grain edges. As @ decreases, the phase spreads 
more and more over grain faces until at 6 = 0°, 
each grain is isolated from its neighbor by an en- 
velope of the second phase. Fig. 1 is a drawing by 
Barrett taken from one of the previously mentioned 
articles,’ and shows the distribution of a minor 
second phase for the two cases where @ is 65° and 
120°, respectively. At 60° the gap shown in the 
fore edge would close completely. 


Fig. 2—Micrograph of the polished section of an Al-Sn alloy (5.2 
pct Sn) after annealing at 580°C. Dihedral angle ~30°. About 
4.5 volume pct liquid. Unetched. X70. Area reduced approximately 
50 pct for reproduction. 
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Fig. 1—Sketch showing the anticipated three-dimensional distribution of a minor second phase in a polycrystalline alloy. 
Left, 0 about 65°; right, 9 about 120°. (Drawing by Barrett.*) 


The Al-Sn alloys are well adapted for such studies. 
In a study of their microstructure, Ikeuye and Smith” 
found that the dihedral angle of the tin-rich phase 
(liquid at the annealing temperature) varied from 
55° at the eutectic temperature to 0° near the melt- 
ing point of the aluminum in a manner related to the 
coinposition of the second phase. The alloys can be 
cast, rolled, and annealed easily, have typical poly- 
hedral grain structure, and the difference in X-ray 
absorption makes radiography easy. They are, more- 
over, of some industrial importance as bearing 
materials.” 


Stereoscopic Microradiography 

The technique of microradiography has developed 
quite rapidly during the last few years,” and it is 
now possible even to study segregation in the brasses 
with the proper choice of radiation.” A valuable re- 
cent paper” reviews the different methods and dis- 
cusses the variables involved, such as focal spot size, 
choice of radiation, and the relation of exposure time 
to the photographic emulsion used. 


Stereoscopic principles seem not to have been 
previously applied in the field of microradiography 
although they have been successfully applied in 
many fields in science. In the medical and dental 
fields, in many branches of industry, and in aerial 
surveying, stereoscopic photographs at ordinary 
magnifications are standard. In electron microscopy 
stereoscopic views are commonplace in deciding the 
three-dimensional shape of particles and also lend 
themselves to the accurate determination of surface 
contours on replicas.” The simple rules of stereo- 
scopy are just as easily applied to microradiography. 


Method 

For the present studies the experimental arrange- 
ment was as follows. A beam of ‘white’ radiation 
from a tungsten target was directed at the specimen 
and the X-ray shadow registered on a piece of fine 
grained photographic plate placed in close contact 
behind the specimen. Two microradiographs were 
taken of each specimen, the specimen and plate be- 
ing rotated through an angle of 4° to 6° between the 
two exposures. In the absence of a tube with a fine 
focal spot, a 1 mm pinhole was placed as close to the 
target as possible. The specimen-to-target distance: 
was 10 in. and the tube operated at 50 kv, 20 ma. 
The exposure time depends not only upon these 
factors and the specimen absexption, but also upon 
the kind of photographic plate used. The two most 
satisfactory types of plate are Eastman-Kodak 649-0, 
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Table |. Analysis of Grain Shapes 


Code No. Total No. Number of Faces with n Sides Grain 
(Arbitrary) of Faces n=3 n=4 n=5 n=6 n=8 n=9 (6-2) Fn Size; 
W37 6 2 2 2 — 
W5* 7 5 2 = == 
W34 7 5 2 — — 
W35 7 = — 5 2 — — = = 12 B 
E35 7 — 1 3 3 12 B 
W43 7 — 1 3 — == — 12 B 
w4* 8 — — 4 4 == 
Wwa2* 8 — 3 3 1 = = — 12 B 
E19* 8 a 1 2 3 1 
14 B 
E4* 9 — 33 6 — 
W10* 9 3 6 — — 5 
E21* 9 3 6 12 Cc 
Wwig* 9 — — 4 4 1 — — = 12 B 
W26 9 — 4 4 1 — 12 
E9* 9 — 5 4 — 14 A 
W29 9 1 3 3 2 12 B 
E6* 9 — 1 2 4 1 1 — — 10 (®) 
Wi13* 10 — — 4 4 2 — — — 12 B 
wi4* 10 — 4 4 2 oe — — 12 B 
E27* 10 4 4 2 12 Cc 
E42 10 4 4 2 12 B 
10 4 4 2 — — 12 Cc 
W23 10 — = 4 4 2 — — os 12 B 
w4o 10 — 4 4 2 — 12 
Ww4l 10 — — 4 4 2 — — — 12 B 
10 2 8 — 12 B 
E29* 10 — _— 6 — 4 — — — 12 B 
E40 10 — il 4 2 3 —_ _ —_— 13 B 
E46 10 — i 3 3 3 — 12 
E44 10 — 2 2 3 2 1 — — 12 Cc 
E45 10 — 2 3 3 1 1 — — 14 c 
wi7* 11 — 4 4 3 — 12 Cc 
Wwi6* 1 4 2 3 1 — 12 
E20* 11 —_ 1 4 2 3 1 = — 12 Cc 
E12* 11 = — 2 8 1 — — — 12 Cc 
w24 lal — 5 2 4 — — 12 Cc 
E38 1 2 5 3 — — — 12 
E26* 1 4 4 1 — 14 Cc 
E28* 11 1 3 3 1 1 8 
12 — 4 4 4 — 12 
E17* 12 — 3 6 3 — 12 Cc 
Wwi2* 12 — 2 8 2 — 12 
W33 12 = —_ 5 3 3 1 — — 12 D 
E33 12 = it 3 4 3 1 — — 12 D 
Ell* 13 3 6 4 12 D 
w39 13 — — 1 10 D — = — 12 D 
E10* 13 — — 3 7 2 1 _ _— 12 D 
W30 13 — — 4 6 1 2 = — 12 D 
W32 13 — — 4 5 3 1 — -- 12 D 
E7* 13 —_— — 6 3 1 3 — oe: 12 D 
W36 13 a == 6 2 3 2 —_— _ 12 D 
Wwi8* 13 1 5 6 1 — 12 D 
14 4 5 4 1 — 12 
E36 14 — — 4 5 4 1 _ —_ 12 D 
W27 14 — — 4 5 4 1 — — 12 Cc 
E15* 14 — 3 6 5 = 12 D 
W25 14 — — 5 4 5 — a = 14 D 
E23* 14 —_— — 2 9 2 1 — —— 12 E 
E37 14 — _ 4 7 2 1 —_— — 14 D 
W15* 14 —— — 4 6 2 2 —— <= 12 D 
E31 14 — _ 3) 2 5 2 os —— 10 D 
El* 14 —— 2 4 3 1 3 1 — 12 D 
* 15 — — 4 6 5 — —_— — 14 D 
15 — — 4 6 == 14 Cc 
Ww3* 15 = ae 2 9 3 1 — = 12 D 
E3* 15 —— — 3 Ye 4 1 — — 12 D 
E13* 15 == = 5 4 4 2 oo — 12 E 
15 1 6 5 — 12 E 
E2* 15 1 3 4 6 12 D 
15 2 3 6 2 2 16 D 
£39 15 = —- 7 3 2 1 2 — 12 Cc 
E18* 15 — 2 3 5 2 1 2 —_— 12 D 
E5* 16 — _— 3 7 5 1 — — 12 D 
E34 16 — — 4 a 4 1 = = 14 E 
w22 16 — — 4 6 4 2 — —— 12 E 
E8* 16 = — 3 8 3 — 2 — 10 E 
E16* 16 — — 6 5 3 1 1 — 14 D 
E30* 16 — 1 5 3 3 4 ce — 12 D 
Wwili* 16 —_ 2 2 Wi! 2 1 2 — 12 E 
* 17 == — 3 8 6 — —= = 14 D 
ee 17 roo 2 4 3 5 2 — 12 E 
w42 17 — 3 2 3 7 1 me 1 12 E 
18 — — 3 9 3 3 —_ 12 E 
18 2 3 7 3 3 = 16 F 
x 19 — — 3 7 8 1 — 12 E 
19 1 5 5 5 2 1 
20 aes 1 5 4 a 3 — = 14 E 
rai 20 —_— 1 4 6 6 1 2 = 12 E 
wel 23 — 1 5 6 6 3 2 —_— 12 G 


* Grains illustrated in Figs. 4 and 5. ; ; 
+ Grain size obtained by approximate matching of volume of stereo image of grains at magnification 30 with balls of varying dimensions. 
Size designated as follows: 
0.106 mm. < A < 0.212 < B < 0.318 < C < 0.423 < D < 0.529 < E< 0.635 <F< 0.740 < G < 0.846 mm. 
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Fig. 3a 
Fig. 3a and b—Stereoscopic view through a sample 1 mm thick of the Al-Sn alloy shown 
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in Fig. 2. Stereo angle 6°. (Tin, dark; 
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Fig. 3b 
aluminum, light). X35. The pair of photographs should be viewed in a stereoscope of the type used in medical radiography. 
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which may be enlarged up to X700, and Eastman- 
Kodak 548-0, which may be enlarged X400 before 
the photographic grain becomes objectionable. 
Typical exposure times with the X-ray conditions 
mentioned above, for a thickness of 1 mm of alu- 
minum, were 1 hr for 649-0 plates and 30 min for 
548-0 plates. Kodak D.19 contrast developer was 
used for both kinds of plates; development by in- 
spection, usually 5 to 8 min. f 

Each pair of microradiographs obtained in this 
way was enlarged and photographed using a metal- 
lographic microscope with transmitted light, and the 
enlargements viewed in a stereoscope. 


Preparation of Polycrystalline Al-Sn Alloy 

For an analysis of grain shape, a specimen of Al- 
Sn alloy (nominally 5.2 wt pct or 1.2 atomic pct Sn) 
was cut from a swaged rod, annealed at 580°C for 
16 hr and quenched. For radiography the sample 
was then sectioned and abraded down to a thick- 
ness of 1 mm, the final polish being on 4/0 emery 
paper. This gave a specimen about four grains thick. 
Metallographic examination (Fig. 2) showed, as an- 
ticipated, that the once-liquid tin phase was con- 
centrated in triangular areas at grain corners 
(triangular prisms at edges in three dimensions) 
and that the dihedral angle was somewhat less than 
60°. Some tin was in discrete spherical particles in 
the center of the grains, and other particles on grain 
faces appeared to be lens-shaped. 

The specimen was radiographed as described 
above and enlargements of the radiographs made at 
X30. The stereoscopic pair of photographs, showing 
the whole area examined, is given in Fig. 3a and b. 
The viewing of these in a suitable stereoscope such 
as those found in medical radiography installations 
is strongly recommended for the structure is spec- 
tacular. Smaller photographs for use in a hand 
stereoscope are reproduced later in this paper* 


* Many individuals can view these pairs without optical aid by 
allowing eye directions to drift apart until the right picture seen 
with the left eye fuses with the left picture seen by the right eye. 
To assist in establishing the correct registry the small black arrow- 
heads have been placed in each photograph. 


Analysis of Grain Shapes in the Alloy 

The delineation of the almost pure aluminum 
grains by the tin-rich liquid phase was so unmis- 
takable that it was possible to make an analysis of 
a large fraction of the grains in the sample shown 
in Fig. 3. By the use of a camera lucida or by 
projection on the ground glass of a photomicro- 
graphic apparatus, enlarged drawings were made of 
each of 91 contiguous grains in the sample and an 
analysis made of their shapes. The grains studied 
comprised almost all the complete grains shown in 
Fig. 3, but omitted those of which part was cut off 
by the surface. The grains analyzed therefore 
occupied an irregularly-shaped volume flattened in 
a direction normal to the plane of the photograph 
and lying transversely to the original direction of 

deformation in swaging. Care was taken to include 
every grain in the volume. In the.examination of 
these grains it sometimes happened that a corner, or 
some other point of interest was obscured by another 
corner or edge immediately above it and in order 
to remove any uncertainties of this kind another 
stereoscopic view from a different standpoint was 
used. That is, if one stereoscopic view was made up 
of two microradiographs taken with the plane of the 
specimen at angle of 0° and 6° to the X-ray beam, 
a different view was obtained from a second pair 
made by combining the 6° photograph with a third 
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Fig. 6—Approximate distribution of grain sizes in the sample 
shown in Fig. 3. 


one taken at 12°. Using both sets of photographs, 
the shape of every grain in the volume chosen could 
be drawn with certainty. The first 50 of the grains 
drawn are shown in Figs. 4 and 5, and illustrate the 
variety of shapes and sizes recorded. Stereoscopic 
pairs of drawings of two grains are shown later 
(Figs. 9 and 10). 

The complete record of grain shape for the 91 
grains is given in Table I, which shows for each 
grain the combination of faces, the number of faces 
and the approximate size. The grain size was ob- 
tained in the following way: A series of steel balls, 
ranging in diameter in 1 in. steps from 1% to 1 in, 
was compared with each grain in the enlarged three- 
dimensional image of the stereoscope, and that ball 
selected which matched most closely the apparent 
actual volume of the grain being examined. More 
exact measurement of maximum and minimum grain 
diameter would have been possible from the three- 
dimensional images but was not deemed necessary 
for the present purpose.+ The grain size was desig- 


+ This technique of matching a measured object of known dimen- 
sions with the stereoscopic image was borrowed from medical radio- 
graphy. Obstetricians sometimes match a disk with the maximum 
dimensions of stereoscopic image of the head of a fetus and by 
experiment ascertain whether it can pass the available space be- 
tween pelvic bones in order to decide whether a Caesarean opera- 
tion is necessary. The authors are indebted to Dr. Harold W. 
Jacox of Columbia-Presbyterian Hospital, New York, for an outline 
of this technique. It is described in detail by H. C. Moloy and C. 
M. Steer: American Journal of Obstetrics and Gynecology (1950) 
60, No. 5, pp. 1135-1142. : 


nated A for a grain intermediate in size with a 4% 
and a 4 in. ball, B for a grain size between % and 
38 in. and so on to G with a grain size between 7% 
and 1 in. An attempt was made to match actual 
grain volumes with the balls, and the grain sizes 
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Fig. 7—Frequency of various polygonal faces in the AlI-Sn alloy 
compared with those in soap froth, in vegetable cells, and in £ brass. 
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Fig. 8—Stereoscopic radiograph of a soap froth. Stereo 
angle 4°. X12. 


listed in Table I therefore represent the approxi- 
mate distribution of grain sizes in three dimensions. 
When an allowance is made for the magnification of 
the microradiographs (X30), it is seen that the 
range of actual grain diameters goes from 0.105 to 
0.840 mm. The letter representing the approximate 
grain diameter of every grain is included in Table I, 
and it will be seen that, as might be expected, the 
grains of larger diameter are those with the greater 


number of faces. A frequency plot of the various 
sizes is shown in Fig. 6. Fig. 7 shows the frequency 
with which various polygons appeared among the 
grain faces. This also includes for comparison the 
data on bubbles of uniform and nonuniform size 
(from Matzke,” Matzke and Nestler*), vegetable cells 
(from Matzke’) and grains of 8 brass (after Desch’). 
In all cases the most frequently occurring type of 
face is the pentagon, with quadrilaterals and hexa- 
gons in close competition. The close similarity be- 
tween metal grains and soap bubbles is further made 
evident by a comparison of the microradiograph of 
grains in Fig. 3 with the microradiographt of soap 
bubbles shown in Fig. 8. 


{ This was radiographed under similar conditions to the Al-Sn 
sample except that the voltage was only 30 kv and lantern-slide 
plates were used since less resolution was needed. To increase con- 
trast, potassium argentocyanide was added to the soap solution. 


It will be seen from Table I that grains in the 
sample studied have from 6 to 23 sides and there is 
a wide variety of combinations of faces in the 
various grains. While some combinations appear 
more than once (notably the ten-hedron with four 
quadrilateral, four pentagonal, and two hexagonal 
faces which occurs eight times), no particular com- 
bination occurred so often as to constitute a “type.” 
This is hardly surprising when the range of sizes 
that occurs and the random nature of contacts be- 
tween grains are considered. The unit of structure is 
ideally not the grain but rather the tetrahedral junc- 
tion of four grain edges which can be connected to- 
gether in innumerable ways without structural sym- 
metry or exact repetition of detail. 


Departure from Ideal Surface Tension Array 


In a sample like the present one, which has been 
annealed for a long time at a high temperature to 
allow grains to grow to a large size and the average 
curvature to become small, it would be expected that 
occasional corners would have abnormal junctions 
because of differences of surface energy or because 
of the presence of inclusions. These can be found 
either by direct examination of the corners as seen 
in the stereophotographs, or by topological checks on 
the shapes of individual grains. 

Most of the corners in the specimen are composed 
of simple tetrahedral junctions of edges and most 
grains are of the simple surface tension type with 


Fig. 9—Stereoscopic drawings of typical grains with normal three- 
ray vertices. X90. Area reduced approximately 60 pct for reproduction. 
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Fig. 10—Stereoscopic drawings of grains with abnormal corners. 
X90. Area reduced approximately 60 pct for reproduction. 
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c—600°C. Dihedral angle 10°, 7.3 volume pct liquid. d—640°C. Dihedral angle 0°, 38 yolume pct liquid. 


Fig. 11—Stereoscopic microradiographs of Al-Sn alloy (5.2 wt pct Sn) quenched after annealing 16 hr at various tempera- 
tures. Stereo angle 4°. Specimens 1 mm thick. X25. 
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° ° . 
° . Dihedral angle 45°, 2.5 volume pct liquid. 
a—350°C. Dihedral angle 55°, 2.2 volume pct liquid. b—500°C g ' pct liq 


Fig. 12—Stereoscopic microradiograph of Al-Sn alloy as 
Fig. 3, cold rolled to 66 pct reduction. Stereo angle 4°. 
X35. 


three faces and three edges meeting at each vertex, 
as shown on the typical grains in Fig. 9. 

Close examination of the structure reveals, how- 
ever, that there are nevertheless some corners which 
are abnormal in that more or less than four edges 
meet at a point. If the grains meeting at such a 
corner are drawn individually, this abnormal be- 
havior will appear as an abnormal vertex, i.e., not 
three-rayed, on one of the separate grains. Fig. 10 
shows two such abnormal grains, one resulting from 
five grains and five edges meeting in space instead 
of the usual four, and the other with a two-rayed 
vertex resulting from three edges meeting in space. 

The number of abnormal corners throughout the 
assembly was 19. Since the total number of corners 


Table Il. Summary of Grain Face Shapes and Average Topological 
Characteristics 


5699 
n 2Pn Pet 4 ces = — = 5.02 
P 1136 
2 1 0.1 
3 43 3.8 
4 338 29.8 
6 248 21.8 
7 71 6.2 
e 16 1.4 6 — — = 0.78 
9 2 0.2 
P Cc 
B B 
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in the assembly (derived from Table II) was 475, 
the fraction of abnormal corners is 4 pct. A few of 
these may be corners where more than the usual 
number of edges have come together only tempo- 
rarily during the process of grain growth, and on 
continued annealing the corners and edges would 
soon have readjusted themselves to the new stable 
surface tension configuration. The majority of the 
abnormalities, however, probably result from the 
grain growth blocking mechanisms mentioned 
above. The three-ray corners (two-ray vertices in 
separate grains) could only result from the action 
of inclusions. 

The figures listed in Table I in the column under 
>(6-n)F, have the following topological significance.’ 
If, on an isolated polyhedron, F, is the number of 
faces having n sides, E the number of edges, and C 
the number of corners, then: 


=F,—E+C=2 (Euler’s law) 
Since each edge is shared by two polygons: 
2 


If consideration is limited only to those polyhedra 
which have three-rayed vertices, then: 


“nF, 


and hence: 


or, simplifying: 


This equation applies to grains with only three- 
rayed vertices and hence conformity to it by a given 
grain is a useful check of conformity to surface ten- 
sion rules. As can be seen from Table I, most of the 
91 grains examined satisfy this equation. However, 
there is a significant minority of nonconformists 
which result from the abnormal corners referred 
to above. 

Table II shows the total numbers and frequencies 
of the different kinds of faces (see also Fig. 7) and 
the results calculated from these data, viz., the av- 
erage number of edges per face, the average num- 
ber of corners per cell, and the other quantities 
whose topological significance has been pointed out 
by one of the authors.‘ The value of n, the average 
number of edges per polygon, is calculated to be 
5.02 and compares favorably with a soap froth or 
assembly of biological cells, although deviating from 
the figure of 5.14 for ideal stacking. The average 
number of faces to the average grain, considered as 
a separate polyhedron, is 12.48. The quantity P/B — 
C/B (where C is the number of corners,* P the 


*It should be pointed out that the value used is computed from 
the number of polygon corners on the assumption that the corners 
of six polygons meet at every corner in three dimensions. This is 


not strictly true, and it would have been preferable to have counted 
actual corners. 


number of polygons, and B the number of bodies in 
the three-dimensional array) is unity when all the 
grains, taken separately, have three-rayed vertices, 
and (6—C/B) is a test of the departure from the 
most economical stacking of the grains and should 
be zero when there is maximum sharing of faces 
and corners. The value of (P/B—C/B) in the 
present experiment is 1.02, confirming that the 
number of separated grains having abnormal ver- 
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tices (i.e., those that are not three-rayed) is small. 
The value of (6—C/B) is 0.78, definitely larger 
than the values obtained on uniform bubbles or 
cells (0.149 and 0.107, respectively) and probably 
associated with the wide distribution of size of 
grain in the array. 


Some Other Applications of Stereomicroradiography 


Fig. 11 shows a series of stereomicroradiographs 
of the Al-Sn alloy (5.2 pct Sn) used for the main 
investigation described above, but quenched from 
different temperatures. As the annealing tempera- 
ture increases from 350° to 640°C, the dihedral 
angle changes, at first slowly and then more rapidly, 
from approximately 55° to 0°, while the amount of 
liquid increases from 2.2 to 38 volume pct. The 
corresponding effect on the three-dimensional mi- 
crostructure is shown in these pictures. At the low- 
est temperature, because of the presence of some 
boundaries of lower energy than the average, there 
are some dihedral angles less than 60° and some 
edges not fully penetrated by the liquid. As the 
annealing temperature increases, all edges are de- 
lineated by the liquid phase, which also spreads 
more and more over the faces until near the melting 
point the solid grains become rounded and seem to 
float in the liquid which surrounds them. The con- 
traction which the liquid phase undergoes on 
quenching is evident from the specimen annealed at 
640°C (Fig. 1ld). The spheres of liquid trapped in 
the centers of the grains show transparent ‘“‘bubbles” 
occupying about 10 pct of their volume—the con- 
traction due to the change in density in going from 
liquid at 640°C to the eutectic temperature (232°C). 
There are also areas, white on the photograph, 
where all of the liquid between the grains has been 
drained away by shrinkage or simply by gravity. 

Fig. 12 shows the same Al-Sn alloy that was used 
for the grain shape experiments described above 
but cold-rolled to 66 pct reduction in area after it 
had been annealed at 580°C. The distorted shape of 
each grain is clearly visible. By a sequence of such 
photographs at different reductions it is possible to 
measure the deformation of individual grains and 
to study the interaction of neighbors upon each 
other. In like manner the advance of a fatigue crack 
or the penetration of corrosion areas could be fol- 
lowed. The addition of the third dimension, as well 
as the fact that the new technique is nondestructive, 
will greatly facilitate many kinds of studies. It may 
even prove of value in biological investigations 
where, by the proper choice of radiation, aggregates 
of many cells may be studied more conveniently 
than by serial sectioning. 


Summary 


Using stereoscopic microradiography, the shape 
of 91 contiguous grains in a worked and annealed 
Al-Sn alloy have been analyzed and some topologi- 
cal quantities calculated. The alloy was selected 
because of the opacity of tin to X-rays and because 
the energy of its interface with aluminum crystals 
causes it to spread along the edges of every grain 
and so to delineate it clearly. The grain shapes are 
believed to be typical of polycrystalline metals 
annealed to a large grain size. It is shown that the 
grains are closely analogous in shape to soap bub- 
bles in a froth where surface tension and space- 
filling alone determine the structure. The average 
grain has 12.48 faces and the average face has 5.02 
edges. A small but significant fraction of corners is 


TRANSACTIONS AIME 


observed (4 pct) at which the number of meeting 
edges differs from that of the typical tetrahedral 
junctions resulting from equal surface tensions, 
which probably indicates both the presence of. in- 
clusions and the variation of grain boundary energy 
with orientation. 

Other examples of stereomicroradiography are 
given showing the effect of surface tension and of 
deformation. The authors believe that stereomicro- 
radiography will find increasing application in met- 
allurgical research, for the addition of the third 
dimension adds enormously to the ease of under- 
standing the true structure of a metal. 
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Titanium-Copper Binary Phase Diagram 


by A. Joukainen, N. J. Grant, and C. F. Floe 


CCORDING to Guertler,” Smith and Hamilton 

were the first to study the Cu-Ti alloy system, 
but because of the presence of large amounts of im- 
purities their data are inconclusive. Hensel and 
Larsen’ in 1930 and Kroll’ in 1931 determined the 
high copper end of the diagram. In 1939 Laves and 
Wallbaum,* in a short summary of compound de- 
terminations in titanium binary alloys, mentioned 
the existence of a face-centered cubic compound, 
Ti,Cu, with 96 atoms per unit cell, and also a com- 
pound, TiCu,, which was said to have a deformed 
hexagonal close-packed structure in which ordering 
had been observed. The existence of a compound, 
TiCu, was also found but the crystal structure was 
not determined. 

Craighead, Simmons, and Eastwood’ determined 
the effect of copper on the allotropic transformation 
in titanium. The investigation was limited to alloys 
containing from 0 to 5 pct Cu, using titanium of 
fairly high impurity content. 


Experimental Procedure 


The methods used for determination of the dia- 
gram included metallographic examination and X- 
ray and thermal analyses. The system was first 
worked out using the higher purity ‘Process A” 
sponge titanium and oxygen-free copper. The high 
titanium region was next determined more accu- 
rately using iodide titanium and vacuum-melted, 
oxygen-free copper. 


Preparation of Alloys: The alloys were prepared 
by arc melting under prepurified helium atmos- 
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Fig. 1—Typical thermal analysis cooling curves for Ti-Cu alloys. 
The percentage of copper in each alloy is indicated at the top. 


pheres in water-cooled copper crucibles. The high 
purity iodide titanium alloys were prepared by melt- 
ing three compositions along with a specimen of 
unalloyed titanium in a single charge. A multiple 
crucible was used which consisted of a copper plate 
with four cup-like depressions. The unalloyed tita- 
nium was melted first and acted as a getter for any 
oxygen and nitrogen in the melting chamber. Since 
these elements harden titanium, the hardness of the 
standard specimen was an index of the highest prob- 
able contamination of the alloy melts. 

The sponge titanium alloy melts weighed from 
100 to 200 g each and the iodide titanium melts from 
20 to 25 g. In order to insure greater homogeneity 
most of the alloys were melted, turned, and remelted 
twice. The larger buttons made from sponge tita- 
nium were sectioned or crushed before remelting. 
These alloys up to 30 pet Cu were further homo- 
genized by forging at 925°C. They forged readily up 
to 20 pet Cu but numerous cracks were formed in 
the alloys containing from 20 to 30 pct. Above 30 pct 
Cu the sponge titanium alloys were homogenized by 
heating for 200 hr at 850°C under prepurified helium. 
Similarly, the iodide-grade titanium alloys contain- 
ing up to 3 pet Cu were homogenized at 1000°C for 
24 hr and all others at 880°C for 200 hr. 
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Fig. 2—Ti-Cu phase diagram from 0 to 50 pct Cu. Alloys 
made from Process A sponge titanium and oxygen-free copper. 


Analyses for copper on the homogenized alloys 
showed that the nominal composition was always 
obtained within less than 1 pct. Some of the forged 
alloys were also checked for nitrogen by wet anal- 
ysis and showed values varying from 0.009 to 0.023 
pet. 
Heat Treatment of Alloys: For metallographic ex- 
amination and X-ray analysis, specimens of the 
homogenized alloys were heated at various tem- 
peratures below the liquidus and either cooled slowly 
or quenched in water. This treatment made it pos- 
sible to determine phases present at various tem- 
peratures. The sponge titanium alloys were heated 
in a tube furnace controlled to 10°C using a pre- 
purified helium atmosphere. To reduce contamina- 
tion the procedure of evacuating to 10° mm of mer- 
cury and flushing with prepurified helium was re- 
peated three times before each heat treatment. 

The heat treatment of the iodide titanium alloys 
was accomplished by first sealing the specimens off 


Fig. 4—Microstructure of a hypereutectoid alloy (4.85 pct 
Cu) consisting of primary a and a eutectoid of a and Ti,Cu. 
Alloy homogenized at 900°C, slowly cooled to 750°C, held 
25 hr, and brine quenched. X100. 
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Fig. 3—Ti-Cu phase diagram from 50 to 100 pct Cu. Alloys 
made from Process A sponge titanium and oxygen-free copper. 


in evacuated Vycor tubes. These were then heated 
in a laboratory muffle furnace, which was almost 
filled with refractory brick, leaving only a small 
cavity in the center for the Vycor tube and thermo- 
couple. In this way the specimen temperature could 
be maintained at +0.5°C. Quenching was accom- 
plished by withdrawing the tube and breaking it 
under water. 

Metallographic Examination: The heat-treated 
specimens were prepared for metallographic exam- 
ination by standard methods. Alloys containing up 
to 60 pet Cu were etched with aqueous solutions of 
hydrofluoric acid and nitric acid. For higher copper 
alloys the most satisfactory etch was a solution of 
5 pet hydrofluoric acid added to a solution of 2 g of 
potassium dichromate, 4 g of sodium chloride, 8 cc 
of sulphuric acid, and 100 cc of water. 


X-Ray Analysis: X-ray diffraction patterns were 


Fig. 5—Microstructure of a hypereutectoid alloy (14.5 pct 


Cu) consisting of primary Ti,Cu and a eutectoid of a and 
Ti,Cu. Alloy homogenized at 900°C, slowly cooled to 750°C, 
held 25 hr, and brine quenched. X100. 
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Fig. 6—Microstructure of alloy containing 40 pct Cu. Large 
grains of Ti,Cu plus small particles of a second phase. 
Homogenized at 850°C for 200 hr and brine quenched. X100. 


Fig. 8—Microstructure of alloy containing 66.25 pct Cu. 
Light grains of Ti,Cu,. Homogenized at 850°C for 200 hr 
and brine quenched. X100. 


made using CuKa radiation. A range of angles of 
26 from 34° to 86° was obtained with a Norelco re- 
cording spectrometer. The specimens, which were 
the same as those used for metallographic examina- 
tion, were rotated during exposure. 

Thermal Analysis: Except for a few preliminary 
results in which induction melting was used, all 
thermal analyses were made in a Globar tube fur- 
nace under prepurified helium atmospheres. Speci- 
mens of approximately 20 g each were prepared by 
crushing arc-melted alloys. Melting was carried out 
in small, dense, stabilized zirconia crucibles em- 
bedded in alumina and contained within larger alu- 
mina crucibles. Tantalum sheet and sponge titanium 
were placed over the inner crucible to act as getters 
for oxygen and nitrogen. Temperatures were meas- 
ured with a chromel-alumel thermocouple in an 
alundum tube. 

No appreciable attack on the zirconia crucibles 
was observed and the alundum thermocouple tube 
was only lightly attacked. The upper surfaces of the 
melts were free of slag and bright in color. 

All thermal analyses runs were repeated to give 
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Fig. 7—Microstructure of alloy containing 56 pct Cu. TiCu 
plus small amounts of a second phase. Homogenized at 


850°C for 200 hr and brine quenched. X100. 


Fig. 9—Microstructure of ailoy containing 80.2 pct Cu. 
Light grains of TiCu, plus small amounts of a second phase. 
Homogenized at 850°C for 200 hr and brine quenched. X100. 


two heating and two cooling curves. Typical cooling 
eycles are shown in Fig. 1. In most instances the 
hysteresis on heating and cooling was less than +5°C. 


Experimental Results 


Sponge Titanium-Base Alloys: Alloys were made 
up at intervals of 5 pct from pure titanium to pure 
copper. Intermediate alloys were also prepared, par- 
ticularly in the vicinity of critical points. A sum- 
mary of the results obtained for the high titanium 
side of the system is shown in Fig. 2 and for the high 
copper side in Fig. 3. A few iodide titanium speci- 
mens are also included. The structures indicated 
were determined on homogenized samples by both 
metallographic and X-ray analyses. 

The eutectoid structures were developed by fur- 
nace cooling from the f or 8 plus Ti.Cu fields. The 
reaction is sluggish and slow cooling rates are neces- 
sary to obtain equilibrium structures. Micrographs 
of typical alloys on both sides of the eutectoid point 
are shown in Figs. 4 and 5. 

For phase determinations above the eutectoid 
temperature, X-ray analysis could not be used. Even 
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. ANGLES OF 26 
40° 50° 60° 
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pet Cu (Ti,Cu), 57 pct Cu (TiCu), 66.5 pet Cu (Ti,Cu,), 80 pct 
Cu (TiCu,), and 98 pct Cu (q@ Cu). Specimens homogenized 200 
hr at 850°C and brine quenched. 


the most drastic quenching of 8 solid solutions re- 
sulted in producing a supersaturated acicular a struc- 
ture by a martensitic type reaction. Reheating of 
such structures below the eutectoid allowed Ti.Cu 
to form, and all specimens up to 40 pet Cu (Ti,Cu) 
treated in this manner gave X-ray patterns com- 
posed of lines for both a and Ti,Cu. 

Four intermetallic compounds were found in the 
system, Ti.Cu, TiCu, Ti,Cus, and TiCu;. Difficulty 
was experienced in obtaining single-phase structures 
in the alloys of stoichiometric composition even after 
very long annealing treatments for all compounds 
except Ti,Cu. The Ti,Cu, compound in particular 
always showed a duplex metallographic structure 
even though X-ray analysis showed the presence of 
only one phase. As a check, a diffusion couple was 
made using iodide titanium and high purity copper. 
The assembly was heated at 838°C for 14 days in 
an evacuated Vycor tube followed by brine quench- 
ing. Metallographic examination showed the pres- 
ence of four intermetallic compounds in addition to 
the two terminal solid solutions. Sectioning through 
the Ti,.Cu,; region revealed a single phase which 
gave an X-ray pattern identical to that obtained for 
the duplex structure observed in the metallographic 
specimen. The conclusion is that the duplex struc- 
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Fig. 10—X-ray patterns of alloys at approximate composition of 40 


pet Cu. 
Small amounts of primary Ti,Cu plus eutectic of Ti,Cu and 
TiCu. X100. 


ture results from the peritectic reaction which occurs 
during freezing of the compound and persists even 
after a single phase is reached. 

Micrographs of structures that consist almost en- 
tirely of the compound phases are shown in Figs. 6 
to 9. X-ray patterns for the four compounds are 
shown in Fig. 10. 

The system has two eutectics, one at 50 pct Cu 
and one at 72 pct Cu. A typical structure for the 
slowly cooled 50 pct alloy is shown in Fig. 11. 

Metallographic examination of the thermal anal- 
ysis specimens made after a run showed nonequi- 
librium structures for all specimens in which peri- 
tectic reactions were involved. As a result of the 
sluggishness of the peritectic reactions, eutectics 
were frequently formed in alloys outside of the 
eutectic range. This resulted in points on the cooling 
curves, Fig. 1, which would not have been present 
under equilibrium conditions. 
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Fig. 12—a solid solubility and eutectoid region on the 
high titanium side of the Ti-Cu phase diagram as de- 
termined with iodide titanium alloys. 
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slowly cooling from the 8 field to 787°C, holding for 24 hr, 
and brine quenching. Small amounts of primary Ti,Cu in a 


eutectoid of a and Ti,Cu. X500. 


Iodide Titanium Alloys: A series of high purity 
alloys was prepared using iodide titanium and 
oxygen-free copper. The hardness of the standard 
sample is an indication of the purity as previously 
described. These alloys were used to check the high 
titanium side of the diagram, to locate the eutectoid 
point more accurately, and to determine the ea solid 
solubility line. Results of metallographic and X-ray 
analyses on heat treated specimens are shown in 
Fig. 12. 

Three typical microstructures of these alloys are 
shown in Figs. 13 to 15. Fig. 13 is the structure pro- 
duced by rapidly quenching § solid solutions. A 
supersaturated solid solution of ea is produced by a 
martensitic reaction. Fig. 14 is the structure pro- 
duced by quenching from the e + &8 field. It con- 
sists of primary a crystals plus the acicular trans- 
formation product of 8. Fig. 15 shows the eutectoid 
structure produced by isothermal transformation 
just below the eutectoid temperature. 


Summary 


The Ti-Cu phase diagram as determined in this 
investigation is shown in Fig. 16. Four intermetallic 
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Fig. 14—Microstructure of a 2.6 pct Cu alloy formed by 


quenching from the a+8 field (850°C). Primary a@ plus 
@ martensite. X500. 
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Fig. 16—Ti-Cu binary phase diagram. 


compounds were found: Ti.Cu, TiCu, Ti,Cus, and 
TiCus. There is a eutectoid reaction on the high tita- 
nium side of the diagram which offers possibilities 
for heat treatment of alloys by suppression of the 
8 to e transformation. 
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Fig. 13—a martensite structure ina 2.6 pct Cu alloy formed [iS 
Fig. 15—Microstructure of a 7.2 pct Cu alloy formed by ; ME PERCENT COPPER 


Effect of Molybdenum and of Nickel 


On the Rate of Nucleation And 


The Rate of Growth of Pearlite 


by R. Wayne Parcel and Robert F. Mehl 


HE rate of the decomposition of austenite in 

eutectoid steels, forming only pearlite, may be 
expressed fundamentally in terms of the rate of 
nucleation and the rate of growth of pearlite nodules. 
This matter has received much attention in recent 
years. (The basic references are listed in ref. 1; 
references of particular import to the present work 
will be given separately.) 

Systematic data have been developed for plain 
carbon eutectoid steels.” Although the physical 
factors affecting the rate of nucleation, N, in case of 
plain carbon steels have presumably been identified, 
they cannot as yet be evaluated quantitatively.’ 
Several somewhat successful attempts, however, 
have been made to calculate the rate of growth, G. 
In the latter case the important factors determining 
the edgewise growth of pearlite have been assumed 
to be: 1—the interlamellar spacing; 2—the concen- 
tration extremes and concentration contours of car- 
bon in austenite in front of the growing pearlite 
interface; and 3—the rate of diffusion of carbon in 
austenite. * 


*It was first pointed out in 1938 that G should vary inversely as 
the interlamellar distance and directly as the diffusion coefficient of 
carbon in vy Fe;3 in discussion to that paper, Hultgren proposed that 
the concentration éxtremes are provided by extrapolation of Ag and 
Acm curves in the Fe-FesC system (see also ref. 12); this extrapola- 
tion has been employed by Zenert and by Brandt® in calculations of 
the rate of growth. 


The only systematic data on N and G for pearlite 
in alloy eutectoid steels are those for Co-steels;° 
there are no data on alloy eutectoid steels in which 
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the alloying element is known to decrease the rate of 
formation of pearlite, apart from a few scattering 
data reported earlier’ for steels containing manga- 
nese. This paper reports a systematic study of N and 
G for eutectoid alloy steels containing molybdenum 
and nickel, respectively. In order to provide infor- 
mation of help in understanding the results, new 
data are presented on the effect of molybdenum on 
the interlamellar spacing of pearlite, S,; data on the 
effect of nickel on S, have already been published.’ 

The alloys used were in five groups: 

1—Pure Fe-C-Mo alloys (Table I) were supplied 
by the Climax Molybdenum Company of Michigan, 
Detroit. They were made from Armco ingot iron of 
standard analysis, Acheson graphite, and ferro- 
molybdenum, melted in silica-lined crucibles in a 
high frequency induction furnace. The ferromolyb- 
denum was added to the melted steel, followed in 5 
min by 0.08 pect Al. The ingot as-cast measured 234x 
34%x10 in.; it was hot-forged at 1150°C to a bar 
1 in. sq. 


R. W. PARCEL is Research Metallurgist, Rem-Cru Titanium, Inc., 
Midland, Pa., and R. F. MEHL, Member AIME, is Professor of Metal- 
lurgical Engineering, Carnegie Institute of Technology, Pittsburgh. 
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AIME by Dec. 1, 1952. Manuscript, Noy. 14, 1951. Philadelphia 
Meeting, October 1952. 

This paper is from a thesis by R. Wayne Parcel submitted in 
partial fulfillment of the requirements for the degree of Doctor of 
Science in Metallurgical Engineering to Carnegie Institute of 
Technology, June 1949. 
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Table 1. Composition of Fe-C-Mo Steels 


Table IV. Composition of Fe-C-Ni Steels 


Code No. Heat No. Mo Cc Mn Si 
1 2838 0.12 78 0.019 0.030 
2 2834 0.20 0.78 0.030 0.026 
3 2839 0.28 0.75 0.021 0.016 
4 2836 0.59 0.75 0.019 0.013 
5 2837 0.67 0.7 0.018 0.015 


Code No. Heat No. Ni Cc Mn Si 
al 17,392 1.16 0.80 0.04 0.15 
2’ 17,471 1.54 0.78 0.03 0.16 
3 17,473 2.04 0.75 0.029 0.12 
4’ 17,381 2.48 0.75 0.024 0.16 
5’ 17,488 2.95 0.73 0.022 0.17 


2—Fe-C-Mn-Mo alloys (Table II1) were made by 
the same company, in the same way. 

3—Fe-C-Mn-Mo alloys (Table II) from the work 
of Blanchard et al.* were furnished by the same 
company. 

4—Pure Fe-C-Ni alloys (Table IV) were pre- 
pared by the research laboratory of the Interna- 
tional Nickel Co. in a manner identical to that in 
group 1 above. 

5—Fe-C-Mn-Ni alloys (Table V) from the work 
of Pellisier et al.’ 

It will be observed that in Table I both manganese 
and silicon are low; in Table II manganese is low 
but silicon is in the range common in forging steels; 
in Table III manganese is in the range of 0.33 to 
0.60 pet with silicon in the range common in forging 
steels; in Table IV manganese is low and silicon 


Table II. Composition of Fe-C-Mn-Mo Steel® 


Code No. Mo Cc Mn Si Ss P 
0.017 0.77 0.2 0.029 0.011 
CLrz 0.15 0.77 0.70 0.29 0.029 0.011 
(eley, 8} 0.32 0.78 0.73 0.28 0.029 0.011 
CL 4 0.52 0.77 0.72 0.28 0.029 0.011 
CL 0.77 0.79 0.76 0.2 0.029 0.011 


though somewhat lower is in the common range; in 
Table V manganese is 0.49 and 0.46 and silicon is 
0.55, somewhat higher than common. 

There are systematic data on the constitution of 
the ternary system Fe-C-Mo,’ but these data are un- 
fortunately not voluminous in the iron corner. The 
isothermal transformation diagrams for alloys in 
this system have been studied comprehensively,* the 
absence of proeutectoid reaction in these diagrams 
was the criterion determining the compositions to be 
used in procuring alloys of eutectoid composition. 
The behavior of the actual compositions employed 
with respect to the presence or absence of proeutec- 
toid constituents on isothermal reactions, especially 
in the ternary alloys, furnished direct evidence 
needed as to how closely the alloy approached the 
eutectoid composition. 

The constitution of the ternary system Fe-C-Ni 
is not well known. Isothermal transformation dia- 
grams are, however, available for commercial alloys 
(though not for pure alloys), which formed a basis 
for the selection of compositions. 

Each alloy was also inspected for the presence or 
absence of proeutectoid constituents in isothermal 


reaction. They were all essentially eutectoid in 
Table 111. Composition of Fe-C-Mn-Mo Steels 
Code No. Heat No. Mo Cc Mn Si 
15 2872A 0.15 0.80 0.33 0.21 
16 2872B 0.15 0.83 0.52 0.20 
30 2873A 0.31 0.82 0.60 0.20 
31 2873B 0.31 5 0.57 0.1 


nature, though in some cases a small amount of pro- 
eutectoid ferrite was observed at quite high iso- 
thermal reaction temperatures—not to a degree, 
however, to be important. 


Characteristics of the Systems 

Isothermal transformation diagrams of commercial 
Fe-C-Ni alloys have shown the effect of nickel to 
be a simple one: nickel merely displaces the curve, 
in both the pearlite region and the bainite region, 
to longer times; the knee of the curve is depressed to 
lower temperatures by increasing percentage of 
nickel, owing, presumably, to the lowering of the 
Ae, temperature. No special carbides of nickel 
appear in the compositions studied; the carbide is 
Fe,C in type. 

Isothermal transformation diagrams for alloys of 
Fe-C-Mo, and for commercial alloys (containing 
manganese, silicon, etc.) have been provided in 
relative abundance by the Climax group.* Molyb- 
denum is known to displace the pearlite reaction to 
longer times and to somewhat higher temperatures, 
presumably because of the effect of molybdenum in 
raising Ae, When the percentage of molybdenum is 
greater than 0.50, the pearlite reaction exhibits its 
own knee, i.e., there is a temperature at which the 
rate of reaction is amaximum. The pearlite reaction 
is thus separated from the bainite reaction by an 
interval of slow reaction rate, for example, in the 
alloy with 0.52 pct Mo, molybdenum influences the 
rate of formation of bainite to a much lesser degree 
than it does pearlite. The ternary phase diagram 
Fe-C-Mo is complex; for our purposes we need 
merely note that the pearlite formed in alloys in the 
range of 0 to 0.50 pct Mo is composed of aFe and Fe,C 
(with dissolved molybdenum), while in alloys con- 
taining more than 0.50 pct Mo the pearlite is com- 
posed of aFe and a different carbide—known as «, 
face-centered cubic in structure, and presumably of 
the composition (Fe, Mo)..C,. It is known that as 
much as 1.13 pet Mo may dissolve in orthorhombic 
Fe,C, and that the face-centered cubic carbide (Fe, 
Mo).,C, may contain as little as 3.41 pet Mo and as 
much as 5.45 pet Mo. These are the composition 
ranges observed upon isothermal transformation, 
bearing little or no relationship to the equilibrium 
compositions” (also see ref. 1 for complete list of 
references on this subject). 


Experimental Methods 
Homogenization: The steels as-received were 
banded. For the molybdenum steels, assuming the 
worst possible distribution of molybdenum, i.e., that 


Table V. Composition of Fe-C-Mn-Ni Steels 


Code No. Ni Cc Mn Si Ss P 
D5 1.06 0.84 0.49 0.55 0.04 0.013 
D6 2.91 0.73 0.46 0.55 0.037 0.015 
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Fig. la—Specimen partly reacted without previous homogen- 
* ization. Picral etch. X50. 


along a line perpendicular to the banding, the con- 
centration contour would be a square wave with 
wavelength equal to the observed band width, and 
with all alloy concentrated in one-half of a cycle, 
and employing the known value of the diffusion 
coefficient of molybdenum in yFe, calculation showed 
that 90 hr at 1300°C would reduce the molybdenum 
gradient to a value below that which was deemed 
important. On this basis all alloys were initially 
homogenized for 100 hr at 1300°C. The furnace 
atmosphere was dried nitrogen. The effectiveness of 
this treatment is shown in Fig. la and b. De- 
carburization was confined to a surface layer of in- 
appreciable thickness. The molybdenum steels from 
the work of Blanchard et al. had been homogenized 
at 1200°C for 50 hr and were apparently free from 
important heterogeneity. The nickel steels were 
similarly treated, but employing a temperature of 
1250°C instead, since some burning occurred at 
100°C. 

Determination of Interlamellar Spacing: The 
method by which the interlamellar spacing was 
evaluated was that employed previously in this 
laboratory." Apparent spacing values (those ob- 
served on the surface of polish) were obtained at 
1200 diam on specimens reacted isothermally, using 
a micrometer eyepiece. The number of plates per 
eyepiece division was measured at 100 to 200 ran- 
dom points, and the data were considered ample 
when further measurements did not alter the dis- 
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Fig. 2—Interlamellar spacing of pearlite 
as influenced by molybdenum. 
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Picral 


Fig. lb—Same steel reacted after homogenization. 
etch. X50. 


tribution curve obtained (see ref. 7). The results of 
the calculations of true spacing, S., are given in Fig. 
2. At higher molybdenum contents and lower tem- 
peratures the results were irregular owing to struc- 
tural degeneracy, and are not plotted. It was ob- 
served that molybdenum increases the variability in 
S, even more than it affects the average value of S, 
(cf. ref. 6). The effect of nickel on S, has been re- 
ported.’ 
Determination of G 

The methods employed are those used earlier. In 
a series of identical specimens, partially reacted 
separately for increasing time periods, the diameter 
of the largest pearlite nodule in each specimen, pre- 
sumably that nodule which nucleated first, was 
taken. These diameters plotted against time gave a 
straight line, the slope of which is G. In plain carbon 
eutectoid steels, G was found to be insensitive to 
austenitizing time and temperature, i.e., was not 
structure-sensitive. This is not to be expected in 
alloy steels, for the occurrence of undissolved car- 
bide, containing much of the alloying element, would 
presumably increase the value of G from the true, 
low value, the effect of the alloying element not dis- 
solved in the austenite on G having been lost. To 
appraise this possibility, G was determined as a 
function of the degree of austenitizing. The results 
are shown in Fig. 3; the abscissas are values of Dt, 
where D is the diffusion coefficient of molybdenum 
(or nickel) in yFe and t the time. This product 
should be a measure of the effectiveness of austen- 
itizing (carbon diffuses very much more rapidly than 
the alloying elements). The ordinate values are the 
ratios of the observed G values to the final value. 
For the purpose of this diagram the final value is 
designated as G,—the final values used subsequently 
will be designated simply by the symbol G. The 
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Fig. 3—Effect of austenitizing on G for several of the 
steels used. Abscissa is Dt. Steels are, left to right, code 
numbers 31, 1’, 2’, 3’ (Tables Ill and IV). Temperature: 
875°C for 31, 1200°C for rest. 
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Fig. 4--Degenerate pearlite formed by partial isothermal reaction 
of Fe-C-Mo alloy. X1000. Area reduced approximately 75 pct for 
reproduction. 


values of G are thus dependent upon the degree of 
homogenization; in plain carbon steels, such an 
analysis is unnecessary, for in this case the necessary 
homogenization time is of the same order as the time 
of heating. The homogenization times to attain a 
final value of N, N., were found more than enough 
to reach a fixed value of G,. It was shown that, prior 
to isothermal reaction, austenitizing steels with low 
molybdenum content at 875° for 90 min was ade- 
quate (as shown by experiments for shorter times 
at lower temperatures). Nickel steels were treated 
at higher temperatures, i.e., 1200°C for 4 min. This 
treatment was used also on the molybdenum steels 
though more than sufficient. 


Determination of N 


The methods employed are those used earlier.” The 
bulk of the work used “method 3” of Hull, Colton, 
and Mehl,’ i.e., assuming nucleation to be general, 
assuming N to be constant with time, the value of N 
may be calculated from a knowledge of the half- 
time for isothermal reaction and of the pertinent 
value of G. The reaction equation for this case” can 
be plotted in double-logarithm form as a straight 
line of slope 4; the values obtained here gave a slope 
somewhat greater than 4 (owing to departures from 
the simplifying assumptions) but the curve was a 
straight line up to 0.80 reaction. A small amount of 
work was done using Scheil’s method,’ which gives 
the variation of N with t; the particular method 
employed in determining the N values reported 
hereinafter will be designated. 


Experimental Results 


Morphology: It was originally intended that this 
work should provide data on N, G, and S, for rela- 
tively pure ternary alloys. In the case of the molyb- 
denum steels, however, it was found that the steel of 
Table I upon isothermal reaction did not form a 
distinctly lamellar pearlite, but a degenerate pear- 
lite, representing divorcement and resembling sphe- 
roidite, Fig. 4, for reasons that are not understood. 
These steels, surprisingly, would form distinctly 
lamellar pearlite on slow cooling (but not on ex- 
tremely slow cooling); Fig. 4 shows the divorced 
pearlite formed isothermally and the lamellar pear- 
lite formed on cooling; divorcement could be de- 
liberately varied from 0 to 100 pct by allowing a 
given sample to transform isothermally for a while, 
when divorced pearlite appeared, then allowing it 
to complete its transformation on falling tempera- 
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Fig. 5—Steel 31 (0.31 pct Mo, 0.57 pct Mn) reacted at 700°C. 
Picral etch. X2000. Area reduced approximately 75 pct for re- 
production. 


ture. A single field would contain divorced pearlite 
formed during the first part of the treatment, and 
lamellar pearlite formed during the latter. Divorce- 
ment was studied for a full range of time and tem- 
perature, and for various austenitizing treatments. 
It was found to be unavoidable even with the most 
complete austenitizing. These circumstances forced 
us to abandon the “pure”? Fe-C-Mo alloys. 

It was found that eutectoid molybdenum steels 
with normal commercial amounts of manganese and 
silicon formed normal lamellar pearlite, Fig. 5, and 
accordingly the measurements were concentrated on 
these, Tables II and III. 

Rate of Growth, G: The nodules of pearlite upon 
which measurements of G were made were nearly 
always, interestingly enough, single colonies, Fig. 5. 
It has been clear for some time” that the rate of 
edgewise growth Gi, (parallel to the lamellae) must 
be about equal to that sidewise growth, G, (else the 
colonies would not be so nearly equiaxed as they are 
observed to be). The single-colony nodules of pear- 
lite in molybdenum steels provided an opportunity 
for a direct measurement of G, and G,. Fig. 6 gives 
the measurements for steel 16 reacted at 691°, a 
total of 59 measurements. Other measurements on 
molybdenum steels are given in Table VI. 

An induction period is shown in all cases. Fig. 7, 
giving the G data for steel 31, illustrates this. The 
value of the induction period (hereinafter “I.P.’’) 
increases with decrease in G; Figs. 8 and 9 give this 
relationship for molybdenum and nickel steels, re- 
spectively. It was suggested many years ago,* in 
connection with the theory of age hardening, that 
the initial slow rate of a transformation may be 
associated with a time period required to establish 
the equilibrium state of concentration fluctuations 
at the reaction temperature; Turnbull“ recently de- 
veloped this idea on the basis of modern chemical 
rate theory, obtaining both an I.P. and an increase of 
N with time. On this basis, austenitizing two samples 
of the same steel at two different temperatures, 
would provide different values of the I.P., since the 


Table VI. Ratio of Edgewise to Sidewise Growth of Pearlite in 
Molybdenum Steel 


Steel Mo, Pct Temperature, °C Ratio 
16 0.16 691 ileal 
16 0.16 680 135) 
31 0.32 680 2.20 
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Fig. 6—Relationship between edgewise and sidewise growth. Major 


axis was always lengthwise of the pearlite plates. Molybdenum 
steel 16, Table VI. 


alloy starts reaction at different fluctuation states. 
The I.P. should be the greater in the sample austeni- 
tized at the higher temperature, since the degree of 
fluctuation is then less, the system thus possessing 
fewer embryos. Fig. 10 gives the results for molyb- 
denum steel 31, with 0.31 pct Mo, one set of samples 
austenitized at 1200°C for 90 min and the other at 
875° for 120 sec, both reacted at 600°C. The I.P. is 
obviously much shorter in the steel reacted at the 
higher temperature, as predicted; G is the same, as 
expected. 

This behavior should be manifest in the isothermal 
reaction rate. One set of samples of steel 4’, with 
2.5 pct Ni, was austenitized at 1200° for 4 min and 
reacted at 625°C. A similar set was austenitized at 
1200° for 4 min, transferred to 875°C for 10 min, and 
reacted as before at 625°C. Fig. 11 shows that the 
reaction rate is the greater in the latter case, as ex- 
pected, though the difference is not great and the 
data not voluminous; if the result is valid, the dif- 
ference lies in the respective values of N. 

At the inception of the work, samples were ob- 
tained from Blanchard of his steels CL 1, CL 2, CL 
3, and CL 4, in order to get some idea of the magni- 
tudes of G, and the magnitude of the variation of G 
with alloy content; measurement of nodule radii 
upon growth at 650°C provided the data given in 
Fig. 12. Obviously, the effect of alloy is great enough 
to be beyond experimental error; these results may 
be taken as typical of all. The G values obtained 
for all steels are assembled in Fig. 13, in which log 
D is plotted against the atomic percentage of the 
alloying elements; to these are added the earlier 
approximate values for the effect of manganese.” All 
values at zero percentage alloying element are taken 
from the earlier work on plain carbon eutectoid 
steels,” choosing values from steels of the same man- 
ganese content as in the alloy concerned. It will be 
noted that the plot of log G against atomic percent- 
age is a straight line in all cases, except for the 
molybdenum steels reacted at 625° and 600°C; stated 
differently, those values (two each, respectively) do 
not-extrapolate well to zero percentage alloy. 

Fig. 14 shows the values of G at different tempera- 
tures for molybdenum steels 16 and 31, as compared 
to the earlier steel,” Steel A, of comparable manga- 
nese content (the lower retrogressive part of the 
“Hull” curve, representing the growth of bainite, not 
pearlite, should be disregarded). Fig. 15 is the same 
type of plot, on a different scale, comparing molyb- 
denum contents of 0.16, 0.31, 0.52, and 0.77 pct; the 
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points on the 0.15 and 0.31 pct Mo steels are for the 
Climax steels. 

Fig. 16 shows the values of G for the pure Fe-C-Ni 
alloys as a function of temperature. Except for the 
one point at 625° for the 2.5 pct Ni alloy, the effect 
of nickel in regularly decreasing G is evident. Fig. 
17 is the same kind of plot, but the values are read 
from Fig. 16—the values are interpolated and aver- 
aged; the curve for the pure Fe-C alloy, Steel J, 
from earlier work,’ is plotted for comparison (again, 
and for the same reason, the lower, retrogressive, 
part of the latter curve is to be disregarded). 


Rate of Nucleation, N 

The values of N, for molybdenum steels, obtained 
by dividing the average value of N, (determined 
from the half-reaction time and the value of G, see 
above) by the grain-surface area, are plotted in Fig. 
18 (cf. ref. 2). Steels 16 and CL 2 both contain 0.15 
pct Mo, steel 16 has 0.52 pct Mn, and steel CL 2 has 
0.70 pct Mn; steels 31 and CL 3 are similarly com- 
parable. But it will be observed that the comparable 
pairs do not give good agreement; indeed the curve 
for N, for a plain carbon eutectoid steel falls in the 
midst of the curves for the molybdenum steels. Pre- 
sumably some steelmaking or processing variable is 
active here; steels 16 and 31, made in the same way 
at the same time, stand in the expected relationship, 
with N, for steel 31 (with the higher percentage of 
molybdenum) standing lower than for steel 16; the 
same is true for the Blanchard steels CL 2 and CL 3. 
Evidently the effect of molybdenum on N must be 
appraised on closely comparable steels. The data 
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seem to suggest that G is unusually effective in de- 
termining the isothermal reaction rate. Presumably 
the Blanchard steels were more completely homo- 
genized than steels 16 and 31; they had been rolled 
to strips %x1/16 in. while steels 16 and 31 had been 
rolled to 1 in. squares. In any one set, the results are 
consistent; Fig. 19 shows N, values vs. weight per- 
centage of molybdenum for the Blanchard steels. 
It is clear that there is a point of inflection near 0.4 
pet, near that composition at which the nature of 
the carbide changes. A similar point of inflection 
occurs in the comparable curves for G, Fig. 13. 
Values of N, obtained by the complete method of 
Scheil and Langeweise, Fig. 20, for molybdenum 
steels, show that N varies with time, as observed for 
plain carbon eutectoid steels.’ 

The results of the determination of N, for nickel 
steels, by the method of half-reaction, are less satis- 
factory. Fig. 21, on which N, is plotted against 
weight percentage of nickel, shows a maximum at 
2 pct Ni which is unlikely and doubtless reflects 
cumulative errors. Application of the Scheil and 
Langeweise method gave the values plotted in Figs. 
22 and 23. Both figures show N, to decrease with in- 
creasing nickel, in accord with expectations. 


Discussion 


These results show that both N and G in eutectoid 
steels are decreased by molybdenum and nickel. The 
data are good for G; the data on N are good for 
molybdenum steels, but relatively poor (and in a 
measure contradictory) for nickel steels, owing, pre- 
sumably, to heterogeneity. In all cases the active 
nucleus is carbide, for proeutectoid ferrite was ob- 
served not to accelerate the isothermal rate of re- 
action while proeutectoid cementite was observed to 
be a powerful inoculant (cf. ref. 1). 

The value of N was observed to increase with 
time, approximately exponentially, for both molyb- 
denum and nickel steels (Figs. 20, 22, and 23). This 
is the same result as reported for plain carbon steels, 
and presumably reflects the progressive change in 
the austenite matrix during isothermal reaction to 
pearlite, toward an equilibrium state of concentra- 
tion fluctuations characteristic of the reaction tem- 
perature; change in the initial fluctuation state by 
changes in austenitizing, alters the induction period 
and the reaction rate as would be expected on this 
basis. 

Molybdenum has a great effect upon N, Fig. 19, 
decreasing N at 650°C in the composition range 
studied roughly by 10°. At roughly 0.4 pet Mo, near 
where the « carbide appears, an inflection point 
occurs (Fig. 19), in all likelihood reflecting the 
occurrence of the new carbide as an active nucleus; 
this suggests that the actual nucleus is indeed the 
« carbide. The shape of the N vs. T curve, Fig. 18, 
is similar to that for plain carbon steels, except that 
a maximum appears in the curve for 0.32 pct Mo 
(CL 3); steel 31, with 0.31 pet Mo, does not show a 
maximum, but might if lower temperatures had been 
studied. It is possible that this maximum merely 
reflects the intrusion of the bainite reaction, for the 
nature of the reaction products at low temperatures 
is difficult to identify. 

The values of N for nickel steels as a function of 
the percentage of nickel, Fig. 21, are probably not 
reliable, as noted, though those as a function of time, 
Figs. 22 and 23, not affected by comparing steels of 
questionable comparability are probably quite valid. 

Presumably N should respond to quantitative 
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treatment on the basis of nucleation theory. Quali- 
tatively the presence of alloy should decrease the 
simple probability of the correct chance association 
of atoms to form a nucleus of the proper composi- 
tion, assuming this to be different from the average 
composition, but the composition of the original 
nucleus is not known (and will be difficult to learn) 
—on partition data also the inclination is to assume, 
though with uncertainty, that the nucleus in molyb- 
denum steels contains molybdenum while that in 
nickel steels does not contain nickel; nor is the 
composition of the austenite at the grain boundary 
(the Gibbs surface concentration effect), where nu- 
cleation is preferred, known, nor can it be readily 
inferred; nor are the surface energies, nor the effect 
of alloy upon the bulk free energy known; until 
these deficiencies are remedied, further speculation 
seems unpromising. The application of the principle 
of dihedral interphase angles, extensively developed 
by Smith,” upon proper experimentation should 
yield information on interface energies; B. H. Alex- 
ander™ reports preliminary results. Measurements 
on the heat of transformation as affected by alloy 
should yield values from which approximate free 
energies could be calculated, much as Zener has 
done for plain-carbon steels;* such measurements on 
cobalt steels would constitute a fair test of the pro- 
posal‘ that cobalt increases the bulk free energy of 
the transformation and correspondingly increases N, 
and decreases S, with the result of increasing G. 
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Fig. 15—Rates of growth of four molybdenum steels as a function 
of temperature. 


The measured values of G are somewhat more re- 
sponsive to study. These values may be determined 
with much precision; they are sensitive to austenitiz- 
ing treatment, but there are methods which will fix 
a characteristic value of G, Fig. 3. The effect of 
austenitizing is less on G than on N, in qualitative 
accord with earlier experience with plain carbon 
steels.” Austenitizing times as short as 5 min at 875°C 
yield a rate of growth for a 0.31 pct Mo steel only 
twice that obtained after 4 min at 1200°C. Nickel 
steels require longer austenitizing times than molyb- 
denum steels, perhaps reflecting the lower rate of 
diffusion of nickel in austenite.” * 

G values are constant with time, Figs. 7 and 10, 
as in plain carbon steels, which argues that growth 
in these alloy steels is also a steady state process. 
The effect of alloy upon G is very great in molyb- 
denum steel, and in nickel steels, though not so 
great, is well beyond experimental error, Figs. 12 to 
15. This is opposite to the diffusion coefficients of 
these elements in austenite, but parallels their car- 
bide-forming tendency. Fig. 13 combines all re- 
sults, and includes earlier approximate data on the 
effect of manganese.’ It shows also the effect of 
manganese on nickel steels—the two curves for 
steels D5 and D6 (containing nickel and 0.46 pct 
Mn) and the simple nickel steel are parallel, manga- 
nese depressing G by the same amount (on this 
logarithmic plot) for all nickel contents. This is the 
same amount as observed for 0.46 pct Mn in ordinary 
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commercial plain carbon steels; the logarithms are 
thus additive, and the effects of different alloys pre- 
sumably multiplicative. As Fig. 13 shows, the loga- 
rithm of G is a linear function of the percentage 
alloy. 

It was proposed early*® that the retarding effect of 
alloy addition upon the isothermal rate of formation 
of pearlite lies in a diminution in the N and G values, 
in the case of G perhaps because of the necessity 
for the diffusion of the slowly diffusing alloy addi- 
tion, e.g., molybdenum. This has been questioned,* 
especially as the argument relates to G, on the basis 
that no reason exists to believe that pearlite should, 
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Fig. 19—N, at 650°C as a function of 
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on growing, await the diffusion of the alloy—the 
effect of alloy on the isothermal rate of reaction was 
attributed entirely to the effect on N. The present 
data, however, can leave no doubt but that G is in- 
deed decreased by alloy addition, in the case of 
molybdenum greatly, Fig. 13. It was argued* that 
partition data do not prove the occurrence of segre- 
gation at the growing interface—the observed par- 
tition could well have occurred between ferrite and 
carbide behind the moving interface, though segre- 
gation during the formation of pearlite composed of 
ferrite and a special carbide, e.g., « in molybdenum 
steels, was not (and could hardly be) questioned. 
Partition data, however, seem more significant 
than this argument allows. Bowman” has studied 
the partition of molybdenum between carbide and 
ferrite in eutectoid steels reacted isothermally to 
pearlite and in the same steels quenched and tem- 
pered. Bowman’s best data are those at 705°C (his 
data at 650°C are less definite owing to difficulties 
in separation of the two phases prior to analysis and 
owing to poor X-ray resolution upon diffraction). 
The carbide as isothermally formed pearlite (just 
fully reacted) in a 0.30 pet Mo steel was observed to 
be cementitic in lattice type, containing 1.1 to 1.2 pct 
Mo; in steels with 0.51 pct Mo or above, the carbide 
was the « carbide, face-centered cubic in structure, 
represented by (Fe, Mo).,C,; the unit cell of the 
latter contains 116 atoms whereas Fe,C contains 16 
atoms; the « carbide was observed to contain 3.4 pct 
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Fig. 20—N, as a function of time for molybdenum steels by the 
method of Scheil. 


Mo or more (see above). The same steel quenched, 
and tempered at 705°C, similarly showed partition, 
increasing with increasing tempering time, but even 
after 250 hr at 705°, the degree of partition was 
markedly less than that observed in the isothermally 
reacted steel. These experimental facts argue that 
partition occurring in pearlite, behind the growing 
interface, is slow compared to that which occurs at 
the growth pearlite: austenite interface. Similar 
conclusions may be drawn from the work on parti- 
tion in steels reacted 50 pct to completion. Kuo and 
Hultgren,” performing somewhat similar work on 
other steels, similarly report that silicon is absent 
from the carbide phase in both isothermally reacted 
and quenched and tempered steels, and that nickel 
shows early and extensive partition. 

Moreover, if it is admitted that segregation must 
take place in steels with more than 0.50 pct Mo, in 
which the « phase occurs, and that this may be 
employed to explain the decrease in G, it is difficult 
to see why the same reasoning may not be employed 
for steels with a percentage of molybdenum just less 
than this, Fig. 13, for the curves of G vs. the per- 
centage alloy are continuous, with a point of in- 
flection. The occurrence of the branch of the G 
curve at high molybdenum contents shows, to be 
sure, that in this range the rate of growth of the « 
pearlite is greater than that of the extrapolated 
cementitic pearlite. There is no apparent way to 
rationalize the observed partitions; they are not the 
equilibrium values, and presumably are determined 
by kinetic as well as by thermodynamic factors. The 
data show that G is in fact decreased by the addi- 
tion of alloy, for molybdenum, nickel, and manga- 
nese steels, and the weight of argument favors the 
segregation of the alloy by diffusion at the reacting 
interface. 

It has been suggested that the ‘‘anomalous”’ in- 
crease in G caused by the addition of cobalt lies in 
the increase excited by cobalt on the bulk free- 
energy change in the austenite: pearlite transforma- 
tion, resulting in a smaller S, and thus a greater G 
value.* No direct data on the bulk free energy, as 
affected by alloy addition are available (though as 
noted above, some information on this could readily 
be obtained), but the theory demands that G should 
be linearly related to 1/S,. The data on cobalt steels 
support the idea qualitatively, in the sense that co- 
balt decreases S, while increasing G, but the rela- 
tion is not linear as proposed. 

Comparable data on molybdenum, nickel, and 
manganese steels are given in Table VII. Again the 
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direction of change in S, is in conformity with the 
decrease in G, but G decreases much more than can 
be accounted for by change in S,, and another effect 
must intrude, presumably alloy partition. 

The problem of calculating G is very difficult in 
alloy steels. Although fair agreement is obtained 
for plain carbon steels between observed and cal- 
culated G values from concentration gradients de- 
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Table VII. Effect of Alloying Elements on Rate of Growth of Pearlite 


Increase Decrease 
in Spacing in 
Due to Due to 
Tempera- This This 
ture, Amount Amount 
°C of Alloy of Alloy 
Molybdenum, pct 
0.32 700 1.04x 10x 
0.15 670 1.232 
0.32 670 1.502 23x 
0.52 670 1.822 86x 
Nickel, pet 
1.06 625 1.632 4.652 
2.91 625 2.482 652 
Manganese, pct* 
1.5 625 2.222 144x 


* The manganese data are by extrapolation, so that the effect may 
be exaggerated. 


rived from the Hultgren extrapolation and S,, and 
the diffusion coefficient of carbon in y Fe, there are 
several points of arbitrariness in these calculations. 
The extrapolation of the ferrite and cementite con- 
jugate phase curves lead to a very large concentra- 
tion difference. If Zener* is correct, these extra- 
polated concentrations are in error because of the 
effect of the radius of the lamellae ends in lowering 
the A., curve; the diffusion coefficient rises rapidly 
with percentage of carbon within the austenite field” 
and would presumably extrapolate to extraordinary 
values for the extrapolated concentration difference. 
Even assuming this, the differential equation repre- 
senting diffusion flow, through a very complex con- 
centration contour, is not available. 

It was suggested by Onsager” that the high rate 
of diffusion of carbon in a Fe is the controlling factor 
in determining G. This assumed that transformation 
occurs first, and the diffusion of carbon later, within 
the a phase. Using Stanley’s” new data on the solu- 
bility of carbon in a Fe and on the diffusion co- 
efficient of carbon in a Fe, very rough calculation 
does not favor this mechanism over the more con- 
ventional one, assumed above. On the Onsager idea 
the cementite lamellae would be sharply pointed at 
the pearlite: austenite interface, with the cementite 
lamellae assuming their full thickness some distance 
from the interface, but recent studies in this labora- 
tory,” on thousands of lamellae, do not confirm this. 

For alloy steels, the matter is more complicated. 
It is known that the alloying elements do not effect 
the rate of diffusion of carbon in austenite appreci- 
ably,’ from this point of view: both manganese and 
nickel slightly increase the diffusion coefficient of 
carbon in y Fe” while molybdenum (by extrapola- 
tion) very slightly decreases it in the reaction tem- 
perature range of concern here.” According to 
Brandt,’ possible changes in the concentration ex- 
tremes are also inadequate. It is shown above that 
changes in S, are not in themselves adequate. That 
these minor effects might additively produce the 
observed diminution in G seems unlikely in view of 
the extraordinary disparities shown in Table VI; 
these considerations suggest (though do not in 
themselves prove) that the slow rate of diffusion of 
the alloying element upon segregation during the 
growth of peartite is at least one determining factor. 


Summary 


1—The rate of nucleation, N, and the rate of 
growth, G, of pearlite were measured over a tem- 
perature range in a series of eutectoid alloy steels 


780—JOURNAL OF METALS, JULY 1952 


containing 0 to 0.77 wt pct Mo and 0 to 2.95 wt pct 
Ni, for the alloy systems Fe-C-Mo, Fe-C-Ni, Fe-C- 
Mn-Mo, and Fe-C-Mn-Ni. The effect of molyb- 
denum on the interlamellar spacing was measured. 

2—Both N and G are decreased by molybdenum 
and nickel, at all temperatures, in all alloys. 

3—G was found to decrease by orders of magni- 
tude when the interlamellar spacing increased by 
factors of only 2 or 3; thus G is not determined pri- 
marily by the spacing. 

4—-G was found to decrease exponentially with 
increase in alloy content; combined effects of several 
elements on G are multiplicative. A change in slope 
in the curve of log G vs. percentage molybdenum 
was demonstrated, coinciding with the appearance 
of the noncementitic, « carbide; a similar though less 
certain change in slope was found for N. 

5—The evidence is strongly in favor of a segrega- 
tion of the alloying element concomitant with the 
growth of pearlite in these alloy steels. 
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TRANSACTIONS AIME 


Institute of Metals Division Lecture, 1952 


Solid State Physics in Electronics and in Metallurgy 


by W. Shockley 


| lecture can best begin with a statement of 
the chief conclusion: The metallurgical indus- 
try will find profit in supporting fundamental re- 
search on dislocations. This support should be done 
both in their own laboratories and in universities. 

My lecture consists of an exposition of the basis 
for this conclusion. The experience on which I base 
it is drawn largely from two fields in solid state 
physics—one field is transistor electronics and the 
other is dislocation theory. At present the relation- 
ship of solid state physics to technology is different 
in these two fields. In electronics without question, 
the physics has led the technology. In metallurgy, 
on the other hand, the technology in the form of 
metallurgical art is far ahead of the fundamental 
science. 

In transistor electronics, physics has suggested 
and can still suggest previously unachieved com- 
binations of matter that will have new and useful 
properties; that is, the physicist can make specific 
predictions, The physicist can also have some con- 
fidence that the predicted devices will actually come 
into existence in a matter of months or years and 
that they will live up to the predictions. 

In metallurgy, the physicist cannot to a compara- 
ble degree make predictions and have the same hope 
that they will lead to something new and valuable. 

There are a number of reasons for this difference. 
The first is simply historical. Transistor physics is 
young. It may be regarded as dating from the an- 
nouncement of the transistor, in which case it is 
about four years old, or from the first real control of 
semiconductors as materials (this was accomplished 
largely by metallurgists, by the way) in which case 
it is about ten years old. 

Metallurgical art, on the other hand, is thousands 
of years old. There is no doubt that the advance of 
this art has been and will be hastened by a good 
fundamental understanding of the quantum theory 
of atomic phenomena. It is too much to expect, 
however, that theory will soon catch up with the 
lead that practice has gained in a thousand years, 
and that theory will then point out specific path- 
ways to better materials. It seems more probable 
that modern atomic theory will serve to interpret 
and organize information much as thermodynamics 
has done through phase diagrams. 

In this lecture, I shall emphasize an important 
feature common to both solid state electronics and 
to metallurgy. This common feature is the harmon- 
izing principle that justifies discussing electronics 
and metallurgy as related topics in solid state 
physics. In both cases the important properties of 
the materials arise from imperfections. By imper- 
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fections I mean deviations of the materials from 
perfect single crystals. The imperfections may be 
of many forms. From the point of view of utility 
they may be either good or bad, and a given type 
may be good or bad depending on circumstances. 

The technical material of my lecture will be 
divided into two parts. The first will be chiefly 
concerned with four types of imperfections in ger- 
manium crystals. The control of these imperfections 
makes possible the fabrication of useful electronic 
devices. A good example of such control is the 
junction transistor, which I shall discuss from this 
viewpoint later. The junction transistor, as some 
of you may have heard, can be used as an amplifier 
of electrical signals and in a number of respects 
surpasses what has hitherto been achieved with 
vacuum tubes. 

The second part of my technical material will be 
concerned with dislocations. For about fifteen years 
the theoretical physicist has had dislocations in 
mind as the most important kind of imperfection in 
metals. He has, however, until recently had ex- 
perimental material of a highly speculative nature 
to back up his assertions. I am fortunate in the 
timing of this lecture to be able to describe some 
recent results that put dislocations on a far more 
definite basis than has been the case in the past. In 
fact there are now some experiments which reveal 
the characteristic properties of dislocations almost 
as clearly as experiments in transistor physics re- 
veal the properties of holes and electrons, proper- 
ties that I shall soon describe. It is this advance in 
the status of dislocations that emboldened me to 
make my initial assertion that the metallurgical in- 
dustry will profit from supporting fundamental re- 
search on dislocations. 


Transistor Electronics 

In order to discuss imperfections in semicon- 
ductors, it is necessary to visualize a reference con- 
dition that may be regarded as perfect. In the cases 
of silicon and germanium, which find application in 
transistor electronics,” the perfect structure is the 
diamond structure shown in Fig. 1. In this struc- 
ture, each atom is surrounded by four neighbors 
with which it forms four covalent or electron-pair 
bonds. These bonds use all of the four valence elec- 
trons possessed by each of the silicon or germanium 
atoms. The electronic structure of the crystal is 
thus complete and perfect. 

A crystal of silicon or germanium with a perfect 
electron-pair bond structure would be an insulator. 
In order for electrical conduction to occur, it is 
necessary for imperfections to arise in the electronic 
structure. In this lecture, I shall discuss four possi- 
ble imperfections whose symbols and relationships 
are indicated in Table I. 

We shall consider first, as an example, a crystal 
of silicon containing an arsenic atom as an impurity. 
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Fig. 1—Diamond structure showing how each atom is surrounded 
by four neighbors with which it forms covalent bonds. 


As is represented on Fig. 2, the arsenic atom has five 
valence electrons. It enters the crystal substitution- 
ally and uses four of its five valence electrons to 
complete the electron-pair bonds with its four 
neighbors. The fifth electron is left over and can- 
not fit into the bond structure surrounding the ar- 
senic atom. At room temperature, thermal agita- 
tion imparts energy to this excess electron and it 
wanders through the crystal, being attracted weakly 
toward the arsenic atom. At low temperatures, this 
attraction would be great enough to overcome the 
effect of thermal agitation, and the electron would 
become bound to the arsenic atom. At room tem- 
perature, however, a large proportion of excess 
electrons are free in silicon. In the case of ger- 
manium with a similar impurity, all but a minute 
fraction of the excess electrons will be free from the 
impurities at room temperature. 

As is represented in Fig. 2, the excess electron is 
in a higher energy level in the crystal than the 
electrons in the valence bonds. It is also free to 
move about in the crystal, whereas the completely 
filled valence bonds constitute an immobile situa- 
tion in which no electronic traffic is possible. 

The electrical charges associated with the arsenic 
impurity and the electron are indicated in Table I. 
The excess electron represents a localized negative 
charge, since the portion of the crystal in its vicinity 
would be electrically neutral if the excess electron 
were absent. The arsenic atom, on the other hand, 
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Fig. 2-——N-type silicon showing how the addition of a substitutional 
impurity of yalence 5 leads to the presence of an excess electron. 
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represents a localized positive charge, since its share 
of the four adjacent valence bonds is insufficient to 
neutralize the charge of +5 units on the core of the 
atom. Since the positive charge of the arsenic atom 
is bound in the crystal and cannot move, the symbol 
which we use for it is represented by a plus sign 
surrounded by a circle in the illustrations (and by a 
plus sign in parentheses in Table I), the circle (or 
parentheses) representing the fact that the plus 
charge is bound to one place in the crystal. This 
type of silicon is called n-type since the mobile 
charges which carry current and which move under 
the influence of electric field are negative. 

It is possible to produce silicon in which the mo- 
bile charges are positive instead of negative as 
shown in Fig. 3. Such silicon is called p-type. In 
this case, the chemical impurity is an atom with 
three valence electrons. This atom also enters the 
lattice substitutionally but does not have enough 
electrons to complete the valence bonds that sur- 
round it. The bonds are completed by an additional 
electron which is stolen from a bond somewhere 
else in the crystal, leaving a hole behind it. As is 
suggested in the figure, the presence of this hole in 
the otherwise perfect electron-pair bond structure 
permits current to flow in the crystal. The current 


Table |. Features of Extrinsic Semiconductors 


Chemical Electronic Conductivity 
Imperfections Imperfections Type 
Donor (+) Excess electron — n-type 
Acceptor (—) Hole + p-type 


Table II. Mobilities in Cm/Sec per Volt/Cm 


Electrons Holes 
Silicon 1250 ~250 
Germaniuin 3600 1700 


is carried by a sort of replacement process in which 
electrons from adjacent bonds may be thought of as 
moving into the hole with a resultant motion of the 
hole in the opposite direction from the electronic 
motions. In this case, the hole evidently represents 
a mobile positive charge. On the other hand, the 
boron atom is a fixed negative charge, since its share 
of the valence electrons is more than sufficient to 
neutralize the charge of +3 units on its core. 

The picture presented above comprises only the 
simplest and most important features. There are 
many other interesting aspects. When donor atoms, 
like arsenic, and acceptor atoms, like boron, are 
simultaneously present in the crystal, compensation 
occurs. Under these conditions, the conductivity 
corresponds to the impurity present in excess and 
has the same strength that it would have if only the 
excess amount were present. One feature that is 
always very difficult to explain and is not properly 
indicated by the analogs shown in Figs. 2 and 3 is 
this: The holes are almost as readily mobile in an 
electric field as are the electrons. It is very difficult 
to explain the reasons for this, since one instinc- 
tively feels that holes should be very much less 
mobile. I shall not endeavor to present the mathe- 
matical theory that shows why holes are nearly as 
mobile as electrons. Instead, I shall describe experi- 
ments which have been used to measure the speed 
with which both holes and electrons actually move 
in the presence of electric fields. 

The effect of electric fields on the imperfections, 
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excess electrons and holes, is indicated in Fig. 4 
which shows that electrons move toward the posi- 
tive end of a specimen, whereas holes move toward 
the negative end. The motion of the holes is actu- 
ally a result of a reciprocal motion of the electrons 
in the opposite direction, but the net effect is that 
the positive charge produced by a hole in the crystal 
moves toward the negative end of the crystal. If 
both holes and electrons are simultaneously pres- 
ent, then they move in opposite directions. 

In addition to motion in electric fields, holes and 
electrons partake of a random sort of thermal mo- 
tion which causes them to spread throughout a 
crystal even in the absence of electric fields. They 
are also deflected by magnetic fields in their mo- 
tion and have interesting behaviors in the presence 
of high electric fields. It is not possible to discuss 
in this lecture the wide variety of experiments that 
have been performed as a result of the invention of 
the transistor. These experiments show in consider- 
able detail that the behavior of holes and electrons 
is just that which would be expected on the basis 
of fundamental theory. I shall, however, discuss 
one of these experiments—one which is perhaps the 
most fundamental of all and which bears a close 


Fig. 3—P-type silicon showing how the presence of a substitutional 
impurity of valence 3 leads to a hole. 


analogy to a fundamental experiment on the nature 
of dislocations, an experiment I shall describe in a 
later part of this lecture. 

According to the theory presented above, a hole 
will move through the crystal with a definite veloc- 
ity under the influence of an electric field. This 
velocity has been measured with the aid of an ex- 
periment carried out by Haynes’ and illustrated in 
schematic form in Fig. 5. In this experiment, a small 
rod of germanium about 1 mm sq in cross-section 
and 1 or 2 cm long is employed. Since the specimen 
is of n-type germanium, it normally contains chiefly 
mobile electrons and nearly no mobile holes. Under 
the conditions of the experiment, a current is passed 
through the specimen in such a direction as to draw 
electrons from right to left in Fig. 5. Two electrical 
point contacts are provided to the specimen, the one 
on the right is a “collector” or detector of holes. 
Such a point contact has been shown from a variety 
of experiments in transistor physics to draw a cur- 
rent which is greatly increased by the presence of 
holes in its neighborhood. The other point, shown 
at the left of the specimen, is used for inserting a 
signal. 

When the point on the left is made positive by 
closing a switch (this is actually accomplished with 
the aid of electronic circuits), then a few holes are 
injected into the n-type germanium. These holes 
find themselves in the presence of an electric field 
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Fig. 4—Current carriers in semiconductors showing the motion 
of holes and electrons in electric fields. 


which tends to move them toward the right. The 
current drawn by the detector point is represented 
by vertical deflection in a cathode ray oscilloscope. 
At the instant when the switch is closed and holes 
first enter the filament, there is a “pickup” signal 
on the oscilloscope. After this the current in the 
collector terminal remains constant until time 2 is 
reached. At time 2, holes first begin to arrive at the 
detector point and the current increases. The length 
of time from 1 to 2 is the time required for the first 
holes to traverse the distance between the points. 
Haynes* has refined this experiment to the point 
where the uncertainty in time of arrival of the holes 
has been reduced to about 5 pct. Thus the time of 
flight from one point to the other can be measured 
with this accuracy, and the distance and the electric 
field can also be measured with high accuracy. In 
this way it is possible to determine exactly how 
fast holes will move in a given electric field. 

The experiment has been repeated for electrons 
in germanium, and also for electrons and holes in 
silicon. The results can be expressed in terms of 
the mobility, which is the velocity with which an 
electron would move in an electric field of 1 v per 
cm. The values current at the time of this lecture 
are given in Table II,* from which it is seen that 
electrons are somewhat more mobile than holes but 
not to the same extent as would be suggested by the 
crude analogs shown in Figs. 2 and 3. 

In Fig. 6 we show an actual photograph of the 
apparatus used by Haynes. The scale may be judged 
from the microscope objective seen at the top of the 
photograph. The rod of germanium is placed on an 
insulating plastic block. It is surrounded by four 
micromanipulator units, which can be used for ad- 
justing contacts to the germanium rod. 

Fig. 7 is a photograph of the oscilloscope screen. 
The bright points on the oscilloscope record are 
timing signals. These occur at intervals of 10° sec 
or 10 microsec. The time of arrival to the center of 
the pulse of holes is thus seen to be about 80 micro- 
sec. 

As I stated earlier, this experiment is just one of 


Fig. 5—Experimental arrangement used for determining the drift 
velocity of holes in an n-type germanium filament. 
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Fig. 6—Type of micromanipulator used for studying the velocity of 
drift of injected holes and electrons. 


a group of experiments that have been carried out 
to demonstrate the behavior of holes and electrons 
and to verify that they behave in accordance with 
the fundamental theory and to evaluate quantities 
which the theory is not sufficiently quantitative to 
predict. Now, one may ask, what comes as a result 
of such fundamental research? In the case of tran- 
sistor electronics, the type-A transistor was invented 
by Bardeen and Brattain in the course of the carry- 
ing out of just such fundamental investigations.’ 
More recently, the junction transistor, which I shall 
shortly describe, developed from such a program. 
It is an interesting historical fact that the develop- 
ment of useful devices in transistor electronics have 
followed the control of the important imperfections 
for purposes of fundamental experiment. 

In Fig. 8 we show a junction transistor’ and for 
comparison a miniature vacuum tube. A paradoxi- 
cal fact about the junction transistor is that its ex- 
tremely unimpressive appearance is one of its most 
impressive features. Because of its small size and 
low consumption of power it is possible to construct 
electrical equipment containing a large number of 
junction transistors in a space very much smaller 
than that possible for vacuum tubes. In many ways, 
the junction transistor is the most remarkable am- 
plifier of small electrical signals that has ever been 
made. One of its most outstanding features is its 
ability to operate at power levels of about one- 
millionth of a watt. This is about one-thousand 
times smaller than that of the smallest vacuum tube. 


The existence of an amplifying device at the low © 


power level of the junction transistor permits ap- 
plications in the telephone industry that previously 
were not practical. The importance of low power 
level operation can be appreciated by considering 
that a telephone conversation itself represents a 
power of only a few microwatts flowing over the 
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Fig. 7—Oscilloscope photograph of the arrival wave of injected 
holes in an n-type germanium filament. The bright spots are marker 
signals spaced at 10-microsec intervals. 


Fig. 8—A junction transistor compared with a vacuum tube. 


telephone wires. Using an ordinary vacuum tube to 
amplify this power is very inefficient, in fact, it is 
analogous to sending a ten-car freight train, engine 
and all, to carry a pound of butter. Even using a 
miniature vacuum tube is like sending a small truck 
for the same purpose. On the other hand, the junc- 
tion transistor can operate efficiently at these low 
power levels with sufficient power handling capacity 
for the purpose and with negligible waste. Another 
feature of the junction transistor is that it can op- 
erate over a wide range of powers; the same tran- 
sistor that can operate efficiently at a microwatt can 
also operate efficiently at powers ten-thousand times 
as large in other circuits. 

The other features for which transistors are 
noted—the absence of a warm-up time, no cathode 
heater power, their extreme mechanical ruggedness, 
freedom from microphonics, small size, and poten- 
tially indefinite life—have all received so much at- 
tention recently. in the public press and elsewhere 
that I shall not enlarge upon them. I shall instead 
devote the remainder of my discussion of solid state 
physics in electronics to an exposition of the way in 
which imperfections in germanium crystals interact 
so as to produce transistor action in the junction 
transistor. 

The heart of the junction transistor is a small 
germanium single crystal about 3 or 4 mm in length 
and something less than 1 mm gq in its cross-section. 
Impurities are distributed in a nonuniform way in 
this single crystal as represented in Fig. 9. The 
upper part of the figure shows that built into the 
crystal are donors and acceptors arranged in the 
form of a sandwich with a layer of p-type between 
two n-type regions. The donors and acceptors pro- 
duce an electrical charge density in the crystal 
which would produce enormous electrical fields, un- 
less it were neutralized by holes and electrons. The 
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Fig. 9—Chemical and electronic structure of an n-p-n 
junction transistor. 
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Fig. 10—Potential energy distribution under 
conditions of thermal equilibrium for holes 
and electrons in an n-p-n junction transistor. 


distribution of holes and electrons necessary to neu- 
tralize the donors and acceptors is shown in the 
lower part of the figure. Under thermal equilibrium 
conditions, the charges just balance out so that the 
three portions of the crystal are electrically neutral. 

It is evident that some form of discontinuity must 
exist at the boundaries between the n-type and the 
p-type regions. These boundaries are referred to as 
p-n junctions and the junction transistor derives its 
name from them. At the junction an electric field is 
present. It at first seems surprising that an electric 
field can exist in a conducting body under condi- 
tions of thermal equilibrium. A mathematical analy- 
sis of the equilibrium conditions establishes this 
conclusion, however, but the mathematical steps are 
not easy to describe in simple terms. A convincing 
argument for the presence of an electric field can, 
however, be established as follows: Under the in- 
fluence of thermal agitation the electrons and holes 
tend to diffuse throughout the specimen so as to be 
spread uniformly in it. It is evident that such a 
spreading would lead to an unbalance in the charge 
density. There must, therefore, be some force which 
prevents the electrons from leaving the n-type 
region and spreading out through the p-type region. 
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This force can only be present in the form of an 
electric field at the junction which tends to hold 
electrons in the n-type region and holes in the 
p-type region. 

The effect of this electric field upon the energy of 
an electron is shown in Fig. 10. In this figure, the 
n-type regions are represented as valleys where the 
potential energy of an electron is low, and the p- 
type region as a plateau where it is high. Since a 
hole has a positive sign, which is opposite to that 
of an electron, the plateau for the electron becomes 
a valley bottom for a hole. Thus, the electric field 
which keeps the electrons in the n-regions will also 
serve to keep the holes in the p-regions. With the 
aid of the potential energy diagram of Fig. 10, it is 
possible to understand how the amplification of 
electrical signals can take place in a junction 
transistor. 

In order to amplify electrical signals with a junc- 
tion transistor, it is necessary to apply electrical 
voltages. The means of doing this are indicated 
schematically in Fig. 11. Electrical contacts are 
made to the three regions. These contacts are pas- 
sive and do not inject holes or electrons in the sense 
of the contacts discussed in connection with the 
Haynes experiment. Instead they simply establish 
potentials in the regions with which they make con- 
tact. Under operating conditions the right-hand 
n-type region, known as the collector, is biased to 
a positive voltage, and thus becomes extremely at- 
tractive to electrons. The base region in the center 
is biased to a slightly positive voltage and thus be- 
comes somewhat less repulsive to electrons than it 
is under the equilibrium conditions shown in Fig. 10. 

When the biasing potentials of Fig. 11 are applied 
to the transistor, the potential energy diagram be- 
comes that shown in Fig. 12. On the left side of the 
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Fig. 11—Arrangement of voltages for an n-p-n junction 
transistor amplifier. 
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Fig. 12—Potential energy distribution and flow of electrons in an 
n-p-n junction transistor. 
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a—Face-centered cubic crystal emphasizing close-packed planes. 
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b—An ideal two dimensional hexagonal crystal subjected to 
the “theoretical shearing stress.” 


Fig. 13—Deformation in close-packed crystals. 


figure we show a condition corresponding to no in- 
put signal applied to the base layer, and to the right 
the case where a positive signal is applied to the 
base layer. The electron flow can be considered in 
terms of a hydraulic analog with the n-region at 
the right regarded as a sea at low level and that at 
the left as a reservoir at high altitude. As a result 
of thermal agitation, some of the electrons acquire 
sufficient energy to mount the top of the plateau in 
the p-region and then as a result of thermal agita- 
tion they diffuse across the plateau to the sea. If a 
positive signal voltage is applied to a p-region, it is 
much easier for electrons to climb to the plateau, 
and the current flowing over it and descending to 
the right becomes much larger. This shows that the 
junction transistor behaves in a sense like an elec- 
trical “valve” with the base layer representing the 
handle which controls the flow of electrons between 
emitter and collector. This function is closely analo- 
gous from the point of view of application in elec- 
trical circuits to that of a vacuum tube triode, and 
the transistor may be used in many similar ap- 
plications. 


Relationship Between Transistor Electronics and 
Dislocation Theory 
The junction transistor illustrates several impor- 
tant features: It is an example of a new and im- 
portant development growing on a sound base of 
solid state physics, supported, of course, by major 
advances in the metallurgy and chemistry of ger- 
manium. It also illustrates the importance of im- 
perfections and their interactions in useful devices. 
The main point that I wish to emphasize in con- 
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nection with the junction transistor, however, is one 
that I was forced to slight in the interests of saving 
time. This point is that major advances have fol- 
lowed the acquisition of fundamental knowledge 
and good experimental control of the imperfections. 

It is this last main point that forms the bridge 
between the two technical parts of my lecture. The 
thesis of the second part is that dislocations are now 
being brought under experimental control. This has 
particular significance because the most important 
single property of metals is mechanical strength and 
mechanical strength is limited by the behavior of 
dislocations. 

In the remainder of my lecture I shall review some 
of the older aspects of dislocation theory and shall 
discuss some new results which exhibit the features 
of dislocations with a clarity comparable to that 
achieved for holes and excess electrons in semi- 
conductors. 

Elements of Dislocation Theory 

Let us next ask what would be the most funda- 
mental experiment on dislocations. Evidently this 
would be the study of the structure and motion of a 
single dislocation. The second most fundamental 
experiment would be the study of a group of similar 
dislocations. Such an experiment is analogous to 
the study of a pulse of holes in a germanium fila- 
ment. After these two would come experiments in- 
volving interactions of dislocations with each other 
and finally experiments involving gross effects such 
as cold work and slip bands. 

Historically the growth of dislocation theory is 
quite different.’ It started with attempts to explain 
the low yield strength of metals and the phenome- 
non of work hardening. We shall start by review- 
ing these matters briefly. 

Fig. 13a represents the atomic arrangement in a 
face-centered cubic crystal. It is intuitively evident 
that the easiest way to deform this crystal would be 


Fig. 14—Schematic representation of an edge dislocation 
in a two dimensional hexagonal lattice. 


Fig. 15—Schematic representation of an edge-type dislocation. 
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Fig. 16—Schematic representation of a screw-type dislocation. 


to slide the close-packed planes over each other in 
the direction of densest packed rows of atoms. Ex- 
periments show that crystals do deform in just this 
way and that the slip planes and slip directions are 
just those predicted from the atomic arrangement. 
The first major difficulty is that of explaining the 
magnitude of the yield stress. If the crystal were 
perfect, all the planes would be displaced elastically 
by equal amounts. This situation is portrayed 
crudely in Fig. 13b for a two dimensional hexagonal 
crystal. The shearing stresses are represented as 
displacing the rows of atoms to their positions of 
maximum restoring force. A further displacement 
would bring each row into a dead-center position 
of maximum potential energy in respect to its 
neighbors, a position in which the restoring force 
would be zero. It is evident that the maximum 
shearing stress position will be approximately that 
shown in Fig. 13b and that the strain will be about 
10 pct. This strain, which should be sustained 
elastically by an ideal crystal, is about 1000 times 
larger than that necessary to produce deformation 
in tin, for example. Dislocations lower this yield 
stress in the manner illustrated in Fig. 14 which 
represents a crystal which has been partially 
sheared across the horizontal plane. As is seen, the 
upper left-hand quarter has been slipped to the 
right by one lattice constant. This can be seen by 
comparing the markings on the vertical planes. (In 
order to avoid encumbering the figure, only every 
other plane of atoms is marked.) It is seen that plane 
No. 3 in the upper half of the crystal has slipped 
just half a lattice constant in respect to the lower 
plane and is thus in a position of maximum energy 
in respect to the lower plane. The ease of motion of 
the dislocation is due to the fact that a plane of 
atoms in the upper crystal is not properly connected 
with a plane in the lower part. 

The type of dislocation represented in Fig. 14 is 
called an edge dislocation or a Taylor’s dislocation.* 
The reason for this is that the extra plane of atoms 
coming in from the top terminates on its lower 
edge. If a shearing stress is applied so as to tend to 
move the top half of the crystal toward the right, 
then the extra plane of atoms will move slightly 
toward the right and tend to join with the plane 
below it. As a result, the next vertical plane is 
pushed out of position and becomes the extra plane. 
In a sense the dislocation serves to siphon the planes 
in the upper half of the crystal over positions of 
maximum potential energy in the lower half. This 
effect, greatly reduces the critical shearing stress 
necessary to produce slip of one plane over the other. 
If the shearing stress is applied for sufficient time, 
the dislocation will move to the right until finally 
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the last vertical plane of the upper half of the 
crystal becomes the extra plane and extends one lat- 
tice constant out to the right in respect to the lower 
plane. When this has happened, the upper half of 
the crystal will have slipped one lattice constant in 
respect to the lower half. 

It is not easy to carry out calculations to find out 
just how much reduction in critical stress will be 
produced by dislocations. However, such calcula- 
tions have been carried out by Nabarro,’ and it is 
found that the critical stress may be reduced by a 
thousandfold or more as compared to the stress 
necessary to slide whole planes of atoms over each 
other as discussed in connection with Fig. 13. More 
recent theoretical investigations show that an even 
greater reduction will occur as a result of thermal 
agitation. I shall return to this point later in con- 
nection with grain boundary motion. 

Another way of approaching the problem of the 
motion of dislocations is through the bubble models 
studied by Bragg, Nye, and Lomer.® Their work is 
so well known as to deserve only passing comment 
here. They have made “rafts” of bubbles on the 
surface of soap solutions. These rafts form hex- 


Fig. 17—Tin crystal deformed slowly at elevated temperatures 
showing the extreme amount of slip that may occur on a given 
slip band. 
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Fig. 18—Crystal growth from the vapor illustrating the preference 
of adsorbed atoms for corners and the necessity for nucleation in 
order for a plane to grow. (Figure furnished by W. T. Read, Jr.) 


agonal two-dimensional crystals. In these rafts, dis- 
locations form and are found to move under the 
influence of small shearing stresses of the magnitude 
predicted by theory. 

In order to deal diagrammatically with disloca- 
tions, it is necessary to employ a simplified scheme 
of representation. This is illustrated for an edge 
dislocation in Fig. 15, which corresponds to Fig. 14 
with the edge dislocation represented by an in- 
verted T. The horizontal part of the symbol repre- 
sents the slip plane, and the vertical portion the 
location of the extra half plane. Under the influence 
of a shearing stress which tends to move the top of 
the crystal toward the right the dislocation will 
move to the right resulting in the shear of the top 
half of the crystal in respect to the lower half. 

There are two particularly important types of 
dislocations, the edge dislocation just described and 
the screw dislocation or Burgers’ dislocation.” A 
serew dislocation is indicated schematically in Fig. 
16. In this case the crystal is considered to be cut 
with a knife held in a vertical direction about half- 
way through the crystal. The two portions of the 
crystal have then been displaced vertically across 
the plane of the cut. As a result, a step appears 
across a portion of the top face of the crystal. Let 
us imagine that we could follow a path on the sur- 
face of the crystal. Then if we climbed the step and 
proceeded in a clockwise direction around the end 
of the cut, we would be able to remain on one plane 
of atoms, but we would arrive at the base of the wall 


Fig. 19—Role of a screw dislocation in eliminating the need for 
nucleation in crystal growth according to F. C. Frank. (Figure 
furnished by W. T. Read, Jr.) 
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having encircled the end of the cut once. If we con- 
tinued on this plane a second turn around the cut, 
we would end one plane lower. In other words, the 
planes of atoms are no longer separate parallel 
planes as they would be in a perfect crystal, but are 
instead helical ramps arranged in the direction of 
a right-handed screw. 

Although the screw and the edge dislocation are 
the important basic types, they do not exhaust the 
possibilities of dislocations in crystals. There are a 
variety of other types, and there are mixed types in 
which edge dislocations and screw dislocations blend 
smoothly into one another as the direction of the 
line of the dislocation through the crystal varies. 

One of the most interesting applications of dis- 
location theory, which involves the variation of a 
dislocation from one type to another, is that associ- 
ated with the Frank-Read source. This form of dis- 
location and its related mechanism were proposed 
independently by F. C. Frank of Bristol University 
and W. T. Read of Bell Telephone Laboratories and 
was published jointly by them in 1950.” With the 
aid of a Frank-Read source, it is possible to explain 
how a single dislocation can produce an arbitrarily 
large amount of slip upon a slip band. Thus extreme 
displacements, such as those shown in Fig. 17 for a 
very slowly deformed tin crystal,* can be explained 
with the aid of a single dislocation acting over and 
over again by the Frank-Read mechanisms. 

I quote this result as an interesting recent applica- 
tion of dislocation theory. I do not, however, regard 
the Frank-Read source and its contribution to the 
theory of slip bands as being one of the decisive 
factors which enables us to feel far more confident 
in dislocation theory than has been possible in the 
past. The difficulty with the Frank-Read source and 
the existence of slip bands is that the relationship 
is not unique. It is possible to invent other schemes 
which will produce slip bands and it is not possible 
at present to establish that any slip band actually 
does form as a result of one or more Frank-Read 
sources acting. In other words, there is too large a 
gap between the microscopic theory and the macro- 
scopic observation. 


New Experimental Results Involving Dislocations 


The four chief examples, which I shall describe 
below, of recent results in the application of dis- 
location theory do not suffer from the disadvantage 
of too large a gap between the microscopic theory 
and the macroscopic observation. These new results 
are based on unique relationships between disloca- 
tion theory and the experimental results, and the 
agreement is so definite and striking that it seems 
in some cases almost as if we were able to see the 
individual dislocations. 

I think I should emphasize this last point more 
strongly by indicating that we can say things now 
which it was not at all reasonable to say three and 
a half years ago. At that time, I delivered a lecture 
to a meeting of the American Society for Metals 
which I concluded by pointing out that, at. the time 
of that lecture, the reality of dislocations in metals 
could not be said to be proved. Those accepting the 
dislocation theory were essentially taking it on 
faith, based upon mathematical reasoning. How- 
ever, the concept so obtained of a dislocation was a 
sharp and definite one, developed in a unique way 
from the nature of the crystal structure. Disloca- 
tions seemed, therefore, to be entities whose ex- 
istence would sometime be definitely proved. I be- 
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Fig. 20—Growth spirals resulting from growth on the wall due to a screw dislocation. 


lieve that the experiments that I can describe at this 
time constitute that definite proof which I felt was 
lacking in 1948. 

Growth Spirals: The first and perhaps the most 
striking illustration of dislocations in action is that 
associated with crystal growth from the vapor or 
from dilute solutions. This problem was considered 
by Frank who came to the conclusion that the 
growth process must involve the presence of screw 
dislocations.* 

Frank’s line of reasoning starts by disproving the 
feasibility of one possible method of crystal growth, 
that illustrated in Fig. 18 which represents a crystal 
growing by the condensation of atoms from the 
vapor. If an atom from the vapor impinges and be- 
comes attached to the crystal face, it will diffuse 
over it in a random motion for a short time and will 
in general re-evaporate. If, however, it comes 
against one of the steps formed by a growing plane 
of atoms, it will acquire two points of attachment 
instead of one and will be less likely to evaporate. 
It will then migrate along the step until it finds a 
corner at which it will have three points of attach- 
ment and will become firmly bound. In this way an 
incomplete plane of atoms will grow until it covers 
the face of the crystal. 

In order for a second plane of atoms to grow, how- 
ever, it is necessary for a group of atoms to come 
together by chance to form a nucleus for the second 
plane. If the crystal is growing from a vapor whose 


Fig. 21—Growth spirals on 
the face of a carborundum 
crystal. 
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pressure is only slightly greater than the equilibrium 
pressure or from a very slightly supersaturated 
solution, then it is possible to show, as Frank has 
done, that the probability of formation of a nucleus 
is far too small to account for the observed rate of 
growth. Frank, therefore, concluded that the growth 
must proceed without the delays attendant on the 
formation of nuclei of new planes. This led Frank 
to propose the mechanism shown in Fig. 19. This 
figure represents a crystal with a screw dislocation 
and shows an extra atom, which has condensed upon 
it from the vapor, diffusing to a corner where it be- 
comes attached. As a result of a sequence of such 
attachments, the step on the face of the crystal ad- 
vances in a counterclockwise direction and the crys- 
tal continues to grow. It is evident from the nature 
of the plane in a crystal with a screw-type disloca- 
tion that the wall can never be eliminated by this 
process. Instead it simply grows on around laying 
on one layer of atoms each time it makes a revolu- 
tion over the crystal face. 

On the basis of this model, Frank is able to pre- 
dict certain general features to be expected on the 
faces of growing crystals. These are illustrated in 
Fig. 20. In part (a) the same situation is repre- 
sented as in Fig. 19 for the line numbered 1. As this 
line grows, by the addition of extra atoms, it assumes 
position 2 and, if it then continues to grow with 
equal rapidity, in all directions, it will form 3, 4 
and 5. This process will proceed until a spiral of 
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Fig. 22—Advancing wall on the surface of a crystal containing 
a right-hand and a left-hand screw dislocation. 


the form (b) and finally (c) arises. The exact 
shape of the spiral depends on factors having to do 
with the natural rate of growth of the wall in dif- 
ferent directions and on the stability or energy of 
the step for different crystallographic directions. 

After Frank had made the predictions illustrated 
in Fig. 20, he and others endeavored to find examples 
in the growth faces of natural crystals. These were 
soon found and at the present time a considerable 
number of examples have been discovered. I shall 
not present these in historical order, but will simply 
illustrate some of the most striking of them. Fig. 21 
shows a growth spiral of hexagonal symmetry on a 
carborundum crystal.” The observation was made 
with the aid of an optical microscope using phase 
contrast techniques. Within the accuracy of the 
experimental measurement, the steps from one level 
to another, represented by the light lines in the 
figure, are equal to one lattice constant. Thus the 
face of this crystal is not actually a plane but is 
instead a pyramid with flat steps of the pyramid 
forming spiral ramps of just the form expected on 
the basis of the screw dislocation theory of crystal 
growth. 

In some cases, the crystal growth involves not one 
but two dislocations. If these dislocations have op- 
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posite signs so that one is a right-handed screw and 
the other a left-handed screw, then a wall will be 
produced which terminates on the two dislocations 
as illustrated in Fig. 22. If this wall grows as a re- 
sult of condensation of vapors, it will sweep out in 
the center and turn around the dislocations and 
meet itself again on the back side. Where it meets 
a closed step is cast off and another step starts on 
the growing wall. In Fig. 23 the growth pattern on 
a paraffin crystal grown from dilute solution ‘is 
shown. This figure was obtained by an electron 
microscope with the aid of metal shadowing.” The 
location of the two screw dislocations can be readily 
seen, the one to the left being a right-hand screw 
and the one to the right a left-hand screw. 

The theory and observations associated with 
Frank’s work on growth spirals enables us to see 
more definitely than has been possible before the 
location of dislocations in small crystals, the effects 
of dislocations being clearly visible. Some crystals 
have also been observed in which dislocations have 
moved after crystal growth, and their path can be 
traced across by the offset which has been produced. 
Thus, we see that in this area of research we 
approach closely the possibility of actually observ- 
ing the motion of individual dislocations. 

Grain Boundary Energies: Another area in which 
dislocation theory has had distinct quantitative suc- 
cess in the last three years is that of crystal grain 
boundaries, particularly those in which the orienta- 
tion difference between the two grains is small. 
Such a crystal grain boundary is shown schematic- 
ally in Fig. 24. The left-hand portion shows the 
two crystal grains with a small orientation dif- 
ference. It is evident that the best way to join these 
grains so as to produce a boundary of minimum 
energy is to join them continuously wherever pos- 
sible so that the only energy of misfit is the dis- 
tributed energy of elastic strain. When this has been 
done, the configuration shown in part (b) of the 
figure results. It is evident that a number of edge 


Fig. 23—Growth steps on a 
paraffin crystal due to a 
pair of screw dislocations. 
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Fig. 24—Small angle grain boundary between two crystals and the 
natural means of forming it by an array of dislocations. 


dislocations must be present since the number of 
planes running vertically in from the top of the 
crystal is greater than the number emerging from 
the bottom. Therefore, the grain boundary must be 
composed of an array of edge dislocations. 

This model for crystal grain boundaries has been 
proposed by Bragg” and Burgers* and has been 
treated quantitatively by Read and Shockley” in a 
number of publications. The theoretical work was 
stimulated to a great degree by the findings of Dunn 
and Lionetti on silicon-iron crystals.” This work 
has since been extended by Dunn in collaboration 
with Daniels and Bolton” and has been recognized 
by the award of the Matthewson Gold Medal to 
these workers at this meeting of the Institute. 

On the basis of dislocation theory, it is possible 
to calculate the general form of the curve for grain 
boundary energy as a function of orientation dif- 
ference. It is found that a universal curve should 
be obtained, provided the data is plotted in terms of 
ratios. The plot is represented in Fig. 25 together 
with a collection of experimental data.” It is seen 
that the agreement of the data with the theoretical 
prediction is excellent up to the angle at which the 
energy of the grain boundary is a maximum. This 
agreement is, in fact, more than could be hoped for 
from the theory at its present stage of development, 
since approximations are made which are only 
rigorously valid for boundaries of very small angles. 
At larger angles, the data show scatter, and this 
is a consequence of the fact that at large angles 
grain boundary energy depends not only on the 
orientation difference between the two crystals but 
upon the direction of the grain boundary itself in 
respect to the crystal planes. 

Where data on absolute rather than relative 
energies are available, it is also possible to make 
comparisons between theory and experiment. It is 
found that good agreement is obtained for the 
absolute magnitude of grain boundary energies 
based on the dislocation model of grain boundaries. 

It should be remarked that the shape of the theo- 
retical curve and conclusions about the quantitative 
aspects in this case preceded the accumulation of 
extensive data like that shown in Fig. 25. It is thus 
evident that in this case, as in the case of the growth 
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spirals, the criticism frequently leveled at the dis- 
location theory that “it explains everything and 
predicts nothing” is not justified. 

Grain Boundary Motion: Even more striking than 
the agreement with grain boundary energy is the 
observation of another consequence of the grain 
boundary model discussed in Fig. 24. This conse- 
quence is illustrated in Fig. 26 which shows a bi- 
crystal with a single grain boundary of the simple 
type previously discussed. We suppose that the 
crystal is subjected to a system of shearing stresses 
on its surface which hold it in static equilibrium 
but tend to shear its top surface toward the right. 
As discussed in connection with Figs. 14 and 15, the 
application of this shearing stress at the top of the 
crystal causes the dislocations to move toward the 
right so that the grain boundary as a whole moves 
toward the right. As a result of this motion, it is 
evident that the right-hand edge of the crystal will 
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Fig. 25—Universal curve for grain boundary energy as a function 
of orientation difference derived from dislocation theory compared 
with experimental measurements. 


move upward if the left half of the crystal is 
clamped and, consequently, the right-hand edge 
yields in the direction of the applied shearing stress. 

It should be appreciated at this point that the 
prediction based on the dislocation model of grain 
boundaries is not a trivial one. Other models of the 
grain boundary would predict quite different be- 
havior. For example, if the grain boundary is sup- 
posed to consist of an amorphous region, or possibly 
a region like a layer of supercooled liquid, then an 
entirely different behavior would be expected. For 
such models it would be expected that the grain 
boundary itself would yield to the shearing stress so 
that the two parts of the bicrystal would move in 
respect to each other without any motion of the 
grain boundary, that is, the two crystals would 
simply slip in respect to each other across the grain 
boundary. 

The prediction that a grain boundary should move 
under applied stresses in the manner shown in Fig. 
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(a) (b) 
Fig. 26—Predicted motion of a small angle grain boundary and 
resultant deformation of a crystal based on the dislocation model 
of grain boundaries. 
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Fig. 27—Motion of a 2° grain boundary in a zinc crystal observed 
by Parker and Washburn. 


26 was, as far as I am aware, first presented at the 
American Society of Metals Symposium on cold 
work in October 1948.” It has been further discussed 
in the publications of Read and Shockley.” Quite 
independently of the predictions, some related in- 
vestigations of bicrystals of zinc were carried out 
during 1951 on an ONR project in the Metallurgy 
Department at the University of California.” In the 
course of these experiments Jack Washburn and 
Earl R. Parker applied stresses to a bicrystal of the 
sort described in Fig. 26 having an orientation dif- 
ference of 2°. 

The nature of the boundary was such that the slip 
planes of the dislocations were the basal planes of 
the zinc crystal. Observations were made with the 
aid of an optical microscope looking down on the 
cleaved surface of the crystal. Oblique illumination 
was used so that the location of the grain boundary 
was exhibited by the difference in brightness of the 
surfaces of the two crystals. When stresses were 
applied, it was found that the grain boundary moved 
and the series of pictures shown in Fig. 27 were 
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Fig. 28—Tin whisker studied by Herring and Galt. 
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obtained. The dark line running from right to left 
in each picture represents a step in the surface re- 
sulting from the cleavage used to obtain the speci- 
men. Under the influence of the applied stresses, 
the boundary first moved to the right in the crystal 
then the stress was reversed and it moved to the left, 
passing through its original position. The total 
motion of the grain boundary as represented in the 
figure was about 0.3 mm to the right followed by a 
motion of 1 mm to the left. 

The motion shown in Fig. 27 was produced by 
stresses of the order of magnitude of the yield stress 
for zine crystals. Since it is almost inconceivable 
that any mechanism other than that discussed in 
Fig. 26 can account for the motion shown in Fig. 27, 
the fact that the critical stress for grain boundary 
motion was the same as the yield point for this 
material may be taken as very strong evidence that 
the deformation ordinarily observed corresponds to 
the motion of dislocation. 

It thus appears that Washburn and Parker have 


~ sueceeded in performing what may be regarded 


as the second most fundamental experiment in dis- 
location theory. They have dealt with a specimen 
containing a group of similar dislocations which 
move together as a group under applied stresses. 
This technique is strictly analogous to that used by 
Haynes and discussed above for the measurement of 
holes and electrons in germanium filaments. By 
carrying the experiment further, it should be pos- 
sible to learn many valuable and interesting facts 
about the behavior of dislocations. 

In dislocation theory, reference is frequently made 
to the activation energy required to set a dislocation 
in motion. I shall take this opportunity to mention 
a theoretical result recently derived, which has not 
yet been submitted for publication. The elementary 
theories of dislocations consider them to be straight 
lines extending through the crystal. For example, in 
Fig. 14 it is supposed that all of the planes of atoms 
in the crystal are the same as the ones shown so 
that the edge of the edge dislocation extends in a 
straight line through the crystal. In 1947 I proposed 
that the activation energy required to make a dis- 
location move would be enormously less if the dis- 
location line were not straight but had occasional 
steps in it so that on some parts on the slip plane the 
slip had proceeded one or more lattice constants 
farther than on other parts. I have recently in- 
vestigated theoretically the consequences of this 
picture, and have come to the following conclusion: 
The energy required to produce one of these kinks 
in a dislocation is approximately equal to the ther- 
mal energy kT at room temperature. Consequently, 
a dislocation line will in general have a number of 
such kinks. Such a kink in a dislocation line helps 
the dislocation line itself to siphon over its positions 
of maximum potential energy. Since the dislocation 
itself greatly reduces the energy required to slide 
one plane over another, this kink will in turn greatly 
reduce the energy required for the dislocation to 
move. In fact, I conclude that the activation energy 
to make the kink move is negligible for all practical 
purposes. If present in the crystal, the kinks would 
probably be thermally activated at temperatures as 
low as 1° absolute. If these calculations, which have 
been made only roughly but seem to be straight- 
forward and simple, are correct, then it means that 
forces tending to prevent the motion of dislocation, 
forces which result in a yield point for material, are 
probably due to additional imperfections in the 
crystal. These imperfections may be other disloca- 
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Fig. 29—Tin whisker subjected to an elastic strain of 1 pct. 


tions running perpendicular to the moving disloca- 
tions or small precipitates of foreign atoms. With 
the technique of Washburn and Parker available, it 
will be possible to carry out interesting and defini- 
tive experiments on the behavior of the dislocations 
in this regard. 


Strength of Small Metal Crystals: According to 
the theory of dislocations, a crystal containing no 
dislocations and no flaws which would cause them 
to originate under the application of stress, should 
have a strength approaching that discussed in con- 
nection with Fig. 13. Such crystals should, therefore, 
be able elastically to stand strain of the order of 
several percentage points. Recently some crystals 
of tin have been observed which appear to have just 
this property. 

The crystals whose elastic properties were studied 
first came into prominence in another connection. 
During 1948 it was found that trouble of an unusual 
nature developed in some of the electrical filters 
used in carrier telephone systems. As a result of 
extensive investigations, it was found that the 
trouble arose from the growth of small metal fila- 
ments on the condenser plates in these filters. These 
filamentary growths of ‘whiskers’ were found to 
be small single crystals or twinned crystals of the 
plating material. The growth and nature of these 
whiskers have been reported by Compton, Mendizza, 
and Arnold,” who found that crystals can be grown 
from cadmium, zinc, tin, and silver surfaces and 
aluminum. 

The whiskers are very thin elongated crystals 
about ten-thousand atoms in diameter and perhaps 
ten-million atoms in length. The small size of these 
crystals suggested to Herring and Galt” that they 
might possibly contain no dislocations which would 
lead to mechanical weakness. Consequently, they 
investigated some of these crystals with the aid of 
the micromanipulator assembly shown in Fig. 6. As 
photographed through a microscope, one of the 
whiskers appeared as shown in Fig. 28. To the right 
of the whisker is seen a dark object which is actually 
a small wire moved by one of the micromanipulators. 
In Fig. 29, we see the effect of pushing the end of the 
whisker around with another of the controls of the 
micromanipulator. In this figure, the crystal is 
actually strained by about 1 pct in tension on its 
outer surface and 1 pct in compression on its inner 
surface. The magnitude of the strain is calculated 
from the diameter of the whisker as determined by 
an electron microscope study and the radius of 
curvature of the bend as determined by measuring 
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Fig. 30—Same tin whisker after yielding to a strain of about 3 pet. 


the photograph shown in Fig. 29. Herring and Galt 
found that the whiskers could be held in the strained 
position for as much as a week with no discernible 
deformation. When the stress was released, the 
whisker at once straightened out, showing no evi- 
dence of distortion. The stress used in the experi- 
ment is at least 400 times larger than that necessary 
to produce deformation in large single crystals and 
the creep rate is at least 100 times smaller than the 
minimum creep rate observed in crystals which de- 
form. This leads to the conclusion that the rate of 
creep of these single crystals is less at least by a 
factor of 10,000 than that expected on the basis of 
large single crystals and is in all probability actually 
zero. 

When strains of the order of 2 or 3 pct are pro- 
duced, the whiskers deform abruptly. Fig. 30 shows 
such a deformed crystal. After deformation, the 
crystals have considerable strength at the kinks. 

The process of deformation would appear to in- 
volve the generation of dislocations. The natural 
interpretation is that at these large strains the dis- 
locations are formed at rough portions of the surface 
and move inward so as to produce a yielding to the 
applied stress. 


Surface Hardening of Aluminum Crystals: Evi- 
dence that in some instances dislocations do form at 
the surface of the crystal and move inward under 
the influence of applied stress is furnished by an 
experiment carried out by Heidenreich.” In this 
experiment Heidenreich dealt with aluminum single 
crystals formed by solidification of molten alu- 
minum. These crystals were quite perfect as demon- 
strated by the fact that they could produce an elec- 
tron diffraction phenomenon known as Kikuchi lines. 
These Kikuchi lines form only on crystals that have 
negligible mosaic structures. Heidenreich found that 
if these single crystals were subjected to a steady 
stress comparable to but smaller than the yield stress 
and were in addition subjected to a brief inter- 
mittent stress, then their mechanical properties were 
profoundly modified, although no visible slip lines 
occurred. It was proposed that the high intermittent 
stress caused dislocations to be generated at the 
surface not only on the most preferred slip system 
for the specimen, but upon other slip systems as 
well. As a result, dislocations moving in on inter- 
secting slip planes collided with each other and 
interfered so as to produce a layer on the surface 
in a strain-hardened condition without having an 
effect on the interior of the crystal. This prediction 
from dislocation theory was tested by etching away 
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the outer surface of the crystal electrolytically. 
When this was done it was found that the interior 
of the crystal still exhibited Kikuchi lines. This 
experiment thus gave evidence that the effect of the 
mechanical stress under the conditions employed 
was concentrated near the surface. 

This experiment was carried out first in 1947. It 
has since been repeated by Roros working in col- 
laboration with Heidenreich.” In addition, Roros 
measured the hardness of the surface of the alu- 
minum crystal with a microhardness tester and 
found that the condition of stress doubles the hard- 
ness of the surface. He found, in addition, that 
etching away the surface of the crystal exposes 
somewhat softer material to the hardness test. These 
experiments are of very recent origin and there is 
considerable fluctuation in the data on the hardness. 
I have included them in this lecture, however, be- 
cause of their great significance in connection with 
the problem of plastic deformation in general. 


Conclusions 

Let us now consider the possible value of funda- 
mental research on the behavior of dislocations. In 
the case of semiconductor work, understanding and 
control of the fundamental imperfections have fur- 
nished the momentum for developments that show 
promise of revolutionizing the entire electronics in- 
dustry. 

By these remarks, I do not intend to imply a 
belief that the strength of steel will be doubled 
within ten years because of fundamental research 
on dislocations. On the other hand, I would not be 
at all surprised if some appreciable benefits even in 
the old and well-established steel industry did 
directly result from such research. 

In respect to new materials with exceptional 
properties, I consider the situation to be different. 
In fact I predict that significant and possibly essen- 
tial contributions to the development of high tem- 
perature, high strength materials for jet engines and 
the like will result directly from applications of a 
new and improved knowledge of the behavior of 
dislocations, a new knowledge that can be forseen as 
a direct outgrowth of the achievements of the last 
few years. 

It is with these thoughts in mind that I emphasize 
my conclusion: The metallurgical industry will find 
profit in supporting fundamental research on dis- 
locations. 
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Observations on the Preparation of lodide Titanium 


by O. J. C. Runnalls and L. M. Pidgeon 


Some observations on the kinetics of the iodide process are reported. 
The deposition rate is geometry-sensitive in a system containing a 
finely divided titanium charge. Further, results indicate that the 
iodine diffusion rate influences the velocity of the process. The non- 
volatile iodide, Til:, forms in the hot filament zone, thus removing 

iodine from the cycle. 


ITANIUM metal of 99.9 pct purity may be pre- 

pared using a refining technique originated by 
Van Arkel and de Boer. The purity of this metal, 
commonly called iodide titanium, exceeds that pro- 
duced by any known process. In a recent application, 
the method was employed by Gonser et al.’ to pre- 
pare titanium rods up to 2 to 3 cm in diam. 

In the Van Arkel-de Boer system, the relative in- 
fluence of the fundamental mechanisms: 1—produc- 
tion of titanium iodides, 2—gaseous countercurrent 
diffusion, and 3—decomposition, on the deposi- 
tion rate have not been clearly established. Blocher 
and Campbell’ have indicated that the controlling 
step in the process under practical conditions of 
operation may be the reaction rate of iodine with the 
crude metal. Fast* reported that crude titanium 
metal reacted with iodine rapidly, even at room 
temperature, in his apparatus. Little has been re- 
ported on the effect of gaseous diffusion or decompo- 
sition on the deposition rate. It is these aspects of 
the process about which this investigation is 
centered. An attempt has been made to separate 
these latter effects from those due to the formation 
of the iodides at the crude metal surface by a divi- 
sion of the experimental program. 


Reaction of lodine with Titanium 

Apparatus: In the investigation of gas-metal re- 
actions of this type, the chemical reactivity of the 
halogen and halide vapors dictates the use of all- 
glass apparatus. In such a system standard tech- 
niques for measuring reaction rates are difficult to 
employ. Here, a simple apparatus was devised (Fig. 
1) so that some indication of the reactivity of 
titanium powder with iodine vapor could be ob- 
tained. A stream of iodine gas was evolved from a 
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bulb of controlled temperature and passed over a 
sample of titanium powder heated in a horizontal 
tube furnace. The product of the reaction, Til,, vola- 
tilized and was condensed outside the furnace in 
a series of four glass bulbs, each cooled to room tem- 
perature in turn. 

Preliminary experiments indicated that distilla- 
tion was retarded in a sealed evacuated system due 
to a pressure build-up in the condensing end of the 
apparatus. Hence, the system was pumped continu- 
ously using a mechanical pump and two oil diffusion 
pumps in series, through a liquid air trap. The 
iodine bulb was made large and a capillary restric- 
tion was inserted between the titanium bulb and the 
condensers so that the iodine pressure over the 
metal would approach the equilibrium pressure over 
solid iodine crystals. The effect of this restriction on 
the evaporation rate of Til, was determined sepa- 
rately. The iodine bulb was heated in an oil bath 
controlled to +2°C. The titanium bulb temperature 
was automatically controlled to +5°C. 


Procedure: About 200 mg of —30 mesh titanium 
powder, weighed to 0.1 mg, was placed in the re- 
action bulb after part B had been joined to part A. 
The powder was tapped into a long (5 cm) shallow 
mass along the bottom of the tube. Two chromel- 
alumel thermocouples were inserted into the mag- 
nesium radiator which was clamped to the reaction 
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APPARATUS: 


To 
TRANSFER RATE or 


Fig. 1—Transfer rate apparatus. 


bulb. The system was evacuated to 10° mm Hg 
with the iodine bulb in liquid air, and the furnace 
and oil bath then heated to the desired temperatures. 
The iodine bulb was immersed in the heated bath 
for about 15 min before the tube leading to the fur- 
nace was heated. Zero time was chosen when the 
first red deposit of Til, appeared in the exposed 
condenser. At suitable intervals the furnace was 
moved to expose each condensing bulb in turn. The 
reaction was terminated by freezing iodine in the 
capillary. The titanium content of the four con- 
densers and the reaction bulb was determined chem- 
ically using a method made available by the National 
Lead Co.” Experiments were conducted at titanium 
temperatures ranging from 175° to 400°C and nom- 
inal iodine pressures from 1 to 100 mm Hg. 

The above experiments involved both the rate of 
production and the rate of evaporation of Til, To 
determine the magnitude of each factor, the distilla- 
tion rate of Til, was measured separately in the same 
apparatus. The condensers were separated from the 
reaction bulb during the formation of a large amount 
of Til, by a thin glass diaphragm which was later 
punctured by a glass-enclosed striker. The distilla- 
tion rate was determined at temperatures of 175° 
and 200°C with a flow of iodine at 25 mm nominal 
pressure. 


Results: The transfer rate of the metal as Til, is 
plotted in Fig. 2 for temperatures of 175° and 400°C. 
At temperatures between these, the data lie on 
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Fig. 2—Transfer rate of titanium as Til, at 175° and 400°C. 
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smooth curves. The dotted line depicts the distilla- 
tion rate of Til, in the apparatus at 200°C, after 
conversion to the same ordinates for comparison. 
The distillation rate at 175°C is not shown, but it 
appreciably exceeded the transfer rate at this tem- 
perature. The individual analyses for all five bulbs 
consistently totaled within 1 pct of the original 
charge, suggesting an adequate analytical method. 

The effect of iodine pressure on the transfer rate 
of titanium at 200°C is plotted in Fig. 3. The iodine 
flow rate was not determined. In all experiments, a 
finite time elapsed between the appearance of the 
first iodine condensate in the liquid air trap and the 
characteristic red deposit of Til, in the exposed con- 
denser. This induction period increased from a few 
seconds at 100 mm iodine pressure to about 15 min 
as the pressure was lowered to 1 mm Hg. 

Discussion: Evidently, titanium metal can be con- 
verted to Til, at temperatures as high as 400°C by 
maintaining excess iodine in the system. In the 
presence of excess titanium, the lower iodides are 
reported‘ to be more stable in this temperature re- 
gion. The following mechanism is suggested for the 
formation of Til,: 


Ti 1, > Til, 

Til, + Tih [2] 
sum to: 

[3] 


It is evident from Fig. 3 that, under these condi- 
tions, finely divided titanium metal is readily at- 
tacked by iodine vapor at I, pressures as low as 1 
mm Hg. These results suggest that the reaction rate 
of iodine with the crude metal in the de Boer bulb 
may not be the rate-controlling step. 

The induction period that was observed before a 
visible condensate appeared in each of the above 
experiments was, presumably, a measure of the 
time required for the penetration of the adherent 
oxide layer on the titanium particles. This layer 
forms immediately when titanium is exposed to air 
at room temperature® and cannot be effectively re- 
moved by solution in the metal below 500°C. 


Decomposition of Titanium Tetraiodide 

Apparatus: Glass bulbs of 30 mm OD with sealed- 
in tungsten electrodes were used in all of the fol- 
lowing experiments. Once charged with titanium 
powder and iodine crystals, the bulbs were heated 
in a pyrex tube furnace in which the temperature 
was controlled automatically to +3°C. 

A filament, originally 0.128 mm tungsten wire, 
was connected to the tungsten electrodes. The 
filament was heated to the desired temperature by 
adjusting the input current. The filament tempera- 
ture was measured with an optical pyrometer. Cor- 
rections were made for the emissivity of titanium 
using Bradshaw’s data.’ No absorption loss in 6 mm 
of Til, vapor was observable when the pyrometer 
was focused on the filament from different angles; 
i.e., the distance through the vapor varied from 1 
to 2 cm. Til, vapor is red in color and probably has 
an absorption range close to that of the pyrometer 
filter. Further, since the filament was observed 
through a vapor thickness of 1 cm or less in prac- 
tice, the absorption loss at low Til, pressures was 
considered insignificant. It is estimated that the 
temperatures reported in the measurements on the 
variation of the deposition rate with filament tem- 
perature were accurate to about +25°C. This un- 
certainty was increased to about +50°C at higher 
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| | 


pressures of Til, when the deposition rate was ob- 
served as a function of Til, pressure. 


General Procedure: Approximately 3 g of titanium 
powder were placed in the bottom of the reaction 
bulb A, Fig. 4. Bulb A was outgassed for at least 3 
hr at 500°C, under vacuum. The tungsten filament 
was heated to 1500°C during this period. The bulb 
B and connecting tubing were outgassed by flaming 
with a hand torch. The apparatus was cooled to 
room temperature and tank argon was introduced 
through valve C with valve D closed. The filling 
tube E was opened and iodine crystals were added 
to bulb B while maintaining a gentle countercurrent 
stream of argon. The filling tube E was pulled off 
and a preliminary evacuation with a mechanical 
pump effected through valve C. Trap F was cooled 
with liquid air and valve D to the main vacuum 
system was opened. About one-half of the iodine 
was distilled into the liquid air trap by flaming to 
remove adsorbed gases and water vapor. The con- 
striction at G was closed and the remaining iodine 
was distilled into bulb A. Finally the constriction at 
H was closed. 

The bulbs were heated in the furnace previously 
described. Bulb temperatures were measured using 


Table |. Variation of the Deposition Rate Along the Filament 


Average 
Deposition 
Distance from Rate, 
the Top of Diameter, Mg per Sq 
Filament, Cm Mm Cm per Hr 
1.0 0.417 65.0 
2.0 0.419 65.5 
3.0 0.426 67.0 
4.0 0.462 75.0 
5.0 0.475 78.0 
6.0 0.485 80.7 
7.0 0.506 85.0 
8.0 0.523 88.9 
9.0 0.561 97.5 
10.0 0.632 110.7 


a potentiometer and a chromel-alumel thermocouple 
with the hot junction level with the crude titanium. 
The iodine combined spontaneously with the metal 
during the heating period and the red vapor of Til, 
became visible. Deposition was begun by heating 
the filament to the range of 1100° to 1500°C. The 
diameters of the resulting wires were measured with 
a calibrated microscope eye-piece from which re- 
producibility of +5x10° mm could be obtained. The 
weight of titanium deposited, when calculated from 
the above measurements, agreed with several check 
weighings within 5 pct. The deposition rate in mg 
per sq cm per hr was computed from the measured 
filament diameters. 

Effect of Geometry on the Deposition Rate: Pro- 
cedure—Three experiments were conducted with 
filaments 20 cm in length where the geometry of the 
system differed in each case. In the first experiment 
the distance of the crude metal from the bottom of 
the filament was 1 cm and in the second, 10 cm. Ina 
third experiment this distance remained at 10 cm 
but a constriction of about 1/15 the cross-section of 
the bulb was inserted between the two. All the 
filaments were heated to 1500°C in 6 mm of Til, 
vapor. 

Results—In the first experiment the wire grew 
more rapidly at the bottom, close to the crude, and 
as the deposition proceeded the temperature dif- 
ference between the top and the bottom of the fila- 
ment increased to about 100°C. After 1 hr the fila- 
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Fig. 3—Effect of iodine pressure on the transfer rate of titanium 
as Til,. 


ment had grown to the sizes indicated in Table I. In 
the second experiment, 5 hr was required to grow 
a filament 0.485 mm in diam, where the distance 
from the filament to the crude metal was 10 cm. 
During this period the average deposition rate was 
15.9 mg per sq cm per hr. The diameter of the re- 
sulting titanium filament was uniform within +0.01 
mm across the whole length. With the constriction 
in the bulb no visible deposit appeared on the fila- 
ment after 4 hr of operation. Deposition was ob- 
tained, however, by moving some of the titanium 
powder to a position above the constriction. 
Discussion—The overall reaction which results in 
the deposition of titanium on the filament may be 
depicted as: 
Til,> Ti + 4I [4] 


The deposition rate should depend on the mainte- 
nance of an adequate supply of Til, and the rapid 
removal of the released iodine. In the above experi- 
ments a large excess of Til, liquid existed and the 
vapor was perceptibly saturated in Til, throughout 
the bulb. Since the length of the diffusion path ex- 
erted a pronounced effect on the deposition rate it 
may be concluded that the diffusion rate of iodine 
to the crude metal is of extreme importance in the 


system described. Apparently, the equilibrium 
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Fig. 4—Decomposition apparatus. 
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Fig. 5—Effect of filament temperature on the deposition rate 
of titanium. 


iodine pressure in reaction 4 is very low at 1500°C 
and quickly builds to this saturation value unless 
removed. The results suggest that, for maximum 
deposition rates, the distance between the filament 
and the crude metal should be made as short as 
possible. 

When the crude was close to the filament, as in 
the first experiment, a pressure gradient of iodine 
existed along the surface of the wire, as evidenced 
by a more rapid deposition rate closer to the crude 
metal. However, when 10 cm distant from the 
crude, the filament grew uniformly, indicating a 
negligible I, pressure drop across its length. This 
geometry was considered the most suitable for ex- 
periments where the filament temperature and Til, 
pressure were to be introduced as variables. 


Effect of Filament Temperature on the Deposition 
Rate at Fixed Geometry: Procedure—Bulbs of 30 
mm OD, containing 3 g of titanium and 1 g of L, 
were prepared in the manner previously described. 
The bulbs were heated to 175°C to produce a pres- 
sure of 6 mm of Til, vapor. Eighteen experiments 
were conducted where the filament temperature was 
varied from 1100° to 1550°C. The filament length 
was 18 cm and the distance from the crude to the 
filament was 10 cm. 

Results—The results obtained in the above ex- 
periments are illustrated in Fig. 5 and tabulated in 
Table II. Several attempts were made to determine 
the deposition rate at a filament temperature of 
1600°C but at this temperature the filaments fused. 

Discussion—At 1500°C, the evaporation rate of 
titanium in vacuo is 12.6 mg per sq cm per hr.® Be- 


Table Il. Effect of Filament Temperature on the Deposition Rate 
Average 
Deposition 
Rate, 
Experi- Duration Corrected Mg per 
ment No. of Run, Hr Temperature, °C Sq Cm per Hr 
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Fig. 6—Effect of Til, pressure on the deposition rate of titanium. 


cause the deposition rates in the above experiments 
were of the same order of magnitude, the effect of 
the volatility of titanium at 1500°C, and above, 
should be appreciable. It is not surprising, there- 
fore, that little change in the deposition rate was 
observed when the filament temperature was raised 
from 1500° to 1550°C. 

Effect of Til, Pressure on the Deposition Rate: 
Procedure—The pressure of Til, was fixed by heat- 
ing the bulb to a given temperature. Due to the more 
rapid formation of lower iodides above 200°C, the 
charge of iodine was increased to 2 g in these ex- 
periments so that excess Til, could be maintained in 
the bulb throughout the run. The equation for the 
vapor pressure of Til, as a function of temperature, 
reported by Blocher and Campbell,’ was used. 

Thirteen experiments were conducted where the 
Til, pressure was varied from 2 to 35 mm, with the 
filament temperature constant at 1500°C. (Three 
experiments from the preceding section are in- 
cluded.) The filaments were 18 cm in length and the 
distance from the bottom of the filament to the 
crude was 10 cm. 

Results—The results obtained in the above ex- 
periment are illustrated in Fig. 6 and tabulated in 
Table III. Excess Til, remained in the bulb after 
each experiment, a necessary condition if the Til, 
pressure was to be maintained. 

Titanium filaments grown at some lower pressure, 
say 6 mm, could be stripped of metal by raising the 
Til, pressure to about 50 mm. As much metal as had 
required 1 hr to deposit could be removed in a few 
minutes. When the pressure of Til, exceeded about 
25 mm, convection currents in the vapor surround- 


Table Ill. Effect of Til, Pressure on the Deposition Rate 
Average 
Bulb Deposi- 
Experi- Tempera- Tikk tion Rate, 
ment ture, Pressure, Time Mg per 
No. eC Mm of Run, Hr Sq Cm per Hr 


1 146 2 5.0 14.1 
2 146 2 6.0 13.2 
3 175 6 7.0 14.2* 
4 175 6 6.0 15.0* 
5 175 6 5.0 
6 204 15 4.0 17.2 
7 204 15 6.0 16.5 
8 204 15 7.0 16.2 
9 221 25 5.0 14.5 
10 221 25 6.0 13.1 
11 233 35 4.0 4.3 
12 233 35 5.0 2.6 
13 233 35 5.0 3.4 


* From Table II 
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ing the wire became visible. Above 25 mm Til, 
pressure, lustrous black, needle-like crystals began 
to grow on the tungsten lead-in wires directly above 
the hot filament. Here, the deposition rate fell off 


markedly and the amount of liquid Til, in the bulb. 


decreased. After a few hours almost all the excess 
tetraiodide had disappeared. The large clumps of 
crystals which had formed in the top of the bulbs 
exhibited properties similar to those reported by 
Fast” for the compound Til. The titanium-iodine 
ratio determined by chemical analysis was 1:3.08. 
An X-ray powder pattern failed to reveal any of the 
characteristic lines of Til,. A typical cluster is illus- 
trated in Fig. 7. Because the needles hydrolyzed 
when exposed to moist air, they were photographed 
through the walls of the tube in which they had 
condensed. 

Discussion—The observed condensate of Til; must 
have originated at, or in the vicinity of, the hot 
filament since this compound is nonvolatile at the 
bulb temperatures used. Til, could be produced by 
the partial dissociation of Til, on the filament sur- 
face according to: 


A second reaction which appears favorable kineti- 
cally is the gas-phase reaction of monatomic iodine 
with Til,: 

Til, + I> Til, + I, [6] 


Both of the above reactions may contribute to the 
appearance of Til, in the system. 


Rate of Formation of Lower Iodides: Procedure— 
It was observed in several of the previous experi- 
ments that Til, was converted to lower iodides at a 
constant rate for a given system, irrespective of the 
amount of excess Til, present. Two experiments 


Table IV. Rate of Formation of Lower lodides 


Time 


Required for Weight of 


Experiment Weight of Removal of Til, Titanium on 
No. Iodine, Mg Excess, Min Filament, Mg 

1 184 15 50 

2 560 40 140 


were conducted to investigate this phenomenon. In 
each, a carefully weighed amount of iodine was 
vacuum distilled into the reaction bulb from an at- 
tached trap. In both experiments, the bulb was 
heated to 175°C and the filament to 1500°C. The 
filament was 1 cm distant from the crude metal. 
The experiments were continued until the charac- 
teristic color of Til, vapor had disappeared. 

Results—The results from these experiments are 
given in Table IV. It was observed in a separate 
experiment, at a bulb temperature of 175°C, that 
deposition did not cease when the color of the Til, 
vapor had faded. The wire grew very rapidly close 
to the crude metal and the temperature gradient 
along the filament soon became so steep that the 
experiment was, of necessity, terminated. On cool- 
ing the bulb to room temperature, a barely visible 
condensate of Til, appeared on the cold wall. Fast* 
had reported earlier a similar rapid filament growth 
when most of the Til, present in the system had 
been converted to lower iodides. 

Discussion—The above results indicate that, in 
this system, the rate of conversion of Til, to lower 
iodides is approximately constant and does not de- 
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Fig. 7—Needles of Til, X10. Area reduced approximately 75 pct 
for reproduction. 


pend on the amount of liquid tetraiodide in contact 
with the crude metal. Either the partial dissociation 
of Til,, or the reaction of monatomic iodine with Til, 
in the region of the hot filament, as proposed earlier, 
offers a satisfactory mechanism for the removal of 
the excess tetraiodide from the system. No explana- 
tion is offered for the apparent continuation of de- 
position after the Til, excess has disappeared. 


Summary 

Some observations on the hot wire decomposition 
process for the preparation of titanium metal have 
been made. Finely divided titanium at 200°C has 
been observed to react with iodine vapor at I, pres- 
sures down to 1 mm Hg. The rate of deposition of 
the purified metal has been found to be extremely 
sensitive to the geometry of the system described, 
particularly to the position of the crude metal. Re- 
sults indicate that the diffusion rate of iodine from 
the wire to the crude metal exerts a marked influ- 
ence on the velocity of the process. In the course 
of the investigation the compound Til, has been con- 
densed on the cool lead-in wires above a 1500°C 
titanium filament. This Til, formation may result 
from either the heterogeneous partial dissociation 
of Til, or a homogeneous reaction between Til, and 
monatomic iodine. 
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Titanium-Chromium Phase Diagram 


An investigation of the Ti-Cr system has shown the presence 
of a complete series of solid solutions in the @ phase, with a 
minimum in the solidus near 50 pct Cr. An intermetallic com- 
pound, TiCr., forms during cooling from the £ solid solution. 
There is a eutectoid reaction at the low chromium side of the 

system. 


N view of the recognition of the potentialities of 

titanium and its alloys as important structural 
materials there has arisen a need for a systematic 
investigation of various titanium binary diagrams. 
Of these, the Ti-Cr system was of particular interest 
because of the improved properties imparted to tita- 
nium by small chromium additions. 

A literature survey disclosed a partial constitution 
diagram that had been suggested by Vogel and 
Wenderott.. This diagram, shown in Fig. 1, is the 
result of work done on the Fe-Cr-Ti ternary sys- 
tem. Alloys containing less than 43 pct Cr were not 
investigated. In addition to this, a study of alloys in 
the Ti-Cr system was reported by McPherson and 
Fontana.’ Adenstedt® furnished a number of dilato- 
meter curves obtained from specimens containing 5, 
10, and 15 pct Cr. Very recently, McQuillan’ sub- 
mitted a proposed diagram covering the complete 
range of compositions between titanium and chro- 
mium. This diagram was in general agreement with 
the one described here. 


Experimental Procedure 


Sponge titanium (99.7 pct) and electrolytic chro- 
mium (Bureau of Mines analysis: 99.03 pct Cr, 0.40 
pet Fe, 0.53 pet O.) were used for the initial deter- 
mination of the system. Subsequent refinement of 
points, particularly for the low chromium side of 
the diagram, was accomplished by using iodide tita- 
nium and high purity chromium (National Research 
Corp. analysis: 0.050 pet C, 0.045 pct O.). 

The Ti-Cr alloys were prepared by melting 25 g 
charges in an enclosed, water-cooled copper crucible 
using a movable tungsten electrode. The atmosphere 
was helium, prepurified by first passing it through 
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Fig. I—Ti-Cr diagram of Vogel and Wenderott. 


a drying agent and then through sponge titanium 
heated to 850°C. Particular care was taken to avoid 
any large scale segregation resulting from insufficient 
mixing of the components. Each charge was melted 
and kept molten for approximately 1 min, allowed 
to cool, inverted, remelted, and kept molten for an 
additional minute. 

In order to ascertain the amount of impurity pick- 
up (oxygen and nitrogen) during the melting pro- 
cedure, three iodide titanium specimens were melted 
in sequence and then checked for increased hard- 
ness. The specimens in the as-cast condition showed 
a relatively large hardness increase over the hard- 
ness of the as-received iodide titanium. The scatter- 
ing on these readings was large. However, after the 
specimens had been homogenized at 840°C for 2 hr 
and slowly cooled, the measured increase in hard- 
ness over the as-received titanium was small with 
a corresponding decrease in scatter. 

The reason for this hardness change is that in heat 
treating these specimens below the transformation 
temperature (885°C) there was a conversion from 
the as-cast structure to the more nearly equilibrium 
structure of the annealed specimen. 

The alloys were analyzed for chromium content 
and although the actual percentage was invariably 
low the deviation from the nominal composition 
never exceeded 0.6 pct Cr. 
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Fig. 2—Diagram of low chromium end of the Ti-Cr 
system. 


Specimens being prepared for metallographic 
examination were first subjected to two separate 
treatments: a homogenizing and a final heat treat- 
ment. The homogenizing period consisted of heating 
the specimens for 4 to 6 hr at 1350°C followed by 
water quenching. The final heat treatment consisted 
of holding specimens for a sufficient time at the 
temperature to be investigated in order to approach 
equilibrium conditions. The time of heating was in- 
creased for the lower solution temperatures to a 
maximum of 670 hr at 600°C. Table I shows the 
temperature-time relationships that were generally 
followed for all heat treatments. Quenching was 
done by immersion in an iced brine solution. 

In all cases where the temperature of the final 
treatment was sufficiently low (below 1000°C) the 
specimens were sealed in Vycor tubes after flushing 
with pre-purified helium and evacuating to min- 
imize contamination. Above 1000°C the specimens 
were heat treated in a Globar heated tube furnace 
using a pre-purified helium atmosphere. 

In preparing specimens for metallographic ex- 
amination the surfaces were first rough ground to 
remove areas of possible contamination. The speci- 
mens were then mounted, ground on belt sanders, 
polished through 000 emery paper, and finally pol- 
ished on cloth wheels. Specimens containing more 
than 70 pct Cr did not react to the standard titanium 
etchants. Therefore, it was necessary to use two 
different etching techniques depending upon the 
composition of the alloy. The two most generally 
used were: 1—For alloys containing 0 to 70 pct Cr; 
5 pet HF + 5 pct HNO, in aqueous solution. 2—For 
alloys containing 70 to 100 pct Cr; 20 pct perchloric 
acid, electrolytic etch. 

Dilatometry, used as a supplementary method of 
investigation, had limited application. This was due 
to the embrittling effect of an intermetallic com- 
pound that caused difficulty in specimen preparation 
for alloys containing more than 20 pct Cr. Dila- 
tometry was successful, however, in establishing 
critical points for the low chromium side of the 
diagram. The resulting dilatometric curves are dis- 
cussed under Experimental Results. 

Evidence obtained during preliminary dilatometer 
runs indicated a much more rapid phase trans- 
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Fig. 3—Proposed constitution diagram of the Ti-Cr system. 


formation during heating than during cooling. Sub- 
sequent investigation revealed the fact that trans- 
formations during cooling were so slow that reliance 
could be placed only on the heating curves repre- 
senting the conversion of the low temperature 
phases to the high temperature phase. This neces- 
sitated long-time (two weeks) heat treatments 
slightly below the eutectoid temperature prior to 
each run to insure the maximum amount of the low 
temperature phases. 

The dilatometer used in this investigation operated 
on the principle of variable induction and was there- 
fore able to achieve a high degree of sensitivity. 

A Schaevitz induction coil was placed around an 
iron core which indicated the dimensional change 
of the specimen through the action of a push-rod. 
This assembly was sealed from the atmosphere and 
purged with prepurified helium. The speed of a 
Variac drive motor was adjusted to the desired 
heating rate by a variable circuit interrupter and 
allowed to run, giving a gradual and constant rate 
of increase of temperature. Any relative motion 
between the iron core and induction coil caused by 
a change in specimen length resulted in an induced 
voltage in the coil. This voltage was then trans- 
lated to dilation and recorded simultaneously with 
temperature. 

X-ray analysis was used extensively for phase 
identification in conjunction with metallography. 
For the majority of this work a Norelco X-ray 
spectrometer unit with a Speedomax recorder was 
used. The exception was the identification of the 
intermetallic compound by a Debye-Scherrer back- 
reflection camera. 

The specimens used in the X-ray spectrometer 
phase of the investigation were the same as those 
used for metallography with, therefore, the identical 
preparation. Specimen preparation for use in the 
Debye-Scherrer camera consisted in grinding the 


Table I. Temperature-Time Relationships for Heat Treatments 


Temperature, °C Time, Hr 
1500 2 
1400 4 
1300 12 
1200 30 
1100 70 
1090 90 

900 170 
800 260 
700 335 
600 670 
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Fig. 462 pct Cr-38 pct Ti alloy homogenized at 1350°C, 
solution treated at 600°C for 672 hr, and quenched. Single- 


phase intermetallic compound. Notice twinning. Aqueous HF 
etch. X500. 


samples to 300 mesh and then forming the powder, 
with the aid of a binder, into thin sticks suitable for 
back-reflection work. 


Experimental Results 

The present diagram, determined by a combina- 
tion of X-ray, metallographic, and dilatometric in- 
vestigations, is shown in Figs. 2 and 3. 

Titanium and chromium form a continuous series 
of solid solutions which, however, exist only over 
the narrow temperature range of 1350° to 1400°C 
for the alloys containing approximately 50 to 70 
pet Cr. The minimum in the solidus occurs at 
approximately 50 pet Cr and 1400°C. 

It was found that a compound existed between 
60 and 65 pet Cr. This would place it near the 
stoichiometric composition of Ti.Cr;. However, a 
Debye-Scherrer diffraction pattern showed the com- 
pound to be face-centered cubic with 24 atoms per 
unit cell and a parameter of 6.91A. This compound 
is shown to be TiCr., which stoichiometrically should 
contain 68.47 pct Cr. This suggests that the com- 
pound, TiCr., is a defect lattice compound and that 
the actual position in the diagram does not corre- 
spond to the ideal stoichiometric composition. Ac- 
cordingly, the actual position of the compound in 
the phase diagram would have to be determined by 
X-ray and metallographic methods. The presence 
of the intermetallic compound Cr.Ti,, as reported by 
Vogel and Wenderott* was not confirmed. 

Fig. 4 shows the single-phase structure found in 
a 62 pet Cr alloy. A Norelco X-ray diffraction pat- 
tern is reproduced in Fig. 5 and shows the charac- 
teristic face-centered cubic lines. A series of hard- 
ness readings taken across the diagram at the 600°C 
level, Fig. 6, shows a peak hardness in the vicinity 
of the compound composition. Microhardness read- 
ings were taken in the two-phase regions on each 
side of the compound. These readings were con- 
sistent, the hardness varying from 900 to 1000 
Knoop for the compound and from 400 to 600 for 
the softer matrix. 

The intermetallic compound is characterized by 
extreme brittleness and twinning. This twinning be- 
comes quite evident when islands of the compound 
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are embedded in the 8 matrix as shown in Fig. 7. 
The compound forms during cooling from the Ti-Cr 
solid solution. This transformation occurs at 1350°C. 
Fig. 3 shows the narrow temperature over which the 
solid solution exists in this area. 

Figs. 8 and 9 illustrate the transformation of the 
compound into the solid solution. Both of these 
micrographs are of specimens containing 65 pct Cr. 
The different structures are obtained by decreasing 
the solution temperature from 1400°C (Fig. 8) to 
1300°C (Fig. 9). X-ray analysis confirms this trans- 
formation. 

As a further check on the presence of the con- 
tinuous solid solution, lattice parameter measure- 
ments were made across the diagram on samples 
solution treated at 1400°C. These values were plotted 
against composition and the resulting curve is shown 
in Fig. 10. The theoretical linear relationship be- 
tween composition and lattice constants (Vegard’s 
law) is shown by a broken line, while the experi- 
mental points are connected by a solid line. It will 
be noted that in the vicinity of the solidus minimum 
(40 to 60 pet Cr) there is a positive deviation from 
Vegard’s law, while in the approximate vicinity of 
the compound (65 to 75 pct) the deviation is nega- 
tive. These results are predicted by theory and are 
in accordance with previous empirical data. 

Having established the existence of a continuous 
series of solid solutions in the Ti-Cr system, it is 
interesting to note the general relationships between 
the titanium and the chromium atoms with respect 
to their tendency towards mutual solubility. 

First of all, the titanium and the chromium atoms 
meet the requirement of having the same atomic 
structure (body-centered cubic) at the temperature 
at which they become completely soluble. 

Second, the titanium and the chromium atoms fall 
within the favorable range of atomic size difference 
as empirically set forth by Hume-Rothery. The per- 
centage of difference in size between the hexagonal 
close-packed titanium atom (coordination No. 12) 
and the body-centered cubic chromium atom (co- 
ordination No. 8) is 14 pct. As the titanium atoms 
change from the hexagonal close-packed arrange- 
ment to the body-centered cubic arrangement (co- 
ordination No. 8) there is an apparent decrease in 
atomic diameter of 3 pct. This transition decreases 
the atomic size differences to 13 pet at the same time 
increasing the probability of complete solubility. 
The coefficients of thermal expansion were neglected 
because of the relatively small effect on the atomic 
sizes. 

Finally, since both titanium and chromium are 
transitional elements and close together in the Peri- 
odic Table, the difference in electronegativity be- 
tween the two is small. This reduced “chemical- 
affinity effect” favors an extended solid solution. 

As mentioned in Experimental Procedure, sponge 
titanium and electrolytic chromium were used for 
the initial determination of the system. Subsequent 
to this, iodide titanium and high purity chromium 
were used to refine specific points on the low chro- 
mium side of the diagram. These results, obtained 
by using high purity alloys, are the ones presented 
below. 

At the low chromium side of the diagram, an ex- 
tended single-phase 8 region was found to decom- 
pose by a eutectoid reaction into an a phase and the 
intermetallic phase TiCr.. A microstructure of this 
single phase region: is shown in Fig. 11. Fig. 12 
shows the two-phase a + TiCr. structure resulting 
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Fig. 5—X-ray diffraction pattern of TiCr, phase. 62 pct Cr-38 
pct Ti alloy heat treated at 600°C, and quenched. The reflect- 
ing planes and the corresponding angles (20) at which they occur 
are: (311) at 42.5°, (222) at 44.6°, (333) at 69.6°, and (440) 
at 77.0°. An unidentified line occurs at 39.0°. 


Fig. 7—40 pct Cr-60 pct Ti alloy homogenized at 1350°C, 
solution treated at 900°C for 168 hr, and quenched. 8 
matrix plus intermetallic compound. Notice twinning. 
Aqueous HF etch. X500. 


Fig. 9—65 pct Cr-35 pct Ti alloy homogenized and solution 
treated at 1300°C, and quenched. Nearly single-phase inter- 


metallic compound. Aqueous HF etch. X100. 
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Fig. 6—Plot of hardness ys. percentage of chromium. 
All specimens were homogenized at 1350°C for 
4 to 6 hr, heat treated at 600°C, and quenched. 


Fig. 8—65 pct Cr-35 pct Ti alloy homogenized and solution 
treated at 1400°C and quenched. Rapid quench retained 8 
phase. Aqueous HF etch. X100. 
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Fig. 10—Curve of lattice parameter ys. atomic per- 
centage of chromium. Specimens solution treated at 
1400°C and quenched. 
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Fig. 11—20 pct Cr-80 pct Ti alloy homogenized at 1350°C, 
solution treated at 1100°C for 50 hr, and quenched. Single 
phase 8 grains. Aqueous HF etch. X500. 


from the eutectoid reaction. The light areas are pri- 
mary TiCr,.. The eutectoid point occurs at 15 pct Cr 
and 670°C. This temperature was determined from 
the dilatometer curves shown in Fig. 13. 

The dominating influence on the shape of these 
curves is the total or partial disappearance of the 
compound (TiCr.) as the eutectoid temperature is 
reached. Qualitatively, the contraction at this tem- 
perature is due to the fact that a large and complex 
structure (TiCr.) is being replaced by a more com- 
pact structure (8). However, the amount of contrac- 
tion is dependent upon the position of the alloy with 
respect to the compound. 

It would be expected that the 5 pct Cr alloy would 
show only a slight contraction because of the small 
amount of compound in equilibrium slightly below 
the eutectoid temperature. This is confirmed in 
curve A. The expected increase in the contraction for 
the 10 pet Cr alloy is shown in curve B. At the eutec- 
toid point the maximum amount of the compound 
disappears and this shows up in curve C as a max- 
imum contraction. As the 20 pct Cr alloy passes 
through the eutectoid temperature, a certain amount 
of the compound (as determined by the lever law 
in the a + TiCr, region) remains in equilibrium with 
the £ phase. This retention of some of the compound 
decreases the amount of contraction as compared to 
the contraction of the 15 pct Cr alloy. As the alloy 
progresses upward through the two-phase (8 + 
TiCr.) field the gradual disappearance of the com- 
pound shows up as a corresponding relative con- 
traction. When the alloy enters the single-phase (£) 
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Fig. 13—Dilatometer curves for alloys containing 5, 10, 15, and 
20 pct Cr. Increments along the abscissa represent expansions of 
5x10~° in. Heating rate was 1°C per min. 
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Fig. 12—20 pct Cr-80 pct Ti alloy homogenized at 1350°C, 
slow cooled to 600°C, held at 600°C for 672 hr, and 
quenched. Two phase (a -++ TiCr,) matrix plus inter- 
metallic compound. The fine grained matrix is unresolyable 
at X1000. Aqueous HF etch. X100. 


region, the relative contraction is completed and the 
normal expansion is resumed. These effects are 
shown in curve D. 

The transformation point of titanium (885°C) is 
depressed to the eutectoid point by the addition of 
chromium. 

The solubility of chromium in ea titanium at the 
eutectoid temperature (670°C) was placed at 0.5 pet. 
This is the limiting percentage at which the single- 
phase field exists. Beyond this point a second phase 
identified (by X-ray) as the body-centered cubic 
B phase is present. Table II summarizes the data for 
this determination. Specimens were heat treated at 
680°C for 300 hr and quenched. 


Table Il. Determination of Chromium Solubility in Titanium 
at 670°C 
Chromium, Pct Chromium, Pct Structure 
(Nominal) (Actual) (by X-ray) 
0.2 0.18 a 
0.4 0.42 a 
0.6 0.56 a+ sp 
0.8 0.60 a+B 
1.0 0.91 a+ B 


Alloys containing 10 pct Cr or less exhibit an 
acicular martensitic structure when quenched from 
elevated temperatures as shown in Fig. 14. The hard- 
ness curve previously referred to, Fig. 6, shows a 
maximum hardness occurring near 10 pct Cr. This is 
caused by the formation of the supersaturated a tita- 
nium. The reason for the presence of this hardness 
peak after heat treating below the eutectoid is that 
the time of heat treatment was not sufficient to allow 
the supersaturated a titanium to reach equilibrium. 

It was found that specimens near the eutectoid 
composition show a striking Widmanstatten struc- 
ture when in the as-cast condition. This structure 
was not observed when the alloys were more than 
a few percentage points of chromium from the eutec- 
toid composition. This Widmanstatten structure oc- 
curs primarily within the grains with litttle or no 
evidence of it near the grain boundaries. This is 
illustrated in Fig. 15 which shows a section of the 
specimen particularly abundant in “needles” which 
actually occur less frequently throughout a repre- 
sentative area. Identification of the Widmanstitten 
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Fig. 14—5 pct Cr-95 pct Ti alloy homogenized at 1350°C, 


solution treated at 1000°C for 90 hr, and quenched. B 
grains plus martensite. Aqueous HF etch. X100. 


structure by X-ray was unsuccessful. 

As the chromium content increases, the effect due 
to the oxygen that is invariably found in commercial 
electrolytic chromium also increases. Above about 
70 pet Cr the oxygen appears as a spheroidal pre- 
cipitate as shown in Fig. 16. In order to determine 
the structure of this precipitate, electrolytic separa- 
tion was employed and an X-ray pattern taken of 
the residue. This pattern showed the precipitate to 
be titanium monoxide, TiO. The appearance of the 
titanium monoxide was such that it was not readily 
distinguishable from the legitimate binary phases. 
Consequently, during the early part of the research 
program some difficulty was encountered in trying 
to interpret the structures in this region. 

Because of this difficulty of interpretation, it was 
decided to supplement metallographic investigation 
with X-ray investigation to a greater degree than 
had been previously done. From evidence based 
largely on this X-ray investigation it was found that 
the solubility of titanium in chromium decreased 
slowly with decreasing temperature. At 600°C the 
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Fig. 16—90 pct Cr-10 pct Ti alloy homogenized at 1350°C, 
solution treated at 1200°C for 18 hr, and quenched. Matrix 


of chromium termina! solid solution plus islands of titanium 
oxide. Electrolytic phosphoric acid etch. X500. 
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Fig. 15—14 pct Cr-86 pct Ti alloy as-cast. 8 matrix 
plus Widmanstatten structure. Aqueous HF etch. X500. 


solubility of titanium in chromium appeared to be 
in the neighborhood of 15 pet Ti. 

Sufficient solidus points were determined to per- 
mit an approximate drawing of the solidus curve. 
Specimens to be investigated were placed in indi- 
vidual tantalum cups and heated in a purified helium 
atmosphere for about 30 min. They were then 
quenched and checked for evidence of melting. 


Conclusions 

The investigation of the Ti-Cr system has resulted 
in the following conclusions: 

1—A continuous series of solid solutions of the 
body-centered cubic structure exists between tita- 
nium and chromium. At either end of the system 
this solid solution is present throughout a large tem- 
perature range, while near the middle of the system 
this temperature range narrows to approximately 

2—The minimum of the solidus is near 50 pet Cr 
and 1400°C. 

3—An intermetallic compound (TiCr.) exists be- 
tween 60 and 65 pct Cr and forms during cooling 
from the solid solution at 1350°C. This compound 
has a face-centered cubic structure with 24 atoms 
per cell and a lattice constant of 6.91A. 

4—At the low chromium side of the system the 
solid solution decomposes by a eutectoid reaction at 
15 pet Cr and 670°C. The solubility of chromium in 
a titanium is 0.5 pct at the eutectoid temperature. 

5—At the high chromium side of the system the 
solubility of titanium in chromium is about 15 pct 
at 600°C. 

6—Alloys containing 10 pct Cr or less exhibit a 
martensitic structure when quenched from the 
single-phase 8 region. 

7-—The eutectoid reaction is extremely slow, while 
the transformation of the eutectoid products to the 
solid solution during heating proceeds rapidly. 
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Scaling of Lead in Air 


by Elmer Weber and W. M. Baldwin, Jr. 


Solid lead obeys a single parabolic weight increase ys. time law. 
In contrast, liquid lead undergoes three successive parabolic weight 
increases ys. time laws, the first of which has a low constant rela- 
tive to the latter two. The conversion times for the change from one 

parabola to the next decrease with increasing temperature. 


N recent reports on the subject,” ’ it was noted that 
zirconium and titanium scale in air by a complex 
mechanism. The scale first forming on the metal is 
protective to the extent that it gives a low constant, 
K, for Tammann’s, and Pilling and Bedworth’s para- 

bolic equation: 
[1] 


relating weight increase, w, due to chemical reaction 
of the metal with the air, and time, t. After hun- 
dreds of hours of apparent stability in some cases 
the first scale yields to another that offers little pro- 
tection to the metal. This transition from one scale 
to another, from a slow parabolic oxidation reaction 
to a fast one, was not due to impurities in the atmos- 
phere or incidental effects (changing environment, 
etc.) but was a specific behavior of the metal itself, 
the transition occurring at definite times (dependent 
on temperature) and showing other reproducible 
traits. 

In view of this behavior how can long-time serv- 
ice behavior be predicted from short-time labora- 
tory tests, not only in the case of these metals, but 
in any case? Certainly a systematic study of the 
type of scaling behavior described above—wherever 
it is found—would help to answer this question. 
The present paper is a report on the behavior as it 
is found in lead—the only metal to the authors’ 
knowledge for which the behavior has been de- 
scribed at all, if inadequately, for our present pur- 
poses.** 


*In alloys, a succession of parabolas with different constants has 
been reported by Horn,* but this behavior may involve mechanisms 
involving competitive diffusion of two metals, one metal exceeding 
its saturation limit in the oxide of the other metal, or other mech- 
anisms not involved in the scaling of a single metal. There are 
numerous records of films which change with time (cf. refs. 5 and 6 
for example) but the conditions involving their formation and the 
resulting weight increase vs. time relationships which they effect 
are different from those involved in scales (cf. ref. 7). 


At least four oxides of lead are known, of which 
one occurs in two allotropic forms. They are 8 (red) 
tetragonal PbO stable up to 486°C;° a (yellow) 
orthorhombic PbO stable from 486°C up to its dis- 
sociation temperature in air at about 2300°C;? minium 
or Pb.O, which from the dissociation pressure data 
given in Fig. 1 decomposes to PbO at 540°C in air; 
lead sesquioxide or Pb.O;; and lead dioxide or PbO, 
which, according to Fig. 1, decomposes in air at 400°C 
to minium. In view of the high dissociation tempera- 
ture of PbO, lead will scale up to at least its boiling 
point. Further, it is known that oxygen is almost 
insoluble in liquid lead.” This implies a fair prob- 
ability that an oxide scale would not dissolve in the 
molten metal and would afford the same protection 
to lead in the liquid state as in the solid. 
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Fig. 1—Dissociation pressure of various lead oxides as a 
function of temperature. 


All of the oxides of lead for which specific gravity 
data are available are more voluminous than an 
equivalent weight of metal or a lower oxide from 
which they might form, hence the scales will be in 
compression. Lead oxides are known to be ductile, 
so it would be anticipated that they would form 
coherent nonporous scales. It is not surprising to 
learn, then, that both solid and liquid lead scale 
according to the Tammann, and Pilling and Bed- 
worth law.” (Gruhl states that at 600°C and above 
lead oxidizes linearly with time because of “‘spitting”’ 
of the scale.) The parabolic constants K reported by 
various investigators” ““* are badly scattered, how- 
ever, as shown in Fig. 2. 

The oxides formed on solid lead were described 
as being reddish-brown but were not chemically 
identified by Pilling and Bedworth.” Gruhl’s descrip- 
tion® of the appearance of the scales on his liquid 
samples indicates that a (yellow orthorhombic) PbO 
is formed initially on the specimens but gives way 
eventually—at-least at temperatures below 486°C— 
to 6 (red tetragonal) PbO, and that below 540°C 
minium—Pb,O,—is formed at an even later time as 
an overlay on either the red or yellow PbO. Fig. 3 
is a graphical interpretation of Gruhl’s description. 
Gruhl does not indicate any change in the parabolic 
scaling rate as yellow PbO converts to red. He does 
indicate that minium reduces the scaling rate, al- 
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Fig. 2—Scaling constants of lead heated in air. 


though he gives no curves to show the details of this 
change. The three points in Fig. 2, at 475°, 500°, and 
525°C, which form a jog at a lower level from the 
balance of Gruhl’s curve, are the parabolic scaling 
constants as set by minium; the balance of the points 
are set by PbO. : 
Material and Procedure 

Corroding lead was supplied to a lot analysis of 
Ag 0.0004 pet, Cu 0.0003 pct, Bi 0.005 pct, Zn 0.0002 
pet, Fe 0.0002 pet, combined As, Sb, Sn, 0.0001 pct, 
Cd 0.0001 pct, Co plus Ni 0.0001 pct. Spectrographic 
analysis of the lead indicated that the metal in hand 
did not depart from this analysis in any significant 
way. It was important to use high purity lead for 
the present study in view of the pronounced effect 
of some impurities (notably cadmium in amounts 
as low as 0.01 pct) on the scaling behavior of lead.’ 

The scaling reaction was studied over a tempera- 
ture range of 250° to 800°C, covering both solid and 
liquid lead. (The melting point for lead is 327°C.) 
In the case of solid lead where scaling rates are low, 
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Fig. 4—Isothermal weight increase ys. time data for solid lead. 
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Fig. 3—Graphical interpretation of Gruhl’s® description of 
the oxides formed on lead. 


thin sheet samples with a very large surface area 
(approximately 200 sq cm) were used. Samples of 
this shape yielded high weight increases which gave 
more accurate results for the least total weight 
(which permitted use of chemical balances with 
sensitivity to 0.0001 g). The samples were pickled 
in acetic acid and washed in alcohol prior to scaling. 
Fifteen specimens were scaled isothermally, indi- 
vidual samples being withdrawn at various times for 
weighing. Temperatures were controlled to within 

In the case of liquid lead, the advantage of a large 
surface area had to be forfeited because of several 
experimental difficulties. Lead was cast into stain- 
less steel cupst having a nominal %4 in. ID (the area 


} Extrapolation of data by McCullough, Fontana, and Beck17 
shows that 1 part in 10,000 of the weight increase during the scaling 
runs was due to the cup. Admittedly this is not an accurate figure, 
but because it is so low, it is considered negligible. 


of lead exposed to the air was 2.89 sq cm). The ex- 
posed surface was machined, polished, pickled, and 
washed. The cup was then hung in a vertical tube 
furnace from one arm of a chemical balance (sensi- 
tivity of 0.0001 g). Continuous weight measure- 
ments were made on the sample. Temperatures were 
controlled to within +2°C. In none of the experi- 
ments was any control over the CO, concentration 
or humidity of the air exercised. 

X-ray analysis of the scales was carried out on 
a General Electric XRD-3 unit with a spectrogonio- 
meter head. The scales were irradiated in situ and 
as air cooled to room temperature. 


Results and Discussion 
In Figs. 4 through 7, the weight increase vs. time 
isotherms are plotted on a log-log scale. A straight 
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Fig. 5—Isothermal weight increase ys. time data for liquid lead. 
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Fig. 6—!sothermal weight increase ys. time data for liquid lead. 


line with a slope of one-half would indicate a Tam- 
mann, and Pilling and Bedworth law of the form: 


= Kt 


A Tammann, and Pilling and Bedworth law of the 


form: 
= K (t +a) [2] 


would not plot out to such a straight line, however. 
The pertinence of these remarks will become ap- 
parent later in this discussion. 

It is seen that all of the curves do possess some 
segment consisting of a straight line with a slope of 
one-half. On the other hand, the overall sigmoidal 
shape of some of these isotherms indicates that lead 
scales according to some compound law at some tem- 
peratures, and a replot of the 500°C isotherm in 


Fig. 8 using w® and t coordinates shows this com- 


pound behavior to consist of a succession of—in this 
particular case—three parabolic weight increase vs. 
time relationships. 

The second two parabolic branches of the curve 
are of the form of eq 2, of course, rather than of the 
form of eq 1 and in this instance the constant a rep- 
resents the intersection of the straight line with the 
time axis in Fig. 8. The termination of these succes- 
sive parabolic laws are represented by the arrows 
in Fig. 6. 

This compound behavior did not occur at all tem- 
peratures. As Fig. 4 shows, solid lead gave only a 
single parabola. Liquid lead in the temperature 
range just above the melting point of lead and up 
to about 400°C, within the time range studied, gave 
only a single parabola with a relatively low para- 
bolic constant K (Fig. 5), but liquid lead at 450°C 
and above gave successive parabolas in the time 
range studied (Figs. 5 to 7). At temperatures above 
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Fig. 7—Isothermal weight increase ys. time data for liquid lead. 


600°C the first parabola, if it occurred, did so at 
much shorter times than were, or could be, experi- 
mentally determined (Figs. 6 and 7). At 800°C spit- 
ting and puffing of the scale caused the whole 
scaling mechanism to degenerate to a linear weight 
increase vs. time law (Fig. 7). 

The transition in weight increase vs. time curve 
from one parabola to the next is fairly abrupt. The 
times at which the weight increase leaves the first 
and second parabolas as determined from the in- 
flection in straight lines in plots similar to Fig. 8, 
have been plotted as a function of temperature in 
Fig. 9, where despite considerable scatter, it is seen 
the times are shorter the higher the scaling tem- 
perature. 

The appearance of the scale formed on all the 
samples of solid lead was, as Pilling and Bedworth 
reported, reddish-brown. Fig. 10 is a copy of the 
diffraction pattern made of the scale formed at 299°C 
in 95 hr together with the diffraction lines com- 
puted from ASTM-Hanawalt cards for lead and its 
oxides (using Co-radiation). All of the lines can be 
accounted for by B-PbO except two which are due 
to the underlying lead. 

The scale formed on liquid lead during the tenure 
of the first parabola was a sooty black (after the 
temper colors had been passed). A copy of the X-ray 
diffraction pattern of the oxide formed after 38 hr 
at 450°C is given in Fig. 11 together with the dif- 
fraction lines given on ASTM-Hanawalt cards for 
lead and its oxides. It is obvious that no clear-cut 
interpretation of the pattern is possible. The first 
and most important line of minium is present (as 
are several of the others for minium) but several 
lines of minium are absent (which can be accounted 
for by lack of sensitivity of technique or by a pre- 


Fig. 8—Square of the weight in- 


crease of lead heated te 500°C in 
air as a function of time. Inset is 
a graph with an expanded weight 


increase scale showing relationship 
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ferred orientation of the scale). In addition, there 
are several lines beyond those required by minium. 
This is more serious: it is possible that the Hanawalt 
card is based on insensitive data, but it is also prob- 
able that other phases are present beyond minium. 
Indeed all of the lines found could be rationalized 
on the basis of a mixture of minium, lead, and 
a-PbO (however it must be remembered that mix- 
tures of phases frequently shift line positions 
slightly) but this is uncertain proof. The safest in- 
terpretation of the pattern is to say that the scale is 
probably an impure minium. 

Diffraction patterns of the scales existing during 
the second parabola are not clear cut either, but 
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Fig. 11—X-ray diffraction lines observed from scale formed 
on liquid lead after 38 hr in air at 450°C (Cu target) com- 
pared with ASTM standards for lead and its several oxides. 
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Fig. 10—X-ray diffraction lines observed from scale formed 
on solid lead after 95 hr in air at 299°C (Co target) com- 
pared with ASTM standards for lead and its several oxides. 


their interpretation is somewhat easier. Minium lines 
are again found even in scales formed above 540°C, 
the dissociation temperature of Pb,O, This is seen 
in Fig. 12, which is a sketch of the diffraction lines 
of a scale formed at 575°C in 1.2 hr. In addition to 
minium, a definite pattern of red or yellow PbO 
appears depending upon whether the sample was 
scaled below or above 486°C, the equilibrium tem- 
perature for red and yellow PbO, respectively. 

Diffraction patterns of the scales existing during 
the third parabola show no minium lines. Scales 
formed below 486°C give only red PbO lines; scales 
formed above 486°C give yellow PbO predominantly, 
see Fig. 13, with some red PbO lines. The latter can 
be due to the dissociation of yellow PbO on cooling 
to room temperature. 

Fig. 14 is a photograph of the surface of the scale 
just after transition of minium to yellow PbO has 
commenced at 575°C. The “eye” of yellow PbO is 
growing from only one nucleus apparently. With 
such a relatively low nucleation rate, it is no wonder 
that there is a statistical scatter in the inflection 
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Fig. 12—Diffraction lines from scale formed on liquid lead 
heated 1.2 hr at 575°C compared with diffraction lines of 
ASTM cards for lead and its oxides. 
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Fig. 13—X-ray diffraction lines observed from scales formed 
on liquid lead after scaling according to third parabola set 
compared with ASTM standards for lead and its several oxides. 


times. Thus the transition in lead occurs as in the 
case of titanium’ with few nuclei of the second scale 
and a large scatter in inflection times, rather than 
in the manner of zirconium* which has many nuclei 
of the second scale and a small scatter in inflection 
times. 

The growth of the second scale from a single 
nucleus would, unless other factors came into play, 
lead to a single crystal of scale. Bircumshaw and 
Preston® report that the scales they found on molten 
lead were highly oriented and appeared to be a 
single crystal. In the present case the scale crinkled 
and buckled because of the shrinkage of the lead 
during freezing and any evidence of the scale’s be- 
ing a single crystal (if such originally existed) was 
destroyed. 

An Arrhenius plot of the different constants, K, 
for the parabolic equations with temperature is 
given in Fig. 15. The data for solid lead agree rea- 
sonably well with Pilling and Bedworth’s point. 
The data for the third parabola on liquid lead agree 
reasonably well with Krupkowski and Balicki’s data, 
which is understandable for their data are plotted 
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Fig. 15 (right) — Scaling con- 
stants of lead heated in air. 
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in such a way as to be insensitive to the earlier 
parabolas. 

Gruhl’s data are of the same order of magnitude 
as the present data but form no overall coherent 
pattern with the present data. Furthermore, it 
should be remembered that Gruhl finds that minium 
forms after PbO and reduces the scaling rate. In 
the present data, it is found that a low scaling rate 
occurs first (although this does involve minium) 
and that this rate is then supplanted by a faster 
scaling rate. 

Conclusions 

Solid lead scales according to a single Pilling and 
Bedworth parabolic weight increase vs. time rela- 
tionship, the scale being red PbO. 

Liquid lead scales according to three successive 
parabolic relationships, the time of transition from 
one to the next becoming shorter with increasing 
temperature. The first parabola has a low constant. 
The scale formed during this era is so thin as to 
make X-ray identification difficult, but it does yield 
minium diffraction lines, as well as others. The 
second parabola has a much higher constant. Diffrac- 
tion patterns made on scales formed during this in- 
terval reveal minium and red, or yellow and red, 
PbO depending upon whether the scaling tempera- 
ture is below or above 486°C (the equilibrium tem- 
perature of red and yellow PbO) respectively. The 
third parabola has a constant only slightly smaller 
than that of the second. Scales occurring during this 
parabolic period appear to be either red PbO, if 
formed below 486°C, or yellow and red PbO if 
formed above. The presence of red PbO in scales 
formed above 486°C can be attributed to the trans- 
formation of yellow PbO during cooling to room 
temperature. 
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Technical Note 


Self-Diffusion in Alpha Iron Under Uniaxial Compressive Stress 


by F. S. Buffington and Morris Cohen 


“| es is little quantitative information avail- 
able concerning the effect of applied stress, in 
both the elastic and plastic ranges, on diffusion 
kinetics. Accordingly, a program has been under- 
taken to determine the rate of self-diffusion in high 
purity iron, with the specimens subjected to stress 
during the course of diffusion. Results are reported 
here for body-centered cubic iron at a diffusion 
temperature of 890°C. 

The iron used was 99.97 pct Fe, the principal im- 
purities being 0.002 pct C, 0.008 pct O, and 0.02 pct 
Si. The surface-decrease method of self-diffusion 
analysis was employed, and Fe” (Mn x-radiation, 
2.9 years half-life) was the tracer element. Details 
of specimen preparation and equipment are given 
elsewhere.’ Disks of the high purity iron, % in. 
diam x 4 in. thick, were annealed at 890°C for 18 
hr in dry hydrogen to produce large grains of a 
ferrite. The faces of the disks were then surface 
ground, and possible grinding stresses were relieved 
by annealing at 890°C for 45 min in vacuum. A 
layer of radioactive iron 0.00186 cm thick was elec- 
troplated on one face of each disk. The self-diffusion 
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coefficient was calculated from the ratio of the radi- 
ation intensities emanating from each of these faces, 
as measured before and after diffusion.’ The heating 
was carried out in a vacuum furnace (10° mm Hg) 
controlled to +1.5°C. 

The specimens were loaded in compression be- 
tween two quartz disks during the diffusion runs by 
means of a lever system operating through a vacuum 
seal. Thus one quartz disk was pressed directly 
against the radioactive face of the specimen, mini- 
mizing the vapor loss of radioactive iron. Steady- 
state creep occurred in all instances where perma- 
nent deformation could be detected, but the speci- 
mens did not exhibit appreciable transverse barrel- 
ing until natural strains of 0.2 to 0.3 were attained. 
Essentially, the diffusion took place under uniaxial 
stress. The plastic strain in each case was obtained 
at the diffusion zone by measuring the diameter 


there before and after the run: « = 2 1n -. 

Let D, equal the self-diffusion coefficient which 
would have prevailed at the given temperature if no 
stress had been applied. This was calculated from 
the temperature-dependence equation which had 
been previously determined: 


—59,800 


sq cm per sec* [1 
RT ) sq p [1] 


D;, = 6.2.exp ( 


* This equation differs from the results of Birchenall and Mehl; ®) 
ef. discussion of their paper. 
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Fig. 1—Effect of strain rate under uniaxial compression on 
self-diffusion rate in body-centered cubic iron at 890°C. 
D, = diffusion coefficient under stress. D, = diffusion 
coefficient unstressed. 


Also, let D, denote the self-diffusion coefficient 
found in a run under stress. The ratio of D, to D, 
was chosen as a suitable parameter for indicating the 
alteration in diffusion rate due to the application of 
stress, since this ratio corrects for the fact that all 
runs were not conducted at exactly the same tem- 
perature. 

Under these experimental conditions, three sources 
of error in D, existed: 1—loss of radioactive iron by 
volatilization, 2—interdiffusion between the quartz 
and the specimen, and 3—change in cross-sectional 
area as the specimen deformed. Each of these 
factors would tend to produce an apparently high 
diffusivity; however, the systematic error from these 
sources was found to be only +20 pct, which was 
sufficiently small to permit accurate correction as 
shown below. The radioactivity of the quartz disks 
- after the runs was negligible, unless cavities hap- 
pened to exist in the quartz surface. 

Another potential variable to be considered was 
the magnitude of grain-boundary diffusion vs. vol- 
ume diffusion, but this effect was minor at the tem- 
perature employed. In addition, the grain size was 
very large (1/16 to 3/8 in. diam), and there was no 
noticeable change in grain size as a result of the 
deformation. 

The applied stress had no observable influence on 
the diffusivity unless plastic strain occurred. Yet 


8 


the ratio was not a direct function of the strain. 


u 


For example, in a series of four specimens, four dif- 
ferent loads were used to give the same strain (« = 


D, 
0.27) in different lengths of diffusion time; and —— 


u 


varied from 4.1 to 17.0. When ot was plotted 


against the strain rate, as shown in Fig. 1, a linear 
correlation was found to exist. The dotted line 
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through the data in Fig. 1 extrapolates to a value 


= 1.2 at zero strain. This corresponds to the 
systematic error of +20 pct mentioned previously, 
and is verified by the four determinations made 
without applied load, but with the specimens in 
contact with the quartz disks. The indications are 


& 


that the true variation of is represented by the 


solid line of Fig. 1, conforming to the equation: 


D, 


[2] 


where é is the natural strain rate in hour™. 

The logarithm of the strain rate was approxi- 
mately proportional to the applied stress, obeying 
the equation: 


é = 0.0028 exp (0.0032 «) [3] 


where o = average stress in lb per sq in. during the 
run. Combining eqs 2 and 3: 


D, 


= 0.14 exp (0.0032 «) [4] 


Seitz’ has postulated that edge dislocations serve 
as sources and sinks for vacancies, with a constant 
number of vacancies existing at a given temperature 
under equilibrium conditions. When dislocations 
move during plastic deformation, they may generate 
an excess concentration of vacancies, but this con- 
centration tends to revert to the equilibrium value. 
If a given strain is attained over a relatively long 
interval of time (low strain rate), the concentration 
of vacancies remains substantially at the equilibrium 
level, but with higher strain rates, larger degrees of 
“supersaturation” can be maintained during the 
deformation process. If the vacancy mechanism of 
diffusion is operative, the increased number of va- 
cancies should cause an increase in the diffusion 
rate. Hence, the fact that the diffusivity is propor- 
tional to the strain rate, rather than to the strain 
itself, is consistent with the vacancy mechanism of 
diffusion. 

A similar argument may be presented for the 
interstitial (Fraenkel defect) mechanism of diffu- 
sion. The results do not seem to distinguish between 
these two alternatives. On the other hand, if the 
direct interchange or ring mechanisms were opera- 
tive in a major way, atomic movements should be 
facilitated by plastic strain per se. Thus, the ratio 


D, 
— would depend primarily on the extent of strain 


u 


rather than on the rate of strain, contrary to the 
findings reported here. 

Additional runs are in progress to determine the 
effect of applied stress on the frequency factor and 
activation energy. The problem is complicated by 
the fact that in runs which have been conducted at 
780°C, steady-state creep is not obtained under the 
described test conditions, and a decrease in grain 
size results from the deformation. 
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Segregation of Two Solutes, With Particular 


Reference to Semiconductors 


by W. G. Pfann 


The simultaneous segregation of two solutes during the direc- 
tional solidification of an ingot is treated mathematically on the 
basis of simplifying assumptions. Expressions are derived for the 
difference in concentration of two solutes, and for the location and 
concentration gradient of a pn barrier formed in a semiconductor 

by the segregation of a donor and an acceptor. 


HE problem of normal segregation of a single 
solute during the freezing of an alloy has been 
treated mathematically by a number of investi- 
gators. Gulliver’ showed that coring increases the 
quantity of eutectic above that to be expected at 
equilibrium, for a system having limited solid solu- 
bility and, on the basis of simplifying assumptions, 
calculated the fraction of eutectic to be expected. 
Scheuer*® expressed composition of solid solution in 
terms of a distribution coefficient and the fraction 
solidified and compared experiment with calcula- 
tion for the systems Al-Cu, Al-Zn, Cu-Sn, Cu-Zn. 
Hayes and Chipman,’ in a detailed study of segrega- 
tion in a low carbon, rimming steel ingot, calcu- 
lated distribution coefficients for a number of solutes 
in iron, compared calculated and experimental seg- 
regation curves, and discussed the effects of process 
variables such as rate of solidification and stirring. 
In the present paper a mathematical analysis is 
made of the simultaneous segregation of two solutes 
during the orderly freezing of a solid solution sys- 
tem, with particular emphasis on the difference in 
solute concentrations. Although the analysis is 
quite general and can be applied to the segregation 
of minor elements in alloys, it is directed in par- 
ticular at the solidification of a semiconductor con- 
taining a donor and an acceptor. 

Normal segregation has unique aspects in a semi- 
conductor, because of the ways in which donors and 
acceptors affect the electrical properties. The dif- 
ference between two solute concentrations becomes 
of importance, as does also the gradient of the dif- 
ference where the difference goes through zero, this 
being the concentration gradient of excess carriers 
at a pn barrier. A primary object of this paper is 
to extend the mathematical treatment of segrega- 
tion to include these newer aspects which are of 
particular significance for semiconductors. 

One property of interest is the electrical conduc- 
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tivity, which arises from the presence of donors or 
acceptors in solid solution. The conductivity may be 
either n-type or p-type depending on whether 
donors or acceptors, respectively, are in atomic ex- 
cess. For both germanium and silicon, elements of 
Group V of the Periodic System, such as P, As, and 
Sb, are donors and elements of Group III, as B, Al, 
In, and Ga, are acceptors.*” 

If a donor or acceptor is present alone in solid 
solution, the conductivity is proportional to its con- 
centration.* If both a donor and an acceptor are 


* Assuming the mobility to be constant over the range of concen- 
trations involved. Discussions of electrical conductivity in a semi- 
conductor appear in refs. 4 to 6 


present, then the conductivity is proportional to the 
difference in their atomic concentrations. If the 
donor and acceptor segregate at different rates then 
a pn barrier in certain circumstances may form at 
some point in the ingot. Accordingly, equations are 
derived and illustrated which express the effect of 
segregation on: 1—the concentration of a single 
solute with a discussion of the assumptions; 2—the 
difference between two solute concentrations and 
means for minimizing its variation in an ingot; and 
3—the location and concentration gradient of a pn 
barrier. The analysis is applicable to processes in 
which the entire charge is melted and then progres- 
sively frozen from one end. The method in which an 
ingot is solidified in a crucible’ and that in which a 
solidifying rod is pulled from the melt® both fall 
into this category. 


Segregation of One Solute 

If a cylinder of molten alloy is caused to freeze 
slowly from one end, a normal segregation of solutes 
will usually occur, producing a lengthwise concen- 
tration gradient in the ingot. Depending on whether 
a solute raises or lowers the melting point of the 
solvent, it will become concentrated in the first or 
last regions, respectively, to freeze. If it is assumed 
that freezing is such that there is no diffusion of 
solute in the solid, complete diffusion in the liquid, 
and that k, the distribution coefficient, defined as 
the ratio of solute concentration in the just-freezing 
solid to that in the liquid, is constant, then the 


AUGUST 1952, JOURNAL OF METALS—861 


6 
K-14 
C =kCo (1-9) 
=5 
3 FOR ALL CURVES 
2 
AVERAGE 
CONCENTRATION 
1.0 14 0.9 > 
0.8 
0.5 Nes 
< 0.4 
0.3 
w 
6 0.2 \ 
oO 
ive} \ 
0.1 
0.08 
0.06 \ 
0.05 
0.04 
0.03 \ 
0.02 
k=0.01| 
0.01 
0.2 0.6 0.7 0.8 09 


4 

FRACTION SOLIDIFIED, g 
Fig. 1—Solute concentration curves for normal segregation calcu- 
lated from eq 1 for various values of k, the distribution coefficient. 


solute concentration at any location in the solidified 
ingot is given by: 
C = kc, (1-g)** [1] 


where g is the fraction of the original volume which 
has frozen and C, is the initial solute concentration 
in the melt. Eq 1 in the form given here has been 
derived elsewhere’ and has been used in one form 
or another by a number of investigators.” *” 

For the assumptions which have been made, k is 
equal in value to the ratio of solidus to liquidus 
solute concentrations at a given temperature of in- 
terest on the constitutional diagram. If in a given 
process diffusion in the solid is appreciable or diffu- 
sion in the liquid is incomplete then the k which 
would fit eq 1 would be greater for k’s less than 1, 
lesser for k’s greater than 1, than that calculated 
from the phase diagram. In such cases the process 
could be described only approximately by eq 1, be- 
cause the effective k would vary during the freezing 
process. 

Concentration curves representing eq 1 for k’s 
from 0.01 to 5.0 are plotted in Fig. 1. These curves 
show that: 

1—The greater the absolute value of (1-k) the 


Table |. Experimental Values of k, the Distribution Coefficient for 
Solutes in Germanium. All Values Approximate.* 


Element k 
Al 0.07 
Ga 0.12 
Sb 0.007 
As 0.07 
In 0.001 


* Personal communications from H. C. Theuerer, M. Sparks, J, D. 
Struthers, J. A. Burton. 
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greater are the extremes of concentration produced 
by segregation.? 


+ A relationship which has been pointed out by Hayes and Chip- 
man. Qualitative values of (I-k) for solutes in germanium have 
been given by Hall. 

2—For k < 1, lower k corresponds to “faster seg- 
regation.” That is, if the curves for two soljutes are 
compared at the same concentration and the same 
value of g, that having the lower k will have the 
greater slope, dC/dg, at all points. (Since concen- 
tration has been plotted logarithmically the curves 
may be shifted vertically without change in shape 
for purposes of comparison.) For two k’s greater 
than 1, smaller k corresponds to “slower segrega- 
tion,’ with dC/dg being negative. 

3—For k’s ~ 0.1, the concentration increases by a 
factor of about 8 in the first 0.9 of the ingot. The 
increase is relatively insensitive to the value of k 
for values in the range from about 0.01 to 0.2, which 
is the magnitude of k for solutes of interest in ger- 
manium, see Table I. 

It should be noted that the assumption of complete 
diffusion in the liquid implies that the advancing 
solid-liquid interface is fairly smooth, for it is essen- 
tial that no entrapment of liquid occurs, as for ex- 
ample in the interstices of dendrites or between 
grains originating from separate nuclei. 

The assumption that k does not vary with com- 
position is believed to be reasonable, for a portion 
of an ingot at least, where the concentrations are 
very small, and is approximated at large concentra- 
tions by a number of alloys. In any event, the way 
in which such changes in k would affect segregation 
can readily be visualized with the aid of Fig. 1. 

According to eq 1, the concentration approaches 
infinity as g approaches 1, which is of course un- 
reasonable. For any physical alloy one of two al- 
ternatives must occur during the freezing process: 
1—A eutectic or peritectic point must be reached 
by the lquid, with resultant appearance of a sec- 
ond phase in the solid, or 2—If the system has com- 
plete solubility in the solid, and hence a second 
phase cannot appear, k will change with composi- 
tion until it reaches unity, which it will do at g = 1 
just as the last drop freezes. Thus, eq 1 can be ap- 
plicable only to part of an ingot, although it may be 
a large part. 


: adc 
The concentration gradient, “a at any point g 


can be obtained by differentiating eq 1, provided 
that a suitable function of length be substituted for 
dg. Differentiating eq 1 gives: 


dc 
k (1-k) C, (1-g)*" [2a] 


If the ingot has constant cross-section and a 
length l, then the length dl, of a fractional incre- 
ment of volume, dg, is given by dl = l.dg. Sub- 
stituting dl/l, for dg in eq 2a gives: 


dC k (1-k) C, 


Eq 2b indicates that 


is positive for k <1; 


negative for k>1; increases with g in absolute 
value for k < 2; and decreases with g for k > 2. 


Segregation of Two Solutes 
Consider two solutes, one a donor, the other an 


acceptor, and assume their k’s to be independent. 
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The quantity of interest is the excess AC of one 
solute over the other. In this section AC will be 
evaluated and means of minimizing its variation 
with g will be considered. 

Let: 


Cy 


k,C.,(1-g)"* [la] 


k.C..(1-g) *2* [1b] 


The concentrations of 1 and 2 in the first solid to 
freeze will be k,C,, and k.C,.. Let: 


_ Then, from eqs la, 1b, and 3: 


and: 


AC = C.-C, = [r(1-g)"** — (1-g)"7]_ [4] 
= k,Cy (1-g)"* [r(l-g)"""] [5] 


= [6] 
where: 


F=r(1-g)**"—1 [7] 


Thus, the excess concentration may be expressed 
as the concentration of one solute multiplied by a 
factor F. 

For the case k, = k,: F is constant and AC = (r-1) 
Om wihichwisathes condition ot 
complete compensation. If r £ 1, the semiconductor 
will be n-type or p-type, depending on whether r is 
greater or less than one, and its conductivity will not 
be constant but will vary with g in proportion to C,. 
As we have seen above this means for k ~ 0.1, AC 
will vary by a factor of ~ 8 in the first 0.9 of the 
ingot as shown in Fig. 2. The case k, = k, is discussed 
here primarily to emphasize the fact that a constant 
AC cannot be obtained merely by seeking two solutes 
with identical k’s. 

If the k’s are unequal: F will not be constant but 
will vary monotonically with g. If the solutes are 
chosen so that k, > k,,* F will always decrease (be- 


* This assumption applies throughout the remainder of this paper. 
It includes all instances since the choice of subscripts is arbitrary. 


come more negative) with increasing g, approaching 
the value —1 at g = 1. The behavior of F as a func- 
tion of g, with r as a parameter, is shown graphically 
in Fig. 3. 

If r > 1, F goes through zero. A pn barrier will 
occur at the crossover point. 

If r < 1, F does not go through zero and hence a 
pn barrier will not form. 

These cases may be illustrated using as an ex- 
ample the system: antimony (k, = 0.007) as solute 
1, gallium (k, = 0.125) as solute 2, and germanium 
as solvent. Three possibilities exist: 

1—The starting melt is n-type (using the term 
some what loosely) and the first solid to freeze is 
Cy Ca; 2A pn’ barrier will not 
form. 

2—The melt is n-type and the first solid to freeze 
isep=type (Ca > Cay 

3—The melt is p-type, and the first solid to freeze 

For conditions 2 and 3, a pn barrier will form. In 
case 1 it will be expected to occur rather close to 

As regards uniformity of resistivity, eq 6 indicates 
that AC cannot be maintained constant throughout 
an ingot. However, it would appear that values of 
r and C,, could be determined for given values of k, 
and k., such that the mean deviation of AC from 
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Fig. 2—Solute concentration curves calculated from eq | for two 
solutes having the same k but different mean concentrations. The 
difference concentration AC yaries in proportion to C,. 


some value is a minimum. It is felt that such a pro- 
cedure is beyond the scope of this paper. 

An approximate attempt at approaching constancy 
of AC can be made along the following lines: 

If d(AC) /dg can be made to go through zero near 
the center of the ingot, say at g = 0.5, it appears 
likely that variations in AC will be small over a 


considerable fraction of the ingot. Accordingly, 
from eq 4: 
d(AC 
= [7(1-k,) (1-9)? — 
dg 
(1-k:) (1-9)"**] = 0 [8] 
1.0 


- 


F=r 


\ 
\ 
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FRACTION SOLIDIFIED, g 

Fig. 3—Concentration difference factor, F', as a function of the 

fraction solidified, g, calculated from eq 7 for several ratios, 7, of 

two solute concentrations. The difference concentration, AC, is 

proportional to F’. A pn barrier occurs where F' goes through zero. 
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FRACTION SOLIDIFIED, G 
Fig. 4—Calculated segregation curves for antimony, gallium, and 
germanium showing AC — Cy, — Cg, as a function of g for a 
ratio, 7, chosen to cause a maximum in AC at g = 0.5. As a re- 


sult AC is relatively constant over a large fraction of the ingot. 


From which: 
1-k, 
[9] 

From eq 9 it is seen that a value can always be found 
for r, r., such that AC goes through a maximum at a 
chosen value of g. Since k, > k,, r, will always be 
greater than 1. Hence: 

1—The conductivity-type at the maximum AC 
will correspond to the solute having the greater k. 

2—A pn barrier will be formed (at some g other 
than that for maximum AC). i 

Again using antimony and gallium in germanium 
as examples of donor and acceptor, respectively, 
from eq 9: 


1-0.007 1 
1-0.125 0.812 


The relative concentrations k.C,. and k,C.,, in the 
first solid to freeze will be 1.00 for gallium and 0.812 
for antimony. The concentrations C.. and C,,; in the 
starting melt will be 8.0 for gallium, 116 for anti- 
mony. 

In Fig. 4, Cos, Cs», and AC are plotted as functions 
of g, concentrations being on a logarithmic scale. AC 
is relatively constant up to about g = 0.7, the ger- 
manium being p-type. The curves cross at about 
g = 0.82, resulting in a pn barrier. 

A detailed experimental study of segregation of 
boron and phosphorus in silicon was reported by 
Scaff, Theuerer, and Schumacher.* They found that 
at a critical boron-to-phosphorus ratio the resistivity 
of a 300 g ingot was constant within + 2.5 pct. Fig. 
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Fig. 5—Electrical resistivity as a function of location in ingot for 
Si-B alloys, after Scaff, Theuerer, and Schumacher. 


4 of their paper is reproduced here as Fig. 5, and 
shows a maximum AC (minimum in resistivity) at 
the critical ratio. 

It appears likely that their critical boron-phos- 
phorus ratio is: 


Cos ky 
= 10 
Ca Ky [ ] 


in accord with the preceding analysis. 

Since 7 is a ratio, the mean value of AC can be 
varied by changing C,. and C.i, while keeping their 
ratio equal to r k,/k,. This fact also, was discovered 
and demonstrated in connection with the above- 
mentioned work on silicon. . 


Formation of pn Barrier by Segregation 
The conditions under which a pn barrier will form 
by segregation were shown in the preceding section 
to be: k, > k,, r > 1. In this section expressions for 
the location and concentration gradient of such a pn 
barrier are derived and illustrated. 
The pn barrier will occur where C, = C.,, or: 
(1-g)""* (1-g)*"* [11] 


From which: 


[ KC os 


12 
L 


= {ye [12a] 
The concentration gradient of excess carriers at the 
pn barrier, d(AC)dl, may be obtained by evaluating 
(dC./dl — dC,/dl) at 9. For an ingot as in eq 2b 
this is found (see Appendix) to be: 


(k,-k,) 
(1-9) 
Again using gallium and antimony as examples 


1 


1 
© 0.007-0.125 


= 0.55 


Letting k,C., be 10” atoms per cc, 1, be 1 cm, the 
concentration gradient of excess carriers at the pn 
barrier is found from eq 18 to be: 


dl (1) 


[13] 


= —5.8 x 10” atoms cm* 
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Eq 13 shows that |d(AC)/dl| increases with | (k.- 
k,)| and, for k, < 2, increasing g,,. Hence to obtain 
high concentration gradients at the pn barrier: 

1—l, should be small. 

2—|k.-k,| should be large. 

3—g should be large (i.e., the barrier should form 
toward the end of the ingot.) 

4—Large concentrations should be used. 


Summary 

Simultaneous segregation of a donor and an accep- 
tor during the solidification of a semiconductor is 
analyzed, with examples given for germanium. Ex- 
pressions are derived for: the concentration, C, and 
the concentration gradient, dC/dl, of a single solute; 
the excess concentration, AC; the location, g,, and 
concentration gradient d(AC)/dl, of a pn junction. 
The conditions under which a pn barrier will form 
are determined. A critical ratio, r., is found for 
which AC will go through a maximum at any desired 
location. By locating AC,,,. near the center of an 
ingot substantial uniformity of conductivity can be 
had over a large portion of an ingot. 
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Appendix 
Derivation of concentration gradient of excess 
carriers at the pn barrier: 


Given: 
(Cr =i Cs Clee) [A-1] 
(Or => (1-g)*2* [A-2] 
d(AC) 
Find: at -where ACG GC, and 
== thy 
d(AC) d(C,-C,) dc, 
dg dg dg dg 
From eq A-2: 
ae 


dg 


dc, 
dg 


dC, 
= (1-k,) (1-g)"** 


dg 
C.,k, (1-k,) 


[A-5] 


From eq A-1 and A-2, at equal values of C, and C.: 
(1-g)** "2" = Kel (1-g)* [A-6] 


Substituting eq A-6 in A-5 gives: 


dg dg = kiC., (1-g) (1-k.) (1-g) 
C.k, (1-k,) (1-9)? = [(1-k.) — 
(1-k,) (1-g)***] = k,.C,, (1-g)**” (k,-k) [A-7] 
= 13 
dl [1s] 
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Technical Note 
Observations on Twinning in 


bye Aust tec 


‘HE occurrence of twins in aluminum ingots cast 

under certain conditions has been well estab- 
lished. For instance, Herenguel and Lacombe” * have 
observed a twinned columnar structure in 99.5 and 
99.9 pct Al, solidified by continuous or semicontinuous 
casting. The structure, which they termed “basaltic,” 
appears in the form of elongated crystalline fibers of 
alternating luster. Herenguel and Lacombe* found 
sections of flat crystalline plates composed of twin 
crystal plates, in which the twin plane (111) anda 
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Semicontinuous Cast Aluminum 


Krill, and F. R. Morral 


[112] direction contained in the twin plane are 
parallel to the principal heat gradient. This orienta- 
tion relationship is different from the usual orienta- 
tion texture observed in cast face-centered cubic 
metals, where the [100] direction is approximately 
parallel to the long columnar axes lying in the direc- 
tion of growth.® 

A large amount of twinning has also been observed 
by the present authors in semicontinuous cast alu- 
minum of 99.2 pct purity, Fig. 1. Mondolfo* has sug- 
gested that the twinned cast structure forms by a 
deformation twinning process as the result of un- 
even cooling stresses within the ingots. This sugges- 
tion appears to be inconsistent with the large amount 
of twinning observed in the semicontinuous cast 
ingots and with the large difference of dendritic 
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Fig. 1—Twinning in semicontinuous cast aluminum, 99.2 pct. 
X50. 


Fig. 3—As-cast condition. No precipitation at the twin 
boundary. X750. 


alignment. noted in the regions separated by a twin 
boundary, Fig. 2. In addition, the deformation twin- 
ning mechanism appears unable to explain the ob- 
servation that small amounts of certain alloying 
additions to the melt resulted in equiaxed cast grains 
with no twinning. These observations can be more 
readily understood on the basis of a growth twin- 
ning process involving nucleation and preferential 
crystal growth. The nuclei for the twinned orienta- 
tions may originate in “stacking faults” on close- 
packed octahedral planes, as was previously sug- 
gested by Ellis’ for twinned relationships in cast 
germanium. 

High temperature gradients and increasing purity 
of the aluminum were found to promote the forma- 
tion of a coarse twinned structure in semicontinuous 
cast aluminum. Chalmers has established’ that the 
crystal face having the highest melting point will 
grow in advance of the others. Therefore, some 
crystals will suppress the growth of their less favor- 
ably oriented neighbors and a preferred orientation 
results. The role which alloying additions have in 
suppressing the twin formation in cast aluminum 
may be connected with the adsorption of the foreign 
atoms on the crystal plane, thus altering the anisot- 
ropy of the melting temperature. The rapidity of 
solidification inherent in the semicontinuous casting 
of aluminum, is an important factor, since the occur- 
rence of cast twinning was not observed after slower 
cooling, as in the freezing of tilt-mold ingots. The 
important influence which the rate of cooling has 
on the cast texture of aluminum was also indicated 
by Tammann.’ He found that when the rate was 
rapid, the [112] and [111] directions grew more 
quickly into the molten center than did the [100] 
direction. 

The twin boundaries in the as-cast condition are 
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Fig. 2—Large difference of dendritic alignment in regions 
separated by twin boundary. X250. 
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Fig. 4—Cast structure homogenized 8 hr at 1075°C, air 
cooled. Precipitation occurred at the twin boundary. X750. 


completely free from microscopic impurities (Fig. 3) 
as was also observed by Herenguel.* Samples of 
semicontinuous cast aluminum (99.2 pet) were homo- 
genized for 8 hr at 600°, 800°, 1000°, 1075°, and 
1150°F, and for 24 and 48 hr at 1150°F. It was found 
that precipitation occurred at the twin boundaries 
after homogenizing at 1000°F and above, and that 
this was greatest after the 1075°F treatment, Fig. 4. 

Twinned cast structures behaved differently from 
equiaxed cast structures of identical composition 
(99.2 pet Al) with cold rolling and annealing. This 
might be expected because of the coarser grain 
structure present in the former material. For in- 
stance, about 90 pct reduction was required to pro- 
duce a symmetrical rolling texture from a twinned 
structure compared to about 50 pct reduction for 
an equiaxed cast structure. Similar nonsymmetry 
effects persisted when the cast twinned material was 
annealed after less than 90 pct reduction. It was 
also determined that twinned cast structures re- 
crystallized less readily than equiaxed cast struc- 
tures of the same composition, as noted by the ap- 
pearance of spots in X-ray Laue transmission pat- 
terns. 
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Concentration Dependence of Diffusion Coefficients 


In Metallic Solid Solution 


by Donald E. Thomas and C. Ernest Birchenall 


LTHOUGH Boltzmann’ gave a mathematical so- 

lution for the diffusion equation (for planar dif- 
fusion in infinite or semi-infinite systems only) in 
1894 allowing for variation of the diffusion coefficient 
with a change in concentration, it was not until 
1933 that this solution was applied to an experi- 
mentally investigated metallic system. The calcula- 
tion was carried out by Matano’ on the data obtained 
by Grube and Jedele’® for the Cu-Ni system. Since 
that time concentration dependence of the diffusion 
coefficient has been demonstrated for many pairs of 
-metals. However, the nature of this dependence has 
never been fully elucidated. 

Many investigators have suspected that these 
variations could be related to the thermodynamic 
properties of the solutions, one of the earliest ex- 
plicit statements being contained in a discussion of 
irreversible transport processes by Onsager‘ in 1931. 
Development along these lines has been greatly 
retarded by the lack of reliable data on the variation 
of diffusivity with concentration, the paucity of the 
thermodynamic data for the same systems at the 
same temperatures and compositions, and an in- 
complete understanding of the relation of the 
thermodynamic properties of the activated state for 
diffusion to the bulk thermodynamic properties. The 
last factor has been discussed by Fisher, Hollomon, 
and Turnbull.’ 

In many instances where data exist, it is difficult 
to know which are acceptable. This problem prob- 
ably applies more strongly to diffusion data than to 
activity measurements. For instance, four sets of 
observers’” have reported self-diffusion coefficients 
for copper. The average spread between extreme 
results is a factor of about four, though the in- 
dividual sets of data are self-consistent to about 
20 pet. Thus one or more factors are out of control, 
at least in these experiments, making estimates of 
internal error unreliable. 

The most reliable diffusion data in most systems 
have resulted from the use of welded couples with 
a plane interface from which layers for analysis are 
machined parallel to the interface after diffusion. 
The layers are analyzed, and the result is a graphical 
relation between distance and concentration, usually 
called the penetration curve. Given the same set of 
analytical data and distances and following the same 
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procedure in computation, different observers will 
generally produce diffusion coefficients which vary 
appreciably, especially at the extremes of the con- 
centration range. Experiments must be carefully 
designed so that the precision is good enough to 
answer a particular question unequivocally. 

In the first calculation of the dependence of the 
diffusion coefficient on concentration in the metallic 
solid solution Cu-Ni, Matano found that the coef- 
ficient was insensitive to concentration from 0 to 70 
pct Cu, after which it rose more and more steeply to 
some undetermined value as pure copper was ap- 
proached.’ The same behavior was reported for Au- 
Ni, Au-Pd, and Au-Pt.* The data used were those of 

* The phase diagram in the Metals Handbook, 1948 edition, p. 
1174, shows no temperature at which this system is completely 


isomorphous. A fundamental discrepancy, therefore, exists between 
the phase diagram and the diffusion data. 


Grube and Jedele which were very good at the time, 
but are not considered particularly good by present 
standards. Furthermore, the method of calculation 
makes the ends of the diffusion coefficient-concen- 
tration curve unreliable. For better reliability, the 
high copper end of the curve has been checked by 
incremental couples, where the concentration spread 
is 67.7 to 100 atomic pet Cu. The implication of the 
curves calculated by Matano was that diffusion is 
very concentration sensitive in one dilute range of 
this completely isomorphous system and hardly at all 
in the other. Matano’s result is confirmed. 

Later Wells and Mehl” published data on dif- 
fusion in Fe-Ni at 1300°C, which represent a 
thorough test of the shape of the concentration de- 
pendence curve. They ran couples with the follow- - 
ing ranges of nickel concentration: 0-25 pct, 1.9-20.1 
pet, 0-20.1 pet, 20.1-41.8 pct, 0-99.4 pct, and 79.3- 
99.4 pet. Although the trend of the data indicates 
an S-shaped concentration dependence, their curve 
was drawn to the pattern set by Matano. Their 
original data have been recalculated for the 0-99.4 
and 79.3-99.4 pct couples. Wells and Mehl’s points 
and two independent recalculations from the raw 
data are plotted in Fig. 1. What appears to be the 
best curve is drawn through them. This curve shows 
little sensitivity to composition in both dilute ranges 
with a strong dependence at intermediate composi- 
tions.+ 


+ More recent work by H. W. Mead (Doctorate Thesis, 1951, Uni- 
versity of Sheffield) agrees well with the shape of the curve as 
plotted in Fig. 1. Several incremental measurements near the nickel 
end of the curve indicate that D is constant within experimental 
error. : 


Similar experiments on the Cu-Pd system are 
reported here at temperatures where solubility is 
unlimited. These lead to the same type of concen- 
tration dependence for the diffusion coefficients as 
was found upon recalculation of the data for the 
Fe-Ni system. 

Experimental Procedure 

Cu-Pd: The concentration dependence of the dif- 

fusion coefficient may be determined by the use of 
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a diffusion couple having initial compositions at 
opposite extremes of the solubility range, or by the 
use of several couples having smaller composition 
differences distributed throughout the _ solubility 
range. The latter is referred to as the incremental 
method. Both methods were employed in the present 
investigation. Using chemically pure: palladium and 
OFHC copper sheets 0.025 to 0.030 in. in thickness 
having the following compositions were prepared: 
Pd, Cu-65 atomic pct Pd, and Cu-35 atomic pct Pd. 
Because of the high grade of material used, no special 
analyses were made for impurities. No significant 
impurities were indicated in the course of the routine 
analytical work involved in determining penetration 
curves. After having been cut to appropriate size 
and polished to a metallographic polish, the sheets 
were stacked in the order of decreasing copper 
content upon a % in. diam x 1% in. copper cylinder 
similarly polished on the top surface. The pack was 
then pressed in a steel clamp and the whole assembly 
heated in a furnace with a protective atmosphere for 
welding. The pure metal couple was prepared in a 
similar way. Numerous attempts to produce a satis- 
factory weld were made. Failures appeared to be a 
result of insufficient pressure, or in some cases of 
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slight oxidation. Subsequent welds were made in 
a larger clamp with a hydrogen atmosphere. 

The diffusion-anneal treatments were carried out 
in vacuum. After cooling, lavers 0.002 in. in thick- 
ness perpendicular to the direction of diffusion were 
machined from the specimens to provide samples for 
chemical analysis. The palladium content was de- 
termined by precipitation from solution by di- 
methylglyoxime, and copper was determined by dif- 
ference. 

Cu-Ni: In view of the shape of the curves obtained 
for Cu-Pd and Fe-Ni, it seemed reasonable to 
wonder whether the very strong dependence of D in 
dilute solutions of nickel in copper might not be due 
to experimental uncertainties in earlier work. How- 
ever, the two curves obtained by da Silva and Mehl” 
on this system were more carefully done and showed 
the same behavior. Nevertheless, it was decided to 
run a series of measurements on couples of copper 
with a 32.3 atomic pct solution of nickel in copper. 

A cupronickel plate was lapped and degreased on 
two parallel faces. Molybdenum wires, 0.004 in. in 
diam, were stretched across the faces at 0.25 in. in- 
tervals. Flat copper plates were bolted on each face 
with copper bolts. The assembly was wrapped in a 
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heavy gage copper envelope, after which the seams 
of the envelope were sealed by heliarc welding. The 
whole package was hot rolled at 925°C in five passes 
to about 50 pct reduction. The total time at tem- 
perature was about 2 hr. 

Samples 114% in. square were cut from the plate, 
and those containing bolts or parts of bolts were re- 
jected. Since the wire markers were not directly 
across from one another on either side of the cupro- 
nickel layer, it was not feasible to measure the dis- 
tance between wires. Nevertheless, they were em- 
bedded at the join and could be located readily dur- 
ing the machining of the sample after diffusion. 
Da Silva and Mehl had found this to be the more re- 
liable method. 

The specimens were diffused in either a hydrogen 
or nitrogen atmosphere. After cooling, the 1% in. 
squares were turned down to 1% in. rounds to elim- 
inate the surfaces. Cuts were taken in increments 


of 0.002 in. parallel to the marker interface through” 


the penetration zones. It was noted in which cuts 
the markers appeared. The copper content of more 
than 15 layers was determined electrolytically for 
each sample, and in about a quarter of the samples 
nickel was also determined gravimetrically. 


Treatment of Data 

The most convenient way to draw a smooth curve 
through the experimental points on the concentra- 
tion-distance plot is to plot first the experimental 
data on probability paper.” This amounts to the 
following: the abscissa, on which the distance x is 
plotted, is linear. The ordinate values, y, are marked 
with corresponding values of z, the values of y and 
z being defined by the solution of Fick’s law: 


2z=1—¢(y) 
where: 


in which c is the concentration at any x; c, the 
minimum concentration; c,, the maximum concen- 
tration; t, the time; D, the diffusion coefficient; and 
¢, the Gauss error function. 

If D is independent of concentration, a straight 
line results when z is plotted against x on proba- 
bility paper. If D is dependent upon concentration, 
a curved line results. In either case it is a simple 
matter to draw a smooth curve through the experi- 
mental points. In the former case D may be cal- 
culated directly from the slope of the curve. In the 
latter case the smoothed curve may be transferred 
to the conventional concentration-distance plot and 
the Matano-Boltzmann method of calculation ap- 
plied as described by Rhines and Mehl.” A straight 
line was obtained for 0 pct vs. 35 atomic pct Pd and 
two 65 atomic pct Pd vs. Pd couples, indicating that 
the diffusion coefficients concerned are essentially 
independent of concentration. On the other hand, 
the intermediate couples, 35 atomic pct Pd vs. 65 
atomic pct Pd, from the same specimen packs 
yielded a curve, indicating that the diffusion coef- 
ficients concerned are dependent upon concentration. 
Thus, the diffusion coefficient is relatively insensitive 
to concentration changes in both dilute solutions, the 
change occurring in the intermediate concentration 
range. All 32.3 pct Ni, 67.7 pet Cu vs. Cu couples 
gave curved probability plots. 

A correction was made for diffusion which oc- 
curred during the welding process. The time at the 
welding temperature was converted to an equiva- 
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Fig. 3—Diffusion in Cu-Ni alloys. 


lent time at the diffusion temperature and added to 
the diffusion time. 
Results 

Cu-Pd: The diffusion coefficients obtained are 
shown graphically as a function of concentration in 
Fig. 2 for three temperatures, 878°, 972°, and 
1038°C. Although the precision of measurement is 
not high as judged by the scatter in the points, it is 
demonstrated quite adequately that the curve is 
S-shaped. The diffusion coefficient is nearly con- 
stant in both dilute solutions and varies strongly in 
the intermediate concentration range. This be- 
havior is observed at 1038° and 972°C where in- 
cremental couples were employed, and at 878°C for 
the pure metal couple. Activation energies of very 
low precision were obtained from these data: 31 
keal per mol at 0 pct Pd, 34 kcal per mol at 50 
atomic pct Pd, and 40 kcal per mol at 100 pct Pd. 
The activation energies are probably much too low, 
but they were not a major objective and the great 
amount of additional work required to improve 
them was not justified. 

Cu-Ni: The precision of diffusion data may be 
judged best by the reproducibility of different speci- 
mens, since the main sources of error are probably 
in machining of the layers and the analysis of small 
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Fig. 4—Diffusion in Cu-Ni alloys. 
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samples. Fig. 3 shows the points calculated from 
the two penetration curves run at 1022°C. In each 
case the penetration curve was a composite of the 
data from both interfaces in the sandwich. The re- 
producibility is fairly good in this case and becomes 
only slightly poorer at lower temperatures where 
the depth of penetration was not as great. Four 
sandwiches were run at the lowest temperature to 
compensate for the greater scatter. 

In Fig. 4 the logarithm of D has been plotted 
against the atomic percentage of copper to reduce 
the steep rise in D for high copper content. The 
curves are averages for all ‘satisfactory couples run 
at each temperature—one at k049°C, four at 1022°C, 
three at 975°C, and eight at 923°C. The dotted 
curves indicate the range within which all points 
fell and constitute a rough indication of the uncer- 
tainty involved in the solid curve. These results 
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Fig. 6-—Diffusion in dilute copper alloys. 


agree reasonably well with previous values given 
for Cu-Ni alloys by Matano’ and da Silva and Mehl.” 

There can be little doubt that the diffusion co- 
efficient depends strongly on concentration in the 
dilute nickel range. When extrapolated to zero 
nickel concentration the diffusion coefficients lie 
about a factor of two lower than Maier and Nelson’s 
values for copper self-diffusion. 

As in da Silva and Mehl’s experiments with pure 
metal couples, the markers moved away from the 
Matano interface toward the copper-rich side. 
Table I lists marker displacements for 15 interfaces. 
The markers were located only within the thickness 
of one machined layer. Hence, each measurement 
involved an uncertainty of about 0.005 cm, almost 
the extent of the marker displacement. Except for 
sample 2 in which only one interface was sound, 
the other values reported are averages for two in- 


Table |. Marker Displacements and Diffusion Coefficients in Cu-Ni Alloys 


Marker Relative 
Tempera- Displacement, Matano 
ture, °C Time, Sec Sample Cm Area Dou, Cm? per Sec Dyi, Cm? per Sec Dou/Dni 
1049 3.306x105 2 0.0056 2.86 6.2x10-10 4.9x10-10 ales} 
1022 5.80x105 13 0.0079 3.30 5.3x10-10 4.0x10-10 } 
20 0.0079 3.42 6.4x10-10 4.8x10-10 ic3 
975 4.473x105 ules 0.0043 2.21 2.9x10-10 2.4x10-10 1.2 
924 1.817x108 3 0.0051 2.68 1.1x10-10 0.90x10-10 £2 
11 0.0051 2.42 1.1x10-10 0.83x10-10 1.3 
922 2.917x106 6 0.0058 3.34 1.1x10-10 0.85x10-10 1.3 
16 0.0071 3.29 1.1x10-10 0.87x10-10 1.3 
1054 1.123x108 C4* 0.0140 3.8x10-10 2.9x10-10 1.3 
947 1.243x108 B38* 0.0039 1.7x10-10 0.72x10-10 2.4 
* See ref. 11. 
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terfaces in the same sandwich. Despite this averag- 
ing, the precision of measurement cannot be-as good 
as a comparison of values in the fourth column indi- 
cates. The consistency must be somewhat fortuitous. 
The Matano areas are also averages and express the 
relative amount of diffusion which has occurred in 
these couples at different times and temperatures. 
As indicated by da Silva and Mehl, the marker dis- 
placements are proportional to the Matano area, the 
deviations from this relation showing no trend with 
temperature. The average composition at the marker 
interface for all couples was 89.9 atomic pct Cu, 
while at the Matano interface it was 86.2 atomic pct 
Cu. Again the deviations showed no trend with 
temperature. 

Table I also includes the marker movements ob- 
served by da Silva and Mehl for pure nickel vs. pure 
copper couples C4 and B38. In, the former the 
marker was at 71.0 atomic pct Cu and in the latter 
at 80.5 atomic pct. 

Following the method of Darken,“ the diffusion 
coefficients of the individual components were cal- 
culated at the average marker composition. In all 
cases except B38, Do. is about 25 to 30 pct greater 
than D,;. There is no apparent trend with tempera- 
ture in our measurements. It is not certain whether 
B38 represents a real variation. Since the composi- 
tion of B38 lies between C4 and the other couples 
and within the temperature range studied, it would 
seem that the ratio obtained for either C4 or B38 
must be in error. 


Discussion 


If the diffusion coefficients for infinite dilution 
(0 pet Pd) are compared in Fig. 5 to the range of 
self-diffusion coefficients for copper shown dotted 
in Fig. 6, it will be seen that the two are in good 
agreement. Thus it appears that the diffusion co- 
efficient approaches the value of the self-diffusion 
coefficient of the solvent metal as the solute con- 
centration approaches zero. While no data are 
available for the self-diffusion of palladium, the 
diffusion coefficient may approach that of palladium 
at the other extreme. Thus, in an isomorphous sys- 
tem, the diffusion coefficient may increase or de- 
crease with increasing solute concentration. 

It is interesting to inquire into the application of 
this idea to restricted solutions. In this case the 
diffusion coefficient might be expected to approach 
the self-diffusion of the solvent metal at infinite 
dilution. In fact, this principle was first suggested 
by Rhines and Mehl” on the basis of extrapolation 
of the diffusion coefficients of Cd, Sn, Be, Zn, Al, 
and Si in a solid solution in copper to infinite dilu- 
tion. Figs. 5 to 7+ inclusive are presented as a basis 


t It is probable that many of the sets of data from which these 
curves are drawn contain large grain boundary contributions, espe- 
cially at low temperatures. For this reason greater weight is given 
to the high temperature end. 


for discussion of this question. Figs. 5 and 6 include 
diffusion data for dilute copper alloys. Where iden- 
tifying percentages are given, the D values are some 
average obtained from a diffusion couple consisting 
of copper and the particular alloy noted. The data 
of Rhines and Mehl in Fig. 6 represent extrapolation 
to 100 pct Cu: The diffusion coefficients for infinite 
dilution of solutes which do not form isomorphous 
systems with copper are higher than the self-diffu- 
sion coefficient of copper. It will also be noted that 
in Fig. 6 the diffusion coefficients for 10 atomic pct 
Al and 10 atomic pct Sn are greater than those for 
the respective solutes at infinite dilution. The sol- 
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utes Pd, Au, Ni, and Pt, forming isomorphous sys- 
tems with copper, would not be expected to affect 
the diffusion coefficient very much in the dilute solu- 
tions noted, and it is seen that these do not depart 
appreciably from the self-diffusion of copper ex- 
cept for nickel which gives extrapolated values of 
only half those considered most reliable for self- 
diffusion. Support for a decreasing rate with in- 
creasing concentration is scarce for systems of lim- 
ited solubility, but a few measurements of a solid 
solutions of aluminum by Mehl, Rhines, and von 
Steinen” show this trend. 

The diffusion coefficients for Sn, Tl, Bi, In, Hg, 
Cd, Ag, and Au in lead” are given in Fig. 7 and 
represent average diffusion coefficients determined 
from couples having the same initial concentration 
difference (2 atomic pct except for Au and Ag). 
When a given initial solute concentration represents 
a large portion of the total solubility, the diffusion 
coefficient obtained need not approximate a true 
dilute solution value, but it is an average for a range 
over which the rate may vary markedly. This over- 
all average may differ from the self-diffusion of the 
solvent metal by a much greater amount than if the 
concentration range of the diffusion couple repre- 
sents only a small fraction of the total solubility. 
This is illustrated by the data for lead alloys. 

Birchenall and Mehl” have shown that the diffu- 
sion coefficients for fairly dilute solutions of Ni, Co, 
Mn, and Mo in y Fe do not depart greatly from the 
rate of self-diffusion of y Fe. Mead§ obtained similar 


§ H. W. Mead: Doctorate thesis, University of Sheffield, 1951. 


results for Cr. The diffusion coefficient of Mo in 
a Fe is in agreement with the self-diffusion co- 
efficient of a Fe. 

A new attempt to systematize the departure of 
the diffusion coefficient at infinite dilution (and in 
dilute solutions) from the self-diffusion coefficient 
of the solvent metal has been made. Previous work 
along this line is summarized by Barrer*® and 
Le Claire.” Referring to Table II, in which the 
solute metals have been arranged in order of de- 
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creasing D,* it is seen that a large increase of D 


* Although the log D vs. 1/T curve drawn by Rhines and Mehl for 
Cd in Cu cuts across their other curves, all the experimental points 
lie above the extrapolated values for the other systems. This is the 
reason for the position of Cd in Table II. 


over the self-diffusion coefficient of the solvent 
metal is associated with decreased solubility. Two 
effects are to be distinguished in this connection: 
first, the effect, already mentioned, of decreasing 
solubility limit upon the average diffusion coeffi- 
cients determined from couples having constant 
initial concentration differences as illustrated by the 
data for lead alloys; and second, the effect of in- 
creasing the diffusion coefficient at infinite dilution 
as a result of factors which decrease solubility as 
illustrated by the data for copper alloys. The first 
(apparent) effect is difficult to separate from the 
second (real) effect when solubility is too limited to 
determine an accurate D-C curve. It will be noted 
that there is no correlation with atomic size factor 
except that when it exceeds 15 pct the solubility is 
small and the diffusion coefficient large. 

The Fermi energy# calculated by the method given 


t The Fermi energy referred to here is the maximum energy of 
electrons in the pure metals at absolute zero. 


by Slater” is included in Table II and shows a 
marked trend only for the lead alloys, where a large 
difference in the Fermi energy between the solute 
metal and lead is associated with large departures 
from the self-diffusion coefficient of the solvent. 
This difference should be a rough measure of the 
electro-negativity factor. Unfortunately the calcu- 
lation involves untested assuinptions and refers to 
absolute zero rather than the diffusion temperature. 

Numerous previous attempts have been made to 
correlate the melting point of the solute with diffu- 
sion behavior. As can be seen in the table only 
large differences between the melting points of the 
pure solvent and the pure solute appear to correlate 


Table II. Diffusion of Metals in Lead, Copper, and Iron 


Melting 
Maxi- Point 
mum Size De- 
Solu- Factor, Fermi Melt-__— pression, 
bility, R Solute En- ing °C per 
Sol- Sol- Atomic §————— ergy, Point, Atomic 
vent ute* Pet R Solvent e.v. °C Pet 
Pb Au 0.05 0.823 5.6 1063 } eS 
Ag 0.12 0.825 5.5 large 
Cd 6 0.850 4.7 321 +14 
Hg 37 0.869 4.2 —39 +8 
In 68 0.927 4.1 156 +3 
Bi 21.5 0.887 3.3 271 +6 
Awl 79 0.974 3.8 300 —0.8 
Sn 29 0.864 4.0 232 +3 
Pb 100 1.00 3.7 327 0 
Cu Cd Bt 1.16 4.7 321 +166 
Sn 8 1.18 4.0 232 + 83 
Be 10 0.871 9.0 1280 +28 
Zn 36 1.04 5.9 419 +5 
Al 21 0.948 5.6 660 +3 
Si 10 0.916 4.9 1430 +17 
Au 100 shal, 5.6 1063 +8 
Mn 90 0.976 6.8 1245 +12 
Cu 100 1.00 7.0 1083 
Pd 100 1.075 6.1 1554 —0.5 
Pt 100 1.085 6.0 1773 
Ni 100 0.974 7.4 1455 —2 
Fe Mo 1 1.06 5.9 2625 —? 
Mn 80 0.98 6.8 1245 +6 
Co 100 0.98 6.2 1495 
Ni 100 0.97 7.4 1455 +6 
Fe 100 1.00 7.0 1530 0 


* Listed in the order of decreasing D. Since the temperature 
ranges for which data were available varied from system to system, 
it is not possible to quote D values at a given temperature. In 
spite of the necessity for exercising judgment in setting up the 
order, it is doubtful that many solute elements are displaced or that 
any are displaced seriously unless some large experimental errors 
exist. 
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with the departure from the self-diffusion coefficient 
of the solvent. 

The melting-point depression is given very ap- 
proximately in Table II. The figures were estimated 
from the slopes of the solidus lines of the respective 
phase diagrams. It will be noted that the greater 
the melting point depression, the more the diffusion 
coefficient exceeds that of the pure solvent metal. 
In the case of copper alloys there is an indication 
that the diffusion coefficient is less than the self- 
diffusion coefficient of copper when the melting- 
point depression is negative (i.e., the melting point 
is raised) and the particular system is isomorphous. 
This gives the best correlation of any attempted. 
The rule should be employed with caution since 
moderately large deviations occur. Nevertheless it 
seems safer for estimating behavior in untested 
systems than methods suggested previously. 

The rough dependence of diffusion coefficients at 
infinite dilution (or in dilute solutions) upon solu- 
bility and melting-point depression points to a more 
fundamental relationship involving basic thermo- 
dynamic quantities. The revelation of such rela- 
tionships must await more precise diffusion data and 
the measurement of these thermodynamic quantities 


-in metallic solid solutions. 


Summary 

1—Diffusion coefficients in the Cu-Pd system 
have been determined as a function of temperature 
and concentration. The concentration dependence 
is slight in both extremes of concentration and 
strong at intermediate concentrations. The diffusion 
coefficient approaches the value of the self-diffusion 
coefficient of copper in dilute palladium solution. 

2—A redetermination of the dependence of the 
diffusion coefficients at the high copper end of the 
Cu-Ni system confirmed a strong dependence of the 
diffusion coefficient on composition in the relatively 
dilute solutions. 

3—Individual diffusion coefficients for copper and 
nickel atoms have been found by the use of markers 
at 89.9 atomic pct Cu. De is about 30 pct greater 
than Dy, over the temperature range 923° to 1049°C. 

4—The deviation of the diffusion coefficient at 
infinite dilution from the self-diffusion coefficient 
of the solvent metal is generally greater the greater 
the melting-point depression. Both factors also tend 
to become greater the more limited the solid solu- 
bility of the solute metal. 
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Technical Note 


Effect of Simultaneous Strain on Subgrain Growth 


r 


HE investigations of Crussard, of Guinier and 
Tennevin, and of Dunn and Daniels,” indicate 
that the subgrains formed in a cold worked and an- 
nealed metal are capable of growing at each other’s 
expense during annealing, if the temperature of 
annealing is sufficiently high and the time is long 
enough. The results of Dunn and Daniels are par- 
theular ly convincing in showing that subgrain growth 
is essentially the result of the free surface energ; 
aeeiea with the subboundaries. In subgrain 
growth, as in ordinary grain growth, energy is 
gained as a result of the decrease in total subboundary 
surface area per unit volume. Recently, Wood and 
Scrutton’ found that the rate of subgrain growth 
upon annealing ebb ti very considerably, if simul- 
taneously a creep strain was applied to the speci- 
men at a low wedi rate. Working with 99.96 pct 
pure fine-grained aluminum, these investigators 
found that the continuous X-ray diffraction back- 
reflection rings of material strained at room tem- 
perature remained continuous after heating for ten 
days at 250°C. However, when heated at the same 
temperature under a stress of 1000 psi even for ‘ones 
three days, the formerly continuous X-ray diffrac 
tion rings broke up into numerous dots, which wer 
fairly clearly separated from each other. The con- 
tinuous X-ray diffraction rings were interpreted a 
indications of a very small subgrain size, not re- 
solved by the X-ray diffraction method used. The 
breaking up of the continuous X-ray diffraction ring 
during annealing under stress was taken as an indi- 
cation of a great increase in subgrain size, so that 
the individual subgrains could then be resolved. 
The effect of simultaneous strain at a low strain 
rate in accelerating subgrain growth, discovered by 
Wood and Scrutton and designated by them as “cell 
growth,” is of fundamental importance. The experi- 
ments described in this note were carried out in 
order to confirm Wood and Scrutton’s results by 
direct metallographic observation. Also, information 
was sought as.to the minimum creep strain neces- 
ary to produce this effect. 


J. HINO is Graduate Student, P. G. SHEWMON is Student, and 
P. A. BECK, Member AIME, is Research Professor of Physical Metal- 
lurgy, Dept. of Metallurgical Engineering, University of Illinois, 


Urbana, IIL. 
TN 118E. Manuscript, April 28, 1952. 
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A fine grained high purity aluminum strip was 
prepared by alternate 33 pct rolling and annealing 
treatments for 1 hr at 350°C. Specimens cut frorn 
this strip were subje ected to a relatively fast creep 
strain of 7.2 pct in 3.5 min at 300°C u ree a constant 
load initially corresponding to 1185 psi. The sub- 
grains set up were large enough revi 0.015 to 0.03 
mm) to be clearly observed (Fig. 1) at X200 magni- 
fication with polarized light, after electrolytic polish- 
ing and anodic etching, producing a fine oxide film 


The corre sponding X-ray diffraction pattern is shown 


in Fig. la. After the fast creep strain treatment a 
portion of the specimen was subjected to a creep 
strain of 3.3 pct in 44 hr at 350°C under a constant 
load initially corresponding to 320 psi. Another por- 
tion, annealed under the same conditions, but not 
strained, served as control specimen. The subgrain 
size of a Fispical area of the specimen annealed under 
strain and of the one annealed without strain is 
shown in Figs. 2 and 3 (X-ray diffraction patterns, 
Figs. 2a and 3a). Annealing withonks train produced 
clearly observable subgrain growth (subgrain size: 
about 0.03 to 0.05 mm). The effect of simultaneous 
strain was to increase greatly the rate of subgrain 
growth (resulting in a subgrain size of approxi- 
mately 0.05 to 0.13 mm), in accordance with Wood 
and Scrutton. 

In another experiment, the effect of the amount 
of simultaneous strain was sipriigen The initial sub- 
grain structure was set up by fast creep, as described 
previously. The specimen was then heated at 350°C 
under a constant load initially corresponding to 320 
psi, as above, for 2.2 hr (0.24 pct strain), and 8.8 hr 
(0.58 pet strain). Comparison with the corres ae 
ing unstrained control specimens by means of X-ray 
diffraction showed that 0.58 pct strain definitely 
had an effect, but the effect of 0.24 pct strain was 
doubtful. 
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Fig. 1—Subgrains in high purity aluminum after 7.2 pct Fig. la—Back-reflection X-ray diffraction pattern of speci- 
extension in 3.5 min at 300°C. X200. Polarized light, men shown in Fig. 1 with CoK radiation at 40 ky, specimen 
specimen anodically etched. to film distance 5 cm, pinhole diameter 34 mm. X2. 


Fig. 2—Subgrains in material shown in Fig. 1 after addi- Fig. 2a—Back-reflection X-ray diffraction pattern of speci- 
tional creep strain of 8.3 pct in 44 hr at 350°C. X200. men shown in Fig. 2 with CoK radiation at 40 ky, specimen 
Polarized light, specimen anodically etched. to film distance 5 cm, pinhole diameter 34 mm. X2. 


Fig. 3—Subgrains in material shown in Fig. 1, after subse- Fig. 3a—Back-reflection X-ray diffraction pattern of speci- 
quent annealing for 44 hr at 350°C. X200. Polarized light, men shown in Fig. 3 with CoK radiation at 40 ky, specimen 


SS 


specimen anodically etched. to film distance 5 cm, pinhole diameter 34 mm. X2. 
“Ww. A. Wood and R. F. Scrutton: Mechanism of Pri- *Philip R. Sperry: Method for Studying Grain 
mary Creep in Metals. Jowrnal Inst. Metals (1950) 77, Boundary Migration in Aluminum. Trans. AIME 
p. 423. See also discussion by Wood, p. 606. (1950) 188, p. 103; JourNaL or Metats (January 1950). 


874—JOURNAL OF METALS, AUGUST 1952 TRANSACTIONS AIME 


¥ ECC NES 
+ 
N= 
: 
» = ‘ 


Surface Effects in the Slip and Twinning 


Of Metal Monocrystals 


by John J. Gilman and T. A. Read 


URFACE effects in the cleavage of brittle crystals 

have been known for some time,”* but our 
knowledge of surface effects in the plastic deforma- 
tion of crystals is of relatively recent origin. In 1936, 
Roscoe® reported his observations comparing oxi- 
dized and clean cadmium crystals. He found that 
cadmium crystals % mm in diam when covered by 
an oxide film less than 1200 atoms thick had critical 
shear stresses about twice those for clean crystals. 
This effect is anomalous in that it cannot be caused 
by the inherent shear strength of a normal oxide 
film. Either an interaction between the film and the 
crystal, causes the large increase in strength, or the 
oxide film has an abnormal mechanical strength. 

Several authors since Roscoe have studied surface 
effects in crystal plasticity. A complete review of 
the literature will not be presented, but most of the 
results may be summarized as follows: 

1—The critical shear stress for slip is increased 
markedly by very thin oxide films on zinc* and cad- 
mium crystals;* ° also, the entire stress-strain curve 
is raised by an oxide coating;” * both effects increase 
with decreasing specimen radius. 

2—Surface active substances such as oleic acid 
destroy the hardening effect of oxide films.” °* The 
time required for the reduction of the hardening 
effect to begin increases with the viscosity of the 
solvent.* 

3—There has been dispute in recent years about 
the effects of surface active substances themselves 
on plastic deformation. Rehbinder, Lichtmann, and 
Maslenikov’® state that surface active substances re- 
duce the strength of metal monocrystals markedly 
and increase the number of slip lines per unit length 
at a given strain. The effect varies with orientation 
for tin crystals being smallest for x, = 0, largest 
for x, = 45°, and intermediate as x, > 90°.” Several 
workers claim to have disproved the results of Reh- 
binder**" but Rehbinder and Lichtmann’ have de- 
fended themselves and Masing with his collabora- 
tors” has confirmed some of Rehbinder’s results. 
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4—Immersion of metal specimens in electrolytes 
such as sodium chloride reduces their strength” ™ 
and subsequent cathodic polarization increases the 
strength reduction. For noble metals, the strength 
reduction occurs for both anodic and cathodic 
polarization,” increasing with increasing polarizing 
voltage. 

5—Electroplated copper coatings effect the creep 
rates of zinc monocrystals. Polycrystals are not 
affected. 

6—Immersion in dilute acid destroys the harden- 
ing effect of an hydroxide film. When an acid solu- 
tion is applied to a steadily creeping crystal, the 
creep rate jumps to a very high value and then drops 
gradually to a steady value which is higher than the 
initial steady rate.” ” If the hydroxide film to be 
removed is very thin (about 100A thick), the creep 
rate does not change measurably, but a small rapid 
strain-increment is observed when dilute acid is 
applied.” 

7—Crystal plasticity depends on specimen dimen- 
sions. This was observed by Lichtmann and Ven- 
strom“ for monocrystalline tin and by Andrade and 
Kennedy” for polycrystalline lead. 

8—Immerson of copper crystals in mercury has 
no effect on their stress-strain curves.” 

9—Bombardment of creeping cadmium crystals 
with a particles which penetrate the surface to only 
0.005 mm may increase their creep rates as much 
as five times.” 

The experiments which will be described in this 
paper pertain to: (a) the effect of a crystal’s shape 
on its plastic deformation, and (b) the effect of 
metallic surface films on plastic deformation. For 
the work pertaining to (a), crystals of zinc, tin, and 
lead were grown which had various shapes. These 
were tested in simple tension. Macroscopic rota- 
tions about the tension axis which are unpredicted 
by the classical theory of slip were observed, and 
serrated edges were observed in tin crystals. 

For the work pertaining to (b), the effects of 
evaporated and electrodeposited films of copper, 
nickel, gold, and zinc on the mechanical properties 
of zinc, tin, and lead crystals were determined. The 
films influenced both slip and twinning of the crys- 
tals in creep and tensile tests. 


Experimental Details 
Chemically pure zinc, tin, and lead were used in 
this investigation. The zinc was 99.999+ pct pure; 
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Fig. 1—Cross-sectional shapes of crystals used in the 
investigation. 


the tin was 99.997 pct pure (chief impurity 0.002 
pet Fe); and the lead was 99.999+ pct pure (chief 
impurity 0.0002 pct Fe). The metals were obtained 
from the New Jersey Zinc Co., the Vulcan Detinning 
Co., and the American Smelting and Refining Co., 
respectively. 

Crystals were grown by the Bridgman method in 
split graphite molds. Each half mold was milled 
from 99.5 pct graphite rod stock (impurity mostly 
silicon carbide). After their faces had been ground 
flat on emery paper backed by plate glass, the molds 
were coated with Aquadag, dried, and then assem- 
bled with wire. When properly ground the molds 
did not leak. 


Zine crystals were grown with the molds inside 
evacuated pyrex tubes. The tubes were lowered 
through a furnace at a rate of 1 in. per hr and the 
gradient in the furnace at the melting point was 
about 24°C per in. The crystals grown in this man- 
ner were coated with a thin film of zinc oxide. Crys- 
tals grown in air had thick oxide coatings. 

Tin and lead crystals were grown in a continu- 
ously evacuated furnace which has been described.” 
The molds were lowered through the furnace at a 
rate of 1 in. per hr while the vacuum was about 10 
microns. 

Crystals about 10 in. long having the various 
cross-sectional shapes and sizes shown in Fig. 1 
were grown. Most of the work was done with 
shapes A and B. Attempts to grow crystals of shape 
D were not successful as a suitable material for the 
core of the mold has not yet been found. 

The surfaces of the zinc crystals were often 
crossed by one or a few lines similar in appearance 
to exaggerated slip bands. Thin twin bands were 
sometimes observed in crystals of low orientation 
angle. These markings were seen before the crystals 
were removed from their molds. Therefore, they 
were not caused by handling, but probably resulted 
from adherence of the crystals to the mold walls 
during cooling. 

The as-grown zinc crystals were cleaned by etch- 
ing with dilute HCl or by chemical polishing with a 
chromic acid solution followed by a dip in dilute 
caustic solution. Tin and lead crystals were cleaned 
by etching with 50 pct HNO;. This gave smooth 


Table i. Twisting of Crystals of Various Shapes About the Tension Axis 


Twist/ 
Orientation Elonga- Shear Twist, Shear Sense of 
Crystal Metal Shape Nes Xo 6 Sense tion Strain. Deg perIn. Strain Twist n Sense 
AY Zn A 5 
AQ Zn A 30 43 76 N 1.67 1.58 9.1 5.8 R 27 N 
#3 Zn A 52 52 9 N 2.5 2.22 5.6 2.5 L 4 1S 
AT Zn A 17 28 50 = 1.34 1.28 4.1 3.2 L 6 P 
BD Zn A 36 39 18 N 2.0 1.91 4.0 21 R 4 13) 
AM Zn A 44 46 13 N 2.56 2.53 3.45 1.4 L 6 le 
ss Zn. A 19 26 38 Lp 1.64 2.10 PAP 1.05 R 6 N 
BG Zn A 14 16 27 iD 1.30 V27 2.1 1.7 L 7 N 
BA Zn. A 16 25 713 12) 1.31 1.21 1.4 1.2 R 19 1D 
Al Zn. A 40 41 12 N 2.60 2.74 1.3 0.5 R 23 N 
AS Zn A 15 24 57 12) 1.31 1.29 1.3 1.01 R 3 P 
(oye) Zn A 61 62 9 N 2.76 2.39 1.0 0.5 R 10 1S 
AW Zn A 14 26 36 N 1.31 1.40 0.8 0.60 L 4 is 
AG Zn A 32 32 2 2) 1.50 1.05 0.8 0.70 L 13 P 
AV Zn A 14 21 30 12 1.27 1.17 0.8 0.65 L 16 N 
BE Zn A 36 37 25 P 2.2 2.06 0.1 0.05 L 8 15 
AL Zn A 14 28 90 P LL 0 0 28 15 
VV Zn. A 10 15 50 P Het 0 0 3 N 
UU Zn A 25 29 26 P 1.8 0 0 8 N 
BK Zn A 62 64 7 N 1.8 0 0 24 N 
AU Zn A 10 32 8 N 1.09 8,9 R 6 12) 
AR Zn A 3 12 82 P 1.02 Wed R 5 Ie 
AC Zn A 1 16 56 P 1.04 3.3 R 30 N 
AD Zn. A 1 6 90 12 1.03 2.5 L 6 N 
NN Zn. A 2 13 81 N 1.001 0 0 12 12 
AB Zn A 4 15 80 N 1.03 0.75 R 4 N 
Il Zn A 5 18 55 1g 1.04 0 0 20 N 
BC Zn A 3 12 65 P 1.02 0 0 12 N 
AE Zn A 3 16 64 P 1.04 0 0 16 N 
AF Zn B 13 20 69 N 1.32 0 0 19 N 
QQ Zn B 46 48 50 12) 2.43 0 0 66 P 
PP Zn B 53 55 14 N 2.74 0 0 6 Pp 
M Zn. B 32 33 4 N 2.1 0 0 18 N 
L Zn B 50 51 7 N 2.4 0 0 2 Ne 
EE Zn B 25 30 18 P 1.4 0 0 18 N 
'O"6 Zn B 18 21 32 P 1.4 0 0 2 N 
R Zn E Yy! 9 18 Pp 1.02 0 0 28 N 
BJ Zn (© 61 62 15 N 2.0 1.52 2.8 1.84 R 90 N 
xx Sn A 2.35 11.4 L 
AJ Sn A 2.66 2.9 R 
TAT Sn A 2.64 2.2 L 
AK Sn B 3.0 0 0 
AZ Pb B 1.7 0 0 
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surfaces to tin crystals and pitted surfaces to lead 
crystals. 

Two methods were used for coating the crystals 
with metallic films; evaporation and electrodeposi- 
tion. For coating by evaporation, the specimens 
were rotated about a vertical axis while the metal 
to be evaporated was heated in an incandescent 
coil about 5 in. away. The pressure was about 0.01 
micron. The approximate thickness of the film was 
calculated from the weight of metal evaporated and 
the source-specimen distance. 

Electrodeposited films were formed by plating 
from baths at room temperature and current densi- 


ties of about 1.7A per sq dec. At this current density, ~ 


30 to 60 sec was necessary to deposit a film about 
2000A thick. A standard Rochelle-cyanide bath was 
used for depositing copper and gold; a sulphate 
bath was used for nickel.” For zinc the Udylite 
Corporation’s cyanide bath which contains a sul- 
phide brightener was used. Chemically pure plat- 
ing anodes were used. The film thicknesses were 
calculated from Faraday’s law using cathode effi- 
ciencies taken from the literature,” and assuming 
the specific surfaces to be unity. 

The specimens were mounted in brass collars with 
solder or Wood’s metal. For tests on crystals of 
twinning orientation, heavy copper loops were 
soldered on the ends. The brass collars were in- 
sulated with Glyptal from the plating baths in the 
creep tests. Special grips which allowed end rota- 
tions were used in tests of crystals of shape B. 

The creep tests were performed using an appara- 
tus which is outlined schematically in Fig. 2. A 
strain of about 10° in an 8 cm specimen could be 
detected. With a plating electrolyte in the outer 
container in Fig. 2, a metallic film could be de- 
posited during a creep test. 

Tension tests were performed by dead-weight 
loading of the crystals. Gage marks were scratched 
on the crystals and the gage lengths were measured 
with dividers after various loads. The dead-loads 
were applied for 10 sec and then removed. The 
gage lengths could be measured to 0.1 mm so that 
strains of 5x10° could be detected. This is a rather 
low sensitivity for strain measurements, but it was 
adequate for the purpose. The critical shearing 
stresses were found by extrapolating the stress- 
strain curves to zero strain. 


Crystal Shape 


Axial Twisting: According to the classical theory 
of crystallographic slip,’ the plastic deformation of 
zine crystals occurs by homogeneous slipping on the 
active basal planes only, and in one direction; a 
close-packing direction. Such deformation can never 
cause a straight line in a crystal to become curved. 
However, it was observed with crystals of shape A, 
which initially had quite flat sides, that sometimes 
one or more of the sides were slightly curved after 
the crystal had been deformed. The curvature was 
always slight as shown in Fig. 3. The maximum 
deflection of the curved side shown in Fig. 3 was 
about 0.002 in. compared to the width, 0.2 in., of 
the side. 

Crystals which had curved sides after deforma- 
tion were also always twisted about the tension 
axis into the form of screws of very large pitch. 
The twisting was usually quite small, but some 
times it was as large as 10° per in. The sense of the 
twisting was both right and left-handed. Twisting 
began early in the deformation process and increased 
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Fig. 2—Schematic diagram of apparatus which was used for 
performing creep tests. 


progressively with increasing elongation. Detecta- 
ble curvature of one of the sides was observed only 
after an appreciable amount of twisting was pres- 
ent in a specimen. Twisting was observed in both 
zine and tin crystals of shapes A, C, and F, but not 
in shapes B and E. 

Both axial twisting and curvature of flat sides in 
deformed zinc crystals can occur only if the shear 
strains due to slipping on a given basal plane are 
heterogeneous across the basal plane. The hetero- 
genieties may form a rectangular slip pattern so 
that a single slip direction is effectively active, or 
they may form skew patterns so that the effective 
slip direction is smeared out over a small range of 
angles. In either case, the same heterogenieties in 
slip will explain both the curved sides and the axial 
twisting. The amount of twist is taken as the 
criterion of the phenomena. This is expressed in 
terms of degrees per inch per unit shear strain and 
is given in Table I for a number of specimens. 

Since the twisting was uniform along the lengths 
of the crystals, it did not result from bend-gliding. 
Additional axial twisting near the grips was some- 
times observed which may have been caused by 
bend-gliding. 

To describe the orientations of irregularly shaped 
crystals at least three directional angles are needed. 
Four angles will be used here to aid visualization of 
the shapes of the basal planes, as shown in Fig. 4. 
x. is the angle between the basal plane and the 
tension axis; \, is the angle between the slip direc- 
tion and the tension axis; @ is the angle between two 
vertical planes, one containing the slip direction, 
and the other perpendicular to one of the flat sides 
of the crystal. This angle gives a measure of the 
skewness of the slip direction with respect to the 
edges of the basal plane. 

An indication of the shape of the basal plane is 
given by the angle y. It is not shown in Fig. 4, but 


Fig. 3—Cross-sectional shape of a tri- 
angular zinc crystal after deformation. 
The wide side is slightly curved. X4. 
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nm is the angle between the vertical plane containing 
the basal plane normal and a plane perpendicular 
to one of the flat sides of the crystal. This latter 
plane is the same as that which defines 6. If » is 
equal to zero, the shape of the basal plane is an 
isosceles triangle. As 7 varies from 0° to 30°, the 
shape of the basal plane becomes increasingly skew. 
If both @ and y equal zero, the slip direction is sym- 
metrically located with respect to a symmetrically 
shaped basal plane. If either angle is not zero, the 
geometry is always skew. 

Both @ and yn also have senses, which are described 
by orienting the crystal so that a pole of its basal 
plane lies in the upper-front quadrant of the sphere 
of projection. With the crystal thus oriented, positive 
0 and 7 lie to the right in the front half of the pro- 
jection sphere. Thus the @ shown in Fig. 4 is positive. 
In the data tabulation, P and N indicate the positive 
and negative senses of @ and 7». 

For the nontriangular crystals (shapes B, C, E, 
and F) the angles @ and » are referred to a vertical 
plane which is perpendicular to the widest flat side. 
Otherwise, the definitions are the same. 

Crystals for which x, was less than about 10° 
deformed by twinning rather than by slip. Some 
of these also twisted and showed curved sides when 
deformed. The data for these crystals are listed 
separately in Table I because the mechanism of 
twisting must differ from that of the other crystals. 

The data show that only crystals whose shapes 
had odd orders of symmetry exhibited axial twist- 
ing. These were shape A (3-fold rotation axis), 
shape C (1-fold rotation axis), and shape F. Crystals 
of shape B (2-fold rotation axis) and shape E (ap- 
proximately the same as B) did not twist. The 
authors are not aware of any reference in the litera- 
ture to the twisting of cylindrical crystals pulled in 
tension. Therefore, the twisting observed in this 
investigation is believed to be a shape effect. The 
possibility that the twisting is somehow caused by 
conditions during growth seems unlikely. 

A correlation between the amount of twist and 
asymmetry of slip geometry might be anticipated 
but cannot be found in the data of Table I. Some 
crystals which seemed quite symmetrical twisted 
considerably, while others which seemed asym- 
metrical did not twist at all. Experiments in which 
§ and » are controlled are needed in order to de- 
termine the role of slip geometry. 

The twist effect and the resulting curved sides 
require rotations of the slip planes about the hexa- 
gonal axis. This process is called “rotational slip” 
after Wilman™” who was the first to demonstrate it 
as a real mode of deformation. Heidenreich and 
Shockley” found evidence of this type of rotation in 
their study of aluminum crystals. It is believed that 
the present observations are the first of macroscopic 
rotations accompanying translational slip in tension. 

The connection between the twisting that some- 
times accompanies translational slip and crystal 


Fig. 4—Definitions of the angles which are used to describe the 
orientations of the triangular crystals. 
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Fig. 5—Serrated corners of triangular tin crystals which 
were pulled in tension. X3. a—Undeformed, clean tin 
crystal, TT. b—Crystal TT, after deformation. c—Crystal 
XX, after deformation. 


shape may be related to the dependence of the 
critical shear stress on the thickness in the slip’ 
direction. This preference of slip for the shortest 
path was discussed by Smekal” for rock-salt crystals 
and more recently by Wu and Smoluchowski” for 
aluminum crystals. From this viewpoint the twist- 
ing process can be regarded as a pivoting of the 
material at opposite edges of a slip plane in a tri- 
angular crystal because the material at a thin edge 
slips more easily than the material near a side which 
lies approximately parallel to the slip direction. This 
picture predicts no twisting if the angles @ and 7 
equal zero, but it is doubtful if this is true ex- 
perimentally. Therefore, the explanation of the 
twisting effect is probably complicated by other 
effects. 

The twisting about the tension axis which was 
observed in crystals which deformed by twinning 
will not be discussed at this time. It is not known 
whether the twisting effect for twinning is related 
to the crystal shape. 


Shape and Critical Shear Stress: Some evidence of 
an effect of shape on the critical shear stress was 
found. Consider crystals QQ, PP, L, and M for 
which x, = 46°, 53°, 50°, and 32°, respectively. The 
values of the critical shearing stresses for the clean 
sections of these crystals were 50, 34.4, 32.9, and 
20.4 g per sq mm, respectively, while the values of 
6 were 50°, 14°, 7°, and 4°. Thus, for crystals of 
about the same basal plane orientation, the critical 
shear stresses increased with increasing 6. This is 
similar to the results of other authors” * but should 
be confirmed for a larger number of crystals. 
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Serrated Corners: Another effect of shape on’ 


crystal plasticity has been observed in tin crystals 
and is illustrated by Fig. 5. Initially the crystals 
appeared as in Fig. 5a. During tensile deformation, 
one of the corners of crystal TT, Fig. 5b, became 
serrated with a series of small tensile kink bands. 
The other two corners remained smooth and straight. 
The serrated corner lay in a plane roughly perpen- 
dicular to the plane containing the slip direction and 
the tension axis. 

Fig. 5c shows another tin crystal in which two 
corners became serrated during deformation. In this 
case, the inhomogenieties began as tensile kink 
bands but at the stage shown in the photograph 
tiny partial cleavages were present at each band. 
The slip direction lay in a plane roughly perpendicu- 
lar to the face of the triangular crystal in the photo- 
graph. 

The phenomena illustrated in Fig. 5 were also 
observed in the triangular tin crystal, AJ, and in the 
rectangular crystal, AK. In all cases, the serrated 
corners lay in planes containing the tension axis 
and roughly perpendicular to the plane containing 
the slip direction and the tension axis. This would 
be expected to be the case since the serrations con- 
sisted of closely spaced tensile kink bands.” 

Plated films of copper affected the appearance of 
the serrated corners by increasing their intensity; 
that is, in crystals which were plated with copper, 
the bands were more numerous. 

The cause of the kink bands is obscure at present, 
but they represent particular configurations of dis- 
locations. Since there are more of them in plated 
crystals than in clean ones after equal deformations, 
the dislocation density must be greater in the former. 
This indicates that an important effect of a plated 


film is to impede the exit of dislocations from crys- 
tals, because initially the dislocation densities were 
equal. 

Metal Surface Films 

Creep Tests: Triangular zinc crystals were tested 
in creep with clean surfaces, then metal films were 
evaporated onto their surfaces, and finally they were 
retested in creep. About a day was allowed to pass 
between the first test and the second to allow re- 
covery. Later this testing method was abandoned 
because it did not yield quantitative results, but 
some qualitative results were obtained. 

With copper and silver evaporated films, about 
2000A thick, the creep rates of zine crystals were 
affected very little immediately after the films were 
applied. As the specimens aged at room tempera- 
ture the creep rates gradually decreased. After 
several days of aging the creep rates approached 
constant values from 42 to 1/5 of the rates for the 
clean crystals. 

The above method of creep testing gave incon- 
sistent results because of variations from one speci- 
men to another and unequal amounts of recovery 
between tests. Therefore the procedure was changed 
and creep tests were performed in which copper 
films were plated onto zinc and tin crystals while the 
specimens were under load. This is similar to the 
method used by Pickus and Parker,“ except that the 
tests were carried out at room temperature in order 
to avoid complications caused by diffusion. 

For both zinc and tin crystals, copper films greater 
than a few hundred Angstroms in thickness caused 
decreases in the creep rates. A typical creep curve 
is shown in Fig. 6. The curve shows that the creep 
rate increased somewhat when the electrolyte was 
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Fig. 6—Creep curve for a typical zinc crystal. Copper films plated on the crystal during the test. Load, 78 g per sq mm; x,, 64°; 2, 64°. 
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poured around it (see ref. 12 for explanation). Then, 
when a copper film approximately 750A thick was 
plated on in 30 sec, the creep rate decreased slightly 
and for thicker films more markedly. Similar effects 
were observed for other crystals. 

The results for the creep tests show that inere is 
a plate thickness below which the copper film has 
no observable effect. This probably varies with the 
measuring sensitivity, the creep rate, and the speci- 
men diameter. For the present tests the limiting 
thickness was a few hundred Angstroms. 

The data of Cottrell and Aytekin™ for the stress 
dependence of creep rates in zinc crystals were used 
to calculate the load increment required to cause the 
change in creep rate corresponding to the first 2400A 
film on the specimen of Fig. 6. The result was 2.8 
g per sq mm which corresponds to a tensile stress 
supported by the copper of 9 kg per sq mm. This is 
not unreasonable for the strength of copper. Thus, 
in the creep tests, the effect of the copper plate may 
be just to support part of the load. 

Tensile Tests: Tensile tests were performed on 
about 40 crystals. The tensile stress-strain curves 
were obtained for a clean and plated section of a 


crystal at the same time in order to eliminate errors 
caused by variations between specimens. Table II 
presents the data. The letters in the second column 
refer to the shapes of Fig. 1. The letters V, A, and 
VF in the third column refer to crystals grown in 
evacuated pyrex tubes, air, and the vacuum furnace, 
respectively. The next nine columns are self-ex- 
planatory. The last column gives the type of test. 
In type 1 tests one half of the crystal was plated; in 
type 2 tests both ends of the crystal were plated and 
the middle left clean. The latter were performed to 
check the uniformity along the lengths of the crys- 
tals. 

Table II lists data for zinc, tin, and lead crystals. 
For all these metals, copper films about 1000A thick 
raised the stress-strain curves appreciably. Copper, 
nickel, gold, and zinc films had similar effects for 
zine crystals of triangular and rectangular shapes. 
Evaporated, instead of electroplated, copper films 
also strengthened zinc crystals. The tests on oxi- 
dized zinc crystals confirm previous work. 

One tin crystal was cleaned with nitric acid and 
oxidized very slightly by heating at 150°C for 50 hr. 
One half of the specimen was cleaned by a 10 sec 


Table Il. Tensile Test Data for Clean, Plated, and Oxidized Crystals of Various Shapes 


Shear Stress at Plating 
Growth Orientation Critical Shear Stress 10 Pct Elongation 
Condi- Thick- Type 
Crystal Shape tions Res No 6 Clean Plated Clean Plated Metal ness, A Test 
AS A Vv 15 24 57 38.0 40.4 83 94 Cu 700 2 
Al A V 40 41 12 58.0 71.6 97 118 Cu 900 1 
AH A Vv 44 46 13 29.8 39.2 62.7 68.6 Cu 900 1 
AG A Vv 32 32 2 46.5 50.4 73.4 80.6 Cu 900 1 
AL A Vv 14 28 90 51.8 55.2 Cu 1000 il 
(exe) A Vv 61 62 9 32 36.1 59.6 63 Cu 1540 1 
AV A Vv 14 21 30 50.5 53.4 106 112 Cu 1600 2 
U A V 50 53 22 29.9 48.9 Cu 2200 1 
AW A Vv 14 26 36 42.6 44.5 89 91.8 Cu 2500 2 
ABE A Vv 62 63 27 29.5 43.3 50.3 58.7 Cu 2800 uh 
BA A Vv 16 25 73 26.2 43.7 94 116 Cu 3300 2 
BD A Vv 36 39 18 26.3 43.7 44.2 65.4 Cu 3300 2 
AQ A Vv 30 43 76 39.6 61.7 91 120 Cu 3600 2 
ss A Vv 19 26 38 34.6 45.8 74.4 85 Cu 4500 1 
EE B Vv 25 30 18 35.4 51.1 83.4 100 Cu 5200 1 
Zn Twinning Tensile Stresses 
AU A Vv 10 8 382 394 1180 1320 Cu 1600 2 
AR A Vv 3 12 82 847 1100 Cu 700 2 
BC A Vv 3 12 5 595 1230 Cu 3300 2 
AE A We 3 16 64 1162 1630 Cu 3400 1 
NN A We 2 13 81 1050 1450 Cu 3700 1 
AD A Vv 1 6 90 1430 2350 Cu 3800 a 
AC A Vv 1 16 56 810 1610 Cu 4000 1 
R E A 7 9 18 1010 1160 Cu 5100 1 
AB A A 4 15 80 1050 1450 Cu 5600 1 
Il A Vv 5 18 55 361 490 Cu 5800 1 
Zn Evaporated 
M B Vv 32 33 4 20.4 29.0 54.9 64.7 Cu 4200 1 
zn 
QQ B Vv 46 48 50 50.7 60.4 79.3 93.2 Ni 1900 1 
PP B Vv 53 55 14 34.4 38.2 65.8 69.6 Ni 350 1 
Zn 
AF B Vv 13 20 69 26.9 34.6 72.1 81.7 Au 750 1 
AT A Vv 17 28 50 45.2 47.8 103 131 Au 2200 2 
Zn 
BE A Vv 36 37 25 33.5 34.4 67.0 67.0 Zn 2200 1 
BK A V 62 64 7 26.4 30.4 44.3 49.4 Zn 2800 2 
Zn 
a By B A 50 51 7 32.9 48.9 72.4 81.7 Oxide 1 
VV A A 10 15 50 27.6 27.6 121 102 Oxide 
UU IN A 25 29 26 27.4 39.6 70 82.2 Oxide 1 
Tin Tensile Stresses 
AK B VF 140 182 Cu 700 1 
xX A VF 176 196 257 286 Cu 1700 1 
7p A VF 229 277 Cu 2000 1 
AJ A VF 192 192 Oxide 1 
Lead 
AZ A VF 293 302 638 688 Cu 3200 if 
Zn 
Way, B26 
Ff A 18 21 32 { F53 
BL 13} )| B29 
F f Vv 17 33 74 { F 52 
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Fig. 7—Tensile stress-strain curves of zinc crystals. a—Crystal Al. b—Crystal AF. 


dip in HNO,. No difference was found in the tensile 
properties of the two halves. Perhaps a thicker film 
would have hardened the crystal. 

For zine crystals of similar orientation the 
strengthening effect of a copper film increases with 
increasing film thickness. 

It should be noted that the difference between the 
shear stress of the clean and the plated portions of 
a crystal is usually less at the critical shear stress 
than after 10 pct elongation, according to Table II. 
This is illustrated in Fig. 7a. Note that at moderate 
strains the curves run parallel, indicating no dif- 
ference in strain hardening after the initial dif- 
ferences. 

It was observed that crystals of low orientation 
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(x. = 10° to 20°) yielded stress-strain curves which 
crossed at large strain values. The curves in Fig. 7b 
are typical. The crystals initially deformed by 
slipping, but as their basal planes rotated toward 
low values of x, they began to deform by twinning. 
Twinning always occurred first in the clean sections, 
and the plated sections did not show evidence of 
twinning until the strain in them had exceeded the 
strain at which twinning began in the clean sections. 
The twinning caused rapid strain hardening which 
accounts for the crossed curves in Fig. 7b. 

If x, lay in the range of 10° to 15°, another type 
of behavior was sometimes observed. The clean and 
plated portions of a crystal would begin to deform 
by slip at almost identical stress values. While the 
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Fig. S—Appearance of twin bands in crystal AE after 
deformation. White line marks boundary between 


clean and plated sections. Upper part was clean prior 
to deformation; bottom part was plated with copper. 


X3. 


two port continued to deform by slip, their 
St ain curves lay adjacent; but when they 
deform by twinning, their curves crossed 
rated. 

urves of Fig. 7 show that the effects of the 


ace films persisted at large strains. The surface 
films showed good adherence even after elongations 
of 200 pct (microscopic examination showed such 


films to be continuous). Apparently the films de- 
formed ductilely without rupture. The color of 
copper films became increasingly pale as deformation 
proceeded. X-ray diffraction showed that the films 
were polycrystalline on a very fine scale and showed 
no evidence of preferred orientations. 

Pickus and Parker“ observed that plated copper 
films quickly changed from copper to gray in color 
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Fig. S—Orientation dependence of the effect of a copper plate on 
the critical shear stress of zine crystals. t, is the critical shear 
the critical shear stress of clean crystal. 
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at 200°C because of diffusion. This effect was con- 
firmed in the present investigation at elevated tem- 
peratures, but no changes were observed at room 
temperature for several weeks. On the other hand, 
specimens which were plated with gold changed 
from gold to gray in color within 1 to 2 hr at room 
temperature. This was quite unexpected. 


Twinning: It was discovered that not only slip, but 
also twinning in zinc crystals is affected by plated 
copper films.” Data for this effect in ten crystals 
are given in Table II. Crystals in which x, =10° 
deformed by twinning mostly, and only by twinning 
for x, < 5°. Both type 1 and type 2 tests were per- 
formed and twinning always occurred at much 
lower stresses in the clean sections of the crystals 
than in the plated sections. 

The copper film thicknesses in the twinning tests 
varied from 700 to 5800A. The loads were applied 
by dead weight loading and the gage marks were 
checked with the loads applied. The loads were in- 
creased in 500 to 1000 g increments. The onset of 
twinning could be recognized by clicks, gage mark 
movements, and the appearance of twin bands. Often 
an incubation period for twinning was observed. 
Sometimes as many as 30 sec elapsed between load- 
ing and the appearance of a twin. Twinning seemed 
to be more catastrophic in the plated sections of 
the crystals than in the clean sections. 

The difference in critical tensile stresses for crys- 
tal AR, plated with a 700A copper film, was about 
250 g per sq mm. This corresponds to a load dif- 
ference of 3 kg. If the surface effect were due to 
the film strength alone, the stress in the film would 
be 2700 kg per sq mm. This is about 100 times the 
normal strength of copper. 

A copper plate affects the appearance of the twin 
bands in zinc crystals. The twin bands are wider 
on the average in the clean section of the crystal 
than in the plated portion. The specimen of Fig. 8 
was ground, chemically polished, and etched in 
order to show this, and other specimens have con- 
firmed the effect. The difference in thickness of the 
twin bands may reflect a direct effect of the plate 
on the growth of twins, or the plate may have 
effected only the nucleation of the bands and the 
thickness difference arose because most of the twins 
in the plated portion of the crystal formed when it 
was under greater tensile stress than when the twins 
in the clean portion formed. 

Orientation Dependence: The strengthening effect 
of a copper plate depends on the orientation of a zinc 
crystal. For a given plate thickness, the ratio of the 
critical stress for the clean part to that for the 
plated part of a crystal varies with x, as shown in 
Fig. 9. At two levels of plate thickness, the data 
show that the strengthening effect decreases with x, 
from 50° down to about 15°. Very little effect is 
found at the low angles. At angles below about 10°, 
in crystals which deform by twinning, the strength- 
ening effect becomes large again. The orientation 
dependence of the effect is not clearly understood, 
but, a, the ratio of the slip plane perimeter to the 
slip plane area may be significant. It should be 
noted that, for crystals which deformed by slipping, 
the strengthening effect of the copper plate increased 
with increasing a. By varying the diameter of his 
crystals, Roscoe* observed a similar dependence of 
strength on a for oxide films. Other surface effects 
also vary with x..° 

It is interesting that when the shear direction 
makes a large angle with the surface, the copper 
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plate effect is large, but it becomes smail as the angle 
decreases. When x, becomes so small that the mode 
of deformation changes from slip to twinning, the 
copper plate effect becomes large as does the angle 
between the shear direction and the surface. 


Summary and Conclusions 


Crystal Shape: Triangular and other specially 
shaped crystals of zinc and tin sometimes twist 
axially when elongated in simple tension. This is 
anomalous according to the classical theory of crys- 
tallographic slip and is associated with the shapes 
of the crystals. 

Data tentatively indicate that the critical shear 
strengths of zinc crystals are affected by their shapes. 

Triangular and rectangular tin crystals develop 
serrated corners when they are pulled in tension. 
The serrations consist of minute tensile kink bands 
and the affected corners always lie in planes roughly 
perpendicular to the plane containing the slip direc- 
tion and the tension axis. The serrations are more 
intense in plated crystals than in clean ones. 

Metal Surface Films: Both the creep and tensile 
properties of zinc, tin, and lead monocrystals are 
affected by evaporated and electrodeposited films of 
copper, nickel, gold, zinc, and silver. 

Evaporated films of copper and silver about 2000A 
thick reduced the creep rates of zinc crystals. The 
effect was small immediately after the films were 
applied, but it increased for several days thereafter. 
Aged evaporated copper films raised the stress-strain 
curves of zinc crystals. 

Copper films, plated onto zine crystals during 
creep tests, reduced the creep rate depending on the 
film thickness. This effect could be accounted for 
by assuming the copper to be supporting part of 
the load. 

Plated copper films raised the tensile stress-strain 
curves of zinc, tin, and lead crystals by an amount 
too large to be explained by the strength of the 
copper alone. The difference between the stress- 
strain curves was greater at moderate strains (say 
10 pet) than at small strains. Similar results were 
obtained for copper, nickel, gold, and zinc plates 
ranging in thickness from 700 to 6000A. The magni- 
tude of the copper plate effect for a given thickness 
increased with the orientation angle from about x, = 
== 

A very large surface effect was found for plated 
copper films on zinc crystals which deformed by 
twinning. The critical tensile stress for twinning is 
increased by 50 to 100 pct for copper about 2000A 
thick. Deformation twin bands are narrower on the 
average in the plated portion of a crystal than in the 
clean portion. 
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Technical Note 


Decarburization of High Carbon Cobalt Metal 


by John H. Dismant, J. Hugh Hamilton, W. Martin Fassell, 
and John R. Lewis 


ECENTLY this laboratory undertook the task of 
preparing some low carbon metallic cobalt by 
the carbon reduction of precipitated cobalt oxides. 
The oxides came in two lots and had the composi- 
tions given in Table I. Industrially, cobalt rondels' 
are made by the carbon reduction of cobalt oxide 
in small reverberatory furnaces at temperatures 
near but not above 1050°C. This is a slow and tedious 
small batch process but does give cobalt metal which 
is low in carbon (1 pct C). 

Inasmuch as these cobalt oxides were relatively 
low in copper and iron it was decided to reduce 
them with petroleum carbon in a small three-phase 
electric arc furnace of about 3 to 5 lb of metal 
capacity.” It was hoped such a procedure would save 
considerable time and perhaps also indicate an im- 
proved commercially feasible process. 

The furnace was preheated by using small pieces 
of carbon electrodes to maintain the arc until a tem- 
perature of 1500°C was reached. The broken pieces 
of electrodes were then removed and 500 g of the 
cobalt oxides and 60 to 100 g of petroleum coke 
added. At the end of the reduction reaction, a high 
lime flux was added to the furnace to facilitate the 
removal of sulphur. 

Due to the fineness of the cobalt oxide powder 
used and also to the presence of chlorides there was 
considerable dust lost in charging the furnace. This 
was overcome by preparing briquettes composed of 
the cobalt oxides, charcoal, and a little bentonite 
to serve as a binder. The results obtained are 
summarized in Table II, which shows that the cobalt 
metal produced in the are furnace was high in car- 
bon varying from 2.5 to 3.5 pct. This, of course, is 
much too high. For certain uses, such as in the 
preparation of permanent magnets, the carbon con- 
tent of cobalt must be low. It was necessary there- 
fore to find an effective method of reducing the 
carbon content of the cobalt that had been prepared 
in the are furnace. 

Van Arkel’ recommends the use of Co.O; as a 
means of removing carbon from cobalt. Experiments 
by the authors indicate that carbon is removed with 
difficulty by this method. Other methods used, in- 
cluding lancing of the molten high carbon cobalt 
with a jet of oxygen, proved to be ineffective. The 
method finally used makes use of the fact that cobalt 
metal is decarburized by carbon dioxide at the tem- 
perature of the molten metal. 

Two methods were used: 1—carbon dioxide was 
bubbled up through the molten cobalt, and 2— 
molten cobalt was maintained in a carbon dioxide 
atmosphere. In the first method the gas was intro- 
duced below the surface of the molten metal by 
means of a quartz tube. A high frequency induction 
furnace was used to keep the cobalt molten in both 
of these experiments. This kept the metal some- 
what agitated and no doubt was an important factor 
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Table |. Composition of Cobalt Oxides 


Co, Pct* S, Pct Cl, Pct Cu, Pet Fe, Pct 
Lot 1 65.5 2.9 1.2 
Lot 2 59.5 0.17 7.9 1.4 


* There was approximately 1 to 2 pct Ni present. 


Table II. Carbon Reduction of Cobalt Oxides in a Three Phase 
Electric Arc Furnace 


Charge Reduc- Metal Recovery 
Cobalt Car- Power tion Recov- of Co- 

Exp. Oxide, bon, Used, Time, ered, balt, Assay, 
No. £ g£ Kw-hr* Min g Pct Pet C** 

1 500 110 4 41 327 99.5. 3.5 

2 500 60 40 184 55.9 0.9 

3 500 90 5.1 45 291.5 91.0 2.87 
14 500 100 3.3 41 180 63.27 2.5 
32 483% 96 pp 19 251 88.0 


* Power used in a large furnace operation would be very much 
more favorable. 
** Carbon determined on a standard combustion boat and Orsat- 
type carbon analyzer. 
~ Temperature not high enough at time of pouring resulting in 
viscous slag shotted with metal. 
+ Briquettes of cobalt oxide, carbon, and bentonite used. 


Table III. Decarburization of Cobalt Metal with Carbon Dioxide 


Total Time 
Total Metal is 
Time Lanced Analysis 
Metal is with Head 
Exp. Molten, COz, Type of Sample, Product, 
No. Min Min Lancing Pet C Pct C 
8 10 4 Submerged 2.4 1.44 
9 15 6 Submerged 1.44 0.22 
10 10 7 Submerged 0.50 0.012 
27 61 31 Submerged 2.842 0.03 
28 98 42 COz atmosphere 2.25 0.003* 


* Beyond the limits of accuracy of the carbon determination. 


in hastening the decarburization process by the 
second method. Both methods gave satisfactory 
results as shown in Table III. An interesting ob- 
servation in connection with this work was that a 
small sample of carburized cobalt metal could be 
decarburized by heating it with an acetylene torch 
adjusted to give an oxidizing flame. This may have 
been due to the presence of carbon dioxide in the 
products of combustion. 

Samples of molten high carbon steel were de- 
carburized by the same method and it is suggested 
that nickel and perhaps manganese can be de- 
carburized in a similar manner. Additional work, 
including rate studies and other theoretical aspects 
of this problem, is in progress in this laboratory. 
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Use of Oxygen in the Bessemer Converter 


by W. T. Rogers and L. T. Sanchez 


This paper presents the results of a production experiment 
evaluating the effect of the use of oxygen in the bessemer con- 
verter with respect to its relation to blowing time, amount of 
steel scrap or cold pig iron which can be melted and teeming 

temperatures of the molten steel. 


HE simplest and probably the most efficient and 

economical means for producing steel from 
molten pig iron is the bessemer converter. This 
process is essentially a mechanism for bringing oxy- 
gen into contact with the molten metal thereby 
oxidizing the elements silicon, manganese, and car- 
bon. The source of oxygen is that contained in the 
air and is limited by that amount. In theory; there 
is an intermediate chemical reaction due to the mass 
action of iron and air which is represented by the 
equation: 

2Fe + O, = 2FeO 


The FeO then becomes the oxidizing agent and re- 
acts with the silicon, manganese, and carbon to pro- 
duce silicon dioxide (SiO,), manganese oxide (MnO), 
and carbon monoxide (CO), in the order men- 
tioned. The balancing of the various chemical re- 
actions shows that in the ordinary bessemer process 
more than sufficient oxygen is delivered to satisfy 
these reactions, which indicates that a further in- 
crease in the oxygen content of the air would serve 
no useful purpose. In spite of this reasoning, how- 
ever, it will be demonstrated that when melting 
steel scrap, commercially pure industrial oxygen in- 
troduced into the normal air blast will permit the 
melting of a larger proportion of steel scrap than is 
possible with air alone and also will increase the 
production rate by a substantial reduction in blow- 
ing time. It will also be shown that when melting 
cold pig iron, it is possible to melt up to twice as 
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much pig iron with the use of oxygen as can be 
melted without added oxygen with a nominal in- 
crease in blowing time. 

At the plant where this study was made, oxygen 
is purchased from a nearby supplier and piped di- 
rectly into the plant. It is supplied to the bessemer 
converter by being introduced directly into the 
blast line through an automatic control system 
which may be adjusted by the bessemer operator or 
‘“blower.’”? Normally, iron is supplied by five blast 
furnaces to an open hearth shop containing twelve 
165-ton capacity stationary furnaces and a bessemer 
converting shop having three 30-ton converters. The 
molten metal from the blast furnaces is allocated 
to one shop or the other in a manner to best provide 
for maximum production. At various times, it is 
desirable to direct the maximum amount of avail- 
able blast furnace production to the open hearth 
shop. This has the effect of reducing the production 
of the bessemer shop. When this condition exists, 
it is desirable to supplement the reduced iron charge 
at the bessemer with steel scrap or cold pig iron to 
the maximum possible extent in order to maintain 
high total ingot production. This condition becomes 
aggravated when one of the blast furnaces is taken 
out of production for any repair job and particularly 
for extended periods such as when relining is neces- 
sary. 

The purpose of the investigation and experimenta- 
tion with oxygen was to determine whether or not 
it would contribute to increased flexibility in the use 
of the raw materials, molten iron, steel scrap, and 
cold pig iron. In addition to the effect of oxygen on 
flexibility of operation, it was also necessary to de- 
termine the relation of its use to production rate or 
“blowing time,” final finishing temperature of the 
steel or “teeming temperature,” and steel quality. 
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The objective then, is to evaluate the effects of the 
use of oxygen on the following factors: 1—maxi- 
mum amount of steel scrap or cold pig iron which 
can be used to replace molten iron, 2—production 
rate or blowing time, 3—teeming temperature, 4— 
economy in the use of oxygen, and 5—effect on steel 
quality. 
Procedure 

After the equipment to supply oxygen to the air 
blast was installed, several blows of steel were 
made to familiarize the operating personnel with 
the use of the equipment. Following this, 145 blows 


The data on heats using steel scrap were analyzed 
by the use of multiple regression methods. Simple 
correlation coefficients were developed between each 
of the variables with blowing time and teeming 
temperature, following which a multiple regression 
equation was developed with those factors which 
were found to be significant. In this manner, it was 
possible to evaluate each related factor separately 
and secure the maximum efficiency in the use of 
data. The blows using cold pig iron were evaluated 
by summarizing in various increments of cold pig 
iron charged and comparing the results to estimates 
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developed by the use of the regression equations for 
steel scrap blows. 
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rig. 2—Independent relation of time from vessel up to the start 
of oxygen to time of blow. 


using steel scrap were processed on which the fol- 
lowing variables were studied with respect to their 
effect on blowing time and temperature within the 
ranges shown: 


1—Time from vessel up to start oxygen, 1 to 9 min 
2—Interval of time oxygen was used, 2 to 7 min 
3—Rate of oxygen flow, 820 to 1520 cu ft per min 
4—Total oxygen used, 1990 to 8400 cu ft 
5—Number of blank tuyeres, 5 to 16 

6—Scrap in total charge, 5.9 to 21.2 pct 

7—Total charge weight, 64,000 to 73,500 Ib 
8—Silicon in iron, 0.95 to 1.85 pet 


For purposes of comparison, during the same 
period, 200 blows were made using steel scrap with- 
out oxygen. Following this, an additional series of 
144 blows was processed using various amounts of 
cold pig iron and oxygen-enriched blast; these blows 
were compared to a group of 279 blows made during 
the same period using cold pig iron and no oxygen. 
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The main purpose of this report is to determine 
the value of introducing oxygen into the bessemer 
air blast with respect to its melting capabilities, and 
the effect of various amounts of steel scrap or cold 
pig iron and oxygen on production rate or blowing 
time. It is well known that the number of blank 
tuyeres in the vessel bottom and the silicon content 
of the blast furnace iron are two important factors 
affecting blowing time. It is therefore evident that 
the evaluation of the effect of oxygen on a produc- 
tion basis must be done by some method which will 
allow for the effects of variability in these related 
variables. The application of multiple regression 
analysis, and its faculty for giving a well-rounded 
evaluation in this particular type of problem, will 
be evident from the following discussion. 


Use of Oxygen with Steel Scrap 

There is a distinct difference in the behavior of 
steel scrap and that of cold pig iron. It is pointed 
out at this time that conclusions with respect to one 
cannot be applied to the other. The discussion will 
therefore have two subdivisions: one devoted to the 
use of steel scrap, and the other to the use of cold 
pig iron. In Fig. 1, frequency distributions directly 
comparing steel scrap blows using oxygen with 
regular blows are presented. From these curves, it 
is evident that the use of oxygen reduces the blow- 
ing time on the average by 2.79 min. It is also 
shown that blows using oxygen have a much more 
consistent distribution of blowing times, since the 
mode of the oxygen blows represents 23 pct of the 
total and has a range of 9 to 19 min; whereas, the 
mode of the regular blows represents only 17 pct 
of the distribution and has a range of 11 to 23 min 
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The standard deviation of oxygen blows is 2.16 min 
as compared to 2.47 min on regular blows. 

Frequency distributions, while giving an overall 
comparison, do not furnish sufficient information to 
properly determine the real difference which would 
exist if similar variables were held constant in both 
distributions. In order to evaluate more accurately 
the actual difference which exists under similar 
conditions and put the comparative results on a 
common basis, a multiple regression equation is de- 
veloped for each group of heats. These equations 
include those factors which are common to and ef- 
fective in determining the variability of the blow- 
ing time. The equations for those variables which 
were found related to blowing time are as follows: 

1—Blows with Oxygen: blowing time = 8.14 + 
0.5746 x time from vessel up to start oxygen + 0.1611 
x number of blank tuyeres + 3.3000 x percent sili- 
con in blast furnace iron — 0.2770 X percent scrap 
in the total charge. 

2—Regular Blows: blowing time = 5.44 + 0.4536 
x number of blank tuyeres + 3.180 x percent sili- 
con in blast furnace iron + 0.0320 x percent scrap 
in the total charge. 

The independent relation developed for each of the 
factors included in the above equations is shown 
graphically in Figs. 2 to 5 with the following dis- 
cussion bringing out the pertinent facts portrayed 
by each illustration. 

Effect of Oxygen on Blowing Time: In the multiple 
regression analysis, four factors relating to the use 
of oxygen were evaluated: 1—the time from turning 
the vessel up until the use of oxygen was started, 
2—the rate of flow of oxygen (cu ft per min), 3—the 
elapsed time during which oxygen was used, and 
4— the total amount of oxygen consumed. 

Only one of these variables, time from vessel up to 
start oxygen, gave sufficient evidence of relationship 
to be considered significant. The effect of this factor 
on blowing time is presented in Fig. 2, which shows 
that a straight line relationship exists and blowing 
time increases 0.57 min for each increase of 1 min 
in the time from vessel up to start oxygen. Conclu- 
sions made from this evaluation are that, within the 
range of the variables studied, the amount of oxygen, 
the rate of flow, and the length of time it is used are 
not important with respect to variability of blowing 
time. The one important factor is the elapsed time 
from turning the vessel up until the oxygen is intro- 
duced into the air blast. However, the use of oxygen 
too soon after the start of the blow, while reducing 
the blowing time, is not conducive to the maximum 
steel scrap melting, which is the important con- 
sideration under present operating conditions. The 
most efficient scrap melting practice has been ob- 
tained by introducing the oxygen into the blast 
coincident with the start of the carbon flame. In 
connection with the factor length of time oxygen is 
used, although the actual range of data shows 2 to 7 
min, practically all of the observations were of 4 
and 5 min periods. In view of this fact, the state- 
ment with respect to length of time oxygen is used 
should be that no difference is observed in this range. 

Effect of Blank Tuyeres on Blowing Time: The 
bessemer converter bottom on the vessels used in 
this study has 31 tuyeres, of which 5 are preblanked, 
leaving a maximum of 26 open tuyeres available for 
blowing. Since the tuyeres introduce the air blast 
into the bessemer charge, it is evident that the ef- 
ficiency of the process decreases as the number of 
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open tuyeres is reduced. The effect of taking tuyeres 
out of service, or “blanking,” is shown graphically 
in Fig. 3 for both oxygenated and regular blows. 
Referring to the previous equations, it will be noted 
that blowing time increases 0.16 min for each ad- 
ditional blank tuyere when oxygen is used and 0.45 
min with no oxygen. In comparing the two trend 
lines in Fig. 3, it will be noted that with 5 blank 
tuyeres or at the start of the vessel bottom life, the 
oxygen blows show a reduction of 1.4 min over the 
regular blows. At 10 blanks, this difference increases 
to 2.7 min, and with 16 blanks, it becomes 4.7 min. 
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Fig. 4—Independent relation of percentage of scrap in charge to 
time of blow. 
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Fig. 5—Independent relation of percentage of silicon in iron to time 
of blow. 


It is of further interest that Fig. 3 indicates that the 
use of oxygen-has the potentiality of increasing the 
service which can be obtained from a vessel bottom 
without affecting the blowing time too adversely. 
From the configuration of the actual points on the 
regular blows, it is shown that no increase in blow- 
ing time is obtained until 10 tuyeres are blanked, 
and, thereafter, it increases approximately 1 min 
for each additional blank tuyere. There is only slight 
evidence of the same type of relation on oxygenated 
blows. For purposes of practical application, the use 
of oxygen may be employed as a means of increasing 
the bottom life through the use of oxygen after 9 
tuyeres are blanked and continuing its use through- 
out the remainder of the bottom life or until 16 to 
20 tuyeres have been blanked. 


Effect of Steel Scrap in the Charge on Blowing 
Time: The main interest in connection with the use 
of oxygen is its effect on the amount of steel scrap 
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Fig. 6—Frequency distributions of temperature of bessemer blows. 


which can be melted. Every additional ton of steel 
scrap which can be melted in the bessemer makes an 
additional ton of molten pig iron available to the 
plant, and, consequently, maintains the maximum 
bessemer ingot production. 

The effect of steel scrap charged on blowing time 
is presented in Fig. 4 for both oxygen and regular 
blows. The range of scrap charged on regular blows 
is from 4 to 12 pct and there is no evidence of rela- 
tionship with time of blow in this range. On the 
oxygenated blows with a scrap range from 5.9 to 21.2 
pct, it is shown that time of blow is reduced 0.28 min 
for each 1 pct increase in scrap charged. In general, 
the determination of the amount of scrap to be 
charged was based on the amount of silicon in the 
iron. 

Effect of Silicon in Blast Furnace Iron on Blowing 
Time: Silicon is the one element to be eliminated 
from the blast furnace iron which presented the 
greatest variability with values ranging from 0.93 to 
1.85 pct. The effect of this element on blowing time 
for both regular and oxygenated blows is presented 
in Fig. 5, which shows that there is approximately 
the same relation in both cases with the time of blow 
increasing 3.3 min for each 1.0 pct Si on regular 
blows and 3.8 min for each 1 pct on oxygen blows. 
In consideration of the data presented in Figs. 4 and 


Table |. Blowing Time and Pouring Temperature for Various Levels 
of Steel Scrap and Silicon 


5, it is evident that the proportion of steel scrap 
charged should be increased materially on high 
silicon oxygen blows in order to reduce the time of 
blow and get the most satisfactory results from 
various combinations of these two factors when 
oxygen is being used. However, ensuing discussion 
of teeming temperatures will show that scrap usage 
is limited because of temperature considerations. 
Effect of Oxygen on Temperature of Finished 
Steel: While the blowing time and amount of steel 
scrap which can be melted are important considera- 
tions, another factor of major importance is the 
teeming temperature of the steel. Frequency dis- 
tributions of pouring temperature comparing oxygen 
and regular blows are presented in Fig. 6. It is 
evident from this comparison that the difference in 
average teeming temperature of 2968°F on oxygen 
blows and 2975°F on regular is not sufficiently 
large to be considered significant. The standard 
deviations, however, show a real difference in varia- 
bility with the oxygen blows having a greater tem- 
perature range than the regular blows. This dif- 
ference is attributed to lack of extended experience 
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4,000 6.0 13.4 14.8 15.9 
2967° 29752 2983° 

2938°-2996° 2946°-3004° 2954°-3012° 
6,000 9.0 12.6 14.0 15.0 
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2933°-2991°  2941°-2999° 2950°-3008° 
8,000 12.0 11.8 13e 14.3 
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10,000 15.0 10.9 12.4 13.4 
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Fig. 7—Independent relation of total charge weight to pouring 
temperature. 


with the use of oxygen and not to any factor intro- 
duced into the process by the use of oxygen. It can 
be expected that with increased experience the pro- 
portion of cold blows which are mainly responsible 
for the increased variability will be eliminated. 

In the analysis of factors associated with teeming 
temperature, it is of interest that the use of oxygen 
is in no way associated with final temperature. This 
is in line with the theory that the total heat produced 
is dependent on. the composition of the iron rather 
than on the increased amount of oxygen in the blast. 
The final results of the multiple regression analysis 
show that three factors are related to temperature 
on both oxygen and regular blows: 1—total charge 
weight, 2—percent scrap charged, and 3—percent 
silicon in iron. The equations representing the effect 
of these factors are: 

1—With Oxygen: pouring temperature = 2969 
— 0.0003 x total charge weight -- 1.57 xX percent 
scrap charged + 26.20 X percent silicon in blast 
furnace iron. 

2—Without Oxygen: pouring temperature = 3222 
— 0.0038 xX total charge weight — 1.78 x_ percent 
scrap charged + 17.00 xX percent silicon in blast 
furnace iron. 

The individual independent relations with these 
factors are presented in Figs. 7 to 9. 
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Effect of Total Charge Weight on Pouring Tem- 
perature: The effect of variation in total charge 
weight on pouring temperature is shown in Fig. 7. 
The calculated regression lines on this graph indicate 
an inverse relationship on both oxygenated and 
regular blows. It will be noted from this representa- 
tion of data that the effect of charge weight is much 
more pronounced on oxygen blows than on regular 
blows. The reason for this relation is not fully com- 
prehended, but there is no doubt of its existence 
from the evidence presented. 


Effect of Steel Scrap on Pouring Temperature: The 
addition of steel scrap to the converter charge has 
long been known, it is used as a standard operating 
practice in many plants to control the temperature 
of regular bessemer blows. The graphic presentation 
of its actual effect in reducing temperature on both 
regular and oxygen blows is exhibited in Fig. 8. It 
is shown by these curves and also by the previous 
equations that final pouring temperature is reduced 
at approximately the same rate in both cases. These 
relations are in line with generally accepted theory 
and serve to bear out the knowledge gained by the 


rOXYGEN BLOWS 
—--+REGULAR BLOws 
298 4-4 
2270F 
180 190.180. 190 180 
PERCENT SILICON IN IRON 


29 —t— oxyaen 
—+-- ROGULAR BLOWS 
2980 
> 
207% 
~ x 
294-0 
16.0 1860 20.0 


100 
PERCENT SCRAP 


Fig. 8—Independent relation of percentage of scrap charged to 
pouring temperature. 


operators that steel scrap is a good means of con- 
trolling excessive temperatures. 

Effect of Silicon in Blast Furnace Iron on Pouring 
Temperatures: Just as steel scrap works to reduce 
the pouring temperature, silicon in the blast furnace 
iron operates to increase it. The relations with sili- 
con are presented in Fig. 9 where it is evident that 
silicon exerts a more pronounced effect on the tem- 
perature of regular blows than it does on oxygen 
blows. 

Practical Application of the Multiple Correlation 
Study on Heats Using Steel Scrap: Under operating 
conditions of iron shortage, the main interest in the 
use of oxygen centers around its effect on the amount 
of additional scrap which can be melted in a bes- 
semer converter. From the foregoing analysis, it has 
been shown that increased amounts of scrap shorten 
the blowing time and reduce the final pouring tem- 
perature on oxygenated blows. It has also been 
demonstrated that silicon in the blast furnace iron 
increases the blowing time and the pouring tem- 
perature. On the basis of the opposing effects of 
these two variables, one of which, the steel scrap, 
is subject to positive control, and the other, the sili- 
con, which must be handled as it is received, it is 
possible to set up an estimating table which will 
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Fig. 9—Independent relation of silicon in iron to pouring temperature. 


show for various increments of scrap and specified 
ranges of silicon, the blowing time and pouring 
temperature that can be expected. This tabulation 
is presented in Table I. It will be noted that in 
addition to the average pouring temperature, an 
expected range of temperature is shown. This range 
is calculated on the basis of 2.6 o limits of expectancy 
from the standard deviation obtained on regular 
blows, since with added experience the operators 
will attain at least this much control. With this limit, 
it can be expected that only one blow in 200 will 
be outside the range shown. 

From Table I, a standard practice for the use of 
oxygen was developed from three levels of silicon 
using an amount of steel scrap which would insure 
the average observed temperature to be in the range 
of 2960° to 2965°F, a level which is believed to be 
as low as possible consistent with good pouring 
practice and satisfactory steel quality. This standard 
practice is presented in Table II which also includes 
the average conditions on regular blows for com- 
parative purposes and shows the additional steel 
scrap which can be melted for various levels of 
silicon in blast furnace iron. 

From this standard practice tabulation, it is evi- 
dent that when it is desirable to melt as much steel 
scrap as possible, it is also desirable to have high 
silicon blast furnace iron. This condition will also 
contribute to improved steel quality, as higher sili- 
con is usually associated with the low sulphur con- 
tent of the iron. A higher silicon-manganese ratio 
will also be obtained and tend to enhance the quality 
of the steel as well as produce good blowing opera- 
tions. With the use of oxygen, an additional 2000 to 


Table II. Standard Practice for the Use of Oxygen 


Silicon in hot metal 1.40 0.90-1.19 1.20-1.49 1.50-1.90 


Regular Oxygenated 
Blows Blows 
Steel, lb 4,000 6,000 9,000 12,000 
Hot metal, lb 63,000 61,000 58,000 55,000 
Total charge, lb 67,000 67,000 67,000 67,000 
Total time of blow, min 15.3 12.6 12.7 12D 
Time start oxygen into blast Start of carbon flame 
Rate of flow of Ov, cu ft per min 1,000 1,000 
Oxygen used, min 4 4 4 
Oz consumed, cu ft 4,000 4,000 4,000 
Average total blast volume, 
cu ft 450,000 371,000 373,000 368,000 
Oz» in total blast, pet 21.0 21.9 21.8 21.9 
Scrap in charge, pct 6.0 9.0 13.4 17.9 
Additional pounds of scrap 
per thousand cu ft Oz 500 1,200 2,000 
Total additional scrap 2,000 4,800 8,000 
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Table Ill. Comparison of Regular Blows and Oxygen Blows Using Cold Pig Iron 


Cold Pig Vessel Time of Blow : 
Charged, Lb Up to O», 2 Average Average Average Pouring 
No. Start Oo, Cu Ft Total Cold Pig No. of Si in Esti- Dif- Tempera- 
Heats Average Range .- Min per Min CuFt Iron, Pct Blanks Iron, Pct Actual mate ference ture, °F 
Regular blows 279 4,880 7.4 8.9 1:35 15.9 14.0 +1.9 2974 
Oxygen blows 36 9,400 Under 4.3 968 3873 14.0 7.9 Daly 14.5 11.9 +2.6 2976 
10,000 
Oxygen blows 60 10,400 10,000- 5.8 974 3885 15.5 8.4 1.46 ily 13.3 + 4.4 2973 
11,000 
Oxygen blows 48 12,400 12,000 6.8 970 3871 18.5 9.8 1.50 18.5 13.5 +5.0 2978 
and over 


8000 lb of steel scrap can be melted with a reduction 
of 2.6 min in blowing time over average conditions 
without oxygen for each silicon range. 


Effect of Oxygen in Melting Cold Pig Iron 

In evaluating the effect of oxygen on blows using 
cold pig iron, 144 blows using oxygen with various 
amounts of cold pig iron ranging from 8500 to 13,000 
lb were compared to the results obtained on 279 
regular blows with an average of 4880 lb of cold 
pig iron. The estimating equations for blows using 
steel scrap were applied to the pig iron blows thus 
permitting a direct comparison of blowing times 
between cold pig iron and steel scrap. The results 
of this comparison are presented in Table III. It is 
evident from this comparison that the substitution 
of pig iron results in a longer blowing time for any 
given amount of pig iron. This table also shows that 
the shortest blowing time is obtained with the use 
of oxygen and approximately 9500 lb of pig iron, 
but on further examination, it is seen that this con- 
dition would be expected from the average values 
exhibited for time from vessel up to start oxygen, 
number of blank tuyeres, and silicon in iron. It is 
obvious that to secure a reliable comparison, varia- 
tions in these values should be adjusted to a common 
level. This can be done by applying the equations 
previously calculated for steel scrap. The result of 
this application brings out the following facts: 

1—The use of cold pig iren in place of steel scrap 
on regular blows results in an increase of 1.9 min 
per blow. 

2—With the use of oxygen, the amount of cold pig 
iron in the charge can be doubled and for similar 
conditions of other factors, the blowing time will 
increase only 0.7 min. 

3—Cold pig iron in excess of 10,000 lb progres- 
sively increases blowing time to the extent that it is 
not recommended as a desirable practice from that 
viewpoint. 

4—Pouring temperature is not materially affected 
with the use of cold pig iron. 


Effect of Oxygen on Vessel Lining and Bottom 
Life: Observations throughout the conducting of the 
experiments with oxygen show that neither the ves- 
sel lining nor the bottom life was affected by its use. 


Effect of Oxygen on Steel Quality: Steel quality 
is a major consideration in evaluating the effect of 
any change in practice. However, there are no in- 
dications that oxygen in the bessemer affects either 


Table IV. Comparative Analysis of Slag FeO and Nitrogen 


FeO in Slag, Pct 


Nitrogen 

in Steel, 
Vessel Ladle Pet 
Regular Blows 18.06 17.08 0.0183 
Oxygen Blows 20.49 18.03 0.0173 
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the processing quality at the bessemer or steel 
quality at any subsequent processing point. Analysis 
of vessel slag, ladle slag, and nitrogen in the steel 
shows the slag on oxygen blows to be somewhat 
higher in FeO but indicates no difference in nitrogen 
content. 

Comparative analysis of slag FeO and nitrogen 
are given in Table IV. 


Conclusions 

The result of the experience gained in the running 
of the experiments with the use of oxygen in the 
bessemer blast has been to establish a standard prac- 
tice with respect to its effects which will permit the 
melting of considerably more steel scrap than can 
be melted without its use. It also can be of assistance 
in providing a greater flexibility in the use of steel 
scrap and molten pig iron so that a more efficient 
balance between the distribution of these two 
materials can be effected between the open hearth 
and bessemer shops. In addition, it has been shown 
that oxygen may be used to maintain a more uniform 
production rate by coupling the incidence of its use 
with the blanking of tuyeres and thus continue the 
productive rate of the converter throughout the 
normal span of bottom life instead of having it fall 
off after a nominal number of tuyeres are blanked. 

It has also been determined that with the use of 
oxygen, a greater proportion of cold pig iron can 
be charged into the vessels than can normally be 
charged. However, the melting of cold pig iron in- 
creases the blowing time especially when its pro- 
portions exceed 14 pct, so that the most economical 
amount from a standpoint of productive capacity 
is 14 pet or less. 

Evaluations of the effect of oxygen on final teem- 
ing temperatures indicate no difference from regular 
heats. The use of oxygen does not appear to affect 
vessel bottom life or final steel quality. 
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Effect of Manganese on the Activity of Sulphur 


In Liquid Iron and Iron-Carbon Alloys 


by J. P. Morris 


REVIOUS investigations” * have shown that al- 

loying elements in liquid iron influence the 
thermodynamic activity of sulphur and thereby 
affect the partition of sulphur between metal and 
slag in the desulphurization process. For example, 
the greater efficiency of desulphurization in the blast 
furnace as compared to the open hearth can be 
attributed in part to a higher level of sulphur 
activity in blast-furnace metal due to the higher 
concentration of carbon and silicon. In the present 
investigation, a short study was made of the in- 
fluence of manganese on the activity of sulphur in 
liquid iron and iron-carbon alloys. In contrast to 
carbon and silicon, manganese was found to decrease 
the activity coefficient of sulphur; and in iron-carbon 
alloys it counteracts to some extent the influence of 
carbon. However, at manganese concentrations 
normally present in the blast furnace or open hearth, 
the effect of manganese is small. 

Since manganese sulphide has a limited solubility 
in iron, Manganese can act under certain conditions 
as a desulphurizing agent. Considerable data on the 
manganese-sulphur product in carbon-saturated 
melts were obtained in the investigation and have 
been included in this report. 

The experimental procedure was the same as that 
used in the earlier investigations on the effect of 
silicon* and carbon’ on sulphur activity. Briefly, the 
method was as follows: The molten alloy, contained 
in a graphite or sintered alumina crucible, was 
brought to equilibrium at a constant temperature 
with a mixture of hydrogen and hydrogen sulphide 
of constant composition by bubbling the gas through 
the metal. Samples of the melt were taken for analy- 
sis at regular intervals by suction through a 2 to 3 
mm bore silica tube dipped into the metal. The 
experiments were run in a graphite spiral resistance 
furnace with melts weighing 50 to 60 g. The gas 
bubbling tubes were made of sintered alumina and 
were 5/16 in. OD, 1/16 in. ID, and 24 in. long. Equi- 
librium was assumed to have been attained when 
the sulphur content of the liquid metal reached a 
constant value. 

During an experiment there was a rapid loss of 
manganese from the melt by volatilization. To offset 
this loss, small additions of manganese were made 
periodically. The rate of manganese addition needed 
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to maintain a constant manganese concentration was 
determined in preliminary tests. 

In all of the experiments, deposits of manganese 
sulphide formed above the melts in a cooler region of 
the furnace. Apparently, these deposits resulted 
from a reaction between manganese vapor and 
hydrogen sulphide in the gas. To prove that manga- 
nese sulphide did not volatilize from the melts to a 
measurable extent, an experiment was run in which 
helium was bubbled through liquid iron containing 
both manganese and sulphur. Although manganese 
volatilized rapidly in this test, there was no ap- 
preciable loss of sulphur. Volatilization of manga- 
nese sulphide from a melt would have led to an 
apparent equilibrium condition in which the sulphur 
content of the metal was lower than the true equi- 
librium value. 

The experimental results are shown in the first 
seven columns of Table I. The data in the last two 
columns were obtained from the previous work on 
the effect of carbon” and show what the results 
would have been in the absence of manganese but 
with temperature, gas composition, and carbon con- 
tent of the metal remaining the same. Comparison 
of the last four columns show that, in the presence 
of manganese, the sulphur content of the metal in- 
creased at equilibrium and the activity coefficient 
of sulphur decreased. However, the results show 
that, for manganese concentrations below 3 pct, the 
effect of manganese is small. 

The values for activity coefficient of sulphur 
given in Table I were calculated from the following 
relations: 


S (in liquid metal) + H, (gas) = H.S (gas) [1] 


= 
ys X X pup 


= 0.00251 [2] 


where K is the equilibrium constant for the reac- 
tion, Dus and pn, are the partial pressures of hydro- 
gen sulphide and hydrogen, respectively, and ys is 
the activity coefficient of sulphur. The standard 
state for sulphur was taken to be a 1 pct solution of 
sulphur in pure iron. The numerical value for K at 
1600°C was determined in the earlier work. 

For the purpose of showing graphically the re- 
sults of the tests run at 1600°C, the activity coef- 
ficients of sulphur were recalculated so as to corre- 
spond to a manganese concentration in the metal of 
2 pct in each case. In the calculation it was assumed 
that the increase in sulphur content of the metal at 
equilibrium caused by the presence of manganese 
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Table |. Experimental Results and Comparison with Data for Manganese-free Metal 


Data on Mn-free Metal 


He Sulphur at Activity Sulphur at Activity 

Test Tempera- —- x108 Carbon, Equilibrium, Coefficient Equilibrium, Coefficient 
No. ture, °C H2 Pet Pet of Sulphur Pct of Sulphur 
134 1600 223 0.0 1.04 0. 0.94 00 
127 1600 2.40 2.2 0.54 1.77 0.49 1.95 
126 1600 2.42 4.0 0.29 3.32 0.26 Sole 
125 1600 2.37 Saturated 0.17 eels) 0.145 6.51 
124 1500 2.40 Saturated 0.19 0.17 

100 1400 23 Saturated 0.20 0.18 


was directly proportional to the manganese concen- 
tration. The results are plotted in Fig. 1, with the 
results obtained previously for carbon and silicon. 


Effect of Manganese on the Solubility Limit 

of Sulphur in Melts Saturated with Carbon 
During several preliminary experiments on sul- 
phur activity, a sulphide slag formed, indicating that 
the solubility limit of sulphur in the metal had been 
reached. To supplement the data on the solubility 
limit of sulphur obtained in these tests, two ad- 
ditional procedures were used: 1—Addition of 
manganese, stepwise, to a melt containing sulphur 
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Fig. 1—Effect of carbon, carbon plus 2 pct manganese, and silicon 
on the activity coefficient of sulphur in iron at 1600°C. 
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at a constant temperature, and 2—stepwise cooling 
of a melt containing both manganese and sulphur. 
The melts were made in graphite crucibles and 
stirred with helium bubbled into the metal through 
a graphite tube. Enough time was allowed in each 
step for attaining equilibrium before sampling. The 
amount of slag formed in an experiment was small, 
and slag samples of adequate size for analysis could 
not be obtained. 

The results of these experiments are shown in Fig. 
2, together with the results of similar work by 
Oelsen.? The discrepancy between the two sets of 
data at 1600°C may have been due to errors in 
temperature measurement or to improper sampling 
in one or both investigations. 

The reaction between manganese and sulphur in 
the metal and the value of the manganese-sulphur 
product can be represented by the following equa- 
tions: 


Mn + S = (MnS) [3] 
Gams) 
%Mn xX %S = [4] 
K X Yun X Ys 


where K is the equilibrium constant of the reaction, 
Gams, is the activity of manganese sulphide in the 
slag, and ym, and ys are the activity coefficients of 
manganese and sulphur in the metal, respectively. 

The manganese-sulphur product in iron is not a 
true solubility product, since the slag phase contains 
FeS as well as MnS. Eq 4 shows that the value of 
the product depends upon the activity of MnS in 
the slag and upon the activity coefficients of manga- 
nese and sulphur in the metal. At 1200° and 1400°C, 
the present work shows that the products are nearly 
constant over the concentratien range studied, the 
average values being about 0.05 and 0.26, respec- 
tively. At 1600°C, the product increases from 0.8 at 
1 pct Mn to 1.2 at 7 pct Mn. 

The curves in Fig. 2 give the maximum sulphur 
concentration that is possible in metal of a given 
manganese content and show that manganese alone 
is not an efficient desulphurizer, except at tempera- 
tures below the normal operating range. However, 
in the presence of an oxide slag, manganese may be 
more effective as a desulphurizer than is indicated 
in Fig. 2, since the activity of manganese sulphide 
in the slag would probably be much lower than in 
the pure sulphide slags formed in the present work. 
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Heats of Solution of Group IB Metals in Liquid Tin 


by L. B. Ticknor and M. B. Bever 


An isothermal calorimeter suitable for measurements of heats of 
solution in liquid tin as solvent is described. Measurements of the 
heats of solution of gold, silver, copper, and a gold-silver alloy are 
reported. The heat of formation of this gold-silver alloy is also re- 

ported. 


EATS of solution in liquids can be determined 

directly, but few such data have been pub- 
lished for metals as solvents. Knowledge of heats 
of solution is desirable because it contributes to the 
general understanding of energy relations in metallic 
solutions. Thermochemical measurements of this 
type also furnish answers to specific problems: For 
example, from the heats of solution of an alloy and 
of a mixture of its constituent elements in a given 
solvent, the heat of formation of the alloy may be 
found. Similarly, differences in the energy content 
of samples of the same metal in two different states, 
such as the annealed and cold worked states, may 
be determined. 

In the work reported here, gold, silver, and an 
alloy of gold and silver were dissolved in liquid tin 
at 240°C and gold, silver, and copper were dissolved 
in tin at 300°C. The experiments yielded the heats 
of solution of these metals in tin. The heat of forma- 
tion of the gold-silver alloy was also determined. 
The same calorimetric method is being used to 
measure the energy stored in metals during cold 
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working and preliminary results have been pub- 
lished.* 
Equipment and Experimental Procedure 

The isothermal calorimeter used in this work, Fig. 
1, consisted of a Dewar flask completely immersed 
in a constant-temperature salt bath. A long neck 
provided space for thermocouple leads and a stirrer 
shaft and permitted the injection of solute samples. 
The metal bath in the calorimeter flask was stirred 
at about 100 rpm by a small glass impeller driven 
by a constant-speed motor. The shaft of the stirrer 
passed through a Wilson vacuum seal.’ 

All measurements were made under vacuum in 
order to eliminate temperature disturbances result- 
ing from gas convection and to prevent the oxida- 
tion of tin. The calorimeter flask was joined by an 
all-glass connecting line to a gas-control system 
which made possible the use of a protective atmos- 
phere of deoxidized and dried hydrogen. At the 
operating temperature of the calorimeter tin oxide 
was not reduced by hydrogen, presumably because 
the reaction rate was too slow. Part of the closed 
system was a removable side tube through which 
the solute sample could be introduced and in which 
it was held at a temperature of 0°C prior to injection 
into the metal bath. 

The salt bath containing a mixture of sodium, 
lithium, and potassium nitrates was similar to that 
described by Beattie’ and was equipped with a stir- 
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Fig. 1—View of calorimetric equipment. 


ring mechanism described by Collins.* The tempera- 
ture was regulated by a mercury thermoregulator. 
The calorimeter could be operated at temperatures 
from 150° to approximately 320°C and with a dif- 
ferent temperature control device the range could 
have been extended to 500°C. 

A multiple iron-constantan thermocouple consist- 
ing of two pairs of junctions in series was used for 
measuring the metal bath temperature; the hot junc- 
tions were wound in the form of a close helix in 
order to reduce heat losses by conduction through 
the leads. The temperature of the salt bath was fol- 
lowed with a similar multiple thermocouple. The 
thermocouples were calibrated at the steam, mer- 
cury, and sulphur points. The electromotive forces 
were read on a potentiometer-galvanometer com- 
bination to 1 microvolt corresponding to a tempera- 
ture difference of 0.01°C. Under steady conditions 
the temperature variation in the salt bath was about 
+0.02°C and in the liquid metal less than --0.01°C. 

The tin contained metallic impurities totaling less 
than 0.003 pct according to the J. T. Baker Chemical 
Co. analysis. The purity of the gold was about 99.95 
pet, that of the silver about 99.92 pct, and that of 
the gold-silver alloy 74.95 pect Au and 25.01 pct Ag 
according to the analyses of Handy & Harman. The 
copper was made by the process of Smart, Smith, 
and Phillips’ and the impurity limits stated by them 
applied to it. All solute metals were obtained in the 
form of wire of 0.032 in. diam. They were cleaned, 
cold-rolled into thin ribbon to increase the rate of 
solution, and annealed above their recrystallization 
ranges. The copper was deoxidized with hydrogen 
in the sample tube prior to injection into the metal 
bath. The tungsten wire used in the calibration had 
a diameter of 0.025 in. 

In preparing a run tin metal stick was scraped to 
remove any oxide and was placed in the calorimeter 
flask. The flask was inserted into the salt bath and 
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connected to the gas-control system. The air was 
pumped out and replaced with hydrogen; after 
changing the hydrogen several times a vacuum was 
established. Little oxidation took place in the short 
time required for these initial operations, during 
which the tin was at a low temperature because the 
heat transfer was slow. After the tin was melted, 
which required more than 4 hr, the metal bath 
stirrer was started. A sample of solute metal was 
placed in the sample tube: which was cooled in an 
ice-water bath. 

About 4 hr after melting, the temperature of the 
liquid metal attained a steady state. The sample 
tube was then rotated about its ground glass joint 
into a vertical position and the solute metal dropped 
into the liquid metal in the calorimeter flask. The 
addition resulted in a change of the temperature of 
the liquid metal, which was followed at frequent 
intervals. The solute sample came to the tempera- 
ture of the metal bath in about one-fourth of a 
minute as shown by the calibrating addition of tung- 
sten and dissolved in 1 to 4 min with a few excep- 
tions discussed later. About 5 to 10 min were re- 
quired in most runs for the cooling or heating of the 
metal bath to become nearly exponential and about 
3 hr elapsed before the bath returned to within 
0.01°C of its original steady-state temperature. 

In a typical run four successive additions were 
made. The heat capacity of the calorimeter was de- 
termined for each run from a fifth addition consist- 
ing of tungsten wire. 


Method of Calculation 


The method of evaluating calorimetric measure- 
ments as well as the design and operation of calori- 
meters are the subject of several treatises.°° An out- 
line of the methods of calculation used in the work 
reported here is nevertheless warranted. 

Upon the addition of a sample of solute metal, the 
temperature of the metal bath first decreases slightly 
as the sample absorbs heat, and then decreases fur- 
ther or increases, depending on whether the dis- 
solution process is endothermic or exothermic. The 
resulting difference in the temperatures of the metal 
bath and the salt bath causes an exchange of heat, 
which reduces the temperature change of the metal 
below the maximum which would be attained under 
adiabatic conditions. Eventually, the temperature of 
the metal bath returns to its original value by con- 
tinued heat exchange with the surroundings, which 
consist mainly of the salt bath. During this later 
period, or “rating period,” the exchange of heat can be 
followed quantitatively and the resulting measure- 
ments are used to calculate the heat exchanged dur- 
ing the period immediately after the addition, or 
“experimental period.” 

The calculation of the total heat effect of a sample 
addition consists of two parts: 1—The temperature 
change at a certain time after adding the sample is 
multiplied by the heat capacity of the calorimeter, 
and 2—to this is added the heat exchanged with the 
surroundings during the interval. 

For the first part of the calculation the heat capac- 
ity of the calorimeter, also known as its “water 
value,” or “energy equivalent,” is obtained from the 
calibration with tungsten wire and the published 
specific heat of tungsten.’ The temperature change is 
taken for a time, t’, at which the solution process is 
complete and nearly exponential cooling has begun 
as explained later. This time is taken as 10 min for 
all additions (except the fourth addition in run No. 2 
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for which 15 min had to be taken because of slow 
dissolution). The maximum observed temperature 
change varied from —5° to +2°C depending on the 
nature and quantity of solute added. 

For the second part of the calculation, the rate of 
heat transfer is found by assuming Newton’s law of 
exponential cooling. For small changes in tempera- 
ture, a linear relation between the temperature and 
the electromotive force of the measuring thermo- 
couple may be assumed. Newton’s law can then be 
expressed by the equation: 


= —kA(emf) [la] 
dt 
which upon integration yields: 
In A(emf) = —kt + constant [1b] 


A(emf) is the difference of the instantaneous value 
of the electromotive force and the steady-state value 
before the solute is added. Plotting InA(emf) against 
time for the rating period should give a straight line, 
the slope of which equals —k. 

The heat exchanged between the calorimeter and 
its surroundings during the experimental period is 
found by graphically integrating the values of 
k(Aemf) with respect to time from the time of the 
injection of the sample ft, to time t’. The result is 
converted into energy units by dividing by the elec- 
tromotive power dE/dT and multiplying with the 
heat capacity of the calorimeter according to the 
equation: 


Q = Cp X dT/dE xnx f A(emf) dt [2] 


t 


To obtain the heat of solution, the heat for bring- 
ing the solute metal from 0°C to the temperature of 
the metal bath at the time t’, must be subtracted 
from the total heat effect. The specific heats of the 
pure metals were taken from the literature’ and the 
specific heat of the gold-silver alloy was calculated 
by the Kopp-Neumann rule, which has been shown 
to hold for this system.” 

The calibration addition is calculated in a manner 
analogous to that for the solute additions with the 
difference that the value of the heat effect is known 
and the heat capacity of the calorimeter is found. 


Experimental Results 

Tables I and II list the integral heats of solution 
at 240°C and 300°C expressed in calories per gram- 
atom of solute; the compositions are stated as atomic 
percentage of solute in the solution formed. The heat 
of solution, AH, has a positive sign, if heat is ab- 
sorbed. To obtain the integral heats of solution for 
the second, third, and fourth additions in each run, 
the heats of solution for all prior additions are added 
to the heat of solution of the addition under consid- 
eration and the total is referred to the total quantity 
of solute metal added. 

Runs No. 11 and 12, from which the heats of solu- 
tion in tin of the gold-silver alloy at 240°C were 
obtained, call for comment. In these runs identical 
quantities of tin were used and each addition con- 
sisted of the same amount of solute, but the first and 
third additions of run No. 11 and the second and 
fourth additions of run No. 12 had been annealed, 
whereas the other additions had been cold worked. 
The stored energy of cold working could be deter- 
mined and has been reported.* To obtain the integral 
heats of solution stated in Table I the results for 
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Table |. Integral Heats of Solution of Gold, Silver, and Gold-Silver 
Alloy in Tin at 240°C and for Different Resulting Compositions 


Heat of 
Solution, 
AH, 
Resulting Cal per 
Composition, G-atom 
Atomic of 
Run No. Solute Pct Solute Solute 
17 Au 0.54 — 5980 
1.07 —5980 
1.59 —5980 
2.11 —5960 
2 Ag 0.97 3710 
1.92 3620 
2.84 3530 
3.76 3440 
11,12 Alloy of 0.64 — 1330 
75% Au and 1.27 — 1340 
25% Ag 1.90 —1350 
2.51 — 1360 


annealed additions of run No. 11 were combined 
with those for the annealed additions of run No. 12. 
This combination was justified because the runs 
agreed within the uncertainty of observation. 

In the composition range investigated, the integral 
heat of solution is approximately a linear function 
of the composition and may be extrapolated to in- 
finite dilution. The resulting values are listed in 
Table III. 

All measurements were made within 2° of 240° 
and 300°C. The results are reported for these even 
temperatures because over a range of 4° the heat 
of solution varies less than the uncertainty of the 
measurements. 

Table IV gives the values of the observed heat 
effects for the additions of annealed alloy (runs No. 
11 and 12) and for the mixtures of annealed gold 
and silver (run No. 13). Corresponding additions in 
these runs consisted of the same amount and overall 
composition of metal. The average of the values in 
Table IV yields a heat of formation of the 75 pct 
Au-25 pct Ag alloy of —1010 cal per g-atom of alloy 

Discussion 

Performance of Apparatus: The performance of 

the calorimeter in a given run could be judged by 


Table Il. Integral Heats of Solution of Gold, Silver, and Copper in 
Tin at 300°C for Different Resulting Compositions 


Heat of 
Solution, 
AH 


Resulting 
Composition, G-atom 
Atomic of 
Pct Solute 


Run No. Solute 


18 Au 


21 Ag 


22 Ag 


wSRONW 


20 Cu 


NRRO 
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Table III. Integral Heats of Solution at Infinite Dilution of Gold, 
Silver, Gold-Silver Alloy, and Copper in Tin at 240° and 300°C 


Heat of 
Solution, 
AH, 
Cal per 
G-atom 
Tempera- of 
Run No. Solute ture, °C Solute 
17 Au 240 — 5980 
18 Au 300 —5610 
2 Ag 240 3800 
21, 22 Ag 300 3900 
Alloy 240 — 1320 
20 Cu 300 2570 


several indications. Among these were the time re- 
quired for dissolution, the shape and slope of the 
plot of In A(emf) vs. time, and the consistency of 
the results for the several additions of solute. 

The time required for dissolution depended upon 
the nature, subdivision, and surface condition of the 
solute, the temperature of the metal bath, and the 
conditions at its surface. In the runs reported dis- 
solution was completed within 4 min except in the 
silver run at 240°C and the copper run at 300°C, in 
which the times required for dissolution ranged up 
to 12 min. The four consecutive additions of copper, 
for example, required 5, 6, 8, and 10 min to dissolve. 
An increase in the time of dissolution makes the 
calculated heat effect less certain. At 240°C copper 
dissolved so slowly that the results were not con- 
sidered reliable. On the other hand, the samples of 
gold-silver alloy dissolved within 1 min, which is 
one of several factors contributing toward the high 
precision of the values obtained. 

Oxidation of the tin tended to interfere with the 
dissolution process, but could not be prevented en- 
tirely. The presence of more than a slight amount 
of tin oxide caused a skin to form across the surface 
of the liquid metal bath, on which the sample of 
added metal in some instances floated, although it 
had a greater density than tin. When this happened, 
the sample was insulated both thermally and chem- 
ically. Such difficulties occurred with calibration 
additions as well as solute additions and caused sev- 
eral runs to fail. If the stirrer was placed near the 
liquid metal surface in such a position as to break 
up the oxide skin, successful operation of the calori- 
meter was made possible in spite of slight oxidation. 

Calculations: The heat exchanged between the 
calorimeter flask and its surroundings is less certain 
than the heat effect calculated from the tempera- 
ture change within the metal bath. It is, therefore, 
desirable to make both calculations for as early a 


Table IV. Observed Heat Effects for Runs No. 11, 12, and 13 and 
Heat of Formation of Gold-Silver Alloy 


Heat of 
Forma- 
tion 

Run 11 Run 12 Run 13 by Dif- 
(Alloy) (Alloy) (Mixture) ference, 

Addi- Cal per Cal per Cal per Cal per 
tion G-atom G-atom G-atom G-atom 
1 147 —873 — 1020 
2 127 —880 —1010 
3 105 —917 —1020 
4 74 —909 — 980 
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time after the solute addition as possible. On the 
other hand, the processes of dissolution and tem- 
perature equilization throughout the metal bath must 
be complete. 

The plot of In A(emf) vs. time should give a 
straight line if the calorimeter follows Newton’s law. 
Nearly all plots, however, showed a slight decrease 
in slope in the interval from 5 to 25 min; thereafter 
the slope became fairly constant. The change in slope 
is attributed to a lag in establishing a steady-state 
temperature distribution in the walls of the Dewar 
flask. Thus more of the flask is slowly included as 
part of the calorimeter system, causing a slight in- 
crease in effective heat capacity with time. 

The value of k was obtained as the slope of the 
curve of In A(emf) vs. time, at time t’ equal to 10 
min after the addition of the sample. Since k often 
varied between additions as well as between runs, 
perhaps as a result of oxidation, the value of k 
measured for a given addition was used in the cal- 
culations of that addition. However, in the measure- 
ments on the gold-silver alloy and the mixture of 
gold and silver, the temperature change for the 
solute additions was so small that the k determined 
from the calibration addition was considered more 
dependable and was used in the calculations of all 
additions. The value of k for most runs ranged be- 
tween 0.035 and 0.045 min™. 

In the evaluation of heats of formation (and of 
retained energies of cold working) the values can 
be obtained directly from the observed heat effects 
by difference. The two runs, however, must be iden- 
tical except for the condition of the solute. This is 
illustrated by runs No. 11, 12 and 13, as given in 
Table IV. 

Precision: The consistency of the results within a 
given run can be judged by comparing the heats of 
solution for the consecutive additions. For the com- 
position ranges covered the heat of solution should 
be a nearly linear function of the composition and 
deviations from linearity are assumed to be caused 
by experimental errors. The runs at 300°C show 
greater scattering than those at 240°C. 

The difference between the results of runs No. 21 
and 22 was about 150 cal per g-atom of silver dis- 
solved while in runs No. 11 and 12, the difference 
was established to be less than 20 cal per g-atom of 
gold-silver alloy dissolved. In evaluating runs No. 
21 and 22, the former is considered less reliable be- 
cause of oxidation and is reported mainly to illus- 
trate the effect of this operating difficulty on the 
measurements made. The high precision of the 
measurements made with the gold-silver alloy re- 
sulted from several factors. The time required for 
dissolution was less than 1 min. After dissolution 
the temperature change was less than 10 microvolts 
corresponding to AT less than 0.1°C and since the 
calorimeter exchanged heat very slowly, it was pos- 
sible to estimate the 4(emf) values to 0.5 microvolts. 

Accuracy: The major sources of error were the 
determination of the temperature change in the 
calorimeter and the evaluation of the heat exchanged 
between the calorimeter and the salt bath. The 
A(emf) values ranged from 100 to 400 microvolts 
at time t’ and probably are not in error by more 
than 2 microvolts or 2 pct. The additions of the gold- 
silver alloy and the mixture are exceptions, because 
the A(emf) values were probably correct to 1 micro- 
volt. 

The error in the evaluation of the heat exchanged 
with the salt bath results mainly from deviations in 
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the cooling of the calorimeter from Newton’s law. 
That this error may be less than 1 pct is suggested 
by a special run in which two calibration additions 
of 4 and 8 g of tungsten yielded heat capacities of 
the calorimeter differing by less than 0.6 pct. The 
uncertainty in determining the slope at time t’ was 
estimated to be about 3 pct. The errors in the A(emf) 
values used in the integration tended to cancel 
through the integration process. 

Minor sources of error in the reported results were 
the uncertainty in the weights and purity of tin, 
tungsten, and solute metals, the change in composi- 
tion due to oxidation of the metal bath and heat 
effects due to side reactions such as oxidation of the 
tin during the period of measurement. In addition, 
errors in determining the absolute temperature and 
errors in published values of the heat capacities of 
pure metals should be considered. An analysis of 
these errors indicates that they were negligible com- 
pared to the major errors already discussed. 

Many of the errors affected both the calibration 
and solute additions in the same direction and to 
approximately the same extent and, therefore, their 
effects on the results are reduced. 

The value of the total heat effect in the calorimeter 
is estimated to be accurate to about 5 pct. The heat 
required to raise the solute from 0°C to the tem- 
perature of the experiment is probably accurate to 
0.5 pet. The following uncertainty limits in cal per 
g-atom are assigned to the heats of solution stated 
in the tables: gold, 200; silver and copper, 150; gold- 
silver alloy, 25. The uncertainty in the heat of forma- 
tion is about 5 pct or 50 cal per g-atom. 

Interpretation of Results: The absolute value of 
the integral heats of solution per gram-atom of 
solute may be expected to decrease linearly with 
increasing atomic percent solute in dilute solutions. 
A plot of the values listed in Tables I and II shows 
this behavior for silver and copper; the heat of solu- 
tion of gold in tin is constant over the concentration 
range investigated and the slope of the heats of 
solution of the gold-silver alloy falls between those 
of the component metals. 

The heats of solution of group IB metals at infinite 
dilution in tin (Table III) are not as similar as might 
be expected from the similarity of many of their 
properties. These differences in the heats of solution 
suggest that gold, silver, and copper differ markedly 
in their atomic interaction with tin as a solvent. 

From the measured values of the heats of solution 
at infinite dilution and estimated values of the heat 
of fusion, the heat of mixing of liquid tin and under- 
cooled liquid gold, silver, or copper can be estimated. 
The heat of fusion to form undercooled liquid at 
300°C is calculated from the value at the melting 
point and the heat capacities of the solid and of the 
undercooled liquid. The estimates of the partial molar 
heats of mixing at 300°C are —8400 cal per g-atom 
of gold, +1250 cal per g-atom of silver, and —50 cal 
per g-atom of copper. The negligible heat of mixing 
for copper points to ideal solution behavior. The 
negative value for gold is consistent with the gold- 
tin phase diagram, which shows that this system 
has a strong tendency toward compound formation 
in the solid state. 

Measurements of the electromotive force of gal- 
vanic cells consisting of liquid tin and gold-tin alloys 
containing at least 9 pct of gold show negative de- 
viations of the activity of gold in tin from ideal be- 
havior." These results yield a partial molar heat of 
mixing in tin of —7100 cal per g-atom of gold at 
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infinite dilution at 600°C. By a tenuous extrapola- 
tion to 600°C of the heats of solution determined 
in the investigation reported here and by estimating 
the heat of fusion of gold at this temperature, a 
partial molar heat of mixing at infinite dilution of 
—6700 cal per g-atom is found. On the basis of sim- 
ilar measurements on the tin-silver system” a value 
of 5178.5 cal per g-atom of silver at infinite solution 
at 627°C has been reported; this value contrasts with 


a value of 1600 cal per g-atom estimated from the 


results reported here. 

The value of the heat of formation at 0°C of the 
gold-silver alloy of —1010 cal per g-atom compares 
with a value of —890 cal per g-atom found for 500°C 
from data based on electromotive force measure- 
ments in galvanic cells.” 


Summary 

1—An isothermal calorimeter has been described 
which is suitable for measurements of heats of solu- 
tion using liquid metal solvents in the temperature 
range from 150° to 320°C. Measurements may be 
made so as to yield other thermodynamic quantities 
such as heats of formation of alloys. 

2—Integral heats of solution in liquid tin were 
measured at 240°C for gold, silver, and a gold-silver 
alloy and at 300°C for gold, silver, and copper as 
functions of the composition of the resulting solu- 
tion. A linear relation was found in all cases over 
the composition ranges covered. 

3—Heats of solution at infinite dilution were ob- 
tained by extrapolation. 

4—The heat of formation of a 75 wt pct gold and 
25 wt pct silver alloy at 0°C was determined. 
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Influence of Chemical Composition on the Rupture Properties 


At 1200°F of Wrought Cr-Ni-Co-Fe-Mo-W-Cb Alloys 


by E. E. Reynolds, J. W. Freeman, and A. E. White 


From a study of 63 systematic alloy modifications it was found 
that molybdenum, tungsten, and columbium, added individually or 
simultaneously, and increases in chromium cause major improye- 
ments in 1200°F rupture strengths of Cr-Ni-Co-Fe base alloys. Rup- 
ture strengths were a function of the effect of composition modi- 
fications on both the inherent creep resistance and the amount of 

deformation the alloy would tolerate before fracture. 


HIS paper describes the results of an investiga- 

tion of a series of alloys with systematic varia- 
tions of the chemical composition of the following 
20.05 (Co; 20.0: Mo, 3:0; W, 2.0; Cb, 1:0; N, 0:12: Be) 
32.0 pct. The 62 modifications of this alloy were pro- 
duced under conditions which minimized all factors 
influencing properties at high temperatures except 
composition. Melting, fabrication, and heat treat- 
ment were carefully maintained constant. Stress- 
rupture properties at 1200°F were used as the pri- 
mary criteria of evaluation of the alloy. The objec- 
tive of the study was to obtain data for determining 
the fundamental role of the influence of alloying 
elements on properties of heat-resistant alloys at 
high temperatures. In addition the results should be 
useful in determining optimum chemical composi- 
tions, the sensitivity of properties to variations in 
composition, and the degree to which alloy content 
could be reduced while retaining worthwhile prop- 
erties. 

It is difficult or impossible to develop correlations 
between properties at high temperatures and sys- 
tematic variations in chemical composition from pub- 
lished data for wrought heat-resistant alloys de- 
veloped for gas turbines.” * The main reason for this 
is the extreme dependence of the properties on con- 
ditions of treatment of the alloys.’ In most cases 
variation in final treatments between alloys so in- 
fluences the properties that the influence of chemical 
composition is obscured. In addition it is recognized 
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Table |. Basic Alloy and Some Modifications Used 


Basic Alloy, Variations in 


Element Pet Composition, Pct 
(@ 0.15 0.08, 0.40, 0.60 
Mn 1.7 0.03, 0.25, 0.50, 1.0, 2.5 
Si 0.50 1.2, 1.6 
Cr 20.0 10, 30 
Ni 20.0 0, 10, 30 
Co 20.0 0, 10, 30 
Mo 3.0 OF 
WwW 2.0 
Cb 1.0 0, 2,4, 6 
N 0.12 0.004, 0.08, 0.18 
Fe 32.0 
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that variations exist between heats of the same alloy 
which are related to melting practice and that there 
is a strong possibility that conditions of hot working 
influence response to final treatments. 

The development of heat-resistant alloys has been 
based on the gradual accumulation of data roughly 
related to composition from extensive testing pro- 
grams. There is every reason to believe that in most 
cases the optimum compositions have been achieved 
by this procedure in the alloys commercially avail- 
able. There are, however, very little data showing 
the influence of systematic variations of composition 
free from the influence of other factors, particularly 
for alloys of the type investigated. Several inves- 
tigators of cast alloys have demonstrated composi- 
tional effects, notably Grant,*® Epremian,’ Guy,* and 
Harder and Gow.’ Sykes” reviewed the work on the 
wrought alloy Rex 78 and the systematic variations 
of carbon, copper, molybdenum, and cobalt leading 
to the development of the stronger Rex 337A alloy. 
From the papers by Wilson“ and Henry” it is pos- 
sible to deduce the beneficial effect of substituting 
cobalt for iron in 0.45 pet C-20 pet Cr-20 pct Ni- 
4 pet Mo-4 pet W- 4 pct Cb alloys. Wilson men- 
tioned but did not present the extensive composi- 
tional studies involved in developing these alloys. 
Binder™ showed optimum properties for 3, 2, and 1 
pet, respectively, for molybdenum, tungsten, and 
columbium in 20 pct Cr-20 pet Ni-20 pct Co-30 pct 
Fe alloys for limited systematic variations of these 
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elements in hot-worked bar stock. The same article, 
however, indicated the pronounced influence that 
variable hot-working conditions can have on the 
alloy. Since completion of the present study Harris 
and Child“ have reported their work on the effect 
of carbide-forming elements on properties at 750° 
to 800°C (1382° to 1472°F) of Cr-Ni-Co-Fe alloys. 


Procedure 

Sixty-three alloys were investigated. Table I 
gives the basic alloy and some composition modifica- 
tions used. In addition molybdenum, tungsten, and 
columbium were varied simultaneously from 0 to 4 
pet in steps of 2 pct. Iron variations compensated 
for variations of total alloy content. For brevity a 
tabulation of the complete analyses is omitted. 

Initial development of melting, forging, and heat 
treatment procedures to minimize all variable effects 
on properties except composition was done on the 
basic alloy. The reproducibility from heat to heat 
of rupture properties at 1200°F was the main crite- 
rion for final adoption of preparation procedures. 

The alloys were melted as 9 lb induction furnace 
heats and poured into 9 in. tapered ingots. Ca-Si 
was used as a deoxidant. Care was taken to stand- 
ardize melting practice for all the alloys. The effect 
of four deoxidation practices on properties was de- 
termined on the basic alloy. In addition to the 
standard Ca-Si deoxidation, heats were melted using 
no deoxidation, Zr-Si-Fe deoxidant, and a fluorspar 
slag. 

The alloys were forged on a 400 lb capacity air 
hammer to 0.45 in. round bar stock in swaging dies. 
_ Preliminary forging experiments with varying tech- 
niques indicated that this swaging procedure was 
the easiest to control and reproduce. However, some 
of the alloys with variable carbon and manganese, 
made early in the program, were tested as square 
bar stock. Initial forging temperature was 2200°F 
‘with finishing temperatures above 1800°F as judged 
by color. 

From previous investigation of the basic alloy*® and 
preliminary experiments in this study, to find the 
treatment giving the best agreement in properties 
between heats, the following treatment was decided 
upon for all the experimental alloys: solution treated 
at 2200°F for 1 hr and water quenched plus aged 
at 1400°F for 24 hr and air cooled. : 

Vickers hardness and metallographic examinations 
were made on all the alloys. Electrolytic 10 pct 
chromic acid and water solution was used as an 
etchant. 

The high temperature load carrying ability of the 
alloys was evaluated by stress-rupture properties 
at 1200°F. Rupture test specimens were 0.250 in. in 
diam with a 1 in. gage length. Tests of sufficient 
duration were made to establish the 100 hr rupture 
strengths and to permit at least an estimate of the 
1000 hr strengths. Minimum creep rates were de- 
termined from time-elongation data taken during 
the rupture tests. The rupture strengths reported 
were established by double logarithmic curves of 
stress against the rupture time. Stresses causing 
given creep rates were obtained from double loga- 
rithmic curves of stress against minimum creep rate. 


Reproducibility of Rupture Properties 
The final objective of the work on techniques for 
preparing the experimental alloys was the develop- 
ment of a condition in which the rupture properties 
at 1200°F were reproducible. from heat to heat of 
a given composition. Determination of significant 
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property variations with chemical composition de- 
pends on the range of this reproducibility. 

The rupture test characteristics at 1200°F for six 
heats of the basic alloy are given in Table II for both 
square and round bar stock. The range of repro- 
ducibility of rupture properties indicated for the 
round stock forged by the swaging procedure was 
as follows: 100 hr rupture strength, 48,000 to 50,000 
psi; 1000 hr rupture strength, 37,000 to 38,000 psi; 
100 hr rupture elongation, 19 to 25 pet. These ranges 
are used in interpretating the significant influences 
of composition variables for the materials forged as 
rounds. Properties of alloys with variable carbon 
and manganese, forged early in the program as 
square stock and tested as such, are compared with 
the wider property range indicated in Table II for 
square stock. Creep-rate stresses treated in a similar 
manner are also shown. 

In addition Table II gives properties of alloys 74 
and 75 which indicate that variation in deoxidation 
practice can have a pronounced effect on high tem- 
perature characteristics of alloys of this type. The 
influence on rupture test characteristics of changing 
hot-working and melting procedures indicates that 
the solution treatment of 2200°F did not completely 
eliminate variables in prior processing. Further, it 
is known that the solution plus 1400°F aging treat- 
ment used does not give maximum strengths for the 
basic alloy.” However, its use, plus the careful con- 
trol of melting and forging conditions, is believed 
to have minimized all variable effects on properties 
except chemical composition in this investigation. 

For comparative purposes the 1200°F rupture 
properties of two commercial heats of the basic 
alloy, solution treated and aged the same as the ex- 
perimental alloys, are noted in Table II. 


Microstructure 
Microstructural studies were made of the alloys 
in the following conditions: as-cast; hot-forged; 


Table Il. Influence of Forging and Melting Variables on Rupture 
Test Characteristics at 1200°F of the Basic Alloy 


Rupture iiaced Stress, Psi, to Cause 
Strength, Rupture Creep Rates of 
Psi Elongation, 0.01 Pct 0.1 Pet 
Alloy 100 Hr 1000Hr PctiniIn. per Hr per Hr 
Final Adopted Forging Procedure — Round Bar Stock 
8 48,500 37,000 22 35,800 47,500 
10 50,000 38,000 19 35,400 49,000 
27 48,000 37,000 25 37,000 46,200 
Average 48,800 37,300 22 36,000 47,600 
Range 48,000 37,000 19 35,400 46,200 
s to to to to to 
50,000 38,000 25 37,000 49,000 
Preliminary Forging Procedure — Square Bar Stock 
7, 48,500 37,000 20 35,800 46,300 
8 46,500 36,000 18 34,500 46,000 
10 52,000 36,500 20 35,400 50,100 
11 48,000 38,000 22 36,000 47,500 
12 49,000 38,500 22 38,200 46,000 
Average 48,000 37,200 20 36,000 47,200 
Range 46,500 36,000 18 34,500 46,000 
to to to to to 
52,000 38,500 22 38,200 50,100 
Variable Deoxidation Practice — Round Bar Stock 
74 (none) * 52,000 41,000; 16 40,700+ 55,5007 
75 (Zr-Si-Fe) * 55,000 40,500 18 42,300 57,000 


Comparative Properties of Commercial Bar Stock of the Basic Alloy 


Heat 30276 
A-1726 


50,000 
47,000 


42,0007 
42,0007 


14 
16 


* Deoxidation practice: 
Standard alloy — calcium-silicon deoxidant. 
None — no deoxidation. 
Zr-Si-Fe — zirconium-silicon-iron deoxidant. 
+ Estimated value. 
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3 4 Fig. 1a — Microstructure of 
basic alloy, heat 8, ingot 
23 
# rie 
. 
% 
Fig. 1b — Microstructure of 
basic alloy, heat 8, as- 
forged 0.4 in. diam bar 
stock. Left, X100. Right, 
X1000. 
; 
: 
Fig. 1c — Microstructure of 
4 basic alloy, heat 8, solution 
6 treated 1 hr at 2200°F and 
X100. Right, X1000. 


Fig. 1d — Microstructure of 
basic alloy, heat 8, solution 
treated and aged 24 hr at 
1400°F. Left, X100. Right, 
X1000. 


Fig. le — Microstructure of 
basic alloy, heat 8, rupture 
specimen. 499 hr for rup- 
ture at 1200°F under 40,- 
000 psi. Left, X100. Right, 
X1000. 
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Fig. 2a — Effect on micro- 
structure of omitting mol- 
ybdenum, tungsten, and co- 
lumbium from the _ basic 
analysis, alloy 43, ingot as- 
cast. Left, X100. Right, 
X1000. 


Fig. 2b — Effect on micro- 
structure of omitting mol- 


2 f ybdenum, tungsten, and co- 
lumbium from the basic 
analysis, alloy 43, solution 

treated 1 hr at 2200°F, 
: i & water quenched. Left, X100. 

Right, X1000. 


Fig. 2c — Effect on micro- 
structure of omitting mol- 
ybdenum, tungsten, and co- 
lumbium from the basic 
analysis, alloy 43, solution 
treated and aged 24 hr at 
1400°F. Left, X100. Right, 
X1000. 


ea 


Fig. 2d — Effect on micro- 
structure of omitting mol- 
ybdenum, tungsten, and co- 
lumbium from the basic 
analysis, alloy 43, rupture 
specimen. 819 hr for rup- 
ture at 1200°F under 20,- 
000 psi. Left, X100. Right, 
X 1000. 


Fig. 3—Influence of carbon 
on microstructure. Heated 
2200°F for 1 hr, water 
quenched, and heated at 
1400°F for 24 hr. X1000. 
a (left)—Alloy 15, 0.40 pct 
C. b (right)—Alloy 16, 0.57 
pet C. 


Sag 
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te 
j 


a—Alloy 47, 0 pct Cb. 


b—Alloy 48, 2 pct Cb. 


BRS 


c—Alloy a 4 pct Cb. 


Fig. 4—Influence of columbium on microstructure. Heated at 2200°F for 1 hr, water quenched, and heated at 1400°F for 24 hr. X1000. 


solution-treated 1 hr at 2200°F and water quenched; 
aged 24 hr at 1400°F after solution treatment; and 
rupture tested the longest time at 1200°F. 

Effect of Treatment on Microstructure: The as- 
cast structure revealed the amount and distribution 
of the excess constituents in the cast dendritic pat- 
tern. The hot-forged structures were examined for 
flaws, uniformity of grain size, and distribution of 
excess constituents. Only limited information is in- 
cluded on the cast and forged structures, the main 
emphasis being placed on structures prior to test- 
ing in the heat-treated condition. The solution- 
treated structure showed the amount of insoluble 
excess constituents after light etching and grain size 
after deep etching. The aged structure revealed the 
amount and mode of grain boundary and matrix 
precipitation. From the structure of the longest time 
rupture test any change occurring during testing 
and the mode of fracture could be observed. 

An example of microstructural variation with 
treatment for the basic alloy is shown in Fig. 1. The 
as-cast condition contained a considerable amount 
of excess constituent. After hot forging, the alloy was 
uniformly fine grained and contained excess con- 
stituent at the grain boundaries and in the matrix. 
Solution treating at 2200°F dissolved the grain 
boundary constituent but not the matrix constituent. 
Solution treating also coarsened the grains as best 
shown by the 1400°F aged structure. Aging caused 
much grain boundary precipitate and some random 
matrix precipitation. Rupture testing at 1200°F in- 
creased the matrix precipitate slightly. 


As an example of one extreme to which micro- 
structures varied with composition, Fig. 2 shows 
that the 0 pect Mo-0 pct W-0 pct Cb alloy differed 
from the standard alloy in that: There was much less 
excess constituent in the as-cast and the solution- 
treated conditions; grain size after solution treat- 
ment was much larger; and aging produced more 
precipitate near the grain boundaries and a pre- 
ferred type of matrix precipitate which tended to 
follow definite crystallographic planes. The two 
alloys also differed in that the 0 pct Mo-0 pct W- 
0 pet Cb alloy had a completely intergranular frac- 
ture while that of the standard alloy was approxi- 
mately half intergranular and half transgranular. 

This comparison has pointed out the major sim- 
ilarities and differences in structures which were 
found for all the alloys. The similarities were: 

1—The amount of excess constituent in the solu- 
tion-treated condition was proportionate, for any 
given alloy, to the amount of excess constituent in 
the as-cast condition. The structures indicate that 
the rapid cooling of the ingot after solidification 
effectively solution treated the material. 

2—All grain boundary constituents were dissolved 
during solution treatment. 

3—Precipitation occurred during aging at 1400°F. 

4—Very little additional precipitation occurred 
during rupture testing at 1200°F for any of the 
alloys with the exception of low cobalt modifica- 
tions. 

Major structural differences between the alloys 
were: 


Table III. Summary of Influence of Alloying Elements on Increasing Tendency for Microstructural Changes 
Grain Amount 
Alloying Composition Insoluble Grain Boundary Mode of Matrix 
Element Range, Constituent Size Precipitation of Matrix Precipitation 
Varied Pet Increase Decrease Increase Precipitation Increase 
iC 0.08-0.6 Strong Mild None Random 
Mn 0.03-2.6 None None None Random 
Si 0.5-1.6 None Mild None Random None 
Cr 10-20 None Negative mild Mild Random Mild 
Cr 20-30 None Negative mild None Random to preferred Strong 
Ni 0-10 Negative strong* Negative mild Negative weak Random None* 
Ni 10-30 one Weak None Random None 
Co 0-32 None Negative mild None Random Negative mild 
Mo 0-4 None Weak None Random}; Weak 
WwW 0-4 None Weak None Random}; Weak 
Cb 0-1 Strong Strong Negative mild Preferred to random Negative mild 
Cb 1-4 Strong Mild None Random Mild 
N 0.004-0.18 None None None Random None 


* Ferrite-o¢ phase in 0 pct Ni alloy in all conditions. 
amount in austenite matrix. 


+ Mode of precipitation not affected by molybdenum and tungsten. 
without columbium the precipitate followed a preferred orientation. 


A large amount of aging precipitate occurred in o phase, but only a small 


In alloys containing columbium the precipitate was random; 
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Fig. 5—Microstruc- 
ture of alloy 52, 
30 pct Cr. Heated 
at 2200°F for 1 hr, 
water quenched, 
and heated 1400°F 
for 24 hr. X1000. 


1—Amount of excess constituent after solution 
treatment. 

2—Grain size. 

3—Location, type and amount of aging precipitate. 

Influence of Alloying Elements on Microstructure: 
A summary of the effects of alloying elements on 
tendencies for microstructural changes is given in 
Table III. Two elements producing major microstruc- 
tural changes were columbium and carbon (compare 
Figs. 3 and 4 with Fig. 1d). Both elements increased 
the amounts of insoluble constituent and aging pre- 
cipitate and refined the grain size of solution-treated 
material. Columbium, in addition, changed the mode 
of matrix precipitation from internal crystallographic 
planes or preferred, when no columbium was pres- 
ent, to a random pattern, when 1 pct or more was 
present. Molybdenum and tungsten produced little 
change in microstructure except in alloys contain- 
ing 4 pct Cb, in which case additions of these ele- 
ments decreased the grain size and increased the 
matrix precipitation. 

A chromium increase from 20 to 30 pct markedly 
increased the amount of aging precipitate and 
changed the mode of precipitation from random to 
preferred (compare Fig. 5 to Fig. 1d). Cobalt mildly 


increased grain size and decreased the amount of 
aging precipitate. Nickel between 10 and 30 pct pro- 
duced only weak changes in structure. The 0 pct Ni 
alloy contained a ferrite-o type of phase which dis- 
appeared when nickel was raised to 10 pct. Silicon 
slightly increased the amount of insoluble consti- 
tuent and refined grain size. Manganese and nitrogen 
caused no discernible change in structure. 


Hardness 


Vickers hardness results at room temperature for 
the alloys in the solution-treated (2200°F) and the 
aged (1400°F) conditions will be briefly summarized. 
Additions of carbon, nitrogen, chromium, molyb- 
denum, tungsten, and columbium tended to increase 
hardness in both conditions. Nickel, particularly from 
0 to 10 pet, lowered hardness. Manganese, silicon, 
and cobalt did not appreciably affect hardness. Per- 
haps an exception to this was observed in the high 
(1.6 pet) silicon alloy. This was the only alloy of 
those studied which did not show any hardening as 
a result of aging. The addition of chromium from 
20 to 30 pct markedly increased age-hardening 
characteristics. Additions of molybdenum or tung- 
sten, while tending to increase hardness, did not 
appreciably increase the age-hardening tendency 
except for modifications containing more than 4 pct 
total of columbium plus tungsten or molybdenum. 
Additions of columbium from 0 to 2 pct narrowed 
the age-hardening range. Higher columbium addi- 
tions, however, tended to broaden the age-harden- 
ing range for modifications containing larger amounts 
of molybdenum and tungsten. 


Rupture-Test Characteristics 


The 100 and 1000 hr rupture strengths (from 
double-logarithmic plots of stress against rupture 
time), 100 hr rupture elongation, and stresses for 
creep rates of 0.1 and 0.01 pet per hr (from double- 
logarithmic plots of stress against minimum creep 


100 HOUR RUPTURE STRENGTH Li 
50 
H-RANGE-FOR THREE. STANDARD. HEATS RANGE FOR AGE FOR STANDARD HEATS |_| 
USING NORMAL FORGING PROCEDURE STANDARD lolol 
LO 
fe} 
| 
x 
40 
LoLo} 
iva 
35 
ac 
p=} 
a 
= 30 
25 
5 PTURE NGATION 
w 40 |RANGE FOR FIVE 100 HOUR RUPTURE 
50 STANDARD 
HEATS AVERAGE FOR 
HEATS 
=2 10 
no 
WwW 
822 i 7/31 
OZ 2}0}0] 3} 0] 0] lcd 2] si] 2|co}2] 0] 3] 3|si] 4] NINi| 3] 2] 4 Ini lyn] 4] 2] 2} | 2 N|Mn 
HEAT 46/68! |23/48162| 66,26 21 |56/59|50}16 | 203! | OF 


ONLY THE DEVIATIONS FROM BASIC ANALYSIS SHOWN 


HEAT TREATMENT: 2200°F FOR | HOUR, WATER- QUENCHED; I400°F FOR 24 HOURS, AIR COOLED. 


Fig. 6—Influence of chemical composition on 100 hr rupture properties at 1200°F. 
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> vor ] 
Si. 
40 [1000 HOUR Con | 
Fig. 7—Summary of the in- 
ESTIMATED 100 HOUR RUPTURE ELONGATION — — oo fluence of variations of in- 
IMA H RUPTURE ELONGATION IMATED | HOU | BOG . 
G40 Ei RUPTURE ELONGATION RUPTURE ELONGATION dividual alloying elements 
wbsoly ee on 100 hr and 1000 hr rup- 
zs ° 
1200°F. 
wo 
0 05 10 15 20 25 0 20 30 
COMPOSITION VARIABLE, PERCENT 
© CARBON © NICKEL © MOLYBDENUM 
MANGANESE 4 COBALT TUNGSTEN 
A SILICON X CHROMIUM X COLUMBIUM 
X NITROGEN 


NOTE: TIPPED POINTS (¢) REPRESENT ESTIMATED VALUES, HORIZONTAL DASHED LINES INDICATE PROPERTY RANGES FOR THREE 


STANDARD HEATS. 


rates from the rupture tests) at 1200°F for all the 
alloys studied are given in Table IV. In this evalua- 
tion of the influence of chemical composition on 
properties most emphasis has been placed on rup- 
ture properties at 1200°F. Because the creep data 
were obtained from the rupture tests, it is empha- 
sized that the rates of deformation were much higher 
than are usually associated with reported ‘creep 
strengths.” The 100 hr rupture strengths and elon- 
gations for all the alloys are arranged in order of 
increasing strengths in Fig. 6. It is seen that the 
overall range in 100 hr strengths was from 26,000 to 
52,000 psi. Elongations at rupture in 100 hr ranged 
from 5 to 40 pct. While in Fig. 6 there appears to 
be no relationship between rupture elongation and 
strength, it will be subsequently shown that such 
does exist. 

Individual Variations of Elements: Fig. 7, which 
summarizes the rupture properties at 1200°F for 
individual variations of elements in the basic anal- 
ysis, indicates the following influences of chemical 
composition: 

1—Carbon and manganese had no appreciable in- 
fluence over the ranges examined. 

2—Very low nitrogen caused somewhat low rup- 
ture strength and intermediate nitrogen produced 
strengths slightly above normal. 

3—Silicon was unique in that increasing amounts 
lowered rupture strength and increased elongation. 

4—Increasing amounts of all other elements in- 
creased rupture strength over the complete range 
of variation with the exception of nickel, cobalt, and 
columbium. These elements apparently reached a 
saturation content for rupture strength at 10, 20, and 
1 pet, respectively. Columbium additions caused a 
pronounced increase in rupture elongation. 

5—Molybdenum and tungsten approached a sat- 
uration point at the 3 and 2 pct levels of the standard 
alloy although improvements were obtained by fur- 
ther additions of these elements. Molybdenum in- 
creased the elongation while tungsten had no effect. 

6—Chromium markedly increased the rupture 
strength for additions from 10 to 30 pct, and de- 
creased rupture elongation. 

7—Relative magnitudes of 100 hr rupture strength 
improvements were: 20 pct Cr increased strength 
13,000 psi; 7 pet Mo, 8500 psi; 7 pet W, 7000 psi; and 
1 pct Cb, 8500 psi. The addition of 1 pct Si decreased 
strength 5000 psi. 

The following modifications had strengths appre- 
ciably below that of the basic alloy: 1.2 pct Si; 1.6 
W; and 0 Cb. The only alloys which had appreciably 
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higher strengths than the basic alloy were 30 pct Cr 
and 7 pet W. It is apparent that, in the single con- 
dition of treatment studied, rather wide individual 
variations of the elements can be permitted without 
appreciably altering properties, and chromium, co- 
balt, molybdenum, tungsten, and columbium are 
necessary for maintenance of properties similar to 
those of the basic alloy. 

Simultaneous Variations of Molybdenum, Tung- 
sten, and Columbium: In addition to the individual 
variations of all the elements already mentioned, the 
effects of simultaneous variations of molybdenum, 
tungsten, and columbium in steps of 2 pet from 0 to 
4 pct were evaluated. The curves of Figs. 8, 9, and 
10 show the influence on 100 hr rupture strength 
variations of one of these elements for ten different 
constant ratios of the other two. 

Fig. 11 shows typical comparative influences of 
molybdenum, tungsten, and columbium on the 100 
hr strength and elongation for three of the alloy 
modifications in which these elements were varied 
simultaneously: 0 pct Mo-0 pct W-0 pct Cb; 2 pct 
Mo-2 pet W-2 pct Cb; and 4 pct Mo-4 pct W-4 pct 
Cb. The effects of these elements were as follows: 

1—The total absence of molybdenum, tungsten, 
and coluinbium in the basic analysis yielded an alloy 
with low rupture strength, 26,000 psi for rupture 
in 100 hr. 

2—Separate additions of molybdenum, tungsten, 
or columbium in amounts up to 4 pet to the 0 pct 
Mo-0 pet W-0 pct Cb analysis raised the 100 hr rup- 
ture strength up to at least 40,000 psi as compared 
with 49,000 psi for the basic alloy. 

3—Simultaneous additions of the three elements 
in amounts up to 4 pct at least doubled the strength 
of the 0 pct Mo-0 pct W-0 pct Cb analysis. Such 
additions did not, however, yield alloys with prop- 
erties which were outstandingly better than those 
of the basic alloy. 

4—Molybdenum and tungsten additions to 4 pct 
raised strength progressively. Additions of more than 
1 pct Cb, however, were not beneficial to strength. 

5—Molybdenum and tungsten had little effect on 
rupture elongation. Alloys containing no columbium 
had consistently low elongation and additions of 1 
to 2 pect Cb markedly increased the elongation. 

The influence of columbium on 100 hr rupture 
strength is further compared to that of molybdenum 
and tungsten in Fig. 12. Graphs at constant colum- 
bium contents of 0, 1, 2, and 4 pct indicate the com- 
bined strengthening influence of molybdenum plus 
tungsten. Curves representing this influence have 
been drawn and are summarized on the bottom 
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graph in which columbium content is the parameter. 
The dotted curves on the upper four graphs repre- 
sent the influence of molybdenum and the dashed 
curves the influence of tungsten at constant amounts 
of the other element. Molybdenum is seen to have 
a greater strengthening influence when added in 


lower percentages and tungsten has the greater in- 
fluence at higher percentages. These trends when 
combined strengthen the reliability of the single 
solid curves representing the data at constant colum- 
bium contents. More than 1 pct Cb was of no benefit 
to the alloys. When approximately 8 pct total Mo 


Table IV. Rupture Test Characteristics at 1200°F for Modifications of the Basic Alloy 


Stress to Cause 


Alley Indicated Creep 
Alloy Modifications, Rupture Strength, Psi 
Pct* Elongation, 0.01 Pet 0.1 Pet 
100 Hr 1000 Hr Pet in 1 In. per Hr per Hr 
Basic (Range for 48,000 to 
round stock) 50,000 738,000 19 to 25 37,000. 79,000 
Basic (Range for 46,500 to 36,000 to 34,500 to 46,000 
palate avock) 52,000 38,500 18 to 22 38,200 50,100 
13 0.08 C (sq.) 48.500 
46,000 37,500 
16 0.6 C (rd.) 48,000 37,000 13 
24 0.03 Mn (rd.) 50,000 36,0007 13 39,0007 
19 0.3 Mn (sq.) 49,000 41,000; 24 39,0007 49,000 
20 0.5 Mn (sq.) 48,000 37,000} 22 36,000 51,000 
21 1 Mn (sq.) 47,000 38,000 20 39,000 47,000 
22 2.6 Mn (sq.) 49,000 37,500 20 35,000 48,000 
28 1.2 Si 45,000 34,500 28 33,700 43,000 
80 1.6 Si 43,500 34,0007 40 43,000 
51 10 Cr 39,000 32,000; 25 30,0007 38,000 
52 30 Cr 52,000 42,500 10 42,800 57,000} 
23 0 Ni 46,000 34,500 25 34,000 46,000 
25 11 Ni 49,000 38,000 17 39,200 51,000 
26 31 Ni 47,000 35,5007 25 32,5007 45,000 
29 0.3 Co 44,500 36,000 20 34,500 43,500 
30 Pigs Co} 43,000 35,000 20 34,000 43,000 
31 33 Co 48,000 39,000 12 39,000 49,000 
32 0.2 Mo 41,500 34,000 18 35,200 41,500 
33 1.0 Mo 42,000 33,500 10 35,000 44,300 
34 2.3 Mo 44,500 34,500 15 36,0007 44,0007 
35 5.0 Mo 48,500 38,000 20 37,000; 48,000 
36 7.0 Mo 50,000 42,000 25 38,0007 50,000 
37 0W 45,000 33,500 21 34,0007 44,500} 
38 0.8 W 45,000 37,500 23 35,5007 46,500; 
39 4.7W 50,000 39,000 22 38,0007 50,5007 
40 7.1W 52,000 40,0007 22 38,0007 50,500 
47 0 Cb 40,000 29,5007 12 33,500 44,500 
48 2 Ch 46,000 34,0007 20 35,500 44,500 
49 4 Cb 49,000 37,5007 30 36,000 48,000 
50 6 Cb 47,000 36,000 25 35,000 46,500 
41 0.004 N 45,500 36,5007 25 35,000F 46,5007 
42 0.08 N 51,000 40,0007 22 38,0007 50,000 
81 0.18 N 49,500 39,0007 20 38,0007 49,000; 
43 0Mo OW OCb 26,000 19,500 uf 25,500 
45 2Mo OW OCb 39,000 27,500 9 33,000 44,000} 
46 4Mo OW OCb 42,000 30,500} ital 34,100 45,000 
53 0Mo 2W 0OCb 34,000 26,000 7 30,000 37,700 
54 O0OMo 4W OCb 41,000 32,000; 5 38,200 50,000; 
55 2Mo 2W OCb 41,000 32,0007 6 36,000 43,5007 
56 4Mo 2W OCb 47,000 38,000 15 39,000 47,500 
57 2Mo 4W OCb 44,000 33,0007 6 40,000 49,0007 
58 4Mo 4W OCb 51,000 40,000 10 40,000 55,000 
59 2Mo 2W 2Cb 47,000 36,0007 23 37,0007 44,000 
60 4Mo 2W 2Cb 49,000 41,0007 30 40,5007 47,500 
61 2Mo 4W 2Cb 48,500 40,0007 20 37,5007 49,0007 
62 2Mo 2W 4Cb 46,000 34,0007 25 36,5007 45,000 
63 2Mo OW 2Cb 43,500 34,0007 30 33,600 43,500 
64 2Mo OW 4Cb 44,000 34,0007 25 41,000 
65 4Mo OW 2Cb 45,500 37,0007 30 35,0007 44,000 
66 4Mo OW 4Cb 46,000 36,5007 33 35,000; 45,0007 
67 4Mo 4W 4Cb 50,000 38,000 30 36,000 47,500 
77 0Mo OW 1Cb 42,000 31,0007 18 30,0007 42,500 
68 0Mo OW 2Cb 39,500 31,5007 35 31,500} 38,000 
69 0Mo OW 4Cb 38,500 30,5007 25 31,5007 37,500 
70 0Mo 2W 2Cb 40,000 32,0007 20 32,800 39,200 
71 O0Mo 4W 2Cb 44,000 37,0007 20 38,000 43,800 
72 0Mo 2W 4Cb 42,000 32,5007 30 34,000 40,5007 
73 0Mo 4W 4Cb 45,000 36,5007 24 38,000 43,800 
82 2Mo 4W 4Cb 48,000 37,0007 22 35,000 46,000 
83 4Mo 2W 4Cb 48,000 36,0007 30 34,000; 44,500 
84 4Mo 4W 2Cb 50,500 39,500 29 37,000 48,500 


* Square — forged as square bar. 
Round — forged as round bar. 
All alloys higher than 22 were forged as round bars only. 


+ Estimated by extrapolation of log-log plots of at least 3 test points. 
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same order of magnitude and followed the same 


at trends with composition variation as the 100 hr rup- 
as ae eS ture strengths. The main exception to this was in 
2/2) ST alloys in which columbium was systematically varied 
sehen from 0 to 4 pet. In this case the stresses at constant 
9/3] & | creep rate remained constant or decreased with in- 
eae creasing rupture strength. 
z 0 Fig. 13 shows for all the alloys studied the varia- 


tion of the 100 hr rupture strength with stress to 
cause a creep rate of 0.1 pct per hr. Average curves 
are drawn representing the points for the low (5 to 
10 pct), intermediate (11 to 19 pct), and high (20 to 
40 pct) 100 hr rupture elongation levels encountered. 
While there are ranges for the rupture-creep prop- 
erty relations, it is noted that the range represent- 
ing high elongations is definitely at a higher level 
than that representing low elongation. The range for 
intermediate elongations overlaps both those for 
25 high and low elongations. These ranges, while par- 

tially the result of variation in actual elongation 


MOLYBDENUM, PERCENT l 
NOTE: HORIZONTAL DASHED LINES INDICATE PROPERTY within the range, particularly at the lower elonga- 


(ANGE FOR THREE STANDARD HEA 


1O0O-HOUR RUPTURE STRENGTH, IOOO PSI. 


Fig. of influence of on 100 
hr rupture strength at 1200°F of ten W-Cb modifica- la 
tions. 
50 
STD. 
plus W was present, any addition of columbium was 


of no benefit to the strength. As has been noted pre- 
viously, however, columbium additions of 1 pct 
markedly improved the rupture ductility over that 
of the 0 pct Cb alloys, regardless of the influence 
of columbium on strength. 

Subject to the limitation of only one condition of 
preparation it is possible to predict from the sum- 
mary of curves of Fig. 12 the 100 hr rupture strength 
of alloys with any combination of molybdenum, 
tungsten, and columbium within the composition 
ranges investigated. 
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Interrelation of Rupture, Creep, and Elongation 
The main reason for considering creep data from 


time-elongation curves of the rupture tests was to 
determine, if possible, how changes in composition 
affected a change in rupture strength. It is observed 
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3 RANGE FOR THREE STANDARD HEATS 
from Table IV that, in general, the stresses to cause 


ini Fig. 10—Summary of influence of columbium on 100 
a minimum cre 
hr rupture strength at 1200°F of ten Mo-W modifi- 


cations. 


tions, are believed to be mainly caused by the limita- 
tion of the reproducibility of properties from heat to 
heat of a given analysis and by the fact that the 
creep properties in many cases were estimated from 
4 only a small amount of time-elongation data. An- 
2 other probable cause for the ranges could be that in 
certain alloys the stress for constant creep rate is 
(e) not an accurate representation of the creep resist- 
ance. 

In general it appears, however, that the stress to 
cause a minimum rate of 0.1 pet per hr is a measure 
of creep resistance which controls the 100 hr rupture 
strength. The relation is linear and represented by 
a line with a slope of approximately 45°. The level 
of rupture properties at a given creep resistance, 
however, is dependent upon inherent ability of the 

4 alloys to deform before fracture. 
25 It is noted in Fig. 13 that the level of the relation 
between rupture strength and creep resistance is de- 
pendent on total elongation only when this elonga- 
tion changes from low to high. The reason for this 
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Fig. 9—Summary of influence of tungsten on 100 hr 
rupture strength at 1200°F of ten Mo-Cb modifica- 
tions. 
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is the difference between the time-elongation curves 
for ductile and brittle materials. Ductile materials 
toward the end of the period of increasing creep rate 
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(third stage creep) deform a large amount in a very 
short time period. The elongation near the end of 
the test has relatively small time dependence and 
thus little influence on the rupture time. Brittle 
materials, on the other hand, elongate more grad- 
ually with time near the end of the test. Thus with 
the same creep resistance the rupture time is more 
dependent on the relative inherent. ability of the 
materials to deform before fracture. 

The solid points in Fig. 13, indicating elongations 
between 5 and 10 pct, represent the alloys which 
did not contain columbium. One point at the highest 
stress represents the high chromium alloy which had 
low ductility. It is evident that the apparent lack 
of correlation between creep and rupture properties 
observed for alloys in which columbium was varied 
systematically resulted from the added influence of 
total elongation on rupture strength caused by colum- 
bium. 

It can be concluded that the rupture strength 
variations with chemical composition observed in 
this investigation resulted from changes in inherent 
creep resistance caused by alloy additions except for 
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Fig. 11—Comparative influence of molybdenum, tungsten, and co- 
lumbium on 100 hr rupture properties at 1200°F. 


those in which total elongation to fracture changed 
from low (5 to 10 pct) to high (above approximately 
20 pet) values. In such cases the relative ability to 
deform before fracture also influenced the rupture 
strength. 


Interpretation of the Influence of Composition on 
Rupture Properties 

The results indicate that by careful control of 
processing conditions the high temperature charac- 
teristics of wrought Cr-Ni-Co-Fe-Mo-W-Cb alloys 
can be related to systematic variations in chemical 
composition and that major changes in rupture char- 
acteristics at 1200°F accompany certain variations 
in composition. Summaries of this influence on 100 
hr rupture strengths were given in Figs. 7 and 12. 
Interpretation of the manner in which the composi- 
tion influences high temperature properties of these 
alloys by controlling the inherent creep resistance 
and the ability to deform before fracture can be 
made in view of simultaneous effects noted in other 
metallurgical characteristics. The following obser- 
vations of such effects were made: 

1—Only nine alloys of the 63 different composi- 
tions studied developed a pronounced amount of 
visible microstructural precipitate during aging as 
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Fig. 12—Influence of molybdenum and tungsten additions on a 
total weight percentage basis on 100 hr rupture strength at 1200°F 
of columbium modifications. 


shown in Table V. Except for the 30 pct Cr alloy, 
the additional microstructural precipitate, resulting 
from either increased carbon or columbium or de- 
creased cobalt, did not have any apparent beneficial 
effect on strength. The matrix precipitate which oc- 
curred during aging of the 30 pct Cr alloy was of 
a different type than that of other alloys with heavy 
precipitation, being preferred rather than random. 
The hardness increase during aging of this alloy was 
exceptionally high. Thus the substantial strength 
increase with the addition of chromium from 20 to 
30 pct appeared to result, at least in part, from the 
aging characteristics caused by higher chromium. 
2—Systematic additions of molybdenum and tung- 
sten up to 4 pct total did not affect the amount of 
visible precipitate occurring during aging of alloys 
containing less than 4 pct Cb. Creep resistance and 
rupture strength improved systematically with these 
additions over the entire composition range, both in 
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the absence and presence of increased amounts of 
visible aging precipitate. The high Mo-W-Cb alloys 
did not develop an appreciable relative increase in 
hardness during aging and had a random matrix 
precipitate. It thus appears that molybdenum and 
tungsten cause strengthening by entering solid solu- 
tion, rather than by aging effects. 

3—Columbium produced its major improvement 
in rupture strength in additions of 1 pct to the 0 pct 
Cb alloys. This improvement was shown to be the 
result of the higher ductility caused by columbium 
rather than an improvement in creep resistance, 
which columbium additions either did not change or 
reduced. Additions of more than 2 pct Cb did not 
add anything to rupture strength because creep re- 
sistance was not increased and the rupture elonga- 
tions were all at a high level where changes in total 
elongation did not appreciably affect fracture time. 
Microstructural examinations indicated that colum- 
bium, or the compound it caused to form, was at 
most only partially soluble at temperatures up to 
2200°F. This limited solubility evidently was the 
reason that there was no improvement in creep re- 
sistance when columbium was added. 

4—There were certain similarities between the 
effects of carbon and columbium on the amount of 
excess constituents present in the microstructures. 
While the excess constituents resulting from carbon 
and columbium additions were not necessarily the 
same phases, the appearance of large amounts, both 
in the solution-treated condition and precipitated 
during aging of the high carbon modifications, had 
little affect on properties as was also the case for 
high columbium alloys. Carbon apparently combines 
with elements normally present in the solid solution 
to form certain of the observed excess constituents. 
In view of this the inherent matrix strength of the 
material should be reduced. This effect appeared to 
be the case for the 0.60 pet C alloy which did show 
a tendency toward lower strength. However, balanc- 
ing factors, which could hold strength up to a cer- 
tain extent, could be that some strengthening re- 
sulted from the very heavy aging precipitation, or 


that carbon did not combine with the major elements 


which increased the strength. 

5—Cobalt additions from 0 to 20 pet, which tended 
to raise creep resistance and thus rupture strength 
of the alloy, decreased the amount of visible aging 
precipitate, apparently increasing the solubility of 
the strengthening elements. A similar effect of cobalt 
was observed by Sykes.” Further addition to 33 pct 
Co increased creep resistance but did not appreciably 
improve rupture strength because of the lower rup- 
ture elongation. 

6—The major strengthening effect of nickel was 
between 0 and 10 pct. This addition changed the 
alloy from an unbalanced ferrite-austenite composi- 
tion of the 0 pet Ni alloy to the austenitic-matrix 


Table VY. Composition of Alloys Which Developed Visible Micro- 
structural Precipitate During Aging 


Composition 


Alloy No. Variable, Pct 
15 0.4C 
16 0.6 C 
52 30 Cr 
29 0 Co 
49 3Mo-2W-4Cb 
50 3Mo-2W-6Cb 
82 2Mo-4W-4Cb 
83 4Mo-2W-4Cb 
67 4Mo-4W-4Cb 
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type alloy typical of all the other alloys studied. By 
preventing the formation of the weak ferrite-o type 
phase, 10 pct Ni caused the elements in’ this phase 
to enter the solid solution of the matrix, thus in- 
creasing the creep resistance and rupture strength. 

Each of these observations of the relations of 
metallurgical characteristics and high temperature 
properties points to the conclusion that the major 
strengthening effects produced by alloy variations 
in this investigation were the result of the elements 
entering into solid solution in the alloys. The two 
outstanding examples of solid solution strengthening 
were associated with molybdenum and tungsten. 
These elements would enter the solid solution by 
substitution, as also would chromium, nickel, and 
cobalt for atoms of iron. The atoms of these elements 
are all about the same size and could substitutionally 
enter the crystal lattice with ease. Substitution of 
the larger or incongruous atoms of molybdenum and 
tungsten into the lattice, however, would necessarily 
set up a strained condition. Such strains in the lat- 
tice interfere with the flow conditions during creep, 
thus giving the material higher creep resistance. 
The role of columbium, which also has relatively 
large atoms, is complicated by the high affinity of 
columbium for carbon and by the apparent low 
limit of solubility of columbium, or the phase which 
it forms. The substitution of the similar sized ele- 
ments, chromium, nickel, or cobalt, into the lattice 
would not set up particularly strained conditions 
and thus strengthening from solid-solution effects 
would not result. This has also been demonstrated 
by a recent investigation of Fe-Cr-Ni alloys.” The 
effects of nickel and cobalt on properties and micro- 
structure appeared to be the result of these elements 
either increasing the matrix solubility for other ele- 
ments (the two most probable being molybdenum 
and tungsten) or by increasing the resistance to re- 
laxation of internal strain in the matrix. Chromium, 
as noted, apparently increased strength, at least in 
part, by aging effects. 

It would appear therefore that as the number of 
incongruous atoms entering solid solution increased, 
the strength should increase proportionately. The 
modifications in which molybdenum and tungsten 
additions caused strength increases were pointed out 
as examples of strengthening as a result of solution 
effects. Fig. 14 shows the influence on the 100 hr 
rupture strength of total atomic additions of molyb- 
denum and tungsten to alloys containing four levels 
of columbium. This figure is similar to the presenta- 
tion in Fig. 12 of the same data on a weight per- 
centage basis. Trends in the summary curves, with 
columbium content as a parameter, are the same 
in both presentations, columbium above 1 pct being 
of no benefit to strength. In general, the curves in 
Fig. 14 show a continuous and approximately pro- 
portionate-increase in strength with atomic additions 
of molybdenum and tungsten. This is consistent with 
what would be expected if solid solution effects are 
responsible for the strength increase. 

The points on the graphs of Fig. 14 have been 
connected so as to show the comparative effects of 
molybdenum and tungsten, the dotted lines showing 
the molybdenum effects and the dashed lines the 
tungsten effects. Although the average solid-line 
curves drawn do represent quite well the data on 
the graphs, there is an indication that additions of 
atoms of tungsten to the solid solution in general 
had a greater strengthening effect than equivalent 
atomic additions of molybdenum. 
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In addition to the 30 pct Cr alloy, another ex- 
ception, which does not agree with the indication 
that strengthening resulted from solid solution effects, 
was that encountered in the influence of silicon 
variations. The effect of silicon, varied from 0.5 to 
1.6 pet, was to markedly lower strength properties 
and increase total deformation to fracture. There 
was only slight change in microstructure produced 
by silicon. It was also observed that the high silicon 
alloy was the only alloy of all those studied which 
did not show any increase in hardness during aging. 
A clue to this apparently anomalous effect of silicon 
is to be found in the results of the effect of deoxida- 
tion practice during melting on the properties of the 
basic alloy. Table II shows a 100 hr rupture strength 
of 52,000 psi for alloy 74 which was not deoxidized 
before pouring. This strength is to be compared with 
the strength range of 48,000 to 50,000 psi for the 
standard alloy deoxidized in the normal manner with 
Ca-Si deoxidant and with the 56,000 psi rupture 
strength of alloy 75 which was deoxidized with 
Zr-Si-Fe deoxidant. These results indicate that a 
marked influence may occur on properties of a given 
alloy as a result of variation of melting procedure. 
Silicon is an element which definitely plays an im- 
portant role in melting, particularly in deoxidation 
practice. It thus appears that inherent characteris- 
tics imparted to the material during melting, not re- 
moved by subsequent processing nor evident in 
microstructure, could be responsible for the un- 
usually low strengths of the high silicon alloys. 

The basic alloy has been shown by previous inves- 
tigations to be an alloy which does not develop ap- 
preciable strengthening at high temperatures as a 
result of visible precipitation reactions during aging 
after solution treatment.” * Evidence presented in 
this discussion indicates that the major strength- 
ening effects accounting for the good strength of this 
alloy result from additions of incongruous atoms of 
elements to the solid solution lattice of the austenite- 
type matrix. 

It is recognized that this interpretation of results 
is tempered by the limitations placed on the inves- 
tigation. These were: The limited number of com- 
position variables studied; the use of only one con- 
dition of processing; the evaluation of high ternpera- 
ture characteristics by only relatively short time 
rupture tests at 1200°F; and the use of only micro- 
structural and hardness data to provide additional 
metallurgical information. 


Optimum Alloy Content and Composition Ranges 

In addition to the main objective of determining 
the influence of chemical composition variations on 
rupture properties at 1200°F, the present investiga- 
tion was also intended as an initial step toward 
establishment of optimum compositions for Cr-Ni- 
Co-Fe-Mo-W-Cb alloys. While the overall property 
range was quite wide and information was obtained 
concerning the influence of each element on prop- 
erties, no alloy had properties which were outstand- 
ing compared to those of the standard analysis of 
the basic alloy. It was shown that most of the ele- 
ments present in this analysis are necessary to yield 
satisfactory properties, but the elements could be 
varied individually over relatively wide ranges in 
the basic analysis without appreciably altering prop- 
erties. Indications are that nickel can be varied from 
11 to 20 pct, carbon from 0.08 to 0.40 pct, cobalt from 
20 to 33 pet, columbium from 1 to 4 pct, manganese 
from 0.3 to 2.6 pct, and nitrogen from 0.08 to 0.18 
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atomic percentage basis on 100 hr rupture strength at 1200°F of 
columbium modifications. 


pct in the basic analysis without appreciably affect- 
ing properties. It was also shown that chromium, 
molybdenum, and tungsten are necessary for main- 
tenance of properties and that columbium in addi- 
tions not beyond 1 pct is necessary for high ductility 
characteristics. It is possible, however, to obtain 
strengths as high or higher than that of the basic 
alloy without the use of columbium by increasing 
molybdenum and tungsten. 


Nature of Phases 

As yet little is known concerning the nature of 
the phases present in alloys of the type investigated. 
It is generally accepted that the austentite-type 
matrix is a solid solution which is saturated with 
respect to certain unidentified constituents at both 
the solution and aging temperatures. It is also known 
that columbium, chromium, molybdenum, and tung- 
sten are prone to form carbides or nitrides under 
certain conditions, and that intermetallic compounds, 
such as the Fe-Cr o phase, and also a ferrite-type 
phase, are possible microconstituents. 

In this investigation there was evidence that car- 
bon entered into the reaction forming the phase 
which was at least partially insoluble at the solution 
treatment temperature and that columbium was the 
other significant element in the formation of this 
phase. Carbon also appeared to be an important 
component of the precipitate which occurred during 
aging. 

Chromium evidently contributed to the formation 
of the phase which precipitated during aging of the 
0 pet Mo-0 pet W-0 pet Cb alloy. It appeared that 
chromium was also quite important in the aging 
reaction in the 0 pet Cb alloys since additions of 
molybdenum and tungsten to these alloys did not 
change the appearance or appreciably affect the 
amount of aging precipitate. 

Columbium additions from 2 to 4 pct in alloys 
containing high molybdenum plus tungsten appre- 
ciably increased the amount of aging precipitate. 
Evidently this resulted from exceeding the solubility 
limit causing the rejection during aging of the excess 
phase from supersaturated solution. The nature of 
this phase was not evident from the data, although 
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there was some indication that molybdenum and 
tungsten, which apparently increased strength by 
substitutional entrance into solid solution, probably 
were not present in the precipitate. The two exam- 
ples of this were: 

1—Additions of carbon to the basic alloy increased 
aging precipitate but did not appreciably lower 
strength as would be expected if molybdenum or 
tungsten were taken out of solution. 

2—Additions of columbium from 2 to 4 pct in 
alloys also containing at least 6 pct total Mo plus W 
did not affect strength appreciably while increasing 
the amount of aging precipitate. On the other hand, 
when molybdenum or tungsten were raised from 2 
to 4 pct in alloys containing 4 pct Cb, producing 
alloys with more aging precipitate, the strength was 
improved, indicating that molybdenum and tungsten 
went into solution. In this event it is probable that 
chromium, or some of the other elements of similar 
atomic size, were forced out of solution as carbides 
or intermetallic compounds. 

On the basis of the composition range studied for 
nitrogen, it did not appear that this element appre- 
ciably affected the microconstituents. 


Summary 

By the use of careful control over processing con- 
ditions this investigation has shown that it is pos- 
sible to correlate the 1200°F stress-rupture prop- 
erties of wrought Cr-Ni-Co-Fe-Mo-W-Cb alloys 
with systematic variations in chemical composition 
and that a wide range in properties can be obtained 
by such variations. Major strengthening effects re- 
sulted from additions of chromiuin, molybdenum, 
tungsten, and columbium. 

Subject to the limitations placed on this investi- 
gation by microstructural, hardness and 1200°F rup- 
ture studies of a limited number of modifications in 
only one condition of processing, the following find- 
ings were made: 

1—Carbon (varied from 9.08 to 0.6 pct), man- 
ganese (0.3 to 2.6 pct), nitrogen (0.08 to 0.18 pct), 
nickel (11 to 20 pct), cobalt (20 to 33 pct), and 
columbium (2 to 4 pct) do not appreciably influence 
1200°F rupture properties. Nitrogen (0.004 to 0.08 
pet), chromium (10 to 30 pct), nickel (0 to 11 pct), 
cobalt (0 to 20 pct), molybdenum (0 to 4 pct), tung- 
sten (0 to 4 pct), and columbium (0 to 1 pct) im- 
prove the rupture strength. Silicon (0.5 to 1.6 pct) 
and nickel (20 to 30 pct) lower rupture strength. 

2—The rupture strength variations with chemical 
composition observed in this investigation were the 
result of changes in inherent creep resistance, caused 
by alloy additions, except for composition variations 
for which total elongation to fracture changed from 
very low (below 10 pct) to high (above approxi- 
mately 20 pct), in which case the greater ability to 


deform before fracture also improved the rupture 


strength. 

3—The rupture strength improvements accom- 
panying the increased creep resistance with addi- 
tions of molybdenum and tungsten are the result of 
the strengthening influence of these incongruous 
atoms entering substitutionally into the matrix solid 
solution. Nickel and cobalt additions apparently im- 
prove creep resistance by increasing the solubility 
of molybdenum and tungsten. The increased creep 
resistance produced by chromium additions appar- 
ently results, at least in part, from an aging reaction. 
The creep resistance is not appreciably influenced 
by columbium. Improvements in rupture strength 
with small additions of columbium result from the 
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greater ability to deform before fracture of alloys 
containing columbium. The detrimental effect of 
silicon on strength properties is possibly connected 
with melting phenomena which are not yet under- 
stood. 

4—Columbium, chromium, and carbon produce 
major changes in microstructure. There is limited 
evidence to indicate that these are the major ele- 
ments present in the excess constituents in the struc- 
ture of the alloys. 
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Creep Correlations in Alpha Solid Solutions of Aluminum 


by Oleg D. Sherby and John E. Dorn 


S EVERAL years ago Zener and Hollomon' suggested 
that the flow stress of metals might be related 
to the temperature and strain rate in accord with 
the functional equation: 


at the same state. 

The Zener-Hollomon relation also contains the 
significant tacit implication that the energy for acti- 
vation, AH, is substantially independent of the state 
of the material. 

The utility of this method for correlating creep 
data with tensile data was illustrated in a prelim- 
inary report’ on the effect of alloying additions on 
the secondary creep rates of binary a solid solutions 
in aluminum as shown for Al-Mg alloys in Fig. 1. 
Not only do the secondary creep and ultimate tensile 
properties for each alloy correlate well on this plot 
but in addition the activation energy, AH =— 17,900 
R cal per mol, is identical for the various composi- 
tions. Similar types of curves correlating the second- 
ary creep rates at 422°K (300°F) with ultimate 
tensile data were also obtained for a series of dilute 
a solid solutions of copper, germanium, zinc, and 
silver in aluminum. In all cases the activation energy 
for creep, AH, was found to be equal to about 17,900 
R cal per mol independent of the type of alloying 
element or its concentration. The coincidence of the 
activation energies for these alloys is probably due 
to the fact that the activation energies for creep are 
rather insensitive to small composition changes. 
Alloying additions, as shown in Fig. 1, however, in- 
ereased the stress necessary to obtain equivalent 
values of <e*”/"". Thus the stress level in curves of 
the type represented by Fig. 1 gives the relative 
creep strengths of the various alloys. 

Inasmuch as these correlations between creep and 
tensile data were obtained for creep tests at 422°K, 
it appeared advisable to ascertain the range of sec- 
ondary creep rates and temperatures over which 
correlations between creep and tensile data could be 
made on the basis of the Zener-Hollomon relation- 
ship. If, for example, the activation energy changes 
with different ranges of creep temperatures, the 
utility of the proposed analysis would be severely 
weakened. But if AH is constant not only for all 
dilute alloys, but also over wide ranges of tempera- 
ture and secondary creep rates, confidence will be 
developed not only in the broad utility of the Zener- 


Table 1. Chemical Analysis* and Grain Size of Alloys 


Mean 

Grain 

é Residual Impurities, Wt Pct Diam- 
Alloying Atomic eter, 
Element Pet. Si Fe Cu Mg Mn mm 
Aluminum 99.987 0.003 0.003 0.006 0.001 0.25 
Magnesium 1,617 0.003 0.004 0.006 0.26 
Copper 0.101 0.003 0.003 0.0006 0.001 0.29 
Zine 1.616 0.003 0.005 0.007 0.001 0.26 


* The authors express their appreciation to the Aluminum Com- 
pany of America for the preparation and chemical analyses of these 


alloys. 
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Fig. 1—Correlation of tension test data with creep data for Al-Mg 
solid solution alloys.” 


Hollomon relationship, but also in its theoretical 
justification. The following investigation was in- 
stituted in order to ascertain the range of validity 
of the Zener-Hollomon relationship when it is ap- 
plied to creep and tension data. 


Materials, Equipment, Technique 

In view of rather extensive correlatable data now 
available on the plastic properties of a series of 
binary a solid solutions of magnesium, copper, ger- 
manium, Zinc, and silver in aluminum, these alloys 
were again selected for the present investigation. 
Previous reports have already covered the tensile 
properties of these alloys at subatmospheric tem- 
peratures,’ and at elevated temperature,’ as well as 
their fatigue properties at atmospheric tempera- 
tures,’ and their creep properties at 422°K.’ Resis- 
tivity measurements’ as well as precision lattice 
constant determinations’ revealed that these alloys 
are a solid solutions. After homogenization, 0.100 in. 
thick sheets were rolled to 0.070 in. in thickness and 
recrystallized to about the same grain size. Since the 
details of these treatments were reported previously,’ 
they will not be repeated here. In order to appro- 
priately reduce the scope of creep tests in this in- 
vestigation only the typical alloys shown in Table I 
were investigated. 

All creep specimens were machined such that 
their tensile axes were in the rolling direction of the 
0.070 in. sheet stock. The gage section was 2 in. long 
and 0.500 in. wide with a reduced section of 3.50 in. 
Creep strains were measured by means of rack and 
pinion type extensometers with a sensitivity of 0.005 
in. per division. Readings were estimated to 1/10 of 
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Fig. 2—Correlation of creep and tensile data of pure aluminum at 
various temperatures by the equation: o =o (€e**"/7), 
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Fig. 3—Correlation of creep and tensile data of 1.62 atomic pct Zn 


in aluminum at various temperatures by the equation: ¢ = 
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Fig. 4—Correlation of creep and tensile data of 0.10 atomic pct 
Cu in aluminum at various temperatures by the equation: o = 


a division; thus strains were detectable to approxi- 
mately 0.00025. 

Complete descriptions of the creep furnaces and 
equipment have been described in a previous re- 
port’ and will not be repeated here. Five creep tem- 
peratures were covered in the present investigation: 
S05 Kk (212 °F), 94227 
477°K (400°F), and 528°K (491°F). Specimens were 
maintained at constant temperature within + 1°K 
throughout the tests. All creep tests were performed 
under constant load conditions. 
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Fig. 5—Correlation of creep and tensile data of 1.62 atomic pct 
Mg in aluminum at various temperatures by the equation: ¢ = 
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Fig. 6—Correlation of creep data of high purity aluminum at 
various temperatures by the equation: =o Data 
of Servi and Grant.® 


Discussion of Results 
The good correlation between the secondary creep 
data from 422° to 528°K and the ultimate tensile 
data from 422° to 650°K for the four alloys under 
investigation is shown in Figs. 2 to 5. The value of 
AH/R for each alloy was determined by noting that 
according to eq 1: 


AH/RT 
€,e 


AH/RTy 


= &e = (constant) 


for the same flow stress at two dissimilar creep test 
temperatures, T, and two corresponding secondary 
creep rates, «. Consequently: 


In 


where «, is the secondary creep rate at T, for the 
same flow stress that produces a secondary creep 
rate ¢, at temperature T.. 

A single activation energy of AH = 17,900 R cal 
per mol was obtained for all of the alloys which 
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Fig. 7—Correlation of creep and tensile data of 2S-O at yari- 


ous temperatures by the equation: o =o (e€e'*/"). Data of 
Sinizer and MacGregor.° 


were investigated over the range of secondary creep 
rates and temperatures referred to above. This favor- 
able correlation between creep data and tensile data 
over wide ranges of temperature and strain rates 
suggests that the Zener-Hollomon parameter has 
rather broad utility for dilute a solid solutions. Evi- 
dently the metallurgical differences over the range 
of compositions studied here have little effect on the 
activation energy for creep. 

Additional confirmation of the general utility of 
the Zener-Hollomon parameter for correlation of 
creep data is obtained by replotting Servi and 
Grant’s® data for the creep of high purity aluminum 
for two different grain sizes as shown in Fig. 6. In 
this investigation the stress (and not the load) was 
held constant throughout each creep test; hence 
these data do not exactly parallel those given in 
Fig. 2 of this report where o refers to the load per 
unit original area. Nevertheless these data also re- 
veal that the activation energy for creep is AH = 
17,900 R cal per mol in complete harmony with the 
activation energies for creep of pure aluminum and 
the dilute binary a solid solutions of aluminum re- 
ported here. The same activation energy was ob- 
tained independent of grain size. Although the creep 
resistance of the fine grained aluminum is slightly 
superior to that of the coarse grained aluminum for 
values of In € + 17,900/T greater than about 29.0, 
at lower values of this parameter the coarse grained 
aluminum exhibited superior creep resistance. The 
effect of grain size on the creep resistance, how- 
ever, is quite small. 

In view of the consistent appearance of an activa- 
tion energy of AH = 17,900 R for creep of high 
purity aluminum and its dilute alloys independent 
of grain size, it might be anticipated that 2S-O alloy, 
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commercially pure aluminum, should also exhibit 
the same activation energy. Support for this con- 
tention is given by appropriate analysis of the data 
of Sinizer and MacGregor’ on the creep of 2S-O 
alloy as shown in Fig. 7. Here the stress (as constant 
load per unit original cross-sectional area) is plotted 
as a function of In ¢ + 17,900/T, where é is the true 
secondary creep rate. The correlation of tension and 
creep data over wide ranges of temperature and 
true strain rates is remarkably good. But when a 
similar correlation was attempted for Servi and 
Grant’s® data on 2S-O an activation energy of ap- 
proximately 28,700 R cal per mol was obtained as 
revealed by the data given in Fig. 8. In view of the 
fact that the effect of grain size on the creep prop- 
erties of high purity aluminum is very small, as 
shown in Fig. 6, and that the change in activation 
energy with grain size of high purity aluminum is 
not detectable, the large difference in activation 
energy for 2S-O between Sinizer and MacGregor’s 
data and those of Servi and Grant is probably not 
ascribable to a difference in grain size. A possible 
source of this wide difference in activation energies 
for creep from two alternate samples of 2S-O alloy 
is revealed in the previously published data of 
Sherby and Dorn” on the effect of annealing on the 
creep properties of 2S-O alloy as shown in Fig. 9. 
These data reveal that the activation energy for 
creep increases with increased annealing tempera- 
ture and that the increase in activation energy is 
inconsistent with the grain size trends as a com- 
parison of the data in sections A and B of Fig. 9 
reveals. A summary of the pertinent data available 
on 2S-O is given in Table II. These data unmistak- 
ably reveal that the activation energy for creep of 
2S-O alloy is totally inconsistent with grain size but 
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Fig. 9—Effect of annealing on the activation energy fer creep of 
2S-O alloy. Data of Sherby and Dorn.”® 


that it increases in a regular way with the annealing 
treatment preceding creep testing. The basic cause 
for this effect has not yet been uncovered. 


Range of Validity of Results 


Since the creep stress o is related to the secondary 
creep rate « and temperature T by means of the single 
valued function: 

it must necessarily follow that the same metallurgical 
structure, representing the same state of the metal 
is obtained for all equal values ¢e*”/"*. Results on 
X-ray and metallographic examinations” of creep 
specimens of high purity aluminum and its alloys 
have shown that similar substructures are produced 
at equal values of ee*”/”” for a given alloy. At high 
values of <e*”/*" a very fine substructure is produced, 
whereas at lower values of <e*”/"” coarser substruc- 
tures result. The results of this investigation are 
mentioned here only to illustrate that identical sub- 
structures are produced at the same values of the 
Zener-Hollomon parameter at least for creep and 
tension data for pure aluminum and its dilute alloys 
at high temperatures. 

The Zener-Hollomon parameter cannot be success- 
fully applied at low temperatures. This is revealed 
by the data recorded in Fig. 10. Whereas the creep 
and tensile data over the range of 422° to 650°K, as 
shown in curve A, yield good correlation with In « +- 
17,900/T, the creep data at 373°K (curve B) and 
305°K (curve C) do not correlate with this function. 
Correlation of the data over these temperatures could 
be achieved by assuming that the activation energy 
is a function of the temperature. This procedure, 
however, is theoretically unsound and does not lead 
to any practical utility. Consequently the correlation 
of creep and tensile data for aluminum and its dilute 
alloys can be obtained only for temperatures in ex- 
cess of about 400°K at which recovery becomes 
active. Apparently, at lower temperatures the more 
complex phenomena associated with strain harden- 
ing enter and prohibit the unmodified application of 
the Zener-Hollomon concept. 


7000 


4000 


O -CREEP STRESS OR ULTIMATE TENSILE STRESS - PSI 


3000 

eg @ TENSILE DATA 422°K, 550°K, 650°K 
CREEP DATA 308 
@ CREEP DATA 
© GREEP DATA 422°K 
& CREEP DATA 477°K 
© CREEP DATA 526°K 

1000 | 

30 35 40 45 50 55 60 


In 17900 
IN AND TIN °K) 


Fig. 10—Correlation of creep and tensile data of pure aluminum 
at various temperatures by the equation: o=o (e€e*’"), 


This discussion reveals that over appropriate ranges 
of secondary creep rates and temperatures, the acti- 
vation energy for creep of aluminum and its dilute a 
solid solution alloys is 17,900 R cal per mol inde- 
pendent of grain size, alloy or composition, and struc- 
ture. Such facts suggest that the activation energy 
for these materials is 17,900 R cal per mol not only 
during the secondary stage of creep but also during 
the primary or transient stage of creep where struc- 
tural changes are occurring due to simultaneous 
effects of deformation and recovery. 

If this is true, a temperature compensated time: 


where t is the time under stress, should permit cor- 
relation of the total creep curve of creep strain vs. 6 
for any given stress over wide ranges of creep tem- 
peratures. Inasmuch as the activation energy for 
creep of aluminum and its dilute alloys is 17,900 R 
cal per mol, the expected correlation of the total 
creep curve for a single stress should be obtained by 
plotting the creep strain as a function of: 


6 = 


The verification of this concept is illustrated in Figs. 
11 and 12. This method of correlation of complete 
creep curves is shown to be excellent for the data for 
the aluminum alloy containing 0.101 atomic pct Cu 


Table II. Effect of Annealing on the Activation Energy for Creep of 2S-O Alloy 


Mean 
Grain Acti 

Original Annealing Diameter, ries 

Investigator Stock Treatment mm Cal per Mol 
Sinizer and MacGregor 2S-O wire 650°F for 1 hr 17,900 R 
Sherby and Dorn 2S-O sheet 650°F for 1 hr 0.05 17,900 R 
Sherby and Dorn 2S-O sheet 950°F for 1 hr 0.05 27.500 R 
Servi and Grant 2S-H18 bar stock 1000°F for 3 hr 0.025 28.700 R 
Sherby and Dorn 2S-O sheet 1150°F for 1 hr 2.0 30,000 R 


962—JOURNAL OF METALS, SEPTEMBER 1952 


TRANSACTIONS AIME 


| 
5000 VA b 
| 
25 35 


= TTI 500 
rs 1000 PSt E500 | 
Lor | r 
i mal | | 
le 
|. 
a © CREEP DATA 422 
A CREEP DATA 477°K 
© CREEP DATA 528°K 
kj A. PURE ALUMINUM (99.987 PERCENT) 
10 10 ' 10 
te T x10'® (t IN HOURS, T IN°K) 
‘fe 4000 5000 2300 2000 {500 
Bo 
z |, | 
Ld 
© LAT | CREEP DATA 422°k 
CREEP DATA 477% 
© CREEP DATA 528% 
Manes 
B B. 1.62 ATOMIC PERCENT ZINC IN ALUMINUM ALLOY. 
10° 10" 10 10% 103 10* 


t 


Fig. 11—Correlation of creep strain-time data of a solid solution alloys of aluminum by the equation: e =e (te“ 


as shown in Fig. 12A. Exact agreement is obtained 
when the creep strain at a stress of 1500 psi is plotted 
as a function of @ for creep temperatures of 477° and 
528°K. At a creep stress of 3500 psi agreement is 
again achieved in the e-@ curves for creep at 422° and 
477°K. Furthermore all of the creep curves for the 
Al-Cu alloy shown in Fig. 12A give a uniform and 
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1000/2) 


consistent family of curves of « vs. @ for all stresses 
and temperatures which were investigated. Good 
correlations were also obtained for the high purity 
aluminum (Fig. 11A) and the aluminum alloy con- 
taining 1.62 atomic pct Mg (Fig. 12B). The data for 
the alloy containing 1.6 atomic pct Zn exhibit slight 
random deviations from exact correlations. These 
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minor inconsistencies in the data for the Al-Zn alloy, 
however, were noticeable in earlier investigations” 
and might be attributable to variations in sampling 
rather than failure of the concept of a temperature 
compensated time for correlation of creep curves. In 
general, these data reveal that the activation energy 
for creep is the same throughout the primary as well 
as the secondary stage and thus the activation energy 
for creep is independent not only of the various sub- 
structures developed during secondary creep under 
different conditions of temperature and stress, but 
it is also independent of the changes in structure due 
to deformation and recovery during the primary stage 
of creep. 

A major problem in the application of creep data 
to engineering design concerns the necessity of extra- 
polating short time creep tests of 10° to 10x10* hr to 
service lives of as much as 250x10* hr. No safe method 
for this extrapolation has yet been uncovered be- 
cause no suitable method for predicting the time of 
onset of the tertiary stage of creep is known. This 
deficiency in ability to predict the beginning of the 
tertiary stage of creep might easily be circumvented 
by a simple procedure involving the use of the tem- 
perature compensated time, 6 = te*”’"". For exam- 
ple, if the complete creep curve is desired for a design 
stress of o, and a temperature T,, an incomplete short 
time creep test up to say 10° hr might be obtained. A 
second test at the same stress o, and temperature T, 
where T. > T, might be run where T, is so selected 
that a complete creep curve to rupture is obtained 
in less than 10° hr. Then: 

where t, and t. are the times for test one and test two 
to reach the same strains. Hence AH can be evaluated 
and now both tests can be plotted as « vs. 6. Thus the 
total strain « at time t for the selected stress o, and 
the temperature T, can be deduced from the com- 
posite data of « vs. 6. Furthermore, this composite 
creep curve also represents the creep curve at any 
other temperature T for the stress o,. In this way 
much of the doubt concerning extrapolation of creep 
data to long times can be eliminated. Of course, this 
analysis was found valid for simple alloy systems. 
Perhaps these elementary methods of analysis are 
not generally applicable to complex engineering 
alloys in which major structural changes occur 
during the time interval at the creep temperature. 
Undoubtedly more thorough investigations will have 
to be made on the general validity of the tempera- 
ture compensated time concept before its unqualified 
acceptance for extrapolation of short time creep 
tests is assured. At present this possibility appears 
interesting and useful. 


Conclusions 

1—Creep and tensile data of a solid solution alloys 
of aluminum above 400°K can be simply related by 
the Zener-Hollomon relation « = o (¢e*"/"") where 
AH was found to be 35,800 cal per mol for all the 
alloys investigated. Such correlations were thought 
to arise from the fact that the structural changes 
occurring during deformation at these temperatures 
are simple functions of the strain rate and tempera- 
ture. 

2—The Zener-Hollomon parameter alone was not 
adequate for correlating creep and tensile data at 
temperatures below about 400°K for aluminum. 

3—Tensile and creep data on 2S-O by various 
investigators were also correlated by the Zener- 
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Hollomon parameter. The activation energies ob- 
tained, however, differed from one series of data to 
another, dependent upon the annealing conditions 
preceding creep. 

4—-When creep strains for a stated creep stress 
are plotted in terms of a temperature compensated 
time, @ = te*”’*", a single creep curve is obtained in- 
dependent of the creep temperature. This suggests 
a simple method for extrapolation of short time 
creep data to much longer times. 
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Some Observations of Subgrain Formation During Creep 


In High Purity Aluminum 


by Italo S. Servi, John T. Norton, and Nicholas J. Grant 


Coarse grained high purity aluminum was tested in creep at tem- 
peratures of 400° to 1200°F to develop subgrain structures. Measure- 
ments of subgrain size, distribution, and rotation were made from 
X-ray diffraction patterns. Subgrain size and distribution were 
checked metallographically and the size was compared with average 
slip band spacing. The slip family was determined for several speci- 

mens. 


HE interest and research recently evident abroad 
in the role of subgrain formation and polygon- 
ization as a contribution to the creep of metals at 
elevated temperatures is deserving of greater atten- 
tion in this country. Such metallic subgrains can be 
defined as macroblocks existing within the grains. 
The general observation has been that the macro- 
blocks which belong to the same grain have a max- 
imum difference in orientation of a few degrees. In 
spite of the considerable amount of work that has 
been done since Jenkins and Mellor’ observed the 
“division of existing crystals into smaller units when 
deformation occurs at an annealing temperature,” 
the subject of subgrain formation is only now re- 
ceiving truly active discussion and investigation. 
The existence of subgrains has been revealed by 
metallographic methods, as in the work of Jenkins 
and Mellor,’ and by X-ray methods, first applied to 
this problem by Homes.’ Hirst’ and Calnan and Burns’ 
applied the back-reflection Laue technique to the 
study of coarse grained specimens. Wood et al.” and 
Greenough and Smith’ examined the ring obtained 
with a back-reflection camera for the study of fine 
grained specimens. In addition to the above, the 
transmission technique was used by Wood.’ A special 
technigue was developed by Guinier and Tennevin’* 
in order to improve the resolution. 
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Metallographically, the subgrains have been ob- 
served directly on the surface of deformed speci- 
mens by Wood et al.,’ or have been made evident on 
repolished surfaces by applying a suitable etching 
reagent. The latter technique, first suggested by 
Lacombe and Beaujard,’ was then improved by Wyon 
and Crussard.” 

Subgrains can be formed in single crystals after 
small amounts of bending followed by heating after 
this cold work, or during deformation at elevated 
temperatures. The first phenomenon was analyzed 
by Cahn” for the simple case of pure bending fol- 
lowed by annealing. Cahn suggested a mechanism 
of subgrain formation based on the dislocation theory 
and called this phenomenon “polygonization.” He 
extended this mechanism to the more complex case 
of local bending, such as the bending which may 
occur when a polycrystalline specimen is deformed 
in tension. Cahn’s suggestion was later found quite 
consistent with the results obtained by Dunn and 
Daniels.” 

An explanation has been presented recently re- 
garding the formation of subgrains during deforma- 
tion at elevated temperatures by Chang and Grant.” 
In general, there are two schools of thought on the 
subject. One, according to Wood et al.,° is that sub- 
grain formation is a mechanism of deformation 
which is operative under certain conditions in the 
same way that the slip process is the mechanism of 
deformation which is operative under other condi- 
tions. The boundaries between the subgrains undergo 
a viscous flow which contributes substantially to 
the deformation of the material. The second, accord- 
ing to Cahn,” Wyon and Crussard,” and Chang and 
Grant,” is that subgrain formation is the effect of 
simultaneous deformation and annealing and is, 
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Fig. 1—Two views of a single crystal specimen of high purity 
aluminum deformed at 1200°F at an initial stress of 70 psi. X1.5. 


therefore, a special case of polygonization. The sub- 
grain formation is especially associated with the 
deformation bands along which the crystals undergo 
progressive bending. Subgrain formation is a re- 
covery-type process and, therefore, does not involve 
nucleation. 

The present investigation has been undertaken to 
study some of the aspects of formation of subgrains 
during creep of high purity aluminum. The metal- 
lographic and X-ray observations will be compared 
with the structural observations made by Servi and 
Grant™ on the same high purity aluminum deformed 
in creep. 

Experimental Procedure 

The material used was high purity aluminum, 
furnished by the Aluminum Co. of America, speci- 
fied as 99.995 pet Al. The reported spectrographic 
analysis of the impurities was: Cu, 0.0017 pct; Fe, 
0.002; Si, 0.001; Mg, 0.0002; Na and Ca, 0.0006. 

The specimens consisted of cylindrical tensile 
specimens of 0.16 in. diam and 1 in. gage length. 
Some of the samples (coarse grained) were annealed 
at 1000°F to a grain size of 1 to 3 mm. Other sam- 
ples, consisting of one to three grains in the gage 
section (special) were prepared by the strain- 
annealed method. The final annealing temperature 
in this case was 1180°F. Several samples chosen at 
random from both lots were examined by X-ray 
diffraction before testing with no indication of a 
subgrain structure. 

All the samples were electropolished before test- 
ing. The coarse grained samples were tested in creep 


Fig. 2—Transyerse section of a specimen deformed at 1200°F under 
40 psi showing subgrain boundaries. Polished in concentrated hydro- 
chloric acid. X50. Area reduced approximately 20 pct. for repro- 
duction. 
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at constant stress in the temperature range 400° to 
1100°F. The special specimens were tested at con- 
stant load at 1000°, 1100°, and 1200°F. In all cases 
the reduction of area in the parts of the specimens 
which were examined was of the same order of 
magnitude, about 10 pct. 

The following metallographic techniques were 
applied to the study of the deformed samples: 

1—Direct observation with no further prepara- 
tion. 

2—Electrolytic repolish and etching with the 
Lacombe and Beaujard reagent.’ Etch pits are 
formed preferentially along subgrain boundaries. 

3—Electrolytic repolishing in 35 pct hydrochloric 
acid at an open circuit voltage of 50 v. The subgrain 
boundaries are attacked heavily. 

4—Repolishing in the acetic acid-perchloric acid 
mixture” at 40°C. Blisters are formed along the 
subgrain boundaries. 

The X-ray technique employed a Laue back- 
reflection camera using a copper tube energized at 
a voltage of 45 kv. The specimen to film distance 
was 3 cm. The beam had a diameter of 1 mm at the 
point of incidence. Patterns were obtained both from 
the surface and from the inner part of deformed 
specimens which had been longitudinally sectioned. 

The method of determining the average size of 
the subgrains from the X-ray patterns is of neces- 
sity an approximate one and while the number ob- 
tained will obviously be too small, the relative 
values should be correct. Knowing the size of the 
incident X-ray beam and making an assumption 
about the depth of penetration, the volume of metal 
contributing to a particular reflection is calculated. 
Again assuming that each subgrain in this volume 
will give a reflection lying in the patch of subgrain 
spots, these spots are counted and in this way the 
average size of the subgrains is computed. Small 
subgrains may give spots too weak to be recorded 
and others may overlap, so that the number counted 
will be smaller than the true value. However, if 
conditions of exposure are kept constant, the rela- 
tive values of the subgrain size obtained in such a 
manner should be significant in indicating the in- 
fluence of such variables as stress or temperature. 


Experimental Results 
It is unfortunate that all the results obtained from 
about 150 X-ray diffraction patterns and 100 micro- 


Fig. 3—Special specimen deformed at 1200°F at 70 psi showing 
subgrain boundaries. Repolished in modified Jacquet’s reagent at 


40°C. X150. Area reduced approximately 20 pct for reproduction. 
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Fig. 4—X-ray back-reflection pattern of a coarse grained 
specimen deformed at 900°F at 190 psi. Beam approximately 
parallel to the main slip planes and perpendicular to the axis 
of the specimen. 


graphs cannot be reported in detail. Instead the re- 
sults shall be summarized and a few typical photo- 
graphs will be presented. Fifteen coarse grained and 
six special specimens were tested in creep and 
examined. In all cases the examined sections of 
the specimens which were studied showed well- 
developed slip bands. A typical example is presented 
in Fig. 1, which shows the photograph of a single- 
crystal specimen deformed at 1200°F at an initial 
stress of 70 psi. 

The approximate determination of crystal orien- 
tation revealed that the slip plane may belong to 
one of the following families: (111), (100), or (211). 
The angle of the active slip plane (as measured by 
the normal to this plane) relative to the stress axis 


Fig. 6—X-ray back-reflection pattern of a coarse grained 
specimen deformed at 500°F at 1300 psi. Beam perpendicular 
to the axis of the specimen. Diffraction rings due to the 
strong characteristic wavelength are observed in this pattern. 


TRANSACTIONS AIME 


Fig. 5—X-ray back-reflection pattern of a coarse grained 


specimen deformed at 900°F at 450 psi. Beam perpendicular 
to the axis of the specimen. 


was always between 40° and 50°. In all cases the 
slip direction belonged to the [110] family. This 
[110] slip direction was at an angle of 40° to 50° 
from the stress axis. These results differ from the 
previous observations” concerning the active slip 
system operative at low temperature [(111), [110]], 
and the active slip system [(100), [110]] operative 
at high temperatures. The slip plane was determined 
by the Laue back-reflection technique. The speci- 
men was set in a holder in such a way that the slip 
plane was perpendicular to the X-ray beam. When 
the slip process was well underway (see Fig. 1, for 
example), the slip direction was easily noted; as a 
consequence, its orientation with respect to the film 
was known. Later, by the use of the Greninger chart, 


Fig. 7—X-ray back-reflection pattern of a coarse grained 
specimen deformed at 500°F at 2000 psi. Beam perpendicular 
to the axis of the specimen. 
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Fig. 8—X-ray back-reflection pattern of a special specimen 
deformed at 1200°F at 70 psi. Beam perpendicular to the axis 
of the specimen and approximately perpendicular to the axis 
of rotation. 


the slip plane and slip direction were established. 

The observation of subgrains by metallographic 
methods is restricted to subgrains having a rather 
coarse size. The direct observation of the surface of 
deformed samples did not reveal subgrains except 
in a few cases which were reported previously.* The 
etch-pit method® was successful but gave rather 
confused results in some samples. Electrolytic polish- 
ing in concentrated hydrochloric acid for less than 
1 min etched the subgrain boundaries deeply as 
shown in polishing Fig. 2. The substructure is re- 
producible after light polishing and re-etching. The 
background by such a technique is always rough and 
therefore many details are missed. Repolishing in 
acetic-perchloric acid mixture” at 40°C was the 
most suitable method to reveal the subgrains. How- 
ever, at the present stage of the investigation, this 
technique is not easily controlled although the re- 
producibility was good in many cases. The subgrain 
boundaries are outlined by small round blisters which 
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Fig. 10—Stereographic projection obtained from the 
X-ray pattern of Fig. 8. 
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Fig. 9—X-ray back-reflection pattern of the sample described 
in Fig. 8. Beam perpendicular to the axis of the specimen and 
approximately parallel to the axis of rotation. 


are also scattered at random inside the subgrains 
(see Fig. 3). 

The metallographic observations indicated that 
the size of the subgrains could be very irregular. 
The determination of the average subgrain size was, 
therefore, only approximate. Since the grain bound- 
aries are barriers for the subgrain boundaries, the 
substructures of two adjacent grains may be inde- 
pendent of one another and are dependent only on 
the deformation occurring in each grain. 

When a specimen forms subgrains, the X-ray Laue 
spots are broken up into several elements of different 
intensity which may partially overlap. Whenever the 
orientation of some subgrains is such that the strong 
characteristic wave lengths can be reflected, a por- 
tion of a spotty ring is visible in the back-reflection 
Laue picture. Such Debye reflections shall be dis- 
regarded and only the reflections due to the white 
radiation shall be studied. 

Each patch of subgrain spots represents the re- 


POLE 


SLIP DIRECTION 


(2it) PLANE 


AXIS OF SPECIMEN 


AXIS OF ROTATION 


Fig. 11—Stereographic projection obtained from Fig. 
9. This projection can be obtained from Fig. 10 by 
rotating the poles 83° about the axis of the specimen. 
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flection of one crystallographic plane. It was ob- 
served that the number of spots existing in each 
patch is larger the higher the applied stress. The 
angular spread also increases, but more irregularly, 
as the stress increases. Figs. 4 to 7 reveal the effect 
of the stress. Other X-ray patterns indicated that 
the same subgrain structure was found for samples 
deformed at 1000 psi at 400°, 500°, and 700°F, re- 
spectively. Fig. 7 indicates that at 2000 psi the sub- 
grain size approaches the limits of resolution of the 
technique used; specimens deformed at 3000 psi or 
more gave rise to diffuse reflections. The largest 
angular spread observed was about 15°. 

Although in no case are the subgrain spots located 
in patterns corresponding to simple rotation, at least 
in the simplest cases the distribution of the subgrain 
spots corresponds as a first approximation to a rota- 
tion about an axis which lies in the slip plane and is 
perpendicular to the slip direction. Such a fact is 
not always evident if the orientation of the X-ray 
beam relative to the slip system is chosen at random 
as in the cases of Figs. 4 to 7. However, the rotation 
can be determined when the X-ray beam is approxi- 
mately perpendicular or parallel to the axis of rota- 
tion. In the first case, see Fig. 8, the subgrain spots 
are distributed along hyperbolas; in the second case, 
see Fig. 9, the spots are distributed along circles. The 
stereographic projections of the two cases have been 
presented in Figs. 10 and 11, respectively. In the 
case of the specimen investigated, the active slip 
system was the [(211), [110]] the axis of rotation 
was the [111]. This fact is clearly shown in Fig. 9 
in a way which is completely independent of the 
accuracy of single-crystal determination. 

Although Figs. 8 and 9 represent almost ideal 
cases of simple rotation, it is evident that many spots 
do not lie along hyperbolas and circles. It was ob- 
served that the break-down approaches the case of 
simple rotation only when well-developed and reg- 
ular slip bands belonging to a single slip system are 
present. Smaller grains, which have less freedom of 
deformation and therefore undergo a more complex 
type of deformation, gave origin to less regular 
patterns. 

In order to determine whether the break-down of 
grains is a surface phenomenon or not, some samples 
were cut and repolished. There was no marked dif- 
ference between the appearance of an X-ray pattern 
taken on the surface and the appearance of a pattern 
taken on a cut section, provided that the orientation 
of the X-ray relative to the crystal was the same in 
both cases. 

Furthermore, Gervais,” using an etch composed 
of HCl, HF, and HNO, in alcohol revealed a subgrain 
structure which is retained as metal is removed from 
the surface. The change in size of the individual 
subgrains can be followed easily in Fig. 12; about 
0.001 in. of metal has been removed between repolish- 
ing and etching steps. 

A comparison of X-ray patterns obtained from 
different parts of the same crystal after severe de- 
formation (specimen was fractured) revealed within 
the limits of the sensitivity of this method no sub- 
stantial difference in subgrain size between the region 
crossed by a slip band, and the region between two 
slip bands. On the other hand, much larger differ- 
ences were noted at points near grain boundaries as 
compared to centers of grains. 

A summary of the results, including the measure- 
ments of slip band spacing, and the measurements 
of subgrain size as determined by X-ray and metal- 
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Fig. 12—Gradual change in substructure as 0.001 in. of metal is 
removed from surface after each repolish and etch. HCI, HF, and 
HNO, in alcohol. X100. Area reduced approximately 20 pct for 
reproduction. 


lographic methods are reported in Tables I and II. 
The values reported in each line are the correspond- 
ing values obtained for one chosen grain of each 
specimen. With this in mind, the results can be com- 
pared with more extensive data obtained by Servi 
and Grant” for the average slip band spacing of the 
same high purity aluminum as a function of the 
applied stress, and with Orowan’s theory” * of min- 
imum slip band spacing as a function of the stress. 

The data of Tables I and II indicate that both the 
average slip band spacing and the subgrain size in- 
crease as the applied stress decreases. 

Discussion 

The X-ray back-reflection Laue technique applied 
to single crystals or coarse polycrystalline specimens 
deformed in creep is suitable to investigate the pres- 
ence of subgrains, although not in a quantitative 
way in a 3 cm camera. The results should be com- 
pared with metallographic observations whenever 
possible. The orientation of the X-ray beam relative 
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Table |. Values of Subgrains, Slip Band Spacing, and Slip Family for Coarse Grained High Purity Aluminum Deformed 
in Creep at Elevated Temperatures 


X-ray Back-Refiection 


Maximum Average Average 
No. Sub- Angular Size Slip Band Slip _Slip Axis of 
Specimen Stress, Temperature, Grain Spread, Subgrains, Spacing, Plane Direction Kotation 
No. Psi oF Spots Deg Mm Mm (Family) (Family) (Family) 
104 Tensile Room Diffuse 15 
test spots 

35 3500 400 Diffuse 14 0.006 

spots 
85 3000 500 Diffuse 12 0.007 

spots 
62 2000 500 1000 10 0.031 0.012 
48 1800 400 1000 12 0.031 0.01 
26 1350 500 700 10 0.035 0.014 
66 1150 400 500 15 0.045 0.02 
25 1000 700 500 16 0.045 0.025 
71 900 500 500 15 0.045 0.02 
68 500 500 40 10 0.14 0.15 (100) [110] [110] 
23 450 700 150 10 0.08 0.02 
45 450 900 70 8 0.12 0.1 
76 170 1100 25 5 0.2 0.3 
42 170 900 30 8 0.18 0.5 
82 100 1100 25 6 0.2 0.7 (211) [110] {111] 


to the crystal is of the greatest importance in order 
to obtain the best information and to interpret the 
results adequately. 

The fact that several slip systems have been ob- 
served indicates that at elevated temperatures the 
resolved critical shear stress is similar along several 
planes. That system, therefore, which is more favor- 
ably oriented, becomes active. 

The deformation process at elevated tempera- 
tures is essentially a process of crystallographic slip; 
but due to the existence of many potential slip sys- 
tems and the complication of structure in polycrys- 
talline specimens, some degree of bending is always 
to be expected. 


The formation of subgrains is indirectly related 
to the slip process in the grain. The rotation of the 
subgrain spots is not a mere consequence of the 
“local curvature” of the crystal lattice near the 
glide planes because no peculiar subgrain distribu- 
tion’was observed near the slip planes. More prob- 
ably the subgrain formation is a polygonization 
process due to local bending and simultaneous an- 
nealing. The local bending may be originated by the 
formation of deformation bands, since the axis of 
rotation of the deformation bands” coincides with 
the axis of rotation of the broken-up spots. 

A sample deformed in tensile creep develops slip 
bands and deformation bands which are highly 
irregular. Hence, even the formation of subgrains 
must be irregular, as was observed. This is the 
reason for the striking difference in regularity be- 
tween an annealed metallic structure and a substruc- 
ture. The state of equilibrium which is reached 
during creep testing, as far as the substructure is 
concerned, is not based on a state of minimum sur- 
face energy, but on a state of minimum strain 
energy. This hypothesis agrees with the mechanism 


of polygonization™ according to which a state of 
minimum energy is reached when the existing dis- 
locations are distributed along certain patterns. Such 
a pattern can be predicted for the case of simple 
bending of single crystals followed by annealing.” 
However, since in the case of polycrystalline speci- 
mens deformed in tensile creep the state of local 
bending is not known, the final substructure cannot 
be predicted. 


The results of the present investigation revealed 
that, even at the highest temperatures, the slip 
process is directly responsible for the deformation 
of single crystals. In no instance did single-crystal 
specimens reveal subgrain boundaries on the “as- 
deformed” surface, indicating that no appreciable 
flow occurred along the subgrain boundaries. The 
observation of crystalline slip can be extended to the 
case of coarse grained polycrystalline specimens 
which revealed, in addition, flow occurring along 
the grain boundaries to a very appreciable extent. 

At the present stage of this investigation the ob- 
servation that the average size of the subgrains is 
inversely proportional to the applied stress is only 
roughly quantitative. There is a clear indication that 
for a constant amount of deformation and a con- 
stant stress level the number of subgrain spots 
forming the X-ray reflection of a single crystallo- 
graphic plane, and the angular range of orientation 
of these spots do not depend markedly on the tem- 
perature. There is also evidence that the average 
size of the subgrains, as determined by counting 
the subgrain spots, is somewhere between one and 
four times smaller than the average slip band spac- 
ing. Wherever direct comparison is possible, metal- 
lographic observation gives much smaller values of 
subgrain size, but it should be remembered that in 
the X-ray pattern of subgrain spots some are too 


Table II. Comparison of X-ray and Metallographic Values of Subgrain Size in Coarse Grained Aluminum Tested 
in Creep at Elevated Temperatures 


Ratio of 


X-ray Back-Reflection Slip Band 
Spacing to 
Average Subgrain Average 
Maximum Average Slip Average Size Subgrain 
No. Angular Size Band from Size, Slip Slip Axis of 
Specimen Stress, Tempera- Subgrain Spread, Subgrains, Spacing, Metallographic Metallo- Plane Direction Rotation 
o. Psi ture, °F Spots Deg m Mm Methods,Mm_ graphic (Family) (Family) (Family) 
5 100 1000 15 6 0.28 0.8 (100) [110] {110] 
9 50 1100 15 4 0.28 2.0 (111) {110] [211] 
120 40 1200 4 3 0.5 2.0 .07 30 (211) {110] {111] 
102 55 1200 5 2 0.4 1.2 0.02 60 (111) {110] {211] 
91 70 1200 15 9 0.28 0.8 01 80 (211) {110] (111) 
121 70 1200 10 6 0.31 1.0 (111) [110] [211] 
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weak to record and others overlap, so that the X-ray 
method gives too high a value for average size. It 
must be concluded, therefore, that from metallo- 
graphic observations of these specimens the subgrain 
diameter on the average is smaller by at least a 
factor of 30 than the average slip band spacing. If 
more weight is given to the rather limited informa- 
tion obtained from the metallographic observations, 
see Table II, it can be concluded that the average 
size of the subgrains approaches the theoretical 
value for minimum slip band spacing predicted by 
Orowan.” 

As the applied stress increases, the size of the sub- 
grains decreases as indicated by the increase in the 
number of subgrain spots in each X-ray reflection; 
and,. for very high stress, as in the case of room 
temperature tensile testing, the subgrain spots merge 
into smooth diffuse reflection spots. This result 
suggests that there is no sharp transition between 
the high stress and the low stress mode of deforma- 
tion of the metallic grains, the difference being only 
a matter of size of the subgrains. In actual creep 
testing, high stress is generally associated with low 
temperature, and low stress with high temperature. 
There is no difference between the mode of high 
temperature and the low temperature deformation 
of the metallic grains. The markedly different be- 
havior observed in polycrystalline specimens tested 
at low temperatures and at high temperatures“ has 
its origin in the deformation occurring at the grain 
boundaries. 

Summary 

1—Creep testing of coarse grained and single- 
crystal specimens of high purity aluminum was per- 
formed from 400° to 1200°F. The deformed speci- 
mens were examined by metallographic methods and 
by an X-ray back-reflection Laue technique. 

2—In all cases slip bands were observed. The slip 
systems were: [(111), [110]] [(100), [110]], or 
[ (211), [110]]. 

3—The metallographic and X-ray techniques re- 
vealed the presence of subgrains both on the surface 
and inside the deformed specimens. The subgrains 
are larger the lower the applied stress. 

4—-The average size of the subgrains is smaller 
than the average slip band spacing and approaches 
the value predicted by Orowan’s theory for the 
minimum slip band spacing (based on metallo- 
graphic determinations). 

5—The orientation of a family of subgrains be- 
longing to the same grain corresponds, as a first 
approximation, to a rotation about an axis lying in 
the slip plane and perpendicular to the slip direction. 

6—The results suggest that the slip process is the 
primary mechanism of deformation of the metallic 
grains even at elevated temperatures, when the 
grain size is large enough to permit slip to be opera- 
tive. This is a confirmation of the earlier results of 
Servi and Grant.“ * Subgrain formation is not the 
primary mechanism of deformation of the grains 
at elevated temperatures. These subgrains form by 
a polygonization process due to local bending caused 
by nonhomogeneous grain boundary sliding and con- 
current annealing. The well-known difference in 
the overall high and low temperature behavior of 
polycrystalline specimens is, therefore, based on the 
behavior of the grain boundaries and not of the 
grains. 
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Recrystallization Kinetics of Low Carbon Steel 


by Stanley F. Reiter 


The paper presents isothermal recrystallization curves for 0.08 
and 0.15 pct C steel at subcritical temperatures following small 
amounts of plastic deformation. The effects of deformation, tem- 
perature, and aging on nucleation and growth rates are described. 
The free energy of activation for grain boundary migration in steel 

is given. 


EVERAL excellent reviews of the literature have 

appeared concerning the recrystallization of 
metals.“* The present investigation follows the ap- 
proach advanced by Mehl, Stanley, and Anderson,”* 
in which the rate of recrystallization was analyzed in 
terms of N, the rate of nucleation, and G, the rate 
of growth of recrystallization nuclei. 

Two lots of low carbon, capped steel of the analy- 
sis given in Table I were studied. Each lot consisted 
of a 150 1b coil which had been hot rolled to 0.083 in. 
and then cold rolled to 0.042 in. at the mill. Strips 
0.930 in. wide were sheared perpendicular to the 
rolling direction. 

Both steels were normalized before studying their 
recrystallization characteristics. The strips were 
cleaned, painted with a magnesia-acetone paste, and 
made into packs of equal weight, wrapped in 0.002 
in. copper foil. The packs were placed in a salt bath 
at 900°C for 30 min and air cooled. A relief anneal 
followed in a second salt bath for 15 min at 650°C. 

The relief anneal was found necessary from early 
tests in which a longer incubation period and slower 
rate of recrystallization were observed in relief- 
annealed lot A steel than in similar material which 
was strained and recrystallized directly after being 
normalized. This effect, which indicates the pres- 
ence of transformation and/or cooling stresses in 
steel air cooled from above the A; temperature, has 
also been observed by Samuels® and Masing.’ Figs. 
1 and 2 show the microstructure of lot A and B ma- 
terials and illustrate the rather uniform No. 8 ASTM 
grain size produced by this heat treatment. 

Winlock and Leiter” observed that strip speci- 
mens which had their sharp edges removed 
elongated more uniformly than those which were 
not polished. Similarly, when the sheared edges 
were removed on a belt grinder, it was found in the 
present investigation that such samples recrystal- 
lized more uniformly than did unpolished strips. 
Therefore, all strips were carefully rounded prior to 
their extension. 

The approximate strain limits for the production 
of large recrystallized grains are from 6 to 12 pct 
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extension.” It was found that for the purpose of 
this investigation, 8 and 9 pct elongation were suit- 
able deformations. The strain rate employed was 
0.01 in. per in. per min and produced a yield point 
elongation of 4 pct. Winlock and Leiter found that 
mild steel of No. 8 ASTM grain size gave the same 
yield point elongation when extended at 0.012 in. 
per in. per min. 

All of the lot A and B strips extended in tension 
developed a straight, stretcher strain line at each 
grip when the upper yield point was reached. The 
lines were parallel and made an angle of 55° with 
the edge of the strip. They approached each other 
with increasing strain and met near the center of 
the sample at the end of the yield point elongation. 
Immediately thereafter, a small drop in load was 
observed and then the load increased in a regular 
manner with increasing extension. 

The grips were initially 8 in. apart. After exten- 
sion, the 6 in. gage length was carefully cut into 
1 in. samples. The remainder of the strip was dis- 
carded. After a flash pickle in hot 50-50 hydro- 
chloric acid, six samples, each of which had been 
taken from a different strip, were placed in a basket 
and submerged in a lead pot for isothermal re- 
crystallization. Although no recovery effect was ob- 
served, strain aging did occur after extension. 
Therefore, samples were always recrystallized 
within 24 hr after their cold deformation. 

After recrystallization, the samples were etched 
with a solution comprised of one part by volume of 
nitric acid with three parts of water. Bromide 
printing paper was exposed directly at low mag- 
nifications and later used with a mask to measure 
the desired quantities. First, the average diameter 
of the largest grain visible in each sample was de- 
termined using dividers. Next, the number of re- 
crystallized grains per unit area was counted and 
recorded as n. Then, for each sample, the combined 
area of the recrystallized grains was measured by 
transcribing the grain outlines to standard graph 
paper. Many determinations of the area of the re- 
crystallized grains were repeated five times and in- 
dicated a standard error that was not greater than 
+5 pet. The average area for six samples was 
divided by the area of the mask to yield the per- 
centage recrystallized. 


Recrystallization of 0.08 Pct C Steel 
The progress of recrystallization at 670°C after 
8 pet elongation of lot A steel is shown in Fig. 3, 
a through f. The shapes of the growing crystals are 
approximately equiaxed, as is assumed in the 
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Fig. 1—0.08 pct C 
steel normalized and 
relief annealed. X100. 


mathematical analysis of two-dimensional recrystal- 
lization.”” The scalloped, irregular boundaries in- 
dicate that G has been influenced by at least three 
factors: 1—the obstruction offered by carbide par- 
ticles, 2—the difference of orientation between the 
growing crystal and the cold worked grain being 
consumed, and 3—the heterogeneity of the strain 
pattern within the cold worked grains, Figs. 19 and 
20. 
Effect of Temperature and Deformation 

Fig. 4 shows the isothermal recrystallization 
curves obtained for lot A steel at 700°, 670°, and 
640°C after 8 and 9 pct elongation. The upper limit 
of temperature was chosen to avoid austenite forma- 
tion. The lower limit of 640°C was determined by 
the very long time periods that are required for 
recrystallization at the small deformations that 


Fig. 2—0.15 pct C 
steel normalized and 
relief annealed. X100. 


were employed. 
The number of recrystallized grains per unit area, 
n, is plotted against time in Fig. 5. In each curve 


Table |. Chemical Analysis of the Steels Investigated 


Lot C, Pet Mn, Pct P, Pet S, Pet Si, Pct 
A 0.08 0.36 0.008 0.027 0.027 
B 0.15 0.45 0.007 0.033 0.033 


the initial portion shows an exponential increase. 
The maximum value of n is higher when the steel is 
recrystallized at a higher temperature, or after 
greater deformation. The curves display maxima at 
approximately 90 pct recrystallization. At this 
point, new crystals are being nucleated at a rate 
smaller than the rate at which previously nucleated 


c—180 min. 


d—220 min. 


e—360 min. 


f—660 min. 


Fig. 3—Progress of recrystallization at 670°C in 0.08 pct C steel after 8 pct elongation. X8. 
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crystals are being consumed by general grain 
growth. Undoubtedly, grain growth, the consump- 5Y 
tion of strain-free grains by other strain-free grains, 
has been a competitive process during recrystalliza- 20 50% 
tion since impingement. However, it is only toward 
the end of recrystallization that grain growth be- 5% , 
comes dominant and decreases n. 1.02 104 106 108 110 
In Fig. 6 the growth of the largest grain visible in 1000 
each sample is shown, from whence the radial rate 
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Fig. 1O—N and G vs. reciprocal absolute temperature in 
0.08 pct C steel. 
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Fig. 11—Isothermal recrystallization curves showing the 
effect of room temperature aging in 0.08 pct C steel. 


of growth, G, was determined. G decreases with 
decreasing recrystallization temperature and de- 
formation. The data may be extrapolated to zero 
diameter to obtain incubation periods. 

The slope of the n-t curve, dn/dt, was determined 
graphically from greatly enlarged plots similar to 
Fig. 5 but having a linear time scale. Dividing 
dn/dt by the fraction not yet recrystallized yields N, 
the rate of nucleation. Fig. 7 is a typical N-t plot. 
The increase in N during the early stages of recrys- 
tallization is described by the equation: 


N = ae”! et 


where a and b are constants, and t is time. The 
maximum in the curve is predicted by Turnbull’s™ 
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concept of “transient nucleation.” It is brought 
about by the decrease in the number of available 
nucleation sites with the further progress of re- 
crystallization. 

There is some uncertainty in the values of N be- 
cause grain growth is consuming recrystallized 
grains after impingement has occurred. However, 
during the first 30 pct recrystallization, impinge- 
ment is negligible and the nucleation rate is very 
close to the true frequency. N-t curves were ob- 
tained for all temperatures, deformations, and com- 
positions studied and all are similar to Fig. 7. 


Theoretical Recrystallization Curve 


_ Stanley and Mehl’ described isothermal nuclea- 
tion and growth reactions in thin sheets, where N is 
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. 13—Rate of nucleation ys. time in 0.08 pct C steel. 
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a—55 min. 


c—200 min. 


given by eq 1 and G is constant with time, by the 
following equation: 

-~2nG"a 072? 

) 


p3 


[2] 


f(t) is the fraction transformed; G is the growth 
rate; a and b are the nucleation constants, and t is 
the time of reaction. Since G, a, and b depend upon 
temperature, deformation, and composition, it is 
necessary to evaluate these parameters for each re- 
crystallization experiment. 

Referring to Fig. 7 it appears that eq 1 adequately 
describes the nucleation curve for about 55 min. 
Rewriting eq 1 as: 


InN = Ina + bt [3] 


and substituting values for N at 25 and 50 min, the 
two constants are found: 


4.98x10° per sq cm per sec 
1.11x10° per sec 


a 
b 


Fig. 8 shows the calculated and experimentally de- 
termined recrystallization curves for one set of data. 
The agreement is quite good for the first 50 min or 


I 


b—80 min. 


d—320 min. 


20 pet. The data are affected by grain growth and 
therefore fall below the calculated curve after 85 
pet recrystallization. The other calculated curves 
scattered a small amount to the left and right of 
their corresponding experimental curves but all ex- 
hibited the same effect ascribed to grain growth 
near the end. 


Activation Energies 


It is convenient to describe the rate of recrystal- 
lization in terms of the time required to reach some 
arbitrary percentage of the transformation. In this 
study a 5 pct datum point was selected as truly 
representative of the recrystallization process since 
no impingement was visible. The time required for 
50 pct is included for additional comparisons. Plot- 
ting these values as determined from Fig. 4 against 
the reciprocal absolute temperature produced Fig. 9, 
which may be described by the following equations: 


The time is given by t with the proper subscripts 
applied; K, and K, are constants; R is the gas con- 


Table Il. Q, in 0.08 Pct C Steel 


QR ( pet)» QR (60 pet) 
Elonga- Tempera- ts pet, Cal per tso pet, Cal per 
tion, Pct ture, °C Min Mol Min Mol 
700 3 61 
8 670 180 85,500 284 92,700 
640 66 1350 
700 1 33 
9 670 80 83,600 140 91,000 
640 32 710 


Table Ill. Q@y and Q, in 0.08 Pct C Steel 


N, 

Elon- Tempera- 103 per Qy, G, Qe, 
gation, ture, Sq Cm Cal per 10-6 Cm Cal per 
Pet ° per Sec Mol per Sec Mol 
700 70.2 20.8 
8 670 L153 76,100 3.82 68,100 
640 5.4 2.10 
700 200 1.3 
9 670 65.0 72,800 7.43 63,600 
640 17.0 2.50 
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Fig. 16—Percentage recrystallized ys. time in 0.15 pct C steel. 


stant; T, the absolute temperature; and Qrz, the ac- 
tivation energy for recrystallization. Table II pre- 
sents the calculated energies. Increasing deforma- 
tion causes a decrease in Qz. Possibly Qreopet) iS 
larger than Qre pet) because some recovery has oc- 
curred in the strained matrix during the isothermal 
treatment. 

G and the value of N determined at 5 pct re- 
crystallization are plotted against the reciprocal ab- 
solute temperature in Fig. 10. The points corre- 
sponding to 700° and 640°C were used to determine 
activation energies by means of the following ex- 
pressions: 


G = G, [7] 


N and G are the rates of nucleation and growth, re- 
spectively; K, and G, are constants; and Qy and Qa. 
are the activation energies for nucleation and 
growth, respectively. Table III contains the plotted 
data and the calculated activation energies. 


Strain Aging 

Samples of lot A steel were held at room tempera- 
ture 28 days after deformation before they were 
recrystallized. Figs. 11 to 14 compare the recrystal- 
lization behavior of the aged samples with material 
recrystallized directly after deformation. Aging in- 
creased N and caused essentially no change in G. 
Hence, the greater part of recrystallization occurred 
in a shorter time in the aged steel. These effects are 
similar in kind to those produced by increasing the 
deformation from 8 to 9 pct and recrystallizing at 
100°C. 

Recrystallization of 0.15 Pct C Steel 

To determine the effect of increased pearlite vol- 
ume on recrystallization, lot B strips were elongated 
9 pct and recrystallized at 670° and 700°C. Fig. 15 
shows the course of recrystallization at 670°C. The 
two isothermal curves presented in Fig. 16 illustrate 
the sigmasoidal shape shown earlier in Fig. 4 which 
is characteristic of isothermal reaction curves for 
general nucleation. Fig. 17 shows crystal growth. 

The large number of crystals which formed during 
recrystallization were counted and their number, n, 
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Fig. 17—Growth of the largest grain in 0.15 pct C steel. 
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Fig. 18—Number of recrystallized grains ys. time in 0.15 pct 
C steel. 


plotted against time in Fig. 18. Well-defined maxima 
are observed at 700° and 670°C. It may be restated 
here that each point is the average value obtained 
from six samples, each of which was cut from a 
different elongated strip. 

The times required for 5 and 50 pct recrystalliza- 
tion were determined from Fig. 16. Using eqs 4 and 
5 activation energies were calculated and listed in 
Table IV. 

Values of N determined at 5 pct recrystallization 
and of G were substituted in eqs 6 and 7 to obtain 
activation energies for nucleation, Q,, and for 
growth, Q,. These are listed in Table V. 

Discussion 

Clarebrough™” investigated the deformation and 
recrystallization characteristics of two phase alloys 
in which the second or 8 phase was much harder 
than the matrix. He found that the # disrupted the 
strain pattern within the matrix, causing stress con- 
centrations near the 8 particles. For a given external 
deformation, the average stress level in the matrix 
was markedly raised when the volume of £ increased 
between 0 and 20 pct. In the present case, pearlite 
may be likened to a hard, 8 phase. Increasing the 
pearlite volume from 10 to 19 pct (from lot A to lot 
B steel) served to increase the average stress level 
of the ferrite matrix for the external strain of 9 pct. 
Since nucleation rates were demonstrated in Table 
III to increase greatly with deformation, increasing 


Table IV. .Q, in 0.15 Pct C Steel, Elongated 9 Pct 


Table V. Q,y and Qg in 0.15 Pct C Steel, Elongated 9 Pct 


Tempera- pct); pet), Tempera- N; Qy, G, Qe 
ture, tspet, Cal per tso pet, Cal per ture, 108 per Cal per 10-@ Cm Cal per 
° Min Mol Min Mol °C Cm Sec Mol per Sec Mo 
700 15 35 700 750 { 16.2 { 
} 99,000 { 100,000 90,200 76,400 
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Fig. 19—0.08 pct C 
steel elongated 8 pct 
and held at 670°C 


for 220 min. X500. a 


the stress level of ferrite may account for the great 
increase in N observed in lot B steel. 

Fig. 19 shows a large recrystallized ferrite grain 
growing into the deformed, starting material of lot 
A steel. The carbides of the former pearlite nodules 
have been spheroidized in the fine grained matrix. 
Spheroidization apparently occurred in the matrix 
material under the conditions of deformation, tem- 
perature, and time studied. The spheroidite areas 
are skirted by the advancing ferrite boundary. After 
the carbides have been surrounded and the boundary 
rejoins itself, further growth continues. Several 
small ferrite grains of the original structure remain 
in the large crystal. These included grains give rise 
to the spotted appearance of the large crystals in 
Figs. 3d and e. The number of included grains 
diminishes after prolonged heating, Fig. 3f. 

Fig. 20 shows the interference of carbides on the 
growth of the ferrite boundary in lot B steel. All 
the spheroidite areas are undercut and transferred 
to the large crystal after complete encirclement. 

Increased deformation causes a greater increase in 
nucleation rate than in growth rate as demonstrated 
in Fig. 10. Thus, the maximum number of recrystal- 
lized grains produced after 9 pct extension is greater 
than that produced after 8 pct, see Fig. 5. These 
facts are consistent with the concept that recrystal- 
lization nuclei form,in the most highly stressed 
points in the cold worked matrix. The decrease in 
activation energies for recrystallization, nucleation, 
and growth with increased deformation similarly 
support this concept. 

Turnbull” recently derived the following expres- 
sion relating G,, the constant in eq 7, with the jump 
distance of atoms in diffusion, \, the energy stored in 
the lattice by cold working, AF, and the entropy of 
activation for grain boundary migration, (AS4)«¢: 


kT AF (AS 4)q/R 
(Ga = RT. [8] 


where k and h are the Boltzmann and Planck con- 
stants, respectively. Assuming \ to be 2.5x10™° cm 
for iron atoms, and AF to be 8 and 9 cal per mol for 


Fig. 20—0.15 pct C 
steel elongated 9 pct 
and held at 670°C 
for 125 min. X500. 


8 and 9 pct elongation, respectively, (AS:),~ may be 
calculated for lots A and B steels. 

The free energy of activation for grain boundary 
migration, (AF,)¢, may then be found, using the 
equation: 

= Qe —T ¢ — RT [9] 


Table VI lists the calculated values of G., Qe, (ASu)e, 
and (AF,), for steel and silicon iron, as well as the 
energy, entropy, and free energy of activation for 
lattice self-diffusion of pure iron. 

It is interesting to note that the values of (AF4)«¢ 
for silicon iron and for steel are the same within 
the experimental error for all the compositions and 
strains investigated. (AF4)¢ is approximately equal 
to three-fourths of the free energy of activation for 
lattice self-diffusion in iron. The difference between 
the two free energies is smaller for steel than for 
silver, where Turnbull reported the ratio to be 
about one-half. 


Summary 


1—Isothermal recrystallization curves for 0.08 pct 
C steel at 700°, 670°, and 640°C after 8 and 9 pct 
elongation are presented. Similar curves are given 
for 0.15 pct C steel recrystallized at 700° and 670°C 
after 9 pct elongation. Both increased temperature 
and deformation increase N and G and thereby in- 
crease the rate of recrystallization. Activation ener- 
gies for nucleation, growth, and recrystallization are 
calculated. 

2—Strain aging in 0.08 pct C steel increases N and 
leaves G unchanged. 

3—Increased pearlite volume increases N and de- 
creases G. 

4—Good agreement with the theoretical recrys- 
tallization rate equation derived for the two-dimen- 
sional case by Stanley and Mehl’ is reached in the 
present data. 

5—Evidence of the overlapping of recrystallization 
and general grain growth is presented. Grain growth 
apparently decreases the number of grains after ap- 
proximately 90 pct recrystallization has occurred. 

6—AIl values of G remain constant with time 


Table VI. Comparison of Energy, Entropy, and Free Energy of Activation in Self-Diffusion and Boundary Migration 


Elon- Tempera- (ASa) x, (AS 4) 4, Qn, Qa, (AF'4) 1, (AF 4) a, 
gation, ture, 0» Cal per Cal per Keal per Keal per Keal per Keal per 
Material Pet °C Cm per Sec Mol, Deg Mol, Deg Mol Mol Mol Mol 
Silicon-iron® 7 700 1.7x10u0 34.7 73.0 37.3 
Tron15 700 13 59.7 45.1 
0.08 pet C 8 700 3.0x1010 31.0 68.1 36.0 
steel 9 700 4.1x10° 26.7 63.6 35.7 
0.15 pet C 9 700 2.2x1012 39.2 76.4 36.3 


steel 
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until grain impingement occurs. Nucleation rate vs. 
time plots increase exponentially at first, pass 
through a maximum, and decrease to zero. 

7—The data of this investigation are consistent 
with the concept that high stress points in the de- 
formed structure serve as loci for nucleus forma- 
tion in recrystallization. 

8—In grain boundary migration in steel, the free 
energy of activation is significantly smaller than in 
lattice self-diffusion in iron. 
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Technical Note 


Do Metals Recrystallize? 


by Paul A. Beck 


CCORDING to the traditional definition,’ re- 
crystallization is a process taking place upon 
annealing of cold worked metals, characterized by 
the appearance of new strain-free grains, growing 
at the expense of the cold worked grains until ulti- 
mately the new crystals completely replace the cold 
worked structure. In metals like brass this process 
was observed long ago to take place simultaneously 
with the return of the mechanical properties to those 
characteristic of well annealed material. The above 
definition implicitly assumes that the matrix in 
which the new grains are growing is essentially still 
in the cold worked condition at the time it is ab- 
sorbed by the new grains, i.e., that the energy stored 
in the metal during cold working is not greatly de- 
creased by recovery, prior to recrystallization. 
Accordingly, the bulk of this energy is assumed to 
serve as the driving force for the process of recrys- 
tallization. 

Recently, a great deal of evidence accumulated, 
indicating that the traditional concept may be con- 
siderably in error. Suzuki’ found that by far the 
largest portion of the stored energy of cold work in 
compressed polycrystalline copper is released in the 
early stages of annealing, well in advance of recrys- 
tallization. Thus, the new recrystallized grains are 
undoubtedly growing in a matrix which is, at least 
energetically, no longer in the cold worked condi- 
tion, but has nearly returned to the annealed state. 
It is true that in Suzuki’s experiments the major 
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hardness changes due to annealing were observed 
to take place concurrently with the formation and 
growth of the new grains, but this process apparently 
involved the release of only a minor residual frac- 
tion of the stored energy of cold work. 

Confirming in this respect the views of Wood,’ 
several recent investigations by various techniques 
lead to the conclusion that the grains of many, if not 
all, metals in the cold worked condition consist of 
small, slightly disoriented “crystallites” or ‘‘sub- 
grains”.* (After appreciable deformation at room 


* Whether the subgrains form as a direct result of deformation, 
according to the views of Wood and his collaborators,* or practically 
simultaneously, but in effect after plastic deformation, by means 
of an annealing process, namely polygonization, as described by 
Cahn,° is not important for the purposes of the present discussion. 


temperature, the subgrain size in copper appears to 
be about 7.10° ecm and in high purity aluminum 
about 2.10% cm.) Recent investigations which dem- 
onstrated this phenomenon most convincingly are 
those of Heidenreich® with hammered high purity 
aluminum, of P. B. Hirsch and collaborators” * with 
cold worked polycrystalline aluminum, copper, 
nickel, iron, gold, etc., and of Warren and Averbach’” 
with a rolled copper plus 2 pct Si single crystal. In 
addition to the existence of slightly disoriented sub- 
grains, the cumulative evidence from these investi- 
gations also shows that in the cold worked condi- 
tion the subgrains themselves are severely strained. 
With regard to the early stages of annealing, Heiden- 
reich’s results indicate that within the subgrains of 
hammered high purity aluminum the strain gradu- 
ally disappears, without discernible migration of the 
subboundaries. This recovery process presumably 
accounts for the major portion of the energy release 
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measured by Suzuki. Another process, which some- 
times takes place prior to recrystallization is sub- 
grain growth. This was observed, for instance, in 
bent aluminum crystals by Guinier and Tennevin,” 
in bent silicon-iron crystals by Dunn and Daniels,” 
and in severely rolled polycrystalline aluminum by 
Beck and Hu.” Subgrain growth apparently re- 
quires higher annealing temperature (or much 
longer time) than the recovery process mentioned, 
and in some cases, as in Heidenreich’s experiments, 
it may be largely forestalled by recrystallization, if 
the latter sets in relatively early. What part of the 
energy release on annealing is contributed by sub- 
grain growth is at present not clear. 

Although in cold worked copper extensive re- 
covery precedes recrystallization, the major mechan- 
ical property changes resulting from annealing take 
place concurrently with recrystallization. It appears, 
however, from recent research that in many cases 
even these mechanical property changes take place 
prior to recrystallization. It was found by means of 
a combination of texture determination and of micro- 
scopic technique” that after annealing which suffices 
to restore the soft annealed mechanical properties 
in severely rolled aluminum, there is only partial 
recrystallization. In many local areas the annealing 
process takes place by the alternative mechanism, 
which has: been designated by Crussard as “recrys- 
tallization in situ;”” recovery of the subgrains is 
here followed by subgrain growth instead of by re- 
crystallization involving the growth of new grains 
of a different orientation. The volume fraction of 
recrystallized material increases gradually with the 
annealing temperature in a temperature range far 
exceeding that necessary for complete softening. For 
rolled beryllium,“ cross rolled molybdenum,” and 
for silicon-iron crystals of certain orientations,” the 
textures in the completely annealed condition are 
reported to be essentially the same as those in the 
cold rolled condition. By analogy with the findings 
for aluminum,” it may be concluded from the re- 
tainment on annealing of these essentially single 
orientation textures that softening here is achieved 
by recovery and subgrain growth, which does not 
involve reorientation. In many cases recrystalliza- 
tion involving reorientation is observed to take place 
at a higher annealing temperature than that neces- 
sary for softening. Where softening occurs by re- 
crystallization, as in copper and brass, the mechan- 
ical strength retained in spite of essentially complete 
recovery should be presumably attributed to the 
small size of the subgrains, i.e., to the lack of ap- 
preciable subgrain growth prior to recrystallization. 
On the other hand, in the case of rolled molybdenum 
and silicon-iron crystals of certain orientations ap- 
parently considerable subgrain growth (and com- 
plete softening) occurs before “recrystallization.”’ 

A conclusion that may be drawn from these in- 
vestigations is that in many cases (and probably 
always) the new grains formed on annealing in de- 
formed metals do not grow at the expense of “de- 
formed material,” as was supposed in the traditional 
picture of recrystallization. Not only is most of the 
stored energy of cold work released prior to “re- 
crystallization,’ but in many cases softening also 
takes place in this early stage of the annealing 
process. Insofar as the available data permit gen- 
eralization, it appears that metals do not recrystal- 
lize in the traditional sense. The microscopically 
observed “recrystallization” now appears to be a 
process fundamentally akin to a type of grain 
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growth (‘“coarsening,”’ “discontinuous grain 
growth,” or “secondary recrystallization”) which 
occurs in substantially strain-free matrix with strong 
single orientation texture;” grains with an orienta- 
tion strongly deviating from that of the matrix 
grow much larger than the matrix grains. The alter- 
native mechanism for complete softening, namely 
subgrain growth, resembles continuous or gradual 
grain growth, where the type of grain size distribu- 
tion and the preferred orientation do not change 
appreciably. In both processes the total interface 
area and also the interface energy per unit volume 
decrease. Thus, recent evidence tends to support 
Smith’s suggestion™ that the driving energy of “re- 
crystallization” is interface energy associated with 
the subboundaries. 
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Observations on the Lattice Parameters of the Alpha And 


TiO Phases in the Titanium-Oxygen System 


by W. Rostoker 


STUDY of the titanium-oxygen system’ involved 

an associated series of measurements of the lat- 
tice parameters of the a and TiO phases. The results 
permit some interesting deductions which are herein 
reported. A comprehensive survey of the physical 
properties of the phases in this alloy system has been 
made by Ehrlich.” However, only impure titanium 
was available at that time, so that some revision of 
his measurements is to be expected. 

The lattice parameters were calculated from the 
high angle lines of Debye-Scherrer patterns taken in 
a 14 cm camera and using filtered CuKa radiation. 
The specimens were prepared largely by crushing 
and screening of lump samples which had been 
quenched from elevated temperatures. Only in the 
case of low oxygen contents was it necessary to re- 
sort to filing and annealing. 

The results of the lattice parameter studies are 
graphically presented in Figs. 1 and 2. It will be 
seen that oxygen produces a pronounced distortion 
of the c parameter of the a phase (hexagonal close- 
packed). The trend is in general agreement with 
Ehrlich’s work, although the divergence of actual 
parameter values strongly suggests that his titanium 
was very impure. It will be noted that the a phase 
of titanium can tolerate the unusually high satura- 
tion solubility of about 34 atomic pct O. By virtue 
of this unique effect, it is possible to make a calcula- 
tion of the effective atomic diameter of oxygen when 
dissolved in a lattice with metallic bonding. This 
has not been possible before. 

Ehrlich’s’ density measurements demonstrated 
that oxygen occupies interstitial positions in the a 
lattice and the trend of the lattice parameters would 
certainly support this. In a hexagonal close-packed 
unit cell the largest interstitial positions le at 
(273, 1/3, 1/4) and (2/3, 1/3, 3/4). Accordingly, 
if both of these positions were occupied, the ratio of 
titanium to oxygen would be 1:1. The extrapolated 
c parameter may be taken as between 4.93 and 
4.99A. The a parameter appears to reach a constant 
value of 2.955A at low oxygen contents. The dis- 


tance of the center of a titanium atom site from the 


2 2 


a 
16 3 
Then the atomic diameter of the oxygen atom is 
represented by the function: 


center of an interstitial atom site is 


2} | 


160 3 | 


where the radius of the titanium atom is 1.448A, 
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LATTICE PARAMETERS (ANGSTROMS) 
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Fig. 1—Lattice parameters of the o solid solution in the Ti-O system. 
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Fig. 2—Lattice parameters of the TiO phase in the 


Ti-O system. 
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and c and a are the estimated values of the lattice 
parameters at the 50:50 atomic proportion. The cal- 
culated diameter of the oxygen atom so obtained is 
between 1.31 and 1.33A. This value is surprisingly 
close to the single bond diameter of 1.32A reported 
by Pauling® as obtained in structures of the covalent 
type. 

The TiO phase, in confirmation of Ehrlich’s work, 
has a cubic structure of the NaCl type. From density 
measurements Ehrlich has shown that the large 
range of miscibility may be interpreted in terms of 
extra titanium and oxygen vacant sites, respectively, 
on the high and low oxygen sides of the TiO com- 
position. However, Ehrlich considered this phase to 
possess an ionic type of bonding and the vacant site 
phenomenon required the postulate of mixtures of 
monovalent and divalent and of divalent and tri- 
valent titanium. Consideration of certain factors 
seems to indicate that the NaCl structure exhibited 
derives from factors other than ionic bonding. 

From Pauling’s data® the diameter of the O* ion 
is 2.80A. The diameter of the divalent titanium atom 
may be calculated from an expression used by 


Pauling: 
n B 1/n-1 
AZ 


where R is the ionic radius; Z, the ionic charge num- 
ber; and n, B, and A are constants (n = 9). 
Whence: 

Zai** 


The assumption has been made here that titanium in 
the pure state or in primary solid solutions is a 
tetravalent metal. Support has been found for this* 
from a consideration of the Brillouin zone and lat- 
tice parameters of the a primary solid solution in the 
Ti-Al system. A calculation of the lattice parameter 
of the TiO phase, assuming ionic bonding, yields the 
value 6.25A, which is considerably in excess of that 
observed. On the other hand, using the diameter of 
tetravalent titanium and of the oxygen atom derived 
from the a phase lattice parameters gives a value of 
4.224, which is very close to that observed. 

As a further check on the hypothesis that the TiO 
phase has metallic bonding, a measurement was 
made of electrical resistivity. This measurement was 
made on a cast button of variable dimensions so that 
the results are likely to be in error on the high side 
by a factor of as much as two. The resistivity ob- 
tained was in the order of 300 microhm-cm, which 
definitely excludes the possibility of either covalent 
or ionic bonding. 

The magnitude of resistivity suggests a full Bril- 
louin zone condition. Because of the low scattering 
power of oxygen, the TiO structure may be con- 
sidered as a face-centered cubic lattice of titanium 
atoms. According to Raynor et al.,° the second Bril- 
louin zone for a face-centered cubic structure can 
contain 4 electrons per atom when geometrically 
full. An inscribed sphere corresponds to 2.49 elec- 
trons per atom but, as Raynor points out, the Fermi 
distribution within the second zone would be ex- 
pected to be far from spherical. Accordingly, the 
full (in the sense of just prior to an overlap) second 
zone may be expected to contain between 2.49 and 
4 electrons per atom. From the deduction that the 
TiO structure is not ionic, it must be concluded that 
oxygen is a donor, rather than an acceptor, of elec- 
trons. Under the circumstances, the electron to atom 
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Table |. Calculation of Electronic Concentrations per Unit Cell 


Ehrlich’s Estimates? 
of Sites Occupied 


Atomic Pct Electrons 
Oxygen Pet Ti Pct O per Unii Cell 
57 74 98 (100) 23.60 (23.84) 
55.6 UE 96 23.84 
52.8 81 91 23.88 
50 85 85 23.80 
40.8 96 (100) 86 23.28 (23.90) 


ratio must reasonably lie between 2.5 and 4 if the 
oxygen atom gives 1 to 4 electrons, respectively, as 
free electrons to the lattice. 

Thus far, conclusions have been based on rather 
simple deductions. It might be profitable, though 
controversial, to extend the discussion of the positive 
oxygen ion beyond the bounds strictly warranted by 
the existing data. If oxygen were present as an O* 
ion in the TiO structure, then the electronic concen- 
tration per atom would be 3. Aluminum is another 
case of a trivalent metal’ with a face-centered cubic 
structure. It is difficult to conceive under such cir- 
cumstances how TiO and aluminum should have 
such widely different resistivities. The author would 
choose to exclude the possibility of O* on these 
grounds. 

The vacancies of oxygen sites and titanium sites, 
respectively, on either side of the TiO composition 
has an analogy in the occurrence of vacant nickel 
sites in the NiAl phase.’ In the latter case, a satis- 
factory explanation has been found based on the 
preservation of a critical electronic concentration 
per unit cell. The same condition may be shown to 
apply to the miscibility range of the TiO phase. 
Using Ehrlich’s’ estimates of the percentages of 
titanium and oxygen sites occupied at various com- 
positions and quite arbitrarily choosing the oxygen 
ion to be O”, the electronic concentrations per unit 
cell have been calculated. It will be recognized that 
using an O* ion would yield the same trend. The 
results of these calculations, shown in Table I, show 
the electronic concentrations are almost constant, 
especially (as shown in brackets) if it is assumed 
that Ehrlich’s estimates are slightly in error in two 
cases. This would seem to strengthen the analogy 
with the NiAl phase and thereby render its explana- 
tion applicable to the case of TiO. Also, the possi- 
bility of O* ions is obviated, because vacancy of 
sites would not be necessary to preserve a constant 
electronic concentration. 

Two alternatives remain, namely, O* or O* ions. 
Without further information on the densities of 
states at electronic concentrations of 2.5 and 3.5 e/a, 
no further speculation is warranted. 
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System Molybdenum-Boron and Some Properties of The 
Molybdenum-Borides 


by Robert Steinitz, Ira Binder, and David Moskowitz 


HE hard refractory borides of the transition ele- 

ments of the 4th, 5th, and 6th groups of the 
Periodic System have been the subject of a number 
of recent investigations. It is well known now that 
most of these elements form several different borides, 
and Kiessling® has summarized the rules which 
govern to some extent the arrangements of the 
boron atoms in the various structures. Melting points 
of a few borides have been published.’ The systems 
Fe-B, Ni-B, and Co-B have been reported,” but, as 
these borides are rather low melting, they are out- 
side of the groups of boron compounds considered 
here. Brewer* has tested the stability of various 
borides and estimated a number of eutectic tempera- 
tures between different borides, but in no case was 
the complete system of a transition metal and boron 
investigated. The phase diagram becomes of special 
importance if the preparation of the borides from 
the elements in powdered form is considered; the 
lowest eutectic temperature will determine the first 
appearance of a liquid phase. Also, the knowledge 
of high temperature phases, if they exist, is import- 
ant for the preparation of bodies from these borides 
by hot pressing or sintering. 

During the investigation of various metal borides,’ 
it was found that there were more boride phases 
existing in the Mo-B system than reported by Kiess- 
ling.* They occur, however, only at temperatures 
above 1500°C and were, therefore, not found by him. 
This led to a study of the equilibrium diagram of 
the Mo-B system, ranging from 0 to 25 pct B and 
from room temperature to the liquidus. Part of this 
investigation was reported during the ‘Research in 
Progress” session at the 1952 Annual Meeting of the 
AIME.” 


Raw Materials and Preparation of the Borides 


The raw materials used were commercial molyb- 
denum and boron powder, both supplied by the 
Molybdenum Corp. of America. The molybdenum 
powder was 99+ pct pure, while the boron powder 
contained about 83 to 85 pct B. A large percentage 
of the impurities in this powder was oxygen, with 
the rest formed by iron, calcium, and unknown sub- 
stances. The low purity of the boron used was, how- 
ever, not considered detrimental to the final product, 
as most of the impurities evaporated at the high 
temperatures at which the borides were formed. The 
final product always had a minimum purity of 96 to 
98 pct (figured as molybdenum and boron), with 
carbon, iron, and probably oxygen being the remain- 
ing products. Carbon is usually present as graphite. 
The chemical analyses always confirmed the compo- 
sitions which corresponded to the crystallographic 
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structures as determined by X-ray diffraction, and 
the boron content of the finished product agreed 
closely with that of the starting mixture; no boron 
was lost during the boride preparation. The chemical 
analysis methods employed for molybdenum. and 
boron were previously described by Blumenthal.” ” 

The powders were mixed by hand in the desired 
proportions, compressed at room temperature under 
low pressure, and then heated under hydrogen to 
about 1500° to 1700°C in a graphite crucible to form 
the borides. Usually, the three well-known borides 
Mo.B, MoB, and Mo.B,, which are stable at room 
temperatures, were prepared in this way, and all 
other compositions were made by mixing these 
borides in various ratios or by the addition of molyb- 
denum or boron powders for the very low or very 
high boron contents. Preparation of two-phase com- 
positions directly from the elemental powders was 
tried only occasionally to check whether equilibrium 
could be reached in this way. 


Experimental Procedures 


The stable borides were mixed in the desired ratios 
and heated under hydrogen in graphite crucibles to 
various temperatures. The well insulated crucibles 
were heated in a high frequency induction furnace. 
Special care was taken to obtain exact temperature 
measurement, which proved much more difficult 
than originally anticipated. It is believed that indi- 
vidual temperature measurements have an error of 
less than +25°C, while melting or transformation 
temperatures are accurate within +50°C. The tem- 
peratures were measured with an optical pyrometer 
which was aimed at the closed end of a graphite 
tube extending down into the crucible, close to the 
samples. Attempts to measure directly through the 
hydrogen exit stack failed. The crucible arrange- 
ment is shown in Fig. 1. Heating was done at a slow 
rate to be sure that the temperature inside the 
crucible was uniform. The specimens were kept at 
the final temperature for about 30 min. 

For the investigation of high temperature phases, 
some samples were quenched. They were heated, 
without atmosphere protection, in a very small 
graphite crucible which could be rapidly removed 
from the high frequency coil, and dropped into 
water. These quenched samples were afterwards an- 
nealed to establish the equilibrium at lower tem- 
peratures. 

The melting points or the positions of the solidus 
and liquidus lines were determined by heating the 
specimens to various temperatures and examining 
them at room temperature for evidence of a liquid 
phase. These results were checked later on by 
thermal arrest curves, especially to determine the 
exact position of the eutectic temperature line. For 
this purpose about 200 g of the boride were melted 
in a graphite crucible, in an arrangement similar 
to Fig. 1. Slow cooling was assured by very good 
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Fig. 1—Crucible arrangement for production of borides. 


insulation of the crucible. A Leeds and Northrup 
Rayotube measured the temperature and recorded 
it on a Leeds and Northrup Speedomax instrument. 
A thermal arrest curve for the cooling of MoB is 
shown in Fig. 2, giving a melting point of 2180°C 
for this boride. The Rayotube was calibrated against 
the optical pyrometers used for other experiments 
of this investigation. 

All samples were checked for the phases present 
by X-ray diffraction. The patterns observed were 
compared with those published by Kiessling*® for the 
three room temperature molybdenum-boride phases 
or with other known boride structures, such as CrB 
or TiB.. By such a comparison, all structures could 
be identified and the parameters determined. 

The preparation of metallographic specimens 
proved to be extremely difficult due to the high 
hardness and brittleness of the samples. No clear 
picture of the structure could be obtained under the 
microscope. This method of investigation was, there- 
fore, excluded as unreliable. Occasional checks of 
the electrical resistivity served to support the find- 
ings about the existence of a high temperature phase 
in some samples. 


Room Temperature Phases 

All phases described by Kiessling’ could be re- 
produced without difficulties. The X-ray patterns 
were calculated from his data and found to be in 
excellent agreement with those obtained from 
borides prepared for this investigation. These borides 
are Mo.B, MoB, and Mo.B;. For the ranges of homo- 
geneity of these borides, Kiessling’s values were 
accepted. The rather large range of MoB seems to 
be assured, though no exact determination of it was 
tried here. All room temperature phases are stable 
up to at least 1600°C when the first transformation 
occurs in Mo.B;. No phase with a boron content 
higher than Mo.B; could be found, despite several 
attempts to produce MoB,, or MoB,, structures which 
might have been expected.’ 

Mo.B exists in the stoichiometric composition of 
5.3 pet B. It does not undergo any change up to 
2000°C, when it starts melting in a peritectic re- 
action forming liquid and a new compound Mo,B, 
which will be discussed later. A material of this 
composition is completely liquid at 2060°C. 

MoB has an extended homogeneity range includ- 
ing the composition of 10.1 pet B which corresponds 
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to this formula. The investigation of samples which 
were either molten or heated above 2000°C revealed 
the existence of a new modification of this com- 
pound.’ This so-called B-MoB is isomorphous with 
CrB, while the room temperature modification has 


’ its own characteristic structure. The high tempera- 


ture form could be retained by quenching and 
changed back to the stable structure by long time 
annealing at temperatures as low as 1100°C. The 
8 modification seems to exist, however, only for com- 
positions with the stoichiometric amount of boron 
or with an excess of it. It was never found in sam- 
ples deficient in boron. This might be of theoretical 
importance though no explanation can be offered. 
The melting point of MoB is 2180°C. 

Mo.B; exists only with a deficiency of boron.’ Its 
range covers compositions from about 19.5 to 20.8 
pet B, while its formula would require 22 pct. It 
undergoes a transformation at 1600°C, where the 
structure becomes isomorphous with the well-known 
diboride structure. This modification, which has been 
described,” “ is therefore called MoB.. This formula 
is meant to designate only the structure, not the 
exact chemical composition. The range for MoB, is 
similar to that of Mo.B:, while a composition with 
18.4 pet B (corresponding to MoB.) is definitely 
located in the two-phase field at all temperatures. 


2400 


/400 


TIME 


Fig. 2—Thermal arrest curve for MoB. 


MoB. could also be retained at room temperature by 
quenching, or relatively fast cooling. It is easier to 
obtain than the higher forming high temperature 
modification of MoB. The melting point of MoB, is 


System Molybdenum-Boron 

A tentative diagram of the Mo-B system is shown 
in Fig. 3. Although many of the finer details have 
not been studied, the diagram is drawn to be con- 
sistent with the experimentally observed data and 
to show the correct relative positions of the several 
single-phase fields. The temperatures shown are 
those actually measured. 

Samples with as little as 1 pct B showed clearly 
the presence of Mo.B, so that no lower boride seems 
to exist. The two-phase field extends from very 
small amounts of boron to Mo.B. The solubility of 
boron in molybdenum metal was not determined. In 
these two-phase samples, some or all of the molyb- 
denum metal was changed to the carbide Mo.C dur- 
ing heat treatment. This could not be prevented, but 
it is significant that carbon only showed an influence 
where either free metal or free boron was present. 
No carbide was found to coexist with MoB or the 
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two-phase structures containing MoB. This stability 
of the molybdenum-borides against carbon seems to 
be characteristic for the borides of the metals of the 
6th group.” The peritectic temperature for Mo.B is 
2000°C. The eutectic composition, determined by 
extrapolation, contains about 1 pct B. 

At lower temperatures, compositions containing 
5.3 to 9.7 pet B consist of the two phases: Mo.B and 
MoB. There exists, however, another boride struc- 
ture, Mo,.B., at temperatures above 1850°C. This 
boride is formed by the peritectic decomposition of 
Mo,B. It could not be obtained in the pure form at 
room temperature. It melts at 2070°C and is stable 
only down to 1850°C. The exact range for this 
boride, which has not been reported previously, is 
not known. Its structure is, however, isomorphous 
with Cr;B.,* and its position between Mo.B and MoB 
makes it probable that the composition corresponds 
to Mo;B.. 

The partial system Mo-MoB is shown in Fig. 4 
which indicates the experimental results on which 
the explanation of the system was based. Different 
structures present and conditions of melting are in- 
dicated. As mentioned before, no change to B-MoB 
could be found for compositions containing less than 
10 pet B. 

Compositions between 10.7 and 19.5 pct B show 
two phases; they consist of MoB and Mo.B., or their 
high temperature modifications, depending on the 
temperature. A eutectic exists at about 14 pct B and 
2060°C, at a temperature slightly below the melting 
point of MoB.. 

If more boron than about 21 pct was added, B.C, 
but no higher molybdenum-boride was formed. 
Glaser® pointed out that some borides cannot be 
formed in the presence of carbon. Though all molyb- 
denum-borides described so far were stable in con- 
tact with graphite, special attempts were made to 
produce higher molybdenum-borides without the 
use of graphite material. However, no higher borides 
than Mo.B,; were formed even under these condi- 
tions. The two-phase region between Mo.B; and 
boron was not investigated for the position of the 
eutectic. 

Structures of Molybdenum-Borides 

Four molybdenum-borides exist in the Mo-B sys- 
tem, of which two show phase transformations. 
These six different structures are given in Table I 
together with type and lattice parameters of the 
crystal structure and the composition and tempera- 
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Fig. 4—Mo-MoB partial system. 


ture range in which they exist. Kiessling’s data’ are 
incorporated in this table. 

The similarity of the high temperature structures 
of the molybdenum-borides with the room tem- 
perature structures of the chromium-borides is great. 
However, a boride corresponding to Cr;B, could not 
be found.” Recently a wolfram-boride modification 
isomorphous with CrB was also detected.* The transi- 
tion metals of the 6th group of the Periodic System 
obviously show close relationships in the structure 
of their borides. 

The high temperature forms, B-MoB and MoB, 
can be stabilized down to room temperature by the 
addition of other metal borides. CrB and CrB., for 


Table I. Crystal Structures and Stability Ranges of the Molybdenum-Borides 


Stoichio- Crystal Structure Stability Range 
Cc ition 
Composition, ompos 5 
Pet B Type Lattice Pct B Temperature, °C 

MosB 5.3 FeoB Tetragonal 5.3 Room—2000 
a=5.54A 
c=4.74A 

MosBz 7.0 CrsBe2 Not determined 7.0 1850-2070 

MoB 10.1 MoB Tetragonal 9.7-10.7 Room—2000 
a=3.11A 9.7—approx. 10.0 Room—2180 
c=16.97A 

B-MoB 10.1 CrB Ortho thotbic Approx. 10.0-10.7 2000-2180 
a=3.16 
b=8.61A 
c=3.08A 

MoB2 18.4 Diboride Hexagonal Approx. 19.5-20.8 1600-2100 

a=3.06A 

c=3.10A 

Mo2B; 22.0 MooBs Rhombohedral Approx. 19.5-20.8 Room—1600 

Hexagonal 
axes: 

a=3.01A 
c=20.93A 


Note: MoB includes stoichiometric composition. Neither MooB; nor MoBz exist in the stoichiometric composition. 
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Fig. 5—Resistivity vs. density for Mo.B, and MoB.. 


example, form solid solutions with the corresponding 
molybdenum-borides, resulting in crystal structures 
at room temperature which would correspond to the 
high temperature modifications. 


Discussion 

The investigation of the molybdenum-borides up 
to their melting points and of the two-phase regions 
between them has revealed the existence of three 
more structures than reported in the most detailed 
previous publication.® This made it clear that a com- 
plete picture of all the borides of a metal can only 
be obtained by using much higher temperatures 
than generally are employed. Even 1200°C is a low 
temperature for these very high melting substances. 
Furthermore, the influence of heating conditions 
such as atmosphere or crucible materials has to be 
considered. It was found here that graphite does not 
interfere with the formation of the molybdenum- 
borides, but this is undoubtedly different for borides 
of metals of the 4th and 5th groups.® It is difficult, 
however, to reach such high temperatures without 
the use of graphite crucibles or heating tubes. 

Brewer* had found that W.B would decompose in 
the presence of carbon to form WB + WC. This ap- 
pears doubtful in the light of the present experi- 
ments, at least as long as a similarity between the 
behavior of tungsten and molybdenum is assumed. 
It is likely that some oxidation occurred in Brewer’s 
experiments, so that boron was lost and that the 
remaining wolfram metal carburized afterwards. 
This reaction has been observed with molybdenum- 
borides. If oxygen was excluded, Mo.B was stable 
and no carbide formed. 

The existence of phase transformations in borides 
seems to be not uncommon, and it might be worth- 
while to investigate some other borides at higher 
temperatures. Hansen” indicates phase changes in 
the Fe-B and Ni-B systems, though no high tempera- 
ture structures are discussed. Fe.B is isomorphous 


Table !!. Properties of Molybdenum-Borides 


Microhardness, 
VPN Resistivity, 


Boride Kg per Sq Mm Microhm-cm 
MooB 2500 40 
MoB 2350 45 
B-MoB 2500 25 
MooBs 2350 25 
MoBz 1200 45 
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Fig. 6—Weight loss by oxidation at 1000°C in air for molybdenum- 
borides. 
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with Mo.B, but FeB has at room temperature a 
structure which is different from both MoB and CrB. 
If a high temperature form should exist, it would 
be interesting to find out whether it agrees with one 
of the other monoboride structures. Nothing is known 
about the structure of NiB. In the W-B system, a 
high temperature modification, isomorphous with 
8-MoB and CrB, has been reported.* CrB seems to 
be stable up to the melting point. 

The tendency of the boron atoms to form bonds 
with each other is very strong, so that a loosening 
of the lattice by heating brings about a reshuffling 
of the boron atoms. Kiessling* has shown how closely 
related all the structures of the transition metal 
borides are for the same boron content. A systematic 
comparison of the boride phases of the transition 
metals of the 4th, 5th, and 6th groups of the Periodic 
System will, therefore, only be possible when the 
phase diagrams of these systems are studied in de- 
tail, and especially in the higher temperature regions. 


Properties of Molybdenum-Borides 


Some physical properties of the molybdenum- 
borides were studied on small samples prepared by 
hot-pressing. About 8 to 10 g of powder were heated 
in small graphite dies to temperatures up to 1900°C 
and compressed while hot between graphite punches. 
The densities which could be obtained with these 
samples were often not very high, about 65 to 90 
pet of the theoretical density, but these samples were 
satisfactory for a number of tests. 

All borides are metallic; they can be polished to 
show metallic luster and are good conductors of heat 
and electricity. They are very hard and rather brittle. 
The modulus of rupture in transverse bending ranged 
between 25,000 and 50,000 psi, and the hardness was 
about 90 on the Rockwell A scale. They are, there- 
fore, comparable with the hardest carbides. Attempts 
to distinguish between different molybdenum-borides 
by microhardness measurements did not produce 
conclusive results. Measurements with 50 g load are 
included in Table II, but it is doubtful whether MoB, 
really is softer than the other borides. Errors arise 
from the difficulties in polishing, where grains are 
easily ripped out. 

The electrical resistivity could be determined with 
better accuracy. Values obtained from ‘samples of 
different densities could be extrapolated to 100 pet 
density and, in this way, more reliable data were 
obtained. Such an extrapolation is shown in Fig. 5. 
Fast cooled samples give the curve for MoB., while 
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slowly cooled or annealed samples result in values 
for Mo.B;; the difference between the resistivities of 
these two structures is easily seen. Resistivity values 
for all measured phases are included in Table II. It 
should be noted that the room temperature modi- 
fication, Mo.B,, is a better conductor than its high 
temperature phase, MoB., while the reverse is true 
for the monoboride. 

The rate of oxidation of the three room tempera- 
ture boride structures was determined to check 
whether a higher boron content would retard or 
accelerate the corrosion at high temperature. Small 
samples were heated in still air, in a quartz tube, 
to 1000°C for various lengths of time, and the weight 
change was recorded. All samples lost weight rapidly, 
Fig. 6. Mo.B was completely destroyed after 16 hr, 
while Mo.B,; showed a loss of about 20 pct in weight 
after about 100 hr. MoB was between these two 
curves. A kind of glassy layer had formed on Mo.B, 
which obviously retarded the oxidation process. The 
difference in behavior of the three borides is quite 
remarkable, but none of them could be classified as 
oxidation resistant. 
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Technical Note 


Note on the Effect of Oxygen and Nitrogen on the Hardness and Late Parameter 
Of High Purity Vanadium 


by S. Beatty 


ECENT experimental results’ on the supercon- 
ductive properties of vanadium indicate that the 
magnetic behavior of the metal is greatly affected by 
internal strains caused by mechanical work, and 
particularly by oxygen and nitrogen impurities. 
These result in an increase in the hardness of the 
metal such that metallurgists’ have used hardness 
as a measure of the impurities. An increase in the 
impurities should also be reflected in a change of 
lattice parameter with increasing impurity content. 
The lattice parameter of vanadium prepared by 
the thermal decomposition of the iodide has been 
determined by two workers. Neuburger® obtained a 
value of a, = 3.0338 + 0.0003A for the body- 
centered cubic lattice by means of the powder meth- 
od. The work of Katelaar is referred to by van Arkel’ 
in which a value of a, = 3.025 is given. 

Four samples were used for this investigation. 
Sample A, the vanadium of the highest purity in the 
group, was obtained by means of the thermal de- 
composition of vanadium diiodide and deposited on 
a 3 mil diam tungsten filament in the form of crystals. 
The second sample, labeled B, was obtained by the 
calcium reduction of the pentaoxide at a sufficiently 
high temperature to give a melt. A third sample, C, 
was obtained in the same manner as B but remelted 
in a pure argon atmosphere. The last sample, D, was 
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prepared by the calcium reduction method and the 
fine powdered vanadium was then sintered by means 
of applied heat and pressure. Samples A, B, and C 
were thus essentially free of mechanical strain in 
their preparation. Sample D was annealed in a high 
vacuum at 800°C. 

The samples were prepared for X-ray diffraction 
analysis such that all additional strain by cold work 
or by contamination with oxygen and nitrogen was 
kept at a minimum. Powder obtained from filings 
was deemed unsuitable since this would require an- 
nealing to get rid of the cold work. A heat treat- 
ment up to 1000°C at 10° mm pressure might still 
increase the impurity content by means of adsorbed 
oxygen from residual gas in the vacuum chamber. 
The most satisfactory samples were prepared for 
back-reflection film techniques. Samples were cut to 
size, etched with hydrobromic acid, and mounted in 
Bakelite. They were then lightly polished on 3-0 
paper and lightly etched. 


Chemical and Hardness Analysis of Samples 

Spectrographic analyses were made of the four 
samples and indicated similar metallic impurities for 
the group. The major metallic impurity in each 
sample was iron, which was less than 0.01 pct. The 
sum of the other metallic impurities was approxi- 
mately 0.1 pct. The carbon content was assumed 
low by virtue of the methods of sample prepara- 
tion. The principal impurity difference between the 
samples was in the oxygen and nitrogen content. 
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Fig. 1—Back-reflection X-ray diffraction pattern of sam- 
ple A and silicon standard. Unfiltered radiation. 


The oxygen content was determined by means of the 
vacuum fusion method; the nitrogen content by the 
Kjeldahl method. 

Hardness measurements were made using a 1 kg 
load and a “Tukon” tester, a description of which 
has been given.® The values for the oxygen and 
nitrogen content, and hardness are given in Table I. 


Experimental Procedure and Results 

Back-reflection Laue photographs of the faces of 
several crystals of sample A showed the character- 
istic four-fold symmetry for the (100) plane. 

A small crystal (100) face having a relatively flat 
surface was mounted in wax for Geiger counter 
spectrometer study to check the diffraction line con- 
tour. A very sharp pattern was obtained for the 
a, and a, reflections of the (200) plane at 61° 26 
using copper radiation. 

For back-reflection study, the metallographically 
prepared smooth sample surface was mounted against 
a polished flat and held tight by means of a rear 
spring. On each film a pattern was obtained of the 
sample and of the smooth powdered silicon standard, 
mounted in Lucite and distributed by Norelco. The 
diaphragm was externally mounted to the film cas- 
sette to obviate removal between successive expo- 
sures. A back-reflection film of sample A is seen in 
Fig. 1 showing a sharp a, and a, line. 

The lattice parameter was determined from the 
(321) reflection for the body-centered cubic struc- 
ture and calibrated against the (533) and (444) re- 
flections of the silicon standard. The values for the 
a, and a, lines for CuK radiation are 68.446°, 68.811° 
and 79.314°, 80.100°, respectively, for the standard. 
In this manner systematic error such as film shrink- 


Table |. Oxygen and Nitrogen Content and Hardness of the 
Vanadium Samples 


Sample Hardness Oxygen, Wt Pct Nitrogen, Wt Pct 
A 65 + 10 0.038 0.021 
B 113 25 0.044 0.032 
35) 0.075 0.106 
D 343 + 10 0.15 0.189 


988—JOURNAL OF METALS, SEPTEMBER 1952 


3.040 
+r 
= 
3.035 ts 
3.030 

3.0255 100 150 200 250 300 350 400 

HARDNESS 


Fig. 2—Relationship between hardness and lattice parameter for 
vanadium. 


age and approximate specimen-film distances were 
eliminated. The lattice parameter was determined 
from 10 films of 3 different samples. These gave a 
value of a, = 3.0282 + 0.0001A at 30°C for this par- 
ticular sample. The probable error of a single obser- 
vation in this group is 0.0005A using conventional 
statistical methods. Samples B, C, and D were pre- 
pared in a similar manner and studied relative to 
sample A. 

An increase in lattice parameter was observed for 
samples with increasing oxygen and nitrogen con- 
tent, and the observed curve for parameter vs. hard- 
ness is shown in Fig. 2. A similar effect has been 
observed for titanium.** 

These parameters apply specifically to the four 
samples studied, but the trend appears significant. 
In order to extrapolate for the parameter of the 
pure metal, however, it would be necessary to study 
vanadium samples obtained from the iodide in which 
the oxygen and nitrogen content were controlled. 

In addition to the parameter increase, a marked 
increase in line broadening was observed as the im- 
purities increased. This can be attributed to non- 
uniform composition. The broadening was observed 
for a number of lines in addition to the (321) plane 
using a Geiger counter spectrometer. It appears to 
be characteristic of the spectrum as a whole rather 
than due to a tetragonal modification of the lattice, 
although precise powder patterns are required to 
substantiate this view. With the spectrometer, it is 
not possible to resolve the a, and a, reflections at 
145° 26 for sample D, while sample C showed over- 
lapping. The contours for sample B were slightly 
wide. 

Summary 

Small additions of oxygen and nitrogen result in 
a sharp increase in the lattice parameter and hard- 
ness of vanadium. 

Progressive line broadening is observed with in- 
creasing impurities content. This broadening appears 
due to nonuniform composition. 

The samples were obtained through the courtesy 
of A. Wexler. 
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Tungsten-Cobalt-Carbon System 


by Pekka Rautala and John T. Norton 


The phases and equilibria in the W-Co-C system have been studied 
by X-ray diffraction methods, metallographic technique, and thermal 
analysis. In addition to the » phase, two double carbides, called @ and «, 
have been revealed. The compositions correspond to Co;W.C. and Co:- 
W..C:. The reactions leading to these phases have been explained and 
tentative diagrams of stable and metastable equilibria proposed. The 
basic reactions in sintering cobalt cemented tungsten carbides are 

discussed. 


ie W-Co-C system is of fundamental import- 
ance in practical carbide manufacturing as well 
as for the understanding of the sintering mechanism. 
Surprisingly little is known about this system, for 
the probable reason that all the important alloys are 
of two-phase structure and that the diagram Co-WC 
has been treated as a quasi-binary. This obviously 
is incorrect, because WC decomposes before melting. 

One ternary phase, n, of composition Co;W;C has 
long been known. It was first studied by Adelskold, 
Sundelin, and Westgren,* although the isomorphous 
iron-tungsten carbide was known earlier. There have 
been in the literature several reports of two 7 
phases.** Also the 7 phase has been considered un- 
stable by Takeda* and Westgren.* 

The Co-WC diagram has been studied by Wyman 
_ and Kelley’ and a quasi-binary diagram has been 
published by Sandford and Trent.” Takeda has pub- 
lished a tentative Co-W-C diagram, considering both 
metastable and stable equilibria. However, the lines 
of two-fold saturation are shown only partially and 
it seems impossible to complete the diagram with- 
out violating the phase theory. Therefore it seemed 
desirable to examine the system in more detail. 


Experimental Procedure 

The alloys used in the present investigation were 
made of powders of tungsten, tungsten monocarbide, 
cobalt, and carbon and were of the grade used in 
manufacture of commercial cemented carbides. The 
powders were ground and mixed in small stainless 
steel ball mills, using balls of the same material. 
Benzene was used.as a dispersing agent. The mixing 
period was 1 hr, since this was shown to give suffi- 
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ciently good mixing of the powders without too 
great a contamination from the mill. After ball mill- 
ing, the specimens were pressed in cylindrical or 
rectangular dies. No paraffin or other lubricant was 
used and the small compacts had sufficient green 
strength to be handled without difficulty. 

Several sintering furnaces were employed. The 
most satisfactory arrangement was a vacuum fur- 
nace based on the Arsem principle which employed 
a graphite helix as the resistance heating element. 
Specimens were placed on graphite stands and there 
was generally a slight carburization or decarburiza- 
tion of the specimen surface, depending on the car- 
bon content of the alloy. The evaporation of the 
cobalt at a sintering temperature of 1400°C was not 
significant, but became severe at 1500°C and higher. 
The sintering time was 1 hr at 2000°C and 2 to 4 hr 
at lower temperatures. It was not possible to quench 
the specimens, but the cooling rates were rather fast, 
greater than 300°C in the first minute. In the system 
under investigation, the reactions are sluggish, and 
it is believed that the high temperature structures 
are satisfactorily retained. 

The principal method of investigating the sintered 
specimens was X-ray diffraction by the Norelco re- 
cording spectrometer. Approximate determinations 
of the phase boundaries were made by the dis- 
appearing phase method. 


Ternary Phases 

To study the phase formation in W-Co-C system, 
a series of specimens was sintered at 1400°C. In this 
experiment two ternary phases, called here @ and « 
were formed in addition to the well-known 7 phase. 
The 7 phase, which has been completely described 
by Westgren,’ showed a range of homogeneity from 
7 to 20 pct C and from 38 to 48 pct Co. At 1400°C 
the 7 phase was found to be in equilibrium with 
monotungsten carbide, 6, tungsten, 5, 8, and liquid. 
The boundaries toward £6 and liquid were difficult 
to determine and appeared to be very temperature 
sensitive. The other boundaries are believed to be 
well fixed. The homogeneity range of , as measured 
in this work, is considerably smaller than the one 
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Table |. X-Ray Patterns of », 0, and « Phases 
Planar Spacings (d) and Relative Intensities (I) of Reflections 


hkl d I 
Phase 
400 2.740 0.24 
331 2.514 0.36 
420 2.450 0.00 
422 2.237 0.65 
511,333 2.109 1.00 
40 1.937 0.50 
@ Phase 
400 2.813 0.09 
331 2.581 0.41 
420 2.516 0.00 
422 2.296 0.51 
011,333 2.165 1.00 
440 1.989 0.44 
Phase 
20.0, 10.2 2.299 0.10 
20.1 3.118 0.14 
11.2 2.778 0.00 
00.3 2.620 0.00 
20.2, 12.0 2.568 0.75 
10.3, 21.1 2.447 0.80 
30.0 2.268 0.36 
2.179 1.00 
21.2 2.152 1.00 
20.3 2.074 0.60 
30.2, 22.0, 00.4 1.962 0.40 
221 1.904 0.00 
31.0, 10.4 1.886 0.10 
SL.1,-21.3 1.836 0.10 
22.2, 11.4 0.15 
30.3 1.714 0.00 
40.0, 31.2, 20.4 1.702 0.35 
40.1 1.664 0.00 
22.3, 00.5 1.570 0.00 
40.2, 32.0, 21.4 1.560 0.15 
32.1, 31.3; 20.5 1.530 0.00 
41.0, 30.4 1.484 0.00 
41-1, 11:5 1.459 
32.2 1.451 0.00 
40.3, 20.5 1.427 0.23 
41.2, 22.4 1.389 0.00 
50.0, 31.4 1.351 0.25 
50.1,.32.3, 21.5 1.340 0.56 
33.0, 00.6 1.308 0.35 
41.3, 33.1, 30.5 1.291 0.35 
50.2, 42.0, 40.2, 10.6 1,285 0.40 


reported by Brownlee.’ The two 7 phases, assumed 
by Sandford and Trent,’ are the limiting composi- 
tions of » saturated by cobalt and tungsten. 

The composition of 0 phase corresponds to formula 
Co;,W.C.. It has cubic symmetry and its structure is 
closely related to the y structure. The axial length 
of the face-centered cubic lattice was measured as 
11.25A. The order of the diffraction lines was similar 
to those of y, but the relative intensities were 
slightly different. The characteristic X-ray patterns 
of » and @ are given in Table I. The composition 
range of the @ phase was narrow, about 2 pct. At 
1400°C, @ was in equilibrium with monotungsten 
carbide, «, tungsten, and yn, There was a well-defined 
two-phase field between y and @. A series of speci- 
mens, which had their composition in this field, 
showed a gradual transition of the relative inten- 
sities from the 7 to the 6 pattern, without any change 
in the lattice constants. Fig. 1 shows the X-ray 
pattern of an alloy in the middle of the two-phase 
field » -+- 9. There is no mention in the literature 
of a phase of composition Co,W,C.. However, the 
phase Co.W,C, proposed by Kisloykova,’ has the 
same Co-W ratio but 4 pct less carbon. 

The « phase corresponds to the formula Co,;W,.C,. 
Its range of homogeneity was very narrow, less than 
1 pet. The lattice was found to be hexagonal and the 
lattice constants a and c were both equal and meas- 
ured as 7.848A. The diffraction lines of the « phase 
are given in Table I and a typical X-ray pattern is 
reproduced in Fig. 2. The « phase was found to be 


Fig. 1 (top)—X-ray spectrometer pattern of » and 6 phases. 
Fig. 2 (bottom)—X-ray spectrometer pattern of « phase. 
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in equilibrium at 1400°C with monotungsten and 
ditungsten carbides, tungsten, and 6.* 


* The 4 and « phases were readily formed in the Fe-W-C and in 
the Ni-W-C systems with the same compositions and lattices. 


Isothermal Section at 1400°C 

By combining the results of this experiment with 
1400°C isothermal lines from .the adjoining binary 
diagrams it was possible to construct an isothermal 
section of W-Co-C diagram. This 1400°C isothermal 
section is illustrated in Fig. 3. The equilibria in 
the tungsten-rich part of the section have been de- 
scribed in connection with the ternary phases. Of 
special interest is the two-phase field, WC + liquid, 
which extends across the isothermal section. After 
cooling to room temperature, specimens in this field 
showed a two-phase structure, 8 +. WC. Occasion- 
ally, depending on the carbon content, 7 or graphite 
was found in addition. The two-phase field 8 + WC 
was very narrow, less than 1 pct in width. The WC 
phase seems to have a very small solubility for 
cobalt. All attempts to measure any changes in the 
lattice constant of WC failed. The boundaries of 
the liquid phase are known only approximately. 
This phase extends from the eutectic of the Co-C 
binary toward the 7 phase. 


Ternary Reactions 

The invariant temperatures of the reactions lead- 
ing to three-phase equilibria 8 +- WC + graphite 
and 8 + 7» + WC were determined by thermal 
analysis. The measurements were made by a modified 
inverse-rate technique. Alloys in equilibrium with 
graphite showed a thermal arrest at 1298°C, whereas 
alloys in equilibrium with 7 had a thermal arrest at 

To establish the reactions which lead to the for- 
mation of the n, 6, and « phases, a series of alloys 
which consisted of one or two of these phases was 
heated to temperatures of 1700° and 1880°C. The 
specimens were first prepared by sintering at 1400°C. 
After rapid cooling from 1700°C, the @ and « phases 
showed no changes, but the specimens containing 7 
indicated increasing amounts of 9. The 7 specimens 
were melted and full of large gas holes, apparently 
due to evaporation of cobalt. After heating to 1880°C 
both 6 and « showed decomposition. A specimen, 
originally pure 6, recorded X-ray lines of « and 
tungsten in addition, whereas a specimen of « com- 
position showed strong lines of 0, «, and W.C, and 
weaker lines of tungsten. 

These observations suggest the following peritectic 
reactions: 

6= liquid + «+ W 
« = liquid + W.C + W 


In the case of 6, the cobalt-rich liquid probably 
decomposed by evaporation. Traces of W.C found in 
the @ specimen support this assumption. The liquid 
from the « decomposition probably solidified under 
nonequilibrium conditions into @ and «. Because the 
amount of the liquid, as indicated by the intensities 
of the @ lines, was large, the composition of this 
liquid apparently was not far from the « composi- 
tion. The small amounts of tungsten found were in 
accordance with this view. 


Tentative Metastable Diagram W-Co-C 
The experimental evidence described permits the 
construction of a tentative model of the W-Co-C 
diagram. It will be shown later that this diagram is 
of metastable nature. The model is illustrated in Fig. 
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Fig. 3—1400°C isothermal section of W-Co-C equilibrium diagram. 
The dotted lines B-C and Co-WC correspond to the vertical 
sections of Figs. 5 and 7. 


4, which shows the basal projection of the lines of 
two-fold saturation. The notation used refers to this 
figure. The simplifications made in designing the 
model are that all the allotropic transformations 
which occur in the components tungsten, graphite, 
cobalt and possibly in the phase W.C are omitted, 
that the complications caused by the y phase Co;,W 
have not been considered, and the vapor phase of 
cobalt is not included. It is believed that these sim- 
plifications are justified, because the allotropic phase 
transformations as well as the y formation occur at 
temperatures which are outside of the range of the 
primary interest. 

The general appearance of the diagram is deter- 
mined by the very high melting points of carbon and 
tungsten. The liquidus surface slopes sharply toward 
the cobalt corner. A valley of low melting extends 


C 


Co Eia65 E1690 


Fig. 4—Metastable equilibrium diagram W-Co-C, representation by 
basal projection. 


P,—Liquid + W.C + 
T,—Liquid + W.C = « + WC T.—Liquid + W = 9 + 
P,—Liquid + «+ W= 0 T,—Liquid +- = + 
T,—Liquid + = 6 + WC T,—Liquid + = WC + 8 

P,—Liquid + 6+W=y T,—Liquid — WC + £ + graphite 


T,—Liquid + 6 = + WC 
] 
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= ATOMIC PERCENT OF CARBON 
Fig. 5—Vertical section through carbon corner of metastable 
W-Co-C diagram. W-Co ratio is 57/43. The dotted line A 
corresponds to the composition of the cemented carbide of 18 wt 
pct Co content. 


from the eutectics on the W-C binary across the 
diagram. 

The invariant temperature of the four-phase equi- 
librium, liquid-8-WC-graphite, was measured as 
1298°C, which was the lowest reaction temperature 
found. The average temperature of the lowest melt- 


Fig. 6—Perspective illustration of solidification of co- 
balt cemented tungsten carbides. The composition of 
the alloy is given by vertical line A. Points D and E 
indicate the approximate compositions of the thermal 
analysis specimens. 
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ing in sintering commercial two-phase alloys, 8 + 
WC, seems to be about 1320°C.* The invariant re- 
action at 1298°C then has to be a eutectic reaction: 


Liquid = + WC + C 


The « phase can be formed only by a peritectic 
reaction. Because no WC was found in the decom- 
posed «, the reaction must be: 


Liquid + W + W.C = « 


The composition of the liquid, indicated by the 
letter P,, is not far from the « composition. The re- 
action temperature is near 1880°C because of the 
three « specimens heated to 1880°C, two decomposed 
and one did not. Since the accuracy of the tempera- 
ture measurement in this range is about +15°C, this 
means that the invariant temperature is between 
1865° and 1895°C. The reaction provides the two- 
phase equilibria « -+- W.C and « + W, which were 
found at 1400°C. 

To obtain the «-WC equilibrium, also found, a 
ternary transition: 


Liquid + W.C = « + WC 
has to occur at somewhat lower temperature T,. 
The formation of the @ phase is similar to the « 


T T T i 
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ATOMIC PERCENT OF WC 
Fig. 7—Vertical section of Co-WC. Because experimental data is 
lacking, a special case is illustrated. 


90 WC 


reaction, and in accordance with the experiments the 
peritectic reaction is: 
Liquid + 

The reaction temperature P, is in the neighbor- 
hood of 1700°C, but is not known accurately. This 
reaction furnishes the experimentally found two- 
phase fields 6 4- « and 6 + W. The ternary transi- 
tion: 

Liquid + WC 
provides the two-phase field 6 + WC. This reaction 
temperature T. has to be lower than P.. 

There is not much experimental support for the 
nature of the » reaction. The various attempts made, 
were upset by the evaporation of cobalt. It is be- 
lieved that the temperature of the invariant reaction 
of the » formation is about 1600°C. The peritectic 
reaction, Liquid + 6 + W = 7 is considered the 
only possibility. 

The reaction, Liquid + @ + W = » would give 
the two-phase fields y» + @ and » + W, and the 
transition, Liquid + 6 = » + WC at a lower tem- 
perature supplies the field » + WC. 
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a—Cross section near surface. Primary 8 and WC + 8. 


Fig. 8—Microstructure of 9 pct W-81 pct Co-10 pct C alloy. Etched by alkaline K,Fe(CN),. X250. 


The experimentally verified 7-8 field is a product 
of ternary transition, Liquid + W — 7 + 8. The 
n-8 equilibrium, which exists at 1400°C and below, 
is formed by a ternary transition, Liquid + § — 
» + £. At 1357°C a ternary transition reaction, 
Liquid + 7» = 8 + WC, forms the important two- 
phase equilibrium B-WC. 

Not much has been said as to the compositions of 
the reacting phases. This is especially true with the 
compositions of the saturated liquids. The solid phase 
compositions are, in general, well fixed. It has been 
revealed in this study that the homogeneity ranges 
of all participating phases are very narrow. The only 
exception is the y phase. 

It is possible to locate the ternary eutectic to 
within a few percentage points by pure speculation. 
The ternary eutectic temperature was measured as 
1298°C. The binary eutectic reaction, Liquid = 8 
+ C has been reported between 1300° and 1315°C. 
The difference is very small, as a matter of fact 
within the experimental errors. It is unlikely that 
the ternary eutectic composition would be far from 
the Co-C binary. But on the other hand, there is 
cumulative evidence that the maximum solubility 
of WC in cobalt is about 10 pct. Yet the eutectic 
point has to be within the three-phase field corner 
and not far from the section Co-WC because toward 
the carbon corner the liquidus surface is almost 
vertical. 

One point of great practical importance is the 
composition of the liquid phase in the reaction: 
Liquid + 7 = 6 + WC. Fig. 5 represents a vertical 
section through the carbon corner of the diagram for 
constant W-Co ratio of 57/43. This is a section which 
includes cemented carbides of 18 wt pct Co content. 
An alloy of this composition, which at low tempera- 
tures would have a two-phase 8 + WC structure, 
is represented by line A. It is evident that the exten- 
sion of the invariant plane at 1357°C will determine 
whether or not 7 phase is formed during heating or 
cooling of the specimens. The question is important 
because it will form the basis of understanding the 
sintering mechanism of the cemented carbides.’ 

The reactions occurring during cooling from the 
sintering temperature can be followed by Fig. 6. The 
common sintering temperature is about 1400°C. The 
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specimen at this temperature consists of solid WC 
and liquid. During cooling WC precipitates, and the 
composition of the liquid follows the surface of one- 
fold saturation until the line T,-T, is encountered. 
During further cooling, WC and 8 precipitate simul- 
taneously. The composition of the precipitating f 
follows the curve d-e. When the line WC-8 inter- 
sects the vertical A, all liquid has been consumed 
and solidification is complete. Depending on the 
cooling rate, various amounts of WC will precipitate 
out of the 8 solid solution during subsequent cooling 
to room temperature. 

If the invariant plane g-T,-d-7 extends completely 
over the two-phase field WC -++ £8, the two-fold pre- 
cipitation will be WC + 7» until the invariant tem- 
perature is reached. 

The vertical section, Co-WC is illustrated in Fig. 
7. Because it is not known whether or not the 1357°C 
invariant plane extends over the two-phase field, 
B + WC, a compromise has been made by drawing 
a special case represented by a point at 1357°C. If 
the carbon content of the saturated liquid at 1357°C 
is higher than indicated, two three-phase fields and 
one two-phase field will be generated from the point 
at 1357°C. In the opposite case the four-phase equi- 
librium will disappear. 


Instability of Carbides 

The instability of » phase has been reported by 
Takeda‘ in the Fe-W-C system. The basis of Takeda’s 
hypothesis seems to be a micrograph of an annealed 
ym grain, which according to Takeda, shows a rim of 
WC formed by decomposition of 7». However, it is 
believed here that the rim was nothing but y, from 
which a heavy layer of etching stain had been chipped 
off. If a more careful etching technique would have 
been applied, probably no such rim would have been 
visible. Takeda’s instability hypothesis was accepted 
by Westgren.* To verify it, Westgren annealed a 
specimen of composition Ni,W,C for ten days at 
1000°C and the result was WC. It is believed here 
that carburization took place in this experiment. It 
will be shown by the following experiment that the 
7 phase is stable. 

A specimen of composition 81.0 pct Co, 9.0 pct. W, 
and 10.0 pct C was heated to 1500°C in an alundum 
crucible by induction. At 1500°C the alloy was ex- 
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b—Cross section in core. Primary 8, y + 8 and graphite. 


pected to consist of liquid phase only. The specimen 
was then furnace cooled. A section through the 
solidified specimens showed two types of structures. 
The surface layer, shown in Fig. 8a, consists of pri- 
mary 6 surrounded by a fine structure of 6 and WC. 
The center of the specimen, shown in Fig. 8b, also 
shows primary £ but now surrounded by 7-8 eutectic 
and numerous graphite flakes. The condition in the 
furnace was only slightly carburizing, if at all. The 
alundum crucible was enclosed in a graphite crucible, 
which was completely packed in norblack. The cool- 
ing rate on the surface of the specimen is expected 
to be faster than inside. The surface structure is in 
accordance with the metastable diagram. During the 
cooling from the liquid state the precipitation of 8 
starts first and during subsequent cooling simul- 
taneous precipitation of WC and £8 takes place. The 
composition of the specimen is such that all liquid 
is consumed before the eutectic temperature 1298°C 
has been reached. 

The structure of the specimen core, apparently 
cooled slower, cannot be explained by means of the 
metastable diagram, which has no y-graphite equi- 
librium. Apparently the core has approached true 
equilibrium conditions more closely and thus the 
combination Co-n-graphite is the stable one. It will 
be noted that the composition of the specimen was 
not changed. The free graphite amounts to the dif- 
ference between the carbon contents of WC and 7. 


Tentative Model of Stable Diagram W-Co-C 


A stable system may be developed from the meta- 
stable by omitting the ternary transition at 1357°C. 
Above this temperature the stable and the metastable 
diagrams are essentially the same. In the stable sys- 
tem the ternary transition: 


Liquid + WC =—=7+C 


produces the 7-graphite equilibrium. 
At a lower temperature a eutectic reaction: 


Liquid = +7+C 
produces the three phase field 6-7-graphite.t 


+ The temperature of this eutectic reaction was not revealed by 
the thermal analyses described. Apparently the thermocouple pro- 
tecting tube conducted sufficient heat from the center of the speci- 
men so that no 7 phase was formed. It is believed that the tem- 
perature of the eutectic reaction in the stable system is lower than 
in the metastable system. 


A model of the stable equilibrium diagram W-Co- 
C is illustrated in Fig. 9. 

The characteristic feature of the metastable dia- 
gram is the two-phase field B-WC, which extends 
across the diagram. The cemented carbides should 


Co E1465 Piego0 
Fig. 9—Stable equilibrium diagram of W-Co-C. Representation by 
basal projection. The reactions P, to T; are the same as in Fig. 4. 

+ WC = + graphite. To.—Liquid + + 
graphite. 


have this structure. In the stable system this im- 
portant two-phase equilibrium is destroyed. From 
the viewpoint of technical applications it is clear 
that the stable equilibrium is most undesirable. 
Therefore slow cooling rates from the sintering tem- 
peratures must be avoided. 
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Technical Note 


Strain Sensitivity of Commercial Purity Titanium 


by James L. Wyatt 


HE strain sensitivity, K, a property of metals 
defined as the unit change in electrical resis- 
tance per unit strain, was measured for commercial 


purity titanium wire to determine its usefulness as. 


a strain gage material. A Kelvin double bridge, 
accurate to 0.000001 ohm, was used to make meas- 
urements from 0 to 1 pct total strain. A positive 


J. L. WYATT, Junior Member AIME, is National Lead Co. 
Fellow, Massachusetts Institute of Technology, Cambridge, Mass. 
TN 128E. Manuscript, April 29, 1952; revised, Aug. 5, 1952. 


1050—JOURNAL OF METALS, OCTOBER 1952 


value of 0.17 for K was found. This compares with 
2.15 for constantan and 3.5 for cold-worked invar, 
two of the more common strain gage materials. 
The effect of temperature also was determined. It 
was found that a change in temperature of 30°F 
caused the same resistance change as 1 pct strain. 
It is therefore concluded that titanium would have 
utility as a strain gage only if the thermal fluctua- 
tions in the specimen could be controlled to a high 
degree and in applications of very large total strain. 
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Role of the Binder Phase in Cemented 
Tungsten Carbide-Cobalt Alloys 


by Joseph Gurland and John T. Norton 


IBY spite of the extended use and high state of prac- 
tical development of the cemented tungsten car- 
bides, the structure of these alloys is still a matter 
of considerable controversy. The characteristic high 
rigidity and rupture strength of sintered compacts 
have been attributed to a continuous skeleton of 
tungsten carbide grains, formed during the sinter- 
ing process. This view is based mainly on the work 
of Dawihl and Hinnuber,* who reported that a sin- 
tered compact of 6 pct Co maintained its shape and 
some of its strength after the binder was leached out 
with boiling hydrochloric acid. After leaching, only 
0.04 pct Co was reported to remain in the compact. 
They also showed that the assumed increasing dis- 
continuity of such a skeleton, as the cobalt content 
is increased, could be made to account for the ob- 
served discontinuous increase of the coefficients of 
thermal expansion, the loss of rigidity, and the im- 
paired cutting performance of alloys of more than 

Contradictory evidence was cited by Sanford and 
Trent,’ who mentioned that a sintered compact was 
destroyed by reacting the binder with zinc and 
leaching out the resulting Zn-Co alloy. The skeleton 
theory also does not account for the observed change 
of strength of sintered compacts as a function of 
cobalt content. If the skeleton is responsible for the 
strength, the latter would be expected to decrease 
with increasing binder content. Actually, the 
strength increases and reaches a maximum around 
20 pct Co. In addition, tungsten carbide is brittle 
and undoubtedly very notch sensitive. The highest 
value found in the literature for the transverse rup- 
ture strength of pure tungsten carbide prepared by 
sintering is 80,000 psi.’ Therefore, such a skeleton 
does not easily account for a rupture-strength value 
of 300,000 psi and higher, commonly found in sin- 
tered tungsten carbide-cobalt compacts. 

In view of the conflicting data present in the 
literature, experiments were undertaken to deter- 
mine whether the sintering of tungsten carbide-co- 
balt alloys leads to the formation of a carbide 
skeleton or whether the densification behavior and 
the properties of cemented compacts are consistent 
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with a structure of isolated carbide grains in a 
matrix of binder metal. 

The specimens were prepared from powders of 
commercial grade. Tungsten carbide powder ranged 
in particle size from 0 to 5x10“ cm. Mixtures of 
tungsten carbide and cobalt were ball milled in 
hexane for 48 hr in tungsten carbide lined mills. 
After milling, the specimens were pressed in a rec- 
tangular die (1x4%4x% in.) at 16 tons per sq in. No 
pressing lubricant was used. 

Sintering of the tungsten carbide-cobalt compacts 
was carried out in a vertical tube furnace equipped 
with a dilatometer (Fig. 1), by means of which the 
change of length of the powder compacts could be 
followed from room temperature to 1500°C. An at- 
mosphere of 20 pct H, 80 pet N was maintained in- 
side the furnace. Decarburization of the samples 
was prevented by the presence of small rings of 
graphite inside the furnace tube. The temperature 
of the sample was measured by a platinum-plati- 
num-rhodium thermocouple, which also was part of 
a temperature control system able to maintain a 
constant temperature within +10°C. 

Pure tungsten carbide compacts were prepared by 
sintering the carbide without binder or by evaporat- 
ing the binder from sintered compacts in vacuum 
at 2000°C. Since complete densification of these 
samples was not desired, they were sintered only to 
60 or 80 pct of the theoretical density of tungsten 
carbide. 

The specimens were prepared for metallographic 
examination by polishing with diamond powders and 
etching with a 10 pct solution of alkaline potassium 
ferricyanide. Cobalt etches light yellow and the 
carbide gray. The amount of porosity is exaggerated 
since it is difficult to avoid tearing out carbide par- 
ticles, especially from incompletely sintered samples. 


Experimental Observations 

A number of specific experiments were carried 
out in order to study some particular aspect of the 
sintering problem. The details of these experiments, 
together with their results, are as follows: 

Electrolytic Leaching: The binder was removed 
by electrolytic leaching from sintered tungsten car- 
bide-cobalt compacts for the purpose of determining 
the continuity of the carbide phase. The method 
used was based on the work of Cohen and coworkers‘ 
on the electrolytic extraction of carbides from an- 
nealed steels. If the sample is made the anode, using 
a 10 pet hydrochloric acid solution as the electrolyte, 
the binder is dissolved, but the rate of solution of 
tungsten carbide is negligible. A current density 
of 0.2 amp per sq in. was applied. As shown in Fig. 
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Fig. 1—Sintering dilatometer. 


2, the samples containing cobalt were strongly at- 
tacked. The loose carbide particles remained on the 
surface as a powdery layer which could be easily 
removed by washing with water. A pure tungsten 
carbide compact, sintered to 64 pct of its theoretical 
density, remained intact. 

Coefficients of Thermal Expansion: The coefficients 
of expansion of sintered tungsten carbide-cobalt 
alloys were measured with the dilatometer of Fig. 1 
and are reported in Table I. Fig. 3 compares the 
measured coefficients (20° to 800°C) with those 
calculated for a mechanical mixture, assuming the 
law of mixtures to hold, and using 5.4x10° and 
16.2x10° in. per in. per °C as the coefficients of 
thermal expansion of tungsten carbide and cobalt. 

Dilatometric Cooling Curves: A clue to the high 
temperature structure of tungsten carbide-cobalt 
alloys is given by the continuously recorded dilat- 
ometric cooling curves, which show discontinuities 
between 1350° and 1320°C, Fig. 4. The magnitude 
of the discontinuities changes gradually with com- 
position, from a contraction at high cobalt content 
to an expansion at low cobalt content. Zero, on the 
change of length scale of Fig. 4, corresponds to the 
length of the fully sintered specimens at the sinter- 
ing temperature. The specimens were 1 in. long, as 
pressed, before sintering. 

Infiltration: The behavior of a carbide skeleton in 
the presence of liquid binder metals was demon- 
strated by infiltration experiments. A pure tungsten 
carbide compact, sintered to 80 pct of its theoretical 
density, was infiltrated with liquid cobalt. The 
change in length of the carbide block, standing 
vertically in the furnace tube in contact with a 
measured amount of cobalt powder, was followed 
dilatometrically (Fig. 5) during the heating and in- 
filtration process. The compact first expands uni- 
formly to 1320°C, then a noticeable contraction sets 
in, followed by a sudden expansion and collapse of 
the specimen. 

The same experiment, performed with copper as 
the infiltrant, showed none of the discontinuous 
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changes. This sample expanded uniformly on heat- 
ing and maintained its shape. The microstructures 
of sintered tungsten carbide compacts, infiltrated 
with cobalt and copper, are shown in Figs. 6 and 7. 

Sintering Behavior: The effect of composition, 
temperature, and time on the densification of tung- 
sten carbide-cobalt compacts is shown by the sinter- 
ing curves at a constant rate of heating (5°C per 
min) of Fig. 8 and by the isothermal sintering curves 
of Fig. 9. The specimens with 1 and 15 pct Co at- 
tained, respectively, 86 and 98 pct of their theoreti- 
cal densities during heating at a constant rate to 
1500°C. Microstructures of cemented compacts sin- 
tered at 1300° and 1325°C, Figs. 10 and 11, show 
that porosity is almost completely eliminated in that 
temperature range. 

Considerable grain growth takes place at the 
sintering temperature. In a sample of 15 pct Co held 
20 hr at 1350°C, the average particle length in- 
creased by 17 pct from 1.8x10~ to 2.1x10“ cm. The 
smallest particles tend to disappear, the percentage 
of those of length of 1x10“ cm or less decreasing 
from 50 to 20 pct during this holding time. The 
particle length was determined by measuring the 
length of the carbide particles along arbitrary 
straight lines across the photographic prints. Ap- 
proximately 1000 particles were measured on each 
sample and averaged. 

Wettability: The properties of the solid-liquid in- 
terface in tungsten carbide-cobalt compacts may in- 
fluence the sintering behavior of the compacts, since 


a b c d 


Fig. 2—Sintered compacts after electrolytic leaching experiments. 

a—100 pct WC leached 56 hr. b—85 pct WC, 15 pct Co leached 
24 hr. c—90 pct WC, 10 pct Co leached 24 hr. d—92.5 pct WC, 
7.5 pct Co leached 48 hr. Length of samples, approximately 1 in. 


the carbide particles are of almost colloidal dimen- 
sions and present a great surface area to the action 
of the liquid. The most important of these proper- 
ties is the wettability of tungsten carbide by liquid 
cobalt. The wettability was determined by the 
drop-shape method, which consists of measuring the 
angle of contact of a liquid drop on a solid surface. 
The smaller the angle, the greater is the wetting 
ability of the liquid. 

A small piece of cobalt was placed on a level tung- 
sten carbide block and was heated in a horizontal 
tube furnace in an atmosphere of hydrogen at 85 mm 
pressure. The cobalt spread freely over the avail- 
able surface and soaked into the porous block at 
1420°C, although melting at the interface was first 
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observed at 1375°C. It was concluded that the angle 
of contact of liquid cobalt on solid tungsten carbide 
is infinitely small. The same experiment was re- 
peated with copper. Liquid copper did not spread 
on solid tungsten carbide. It maintained an angle of 
contact of 20° at a temperature of 1405°C. 


Discussion of Experimental Observations 


Structure: The disintegration of sintered compacts 
by electrolytic leaching demonstrates that a con- 
tinuous skeleton is not formed as a result of the 
sintering process. The previously reported strength 
of acid-leached specimens may be attributed to an 
insufficient penetration of leaching solution into the 
fine capillaries between adjacent carbide particles. 

The observed depression of coefficients of thermal 
expansion of low cobalt alloys below those of a 
corresponding simple mixture, Fig. 3, was attributed 
by Dawihl and Hinnuber to the restraining influence 
of a tungsten carbide skeleton. However, the co- 
efficients of thermal expansion of a mixture are not 
only a function of the coefficients of expansion and 
the proportions by volume of the components, but 
also of their relative moduli of elasticity.” Since the 
value of Young’s modulus of tungsten carbide is 
about three times as high as that of cobalt, the car- 
bide will depress the coefficients of the mixture 
below the average value when the composition is 
such that it restrains the free expansion of the 
binder; namely, at the high carbide end of the com- 
position range. Consequently, the observed devia- 
tion of the coefficients of thermal expansion from the 
law of mixtures are to be expected in sintered com- 
pacts, without having to suppose the existence of a 
carbide skeleton. 

The discontinuous dilatometric changes at the 
solidification temperature of the binder, Fig. 4, can 
only be explained by a structure of isolated carbide 
grains, each of which is surrounded by a film of 
liquid. The expansion on cooling of low cobalt alloys 
cannot be attributed to the effect of the latent heat or 
freezing of the binder on a carbide skeleton, since it 
was not observed on cooling a copper infiltrated car- 
bide skeleton. The heats of fusion of copper and 
cobalt are of comparable magnitude. It is possible 
to account for the discontinuities of the dilatometric 
cooling curves by considering the physical changes 
which take place at the freezing temperature of the 
binder; namely, the sudden growth of the carbide 
particles by precipitation as the solubility of tung- 
sten carbide in cobalt is reduced from 38 to 17 pct 
by weight, and also the volume shrinkage of the 
binder as it freezes. If the amount of binder is small, 
the carbide particles will be quite closely packed. 
Only that thin layer, required to satisfy the tungsten 
carbide-cobalt interfacial energy, will surround each 
grain and separate it from its neighbors. The freez- 
ing contraction of the binder cannot force the parti- 
cles closer together, but the precipitation of carbide, 
taking place on all faces of the particles, forces the 


Table |. Thermal Coefficients of Expansion, 10°° In. per In. per °C 


Composition 


erature 
i eanees 100% 5% 74.5% 10% 12.5% 15% 25% 
°C wc Co Co Co Co Co Co 
20 to 800 5.4 5.6 5.9 7.0 7.6 7.9 LL.1 
800 to 1300 9.2 10.4 10.5 12.4 129 13.0 » 


* Specimen deforms at high temperatures. 
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Fig. 3—Coefficient of linear thermal expansion of cemented 
WC-Co alloys. 


centers of the growing grains apart and the speci- 
men expands. With a greater content of binder, the 
structure approaches more nearly that of dispersed 
carbide grains in a matrix of cobalt. The contrac- 
tion of the binder freezing is able to bring the car- 
bide particles closer together, without causing them 
to abut against each other, and the specimen as a 
whole shrinks. 

The infiltration experiment proves that liquid co- 
balt breaks up and destroys an already existing 
tungsten carbide skeleton. The first contraction of 
the dilatometer curve, Fig. 5, at 1320°C is probably 
due to a reaction between the carbide specimen and 
the cobalt where the sharp corners of the specimen 
rest on the rounded bottom of the dilatometer tube. 
As the cobalt melts and infiltrates the compact, an 
expansion occurs because the liquid metal attacks 
the skeleton at the grain boundaries and separates 
the carbide particles. For this reason, the compact 
loses its strength, deforms, and eventually collapses. 
In the case of copper as the infiltrating metal, the 
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Fig. 4—Discontinuous change of length on cooling of 
sintered WC-Co alloys of different compositions. 
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compact did not lose its shape. The microstructures 
of Fig. 6 and 7 illustrate the action of cobalt and 
copper as binders. The cobalt tends to surround each 
grain of tungsten carbide, destroying the existing 
skeleton, while copper preserves the sintered skele- 
ton. The solubility of tungsten carbide in copper is 
insignificant compared to that in cobalt. The wet- 
tability of tungsten carbide by cobalt is also ap- 
preciably greater than that by copper. 

The experimental evidence presented shows that 
the structure of the sintered compact is one of tung- 
sten carbide particles dispersed in a matrix of co- 
balt. A carbide skeleton does not form during sinter- 
ing or on cooling from the sintering temperature. 
This also follows from theoretical considerations. 


CHANGE OF LENGTH,PERCENT 


(0) 200 400 600 800 1000 
TEMPERATURE, °C 


1200. 1400 
Fig. 5—Infiltration with cobalt-dilatometric curve. 


Smith® has pointed out that a liquid will penetrate 
indefinitely along the grain boundaries of a solid if 
the liquid-solid interfacial energy is sufficiently low. 
In such a case, a polycrystalline aggregate of the 
solid will be disintegrated by the liquid. If the 
amount of liquid is relatively small, its surface ten- 
sion will hold the mass together.’ Although the solu- 
tion of tungsten carbide in cobalt at the sintering 
temperature could alone lead to the elimination of 
carbide particle to particle contact, it is the low 
interfacial energy of the liquid-solid boundary which 
effectively prevents a sintering together of the tung- 
sten carbide particles in the presence of liquid 
cobalt. 

Cementing Action of the Binder: The sintering 
curves show that shrinkage becomes noticeable at 
relatively low temperatures, approximately 800°C, 
and reaches a maximum rate between 1300° and 
1350°C. The beginning of shrinkage coincides with 
the effective sintering temperature of pure cobalt, 
800°C. Rate and extent of shrinkage increase with 


Fig. 6—Microstructure of cobalt infiltrated WC compact. X1500. 
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Fig. 7—Microst 
pact. X1500. 


temperatures and with cobalt content. 

The disappearance of porosity between 1300° and 
1325°C, Figs. 10 and 11, is associated with the ap- 
pearance of a considerable amount of liquid phase. 
Published temperatures for the formation of a liquid 
binder range from 1275°*° to 1350°.° Sandford and 
Trent’ report 1320°C. 

The characteristic angular grains of tungsten car- 
bide indicate that considerable solution and rede- 
position of carbide takes place during sintering. This 
leads to grain growth; the smallest particles dis- 
solve in the liquid and are reprecipitated on the 
larger ones, so as to minimize the interfacial tension 
of liquid and solid. In practice, it is observed that 
different batches of tungsten carbide exhibit dif- 
ferent degrees of grain growth during sintering, so 
that the grain growth reported is characteristic only 
of the powder batch under discussion. 

The volume of a cemented tungsten carbide-cobalt 
compact, of low binder content, is determined by 
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Fig. 8—Sintering curves-constant rate of heating-change of 
length ys. temperature. 


the packing of the carbide aggregate. But it has 
been shown that a continuous tungsten carbide 
skeleton is not formed during the sintering opera- 
tion. Densification, therefore, does not take place 
by the usual sintering processes encountered with 
homogeneous solid powder compacts; namely, by 
diffusion or flow of material within the solid parti- 
cles or across the contact bridges between them. It 
seems more likely that the densification of tungsten 
carbide-cobalt compacts takes place by a rearrange- 
ment of the carbide particles under the influence of 
the surface tension forces of the binder, which tend 
to eliminate pores present in the compact. Appre- 
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ciable stresses are introduced by surface tension. 
Shaler” calculated that, for the sintering of copper, 
they range from 35 to 35,000 psi in the vicinity of 
pores of diameters from 10“ to 10° cm at 1200°C. It 
may be assumed that the surface tension of cobalt is 
of a similar magnitude as that of copper. In hetero- 
geneous tungsten carbide-cobalt alloys, such stresses 
are transmitted by the binder, either solid or liquid, 
to the carbide particles and force them to move in 
the direction of the pore exerting the greatest stress; 
thereby, in effect, producing a rearrangement of the 
packing of the carbide aggregate, and reducing the 
dimensions of the specimen. Densification at the 
sintering temperature is a result of the ability of 
cobalt to dissolve and wet tungsten carbide. 

The wetting property of the binder is essential to 
the process, because it forces the liquid to surround 
all particles and thereby allows the surface tension 
stresses to act upon them. As shown by capillarity 
phenomena, liquids may sustain very high tensile 
stresses if present as very thin films." The solubility 
of tungsten carbide in the binder indirectly helps 
this rearrangement by breaking up existing carbide 


PERCENT 


5% Co 


10% Co 
12.5% Co4 


IE 15% Co | 


LINEAR SHRINKAGE, 


TIME, HOUR 


Fig. 9—Sintered WC-Co alloys-isothermal sintering 
curves at 1400°C. 


to carbide bridges, and by eliminating surface and 
shape irregularities, decreasing the resistance to 
movement, and allowing a denser packing. In addi- 
tion, the solution effect directly contributes to the 
densification by reducing the size of the particles 
and permitting their geometrical centers to approach 
each other without altering their relative positions. 
The effect can be approximately calculated: For a 
sample of 10 pct Co, assuming a uniform particle 
size of 3x10“ cm, a close-packed arrangement of 
particles, and a solubility of tungsten carbide in co- 
balt of 40 pct, the solution shrinkage amounts to 
about 2 pct, compared to a total linear shrinkage of 
about 18 pct at 1400°C. 

Grain growth will also result in shrinkage since, 
for equal volumes of carbide dissolved and repre- 
cipitated, the decrease of diameter of small grains is 
greater than the increase of diameter of large grains. 
At the sintering temperature, the shrinkage due to 
solution of tungsten carbide in cobalt will reach a 
limit as the particles abut against each other. Prob- 
ably only the grain growth mechanism will permit 
densification as long as any porosity is present. 
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Fig. 10—Sintered WC-Co alloy. 7.5 pct Co. 3 hr at 1300°C. 
X1500. 


The double role of the binder phase during the 
sintering of cemented tungsten carbide may be sum- 
marized as follows: It supplies the driving force 
towards densification, namely, its surface tension, 
and it increases the mobility of the carbide particles, 
allowing them to achieve a closer packing. The 
characteristic properties which make cobalt such an 
effective binder metal for cemented tungsten car- 
bide are: 1—the relatively low melting temperature 
of the cobalt-tungsten carbide solid solution; 2—the 
solubility of tungsten carbide in cobalt; and 3—the 
wetting of carbide particles by the liquid binder. 

Relation of Structure and Strength: The maximum 
strength of cemented tungsten carbide-cobalt alloys 
is found in compacts of approximately 20 pct Co, for 
which transverse rupture strengths in excess of 300,- 
000 psi are commonly observed.” The binder, con- 
stituting a continuous phase, must be responsible 
for the strength and brittleness of sintered compacts. 
Cobalt is normally a reasonably ductile metal of a 
tensile strength of 40,000 psi. Even considering a 
ratio of two between the transverse rupture strength 
and the tensile strength of brittle materials, such as 
cemented carbides,” an increase of strength of the 
binder by a factor of approximately four has to be 
accounted for. 

In sintered compacts, the thin films of binder 
metal surrounding the carbide grains are in a con- 
dition of severe restraint when a tensile stress is 


Fig. 11—Sintered WC-Co alloy. 7.5 pct Co. 2 hr at 1325°C. 
X1500. 
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applied externally. The high elastic modulus of the 
carbide, together with its high yield strength, ef- 
fectively prevents any plastic flow of the binder and 
as a result, high strength and low ductility are ob- 
served. If the plastic yielding of a metal is restrained, 
its flow stress is greatly increased and may approach 
the fracture strength. The stress system in the 
binder is essentially triaxial when a uniaxial load 
is applied to the compact, and the situation is very 
similar to that found in soldered or brazed joints. 
In the latter case, the thin layer of soft metal be- 
tween the two pieces of much harder material is 
prevented from contracting laterally when under 
tensile load. Under certain conditions, the strength 
of such a joint is increased as much as 5.5 times 
over that of the pure joining metal.” Failure takes 
place, usually, not through the joint, but at the 
boundary layer between the two metals, or even 
through the parent metal. The strength of a brazed 
or soldered joint varies with the thickness. It 
reaches a maximum at a certain thickness, decreas- 
ing radically with thinner joints and more gradually 
with thicker joints. Similarly, the strength of ce- 
mented carbides shows a maximum at a certain 
composition. This may be attributed to the change 
of strength with the thickness of the cementing 
layer between carbide particles. With larger 
amounts of binder, the thickness of the binder lay- 
ers increases and the triaxial restraint decreases so 
that there is a greater and greater opportunity for 
plastic deformation. As the cobalt content exceeds 
about 15 pct, the sintered compacts begin to show a 
small ductility prior to fracture, and this increases 
markedly with increasing cobalt content. 

The same argument applies to the theoretical 
effect of particle size on the strength of sintered 
compacts. For a given composition, the layer of 
cementing material becomes thinner as the particle 
size decreases and the strength increases until the 
particle size becomes so small that the amount of 
binder present is insufficient to cover all the avail- 
able surface and achieve full density. 

An additional factor contributing to the strength 
is the presence after cooling of residual stresses, 
which are caused by the difference in coefficients of 
thermal expansion and elastic properties of the con- 
stituents. Such stresses of high magnitude have 
been found to exist in the binder by magnetic meas- 
urements and have been reported by Ritzau.” Their 
magnitudes can be evaluated by the method of 
Laszlo for tesselated stresses.” The stresses, both 
tensile and compressive, normal to the carbide-co- 
balt interfaces, were estimated to have theoretical 
values of the order of 100,000 psi. The actual mag- 
nitude of the stresses are, of course, limited by the 
flow stress of the binder under conditions of complex 
stress. The signs of the stresses in the binder are a 
function of the carbide distribution; both tensile and 
compressive stresses are present in adjacent micro- 
scopic regions. Although the fracture strength may 
be locally reduced, the net effect will be an increase 
of the yield strength of the binder. In addition, the 
strength of the binder may be increased by such 
factors as the solid solution of tungsten carbide in 
cobalt at room temperature and the stresses intro- 
duced by the transformation of cobalt on cooling. 


Conclusions 


1—Densification of cemented tungsten carbide- 
cobalt alloys takes place by a rearrangement of the 
carbide particles, which achieve a denser packing 
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under the influence of the surface tension forces of 
the binder. The disappearance of small grains and 
the growth of large grains of tungsten carbide also 
contribute to densification. 

2—The resulting structure is one of carbide par- 
ticles embedded in a cobalt-rich matrix. A continu- 
ous tungsten carbide skeleton is not formed during 
the sintering treatment. 

3—This structure accounts for some of the charac- 
teristic properties of the cemented compacts. Their 
high strength and lack of ductility can be attributed 
to the mechanical restraint exerted by the carbide 
particles upon the thin films of the binder, the yield 
strength of which is correspondingly raised, and to 
the complex state of stress resulting from the pres- 
ence of residual stresses of thermal origin. 

4—The following are the essential characteristics 
required of an effective binder for cemented tung- 
sten carbide compacts: it must supply a liquid phase 
at relatively low temperatures; tungsten carbide 
must be soluble in the binder; and the liquid binder 
must wet the solid carbide particles. 
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High Temperature Oxidation of Some Iron-Chromium Alloys 


by D. Caplan and M. Cohen 


The scaling characteristics of three Fe-Cr alloys have been in- 
vestigated by determining their weight gain vs. time curves at 1600° 
to 2000°F. The scales formed thereby have been examined using 
the techniques of X-ray diffraction and spectrographic and metal- 
lographic analyses in an attempt to explain the discontinuities in 

the curves and to elucidate the mechanism of scaling. 


Dee the considerable number of investiga- 
tions that have been carried out on heat resistant 
alloys, the characteristics of the scales formed at 
high temperatures are not fully known. The research 
reported here was undertaken in an attempt to as- 
certain the mechanism of scaling of the stainless 
steels. Scaling experiments were carried out first, 
the weight increase of the specimens being followed 
continuously with time. It was observed that, as well 
as showing the expected decrease in oxidation rate 
with time, the oxidation curves showed breaks cor- 
responding to intermediate periods of accelerated 
oxidation, after which protectiveness again increased. 
This phenomenon was observed with austenitic stain- 
less steels (types 302, 309, and 330) and with Fe-Cr 
alloys (types 410, 430, and 446), but only the latter 
are treated in this report. An examination of the 
scales was made using the techniques of X-ray dif- 
fraction and spectrographic and metallographic anal- 
yses in an attempt to obtain a correlation between 
the nature of the scales and the oxidation curves. 

A search through the literature revealed only a 
very few previous reports of such periods of accel- 
erated oxidation. Dunn’ found breaks in the oxida- 
tion-time curves of some Cu-Si alloys but saw no 
rational explanation of the phenomenon. Heindlhofer 
and Larsen’ attributed a discontinuity in the weight 
gain-time curve of iron at 1290°F to the formation 
of blisters, the subsequent cracking of which ex- 
posed an unprotected surface and permitted rapid 
oxidation until a new protective scale had been re- 
established. They advanced no explanation, how- 
ever, for what they termed the peculiar behavior of 
a 27 pct Fe-Cr alloy at 2000°F which gained weight 
very rapidly in between two periods of very slow 
weight gain. Portevin, Pretet, and Jolivet* in de- 
scribing breaks in the weight gain-time curves of 
Fe-Al alloys suggested that they might be associated 
with the occurrence of localized and deeply oxidized 
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Table |. Chemical Compositions of Specimen Materials 


Element, Pct Type 410 Type 430 Type 446 
Carbon 0.10 0.10 0.20 
Manganese 0.34 0.40 0.40 
Silicon 0.28 0.37 0.44 
Nickel 0.21 0.43 0.32 
Chromium 11.44 15.78 26.54 


areas on the specimens. Bandel* in a general discus- 
sion of oxidation curves of heat resistant alloys con- 
sidered that the discontinuities were due to a local 
disruption of the protective layer by the growth of 
iron-rich oxides. Day and Smith’ in their report on 
the scaling of a large number of iron alloys noted 
but did not explain occasional relatively rapid 
changes in oxidation rate at higher temperatures. 
Chevenard and Wache’ found breaks, often two per 
specimen, in the oxidation curves of an 18-8 type 
alloy. They suggested that the cause might be a 
depletion in chromium of the surface layer of metal 
due to its selective oxidation, the resultant high con- 
centration of iron and nickel in the scale leading to 
a poorly protective scale. McCullough, Fontana, and 
Beck’ explained the breaks in the oxidation curves 
of types 304, 430, and 410 alloys as due to mechan- 
ical ruptures. 
Experimental Work 


Table I lists the chemical compositions of the 
materials used. Cylindrical specimens 4% in. in diam 
and 14% in. long were machined from cold rolled 
32 in. rod. After a fine finish cut with a sharp tool, 
the specimens were abraded while still mounted on 
the lathe with Nos. 2, 1, 0, and 00 metallographic 
grade emery papers. A 3/64 in. hole was drilled at 
a distance of 14 in. from one end to permit suspen- 
sion in the furnace. Specimen Nos. 1, 2, and 3 were 
tested with this surface preparation. All others, after 
being similarly prepared, were electropolished in a 
perchloric-acetic electrolyte, electrical contact being 
made by pressing a tapered platinum hook into the 
drilled hole. The specimens were then washed in 
hot water, rinsed with distilled water, rinsed with 
methanol, dried at 120°F, and weighed. Thereafter, 
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Fig. 1—Diagram of scaling apparatus. 

A—Glass wool filter. (concentrated 
B—Reducing valves. acid). 
C—Absorption towers of cal- F—Flowmeter (n-butyl phthal- 

cium chloride, soda lime, _ ate). 

ascarite, magnesium per- G—Water saturator in con- 

chlorate. stant temperature bath. 
D—Liquid air trap. H—Activated charcoal in liquid 
E—Constant pressure regulator air trap. 


sulphuric 


they were handled only with forceps or rubber 
gloves. Measurements of the length and diameter 
were made with micrometer calipers and the ap- 
parent surface areas calculated. 

The apparatus for carrying out the oxidation runs 
is shown in Fig. 1. Three specimens were suspended 
by means of platinum wires in a vertical tube fur- 
nace of 14% in. ID. Temperature measurements were 
made with a shielded platinum-platinum-rhodium 
thermocouple located in the tube % in. below the 
specimens. The temperature was controlled to within 
2°F at 2000°F by means of a temperature controller 
actuated by a bare chromel-alumel thermocouple 
located outside the furnace tube and able to “see” 
the globar heating elements. The 9 in. heating sec- 
tion of the elements gave a working zone that varied 
by no more than 1°F over the length of the speci- 
mens. An analytical balance, protected from the 
heat of the furnace by interposed baffle plates, was 
mounted on a rolling table so that it could be located 
directly over the vertical tube or rolled to one side 
to permit the introduction or removal of specimens. 
The method of suspension was such that the three 
specimens could be weighed alternately at 2 min 
intervals. The prepared air stream was admitted to 
the bottom of the furnace tube at a rate of 200 ml 
per min, which amounted to a linear rate of flow 
of 12 in. per min in the 1% in. ID tube. Packing of 
the lower part of the tube with ceramic rings served 
to preheat the air. 

Air from a compressed air line at 60 psi was 
passed through a glass wool filter (A in Fig. 1) and 
reduced to %4 psi by two reducing valves (B). The 
greater part of the water and carbon dioxide was 
removed by calcium chloride, soda lime, ascarite, 
and magnesium perchlorate in the absorption towers 
(C); the liquid air trap (D) removed the last traces 
of moisture and carbon dioxide. The rate of flow 
was adjusted and controlled by the constant pres- 
sure regulator (EF), the level of the concentrated 
sulphuric acid being modified as required to give 
the desired reading on the flowmeter (F). Some 
runs were conducted with air prepared and dried in 
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this way. In the others, this dry air was saturated 
with water vapor at 90°F by passing it through the 
water saturator (G). Provision was also made for 
flushing the furnace tube with helium purified by 
passing through activated charcoal held at lquid 
air temperature (H). 

Method of Measurement: After the furnace had 
been brought to the required temperature and the 
gas flow adjusted to the correct rate, the three speci- 
mens were lowered into the furnace, the balance 
rolled into position and weighing begun. Zero time 
was taken as the time of introduction of the speci- 
mens. Zero weight was determined by weighing the 
specimens at room temperature prior to the start of 
the run and adding the correction (1.1 mg) for the 
change in buoyant force at the testing temperature. 

In an alternative procedure which was used in 
some of the runs to prevent oxidation during the 
heating up period, the specimens were brought to 
temperature in helium. The furnace tube was flushed 
out with helium at 500 ml per min for 30 min, the 
specimens put in, and the initial weight determined, 
corrections being made for the difference in buoyant 
force between helium and air (0.3 mg). Zero time 
was when the helium was turned off and the pre- 
pared air stream turned on. 

At the end of a run the specimens were removed 
singly and one end dipped immediately into a button 
of molten silver. By freezing around the hot speci- 
men this silver prevented the scale from flaking off 
on cooling and proved useful in the metallographic 
examination of scales which spalled badly. 

Examination of the Specimens: As soon as the 
silver button described above had solidified, the hot 
specimen was placed in a quartz dish and examined 
during cooling by means of a low power stereoscopic 
microscope for spalling, cracking, color, texture, and 
inhomogeneities of the scale. In some cases, this was 
the only way a knowledge of the scale structure 
could be obtained, since after cooling, the scale might 
all have disintegrated to a coarse powder. When 
cold, further examination was made with this micro- 
scope and a cross-sectional sketch drawn of the ap- 
parent structure. Tiny pieces of the various layers, 
as uncontaminated as possible with other layers, 
were picked out under the microscope with a needle 
and mounted for X-ray diffraction analysis. After 
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Fig. 2—Oxidation of type 446 stainless steel (abraded) 
at 2000°F in moist air, with and without preheating in 
helium. 


TRANSACTIONS AIME 


VA 
] 
| 
/ 
a Be x | 
wed 
S 
(| HELIUM 
H 


TYPE 446 ELECTROPOLISHED 
CURVE SPECIMEN TEMPERATURE ATMOSPHERE 
4 1800 °F WET AIR 
gL 5 WET AIR 
6 ORY AIR 
g 2000°F WET AIR 
8 WET AIR 
° 9 ORY AIR 1 
10 ORY AIR 
Te 
5 
/ 
4 
of; 
| 
4 
QO 100 200 300 400 500 600 700 800 900 1000 
TIME IN HOURS 


Fig. 3—Oxidation of type 446 stainless steel (electropolished) at 
1800° and 2000°F in moist and dry air. 


diffraction the same samples were used for spectro- 
graphic analysis. 

Considerable effort was applied to the develop- 
ment of an impregnation and mounting technique 
in order that as true a cross section as possible could 
be prepared for metallographic examination. The 
method finally adopted was a double vacuum im- 
pregnation, first with bakelite lacquer and then with 
methyl methacrylate monomer. The plastic was kept 
frozen in a side tube of the vacuum apparatus while 
the system was evacuated, then warmed and allowed 
to flow over the specimen. By first coating the whole 
specimen with the lacquer, the scale was prevented 
from breaking up when the microspecimens were 
sawed out. The less viscous monomer then pene- 
trated along the tiny passages from the cut edges. 
After polymerizing the monomer with slow heating 
to prevent the formation of vapor bubbles within 
the scale, the specimens could be mounted as usual 
in molding powder. Wet grinding and polishing with 
silicon carbide and diamond instead of with the 
softer abrasives gave less relief polishing of the ex- 
tremely hard oxide layers and less rounding of the 

’ edges. Polarized light was used in the metallographic 
examination to distinguish between isometric and 
nonisometric oxide crystals. 


Results 


Scaling Runs: The weight gain vs. time curves in 
moist air at 2000°F of three type 446 (27 pct Cr) 
abraded specimens are shown in Fig. 2. In order to 
make the graphs less confusing many of the experi- 
mentally determined points have been omitted from 
Figs. 2, 3, and 4. Specimen No. 1 was introduced into 
the furnace with the air stream flowing, while Nos. 
2 and 3 were brought to temperature in helium. 
This latter procedure was not used for any of the 
subsequent runs, since it was observed that the 
specimens slowly lost weight (2 mg in 30 min) dur- 
ing the helium pretreatment. Austenitic alloys tested 
at the same time slowly gained weight during this 
period (1 mg for type 302 and 0.5 mg for type 309) 
indicating that a small amount of oxidizing gas was 
present, due possibly to moisture in the furnace tube 
or ceramic packing rings. 
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Fig. 3 shows the oxidation curves of seven typé 
446 electropolished specimens. These represent runs 
carried out at 1800° and 2000°F, in dry and in moist 
air. The very coarse time scale necessarily used in 
plotting Figs. 2 and 3 tends to misrepresent the high 
degree of protectiveness of the scales in the periods 
between the breaks. For instance, the apparently 
steep flat before the last break in curve No. 9 de- 
notes a weight gain of only 1.4 mg per specimen per 
day, and a more protective flat, such as the one 
before the last break in curve No. 5, a gain of only 
0.15 mg per specimen per day. The addition of mois- 
ture leads to an unexpected result: at 1800°F speci- 
mens 4 and 5, in moist air, gained less weight than 
No. 6, in dry air, and at 2000°F Nos. 7 and 8, in moist 
air, gained less than Nos. 9 and 10, in dry air. This 
is at variance with previous work which has shown*” 
that the addition of moisture to the oxidizing atmos- 
phere results in increased oxidation (except for two 
cases” ” where the experiments were carried out at 
quite low temperatures). 

Comparison of curves 7 and 8 in Fig. 3 with the 
curves in Fig. 2 indicates that the surface prepara- 
tion used for the specimens is unimportant, prob- 
ably because the conditions of oxidation are too 
severe for this relatively minor variable to have an 
effect. 

Fig. 4 shows the oxidation curves of four type 410 
(12 pet Cr) and 430 (16 pct Cr) electropolished 
specimens at 1600°F in moist and in dry air. In con- 
trast: to type 446 at 1800° and 2000°F, these speci- 
mens show a greater weight gain in moist air than 
in dry. Breaks appear in the curves but are not of 
the same type as those in Figs. 2 and 3. The nature 
of these breaks and the effect of moisture are treated 
in the discussion. 


Examination of Scales on Type 446: Fig. 5 is a 
representation of a typical scale cross section on the 
27 pet Cr alloy as estimated from the stereoscopic 
microscope examination. (Specimen 8 is the scale 
actually drawn.) There is an outer black layer or 
in some cases two such layers (A and C) finely 
wrinkled, poorly adherent, and fragile. Beneath this 
is a greenish-black, glassy layer (EF), very hard and 
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Fig. 4—Oxidation of types 410 and 430 stainless steels (elec- 
tropolished) at 1600°F in moist and dry air. 
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scale cross section. Layers B, D, and F are silica. Layers A and C 
mostly spinel. Layer E mostly Cr,O,. The numbered circles show 
where samples were taken for X-ray diffraction and spectrographic 
analysis. See Table II. 


abrasion resistant. White crystals (B and D) exist 
between all the scale layers and between the scale 
and the metal (Ff). The crystals between the outer 
layers are usually masses of tiny needles, sometimes 
with white or gray granular material as well. The 
crystals between the scale and the metal are in the 
form of a rough crumbly grayish-white layer, some 
of which is adherent to the metal and some to the 
underside of the glassy layer. At higher magnifica- 
tions tiny metallic spheres can be seen embedded in 
this layer F. 

The accuracy of the spectrographic analysis is low 
because the samples used only weighed from 0.01 to 
0.1 mg; these very small amounts of any one frac- 
tion uncontaminated with other fractions were all 
that could be separated under the microscope. The 
analyses show that the scales are made up mainly 


Specimen 5. Flaked-off pieces of 


Fig. 6—Type 446. 


clinging to underside. X50. 


Fig. 8—Type 446. Specimen 7. Metallic spheres embedded 
in the silica layer adhering to the metal specimen. Compare 
with Fig. 10. X750. 
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outer 
layer of scale showing extensive wrinkling and gray silica 


Fig. 
outer layers of scale showing severely wrinkled layer lying in 
troughs of undulating layer. Compare with Fig. 10. X90. 


Table II. Analyses of Scale Layers on Specimen 8 


Diffraction Data* 


Rhombo- 
Spinel hedral 
Fraction Layer (M304) (M203) Silica Metal 
1 A,B 100 0 20 0 
2, A,B, C,D 100 10 40 0 
3 (S 100 30 0 0 
4 D 20 5 100 0 
5) E, F 1 100 60 0 
6 F 15 25 100 40 
7 F 20 15 100 50 


* The numerical values are the relative intensities of the strongest 
lines in each of the four patterns. 


of chromium oxide with silica the next largest con- 
stituent. Iron and manganese are present in lesser 
amounts. Aluminum and copper are detectable but 
nickel is not. The ratio of chromium to iron is about 
20 to 1. 

The numbered circles on Fig. 5 represent where 
samples were taken for X-ray diffraction and spectro- 
graphic analysis; the areas falling within the circles 
indicate the anticipated contaminants of each frac- 
tion. Table II shows the X-ray diffraction data for 
these fractions. 

The diffraction data show that the scales on the 
27 pet Cr alloy oxidized either at 1800° or 2000°F, 
in moist or in dry air, are made up of four phases: 

1—A spinel of lattice parameter about 8.40A 
which, considering the accuracy of the technique, 
fits either of the spinels Fe,O, (8.40), FeO-Cr.O; 
(8.35), or MnO-Cr.O; (8.42), all of which are pos- 
sible on the basis of the spectrographic analysis. 

2—A rhombohedral oxide, the diffractogram fit- 
ting a Fe.O, or Cr.O; or solid solutions of these two. 


Fig. 7—Type 446. Specimen 10. Underside of outer scale 
layer showing needle-like silica crystals. X250. 


9—Type 446. Specimen 7 Plan view of puter bide of 
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An attempt was made to determine the approximate 
composition by comparing the relative line intens- 
ities with those reported in the literature” ™ and 
with the patterns obtained from known a Fe.O, and 
Cr.O; but without success. The difference in relative 
line intensities between Fe.O, and Cr.O, was found 
to be too small for our purpose. 

3—Silica in the a-cristobalite form. 

4—Elemental metal which, according to the dif- 
fraction pattern, could be iron, chromium, or the 
Fe-Cr alloy. 

The outer black wrinkled layer, or layers, is made 
up of spinel and rhombohedral oxide. The dark green 
glassy layer is mainly rhombohedral. The white or 
gray material is a-cristobalite, whether it appears 
as needles or granules. The pattern of elemental 
metal appears in fractions containing the tiny metallic 
spheres, layer F in Fig. 5. 

The scale structures on the 27 pct Cr alloy are 
illustrated in Figs. 6 to 13. The fact that many of 
the scales spalled badly on cooling made it difficult 
to obtain good metallographic cross sections and, 
while the silver button technique was useful for 
specimens which spalled completely, it was only 
partly successful since it crushed the fragile outer 
layers considerably. In many of the cross sections 
the scale is separated from the metal by a gray layer 
of methacrylate plastic. This separation probably 
resulted from the differential contraction of scale 
and metal on cooling. The dark areas seen in some 
of the figures are holes where the plastic did not 
completely fill the voids. 

Because the optical contrast between the silica 
and plastic is low and the needle-like silica crystals 
are extremely fragile, silica is poorly depicted in the 
cross sections. It can be faintly discerned as a layer 
against the metal in Figs. 10 to 13 and, on the micro- 
scope, the silica needles under the outer layers can 
be detected by focusing down into the plastic. The 
plan views in Figs. 6 to 8 give a truer impression of 
the large masses of silica present. Metallic spheres 
similar to those which appear in the silica in Fig. 8 
can be seen in cross section adjacent to the metal 
in Figs. 10 to 13. Their location indicates that they 
are the remains of intergranularly oxidized grains. 

The marked wrinkling of the outer layer-is shown 
in plan in Figs. 6 and 9 and in section in Figs. 10 to 
13. The wrinkled layer lying in the troughs of an 
undulating layer in Fig. 9 is seen in cross section in 

Fig. 11 of specimen 10 shows an outer wrinkled 
layer, the glassy inner layer, silica against the metal 
and clinging to the underside of the glassy layer, and 
the metallic spheres in this silica. The silica needles 
under the outer layer can only be detected by focus- 
ing down into the plastic. The local enlargement 
included in this field is seen at higher magnification 
in Fig. 12a and in polarized light in Fig. 12b. The 
glassy layer is seen to be optically active, indicating 
Cr.O.,, except for the grayer islands in it. This optical 
activity of the lighter scale and inactivity of the 
grayer scale was observed generally not only with 
type 446 but with types 410 and 430 as well. 

Examination of Scales on Types 410 and 430: 
Examination of the scaled specimens of the 12 and 
16 pet Cr alloys with the stereoscopic microscope 
shows them to be markedly different from the 27 
pet Cr alloy. There is no evidence of any white 
crystals; except for an occasional local area, the 
outer surface is not wrinkled; and the scales are 
generally redder than those on the type 446 speci- 
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Fig. 10—Type 446. Specimen 7. Metallographic cross section 
of same scale as Fig. 9 showing severely wrinkled layer lying 
in troughs of undulating layer. Compare with Fig. 9. Note 
also silica between metal and scale and remains of inter- 
granularly corroded metal grains in this silica. Unetched. X250. 


mens, indicating a higher iron content. The scales 
are stratified but not as on type 446; the layers are 
more like those which form on unalloyed iron.® ** 

The structure of the scales on these lower chro- 
mium alloys is shown in Figs. 14 to 16. It can be 
seen that the scale in contact with the metal is the 
reduced, gray, optically inactive (Fe, Cr),O, form, 
while that in contact with the air has been oxidized 
to the whiter, optically active, rhombohedral (Fe, 
C1); 

Discussion 

Comparison of the oxidation curves and scale 
structures indicates that the character of the oxida- 
tion process for the 27 pct Cr alloy is different from 
that of the lower chromium alloys. A different scaling 
mechanism is proposed for each case. 

Scaling Mechanism for Type 446: It is evident 
from the examination of the scales on type 446 stain- 
less steel that silica as a separate phase is a major 
constitutent, even though the silicon content of the 
original alloy is only 0.44 pct. Silicon has long been 
recognized along with chromium and aluminum as 
one of the elements which contribute oxidation re- 
sistance to metals. Oxides of chromium and alu- 
minum, because they can combine with iron oxides 


Fig. 11—Type 446. Specimen 10. Metallographic cross section 
of the scale layers, the field including a local enlargement of 


the glassy layer. Note extensive wrinkling of outer layer. 


Unetched. X250. 
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Fig. 12—Part of Fig. 11 at higher magnification. Unetched. 
X500. 

a—Showing silica layer (F) against metal and clinging to 
underside of glassy layer, remnants of metal grains in both 
these silica areas, darker gray islands in highly reflecting 
glassy layer (E). Letters correspond to lettered layers of 
sketch shown in Fig. 5. 


b—Same field in polarized light showing optical activity of 

glassy layer, indicating Cr,O,, and inactivity of darker 
gray islands in glassy layer, indicating isometric oxide. 


to form either mixed oxides by isomorphous sub- 
stitution or spinels,” ”® affect the mechanical prop- 
erties or the electrical conductivity of the scales and 
thus decrease the rate of oxidation. Silicon, how- 
ever, does not form such complex oxides nor is 
fayalite, Fe.SiO,, detectable in any of the X-ray 
diffraction patterns. It follows, therefore, that silicon 
must confer protectiveness in some other way. 
The numerous reports in the literature of improve- 
ment in oxidation resistance due to the presence of 
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silicon in the metal*® **” have not shown direct evi- 
dence of the mechanism by which this improvement 
is effected. In some instances” * ” ” ” silica has been 
observed to concentrate at the metal/scale interface. 
Dovey and Jenkins” and Hickman and Gulbransen™ 
concluded that the silicon in Ni-Cr alloys did not 
change the bulk structure of the oxides but affected 
the metal/scale boundary. Griffiths’ and Lustman” 
ascribe an improvement in scale adhesion and con- 
sequently in oxidation resistance to the roughness 
of the metal/scale interface resulting from the oxida- 
tion of silicon. 

In the case of the scales on type 446 stainless steel 
which have been examined here, the authors be- 
lieve the part played by the silica to be as follows: 

Fig. 17 is an idealized oxidation curve of the 27 
pet Cr alloy similar to the curves of Figs. 2 and 3. 

1—In the first stage of the oxidation process, rep- 
resented by section OA, a scale of chromium oxide 
containing minor amounts of iron oxide builds up 
and the rate falls off parabolically as the film in- 
creases in thickness. 

2—In section AB silica gradually accumulates be- 
tween metal and scale, silicon apparently being 
capable of reducing chromium oxide under the con- 
ditions obtaining, and also being insoluble in the 
chromium oxide lattice. This is in agreement with 
the data of Lustman” who shows that the dissocia- 
tion pressure of silica is lower than that of chromium 
oxide over the full range of temperatures. As a re- 
sult of this accumulation of silica the transfer of 
cations across the metal/scale interface is impeded 
and consequently the rate of oxidation decreases 
more rapidly than would be predicted by the para- 
bolic law, which is the result of the rate being con- 


Fig. 13—Type 446. Specimen 9. Note wrinkled outer layer, 
silica against metal, intergranularly corroded metal and gray 


(non-optically active) band in main scale layer. Unetched. 
X250. 


trolled by the diffusion reaction through the scale 
layer. This leads to the very low weight gains ob- 
served during these periods. 

3—As the quantity of silica increases with time, 
the degree of insulation of the scale from the metal 
becomes so great that (a) cations are no longer be- 
ing supplied to the scale, enabling the state of oxida- 
tion of the scale to increase to an equilibrium value, 
and (b) the scale, no longer constrained by attach- 
ment to the metal, wrinkles under the force of the 
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Fig. 14—Type 410. Specimen 11. Showing layered structure 
of scale of a type more like scale on unalloyed iron than on 
the type 446 specimens. Note whiter (optically active) outer 
portion of outer layer indicating (Fe, Cr),O,. Unetched. X100. 


compressive stresses resulting from the fact that the 
natural area of the scale is greater than the area of 
metal surface on which it grows. For either or both 
of these reasons cracks form in the scale and oxygen 
is permitted to penetrate to the bare metal under- 
neath. The rate of oxidation now increases sharply 
as indicated in section BC. 

4—Section CD represents the building up of a 
second layer of scale, essentially chromium oxide 
again, underneath the outer layer of scale, now 
wrinkled, and under the silica layer. Section CD is 
thus equivalent to section OA. 

5—Another layer of silica accumulates with time, 
insulates the new scale layer from the substrate, 
section DE, and the break is repeated. 


Fig. 15—Type 410. Specimen 12. Showing white (Fe, Cr) ,O, 
outer portion of outer layer. Note faceted crystalline outer 
surface. Unetched. X250. 


This mechanism accounts for the mass of silica 
observed between all the scale layers in the exam- 
ination of the scales on type 446 and for the fact 
that the outer layers are greatly wrinkled and 
cracked and the inner one still monolithic. 

The number of layers of scale as seen in the metal- 
lographic cross section of a specimen would be ex- 
pected to correspond to the number of breaks in the 
oxidation curve and in a number of cases they do, 
but in the others the number of layers is less than 
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Fig. 16—Type 430. Specimen 13. Showing layered structure 
after the fashion of scale on unalloyed iron. Outer layer is 
mostly (Fe, Cr),O, (optically active) except for darker islands. 
Outer surface of inner layer is (Fe, Cr),O,. Unetched. X250. 


the number of breaks. This may be accounted for 
by assuming that the scale becomes unprotective 
over only a part of the specimen at a time. In the 
duplicate specimens 9 and 10 (Fig. 3) it appears that 
No. 9 broke in two steps while No. 10 became un- 
protective over the entire specimen at one time. In 
the case of the lower chromium alloys the number 
of layers is often more than the number of breaks 
(if breaks can be spoken of as existing at all) but 
these extra layers are due to the stratification normal 
to the scale on unalloyed iron rather than the result 
of insulation by silica. 

Another deduction from the mechanism of the 
breaks as outlined here is that the thickness or 
mass of the various layers in a specimen should be 
proportional to the heights of the breaks or, more 
correctly, to the vertical distances between the ends 
of the protective periods. That is, in Fig. 17 the ratio 
of the mass of the outer layer to that of the next 
layer should be proportional to the ratio of x to y. 
Estimation of the relative masses is difficult because 
of the wrinkling and disintegration of the outer 
layers but it does appear that the outer layer is 
usually less massive than the ratio of break heights 
would predict. Two reasons may be advanced to 
resolve this apparent diversity: 1—A larger propor- 
tion of the weight gain indicated for the first layer 
may have gone into internal oxidation than for the 
later layers, and 2—the outer layer loses mass by 
the volatilization of chromium as discussed later. 

Scaling Mechanism for Types 410 and 430: The 
discontinuities in the oxidation curves of the lower 
chromium alloys (Fig. 4) are of a different type 
from those of the 27 pct Cr alloy. Whereas the type 
446 specimens (oxidized at 1800° and 2000°F) ini- 
tially gained weight rapidly before developing a 
protective layer, the 12 and 16 pct Cr specimens 
(oxidized at 1600°F) show an extraordinarily low 
initial rate; the break in the curves is due to the 
departure from this low rate. Evidently, for Fe-Cr 
alloys containing 12 pct Cr or more, the thin oxide 
film which forms at low temperature, and which is 
already present at the beginning of the run, is ex- 
ceptionally protective and is able to remain so at 
1600°F for some time (the scale on specimen 12 re- 
mained in this highly protective condition for 240 
hr). This thin film is a combination of the oxides 
formed by the electropolishing process, room tem- 
perature air oxidation, and oxidation while the 
specimens are heating up in air to the testing tem- 
perature. When this film is destroyed, either by 
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Fig. 17—Idealized oxidation curve for type 446 alloy. 


mechanical rupture or by recrystallization or by a 
change in composition (by dilution with different 
cations from the metal), the specimens gain weight 
at the faster rate normal to the testing conditions 
to which they are exposed until the thickening oxide 
layer causes the rate to decrease again in accordance 
with the now generally accepted theory.” Since it is 
to be expected that the type 446 alloy forms a low 
temperature film at least as protective as that on 
the lower chromium alloys, and yet the type 446 
specimens do not display this initial exceptional de- 
gree of protectiveness (at 1800° and 2000°F), it 
follows that the thin film, although protective at 
1600°, is unable to protect at 1800° and 2000°F. 
Further, the low temperature film on the lower 
chromium alloys is probably of the same type and 
composition as that on the 27 pct Cr alloy. 

Effect of Moisture: A possible explanation of the 
anomalous effect of moisture on the scaling rate of 
the 27 pct Cr alloy can be based on a consideration 
of the defects in the oxide lattice. It has been shown” 
by electrical conductivity measurements that Cr.O; 
is a metal deficiency conductor and that the greater 
the number of cation vacancies, the faster will be 
the rate of cation diffusion.” If hydrogen ions re- 
sulting from the decomposition of water molecules 
on the scale surface were to occupy some of the 
vacancies, the diffusion rate and hence the scaling 
rate would be lessened. On the other hand, Fe.O; is 
a metal-excess oxide.” Therefore, the more iron in 


Fig. 18—Sections of platinum suspension wire from specimen 8. 

X40. 

a (top)—Section showing mostly Cr,O, crystals. 

b (bottom)—Section closer to specimen (and therefore at 
higher temperature) showing mossy growth of platinum 
as well as Cr,O, crystals. 
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the (Fe, Cr).O; oxide the less cation deficient the 
lattice will be. For the lower chromium specimens 
then, where the relatively rapid scaling rate leads 
to a higher iron content in the scale, the diffusion 
rate should be little affected by hydrogen ions and 
the normal increase in oxidation rate with the addi- 


tion of moisture can be expected, as is seen in Fig. 4. 


Composition of the Spinel Phase: The spinel-type 
oxide which forms a major part of the scale on the 
27 pet Cr alloy is shown by the spectrographic anal- 
ysis to have a very high chromium to iron ratio— 
from 15° to. to as high “as 30° to spinel 
chromite, FeO - Cr.O;, which is the one to be ex- 
pected on Fe-Cr alloys, has a chromium to iron ratio 
of only about 2 to 1. Therefore, the spinel observed 
must either be Cr,0,, which the known instability 
of chromous ion makes improbable, or a spinel struc- 
ture with additional divalent lattice sites vacant. 
This is equivalent to a y form of Cr.O; analagous to 
y Fe.O;, which is a known low temperature oxida- 
tion product of iron and which has a diffraction 
pattern practically indistinguishable from that of 
Fe,O,. However, y Cr.O; has not been previously 
described, although this difficulty of a spinel-type 
structure associated with a high chromium content 
has been encountered before.” * 

Volatilization of Chromium: As noted above, type 
446 specimens lost weight while soaking in helium, 
whereas austenitic alloys under the same conditions 
slowly gained weight. It was observed, also, that at 
the end of a run the platinum suspension wires were 
discolored, and, in longer runs, were coated with 
dark green crystals as shown in Fig. 18. X-ray dif- 
fraction and electrographic analysis showed these 
to be Cr.O;. Since similar crystals were observed 
on the wall of the furnace tube, it is apparent that 
chromium has in some way been transported away 
from the specimens through the gas phase. A caicu- 
lation based on thermodynamic data given by 
Dushman” shows that a sublimation process as sug- 
gested by Bandel* cannot nearly account for the 
quantities of Cr.O, observed on the wires and tube. 
However, by estimating the amount of carbon lost 
from a specimen from the depth of the decarburized 
ring seen in the metallographic cross section, it can 
be shown that more than sufficient chromium could 
be volatilized from the specimen as a result of the 
decarburization reaction: 


Cr.O; + 3C — 2Cr + 3CO 


which has recently been discussed by Gulbransen, 
Wysong, and Andrew.” The vapor pressure of ele- 
mental chromium is relatively high at 2000°F (ap- 
proximately 1 micron*—about 100 times the vapor 
pressure of iron or nickel) and, once reduced, a 
sufficient percentage might escape into the gas phase 
before being reoxidized. 


Summary 

1—The oxidation of a 12, 16, and 27 pct Cr stain- 
less steel is studied in dry and in moist air, the 12 
and 16 pct alloy at 1600°F and the 27 pet at 1800° 
and 2000°F. The oxidation curves of the 27 pct alloy 
are found to exhibit periods of accelerated oxidation 
intermediate between periods of high protectiveness. 
Examination of the scales indicates that this may be 
due to the accumulation of silica at the scale/metal 
interface. 

Discontinuities in the oxidation curves of the 12 
and 16 pct Cr alloys result from the extraordinary 
protectiveness (at 1600°F) and subsequent destruc- 
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tion of the thin oxide film which forms at low tem- 
perature. 

2—The 27 pct Cr specimens unexpectedly gain 
more weight in dry than in moist air. This may be 
due to the filling of cation vacancies in the Cr.O, 
lattice with hydrogen ions. 

3—The scale on the 27 pct Cr alloy is mainly 
chromium oxide, with silica the next largest con- 
stituent. Iron and manganese are present in lesser 
amounts. Aluminum and copper are detectable but 
nickel is not. 

Crystallographically, the scale consists of a spinel 
(Cr,O, or some equivalent), a rhombohedral oxide 
Cr.0O; with some Fe.O,; in solid solution, and silica 
in the a-cristobalite form. Grains of elemental metal 
in the scale are the result of intergranular oxidation 
of the specimens. 

4—Chromium is found to volatilize from the 27 
pet Cr specimens, being observed as Cr,O, crystals 
on the suspension wires and furnace tube. Carbon 
from the alloy is believed to reduce Cr.O, on the 
outer surface of the scale, some of the resultant 
elemental chromium volatilizing into the gas stream. 

5—The scaling process is not affected by a change 
in surface preparation (abraded or electropolished) 
for the 27 pct Cr alloy, probably because the oxida- 
tion conditions are too severe for this relatively 
minor variable to have an effect. 
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Technical Note 


On the Reversal of the Strain-Induced Martensitic ‘ 


Transformation in the Copper-Zinc System 


by J. E. Reynolds, Jr. and M. B. Bever 


iia several alloys of iron, copper, and lithium as 
well as in some pure metals, martensite formed 


J. E. REYNOLDS, Jr., Junior Member AIME, is Instructor and 
M. B. BEVER, Member AIME, is Associate Professor, Dept. of Metal. 
lurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

TN 124E. Manuscript, June 20, 1952. 


TRANSACTIONS AIME 


on cooling reverts to the parent phase upon heating 
to a temperature below the equilibrium temperature 
at which the parent phase becomes stable.’ These 
martensitic transformations, therefore, are thermally 
reversible, although appreciable hysteresis may be 
involved. The martensitic reaction has long been 
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recognized as sensitive to plastic straining, while 
elastic strains have commonly been thought to have 
little or no effect upon this type of reaction. Kulin, 
Cohen, and Averbach,’ however, have recently shown 
that elastic strains raise the temperature of initial 
martensite formation (M, temperature) in an iron- 
base alloy. Greninger and Mooradian*® found that 
martensite in a Cu-Zn alloy containing 39.21 pct Zn 
forms first on cooling to between —30° and —40°C 
and that it reverts to the 8 phase upon heating to 
room temperature. They were able to induce the 
formation of martensite at room temperature by 
straining, but made no mention of the effects of re- 
moving the applied stress. They determined {155}, 
or {166}, as the habit plane. 


Fig. 1—Plates of martensite in metastable 8 brass held in com- 
pression. X200. 


In the work reported here specimens of Muntz 
metal analyzing 60.12 pct Cu, 0.15 pct Pb, 0.02 pct 
Fe, and 39.71 pct Zn (by difference) were solution 
treated at 870°C for 45 min and quenched into a 
brine-ice mixture. After mechanical polishing the 
specimens were polished and etched electrolytically 
in dilute orthophosphoric acid. The structure con- 
sisted almost entirely of 6 with slight precipitation 
of a in the grain boundaries. The grain size was 
coarse with a minimum grain diameter of approxi- 
mately 1 mm. 

A specimen measuring 6x8x8 mm was compressed 
in a vise in a direction parallel to the polished sur- 
face. A change in the appearance of this surface 
could be observed without magnification. Micro- 
scopic investigation, while the specimen was still in 
compression, revealed long narrow plates. When the 
stress was released by loosening the vise, many of 
the plates disappeared while others decreased in 
length and width. Figs. 1 and 2 illustrate these ob- 
servations for an identical field. This behavior was 
confirmed with several specimens, all of which ex- 
hibited considerable hysteresis. In the areas where 
plates disappeared, the surface showed a slight resi- 
dual disturbance. When specimens were stressed and 
unstressed in successive cycles, the plates appeared 
in the same locations. 

The following additional observations were made. 
When the stress was increased in steps, some plates 
grew in length and width and new plates also ap- 
peared. Some wide bands were made up of clusters 
of parallel thin plates. When the specimen surface 
was observed microscopically, while the stress was 
increased slowly and continuously, the plates seemed 
to grow smoothly at the magnification used. After a 
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specimen had been deformed by bending and the 
stress removed, some residual plates disappeared 
when the specimen was slightly bent in the opposite 
direction. 

Although the deformation was carried into the 
plastic range in most of these experiments, the dimen- 
sional changes were not measured. The essential 
feature of these experiments lies in the fact that the 
plates tended to disappear when the applied force 
ceased to act. This fact indicates the important role 
of elastic stresses associated with plastic deformation. 

The microstructural appearance of the plates was 
identical with the structures which Greninger and 
Mooradian® showed to be associated with the mar- 
tensitic transformation of metastable 6 to the face- 
centered tetragonal transition lattice. A further 
confirmation of the nature of the transformation 
product was sought by cooling in liquid nitrogen 
one of the specimens that had been stressed pre- 
viously and contained residual strain-induced 
plates. As the specimen was cooled below room tem- 
perature, some of these plates increased in length 


Fig. 2—Same location as Fig. 1 after release of compressive stress. 
X200. 


and thickness and additional plates formed. The 
thermally induced and strain-induced plates had a 
similar metallographic appearance. 

Orientation relations of the plates with respect to 
the 8 matrix were examined briefly in the work re- 
ported here. The orientation of a large 6 grain was 
determined by a Laue back-reflection pattern and 
the angle between two sets of plates in the surface 
of this grain was measured. This angle agreed 


closely with the angle at which the (155), and the 


(155), planes should intersect each other in the 
plane of polish according to a stereographic plot. 
This finding was thus consistent with one set of 
habit planes found by Greninger and Mooradian. 

In summary, it is concluded that martensite, 
strain-induced in metastable 8 brass at room tem- 
perature, is mechanically reversible with consider- 
able hysteresis and that elastic stresses are operative 
in this reversal. 
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Strain Patterns in Charpy Impact Specimens 
Of 0.20 Pct C Mild Steel 


by E. S. Bumps 


A series of macrographs are presented for the purpose of graphic- 
ally recording the strain phenomenon that accompanies the energy 
transition in the Charpy impact testing of a mild steel that is 

susceptible to strain aging. 


TRAIN patterns in mild steel Charpy impact 

specimens were obtained in order to determine 
whether, on the first appearance of plastic strain 
during deformation, the initial fracture cracks ap- 
pear in the region of plastic strain or in the elasti- 
cally deformed regions between. Although this at- 
tempt to locate the initiation of cleavage was not 
successful, the observed strain patterns illustrating 
various stress conditions in partially deformed 
Charpy specimens are presented along with a dis- 
cussion of the possible dependence of transition 
energy on the yield phenomenon. 

Earlier work on the development of strain pat- 
terns in mild steel have been reported by Fry’ and 
later by Jevon.’ Harris, Rinebolt, and Raring® ob- 
served characteristic strain markings on the surface 
of Charpy V-notch impact specimens fractured 
above and below the transition temperature which 
they presented schematically. It is intended that 
the strain figures presented here will add to the 
literature a graphic correlation of strain with transi- 
tion energy in impact specimens. 

Samples of 5% in. round hot rolled, 0.20 pct C 
steel were machined to standard 0.394 in. sq, V- 
notch Charpy impact specimens. Preliminary test- 
ing involved determination of transition tempera- 
ture, Fig. 1, using a Sontagg impact tester. These 
data were subsequently used to select temperatures 
above, within, and below the transition range at 
which specimens were partially deformed. Partial 
deformation was obtained by either varying the 
energy or the testing temperature, see Table I. 

Macroscopic strain figures shown in Figs. 2 to 19 
were produced by several metallographic repolish- 
ing and etching steps. The macroetchant used was 
as follows:* 120 g HCl, concentrated; 100 ml water; 
and 90 g cupric chloride. Strain figures were ob- 
tained on the outer surface and on sections through 
the central portion of the impact specimens in order 
to determine an approximation of the volumetric 
strain pattern. In the tensile strain figures reported 
by Jevon, it was found that strain etching would 
not work immediately following strain unless the 
material was heated to 200°C. The impact strain 
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Fig. 1—Energy and fracture curves for 0.20 pct C mild steel. 


patterns presented here were obtained without this 
heating, but the specimens were not etched until 
ten months after straining. This confirms a discus- 
sion of Jevon’s paper, in which it was pointed out 
that strain figures can also be developed after aging 
for long periods of time at room temperature. Hard- 
ness of the strained and unstrained portions, re- 
vealed by the etched pattern, was explored using 
R; impressions converted to R; hardness values. 


Discussion of Results 

In the impact test, as in the tensile test, some 
parts of the specimen yield and deform plastically, 
while other regions are deformed only elastically. 
The plastic deformation bears a relation to the im- 
posed stress pattern. In the strain figures presented 
here, the plastically deformed regions are the dark 
etching ones. The strain figures are always sym- 
metrical because the stress state in the Charpy-type 
specimen under impact loading is symmetrical. 

The difficulties encountered to produce initial 
cracks are intimated in Figs. 2 and 4. At a tempera- 
ture of —75°F, the stress was not sufficient to pro- 


Table |. Testing Conditions for Partially Deformed Mild Steel 
Charpy Impact Specimens 


Testing 

Speci- Tempera- 

men ture, Angle of Fig. 

No. Capacity or Deformation No. 
XA3-9 Hammer raised approxi- 

mately 12 in. —75 0° 2 

XA3-2 Hammer raised 12% in. —75 Broke 4 
XA38-1 25 ftlb —12 5-9 
XA3-4 25ftlb 0 14° 10-14 
XA3-8 60 ft lb +27 33° 15-19 
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Fig. 2—Strain pat- 
tern in a 0.20 pct C 
mild steel Charpy 
impact specimen 
partially deformed at 


Fig. 3—Same speci- 
men as Fig. 2 show- 
ing R, hardness 
(Rockwell F’ impres- 
sions converted to 
Rockwell B hardness 
number). X21. 


Fig. 4—Strain pattern and brittle fracture surface in 
specimen broken at —75°F. Hammer was lifted ap- 
proximately 12 in. higher than for partially deformed 
specimen shown in Fig. 2. X2Y2. 


Fig. 5—Partial deformation in a mild steel Charpy impact specimen 
tested at —12°F, 25 Ib capacity. X2. Area reduced approximately 
40 pct for reproduction. 


Fig. 6—Strain pat- 
tern near the sur- 
face of specimen 
shown in Fig.5. X22. 


Fig. 7—Same as Fig. 
6 showing R, hard- 
ness. X2)2. 


Fig. 8—Strain pat- 
tern in a_ section 
through central por- 
tion of specimen 
shown in Fig.5. X22. 


Fig. 9—Same as Fig. 
8 showing R,, hard- 
ness. X21. 
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duce initial cleavages or break the specimen, Fig. 2, 
but by slightly increasing the impact load a similar 
specimen broke with 100 pct brittle fracture, Fig. 4. 
The strain patterns in both specimens are essentially 
alike. Experience on many attempts was that the 
specimens either partially deformed without initial 
cracks or fractured completely. Any cracks that did 
develop were always ductile tears near the notch. 

The series of strain patterns in Figs. 2 to 19 
showed good correlation with the amount of bending 
or plastic deformation to which the specimen had 
been subjected. Also significant was the fact that 
higher stresses, and consequently more strain, ex- 
isted near the longitudinal surface normal to the 
notch than in the corresponding center portion of 
the partially deformed specimens. Not only was 
there a difference in the amount of strain at the 
surface and center of the specimen, but the shape 
of the strain figure also changed, see Figs. 6, 8, 11, 
and 13. This illustrates the already known’ stress 
distribution in Charpy-type impact specimens 
wherein the stresses are more biaxial at the surface 
and triaxial near the center. 

The sequence of strain in the Charpy-type impact 
specimen is also indicated. A small amount of initial 
plastic flow extends in a symmetrical convex man- 
ner from the bottom of the specimen to the base of 
the notch, Fig. 2, while the strain-free central por- 


Fig. 10—Partial deformation in a mild steel Charpy impact speci- 
men tested at O°F, 25 Ib capacity. X2. Area reduced approxi- 
mately 40 pct for reproduction. 


Fig. 11—Strain pat- 
tern near the sur- 
face of specimen 
shown in Fig. 10. 


Fig. 12—Same_ as 
Fig. 11 showing R, 
hardness. X2¥2. 


Fig. 13—Strain pat- 
tern in a_ section 
through central por- 
tion of specimen 
shown in Fig. 10. 


Fig. 14—Same as 
Fig. 13 showing R, 
hardness. X2Y2. 
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tion is probably stressed within the elastic limit. 
With increasing load and further bending, the strain 
pattern becomes more complex. Finger-like strain 
markings branch out and downward from the notch; 
the strained region at the bottom of the specimen 
increases due to compressive stresses, Fig. 8; and a 
band conforming to the shape of the notch, Fig. 13, 
appears. Finally, with very severe deformation, the 
entire region from the bottom of the specimen to the 
notch and a broad area following-the contour of the 
notch shows plastic flow, Fig. 16. 

The hardness of the dark etching region was de- 
termined and plotted directly on the various strain 
figures. There was little or no hardness increase 
with initial plastic flow, Fig. 3, but further deforma- 
tion was accompanied by correspondingly higher 
hardness values, Figs. 9, 14, and 19. The hardness 
of the light etching, elastically deformed regions in 
the central portion of some of the strain figures was 
of the same order as the unstrained base metal at 
either end of the sectioned specimens, Figs. 3, 7, 
and 14. 

The dependence of impact transition energy on 
the yield phenomenon has been discussed previ- 
ously.° It was pointed out that within the region of 
greatest triaxiality of stresses, located somewhat 
back of the notch, the restraint to deformation and 
the temperature of the steel are such as to cause 
cleavage within the ferrite grains when the tensile 
stress normal to cleavage planes reaches an appro- 
priate value. Microscopically, it was shown that 
flat “brittle” cleavages exist in the 100 pct brittle 
specimens tested at temperatures below the transi- 
tion, Fig. 20. Within the transition range the “brit- 
tle” cleavages are restricted to the central portion 
of the fractured surface, Fig. 21, while above the 
transition, Fig. 22, no “brittle” portion exists and all 
the fracture facets were shown by subsequent mi- 
crographic examination to be distorted by cold work. 
The amount of brittle cleavage that is observed on 
fractured surfaces agrees with the observed strain 

- patterns, in that below the transition, plastic flow is 
divorced from the area in which brittle fracture 
takes place, while within the transition, the amount 
of plastic deformation has increased as the elasti- 
cally stressed regions where “brittle” cleavages 
could occur have become restricted. Above the 
transition, all the area under the notch showed 
plastic flow, as revealed by the strain figures, while 
microscopically, it was shown that the fracture 
facets were distorted. 

Summary 

Strain patterns can be developed to show the re- 
gions of plastic flow and elastic stress in Charpy- 
type impact specimens of mild steel. An increase in 
hardness with increased plastic flow, as indicated by 
the strain etching, was shown. The strain patterns 
revealed more deformed metal near the surface than 
on a section through the central portion of the 
specimen, which illustrates the effect of a biaxial 
stress distribution at the surface and triaxial stresses 
at the center. 

The amount of strain was correlated with:the type 
of fracture over the transition energy range as fol- 
lows: 

1—A small amount of initial plastic flow extends 
in a convex manner from the base to the bottom of 
the notch, with strain free, elastically stressed metal 
between the symmetrical markings. This condition 
is representative of specimens tested at low tem- 
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Fig. 15—Partial deformation in a mild steel Charpy impact speci- 
men tested at 27°F, 60 Ib capacity. X2. Area reduced’ approxi- 
mately 40 pct for reproduction. 


Fig. 16—Strain pattern near surface of specimen shown 
in Fig. 15. X22. 


Fig. 17—Same as Fig. 16 showing Ry hardness. 
X22. 


Fig. 18—Strain pattern in a section through central 
portion of specimen shown in Fig. 15. X22. 


Fig. 20 — 100 pct 
“brittle” cleavage. 


Fig. 21—30 pct Fig. 22—0O pct 
“brittle” cleavage. “brittle” cleavage. 
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peratures, below the transition where fractures are 
100 pct brittle. 

2—Within the transition range, the increased de- 
formation results in strain markings which branch 
out from the notch, and a larger strained area at the 
bottom of the specimen due to compressive stresses 
is obtained. The correspondingly smaller elastically 
stressed portion is characteristic of partially “‘brit- 
tle” fractures within the transition energy range. 

3—Above the transition temperature, the entire 
region from the bottom of the specimen to the notch, 
and a broad area following the contour of the notch, 
shows plastic flow. The 100 pct “ductile” fractures 
are characteristic of this energy level. 
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Technical Note 


Diffusion of Silicon in Iron 


by W. Batz, H. W. Mead, and C. E. Birchenall 


T temperatures between 1095° and 1347°C, 13 

runs have been made on the diffusion of silicon 
in iron. In two of the runs the couple compositions 
were entirely within the y loop of the Fe-Si system; 
the base alloys contained 0.0 and 1.0 wt pct Si. The 
other runs in which the couples consisted of a 2.3 
wt pct Si alloy welded to a 3.7 pct Si alloy were a 
phase throughout. The alloys were made by melt- 
ing electrolytic iron and commercially pure silicon. 
Trace impurities were not determined. 

The butt welded couples were diffused in an inert 
atmosphere of argon or hydrogen. After cooling, 
cuts of two mils or greater thickness were machined 
parallel to the weld interface. The chips were 
analyzed for silicon. When the concentration and 
distance data were examined on the conventional 
probability plot,* no marked variation of the diffu- 
sion coefficient with concentration was indicated 
over the narrow composition ranges employed. 
Therefore, a single diffusion coefficient is recorded 
for each: run in Table I. The temperatures and 
atmospheres of the diffusion anneal are listed along 
with the compositions of the base alloys. 

For « iron the silicon diffusion coefficient is given 
by the equation: 

0:44 ere 


where R is the gas constant and T, the absolute 
temperature. However, since the scatter in the data 
is fairly large, the activation energy may be in 
error by as much as 6000 cal per g-atom. 

The two y iron points do not permit estimation of 
the activation energy with any reasonable certainty. 
They do indicate that the coefficients reported by 
Smithells* and Jost,® based on the work of Fry,* are 
much too high. 

Although very dilute solutions in iron of manga- 
nese,’ nickel,’ cobalt,’ and molybdenum*® give dif- 
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Table |. Diffusion Coefficients of Silicon in a and y¥ Iron 


Diffusion 
Composition Coefficient, 

Range, Annealing Tempera- Sq Cm 
Wt Pct Atmosphere ture, °C per Sec 
0.0-1.0 Hydrogen 1206 4.0x10-10 
0.0-1.0 Hydrogen 1293 1.7x10-9 
2.3-3.7 Argon 1095 1.5x10-8 
2.3-3.7 Argon 1194 2.4x10-8 
2.3-3.7 Argon 1201 4.2x10-8 
2.3-3.7 Argon 1202 3.2x10-8 
2.3-3.7 Hydrogen 1249 5.0x10-8 
2.3-3.7 Hydrogen 1255 5.7x10-8 
2.3-3.7 Hydrogen 1284 L3x10-% 
2.3-3.7 Hydrogen 1300 9.0x10-8 
2.3-3.7 Hydrogen 1306 1.1x10-7 
2.3-3.7 Hydrogen 1344 1.2x10-7 
2.3-3.7 Hydrogen 1347 1.3x10-7 


fusion coefficients quite close to those obtained for 
self-diffusion in iron, the silicon values are con- 
siderably higher, though of the same order of mag- 
nitude. This seems to be consistent with the fact 
that the silicon atom is the only one of those listed 
here which is appreciably smaller than iron. 

The authors are grateful to the Office of Naval 
Research for their support of this work under Con- 
tract N6ori-47, Task Order IV, Project NR 031-184, 
to J. K. Stanley and the Westinghouse Research 
Laboratories for the silicon alloys used, to several 
steel companies for the silicon analyses, and to 
C. Wells, of the Metals Research Laboratory, Carne- 
gie Institute of Technology, for numerous sugges- 
tions during the course of the work. 
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Intermediate Phases in the Mo-Fe-Co, Mo-Fe-Ni, and Mo-Ni-Co 


Ternary Systems 


by D. K. Das, S. P. Rideout, and Paul A. Beck 


a previous publication’ 1200°C isothermal phase 
diagram sections were given for the Cr-Co-Ni, 
Cr-Co-Fe, Cr-Co-Mo, and Cr-Ni-Mo ternary sys- 
tems, in which the o phase formed narrow, elongated 
solid solution fields. The present investigation is con- 
cerned with the 1200°C isothermal sections of the 
Co-Ni-Mo, Co-Fe-Mo, and Ni-Fe-Mo ternary sys- 
tems. A prominent feature of these systems is the 
presence of narrow, elongated » phase fields. 

The crystal structure of the phase designated as p 
both here and in the previous publication’ was de- 
termined by Arnfelt and Westgren.* For the (Co, 
W)» phase, named by them Co,W, (and also fre- 
quently designated as 65), these authors found that 
the crystal system is hexagonal-rhombohedral and 
the space group is D’*,,— R3,. Westgren and Mag- 
neli® later found that isomorphous phases exist in 
the Fe-W and the Fe-Mo systems (these phases are 
often referred to as ¢ and «, respectively). Henglein 
and Kohsok* stated that the phase described by them 
as Co,Mo, (otherwise frequently designated as ¢) is 
also isomorphous with the above three. 

The Co-Fe-Mo system was investigated at 1300°C 
by Koester and Tonn,’ who found a continuous series 
of solid solutions between (Co, Mo)» and (Fe, Mo) xz. 
Koester® also indicated similar uninterrupted solid 
solutions in the Ni-Fe-Mo system. However, since 
the Ni-Mo binary system does not have a phase 
isomorphous with p, Koester’s diagram is expected 
to be erroneous. No data appear to be available in 
the literature concerning the Co-Ni-Mo system. 

The face-centered cubic (austenitic) solid solu- 
tions of iron, nickel, and cobalt, which are quite 
extensive in all three systems at 1200°C, are here 
designated as the a phase. The body-centered cubic 
(ferritic) solid solutions, based on iron, are desig- 
nated in this report as the « phase, in conformity 
with the nomenclature used previously.* 


Experimental Procedure 


The alloys were prepared by vacuum induction 
melting in zirconia and alumina crucibles. The lot 
analyses for the metals used have been given.’ The 
number of alloys prepared was 46 for the Co-Ni-Mo 
system, 65 for the Co-Fe-Mo system, and 113 for 
the Ni-Fe-Mo system. The compositions of these 
alloys were selected with due regard to maximum 
usefulness in locating phase boundaries. 
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Philosophy to the University of Notre Dame. 
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The alloy specimens were annealed at 1200°C in 
an atmosphere of purified 92 pct helium and 8 pct 
hydrogen mixture. Alloys consisting almost entirely 
of the face-centered cubic austenitic a phase, or of 
the body-centered cubic ferritic « phase were 
double-forged with intermediate annealing. The 
double-forged specimens. were then final annealed 
for 90 hr at 1200°C and quenched in cold water. 
Alloys containing considerable amounts of any of 
the other phases could not be forged. Such speci- 
mens were annealed for 150 hr at 1200°C and 
quenched. Microscopic specimens of all alloys were 
prepared by mechanical polishing, in many cases 
followed by electrolytic polishing. Description of the 
polishing and etching procedures used and tabula- 
tion of the intended compositions of the alloys pre- 
pared are being published in two N.A.C.A. Technical 
Notes.” ° Many of the alloys were analyzed chemi- 
cally and, in general, the results are in excellent 
agreement with the intended compositions. X-ray 
diffraction samples were prepared by filing or crush- 
ing homogenized alloy specimens and by reannealing 
the obtained powders in evacuated and sealed quartz 
tubes. After annealing for 30 min at 1200°C the 
tubes were quenched into cold water. X-ray diffrac- 
tion patterns were made with unfiltered chromium 
radiation at 30 kv, using an asymmetrical focusing 
camera of high dispersion. X-ray diffraction and 
microscopic methods were used jointly to identify 
the phases present in each specimen. The amounts 
of the phases in each alloy were estimated micro- 
scopically. The phase boundaries were located by 
the disappearing phase method. The results were 
used to construct 1200°C isothermal sections for the 
three ternary phase diagrams. The accuracy of the 
location of the phase boundaries determined in this 
manner is estimated to approximately +1 pct of 
each component. 

The portion of the three phase diagrams lying be- 
tween the p, P, and 6 phases on the one hand, and 
the molybdenum corner on the other, has not been 
investigated. Recently Metcalfe reported’ a high 
temperature allotropic form of cobalt on the basis 
of dilatometric results and of cooling curves. In the 
present work no attempt was made to search for the 
new phase in the cobalt corner of the Co-Fe-Mo and 
Co-Ni-Mo systems. No alloy was prepared with 
more than 80 pct Co; the alloys used were intended 
to locate the boundary of the a phase saturated with 
pw. The microstructures of the quenched a alloys 
near the cobalt corner gave no suggestion of an in- 
suppressible transformation on quenching. 

The location of the boundaries of the a + e two- 
phase fields in the Fe-Ni-Mo and Fe-Co-Mo systems 
was determined entirely by the microscopic method. 
The face-centered cubic a alloys near the e field 
transform partially or wholly into the body-centered 
cubic « phase on quenching from 1200°C to room 
temperature. The « formed in this manner has an 
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Fig. 1—Transformed a grains in a matrix of e phase. Alloy with 
17.2 wt pct Co, 12.8 wt pct Mo, and 70 wt pct Fe, annealed 48 hr 
at 1200°C, water quenched. Etched with CuCl, in HCl-ethyl 
alcohol solution. X100. 

acicular martensitic structure and it can be thus 
readily distinguished microscopically from « grains 
that exist at 1200°C and remain unchanged on 
quenching (Fig. 1). The » phase can be recognized 
microscopically by its typically irregular, ragged 
grain boundaries, as shown in Fig. 2. Positive identi- 
fication is easily done by X-ray diffraction; the dif- 
fraction lines have been published.’ 


Results 

The experimental results are shown in Figs. 3 to 
5. It is seen that the » phase forms narrow, elon- 
gated fields in all three diagrams. In the Co-Fe-Mo 
system, the » phase field completely traverses. the 
ternary system from (Co, Mo), to (Fe, Mo)z, Fig. 
3. In the Ni-Fe-Mo system, Fig. 4, and in the Ni-Co- 
Mo system, Fig. 5, the » phase field extends approxi- 
mately half-way across the ternary diagram. The 
boundaries of the binary (Fe, Mo)» and (Co, Mo)p 
phases, as determined in the present work, are some- 
what different from those given by other authors. 

It is interesting to note that in the Co-Ni-Mo 
system, Fig. 5, the » phase directly coexists with 6, 
while in the Fe-Ni-Mo system, Fig. 4, the P phase 
is interposed between them, so that » and 6 do not 
coexist. The P phase, of unknown crystal structure, 
is isomorphous with the Cr-Ni-Mo ternary phase of 
the same name, described previously,” which was 
found there interposed between the o and 6 phases. 
The X-ray diffraction lines for the P phase have 
been given.” Even though in both ternary systems 
the composition range of the P phase field is rela- 
tively small, it is quite possible that in the quater- 
nary Fe-Ni-Cr-Mo system, which was not investi- 
gated, an elongated P phase field extends from (Ni, 
Cr, Mo)P to (Fe, Ni, Mo)P. 

Discussion 

In the previous publication’ an empirical correla- 
tion was described between the composition of the 
o phase in various binary and ternary alloy systems 
of the transition elements and the electron vacancy 
concentration, N,. For alloys, N, was calculated on 
the assumption of simple additivity from the elec- 
tron vacancy numbers for the 3d subbands of the 
components. The N, values used for transition ele- 
ments of the first long period from chromium to 
nickel were those given by Pauling.” 


1072—JOURNAL OF METALS, OCTOBER 1952 


Fig. 2—T ture of uw ph 

Ni, 34.69 wt pct Fe, and 55.42 wt pct Mo, annealed 96 hr at 
1200°C, water quenched. Etched electrolytically in a phosphoric 
acid solution and stained in an alkaline potassium permanganate 
solution. X500. 


For the 4d subband of molybdenum, N, was 
assumed to be the same as that for the 3d subband 
of chromium, namely 4.66; however, in certain tern- 
ary alloy systems an empirical value of N, = 5.6 for 
molybdenum was found to fit the data better. Ac- 
cordingly, N, was calculated for binary and ternary 
alloys from: 

N, = 4.66 (Cr + Mo) + 2.66 (Fe) + 
1.71 (Co) + 0.61 (Ni) [1] 


or from: 
N, = 5.6 (Mo) + 4.66 (Cr) + 2.66 (Fe) + 
1.71 (Co) + 0.61 (Ni) [2] 


where the bracketed chemical symbols stand for the 
atomic fractions of the corresponding metals in the 
alloy and the numerical coefficients are the N, values 
for the elements. It was found that, while the com- 
position in terms of the atomic percentages of the 
various o phases varies considerably (as shown for 
example by the following approximate formulas for 
a series of binary o phases: CrMn,, CrFe, and 
Cr;Co.), the electron vacancy number remains with- 
in a relatively narrow range, approximately 3.36 to 
3.60. The elongated o fields in the Co-Cr-Mo and the 
Ni-Cr-Mo ternary systems also gave fairly good 
alignment with the lines of constant electron 
vacancy, provided that the latter were determined 
according to eq. 2. 

In the present investigation the elongated » phase 
fields appearing in the three ternary systems studied 
are also found to be well aligned with the lines of 
constant electron vacancy (Figs. 6, 7, and 8). As 
stated above, in general, the electron vacancy num- 
bers accepted for the transition elements in the 
previous publication* were those given by Pauling.” 
It was, however, noted (p. 875 of ref. 1) that for 
o alloys with manganese the correlation can be im- 
proved if the vacancy number used for this metal 
is smaller than Pauling’s value of 3.66. A vacancy 
number of 3.2 for manganese appears to fit best the 
binary o phases with manganese so far investigated. 
Similarly, the present work shows that in the Fe-Co- 
Mo system much better correlation is achieved for 
the composition range of the ternary » phase field, 
Fig. 3, by using a vacancy number of approximately 
2.2 for iron, instead of the value 2.66. As seen in Fig. 
6, with this value for iron and with the electron 
vacancy number of 4.66 for molybdenum, both the 
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Fig. 3—1200°C isothermal section of the Fe-Co-Mo phase diagram. 
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Fig. 4—1200°C isothermal section of the Fe-Ni-Mo phase diagram. 


» phase field across the Fe-Co-Mo ternary diagram 
and the dash-dot line connecting the two binary 
o phases (and presumably corresponding to ternary 
o solid solutions) are quite well aligned with the 
constant electron vacancy lines. 

In the Fe-Ni-Mo and the Co-Ni-Mo systems good 
alignment of the » phase field can be achieved by 
using the electron vacancy number of 4.66 for 
molybdenum and 1.6 for nickel, Figs. 7 and 8. The 
latter value may appear unreasonable, since ferro- 
magnetic saturation measurements for nickel give a 
value for the magnetic moment of 0.61 Bohr magne- 


Table |. Electron Vacancy Concentration Ranges for Various 
ao and uw Phases, as Calculated from Eq. 3 


Phases Alloy System Temperature, °C Nv 

o Co-Cr 1200 3.45-3.57 
o Co-Cr-Ni 1200 3.45-3.57 
o Fe-Cr 800 3.33-3.35 
o Mn-Cr 3.44-3.61 
o Co-Mo 1200 3.0 

o Fe-Mo 3.44 

o Co-V 3.2 

o Fe-V 3.37 

o Ni-V 3.29-3.59 
Mn-V 3300 

7 Fe-Mo-Ni 1200 3.13-3.25 
Fe-Mo-Co 1200 2.95-3.25 
Ni-Mo-Co 1200 2.94-3.19 
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tons per atom. However, the assumption of an 
effective N, value of 1.6 for nickel in these alloys not 
only gives satisfactory results in the two ternary 
diagrams (Figs. 7 and 8), but also improves the 
alignment of the o phase in the Co-Ni-Cr system,* 
as seen in Fig. 9 in comparison with Fig. 6 of ref. 1. 
Furthermore, it was noted previously that the elec- 
tron vacancy number corresponding to the composi- 
tion range of the (Ni, V)o phase given by Pearson, 
Christian, and Hume-Rothery”™ is unusually low, if 
calculated on the basis of eqs. 1 or 2. With the N, 
value of 1.6 here proposed for nickel, the electron 
vacancy concentration for this o phase is 3.29 to 
3.59 in good agreement with the usual range. These 
facts all suggest that the electron vacancy value of 
1.6 for nickel is empirically justified in these alloy 
systems. 

The assumption of simple additivity of electron 
vacancy numbers for both the o and the p» phases 
has proved to be adequate to a rather surprising 
degree. The electron vacancy numbers discussed 
above for the various transition elements reproduce 


Yeight % Cobott 


Fig. 5—1200°C isothermal section of the Ni-Co-Mo phase diagram. 


fairly well the compositions of many binary and 
ternary o and » phases. Thus: 
N, = 4.66 (Mo + Cr + V) + 3.2 (Mn) + 

2.2 (Fe) + 1.71 (Co) + 1.6 Ni [3] 
in most cases leads to fairly sharply defined N, 
ranges for these phases, as shown in Table I. How- 
ever, there are now data available which suggest 
that the N, numbers obtained for alloys on the basis 
of simple additivity from fixed electron vacancy 
values for the components may not always satis- 
factorily determine intermediate phase compositions. 
Apparently, the o phases in the three ternary sys- 
tems containing both chromium and molybdenum 
(Fe-Cr-Mo, Co-Cr-Mo, and Ni-Cr-Mo), which have 
been so far investigated, represent anomalies. In the 
Co-Cr-Mo system the narrow, elongated o solid 
solution field found at 1200°C,* which is based on 
(Co, Cr)a, leads to a composition of approximately 
44 to 48 atomic pct Mo, when extrapolated to the 
Co-Mo binary, while the binary (Co, Mo)o phase 
recently discovered by Goldschmidt” is actually 
located at about 60 atomic pct Mo. As shown 
previously,’ the position of the elongated ternary 
o field requires a N, number for molybdenum of 
about 5.6, whereas Goldschmidt’s binary (Co, Mo)oc 
composition is in accord with a N, number for 
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Fig. 6—1200°C isothermal section of the Fe-Co-Mo phase diagram 

plotted in atomic percentages. Lines of constant electron vacancy 

concentrations of 2.9 to 3.6 are indicated. Dash-dot line connects 

two binary o compositions and indicates compositions along which 

ternary o solid solutions presumably exist at 1300°C and above. 
Mo 
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Fig. 7—1200°C isothermal section of the Fe-Ni-Mo phase diagram 
plotted in atomic percentages. Lines of constant electron vacancy 
concentrations of 3.0 to 3.4 are indicated. 


molybdenum of 4.66. So also is the newly discovered 
binary (Fe, Mo)o phase.” It appears then that the 
effective N, number for molybdenum is the same as 
that for chromium (as might be expected from their 
relative positions in the periodic table), except when 
molybdenum occurs together with chromium in the 
same alloy. Apparently, if the amount of chromium 
is approximately equal to or larger than that of 
molybdenum, the latter contributes a larger number 
of vacancies, namely about 5.6. It seems likely that 
a similar interpretation might help in explaining the 
unusual width of the ternary o field in the Fe-Cr-Mo 
system.“ The wide range of molybdenum content 
for this o phase would then be the result of the 
variability in the electron vacancy contribution of 
molybdenum as a function of composition. Whether 
or not this explanation will be adequate to account 
for the surprising position of the » phase field in 
the Fe-Cr-W system, reported recently by Gold- 
schmidt,“ cannot be decided at this time. (In Gold- 
schmidt’s work this phase is designated as é). 

The analogy in the behavior of the o phase and of 
the » phase is so complete, that it suggests the pos- 
sibility of finding still other intermediate phases 
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exhibiting this behavior. One of the phases that 
might be investigated from this point of view is 
(Fe, W)e which, according to available information, 
appears to be isomorphous with (Co, W)y and with 
(Ni, Mo)y, all three being close-packed hexagonal, 
with c, in the order of 7.7 kX. The electron vacancy 
numbers for these phases, calculated from eq. 3 and 
by assuming N, = 4.66 for tungsten, are as follows: 
2.36 for (Mo, Ni)y, 2.34 for (W, Co)y, and 3.0 for 
(W, Fe)e. It might be expected that these phases 
form with each other elongated continuous solid 
solution fields across the corresponding ternary 
systems. The type of phase, like o and p, whose 
boundaries are largely determined by electron 
vacancy values, might be termed “electron vacancy 
phase,” in analogy with the term “electron com- 
pound.” 

An advantage of using ternary phase diagrams 
rather than binaries for investigations of this kind 
is the possibility of determining the effective elec- 
tron vacancy contribution of elements which do not 
form the phase in question in the corresponding 
binary alloys. A case in point is the Cr-Co-Ni 
system, Fig. 9 (also refs. 1 and 17), from which the 


Fig. 8—1200°C isothermal section of the Ni-Co-Mo phase diagram 
plotted in atomic percentages. Lines of constant electron vacancy 
concentrations of 2.8 to 3.3 are indicated. 


electron vacancy contribution of nickel to (Cr, Co)o 


‘could be roughly determined even though nickel is 


not known to form the o phase in the Cr-Ni or Co-Ni 
systems. This scheme might be useful in studying 
the effect of elements other than those of the transi- 
tion group. For instance, in the Cr-Co-Cu and Cr- 
Mn-Cu systems it would be expected that the elon- 
gated ternary oa field, if it occurs, would point toward 
a composition of 20 atomic pct Cu + 80 atomic pct 
Cr (“hypothetical (Cr, Cu)o’’), even though no o 
phase is known to exist in the Cr-Cu binary system. 
This composition was calculated on the assumption 
that one valency electron per copper atom is being 
contributed toward filling the 3d vacancies of 
chromium, i.e., that N, = —1 for copper. Similar 
calculation for zinc, with N, = — 2, gives 17.4 atomic 
pet Zn + 82.6 atomic pct Cr as the “ideal composi- 
tion” of a hypothetical (Cr, Zn)c. 

Although the real physical meaning of the em- 
pirical correlation of the o and » phase boundaries 
with electron vacancy concentration has not as yet 
been clarified, the correlation itself has been quite 
definitely established. The same correlation was 
also found independently by Sully® ” at about the 
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Fig. 9—1200°C isothermal section of the Ni-Co-Cr phase diagram 
plotted in atomic percentages. Lines of constant electron vacancy 
concentrations of 3.3 to 3.7 are indicated. 


same time, for binary o phases. In search of a deeper 
meaning behind the empirical correlation, Sully 
sought to establish an analogy with Hume-Rothery’s 
rules for electron compounds. On the basis of the 
empirical correlation, and by assuming that the 
vacancies in the atomic orbitals are filled with 
electrons from the bonding orbitals, Sully found 
that for various binary o phases the number of the 
remaining bonding electrons (that of the bonding 
electrons in excess of the number of vacancies) is 
about 2.25 per atom. On the further assumption 
that the 4s electrons take no part in bonding and do 
not contribute to the Brillouin zone, the number of 
excess bonding electrons per atom for o phases was 
calculated by Sully to 1.7. This number is in good 
agreement with the number of electrons accommo- 
dated by the first Brillouin zone of the o phase, as 
calculated independently by Douglas,” Heal and 
Silcock,“. and Shoemaker,” in Sully’s view the 
excess bonding electrons completely fill the first 
Brillouin zone. Although several of the assumptions 
on which the above interpretation is based are rather 
doubtful theoretically, and a completely filled Bril- 
louin zone is unlikely in view of the strong para- 
magnetism and ferromagnetism of o alloys,” definite 
experimental proof or disproof of Sully’s views is 
difficult to obtain. As far as the description of 
composition limits of intermediate phases is con- 
cerned, the empirical correlation referred to can 
be equally well stated either in terms of the 
number of vacancies, or of the number of excess 
bonding electrons, the two being fully equivalent.’ 
The former method of expression, which is frankly 
empirical, has the advantage of not requiring the 
far-reaching assumptions underlying the latter. 


Conclusions 

1—In the Co-Fe-Mo, Co-Ni-Mo, and Ni-Fe-Mo 
ternary systems at 1200°C the » phase forms narrow, 
elongated ternary solid solution fields. In the first 
named system the » field extends all the way across 
the ternary diagram, in the other two systems ap- 
proximately half-way across. 

2—If the electron vacancy numbers assigned to 
molybdenum, iron, cobalt, and nickel are 4.66, 2.2, 
1.71, and 1.6, respectively, the elongated » phase 
fields in the above ternary systems correspond quite 
well to a constant electron vacancy range of about 
2.95 to 3.25. 
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3—The alloying behavior of the » phase is entirely 
analogous to that previously found for the o phase. 
It is quite likely that there are still other “electron 
vacancy phases” of this type among the intermediate 
phases in alloys of the transition elements. The study 
of ternary phase diagrams is highly effective in dis- 
closing such properties. 
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Kinking in Zinc Single-Crystal Tension Specimens 


by Jack Washburn and Earl R. Parker 


Kinking in zinc single-crystal tension specimens was observed 
under conditions of low stress and high temperature. Kinking is 
discussed in relation to other plastic bending phenomena on the 


basis of dislocation theory. 


Experiments on the stress-induced 


motion of small angle boundaries are reported. 


INKING was first reported by Orowan’* as.a new 
deformation mechanism. He observed the phe- 
nomenon in cadmium single crystals loaded in com- 
pression. Glide lamellae in a local region of the rod 
were observed to snap over suddenly to a tilted 
position, resulting in a sudden shortening of the 
specimen. Between the tilted portion and the rest 
of the crystal there were fairly sharp boundaries, 
with the slip plane assuming approximately mirror 
image positions on opposite sides of these bound- 
aries. Orowan considered the boundaries to be re- 
gions where dislocations had concentrated. Hess 
and Barrett? observed the formation of kinks in 
critically oriented zine compression specimens. It 
was found that the sudden snapping over of the 
tilted region was not an essential part of the kink- 
ing phenomenon but rather was associated with the 
method of loading. Kinking was explained on the 
basis of the accepted mechanisms of slip and flexural 
glide. It was also suggested that a kink can be con- 
sidered as a special type of deformation band. 
During a recent investigation of the effect of sur- 
face condition on creep of zine single crystals,’ a 
similar phenomenon was observed in crystals which 
were loaded in tension. The specimens were 0.4 in. 
diam cylindrical rods with a free length of 4 in. 
between end connections. All of the crystals were 
tested at a constant load, adjusted to give an ex- 
tension rate of approximately 0.05 pct per hr. Kink- 
ing, as shown in Fig. 1, occurred in some of the tests 
performed at temperatures above 200°C. Kinking 
was observed in specimens varying widely in initial 
orientation, scattering about a 45° angle between 
the slip plane and the specimen axis. The condition 
leading to kinking in tension appeared to be non- 
uniform distribution of flow along the gage length 
combined with the restraint imposed by the tensile 
load. At low temperatures and fast strain rates, the 
distribution of strain throughout the midsection of 
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tension specimens was generally quite uniform; 
therefore, bend planes developed only near the ends 
as described by Miller.* However, at high tempera- 
tures under creep conditions it was difficult to ob- 
tain specimens in which the distribution of flow 
was uniform. Some of the factors which may have 
caused differences in flow stress along the length 
of the crystals are: Nonuniform distribution of im- 
purities, accidents of growth (lineage structure), 
slight bending or other damage during handling, 
surface conditions, and strain-aging characteristics 
due to dissolved nitrogen.’ Plastic flow, once started 
in a local region, often continued to a relatively 
large strain before other parts of the gage length 
became active. Under these conditions a series of 
kinks, such as those in Fig. 1, were produced. 

Fig. 2 illustrates how a nonuniform distribution of 
slip produces bending moments which are responsi- 
ble for kink formation. If no plastic bending were 
to occur while the rod extended by pure slip in two 
separate sections of the rod, it would assume a shape 
such as that in Fig. 2a. A specimen having this 
shape and being subjected to a tension load would 
have concentrations of stress at the concave sur- 
faces C and lower than average stress would exist 
at the convex surfaces D. Therefore a bending 
moment is superimposed on the average stress in 
the regions between C and D. The positions of 
potential bend. planes under these conditions are 
shown as dotted lines. Actually no such shape as 
Fig. 2a develops because plastic bending in the 
region C-D occurs simultaneously with pure slip 
in the intervening regions. The observed structure 
of a tension kink is indicated by Fig. 2b. 

Perhaps the best approach to an understanding of 
kinking as well as other related plastic bending 
phenomena, such as the bend planes discussed by 
Miller,’ cell formation studied by Wood et al.,° and 
polygonization,’ is consideration of the dislocation 
model of a bent lattice. 

Current theories of the slip process postulate 
generation or multiplication of dislocations at cer- 
tain lattice imperfections. The mechanism proposed 
by Frank and Read* results in continuous genera- 
tion of concentric dislocation loops which spread out 
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Fig. 2 (right)—Formation of 
kinks in tension specimens 
due to nonuniform distribu- 
tion of strain. a—Nonuni- 
form slip without bending. 
Stress is concentrated at C 
and decreased at D. b— 
Observed structure of kinked 
specimen showing formation 
of bend planes. 


Fig. 1  (left)—Zinc  single- 
crystal creep specimen showing 
kinks produced by tension load- 
ing. Original orientation: angle 
between tension axis and nor- 
mal to slip plane, 62°; angle 
between tension axis and ac- 
tive slip direction, 28°. 


Fig. 3—Distribution of dislocations in a 
region of bent crystal. a—Random dis- 


tribution. 
boundary. 
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b—Collected into a sharp 


from the source. In a crystal subjected to bending, a 
shear stress gradient may exist along the slip direc- 
tion. Dislocation loops originating at active Frank- 
Read sources are distorted by such a gradient. The 
part of the loop having a component of motion in the 
direction of increasing stress has a high probability 
of expanding and ultimately reaching the surface of 
the crystal. However, the remainder of the loop 
moving in the negative direction of the shear stress 
gradient may reach a position where the shear stress 
is insufficient to move the dislocation further and 
hence becomes stopped. A large excess of inactive 
edge dislocations of one sign satisfies the geometrical 
conditions for a bent crystal lattice. The distribu- 
tion of dislocations in a bent crystal probably de- 
pends on the temperature and the stress conditions 
during bending. Two extreme cases are illustrated 
by Fig. 3a and b. Single zine crystals formed into 
smooth curves at low temperatures produce elon- 
gated but apparently continuous Laue spots. This 
indicates that a somewhat random distribution of 
dislocations may be produced. Polygonization, which 
occurs when such bent crystals are heated, demon- 
strates that this dispersed array of dislocations is an 
unstable configuration. Upon annealing, dislocations 
tend to collect into planar arrays forming small 
angle boundaries between large volumes of rela- 
tively perfect crystal. In zinc, apparently sharp 
boundaries can be formed directly by bending at- 
high temperatures, or at low temperatures under 
conditions where a very sharp shear stress gradient 
exists. For example, at —196°C when a thin wafer 
is cleaved from a large zinc crystal by introducing 


Fig. 4—Sketch showing motion of a boundary by ap- 
plication of a stress. 


a wedge at one surface, a sharp boundary is formed 
which follows the base of the advancing cleavage 
crack. 

There is at present no way of knowing the degree 
of perfection of the dislocation array in an ap- 
parently sharp boundary. A 2° boundary, for ex- 
ample, could be composed of one dislocation every 
30 atomic distances, as shown in the bubble model 
of Lomer and Nye,’ or it could be composed of 100 
dislocations about every 3000 interatomic distances. 
The theory that small angle boundaries in metals do 
consist of arrays of like dislocations is supported by 
the fact that these boundaries can, under certain 
conditions, be made to move by the application of a 
shear stress. This behavior has been predicted by 
Burgers,” Bragg,” and Shockley” and has recently 
been demonstrated for similar boundaries in bubble 
rafts by Lomer and Nye.” The conditions for motion 
are illustrated in Fig. 4. The specimen consisted of 
a plate-shaped crystal % in. thick containing a 2° 
boundary of the type discussed. The horizontal lines 
in the figure represent the slip direction for the dis- 
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Fig. 5—Top surface of specimen shown in Fig. 4. Position of 
boundary is apparent on (0001) cleayage surface under yertical 
illumination due to 2° angular change in the surface at the 
boundary. Irregular horizontal iine is a small step in the cleavage 
surface which serves as a reference mark. Top, original position of 
boundary; center, moved 0.1 mm to the right; bottom, moved back 
0.4 mm. X50. Area reduced approximately 40 pct for reproduction. 


locations of which the boundary is composed and 
also the traces of the slip plane (0001), which is at 
right angles to the plane of the paper. When one 
side of the wafer was clamped as shown in the 
figure and a force was applied at a point on the 
opposite side of the boundary, motion occurred as 
indicated by the dotted lines. Motion of the bound- 
ary apparently took place by a cooperative motion 
of the dislocations in the array; each moving an 
equivalent distance on its own slip plane. Opposite 
top and bottom intersections of the boundary with 
the surface were observed to move approximately 
the same amount. Fig. 5 shows the top surface of 
the specimen just described, which is an (0001) 
plane. The picture was taken using vertical illu- 
mination; the change in brightness indicates the an- 
gular change of the surface at the boundary. The 
irregular horizontal line is a small step in the 
cleavage surface which serves as a reference mark 


Fig. 6—Lattice bending as related to a general change in 
shape during deformation. a—Original shape of grain with 
required change in shape shown by dashed lines. b—Approach 
to deformed shape by slip alone on indicated slip plane. c— 
Closer approach to required shape by slip and bending. 
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for the position of the boundary. The boundary was 
first moved to the right approximately 0.1 mm and 
then, by reversing the direction of the stress, moved 
back about 0.4 mm. Only a small segment of the 
boundary, which extended as a somewhat irregular 
line across the entire 14 mm width of the specimen, 
is shown. 

The conditions under which sharp kink boundaries 
form during creep of single-crystal tension speci- 
mens appear to be similar to the conditions causing 
individual grains of a polycrystalline specimen to 
break up into cells. The high temperature and low 
applied stress result in a process which can be con- 
sidered as simultaneous bending and polygonization, 
an excess of dislocations of one sign becoming trapped 
because of shear stress gradients. Thermal energy 
aided by the applied stress brings about collection 
of the dislocations into sharp boundaries. In the case 
of single crystals, the shear stress gradients may be 
produced by the restraint imposed by tension load- 
ing. In the case of an individual grain in a poly- 
crystalline sample, a similar restraint may be im- 
posed by neighboring grains. Fig. 6 illustrates in 
two dimensions how bend plane formation can aid 
in the conformity along grain boundaries of a poly- 
crystalline specimen. Experiments with bicrystals 
of zinc have shown that plastic bending can and does 
occur near the boundary when such specimens are 
deformed. Thus it becomes evident that continuity 
at crystal boundaries during deformation is aided 
by the occurrence of lattice bending. Under these 
conditions a general change in shape is possible with 
less than the five slip systems discussed by Taylor.” 
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Copper-Zinc Constitution Diagram, Redemrmined In 
The Vicinity of the Beta Phase by Means Of 


Quantitative Metallography 


by Lilian Heikkinen Beck and Cyril Stanley Smith 


eee eee of the Cu-Zn constitution diagram 
was critically examined in 1944 by G. V. Ray- 
nor,’ who suggested the diagram reproduced in Fig. 
1 as the best evaluation of available data. No perti- 
nent work on the constitution has been published 
since that time, although a number of authors have 
discussed transformation kinetics and_ theory. 
Despite the large amount of work that has been 
done on the constitution of these industrially im- 
portant and scientifically interesting alloys, minor 
uncertainties still exist. For example, it is still not 
possible to say definitely whether a two-phase re- 
gion exists between the ordered and disordered 
forms of the 6 phase. A careful re-examination of 
the phase boundaries in this part of the diagram 
was therefore undertaken. 

Two methods were selected for the new investi- 
gation—quantitative metallography for the higher 
temperatures and precision lattice parameter meas- 
urement for lower temperatures. Because of the 
relatively narrow two-phase regions flanking the 6 
phase in these alloys, quantitative metallography is 
particularly suited for their examination, since the 
relative amounts of the two phases are very sensi- 
tive to their compositions. The method, however, 
is useless below about 350°C because of the inade- 
quate resolution of the two constituents. Below 400°, 
however, the X-ray diffraction method is applicable, 
although it is of somewhat lower sensitivity in this 
system. The changes of composition that occur 
during quenching from above about 500°C entirely 
vitiate X-ray measurements at room temperature 
though they do not affect metallographic area meas- 
urements. The two methods overlap and supple- 
ment each other admirably. Both methods depend 
on the attainment of equilibrium composition of the 
two phases in a more or less intimate mixture and 
thus avoid the difficult problems of nucleation and 
long range diffusion involved in the conventional 
metallographic bracketing method. 

The alloys were melted from a master alloy made 
from re-electrolyzed cathode copper and Horsehead 
99.99 pct Zn. Melting was done under a cover of 
either borax or charcoal and the alloys cast into a 
Y% in. sq graphite mold for the a-8 alloys or a % in. 
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Fig. 1—Constitution of the Cu-Zn alloys according to Raynor.* 


diam cylindrical graphite mold for the f-y alloys. 
The a-§ alloys were rolled at 750°C to 5% in. sq; 
annealed for 24 hr at 800°C and quenched; then 
rolled and swaged at 200°C to 3% in. diam rods, an- 
nealed 24 hr at 200°C, quenched and cold rolled 2 
pet reduction. This treatment was intended to obtain 
a small grain size and to produce many nuclei of 
the minor phase for growth on subsequent heat 
treatment. 

The unworkable £-y alloys were given prelimin- 
ary treatment by sealing in Vycor tubes in vacuum 
and annealing for 4 hr at 800°C followed by cooling 
in air. 

Samples of homogenized alloys were checked 
spectrographically for impurities, but the principal 
components were determined on samples subsequent 
to heat treatment. The impurities analyzed aver- 
aged approximately as follows: Ag, 0.0002 pct; Fe, 
0.004; Si, 0.0008; Cd, 0.005; Mg, 0.0002; and Pb, 0.002. 

For metallography, samples of appropriate com- 
position were cut into rods % in. long, sealed in 
pyrex tubes in vacuum and annealed for eight weeks 
at temperatures of 470°C and below, two weeks at 
480°, 500°, and 600°C, and 4 hr at 700°C, followed 
by quenching in cold water. Temperatures were 
accurate to +2°C. The cylinders were then machined 
to 8.7 mm diam and a slice weighing 1.5 g cut with 
a thin saw transversely from the center of each. This 
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Fig. 2—Microscope stage with hydraulic traverse for quantitative 
linear analysis. 


sample was dissolved in toto and the copper content 
determined by the standard electrolytic method. 
The results are accurate to +0.03 pct. 


Metallography 

Metallographic examination was done on both 
faces immediately adjacent to the slice cut for 
chemical analysis so that any slight gradient in 
composition would be appropriately averaged. The 
two half samples were mounted in bakelite, metal- 
lographically polished, and etched with dilute di- 
chromate solution (copper alloy etchant No. 5,* 
diluted to 20 pct normal concentration with water). 
The phases were clearly distinguished by color. 
Very light etching was used in order to give sharp 
delineation of the boundaries on a plane surface. 

The volume fractions of the various phases were 
determined by measuring the relative length of 
traverse across the 8 phase and the other phase 
present. For this purpose a hydraulic traversing 
stage was used, Fig. 2, in which the cross-motion is 
provided by a hydraulic ram driven by oil forced 
by any one of three micrometer heads mounted with 
appropriate channels in the same framework. Ob- 
serving through a microscope at an appropriate 
magnification (X50 to X500), the specimen was 
driven by one of the micrometer heads when the 8 


Table |. Summary of Metallographic Results 


Annealing Limits of Two-Phase Regions in 
Temperature and Time Copper, Wt Pct* 
°C Weeks a+ B Region B + vy Region 
a B B Y 

360 8 62.40 53.19 50.28 41.10 

380 8 61.55 53.70 50.56 41.44 

400 4 61.46 54.00 50.66 41.68 

8 61.41 53.95 50.70 41.54 

420 4 61.15 54.08 50.88 41.96 

8 61.19 54.14 50.98 41.78 

440 4 61,12 54.30 51.08 42.03 

8 61.05 54.40 51.20 42.10 

450 8 61.07 54.55 50.89 42.26 

460 4 61.19 54.56 51.14 42.07 

8 61.07 54.68 lea tal 42.10 

repeat 8 61.22 54.70 51.19 42.11 

470 8 61.19 54.86 51.18 42.25 

480 2 61.16 55.05 51.04 42.33 

500 ia 61.34 55.10 50.91 42.29 

600 2 62.44 56.66 49.62 42.10 
700 4 64.08 58.48 


* The compositions represent the 0 and 100 pct intercepts of the 
straight lines best representing the fraction of 8B phase plotted as 
function of copper content. 
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Fig. 3—Typical metallographic measurements of £8 fractions in 
a + £ alloys. 


phase was beneath the crosshairs and stopping and 
transferring to the other micrometer drive pre- 
cisely at the boundary of the second phase.* The 


* This hydraulic stage was constructed in preference to one of the 
Hurlburt type used, e.g., by Howard and Cohen,? mainly because it 
permits rapid transfer across large areas of the given phase and 
precise slow adjustment at the boundaries. It suffers from the de- 
fect that air bubbles, which introduce slight hysteresis, are liable to 
become entrained in the oil cavity. When properly filled, however, 
results are exactly reproducible, and the stage is a delight to use. 

Although mineralogists have used quantitative microscopy for al- 
most a century, the earliest use by a metallurgist seems to be that 
by A. Sauveur on carbon steels. Heyn made good use of it on the 
copper-oxygen and copper-phosphorus systems.5 Huntington and 
Desché discussed the matter at some length. Thereafter the method 
was largely forgotten and, despite the important paper by Polush- 
kin,7 it seems not to have been used in any significant metallurgical 
studies until its re-introduction by Howard and Cohen. 


difference between the reading of each micrometer 
head before and after the traverse is, therefore, the 
integrated length of traverse across each phase, and 
hence proportional to the volume percentage of 
each phase allowing for a statistical fluctuation. 

On each half sample, 18 traverses were taken 
entirely across the specimen. Closer spacing was 
used near the periphery of the circular sample in 
order to compensate for radial segregation if it 
existed, with appropriate geometric weighting of 
the results. Since both halves were measured (at 
right angles to each other) and averaged, the re- 
sults are based on a total length of about 20 cm. The 
greatest uncertainty comes from the lack of sharp- 
ness of the boundary between the two phases. With 


Table II. Lattice Parameters of Homogeneous Solid Solution Alloys* 


Lattice Parameter 
at 29.8°C, 


Copper Content 
by Analysis, 


Phase Angstrom Units Atomic Pct 
a 3.6824 + 0.0002 70.015 + 0.005 
a 3.6860 0.00010 68.70 + 0.03 
a 3.6902 + 0.0002 66.88 + 0.02 
a 3.6950 + 0.0005 64.86 + 0.02 
a 3.6982 + 0.0006 63.64 + 0.02 
B 2.9490 + 0.0001 54.94 + 0.03 
B 2.9502 + 0.0002 54.05 + 0.02 
B 2.95235 + 0.00006 53.23 = 0.02 
B 2.9539 + 0.0002 52.34 + 0.03 


* Alloys annealed 24 hr at 800°C, and 24 hr at 500°C in lump 
form, then filed and the filings annealed in evacuated Vycor glass 
capillaries for a further 24 hr at 500°C, and quenched. 
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Fig. 4—Metallographic measurements of 6 fractions in 6 + ¥ alloys. 


large well-defined particles of the various phases 
the error is negligible, but on specimens annealed 
at the lower temperatures where small particles of 
a or y were concerned, appreciable errors could 
result. No measurements were attempted on samples 
annealed below 360°C. 

The measured fraction of 8 phase in several sam- 
ples of different composition after annealing at the 
same temperature were plotted against the analyti- 
cal results and the best straight line drawn through 
the points, as in Figs. 3 and 4. The compositions 
corresponding to the intersections of this line with 
zero and 100 pct £, respectively, are the solubility 
limits at the temperature concerned. 

A straight line on this method of plotting results 
only when the weight percentage of a given phase 
in the two-phase area is plotted against the com- 
position on the same basis. In the present system 
the difference between volume and weight fractions 
is trivial, at most 0.15 pct, but the corrections were 
nevertheless applied. The results are listed in de- 
tail in the appendix, and the phase limits graphically 
derived from them in Table I. 


Lattice Parameter Measurements 
The separate series of alloys made for the lattice 
parameter measurements was given initial mechani- 
cal and heat treatment similar to the metallographic 
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Fig. 5—Lattice parameters of homogeneous a and £8 phases. 


material. After homogenizing at 800°C, the series 
of single-phase alloys for the establishment of the 
standard a and 8 parameter curves were annealed 
in lump form for 24 hr at 500°C, quenched, sec- 
tioned, and (after microscopic inspection for uni- 
formity and sampling for chemical analysis) filed. 
The filings were screened to —185 mesh, sealed in 
vacuo in small Vycor tubes, reannealed for 8 hr at 
500°C, and quenched. 

The duplex alloys had a composition of 60.4, 55.3, 
and 48.4 pct Cu, corresponding to a major amount 
of a, copper-saturated 8, and zinc-saturated £, re- 
spectively. No suitable parameter measurements 
could be made of y in the presence of 6 because of 
superposition of lines in the diffraction pattern. The 
alloys were first annealed in lump form at the de- 
sired temperature (for 1 week at 350° and 400°C 
or 5 weeks at 300° and 250°C) after which they 
were filed, and the sieved filings annealed for a fur- 
ther two weeks at 400°C or four weeks at 250°, 
300°, and 350°C, followed by quenching. 

X-ray diffraction patterns were made on a 9 cm 
radius Bradley camera thermostatically maintained 
at 29.8° + 0.2°C. Cobalt radiation was used for 
measurements on the a phase and that of copper for 
the 6 phase studies. No filter was used. The pa- 
rameter was calculated from the measurements 
made on the films by the use of the Hess modifica- 
tion of the Cohen procedure,® using the standard 


Table III. Lattice Parameters of Alloys* in Two-Phase Fields 


Lattice Lattice Lattice 
Parameter Equivalent Parameter Equivalent Parameter Equivalent 
Tempera- of a Composition of 6 Phase Composition : of B Phase Composition 
ture, Phase, in a + 6 Field, of a Phase, ina + 6 Field, of B Phase, inB+ vy Field, of B Phase, 
°C Angstrom Units Atomic Pct Cu Angstrom Units Atomic Pct Cu Angstrom Units Atomic Pct Cu 
400 3.7025 61.95 2.95052 54.16 2.9556 51.55 
+0.0006 0.00009 0.0002 
2.9557 51.50 
+0.0004 
2.95608 51.30 
+0.00009 
350 3.7000 62.97 2.95143 53.70 
0.0001 0.00005 
300 3.6977 63.90 2.95180 53.50 2.95753 50.58 
+0.0005 +0.00003 +0.00004 
250 3.6941 65.36 2.9548 (51.96] 2.95743 50.63 
+0.0002 +0.0004(?) +0.00009 


* All alloys annealed 24 hr at 800°C and quenched, then given lump anneal at temperature stated for one week (400° and 350°C), 
or five weeks (300° and 250°C), filings made and filings annealed in evacuated Vycor glass tubes for an additional two weeks at 400°C 


or four weeks at 350°, 300°, or 250°C. 
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Fig. 6—Constitution diagram of Cu-Zn alloys in the range 40 to 65 pct Cu showing new experimental points. 
Circle, metallographic results; triangle, X-ray results. 


wave lengths as listed in the Metals Handbook,’ con- 
verted to Angstrom units. The results are sum- 
marized in Fig. 5 and in Tables II and III. The 
latter table also shows the compositions correspond- 
ing to the observed parameters of the a and £8 
phases in the two-phase alioys annealed at the vari- 
ous temperatures. These compositions, of course, 
correspond to the phase boundaries at the tempera- 
ture concerned. 
The Diagram 

The results of the metallographic and X-ray 
studies are both plotted in the form of the constitu- 
tion diagram, Fig. 6. No new features are observed, 
but the more precise location of the boundaries will 
be of value in connection with studies of the vari- 
ous thermodynamic properties of the alloys. The 
lines as redetermined are in close agreement with 
those chosen by Raynor’ as best representing previ- 
ous data, except for the zinc-rich boundary of the 
8 phase in the vicinity of the disorder point. This 
is 48.85 wt pct Zn compared with Raynor’s point I 
(Fig. 1) which is 49.7 pect Zn. The width of the 8 
phase at 454° becomes only 3.5 pet instead of 4.9 
pet. The other fixed points are 38.9, 45.4, and 57.7 
pet Zn for Raynor’s points G, H, and J, which he 
gives as 39.0, 45.0, and 57.5, respectively. There is 
no evidence for a two-phase field between the 6 
phase in the ordered and disordered conditions, 
which would show as a discontinuous composition 
displacement of the phase boundary at the transi- 
tion temperature. Though the 8 boundary on the 
zine-rich side does change slope at the disorder 
point, there is no discontinuity within the experi- 
mental error. The boundary of £8 in equilibrium 
with a@ suffers neither discontinuity nor apparent 
change of slope. The change in free energy result- 
ing from ordering in the £ phase does not result in 
increased width. Below 600°C the B phase field lies 
entirely on the copper-rich side of CuZn, and, 
though it tends in this. direction at temperatures 
below 480°, it never attains the stoichiometric com- 
position. 
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Summary 

By quantitative microscopic measurement of the 
areas of each constituent in well annealed two- 
phase alloys, and by the precise measurement of 
lattice parameters, the a+8 and B+y fields have 
been redetermined down to temperatures of 250°C. 
Although changes of slope are observed in the a, y 
and zinc-rich 6 boundaries at the disordering tem- 
perature, there is no offset, and there is neither 
change of slope nor discontinuity in the copper-rich 
boundary of the 8 phase. The maximum extent of 
the a phase decreases from 49 pct Zn at 450°C to 
about 35.5 pct at 250°C. The 6 phase field retains 
approximately the same width at all temperatures 
below the transition and lies-entirely at the copper- 
rich side of the composition CuZn. 
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Appendix 
Metallographic Measurements of.8 Phase Fractions 


The numbers that are listed as pct 8 represent the 
fractions by weight corresponding to the volume frac- 
tions measured under the microscope. 

Samples Annealed at 360°C for Eight Weeks: a +p 
series—61.24 pct Cu, 15.28 pct gs; 60.37, 20.34; 58.73, 
37.79; 57.71, 50.56; 55.94, 71.61. 8 + y series—48.95 pct 
Cu, 85.49 pct 6; 44.44, 36.42; 42.09, 10.79. 

Samples Annealed at 380°C for Eight Weeks: a+, 
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series—55.18 pct Cu, 80.77 pct g; 59.69, 25.26; 58.65, 
34.76; 55.88, 73.34. 8 + 7 series—48.89 pet Cu, 82.55 pet 
B; 47.86, 70.28; 43.22, 19.36; 43.07, 18.94; 43.12, 18.61; 
44.66, 35.68. 

Samples Annealed at 400°C for Eight Weeks: « +86 
series—60.40 pct Cu, 14.71 pct 6; 59.62, 24.18; 58.94, 
31.50; 55.95, 73.00; 55.30, 82.56. 6 + y series—48.94 pet 
Cu, 80.73 pct 6; 48.07, 71.08; 43.91, 25.49; 44.64, 34.66; 
43.31, 19.09. 

Samples Annealed at 420°C for Eight Weeks: a+ 
series—60.36 pct Cu, 12.29 pct g; 59.41, 24.68; 55.91, 
74.43; 55.23, 85.11. 6 + y series—49.99 pct Cu, 89.27 pet 
B; 48.98, 78.26; 44.29, 27.61; 43.37, 17.05. 

Samples Annealed at 440°C for Eight Weeks: a+ B 
series—60.38 pct Cu, 10.75 pct g; 59.72, 19.41; 58.21, 
42.42; 56.53, 68.44; 55.45, 84.03; 55.27, 86.78. B + ¥ series 
—48.97 pct Cu, 75.15 pct 8; 48.08, 66.10; 44.47, 26.45; 
44.00, 20.17; 43.51, 15.81. 

Samples Annealed at 450°C for Eight Weeks: a+ 8 
series—58.73 pct Cu, 36.68 pct 6; 58.04, 45.63; 55.85, 
79.55; 55.28, 89.39. 6 + y series—49.66 pct Cu, 86.55 pct 
B; 47.85, 63.88; 44.42, 24.05; 43.24, 12.34. 

Samples Annealed at 460°C for Eight Weeks: a+ B 
series—60.39 pct Cu, 11.04 pct pg; 59.70, 21.44; 58.51, 
39.51; 55.46, 88.35; 55.93, 80.83; 55.26, 90.38. 6 + y series 
—48.97 pct Cu, 75.36 pct B; 48.07, 67.28; 45.49, 37.72; 
44.44, 26.19; 43.93, 20.34; 43.35, 13.56. 

Samples Annealed at 460°C for Eight Weeks (Re- 
peat): a+ B series—60.05 pct Cu, 17.84 pct Bg; 59.77, 
22.54; 58.68, 38.73; 55.40, 89.65; 55.85, 81.79. B + y series 
—49.88 pct Cu, 85.33 pct 8; 47.77, 62.51; 44.70, 29.17; 
43.25, 12.04. 

Samples Annealed at 470°C for Eight Weeks: a+ B 
series—60.02 pct Cu, 18.09 pct 6; 57.72, 55.88; 59.37, 
28.52; 55.43, 90.48; 55.87, 84.01. 6 + y series—43.94 pct 
Cu, 19.14 pet B; 47.79, 61.58; 49.98, 86.79; 44.68, 27.21. 


Samples Annealed at 480°C for Two Weeks: a+ 8 
series—60.40 pct Cu, 13.24 pct 6; 59.48, 26.72; 58.30, 
46.63; 56.41, 78.11. 6 + 7 series—48.03 pct Cu, 65.66 pct 
B; 45.67, 38.89; 43.96, 18.45; 48.53, 70.87. 

Samples Annealed at 500°C for Two Weeks: a+ 6 
series—60.37 pct Cu, 14.90 pct g; 59.78, 25.47; 59.51, 
29.75; 58.38, 47.00; 56.49, 77.80. 6 + y series—48.50 pct 
Cu, 72.38 pct 6; 48.07, 67.18; 45.65, 37.89; 44.01, 20.65. 

Samples Annealed at 600°C for Two Weeks: a+ p 
series—61.25 pct Cu, 21.22 pct 6; 60.41, 34.80; 59.57, 
49.17; 58.19, 73.80; 57.83, 80.00. At 600°C for 4 hr for 
B+ series in air—44.66 pct Cu, 33.15 pct B; 43.26, 
16.10; 46.94, 64.49; 47.82, 76.33. 

Samples Annealed at 700°C for Four Hr in Air: 
a+ 6 series—61.24 pct Cu, 50.90 pct B; 59.74, 77.24; 
63.00, 19.07. 
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Technical Note 


Formation of Nitrides from Atmospheric Exposure 


During Creep Rupture of 18 Pct Cr-8 Pct Ni Steel 
Vessmith 


A’ reported several years ago,’ nitrogen may be 
taken up from the atmosphere by austenitic 
Cr-Ni steels during creep or creep-rupture tests. 
This was indicated by chemical analysis and by the 
appearance of a new microstructural phase, or 
phases, tentatively identified as chromium ni- 
tride(s), at the surface or at the intergranular 
cracks associated with fracture. The nitrogen pickup 
was observed to be dependent on time, temperature, 
and deformation. 

In a more recent investigation, a sample was ob- 
tained in which there was sufficient of the precipi- 
tate to suggest that it could be readily identified by 
X-ray diffraction. This sample had been taken from 
a Y% in. diam creep-rupture specimen of annealed, 
type 304L stainless steel of the following initial 
composition: C, 0.03 pct; Mn, 0.65; P, 0.010; S, 0.019; 
Si, 0.54; Cr, 19.50; Ni, 12.02; N, 0.031; and Al, 0.005. 
The specimen had ruptured after 10,470 hr at 
1500°F (2000 psi). In this case nitrides were dis- 
tributed across the whole section of the sample, 
Fig. 1. The precipitate occurred both at the grain 
boundaries and within the grains; the latter pre- 
cipitate had in some cases the appearance of pearl- 
ite, and in others was distinctly Widmanstatten. 
Chemical analysis of the sample after test showed 
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0.64 pct “soluble” nitrogen (soluble in 1:1 hydro- 
chloric acid: water) and 0.18 pct “insoluble” nitro- 
gen (insoluble in the hydrochloric acid solution but 
dissolved by fuming sulphuric acid). 

For identification of the precipitate by X-ray dif- 
fraction, the matrix in the surface layer of the 
specimen was dissolved by prolonged attack in an 
alcoholic solution of picric and hydrochloric acids. 
The appearance of the specimen surface after such 
etching is shown in Fig. le. The diffraction pattern 
of the surface-concentrated precipitate was ob- 
tained with a recording spectrometer in both the 
forward and back-reflection regions (the latter by 
adapting a special fixture to the conventional X-ray 
unit). 

The observed X-ray diffraction lines, Table I, 
show the presence of Cr.N and CrN; the agreement 
with interplanar spacings calculated from reported 
data*® is quite good. Since it has been suggested’* 
that CrN dissolves only in concentrated sulphuric 
acid, whereas Cr.N dissolves in dilute hydrochloric 
or sulphuric acids, an effort was made to distinguish 
between the two nitrides. This proved possible, in- 
asmuch as etching in a dilute solution of hydro- 
chloric acid gave a sample in which microscopic ex- 
amination showed that much of the Widmanstatten- 
pearlitic precipitate within the grains had been 
eaten out, leaving the grain boundary precipitate in 
relief, and which, when examined by X-ray diffrac- 
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X100. 


a-——Etched for short time. 


short Gece “x10. 


c—Etched for 20 hr in Picric-HCl. 


X1000. 


Fig. 1—Longitudinal section near fracture of creep rupture specimen of 304L steel which ruptured after 10,470 hr at 


1500°C. 


tion, showed a substantial increase in intensity of 
the CrN lines relative to those of Cr.N.  _ 

Although the relative coarseness of the precipitate 
particles suggests that they precipitated during the 
creep-rupture test, it is possible, since the frac- 
tured test specimen cooled in the furnace, that pre- 
cipitation may have occurred during cooling. This 
possibility was refuted, however, by reheating a 
sample to 1500°F for 1 hr and quenching it, and 
finding no alteration in microstructure. Thus, the 
inward diffusing nitrogen is presumed to have com- 
bined with chromium in solid solution and precipi- 
tated as chromium nitride. It seems likely that Cr.N 
formed first nearest the surface of the cracks, which 
had formed at the grain boundaries or at uncracked 
grain boundaries and with further diffusion, the 
Cr.N reacted with nitrogen to form CrN at these 
sites. This would explain the experimental observa- 
tions. 


Depletion of chromium in the austenite by the 
formation of chromium nitride unbalanced the ma- 
trix composition so that much or all of the austenite 
transformed to ferrite, presumably by a martensite- 
like reaction, on cooling from the temperature of 
test. 
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Table |. X-ray Diffraction Identification of Precipitate Phases of 0.03 Pct C-18 Pct Cr-8 Pct Ni Creep-Rupture 
Specimen Tested for 10,470 Hr at 1500°F 


0.03 Pct C-18 Pct Cr-8 Pct Ni 
Creep Rupture Specimen 


Cr2N* CrNj{ (Phases Concentrated at Surface) 
Inter- Inter- Inter- 
planar Inten- planar planar Inten- 
Spacing, sity Spacing, Spacing, sity 
d,A (hkl) d,A (hkl) Observed}; Phase (hkl) 
3.040+ m— (101) ¢ 3.62 mw ? 
2.396 m+ (100) 2.390 (111) 3.044 w Cr2N (101) ¢ 
2.236 m+ (002) 2.070 (200) 2.97 Ww FesOs{ (220) 
2.114 s+ (101) 1.465 (220) 2.70 vw ? 
1.248 (311) 2.53 mw Fe2Os{ (311) 
CrN (111) 
1.635 (102) 2.39 s CrsN (100) 
2.23 ms Cro2N (002) 
2.11 vs CroN (101) 
1.385 s (110) 2.07 s CrN (200) 
1.265 Ss (103) 1.63 m Cr2N (102) 
1.46 S CrN (220) 
1.199 Ss (200) 1.38 ms CroN (110) 
1.178 s (112) 1.265 Ss Cr2N (103) 
1.158 s (201) 1.249 m CrN (311) 
1.196 mw CroN (200) 
1.179 ms Cr2N (112) 
nr 
* Calculated by the equation, d = , from sin2@ values of ref. 2, based on hexagonal close-packed structure with ay = 2.7424, Co = 
2 sin @ 


4,.429A, and do = 2.769, Co 


do 


+ Calculated by the equation, d = Vie +k? +2, 


from do 


4.470 depending whether low or high limit of the phase. The latter were used in this She On ke eae For the 
equations in this and the next footnote; chromium characteristic radiation Ka, 


2.2848A, Ka, 2.2889A, Ka, 2.0804A, ref. 


4.140 A, ref. 3, cubic with NaCl structure, face-centered cubic. 


++ M, medium; s, strong; w, weak; mw, medium weak; vw, very weak; ms, medium strong; vs, very strong. 


t Listed asa “superstructure” line in ref. 2. 
J Hannawalt Tables, ASTM Card Index. 
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Dynamic Formation of Slip Bands in Aluminum 


by N. K. Chen and R. B. Pond 


Ve the study of slip band* formation, there have 

been many examples to show that they do not 
always appear as lines traversing the entire crystal, 
but as segments whose ends seem to vanish in their 
path through the crystal. This characteristic ap- 
pearance of slip bands has been witnessed under the 


_ * The terms “slip band” and “slip line” are used interchangeably 
in this paper and refer to those slip markings which cannot 
be resolved into fine lamellae with magnifications under 2000X. 


optical microscope at various magnifications’* and 
also under the electron microscope.* A typical ex- 
ample of this behavior seen with the optical micro- 
scope is shown in Fig, 1. 

However, the slip band studies were generally 
conducted on polished surfaces of single or poly- 
crystalline metals which had been previously de- 
formed; i.e., the load was generally released so that 
the observation could be made. Any picture of slip 
bands so obtained can represent the surface phe- 
nomenon only in a static state of the strained 
material. The conditions prior to their formation 
cannot be definitely and clearly assigned. Thus, 
while a segmented slip band may suggest that slip 
is a growth process as supposed by the theory of 
the nucleation of slip,’ the usual appearance of 
suddenly and fully developed slip bands around the 
crystal has generally been considered as a conse- 
quence of uniform shear of the entire slip plane akin 
to a cataclysmic process. 

Little clear-cut information is available with re- 
gard to the speed at which a slip band forms, its 
direction of motion, the geometry of its position with 
regard to its neighbors, and its dependence on orien- 
tation. A description is given in this paper of experi- 
mental apparatus by which the progressive forma- 
tion of slip bands can be recorded while the speci- 
men is undergoing deformation. Qualitative and 
quantitative data on the dynamic formation of slip 
bands will be presented with special interest con- 
cerning the propagation of slip bands, the spacing of 
slip bands, and their relations to strain hardening. 
Views on the formation of slip bands are discussed 
and a mechanism of the unit process involved in the 
formation of a slip band is proposed. 


Preparation of Specimens 


Single-crystal specimens of high purity aluminum 
(99.997 pct), % in. square in cross-section and 1% 
in. long in gage length, were made by the method of 
gradual solidification from the liquid state. Since no 
machining work could be introduced in preparation 
of crystals of such small size, a special mold was 
designed for casting them to final shape. The mold 
consisted of two, separate, high purity graphite 
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Fig. I—Slip bands in extended aluminum single crystal A-311 
viewed on a plane nearly perpendicular to the slip direction. X1000. 
Area reduced approximately 50 pct for reproduction. 


blocks. Generally, 20 molds were packed together 
in one container so that 20 specimens could be ob- 
tained by one casting operation. This was desirable 
since it was possible by this method to obtain groups 
of crystals with similar orientations. 

The as-cast crystals were carefully clipped from 
the gate, etched, and homogenized for 24 hr at 600°C. 
They were then very gently polished using a 4/0 
paper, re-etched, and finally electrolytically polished 
after the method previously described by Chen and 
Mathewson.° The crystallographic orientations were 
determined using a back-reflection, Laue method. 


Tensile Testing and Photographic Method 

The tensile testing equipment for these tests was 
composed of a specially designed microtensile ma- 
chine, microload cell and microclip gage with neces- 
sary appurtenances. The members of the microtensile 
machine consisted of three parts, as shown in Fig. 2. 
The chassis is equipped with an oil cylinder, A, and 
piston, the piston being part of the movable cross- 
head, B. Pressure in the oil cylinder is controlled 
and regulated by an external pneumatic-hydraulic 
cell, C, which is connected to the cylinder by a % in. 
high pressure copper tube. This cell is half filled 
with hydraulic oil and has a needle valve, D, on the 
oil exit side as well as a needle valve, E, on the gas 
inlet side. A quick-acting valve, F, as well as a 
pressure gage is provided for the gas side. The oil 
exits into the load piston on the microtensile ma- 
chine. By connecting a tank of inert gas to the gas 
inlet, regulated pressures were provided over the 
oil so that the oil would leave the cell at a rate de- 
termined by the setting of the exit needle valve, the 
gas pressure, and the pressure of the oil in the load 
piston of the microtensile machine. With this pneu- 
matic-hydraulic appurtenance it was possible to 
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Fig. 2—Schematic arrangement of microtensile equipment. 


A—Oil cylinder 

B—Moyable cross-head 
C—Pneumatic hydraulic cell 
D—Needle valve 


E—Needle valve 
F—Quick acting valve 
G—AMicroload cell 
H—Microclip gage 


Fig. 3—Experimental apparatus used for the dynamic study of 
slip bands. 
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—VERTICAL SURFACE 
BLIP PLANE 


Fig. 4—Obseryation surface and slip plane. A—Relative position. 
B—Standard projection showing: l—orientation of crystals, 2— 
poles of observation surfaces, and 3—relative position of observation 
surface with respect to slip direction. 
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control, within small limits, the strain rate of the 
specimen being tested. 

Shoulder-type grips were attached to the movable 
cross-head as well as to the chassis through a center- 
less ball bearing race. These centerless bearings 
afforded axial loading on the specimen. 

The microload cell, G, was constructed, utilizing 
the clip gage principle described by Marin.’ In this 
load cell, two small flat elliptical springs were welded 
together at either end and provided with a shoulder 
grip at one end and a shoulder at the opposite end. 
SR-4 type A-1 strain gages were attached to the 
inner surface of one spring and the outer surface of 
the mating spring. This particular arrangement 
offered the smallest change in deflection due to an 
eccentrically placed load. A Foxboro Dynalog re- 
corder was used to establish a continuous load-time 
record after the microload cell had been statically 
calibrated. 

The best results obtained for recording strain were 
achieved by using a microclip gage, H, which was 
made in the form of a % in. circle segment from 
very thin phosphor-bronze strip which was suffi- 
ciently wide to allow the permanent attachment of 
a type A-1 SR-4 strain gage on both sides. This clip 
gage was attached to the specimen in the following 
manner: two cotton strings were impregnated with 
Duco cement and tied around the specimen at a % 
in. interval. When set and dried, these strings be- 
came holding blocks for the points of the clip strain 
gage. When the clip gage was compressed and its 
points set between these strings it was restricted 
from expanding until the specimen was elongated. 
By measuring the expansion, the elongation of the 
specimen was measured. It was possible with this 
clip gage to measure the percentage of elongation 
to a value of 0.05. Strain measurements were con- 
tinuously recorded by means of a Foxboro Dynaiog 
recorder. 

A 16 mm motion picture camera was placed with 
its lens in intimate contact with one of the oculars 
of a binocular research metallograph on which the 
microtensile machine was placed, see Fig. 3. The 
focus was maintained through the free ocular while 
the specimen was being deformed. Since the photo- 
graphic record was taken with a definite time in- 
terval, it was possible to coordinate phenomena with 
load and strain through time. 


Orientations of Crystals 


In the course of this investigation, more than 30 
crystals of various orientations were extended in the 
microtensile machine. In this paper, documented 
data will be presented for four specimens together 
with observations derived from other specimens per- 
tinent to the general interest outlined earlier. 

It was found that the specification of orientation 
of a crystal by its stress-axis generally used on this 
type of research is not sufficient documentation. 
Rather, the relative position of the observation sur- 
face, 1.e., the horizontal surface of the specimen, 
with respect to the slip direction is of primary im- 
portance. This can easily be seen in Fig. 4a, that if 
the slip direction in the slip plane M-N is parallel 
with the direction M, the shear of the slip plane 
would cast a maximum shadow on the observation 
plane to form the visible slip line. On the other 
hand, if the slip direction were to parallel the direc- 
tion N, no visible slip band would be observed on 
the top surface. 

Consequently, in addition to specifying the orien- 
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tation of the crystals, Fig. 4b includes the positions 
of the observation surfaces (S-311, S-206, S-111, 
and S-313), and their relations to their slip direc- 
tions. Here, the M and N directions in the projection 
(with numbers to designate different specimens) 
bear the same meaning as M and N used in the 
sketch, Fig. 4a. It can be seen that for crystals A-311 
and A-206 the slip direction is only 6° from the 
direction M in both cases, yet for specimens A-111 
and A-313 the slip direction is 6° and 7°, respec- 
tively, from the direction N. The vast difference in 
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Fig. 5—Propagation of slip bands in A-311. Frame numbers are given. Speed of camera 32 ft per sec. Resolving 


the progressive formation of slip lines in these two 
groups will be illustrated in subsequent sections. 


Propagation of Slip Bands 


In the extension of crystals A-311 and A-206, 
almost every slip line appeared first as a segment 
and then propagated through the field of observa- 
tion. An example showing this type of propagation 
may be seen in Fig. 5, crystal A-311. Since the field 
was maintained in focus throughout the experiment, 
there could be little doubt as to the progressive 
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Fig. 6—History of the progressive formation of slip bands in A-311. 
Time-distance-sense plot. 


propagation of slip bands, the optics used resulted 
in a resolving power of 0.0022 mm. The general ap- 
pearance of the slip bands on the same specimen was 
observed statically at very high magnifications, i.e., 
the limit of the optical microscope, and segments of 
slip bands were also noted, see Fig. 1, for example. 

Several important observations should be pointed 
out with respect to Fig. 5 and the formation of slip 
bands in general. Frame Nos. 2033, 2045, and 2073 
were selected to show the propagation of slip band 
No. 3 from the lower right direction and that of slip 
band No. 5 from the upper left direction. The move- 
ment in opposite directions strongly suggests that 
their propagation is intimately associated with the 
fundamental process of plasticity of single crystals. 
It is to be noted that the propagation of the band 
was accompanied by an increase of its intensity 
which undoubtedly indicates an increasing amount 
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of shear in the “slip zone” concerned. Since the ob- 
servation in this specimen (A-311) is almost at the 
head of the glide lamallae, the increase in intensity 
of the slip band should be almost entirely due to 
shear in the slip direction. 

The overlapping of slip bands is very prepond- 
erant, Fig. 5. For example, two such “overlappings”’ 
can be witnessed in frame No. 2073 of slip band 
No. 3 under the present resolution of the optics and 
the apparent width of the two overlapped “slipped 
zones” is of the order of about 1 to 3 microns. The 
“amount of the overlap” is probably governed by 
“the width of the overlap” and the extent of strain. 
In general, the amount of the overlap is too small 
to be measured under the present magnification. 
However, in frame Nos. 2275 and 2340, a faint seg- 
ment can be observed that is added to slip band 
No. 3 at one end of the two overlapped “slip zones” 
as if it intended to continue the original path of 
propagation from the lower right direction. This 
characteristic appearance can be more clearly ob- 
served in Fig. 1, where the width of the overlap is 
5 microns and the amount of overlap (a gradual dis- 
appearance on one side only) is about 10 microns. 
In this connection, it should be pointed out that the 
term “cross-slip” has been used to describe slip at 
the junction of two such overlapped slip bands in 
aluminum.” * However, it is perhaps more appro- 
priate to reserve the use of this term to its original 


sense,® i.e, a clearly-defined (111) [110], as the 
cross-slip system when the primary slip system is 


(111) [110]. This will be discussed later. 

The propagation of slip line 13 is demonstrated 
in frame Nos. 2234, 2275, and 2340 of Fig. 5, while 
at the same time it may be noted that slip band No. 
11 does not propagate in these same three frames; 
and, in fact, close examination of all the other frames 
in the film shows little or no propagation of this line 
beyond the point noted in frame No. 2340. In frame 
Nos. 2474, 2502, and 2542, the progressive forma- 
tion and propagation of the overlapped slip bands, 
designated here as No. 14 and No. 17, is of particular 
interest. Here, the width of the overlap in frame 
No. 2474 is 20 microns, a much greater width of 
overlap than most others observed. With increasing 
extent of strain, this overlap was seen to develop 
into two distinct slip bands. Again, the direction of 
propagation of the initial slip band seems to have 
dictated the subsequent direction of continued prop- 
agation of the band which formed its mate. 

It should be mentioned here that slip bands ob- 
served 90° away from the observation surface of 
A-311 after extension showed little overlapping. 
This is also true_in the case of crystal A-206. 

Quantitative Analysis of Propagation Data: In 
order to observe the overall panorama of slip band 
formation, propagation, geometry of position, and 
relations to stress and strain, it was found necessary 
to print the whole film of the first 30 to 35 slip bands 
to carry out detailed measurement frame by frame 
on the print. In the case of crystal A-311, 640 prints 
had to be investigated. Fig. 6 shows a time-distance- 
sense plot where time is the ordinate in seconds 
during loading; distance is the abscissa (actual 
spacing between slip bands) in microns; and sense 
is indicated by arrows on the bands. Each line is 
assigned a number, and is located at a position where 
and when it first appeared during the extension. 
Thus, the sequential addition of slip lines is known 
and their relative position can be determined. Most 
of the lines propagated into the field of observation 
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Fig. 7—Propagation of slip bands in A-311 with time as correlated with stress and strain. 


from the sides, only a very few started to grow from 
the center of the field. 

Fig. 7 shows the plot of the stress and strain vs. 
time used in the extension of crystal A-311. It should 
be pointed out that since the strain was measured 
over a ¥% in. gage length it can be used only as an 
average strain indication in the study of the ob- 
served slip lines. The specimen was first loaded with 
a strain rate of about 0.00053 per sec and a stress 
rate of about 31.5 psi per sec until 10 slip bands 
were observed. After an intermittent time of about 
5 min for a general survey on the total specimen 
surface (the load was held constant), the specimen 
was then reloaded with a strain rate of about 0.0007 
per sec and a stress rate of 27.2 psi per sec until the 
end of the film was reached. At a camera speed of 
32 frames per sec, the total spool of film of 100 ft 
would last 2 min. By then, a total of more than 40 
slip bands was formed in the field of observation. 
However, in the analysis of the picture, only the 
first 30 slip bands were considered wherein distinct 
resolution of bands was assured. 

In the lower part of Fig. 7, the length of each slip 
band is plotted against time during extension. The 
measurement was carried out frame by frame on 
the printed strip which had a magnification of 125X. 
The accuracy of measuring the length of the slip 
band is of the order of 10 microns. Again, it should 
be pointed out that the propagation here measured 
for crystal A-311 represents the growth process of 
slip bands not along the slip direction, but nearly 
perpendicular to the slip direction. It is seen that 
the rate of propagation is not uniform, since all the 
curves are discontinuous. However, several import- 
ant points could be made regarding the nature of 
formation and propagation of slip bands. In the first 
place, considering the length-time curve for all the 
lines as a whole, there is a general trend of decreas- 
ing rate of propagation as the time increases, i.e., 
as the strain increases. This indicates that slip bands, 
such as Nos. 2, 3, 4, 5, etc., have hardened in some 
way the adjacent matrix material; i.e., the potential 
slip sites for slip bands, such as Nos. 18, 19, 22, etc., 
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have been hardened. Another observation substan- 
tiating this viewpoint that slip in a particular slip 
band could harden its adjacent material will be dis- 
cussed in the section under “Sequential Addition of 
Slip Bands.” 

Second, when the rate of propagation of an indi- 
vidual line is considered, there is the general ten- 
dency of decrease in rate with time, see, for exam- 
ple, line 18, 19, 22, etc. This implies that the prop- 
agation of a particular line has slowed down in its 
course in traversing the crystal due to some kind 
of retardation effect, i.e., strain hardening associated 
either within the slipped material itself or with the 
material immediately adjacent, or both. Since the 
overall external strain was continuously increasing 
at a constant rate, the variation of the rate of prop- 
agation of different slip bands at the same time in- 
terval also implies a “heterogeneous” strain harden- 
ing associated with various slip bands. 

Thus, the rate of propagation of slip bands in 
crystal A-311 varies from zero as a minimum to 
about 7600 microns per sec as a maximum in the 
direction nearly perpendicular to the slip direction. 
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Fig. 8—Variation of hardness between two slip bands. From Brown.” 
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b—Specimen A-206. 


Fig. 9—Proximity of slip bands to their two closest neighbors. 


However, the rate of slip in the slip direction was 
not determined. Further work is contemplated in 
which the external strain rate will be changed, the 
camera speed will be increased, and the resolution 
of the optics will be increased in order to determine 
more accurately the rate of slip band propagation 
and the change of rate of slip band propagation as 
caused by the external strain rate. 

Sequential Addition of Slip Bands: There have 
been many hypotheses to account for the occurrence 
and distribution of slip lines in extended single 
crystals. One assumes that there are surface irreg- 
ularities, i.e., “microscopic” variations in gage diam- 
eter along the length of the specimen which would 
determine the location of slip clusters.* Another one 
assumes that there are stress concentrations in the 
specimen of varying severity which are eliminated 
by slip, the most severe concentration is eliminated 
first.. A third assumption to explain the slip be- 
havior of different metals, in general, is based upon 
the relative amount of strain hardening that results 
within the slip band during the straining.’ With re- 
spect to aluminum, in particular, recent work by 
Brown” has assumed a variation of hardness be- 
tween two slip bands as shown in Fig. 8. According 
to Brown, the positions of lowest “hardness” are the 
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Fig. 10—Variation of hardness between two slip bands where 
band A has a greater shear strain than band B. 
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positions where slip has been found to occur (ie., 
either on planes approximately midway between, or 
on planes situated very close to, the existing slip 
bands—here, a self-annealing process is assumed). 
In the present investigation, since the addition of a 
slip band between two pre-existing bands can be 
actually observed, a plot to show relative position of 
the band with respect to the two pre-existing bands 
can be seen in Fig. 9a for slip bands in specimen A- 
311. In the figure, a refers to the spacing between 
the newest band and its immediate predecessor, 
while b refers to the spacing between the newest 
line and its second predecessor. The ratio (a/a + 
b xX 100) is plotted as the ordinate; time as the 
abcissa. It is seen that there are more bands with 
an a/a + b X 100 ratio smaller than 50 pct, suggest- 
ing that the subsequent slip band is frequently closer 
to the one of the two pre-existing slip bands on 
which less gliding has occurred. This relation is true 
in the case of crystal A-206, plotted in Fig. 9b, where 
the first 11 lines all show an a/a + b ratio smaller 
than 50 pct. Thus, a logical deduction could be that, 
associated with each slip band, there is a hardening 
effect which extends some distance beyond itself 
and increases with the increasing amount of shear 
strain, shown schematically in Fig. 10. This harden- 
ing effect associated with a particular slip band 
seems to be a very important one of the many factors 
which can influence the geometry of the addition of 
slip lines. 
Sudden Appearance of Slip Bands 

In the extension of crystals A-111 and A-313, the 
propagation of slip bands, clearly observed in the 
cases with A-311 and A-206, could not be witnessed. 
Instead, each band, very weak and faint, but fully 
developed, appeared suddenly across the entire field 
of observation. An example showing this type of 
occurrence is seen in Fig. 11. Since the rate of de- 
formation in all the experiments was almost equal, 
the vast difference in the appearance of formation of 
slip bands can be accounted for by a difference in 
orientation and in the plane of observation relative 
to the orientation. It is certain that since the obser- 
vation surface in crystals A-111 and A-313 is only 
6° from the plane containing the slip direction, see 
Fig. 4b, there is almost no upward displacement of 
one portion of the surface with respect to another, 
and thus, the lines are nearly invisible in the early 
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stage of deformation. Static observations after the 
extension showed that the appearance of slip lines in 
A-111 and A-313 in the vertical plane (i.e., 90° from 
the observation plane of Fig. 11) is analogous to 
that reported for crystal A-311 in Fig. 5. In this 
respect there is at present no evidence to support the 
assumption that slip in the slip direction is also by a 
process of propagation, or whether it is a cataclys- 
mic process. 

It should be pointed out that slip lines observed 
in the plane containing the slip direction are 
generally free from overlapping, except when they 
cross a deformation band. Since the deformation 
band formed in aluminum is perpendicular to the 
slip direction,’ the progressive formation of a band 
in specimen A-111 in the horizontal plane can be 
easily observed, Fig. 12. The rotations involved are 
in accordance with the mechanism of band formation 
previously proposed.® 

Discussion 

Since the present experiment shows conclusively 
that a visible slip band is not formed suddenly 
around the entire crystal, the classical conception of 
the slip process, that slip is a uniform shear of a 
plane of atoms (i.e., the slip plane) in the slip direc- 
tion must be modified. A definite modification, based 
on the observation of the propagation of slip bands 
at a position perpendicular to the slip direction (in 
specimens A-311 and A-206) would be that the unit 
process of slip is a shear of a row, or rows, of atoms 
in the slip direction. Thus, shear of each successive 
row of atoms in the slip direction would lead to the 
observed phenomenon of propagation of a visible 
slip band. This process is shown schematically in 
Fig. 13a, in which there is assumed a different 
amount of shear associated with each successive row 
of atoms from AB to CD. This is to account for the 
propagation of the slip band observed in the direc- 
tion BD and also to represent qualitatively the 
tapering appearance generally observed at the grow- 
ing front of a slip band. Consequently, the velocity, 
V., such as measured for slip bands in A-311 in this 
relative orientation represents only the rate at which 
additional rows of atoms participate in the slip proc- 
ess, and is not necessarily related to the velocity, V., 
at which slip takes place in the slip direction. At the 
present time the velocity, V., has not been measured 
owing to the inability to detect experimentally any 
visible slip band propagation in this direction (crys- 
tals A-311 and A-111). 

It should be pointed out that the present con- 
sideration of a row of atoms as the unit of slip is 
quite similar to the early consideration of “rod slip” 


Fig. 11—Sudden appearance of fully formed slip bands in A-313. 
Note the absence of “overlap.” Left, frame 1178; right, frame 1594. 
or “pencil slip” which was proposed to explain the 
slip behavior in body-centered cubic metals. In the 
present model, however, the “rods” or rows of 
atoms, in the slip direction are definitely bounded by 
a simple (111) plane, the slip plane, and are shown 
to slip respectively in a progressive manner to form 
the visible slip band. 

This model could also be interpreted from the gen- 
eral theory of dislocations. By definition of the two 
types of dislocations, it can be seen that V, measures 
the velocity of the movement of the edge disloca- 
tions, whereas V, measures the velocity of the propa- 
gation of the screw dislocations. In the present ex- 
periment, while V, has been measured for slip bands 
in crystal A-311, and varies from zero as a minimum 
to 7600 microns per sec as a maximum at a strain 
rate of about 0.0007 per sec, a velocity of propaga- 
tion of edge dislocations cannot be detected. The 
inability to detect a velocity of propagation in this 
direction may be interpreted as being caused by the 
fast-moving dislocations, approaching the velocity 
of sound. 

The direction of propagation associated with V, 
should be noted in Fig. 6, where most of the bands 
propagated into the field of observation from the 
sides and only a few started to grow from the center 
of the field. This seems to suggest that most slip 
planes were initiated at, or near, the specimen sur- 
face, containing the slip direction. It may be also 
that propagation of slip bands from opposite sides is 
a requisite in order to produce a macroscopically 
uniform strain of the crystal. 

In Fig. 13b, the simple model of Fig. 13a is ex- 
panded to include the appearance of “overlap” of 


Fig. 12—Progressive formation of a deformation band in A-111. 
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Fig. 13—Model for explaining the formation of a slip band. 
A—Growth of slip band. B—"Overlap” of slip bands. 


slip bands. As shown in Fig. 13b, slip on plane 
ABCD may terminate quite abruptly at CD and pro- 
ceed in another crystallographically equivalent 
plane, EFGH. The lattice region between CD and EF 
is here referred to as an “overlap.” If this over- 
lapped region consists of a (111) plane, different 


from the primary slip plane (itt): and slips also in 


a [110] direction, then CDEF can be considered as 
a “cross-slip” plane.” However, the visible band DF 
is generally very short and cannot be well resolved 
even under very high magnification. In many cases 
only a rumpled surface is observed, indicating no 
evidence of a slip plane, but a high distortion asso- 
ciated with the “overlapped” region, see Fig. 14. In 
this respect, the nature of the ‘‘overlap” may be very 
complicated and certainly may not be considered as 
“cross-slip” in its original sense.” 

The cause of the “‘overlap” or the ‘deflection of a 
dislocation” by different kinds of lattice disturb- 
ances, such as the presence of impurity atoms, mo- 
saic structure, lineage boundaries, etc., has been 
considered by Cahn.’ In the present investigation, 
another possibility can be offered from the view- 
point of the progressive formation of the slip band. 
Since rows of atoms from AB to CD participate in 
the shearing process in a successive manner, there 
would be associated a continuous tendency of the 
slipped segment ABCD to rotate toward the stress- 
axis. The rotation may cause stress concentration 
near the region CD and thus activate slip on another 
slip plane EFGH. This explanation derives support 
from the rather unique relationship between the di- 


Fig. 14—"Overlap” of slip bands in A-311. X2000. Area reduced 


approximately 50 pct for reproduction. 
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rection of slip band propagation, and the direction 
of the deflection of the “overlap” in crystal A-311, 
when analyzed from this viewpoint, see Fig. 6. 


Summary and Conclusions 


1—An experimental apparatus has made possible 
the recording of the progressive formation of slip 
bands in a specimen which is undergoing plastic 
deformation. 

2—Propagation of slip bands at finite rates from 
zero to 7600 microns per sec was observed at posi- 
tions corresponding to the head of the slip direction. 
A similar propagation of slip bands at positions 
parallel to the slip direction has not been observed 
to date. In the former case, data of propagation of 
30 slip bands has been presented together with stress 
rate and strain rate, Fig. 7. Strain hardening has 
been found to have the effect of retarding the rate 
of propagation of slip bands. 

3—The unit process of slip is considered as a shear 
of a row, or rows, of atoms in the slip direction and 
the growth phenomenon of a slip band is considered 
as resulting from progressive participation in the 
shearing process by successive rows of atoms, see 
the proposed model in Fig. 13. 

4—Characteristics associated with slip propagation 
such as the direction of propagation, the ‘‘overlap”’ 
of slip bands, and the sequential addition of slip 
bands are analyzed. It is concluded from the 
geometry of the addition of slip bands that one slip 
band can extend its hardening effect to its neighbors. 
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Mechanical Properties of Intermetallic Compounds 


At Elevated Temperatures 


by Robert Lowrie 


Nine intermetallic compounds were tested in tension at various 


temperatures. 


Seven exhibited extensive plastic deformation at 


elevated temperatures. Correlations of tensile strength and elonga- 

tion are attempted with melting (decomposition) temperature, 

valence electron configurations of the component elements, heat 

of formation, crystal structure, density, and volume decrease ac- 
companying compound formation. 


LTHOUGH intermetallic compounds have been 

known for many years, the study of their me- 
chanical properties, particularly in tension, is just 
beginning. The problem has been unattractive be- 
cause of the well-known, erratic behavior of brittle 
materials tested in tension. The strong influence of 
surface or internal flaws as stress raisers in non- 
ductile materials and the effect of eccentricity of 
loading in superimposing bending stresses on the 
state of tension in the specimen are extremely diffi- 
cult to mitigate and impossible to completely elim- 
inate. Thus, tensile properties determined for brit- 
tle materials, such as intermetallic compounds at 
temperatures low in comparison to their melting 
points, are at best only general guides to the values 
to be expected in an ideal test of a perfect specimen 
of the material. 

It is, nevertheless, surprising that apparently no 
attempt was made to follow up the pioneer work of 
Tammann and Dahl’ in this field. Working with 
crude apparatus, these investigators succeeded in 
showing unequivocally that at temperatures suffi- 
ciently close to their melting points (from 75° to 
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400°C for the compounds tested) intermetallic com- 
pounds did exhibit plasticity. This was indicated by 
the appearance of slip lines on the surface of the 
specimen. No observations of strength were made 
in these tests, which were of a compressive or in- 
dentation type. Rossi’ in 1932 attempted to study 
the physical and mechanical properties of single 
crystals of a group of intermetallic compounds. 
However, he was able to prepare only one material, 
Cu.Zn;, in the form of large, defect-free, single crys- 
tals. Thus, he was able to report only the relative 
fragility of the compounds at room temperature. 
He reported one compound, Ag;Zn,, to be somewhat 
plastic at room temperature and Cu,Si to be friable, 
the latter in agreement with results reported herein. 
Although test results are available only in classi- 
fied literature, it has also been announced that MoSi, 
possesses some ductility at elevated temperatures.* 
In 1948 and 1949 Savitskii* and Savitskii and 
Baron’ published their work on the hot extrusion of 
Mg-Zn, Al-Mg, and Cu-Zn compounds. Under the 
favorable state of stress existing for this process 
MgZn, MgZn., MgZn;, 8 (Al-Mg), y (Al-Mg) and 
B (Cu-Zn) could be reduced by amounts up to 90 
pet at elevated temperatures. These authors also 
report that hardnesses of Mg-Zn compounds de- 
crease from room temperature values of about 300 
kg per sq mm to 30 to 50 kg per sq mm at 325°C. 
They found that alloys consisting solely of one Mg- 
Zn compound were most resistant to softening on 
heating, mixtures of a compound and eutectic less 
resistant, and mixtures of two compounds least re- 
sistant. The more rapid softening of mixtures of 
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Fig. 1—Dimensions of test bar. 


compounds than of mixtures consisting of a com- 
pound and a terminal solid solution, is unexpected 
and may not be true in all or a majority of cases. 
Savitskii does not ascribe the great increase in 
plasticity of these compounds to an increase in 
amplitude of thermal atomic vibrations, but rather 
suggests that the operation of new slip systems, new 
types of chemical bonding, or other changes in the 
crystal are responsible. 

In January 1947, a survey of promising lines of 
research for the development of improved high 
temperature alloys was begun by Gensamer, Lar- 
son, and the author’ for the Bureau of Aeronautics, 
U. S. Navy Department. One of the recommenda- 
tions of this report was that, inasmuch as no in- 
formation was available on the behavior of inter- 
metallic compounds in tension at elevated tempera- 
tures, an experimental study be made of a number 
of these materials. This work was begun by the 
author under a contract with the Bureau of Aero- 
nautics’ and then continued with the assistance of 
an Atomic Energy Commission Predoctoral Fellow- 
ship. 

The first purpose of this research program was to 
determine whether intermetallic compounds behave 
plastically when subjected to simple tension at ele- 


vated temperatures, and, if so, in what temperature 
ranges plasticity exists. Provided plasticity was 
found, it was then proposed to determine elonga- 
tion and tensile strength as functions of tempera- 
ture for a diverse group of intermetallic compounds. 
The final object of the program was an investigation 
of possible correlations between these mechanical 
properties and other physical properties of the in- 
dividual compounds. Some properties which, it was 
believed, might correlate with strength and duc- 
tility were melting or decomposition temperature, 
heat of formation, valence electron configurations 
of the component elements, density, “volume 
shrinkage” upon formation from the elements, crys- 
tal structure, and the compositional range of homo- 
geneous existence of the compound. 


Specimen Preparation 

Because of the well-known brittleness of inter- 
metallic compounds at room temperature, no at- 
tempt was made to fabricate tensile specimens by 
machining or grinding bars of the material, In- 
stead, the specimens were produced by casting di- 
rectly to shape in special sand molds. The mold 
material consisted of sand, water, and a resin core 
binder. The molds were produced by ramming this 
material against precision matchplates. A sand of 
about 180-mesh average size was used for facing 
and a coarse sand for back-up. After baking, the 
molds were lightly painted with a zircon mold wash 
to prevent “burning in” and to improve generally 
the surface finish of the casting. The surface finish 
of the specimens was, in general, quite good. The 
irregularities were shallow and of relatively large 
radius of curvature. Eight test bars were cast at a 


Tabie |. Description of Compounds 


Analysis, Pct 


Com- Theo- 
pound retical Actual Microstructure Components 
Al;Cr - Apparently single 99.99 pct pure Al* 
phase Electrolytic chromium 
Al,Cr 32.53 Cr 32.0 Cr Apparently single Same as Al;Cr 
phase 
CrSb7 Apparently single Chromium} with 0.6 pct Fe, 
phase 0.02 pct S, 0.2 pet CroOs 
C.P. antimony 
CuizAls 18.36 Al 18.6 Al Single phase 99.9 pct Al, 0.04 pct Fe, 
0.04 pct Si, 0.001 pct Mg*, 
electrolytic copper, 
about 99.9 pct pure 
Cu;sCa Intergranular network Copper as in CuyzAly 
of Cu + Cu;Ca eutectic Calcium metal 
CusMg I Intergranular network Copper as in CuvAlo 
and II of Cu + CurMg eutectic 99.8 pct Mg (minimum) 
CusP Intergranular network Commercial 15 pet P-Cu 
of Cu + CusP eutectic alloy 
CusSif Apparently single Copper as in CuizAlp 
phase 99.7 pet Si (minimum) 
NisSi 13.75 Si 13.75 Si Single phase Electrolytic nickel,§ 
nominally 0.75 pet Co, 
0.02 pct Cu, 0.03 pct Fe, 
traces Si, S, and C, 
Silicon as in CusSi 
NisSi + 14.6 Si Two phase Nickel and silicon as in 
Ni;Siz isSi 
Ni;Sio Single phase Nickel and silicon as in 
NigSi 
NivSi Single phase Nickel and silicon as in 


NisSi 


* Aluminum Company of America supplied the aluminum and made the Al-Cr master alloys. 


+ Material too brittle to be tested. 
t The chromium was supplied by the U. S. Bureau of Mines. 
§ International Nickel Co. supplied this material. 
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ri The dimensions of the test bar are given in 

The melting and casting of the compounds was 
accomplished in a special furnace built for the pur- 
pose. High frequency induction heating was used 
to prepare the compounds Ni,Si, Ni,Si., and Ni.Si. 
A graphite resistor of the slit-tube type*” was used 
to melt the remaining alloys. This modification is 
shown in Fig. 2. The arrangement for withdrawing 
the stopper is the same as that of Parke and Bens,” 
who very graciously supplied their design, except 
that the activation is by hand through a sylphon 
bellows, J, rather than by a solenoid within the sys- 
tem. The melt is cast into a rotating mold, K, 
driven at 288 rpm by a motor reducer set. The 
power source was a bank of selenium rectifiers rated 
to deliver 1500 amp at 6 v. However, the available 
line voltage was considerably lower than that for 
which the rectifier was rated, and a maximum use- 
ful output of only 6 kw was obtainable. 

The melting was performed under an atmosphere 
of 99.9 pct pure helium or nitrogen. Silica crucibles 
were used for the Ni-Si and Cr-Sb alloys, graphite 
crucibles for the Cu-Mg, Cu-Si, Cu-P, and Al-Cr 
alloys, and a stabilized zirconia crucible for the 
Cu-Ca alloy. Specimens of incongruently melting 
compounds were annealed close to their peritectic 
temperatures for times sufficient to complete the 
reactions, as determined metallographically. De- 
scriptions of the metals used to prepare the com- 
pounds are given in Table I, as are some descrip- 
tions of microstructures and chemical analyses of 
the compounds. 


Testing Procedure 

The tensile testing was accomplished in a special 
furnace designed to permit testing in a neutral at- 
mosphere, as shown in Fig. 3. The grips are of 
stainless steel and consist of conical inserts which 
fit the tapered end of the test specimen, and also a 
conical hole in the outer grip piece. Extension bars, 
which screw into these outer grip pieces, are con- 
nected to the heads of the tensile machine through 
spherically seated joints. A 60,000 lb maximum- 
capacity, Southwark-Tate-Emery hydraulic ma- 
chine was used for testing. It was operated with the 
1200 lb capacity range which has divisions of 1 lb 
each. 

The electrical circuit of the furnace was a series 
connection of the furnace winding, a resistance 
equal to one-fourth that of the furnace winding, 
and a transformer, tapped at 10 v intervals from 10 
to 110 v. A shunt across this resistance was op- 
erated by a Celectray indicating controller to main- 
tain the temperature constant. The controlling, 
chromel-alumel couple was inside the alundum 
tube and at the approximate level of the center of 
the specimen. With the exception of two cases, 
where thermocouple trouble occurred, control ap- 
peared to be well within +5°C. The electromotive 
force indicated by the controller was checked during 
each test with a Leeds and Northrup Type K po- 
tentiometer. The maximum deviation observed be- 
tween the two voltages was 0.10 mv. 

In testing, the furnace was evacuated and filled 
with 99.9 pct pure helium or nitrogen. The speci- 
men was soaked at temperature for 30 min before 
testing. The tensile tests were conducted at ap- 
proximately a constant rate by using the same set- 
ting of the loading and unloading valves of the 
tensile machine for all tests. The load on the speci- 
men was read to the nearest % lb on the tensile ma- 
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Fig. 2—Section view of furnace for melting and casting under 
a neutral atmosphere. 


A—Slit graphite resistor G—Rings of insulating brick 
B—Water-cooled electrodes H—Crucible plug 
C—Alundum cylinder J—Sylphon bellows 
D—Alumina bubbles K—Mold 
E—Aluminum casing L—Base plate 
F—Crucible M—Grease seal 

N—Bell jar 


Fig. 3—Section view of apparatus for eleyated-tem- 
perature tensile testing. 


A—Nichrome winding F—Sylphon bellows 
B—Alundum tube G—Kovar-glass terminals, 
C—lInsulating firebrick current leads 
D—Stainless steel shell H—Kovar-glass terminals, 
E—Sylphon bellows thermocouple leads 
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Fig. 4Relationships between tensile strength and tempera- 
ture for various intermetallic compounds. 
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chine. The major source of error, which amounted 
at most to 5 lb, was the load required to extend the 
upper sylphon bellows. Only a general measure- 
ment of cross-head motion was taken as an indica- 
tion of strain during the test. The overall length 
of the specimen was measured before testing and 
again on the re-assembled bar after fracture. The 
increase in length was assumed to have occurred in 
the 1% in. reduced section, and the percentage of 
elongation was calculated accordingly. In a few 
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Fig. 5——Relationships between elongation and temperature for yari- 
ous intermetallic compounds. 
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cases where great elongations resulted in a poor fit 
of the re-assembled specimen, an appropriate cor- 
rection was subtracted from the measured length 
before calculating the elongation. The tensile 
strength is calculated as the quotient of the maxi- 
mum load and the original cross-sectional area. 


Experimental Data 


The tensile strength and elongation values of the 
various compounds tested are listed in Table II and 
are plotted vs. temperature in Figs. 4 and 5 and vs. 
homologous temperature in Figs. 6 and 7. The 
homologous temperature is defined as the quotient 
of the testing temperature and the melting tempera- 
ture of the compound, (T/T,), both expressed in 
degrees Kelvin. The critical homologous tempera- 
ture is that value of T/T,, at which the elongation 
begins to increase rapidly from negligible values. 
This generally occurs at about 0.5 pct elongation. 
In the case of incongruently melting compounds the 


Table II. Tensile Data for -Intermetallic Compounds 
Melting Testing 
Tempera- Tempera- Tensile Elonga- 
Com- ture, ture, Strength, tion, 
pound K °C T/Tm Psi Pet 
Al,;Cr 1043* 500 0.741 1,250 0.00 
550 0.789 1,400 0.09 
650 0.885 2,000 0.60 
700 0.932 800 0.35 
AliCr 1294* 600 0.680 850** 0.04 
850 0.874 1,000 0.22 
CurAly 1293* 500 0.598 16,000 0.29 
600 0.675 11,200 3.1 
650 0.714 3,200 24.27 
700 0.752 2,300 22.6 
800 0.830 820 3.9f 
CusCa 1208 600 0.724 9,700 0.08 
700 0.806 7,300 1.62 
800 0.890 2,000 6.2 
Cu,Mg I 1093 500 0.706 22,400 Some 
elongation § 
600 0.798 8,000 13.8 
700 0.890 3,000 4.9% 
CuexMg II 1093 500 0.706 13,600 Little 
elongation§ 
700 0.890 2,400 13.0 
CusP 1295 200 0.365 25.400 a5 
250 0.404 20,000 16.9} 
300 0.442 14,200 26.4 
400 0.520 6,900 16.5 
600 0.674 1,100 30.4 
NisSi 1443* 400 0.466 18,500 Little 
elongation § 
600 0.605 26,600 Little 
elongation § 
700 0.674 29,500 0.53 
750 0.710 28,100 1.6 
800 0.744 15,750 15.2 
850 0.779 19,200 12.4 
NisSi + 400 0.466 16,300 0.37 
NisSie 600 0.605 24,700 0.31 
750 0.710 21,800 1.85 
850 0.778 11,300 8.75 
NisSie 1554 600 0.565 8,500 0.08 
800 0.696 8,400 0.93 
NioSi 1592 500 0.485 14,800 0.04 
700 0.611 9,000 0.52 
750 0.643 9,900 0.85 
775 0.658 8,150 9.0 
800 0.674 8,600 | 
850 0.706 6,600 12.0 
950 0.768 2,800] 3.8] 


* Denotes incongruently melting compound. 

** Area used in calculation of tensile strength corrected for a 
blowhole. 

+ Length of re-assembled specimen corrected for poor fit before 
calculation of elongation. 

+ Intercrystalline fracture occurred. 

§ Elongation not directly determinable. Qualitative result from 
curve of load vs. cross-head motion. 

 Crack-like casting defect existed over about 1/3 of the fracture 
area. 
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melting temperature is replaced by the decomposi- 
tion temperature of the compound in the definitions 
just given. 

Two of the intermetallic compounds, CrSb and 

Cu,Si, were so fragile that they could not be assem- 
bled into the grips for testing. Two others, Al,Cr 
and Al,Cr, exhibited low strength and very limited 
ductility even at high melting-point fractions. 
' The seven remaining alloys exhibited quite simi- 
lar behavior. The ductility of each is slight up to 
some “critical temperature” above which ductility 
increases rapidly. The specimens of Cu,Ca, Cu.Mg, 
and Cu,P contained small amounts of eutectic with 
copper solid solution at the grain boundaries. How- 
ever, there were no indications that these eutectic 
networks appreciably influenced the mechanical 
properties of the specimens. The fractures of these 
specimens were, with one exception, transgranular. 
Thus, the full strength of the compound was de- 
veloped in each case. The intergranular fracture 
occurred in a specimen of Cu.Mg tested at 700°C, 
very close to the reported temperature of the 
Cu+Cu.Mg eutectic at 722°C.” Fig. 8 reveals that 
the fracture was intergranular and also that partial 
melting of the eutectic had occurred. This melting 
readily explains the course of the fracture. 

The influence of these grain-boundary networks 
upon ductility is likewise apparently slight. While 
the very low “critical temperature” of Cu,P might 
be attributed to this structural feature, the very ex- 
tensive elongations which it will undergo at slightly 
higher temperatures are surely evidence that the 
compound itself is taking a considerable part in the 
deformation. Cu.Mg and Cu;Ca do not become duc- 
tile until quite high testing temperatures are 
reached, which indicates that the plastic behavior of 
each of these alloys is controlled by, and representa- 
tive of, the pure compound. 

One case of intergranular fracture was encoun- 
tered in a single-phase alloy. The Cu,,Al, specimen 
tested at 800°C broke in this manner as shown in 
Fig. 9. This specimen exhibited quite a low elonga- 
tion. 

Very pronounced maxima are present in the 
curves of tensile strength vs. temperature, or T/T,,, 
for Ni,;Si and Ni,Si + Ni;Si.. The same phenomenon 
is apparently observable on a much smaller scale 
for Al,Cr. In each case, the maximum approxi- 
mately coincides with the “critical temperature” for 
ductility. The maximum strength appears to be at- 
tained at the lowest temperature at which sufficient 
plastic deformation is possible to overcome stress 
concentrations and to permit the full strength of the 
material to be developed. The same type of be- 
havior may exist for Cu,P, Cu,,Al,, Cu;Ca, and Cu.Mg 
for which data are not available below the critical 
homologous temperature. It definitely does not ex- 
ist for Ni,Si. At present no explanation is offered 
for this lower notch sensitivity of Ni,Si. 

The graphs of tensile strength vs. temperature 
and homologous temperature for Ni,Si, Figs. 4 and 
6, can both be plotted as straight lines. The scatter 
of points about these lines gives an indication of the 
approximate magnitude of the error (+1000 psi) to 
be expected in tests of this and other compounds in 
their plastic ranges. Such variability may be at- 
tributed to differences in the specimens, such as in 
surface finish or internal discontinuities, and to 
errors in determining the specimen area. 

“The tensile strength of the Ni,Si specimen tested 
at 950°C (T/T, = 0.768) lies somewhat below the 
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Fig. 6—Relationships between tensile strength and homologous 
temperature for various intermetallic compounds. 


line established by the specimens at lower tempera- 
tures. This is unexpected since usually such curves 
have a “toe” with curvature in the opposite direc- 
tion. The elongation of this specimen is likewise 
unusually low. Examination of the specimen re- 
vealed a flaw in the fracture section covering 
roughly one-third of the area. A correction of the 
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Fig. 8—Section normal to fracture surface of Cu,Mg specimen 
tested at 700°C and showing intergranular fracture and par- 
tial melting. 1 pct Nital etch. X100. Area reduced approxi- 
mately 75 pct for reproduction. 


tensile strength by the appropriate factor of 1.5 
yields a value of 4200 psi, which lies very near the 
line established by other specimens. 

The elongation vs. temperature, or T/T,,,, curve is 
quite smooth and normal except for the value con- 
tributed by the specimen broken at 950°C (T/T, = 
0.768). The sharp notch created by the crack-like 
defect probably accounts for the low ductility ob- 
served. 

Correlation with Melting Point 

Basing their analyses upon an analogy between 
the fracture strength of a material and the thermal 
agitation required to melt it, Furth” and Saibel™ 
have postulated theories of fracture based on 
thermal data. Similarly, consideration of the in- 
fluence of thermal agitation upon the mechanical 
strength of intermetallic compounds suggests that 
the strength of each compound might be a common 
function of its melting or decomposition tempera- 
ture. However it may vary at lower temperatures, 
the tensile strength of a material is substantially 
zero at its melting point, which indicates that such 
a correlation should exist at least at temperatures 
near the melting point. 

The graph of tensile strength vs. T/T,,, Fig. 6, 
facilitates a comparison of this property for various 
compounds at corresponding temperatures. It is 
evident from this graph that the tensile strengths 
of intermetallic compounds are not a single-valued 
function of the melting point fraction. The only 
correlation appears to be the previously mentioned 
convergence toward zero strength at T/T,, = 1.0. 
On the other hand an unexpected correlation of 
melting point and ductility is observed. Five of the 
seven compounds which developed appreciable duc- 
tility had critical homologous temperatures in the 
range between 0.61 and 0.68. Cu;Ca had the slightly 
higher value of 0.73, while Cu,P was a definite ex- 
ception with a value of 0.35. 


Correlation with Valence Electron Configuration 

It seems reasonable to assume that the tempera- 
ture dependence of the strength and ductility of in- 
termetallic compounds should be a function of the 
type or types of interatomic binding present, for 
great differences exist between the behavior at ele- 
vated temperatures of metals, ionic compounds, and 
covalent materials. Since neither a quantum me- 
chanical! classification of the interatomic binding of 
intermetallic compounds nor an empirical one based 
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on the percentages of ionic, covalent, and metallic 
binding has been made, the metal and metalloid ele- 
ments have been divided into six classes of similar 
valence electron configuration. The assumption has 
been made that two elements from a given class 
should form compounds which possess similar inter- 
atomic binding with an element from another class. 
This, of course, implies the assumption that when 
several compounds are formed in a binary system 
the interatomic binding in each is of a similar 
character. 

The classes of elements, which were chosen’* after 
consideration of groupings made by Wells, Halla” 
(after Dehlinger), and Hume-Rothery”™ are: the 
alkali and alkaline earth metals; A., the transition, 
noble, rare earth and IB period metals; B,, the IIB 
and IIIB period metals, boron and aluminum; B., 
the IVB, VB, and VIB period metalloids; N,, the 
interstitial metalloids: carbon and nitrogen; and N.,, 
silicon, phosphorus, and sulphur. 

Two members of the group of compounds con- 
taining an A, and an A, metal were tested in this in- 
vestigation, Cu.Mg and Cu;Ca. In addition, both 
materials are said to possess predominantly metallic 
binding,“ * and Nowotny”™ states that their crystal 
structures are very analogous. Structurally, both 
materials consisted of the compound with a grain- 
boundary network of copper plus the compound. 

A remarkable correspondence of the strength of 
these compounds as a function of T/T,, is shown in 
Fig. 6. This would tend to indicate that intermetallic 
compounds which possess substantially the same 
type of interatomic binding and similar crystal 
structures will show essentially the same critical 
melting-point fraction and the same behavior of 
tensile strength as a function of T/T,,. 

The three nickel silicides of group A.N, all have 
critical melting point fractions of about 0.65. Their 
tensile strengths, however, are by no means such 
similar functions of T/T,,. While the values for 
Ni;Si, are close to the curve for Ni.Si, both are far 
removed from the curves for Ni,Si and Ni,Si + 
Ni;Si.. In explanation of this behavior of the nickel 
silicides, it must be concluded that, although the 
types of atoms present in a compound possibly ex- 
ert some influence upon the temperature dependence 
of the tensile strength, there must be other impor- 
tant factors, such as the crystal structure and the 
actual type of binding, in determining this relation- 
ship. 


Correlation with Heat of Formation 


The heat of formation, which closely approxi- 
mates the free energy of formation in solid metallic 
systems,-may be taken as a reasonable measure of 
binding energy. Where several compounds exist in 
a single binary system, the free energy or heat of 
formation should be an entirely satisfactory meas- 
ure of their binding energies. 

The only compounds investigated in this program 
for which experimental data on heats of formation 
are available are the nickel silicides, copper phos- 
phide, and Cu,,Al,. Oelson and von Samson-Him- 
melstjerna” found the heats of formation of Ni-Si 
alloys to increase linearly from zero at pure nickel 
to —11.2 kcal per g-atom of alloy at Ni,Si. Weibke 
and Schrag” determined the heat of formation of 
Cu,P to be —8.0 kcal per g-atom +4 pct. The heat 
of formation value reported for Cu,,Al, is —5.35 keal 
per g-atom,” considerably less than those found for 
NisSi or Cu;P. 
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From consideration of these experimental results 
it is evident that the heat of formation of a com- 
pound has little or no correlation with its strength 
at various temperatures or T/T, levels. This com- 
plete lack of correlation may be understood by con- 
sidering that the heat of formation is a quantity 
averaged over the entire material, while fracture is 
a highly localized phenomenon, and slip is generally 
confined to one or two sets of crystallographic 
planes. Thus, the details of the crystal structure 
as they relate to slip, cleavage, and fracture appear 
to be more important than the heat of formation 
in determining the strength of a compound. 


Correlation with Crystal Structure 


It appeared obvious upon initial consideration that 
crystal structure would be one of the factors which 
would influence ductility. Even pure metals show 
very considerable differences in the temperature 
dependence of their ductilities, as a result of their 
different crystal structures. The brittleness of in- 
termetallic compounds has frequently been attri- 
buted to complexity of crystal structure, as com- 
pared to the simple lattices of most pure (and 
ductile) metals. 

The crystal structures of six of the eleven com- 
pounds tested had been previously determined. Pre- 
liminary work on the remaining five had shown 
them to be relatively complex. Ni,Si has perhaps 
the simplest lattice of any compound which was in- 
vestigated. It is a simple superlattice of the Cu,Au 
type.” However, this does not result in its possess- 
ing a lower critical homologous temperature than 
those observed for less regular structures. Ni,Si, and 
Ni,Si, which are respectively hexagonal with 91 
atoms per unit cell and orthorhombic with 48 atoms 
per unit cell, have approximately the same critical 
melting point fractions as Ni,Si. Cu,P with its ex- 
tremely low critical homologous temperature of 
0.360 does not have nearly so regular a lattice” as 
Ni,Si. In the structure proposed by Steenberg” and 
substantiated by Haraldsen,* the atoms are found 
in “puckered” planes. This suggests that plastic 
deformation would be rather difficult to produce, 
which is far from the fact. However, Wyckoff” 
states that there is some evidence to show that the 
structure proposed by Steenberg is not correct. As 
a result, no final conclusions may be drawn with 
regard to the influence of the crystal structure of 
Cu,;P upon its mechanical properties. 

The y-brass type structure of Cu,,Al, may be 
thought of quite simply as an aggregate of 27 body- 
centered cubic cells.” However, because of the 
absence of two atoms, the resulting displacements of 
the remaining atoms from the true body-centered 
cubic positions render the structure quite complex 
in actuality. Nevertheless, the critical homologous 
temperature of Cu,,Al, is about the same as that of 
Ni,Si. 

Cu.Mg and Cu;Ca possess somewhat higher criti- 
cal homologous temperatures than the compounds 
discussed previously. However, neither of these 
possesses a very complex structure. Cu.Mg has a 
cubic lattice” which approximates the closest pack- 
ing for spheres with a radius ratio of 1.26. The dis- 
tribution of atoms is quite regular, and it appears 


probable that (110) and [110] could constitute the 
slip system. Cu,Ca possesses a hexagonal structure” 
in which rows of contiguous calcium atoms run 
parallel to the c axis. Two different hexagonal nets 
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of copper atoms are stacked alternately, enclosing 
these calcium rows. 

The remaining four compounds are those which 
exhibited exceptional brittleness. The structures of 
Al,Cr, Al,Cr, and Cu,Si have not been solved and 
are presumably complex. Thus, these compounds 
may be in accord with the idea that complexity of 
structure leads to brittleness. The structure of CrSb, 
however, as determined by Oftedal” and others is 
the rather simple NiAs structure. It consists of a 
layer lattice with alternate layers of chromium and 
antimony atoms. The chromium atoms alone would 
form a simple hexagonal lattice and the antimony 
atoms, a close-packed hexagonal lattice. So it ap- 
pears that some property of the crystal lattice other 
than mere complexity must be called upon to ac- 
count for the great differences in brittleness which 
exist between compounds, 

Some single-crystal work to determine the cleav- 
age and slip planes of various intermetallic com- 
pounds would be very valuable for elucidation of 
the influence of crystal structure upon mechanical 
properties. At present it can only be said that crys- 
tal structure appears to exert a profound influence 
on ductility, apparently determining whether the 
compound may become ductile at any temperature. 


Correlation with Density 

In general, among similar materials those having 
the greatest mass per unit volume would be ex- 
pected to be the strongest. Accordingly, it appeared 
there might exist some correlation of the densities 
of intermetallic compounds with their strengths. 
Density values were obtained from the literature 
for ten of the eleven compounds studied. Since no 
data were available for Cu,Si, a rough determina- 
tion was made on a solid piece of the material. 

Correlation tables were made of density and the 
following quantities: 1—tensile strength at the 
“critical temperature” for ductility; 2—maximum 
tensile strength observed at any temperature; 3— 
tensile strength at various constant homologous tem- 
peratures; and 4—tensile strength at various con- 
stant temperatures. Inspection revealed that only a 
very weak correlation could be said to exist between 
the tensile strengths and densities of intermetallic 
compounds. 

The decrease in volume from the sum of the 
atomic volumes of the constituents to the molecular 
volume of an intermetallic compound might be con- 
sidered to be a measure of the binding energy of 
the compound. This would be essentially true if all 
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Fig. 9—Section normal to fracture surface of Cu,-Al, specimen 
tested at 800°C and showing intergranular fracture. Acid 
ferric chloride etch. X50. 
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metals possessed identical densities and compressi- 
bilities. However, as Biltz® has pointed out, metals 
vary greatly in the amounts of “volume shrinkage” 
which their intermetallic compounds exhibit. He 
further states that a given metal exhibits approxi- 
mately a constant “volume increment” in its inter- 
metallic compounds. Correlation tables were made 
of the ratio of the atomic to the molecular volume 
with the same quantities as those tried with density. 
The correlation was again so poor as not to be con- 
sidered significant. 


Summary and Conclusions 

From tensile tests conducted on nine intermetallic 
compounds it can be stated that many intermetallic 
compounds are able to undergo extensive plastic 
deformation when subjected to pure tension at a suf- 
ficiently elevated temperature. In general, the tem- 
perature of the onset of marked ductility lies in the 
range from 0.61 to 0.68 times the melting or decom- 
position temperature of the compound, expressed 
in degrees Kelvin. One compound was found which 
became ductile at a homologous temperature of 
0.360, while two compounds did not become appre- 
ciably ductile at any testing temperature. 

There is, in general, no correspondence of tensile 
strength and homologous temperature. However, in 
one case two compounds which were composed of 
metals of similar valence electron configurations and 
which were both reported to possess largely metallic 
binding, exhibit very close correspondence of their 
tensile strengths at given T/T,, values. These two 
compounds likewise show a close correspondence of 
the T/T,, values at which ductility arises. 

No correlation could be found to exist between 
tensile strength and the heat of formation, density, 
or relative decrease in volume upon formation of 
intermetallic compounds. From this it appears that 
local conditions favorable to slip or fracture are 
more important than the overall energy of forma- 
tion of the compound. 

As evidenced by the four compounds of negligible 
ductility, there exists some factor which is related 
to the ‘degree of brittleness” of intermetallic com- 
pounds and which determines whether a given com- 
pound will become ductile at any temperature. The 
author suggests that this factor is intimately related 
to the crystal structure and proposes further work 
on single crystals of intermetallic compounds for its 
elucidation. It likewise appears probable that the 
tensile strength of intermetallic compounds is in- 
fluenced strongly by the crystal structure. 

The presence of small amounts of a eutectic con- 
taining a primary solid solution and located at the 
grain boundaries does not appear to appreciably 
influence either the strength or ductility value of an 
intermetallic compound at temperatures sensibly 
below the eutectic temperature. 
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Electrolytic Zinc Plant at Monsanto, Illinois 


by T. |. Moore and L.A. Painter 


cE HE electrolytic zinc plant of the American Zinc 
Co. of Illinois was described by Davidson’ 
in 1944. Since then, improvements as well as ex- 
pansion of the plant facilities have been made. In 
order to increase the production of high grade zinc 
which was needed for war purposes, an expansion 
program designed to double the slab zinc capacity 
was started in 1942 and completed in March 1943. 
This expansion was propagated by a contract be- 
tween the American Zinc Co. of Ill. and the Defense 
Plant Corp. The contract included the facilities of 
the Fairmont City, Ill., property of the American 
Zinc Co., where a suspension-type roaster with con- 
tact acid plant, cadmium distillation furnace, Waelz 
oxide and densifying plant, and horizontal retort 
furnaces were installed. 

The expanded Monsanto, Ill., plant and the addi- 
tional facilities of the Fairmont plant were designed 
to integrate the metallurgical treatment of zinc 
concentrates for the production of special high grade 
zine at Monsanto with the production of acid, cad- 
mium, high grade zinc from furnace skimmings and 
the Waelz treatment of leach residue at Fairmont. 
In general, the original flowsheet was not changed, 
except for the addition of the filtering, drying and 
reclaiming of leach residue, and the treatment of 
purification cake for the recovery of copper, cad- 
mium sponge, and zinc. Fig. 1 is a flow diagram of 
present operations. The original plant facilities, de- 
signed for 50 tons daily production of slab zinc, had 
some units which were more than adequate. There- 
fore, in expanding the facilities to 100 tons per day, 
it was not necessary to double all operating com- 
ponents. Table I gives the comparison of the changes 
made in the unit operating components for the 
original facilities, 1941, the 1943 expansion, and the 
1951 facilities. 

During the past 11 years a number of improve- 
ments have been made resulting in: 1—an increase 
in slab production, 2—higher recoveries on the cal- 
cine treated, 3—better quality of slab zinc produced, 
4—higher current efficiencies, and 5—less man hours 
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. Zine dust purification tanks, 45 vol tons, 


Table |. Changes in Operating Facilities 


Operating Unit 1941 1943 1951 


Calcine unloading (pneumatic), 10 tons 

per hr 1 2 
Caicine unloading track hpr. and elev., 60 

tons per hr 1 
Calcine storage, tons 1,000 2,000 2,000 
Leach tanks, 35 vol. tons, No. 3 5 
Slurry m.xing-6x6 ft stainless tank, No. 
Ball mill, 4.5 tt x 16 in. conical, No. 
Classifier duplex, No. 1 
Tnickeners, 50 ft diam, No. 2 3 
Filter thickeners, sq ft 
Moore filters, sq ft 5,760 
Drum filters, 10 ft diam x 16 ft, No. 
Rotary driers, No. a 
1st stage Cu-As purification tank, 90 vol. 

tons, No. 
Solution heaters, No. 
Filter press, 30x30 bronze, No. 


a 


No. 
Filter press, 36x36 bronze, No. 
Cadmium recovery plant: 
Process tank, No. 
Cake roaster, 20 ft diam x 4 hearth, 
No. 

Filter press, 24x24, No. 

Sponge wash box, 4x6 ft, No. 1 
Evaporative cooling unit (vacuum), No. ab 
Purified storage tank, vol. tons 400 400 * 400 
Cell acid storage, vol. tons 400 400 400 
Electrolytic cells, No. 180 37 372 
Cell room ventilation, cu ft per min 35,000 125,000 125,000 
Cell cooling water, gal per min 1,500 2,300 2,300 
Deep well 16 in. x 95 ft, 1500 gal per min, 

No. 2 3 3 
Melting and casting furnace, 130 ton, No. aL 1 al 
Furnace fume scrubber unit, No. 1 
Dross drums, No. 2 
Dross roaster, 8 ft diam x 8 hearth, No. ae 
Electrolysis power conversion, kw 6,250 23,750 
Power transformers, 13,800/440, kva 1,000 1,500 2,000 
Steam boilers fire tube, 15 psi, lb per hr 12,000 18,000 18,000 
Steam boilers water tube, 125 psi, lb per 

hr 30,000 
Air compressor, 2 stage, 300 cu ft per 

min, 100 psi, No. 1 2 2 
Air compressor, 1 stage, 300 cu ft per 

min, 20 psi, No. 1 
Vacuum pumps, 18x7, 720 cu ft per day, 

No. 2 3 2 
Vacuum pumps, 24x11, 1,633 cu ft per 

day, No. 
Building area, sq ft 


ww 
Wh BWW NO 


be OO 


3 3 
60,854 113,568 115,000 


per ton of metal produced. In the summer of 1944, 
the ‘‘reverse” leaching process was placed in opera- 
tion and since it has been described,” no further de- 
scription will be given. Other facilities and changes 
which have contributed to the process improvements 
were the scrubbing of fume from the melting and 


1L. P. Davidson: New Electrolytic Zinc Plant of the American 
Zine Company of Illinois. Trans. AIME (1944) 159, pp. 189-193. 

2L. P. Davidson, R. K. Carpenter, and H. J. Tschirner: Reverse 
Leaching of Zinc Calcine. Trans. AIME (1951) 191, p. 134; 
JourNnaAL oF Metats (February 1951). 
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casting furnace, installation of two-stage Cu-As 
purification together with the required changes in 
clarification of raw leach solution and vacuum evap- 
orative cooling, furnace dross treating plant, higher 
capacity for equipment handling the calcine mate- 
rial, unattended and automatic substation operation, 
and cell acid control. 
Leaching 

The leaching equipment and procedure in use at 
the present time have been described.’ Fig. 2 is a 
diagram of the leach plant. Briefly, the leaching op- 
eration consists of the addition of spent electrolyte, 
about 130 g H.SO, per liter, to a basic slurry pre- 
pared from spent electrolyte and calcine. The 
slurry, averaging about 1.45 sp gr, is prepared in a 
slurry mixing tank, Fig. 3, coupled with a classifier 
and ball mill. The main leaching operation is car- 
ried out in six lead and acid-proof-brick-lined tanks 
of 35 vol. ton capacity (a volume ton is equivalent 


N CE TO REVERB. FURNACE 
to 240 gal). Maintaining the leach in a basic condi- 
CAKE tion through most of the leaching cycle eliminates 
: the settling and filtration difficulties encountered 
when calcines high in soluble silicates are leached in 
WATER mez an acid condition. With good operating conditions, 
the leaching recovery of zinc other than that con- 
ie Sige we tained in zinc ferrite is comparable to the zinc re- 
CADMIUM SPONGE covery obtained with the original leaching system 
SPENTESCLUBION RUATEADRIER which consisted of adding calcine to spent electro- 
ee lyte. The average analysis of the leach solution is as 
follows: zinc, 125 g per liter; copper, 0.25 g per liter; 
cadmium, 0.40 g per liter; arsenic, trace; iron, 0.01 
Fig. 1 (above)—Piant flow diagram. g per liter; cobalt, 0.005 g per liter; and solids 29.0 g 
per liter. Usually 60 pct of the cadmium and 40 pct 
of the copper contained in the calcine is leached out. 
: we ; Prior to the installation of the Cu-As purification 
below view of leach. plant, step, the purifying effect of ferric hydroxide was of 
° 
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Fig. 3—Slurry mixing tank. 


major importance in the production of solutions 
capable of electrolysis at reasonable current effi- 
ciencies. Ferric sulphate solution was made by dis- 
solving scrap iron with spent electrolyte in eight 
lead-lined concrete cells of 3 vol. ton capacity and 
oxidizing the resulting ferrous sulphate with man- 
ganese dioxide (as manganese ore) in a wood stave, 
lead-lined tank. The capacity of this installation 
was insufficient to maintain the 0.6 to 1.2 g¢ per liter 
iron addition which was considered necessary. In 
1949, two 70 vol. ton brick and rubber-lined steel 
tanks were installed for the dissolving and oxidizing 
operations. Anode scale provided the bulk of the 
MnO, required for the oxidation reaction. Accurate 
metering of iron solution to the leach was provided 
by a rotameter in the iron solution line. 


TRANSACTIONS AIME 


Since the addition of the Cu-As purification to the 
flowsheet, the use of the ferric hydroxide precipi- 
tate as a purifying agent has declined in importance 
and its use is now considered essential only in the 
case of certain concentrates. Operating procedure 
has varied between the addition of iron solution as 
a precautionary measure and the intermittent use of 
iron solution, depending on the type of concentrates 
currently being treated. 


Clarification and Residue Treatment 

Prior to the installation of the additional purifica- 
tion step in 1951, clarification of the leach liquor 
was carried out in three 50 ft Dorr thickeners. Test- 
plant work indicated that the feed to the Cu-As 
purification step should not exceed 0.1 g per liter 
solids, which seemed impossible to attain consis- 
tently with the existing Dorr thickeners. Since 
there was no room in the leaching plant for more 
thickening capacity in the form of 50 ft Dorrs, three 
Equipment Development Co. vacuum filter thicken- 
ers were installed, see Fig. 4. These units occupy 
only a fraction of the area of the Dorr thickeners 
employed. The filtering elements shown in Fig. 5 
(24 to the unit) consist of stainless steel tubes, with 
suitable surface drainage, covered with specially 
woven nylon filter cloth. The filtering area per tube 
is 6 sq ft and the total filtration area for the three 
units is 369 sq ft. The tubes are suspended in stain- 
less steel tanks into which the leach discharge pulp 
is pumped. The filtration cycle (filtration, flush 
back, and oscillation) is very short (35 sec) in 


Fig. 5—Edco tubular filtering 
element. 


1—Drain line connection 
2—Disconnect swing bolt 
3—Disconnect flange 
4—Sight glass elbow body 
5—Sight glass 
6—Retainer gaskets and 
washers 
7—Retainer ring 
8—Main tube 
9—Top cloth seal plate 
10—Seal plate bolts and nuts 
11—Filter medium cloth 
12—Padding cloth 
13—Vertical cloth seal strip 
14—Vertical cloth seal gasket 
15—Vertical cloth seal bolts 
16—Vertical cloth seal bar 
17—Supporting drainage-spiral 


wire belt 
18—Drainage spiral wire coils 
rods 
19—Drainage belt attachment 
cotter pins 


20—Filtrate entrance slots 
21—Bottom closure plate 
22—Bottom cloth seal plate 
23—Bottom cloth seal gasket 
24—Bottom cloth seal plate nut 
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Fig. 6—Eimco filter. 


order to take full advantage of the high initial filtra- 
tion rate. Feed to the units averages 30 g per liter 
solids; the filtrate, 0.1 g per liter solids; and the 
underflow, 500 g per liter solids. The units, under 
proper operating conditions, are capable of filtering 
270 gal per min; however, under long term operating 
conditions, the average filtration rate has been closer 
to 200 gal per min. The chief operating difficulty 
has been cloth blinding due to gypsum, to basic zinc 
salts, and to ferric hydroxide. More units have been 
ordered to make up for the deficiency in filtration 
rate but as a temporary measure one of the Dorr 
thickeners has been used in conjunction with the 
units of the Equipment Development Co. 

Filtrate from the Edco filter thickeners and over- 
flow from the above-mentioned Dorr thickener go 
to another Dorr thickener in service as a surge tank 
ahead of purification. 

The third Dorr thickener is used as a residue 
washing thickener ahead of the rotary drum filters. 
The underflow from the filter thickeners is pumped 
into the washing thickener by air-actuated dia- 
phragm pumps. Filtrate from the rotary drum fil- 
ters, floor wash, and make-up water are also 
pumped into this thickener. The underflow from 


Fig. 7—Heat exchanger open for cleaning. 
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this washing thickener is pumped to three 10x16 ft 
Eimco rotary vacuum filter drums, Fig. 6, Originally 
all of these drums were of wood with steel internal 
braces, however, two have been replaced with 
drums of stainless steel construction. The drums 
are covered with nylon filter cloth over nylon back- 
ing cloth and are wire wound only at the ends of 
the drum. No scraper blades are used; a steam blow 
is sufficient to dislodge the cake which falls onto a 
belt conveyor leading to the driers. The filter cake, 
about 45 pct moisture, is charged by screw convey- 
ors into two direct-fired rotary driers, one of which 
is a 6x50 ft Louisville drier and the other a 6x35 ft 
Ruggles Cole drier. Drier discharge, about 2 pct 
moisture, is carried by bucket elevator to a 50-ton 
capacity residue storage bin from which it is 
dropped into hopper cars and shipped out, usually 
to the Fairmont City plant. The analysis of dried 
residue is as follows: zinc, 28.9 pct; lead, 2.5 pct; 
copper, 0.99 pet; cadmium, 0.42 pct; and silver, 16.33 
oz per ton. 
Purification 

The purification process until 1951 consisted of 
the addition of zine dust, copper sulphate, and potas- 
sium antimony tartrate to the clarified leach dis- 
charge liquor in order to remove the cadmium, cop- 
per, and cobalt. This procedure was adequate to 
deal with calcines whose solutions contained under 
5 or 6 mg of cobalt; however, when calcines yielding 
greater concentrations of cobalt were treated, a seri- 
ous reduction in current efficiency resulted. The 
cobalt content of the calcine therefore imposed 
limitations on the choice of concentrates for the 
Monsanto plant and made necessary a search for a 
more effective purification. The Cu-As purification 
involving the use of arsenic trioxide, zinc dust, and 
copper sulphate was chosen. Test-plant work with 
this purification system indicated that not only co- 
balt but also other undesirable trace impurities 
were removed. The number of available zinc con- 
centrates which could be successfully treated at the 
Monsanto plant was greatly increased. The tabula- 
tion of concentrates treated in 1950 and in 1951 
shown in Table II is indicative both of the variety 
of the feed and the increase in the number of con- 
centrates used. 

About 27 pct of the feed during 1951 came from 
concentrates which could not have been successfully 
treated before the installation of the Cu-As purifica- 
tion. As a temperature of from 90° to 95°C was 
found to be the best for this purification, it was 
necessary to install heat exchangers, Fig. 7, to raise 
the temperature of the clarified leach liquors, which 
was about 65°C, to this temperature. Three helical- 
type heat exchangers utilizing 125 lb steam and 
capable of transferring 4,750,000 Btu per hr were 
installed for this purpose. Solution temperatures 
from the heat exchangers are recorded and con- 
trolled by Brown instruments. In actual operation, 
the average temperature of the solution in the puri- 
fication tanks has been about 85°C and satisfactory 
purifications can be successfully made at this tem- 
perature. 

The heated solution flows to any one of three 90 
vol. ton wood-stave tanks, Fig. 8. These tanks are 
equipped with agitators constructed of 6 in. stainless 
steel pipe and driven by a 10 hp variable speed 
drive. Because of the formation of the very toxic 
gas, arsine, each tank is covered and vented by two 
stainless steel stacks: one a 12 in. stack with natural 
draft and the other a 24 in. stack with a 1.5 hp 
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blower whose discharge pipe extends into the pipe 
and is directed upward to assist the natural draft. 

The procedure for the addition of reagents is as 
follows: The copper sulphate in crystal form and 
the arsenic trioxide in powder form is added near 
the beginning of the filling cycle. The usual addi- 
tions are 250 lb of copper sulphate crystals and 4 Ib 
of arsenic trioxide. When the tank is about two 
thirds full, about two thirds of the zinc dust is 
added and when the tank is completely full, the 
remainder of the zinc dust is added. The average 
addition is 400 lb of zinc dust. 

As there is normally only about 4 hr available, in- 
cluding filling and discharging time, for each tank 
purification cycle, the tendency has been to stand- 
ardize the reagent additions as much as possible. 
Most of the first stage purifications are made with 
the standard specified additions. Only occasionally 
is it necessary to add additional reagents. The solu- 
tion in each tank is tested operationally for arsenic 
and for cobalt before it is discharged. The limits 
are 0.0001 g per liter of arsenic and 0.001 g per liter 


Fig. 8—First purification operating floor. 


of cobalt. Before discharging, the solution is acidu- 
lated with spent electrolyte. Usually 15 pct of the 
cadmium in solution is precipitated in this step. An 
average solution analysis from this purification is 
0.35 g per liter cadmium, a trace of copper, and 
0.0001 g per liter arsenic. 

The extreme toxicity of the arsine gas generated 
in this process has been a matter of grave concern. 
This department, although included in the main 
plant building, has been isolated from other depart- 
ments by a wall which extends from basement to 
roof. The room used for storing the press cake 
from this process is also individually walled off and 
exhausted by two 12,000 cu ft per min blowers. As 
stated previously, the tanks are vented by blower 
assisted stacks capable of moving 1700 cu ft per 
min. Gas masks, available in case of emergency, 
are checked each shift. An escape chute leading to 
the outside is situated in the wall of the working 
level. Hand pump testers using silver nitrate paper 
are kept in a special locker. A tester consisting of a 
vacuum source, a rotameter, and a silver nitrate 
paper visible through a sight glass is in continuous 
operation. The tanks are scheduled for cleaning 
every two months and definite standardized pro- 
cedures for entering tanks are used. A warning 
siren is turned on by the operator when the air in 
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the room becomes contaminated or when the danger 
that it might become contaminated exists. The op- 
erators are given a urinalysis once every month and 
if the arsenic concentration is above the normal 
level, the operator’s work habits are investigated 
and the operator is given another urinalysis. The 
attitude of the operators themselves is considered 
to be of major importance. No effort was made to 
minimize to them the potential danger of the proc- 
ess. In fact the danger was emphasized. The union 
committee and the whole plant personnel became 
acquainted with the danger and the necessary safety 
precautions through meetings and letters. 

The solution from the first purification stage is 
pumped through four Shriver 30 in. bronze plate 
and frame presses equipped with individual hy- 
draulic closers. The press cake is dropped through 
openings under the presses into the press cake 
storage room beneath. At three week intervals the 
stored press cake is loaded into trucks by a gasoline 
powered scoop truck and hauled to the Fairmont 
City plant. 

The filtered solution from the first stage purifica- 
tion is treated with zine dust in one of four 45 vol. 
ton wood-stave tanks for the removal of cadmium. 
These tanks are also covered and vented with 24 in. 
blower assisted stainless steel stacks. At the pres- 
ent time three of these tanks are agitated with stain- 
less steel agitators made from 6 in. pipe, similar in 
design to those in use in the first purification stage, 
although they are driven at a constant speed of 38 
rpm. As an experiment, one tank is equipped with 
a 30 in. propeller turning at 70 rpm in the center of 
a 44 in. diam x 6 ft long tube. 

The zinc dust addition in this purification step 
averages about 175 lb per tank and is a more or less 
standard addition not subject to variation from tank 
to tank except on rare occasions. The solution is 
acidulated with spent electrolyte before discharging. 
The average tank purification cycle including filling 
and discharging takes about 3 hr. Tanks must be 
cleaned at least once a month because of the rapid 
accumulation of metallic zinc and cadmium sponge 
on the bottom of the tank. 

The purified solution is filtered in four 36 in. 
Shriver bronze plate and frame presses. The aver- 
age analysis of the purified solution is: 125 g per 
liter zinc, a trace of arsenic, and 0.0010 g per liter 
cadmium. 

Because of the higher solution temperatures, the 
very troublesome gypsum condition encountered in 


Table II. Concentrates Treated at the Monsanto Plant 
1950 1951 
Pet of Pct of 
Concentrate Tons Total Tons Total 


Golden Manitou 17,436 24.9 18,503 27.0 
Fresnillo 16,524 23.6 18,290 26.7 
East Sullivan 5,346 7.8 
Huanchaca 3,772 5.5 
Missouri-Kansas 3,653 
Wisconsin-Tri State 3,351 4.9 
Atacocha 49 0.1 2,272 3.3 
Tennessee Copper 4,664 6.7 2,012 2.9 
Mascot-Universal 8,803 12.5 1,740 2.6 
Calumet & Hecla 1,638 2.4 
Potosi 3,842 BY) 1,397 2.0 
Normetal 1,371 2.0 
Buchans 8,806 12.6 1,312 1.9 
Huaron 922 1:3. 1,076 1.6 
Volean 838 ale} 
Reocin 8,354 11.9 759 aes 
St. Joe Lead 685 1.0 
Metalline 582 0.8 
Cercapuquio 411 0.6 
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Fig. 9—Evaporating cooling diagram. 


the Shriver presses prior to the installation of the 
Cu-As purification step no longer exists. The solu- 
tion temperature at the second purification stage in 
the Shriver presses averages about 75°C, which is 
excessively high for cell-room feed. Consequently, 
the solution is cooled from 75°C to about 33°C by a 
Croll-Reynolds two-stage, flash-type evaporator, 
Figs. 9 and 10. The flash tanks are made of mild 
steel and are each 3% ft in diam and 10 ft long. 
Discarded electrolytic cell cooling water, which is 
about 18°C, is used again as cooling water for the 
evaporator condensers. Maximum flow of hot solu- 
tion through the evaporators has been 340 gal per 
min with an entrainment loss of about 0.1 pct. An 
orifice-type flowmeter in the hot solution line re- 
cords and controls the rate of flow into the evapora- 
tor and a weir-type flowmeter records the rate of 


Fig. 10—Evaporating cooling equipment. 
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flow from the evaporator discharge surge box. The 
original evaporator installation did not include any 
separators in the vapor pipes leading from the flash 
tanks to the condensers, consequently, severe solu- 
tion losses were experienced and the maximum solu- 
tion flow through the evaporators had to be kept at 
240 gal per min. The installation of a centrifugal- 
type separator in the vapor pipe between the first 
stage evaporator and condenser enabled the whole 
unit to operate at a rate of flow somewhat in excess 
of the manufacturer’s specifications and within the 
guaranteed solution loss figure. There is a rather 
rapid build up of gypsum in the evaporator flash 
tanks and their discharge lines. It has been neces- 
sary to clean these units once a week using both hot 
water recirculation and some manual cleaning. 
Cooled purified zinc sulphate solution is pumped 
to a constant head cone which supplies the cell room. 
Overflow from this cone flows to two 180 vol. ton 
wood-stave storage tanks. The average analysis of 
the purified solution is zinc, 135 g per liter; cad- 
mium, 0.001 g per liter; arsenic, trace (0.0001); 
manganese, 1.3 g per liter; and cobalt, trace (0.001). 


Cadmium Recovery 


In conjunction with the plant enlargement in 1943, 
equipment was installed to recover the copper and 
cadmium as metallic sponges. This equipment con- 
sisted of a four-hearth, 20 ft diam Skinner roaster, 
an air swept hammer mill, five small wood-stave 
tanks, and five 24 in. Sperry presses. In brief, the 
process consisted of roasting the purification cake, 
leaching the roasted and pulverized cake in spent 
electrolyte, then selectively separating the copper 
and cadmium by accurate zinc dust additions. The 
cobalt was removed from the spent solutions by 
reaction with potassium ethyl xanthate before the 
solution was returned to the zinc circuit. 

With the installation of the Cu-As purification 
with its complete removal of copper and cobalt, the 
treatment was reduced to merely that of cadmium 
recovery. The process now consists of the leaching 
(without prior roasting) of the Shriver press cake 
from the cadmium purification and the precipitation 
of the cadmium from the resulting solution. 

The leaching operation is carried out in a lead and 
acid-proof-brick-lined, wood-stave tank equipped 
with the same type of agitator in use on the cad- 
mium purification tanks. Due to the possibility of 
arsine generation, this tank is vented by a 24 in. 
stainless steel vent and blower of the same design 
as those in use on the Cu-As tanks. Purification 
cake including .the Shriver press paper and tank 
cleanings from the cadmium purification tanks are 
added to a mixture of 60° Be sulphuric acid and 
water. Acid concentration is made as high as possi- 
ble (usually 250 g per liter H.SO,) consistent with 
reasonable filtration rate of the resulting cadmium 
and zine-bearing solution. Then the leach is pumped 
through a 24 in. Sperry bronze plate and frame press 
where the paper pulp and other insolubles are 
separated. The filtrate is treated with zine dust in 
a 20 vol. ton lead and acid-proof-brick-lined, wood- 
stave tank agitated with a cone-type agitator. The 
cadmium concentration in the solution is only 
lowered to about 1.0 g per liter cadmium so that the 
production of a cadmium sponge low in zine will be 
assured. The precipitated cadmium sponge is sepa- 
rated in a 5x9 ft steel box fitted with a stainless 
steel perforated plate. The spent cadmium solution 
is returned to the zinc circuit after passing through 
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Fig. 11—Plan of electrolyzing and casting department. 


a trap box designed to catch those particles of 
cadmium sponge not retained on the perforated 
plate. The cadmium sponge:is washed with water 
until essentially all of the entrained zinc sulphate 
solution is removed. The sponge is then shoveled 
onto a 4x8 ft plate-type drier where the moisture 
content is lowered to a point where it is acceptable 
(about 20 pct) to the cadmium retort plant at Fair- 
mont City. The average assay of the cadmium 
sponge is: cadmium, 82.0 pct; zinc, 2.0 pct; copper, 
0.03 pet; and sulphur, 0.5 pct. 


Electrolyzing Department 


Two units of 180 and 192 cells in series comprise 
the electrolyzing circuits. Twelve cells arranged in 
two adjacent rows of six cascading cells are an 
operating unit or cascade with a 20 in. wide aisle 
as a working space between adjacent cascades. An 
area 44x300 ft between the two electrolyzing units 
adjacent to the lower cells of the cascades constitutes 
the stripping floor. 

At the time of the 1943 plant expansion, rein- 
forced proderite cell tanks were installed in lieu of 
the original concrete tank. The structural design of 
the proderite cell was found to be unsatisfactory. 
Within a year it was necessary to line the proderite 
tanks with 10 lb lead to make them hold electrolyte 
and later the proderite cells had to be replaced with 
lead-lined reinforced concrete cells. The present 
reinforced concrete cells have ¥% in. reinforcing rods 
at about 6 in. centers welded at each cross of the 
reinforcing. The tanks are cast upside down. Each 
cell tank rests on six, lead-capped 5x5x3 solid glass 
blocks and is supported on reinforced concrete piers. 
The total load to be supported is 24,000 lb which 
consists of a concrete tank, 8000 1b; lead lining, 
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1300 1b; electrolyte 9900, 1b; 27 aluminum cathodes 
with zinc, about 1000 1b; 28% in. rolled, punched 1 
pet silver-lead anodes, 2800 1b; and copper bus bars, 
1000 lb. 

Current is conducted to and from each unit by 
copper cables equivalent to 33 sq in. of conductor. 
Anode and cathode electrodes rest on 2 in. wide bus 
bars mounted on the same side of the cell, supported 
on brackets fastened to the cell wall. Phenolic resin- 
impregnated laminated fiber glass insulating blocks 
are between the bars and brackets. In general, few 
changes have been made in the cells as originally 
designed except the proderite. Several types of cell 
linings are now under test in which plastic mem- 
branes and acid-proof brick are being tried. 

The original 6 in. lead purified solution line feed- 
ing each unit has been replaced with a 6 in. Haveg 
line. Glue solution, when required, is pumped into 
the cell feed lines by a Lapp-Pulsafeeder so that a 
uniform distribution to each cell can be maintained. 

Since 1951 the reagent strontium carbonate has 
been used for reducing the lead content of the metal 
produced. This reagent has been used in amounts 
varying from 4 to 12 lb per ton cathodes and in 
general has accounted for a reduction in lead con- 
tent of the slab zine produced of from 0.002 to 0.003 
pet Pb. Because of its high specific gravity, it is 
difficult to keep the strontium carbonate suspended 
in a slurry unless high velocities are maintained. 
Hourly or continuous uniform feeding of the stron- 
tium reagent is desirable for good results. With high 
velocities, the abrasive characteristics of strontium 
carbonate as a slurry cause the circulating lines and 
pump to be destroyed, so that the first attempt to 
add the reagent hourly by squirting a measured 
amount into each cell from 30 positions on an iron 
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Fig. 12—Probe design. 


circulation line around the entire cell room failed. 
A measured amount of reagent is now added to the 
purified solution feed lines by splitting a circulat- 
ing stream of reagent slurry. 

Feed for all except the bottom cells of a cascade 
flows through a 14% in. iron manifold 12 in. above 
the center of the cascade. A 34 in. branch and valve 
is provided for each cell. The iron manifold is con- 
nected to nipples in the 6 in. Haveg line by a 2-in. 
hose. Since the installation of evaporative cooling, 
the rate of scale and gypsum deposit in these lines 
has increased. Wooden wine keg spigots are now 
being tried as valves for solution regulation of each 
individual cell feed. 

Spent electrolyte is returned to cell acid storage 
sump by covered lead-lined wooden launders at the 
foot of the cascades. 

In each cell 27 2S aluminum cathodes, which are 
7/32 in. x 42 in. x 24 in., and 28 1 pct silver-lead 
grid anodes, slightly smaller than the cathodes, are 
in operation. Cathodes are positively spaced on 3 in. 
centers by indentations in glazed porcelain insulat- 
ing blocks. Anodes are provided with three glazed 
porcelain cone separators, one at the center and one 
at each lower corner. Cathode edges are covered by 
general purpose synthetic rubber channels. These 
rubber channels have replaced the wood strip chan- 
nels formerly used, and requirements are less than 
1000 per month instead of the 2000 per day for 
wood channels. 

Since 1947, aluminum cathodes have been fabri- 
cated and repaired in a shop designed for this work. 
Rolled and polished aluminum sheets together with 
lifting lugs are welded to a %x2% in. extended alu- 
minum header bar. A section of copper channel 3 in. 
long is welded to the bar for the electrical contact 
between the bus bar and header bar. 

The present cathode design was evolved after ex- 
perience with sheet and copper contact cast into 
header bars. Oxidation of copper and cast aluminum 
around the copper contact soon caused high resis- 
tance to the flowing current which resulted in poor 
deposition of zinc on the cathode. The cast bars 
were replaced by extruded bars welded to the sheets. 
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The uniform size, greater mechanical strength, and 
corrosion resistance of the extruded bar have been 
most advantageous. One bar can be used for two 
new sheets before it is scrapped. 

A change in contacts was necessary and ends of 
the extruded bars were first metallized with copper. 
Results with this were erratic. It was found that 
cadmium-plated copper could be readily welded to 
aluminum by an arc with standard aluminum weld- 
ing rods. Adequate ventilation is provided where 
this welding is done to remove cadmium fumes. The 
welded contacts fail under severe mechanical shock 
but have been more successful and less expensive 
than any previous design. 

Anodes are % in. rolled and perforated 1 pct Ag- 
Pb alloy sheets. These are burned to chemical lead 
header bars cast around a copper bar. The lower 
edge of one end of the bar is exposed for bus bar 
contact. The sheet perforations are %8 in. sq and 
spaced on % in. centers. 

Nine adjacent cathodes are lifted from the cells 
at one time by a %-ton chain hoist hung on a strain 
insulator. Transport to the stripping floor is on an 
overhead monorail. 

Two lead coils per cell, one at each end, cool the 
electrolyte. About 2200 gal per min of cooling water 
is pumped to the cell room from wells on the plant 
property. 

Positive air pressure is maintained in the cell 
room to dissipate fumes by forcing in 125,000 cu ft 
per min of fresh air. 


Cell Room Operation 


Rated cathode zinc production is 128 tons daily. 
The average current is 11,800 amp. These meet 
ASTM special high grade zinc specifications. 

Electrolysis is carried on at an average cathode 
current density of 36.5 amp per sq ft. The electro- 
lyzing solution contains about 135 g per liter of 
zine and is regulated to the upper ten cells of each 
cascade to maintain an acid concentration between 
105 and 110 g per liter sulphuric acid. The tail cells 
are stripping cells and the spent electrolyte leaving 
them contains about 125 to 135 g per liter sulphuric 
acid. Manganese depletion in the cells is about 0.5 
g per liter. Cell temperature is normally maintained 
below 40°C. Acid concentration in each cell is tested 
nine times daily by measuring the conductivity of 
the solution. 

Conductivity comparison measurement of known 
titrated acid concentrations in the cell has been used 
at Monsanto since shortly after the plant was put 
into operation in 1941. Further development and 
refinement of the method of cell acid determination 
was made in 1949. The original method consisted 
of a complete recording of acid concentrations for 
all cells and the use of this recording to adjust the 
flow of neutral electrolyte feed to maintain the de- 
sired acid concentrations. It was recognized that if 
means could be found to inform the operator of the 
conductivity test probe, that the acidity was high, 
low or satisfactory, within a desired control range, 
simultaneous flow adjustments could be made at the 
time tests were made. Fig. 12 shows the design of 
the probe now in use. It was developed by using 
a high speed conductivity recorder with adjustable 
control contacts. Three audio devices actuated by 
the recorder contacts were first used but the noise 
level of the cell room during stripping operations 
prevented clear and understandable signals reach- 
ing the probe operator. Several groups of red, white, 
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and green signal lights, visible to the probe operator 
at all locations in the cell room, are now in opera- 
tion. Upon adjustment of the contact to the desired 
control range, the probe operator is advised, upon 
inserting the probe in the cell, whether the cell 
tested is high, low or the desired acid concentration. 
A red light indicates high acid, a green light, low 
acid, and a white light, that the concentration is 
within the desired acid range. If adjustment of the 
flow is desired, the probe operator makes it at the 
same time the adjacent cell is tested. The results of 
this control method have been very satisfactory. It 
not only maintains more uniform acid concentration 
but also requires one less operator per shift. 

Cathodes are removed for stripping once each day 
and returned to the same cell. Nine adjacent 
cathodes, one-third of the number in a cell, are re- 
moved at one time and transported to the foot of 
the cascade. Zinc deposits are stripped from the 
aluminum by inserting the edge of a floor chisel 
under one corner of the deposit. Normally, the en- 
tire sheet can then be pulled off. Very strong ad- 
herence has occurred at times although it is not clear 
what has attributed to the adherence since the solu- 
tions contain no fluorine. Some correlation between 
rapid lowering of cell temperatures and sticking 
has been noted. Cathodes last about 18 to 20 
months and usually fail because of corrosion of the 
sheet above the solution line. 

Cleaning the cells and anodes requires the time of 
21 men five days a week. One cascade is cut out 
each day, the electrodes removed and electrolyte 
pumped out. Also on six cells only the electrodes 
are removed, making a total of 18 cells of anodes 
cleaned per day. Anodes are trucked to a cleaning 
area to be scraped and straightened. Cooling coils 
are scraped clean and the accumulated cell sludge 
is shoveled out to be returned to the concentrate 
roasters. 

The present cleaning process is laborious. Plans 
are being made to mechanize this work so that more 
cleaning can be done with the same or less labor. 
Hand chain hoists for lifting anodes have been 
changed to compressed air operated hoists. Hydrau- 
lic cleaning is being studied to eliminate hard scrap- 
ing of the anodes. 


Power Conversion Equipment 

The power for electrolysis and for auxiliaries 
throughout the plant is purchased from the Union 
Electric Co. There are two 8000 kva and one 7500 
kva underground, three phase, 60 cycle, 13,800 v 
cables. Power for auxiliaries is transformed by three 
1000 kva, single-phase and one 500 kva, three-phase, 
13,800/400 v transformers, 

Electrical conversion equipment for the electro- 
lytic process includes four 12 anode, 5500 amp, 700 
v water-cooled mercury-arc rectifiers and two 5000 
amp, 600 v de generators driven by an 8400 hp, 
13,800 v synchronous motor, the latter unit being 
used primarily to replace the rectifiers when they 
are removed from the line for repairs. The station 
arrangement places the oil-insulated, self-cooled 
type transformers outdoors, with the outdoor 13,800 
v switch gear. The rectifiers, regulating the heat 
exchangers and the metal-clad, oil circuit breaker 
are on the first floor of the station directly below the 
rectifiers to which they are connected. The recti- 
fiers, anode breaker, cathode breakers disconnect 
switches, duplex control panels, individual control 
panels, and motor generator set are mounted on the 
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Fig. 13—Comparison of manual and automatic control for power 
rectifiers. 


second floor at about the same elevation as the 
transformer secondary connection. Bus connection 
to the individual rectifiers are made below the recti- 
fier assembly. The neutral or negative connection 
from the interphase transformers is carried across 
the station directly below the rectifier assembly. 

For normal operation, the four rectifier units are 
paired on both the alternating current and direct 
current sides of the station. There are two three- 
phase autotransformers, one with 744° lead and the 
other 744° lag, with the load ratio control feature, 
each connected to two 6-phase transformers making 
a 12-phase unit for a paired rectifier assembly. and 
24-phase for the entire station. 

The operating advantage of the rectifier installa- 
tion over the rotating apparatus installation is par- 
ticularly emphasized by the problem of restarting 
the motor-generator unit after a power failure or 
shut-down. With rectifiers, all dec and ac breakers 
remain closed and the cell load is picked up by 
energizing the ignition circuits of all rectifiers simul- 
taneously. The time element, in re-establishing ser- 
vice after power interruption, is very small for a 
rectifier as compared to a motor generator set. Other 
advantages are less maintenance, simplified cooling 
system, and higher overall efficiency of about 95 and 
93 pet power factor. Because of the high operating 
reliability of the rectifier, arrangements were made 
to automatically control the cell load from the 
supervisory control center located just outside the 
cell room. This eliminated a station operator on each 
shift. Automatic current regulation, by means of a 
Leeds-Northrup Micromax ampere recorder, first 
actuates a motor-operated ignition control rheostat 
for a 4 pct voltage change and, if necessary, further 
changes are made by load ratio control transformers. 
Load characteristics of the cell room are sensitive to 
voltage changes. A 1 pct change in voltage makes 
about 5 pct change in current. This load character- 
istic makes it necessary to regulate frequently be- 
cause changes in the incoming voltage from 12,500 to 
14,500 are not uncommon. Fig. 13 compares the re- 
sults obtained by automatic constant current control 
over the manually controlled rectifiers. 

Current efficiencies for each cell room are de- 
termined by integrating the daily recorded ampere 
charts traced by two Leeds-Northrup recording po- 
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Fig. 14—Cell current control panel. 


tentiometers (Fig. 14) connected to their respective 
calibrated shunts in the cell circuits. 


Cathode Melting 


Weighed cathodes with an estimated 0.5 pct mois- 
ture are melted in a 130 ton suspended arch, natural 
gas fired, reverberatory furnace. Combustion is 
produced by three low pressure, Denver Fire Clay, 
natural gas burners equipped with manually oper- 
ated fuel-air ratio regulators. A Leeds-Northrup 
Micromax recording pyrometer records metal bath 
and product of combustion temperatures. This in- 
strument is equipped with high and low control 
contacts for both recorded phases of the operation. 
By means of a motor-operated gas valve, the firing 


Fig. 15—Furnace fume scrubber. 
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rate is controlled according to the limit set for the 
stack and metal temperature. If the metal tempera- 
ture is low, the gas is increased until the maximum 
metal stack temperature is reached at which point 
the gas firing is reduced. The results from the use 
of this automatic control were beneficial in the 
maintenance of a uniform melting condition in the 
furnace and produced a higher rate of conversion 
from cathodes to slabs. 

Furnace draft is induced by the fume recovery 
unit and is automatically controlled to maintain 
about 0.05 in. of water at the burner inside the fur- 
nace at all times except during drossing and charg- 
ing periods. 

Casting Operation 


There are two types of slabs produced at Mon- 
santo: the familiar 60 lb slab and an interlocking 
slab of the same size. Until 1947, the overall slab 
dimensions were 1854x8%4x1% in. and the slabs 
weighed 52 1b. In order to comply with the method 
of the Association of American Railroads for load- 
ing, bracing, and blocking carload shipments of zinc 
slabs, the overall dimensions of the slab were 
changed to 1744x85gx1% in. The slab weighed 60 
lb. This change eliminated the need for longitudinal 
or center gate bracing, since the reduced slab dimen- 
sions would permit loading the car with six slabs 
the long dimension across the car for almost all box 
cars available at the Monsanto shipping point. The 
use of cast pallet slabs was also adopted at this time. 
A pallet load or unit load consisted of 32 regular 
slabs and four pallet slabs with an overall dimen- 
sion of 344%4x174%4x21% in. high and weighed ap- 
proximately one ton. This unit load proved to be 
very economical in loading as well as in reducing 
car bracing. Unit load or entire carloads are banded 
if necessary in order to meet the customer’s specifi- 
cations. 

The entire casting operation is now being revised 
to incorporate a continuous casting machine. Since 
the finished design on this installation was not com- 
plete at the time this paper was written, no further 
reference to casting will be made here. 

Slab zinc sample specimens are taken with a 
graphite ladle from the wells each hour during 
casting and make up the sample for spectrographic 
analysis. 


Furnace Oxide Recovery 


Zine oxide in the furnace gases is recovered by 
water scrubbing, Fig. 15. This method is a radical 
departure from the more conventional cooling-trail 
and bag-house system for the recovery of oxide 
from zinc melting furnace gases. The unit was con- 
structed after tests by the plant staff and is, as far 
as is known, the first instance of the use of water 
spray jets for this purpose. It offers the advantages 
of relatively low initial cost, low cost in maintenance 
and operation, simplicity, and small space require- 
ments. 

A 30 in. brick-lined flue connects the furnace to 
a vertical spray cooling tower of the recovery unit. 
A 24 and a 30 in. water jet fume scrubber are in 
series with the spray tower. These are mounted on. 
the flat top of a 14 ft diam cone-bottomed steel tank: 
Two parallel baffles in the tank extend from the 
top into liquid in the body of the cone and divide 
the upper section into three chambers. The cooling 
tower is on the first chamber. A 24 in. duct leads 
from this to the 24 in. scrubber on the second cham- 
ber. A 30 in. duct connects this to the 30 in. scrubber 
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on the last chamber. Cleaned gas leaves the last 
chamber through a 30 in. steel stack. 

The fluid passing through the cooling tower and 
scrubbers has two functions. It creates the draft 
necessary to draw furnace gases through the unit 
and by intimate contact and mixing, collects the 
contained solids. 

Oxide washed from the flue gas collects in the 
lower part of the cone. The thickened pulp is with- 
drawn for 4 hr each day and fed to a 3x2 ft Oliver 
filter. The light pulp near the top of the cone is 
recirculated through the cooling tower and scrub- 
bers by a 1000 gal per min centrifugal pump at 40 
psi. 

The oxide cake collected on the drum filter is 
washed with water to remove chlorine. The result- 
ant zinc oxide filter cake is slurried with water and 
pumped to a spent electrolyte launder. 


Furnace Dross Handling 


During the last quarter of 1951, a new furnace 
dross handling system was put into operation. Prior 
to this time the melting furnace was drossed each 
day. Loose oxide was first raked into concrete 
buggies holding about 800 lb. These were dumped in 
a vented cooling room. Salammoniac was then 
worked into the metal bath and the remaining dross 
raked off after about 1% hr. Large pieces of metal 
were pulled from the cooled dross the next day and 
returned to the furnace. A portion of the remaining 
metal was separated from the dross by a 4 mesh 
vibrating screen and returned to the furnace. 

When the electrolytic plant was built, the melt- 
ing furnace was adequate for the cathode produc- 
tion. All cathodes were melted and cast in five days. 
The amount of dross was small and the ratio of 
slabs to cathodes was high. In expanding the plant 
in 1943, the main objective was to provide as much 
high grade zinc as possible for war purposes. Assum- 
ing that the electrolyzing department was run at 
full capacity, additional production of high grade 
zine could only be had by treating the skimmings 
alone. This was provided for by installing a gas re- 


Table III. Data for Plant Operations, December 1951 
Feed treated, tons 5,928 
Zinc, pet 65.7 
Lead, pct 1.0 
Cadmium, pct 0.42 
Iron, pet 6.2 
Zine dust used, tons 214.4 
Based on cathodes, pct 6.0 
Copper sulphate (25 pct Cu), tons 65.0 
60° HeSO, used, tons 438.0 
Dried residue produced, tons 1,903 
Zinc, pet 29.2 
Lead, pet 2.6 
Cadmium, pct 0.44 
Copper, pct 0.91 
Silver, oz per ton 18.04 
Copper cake produced, tons 98.4 
Zinc, pet 28.9 
Cadmium, pet 4.24 
Copper, pet 25.46 
Cadmium sponge produced, tons 13.0 
Cadmium, pet 77.54 
Cathodes stripped, tons 
Average amperes 10,710 
Ampere efficiency, pct 89.49 
Power consumption, kw-hr 
per lb cathodes, dc 1.381 
Cathodes melted, tons 3,598.4 
Slabs cast, tons 3,421.6 
Ratio slabs to cathodes 0.951 
Slab assay, pct 
Zinc (by difference) 99.9941 
Cadmium 0.0024 
Lead 0.0032 
Tron 0.0003 
NHz,Cl per ton slabs, Ib 4.02 
Skimmings produced, tons 59.0 
Zine, pet 82.5 
Cathodes, pct 1.4 
Labor, shifts per ton slabs 1.66 
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tort furnace at Fairmont, Ill. With about 65 pct of 
the total zinc in the skimmings present as oxide, the 
shipping of a few more tons of metallic zinc to Fair- 
mont did not justify additional equipment and labor 
to remove that small amount of metallic zine at 
Monsanto. With the ever yearly increase in produc- 
tion of zinc at Monsanto, the continued practice of 
treating skimmings at Fairmont became uneconomi- 
cal. Further, the handling of furnace dross was 
hard, hot physical work and the dust control was . 
inadequate. 

The introduction of dross drums and an eight 
hearth roaster with electric powered truck and other 
adequate handling equipment was made. These 
changes effected the following: 1—Dross drum 
treatment—Removal of: molten metal from the 
skimmings for the return to the furnace. This cut 
the assay of the skimmings to 82 to 83 pct. 2— 
Roasting Skimmings—To remove chlorine and oxi- 
dized metallic zine enabling the return of the roasted 
product to the leaching circuit. This gave about 3.5 
pct more cathodes from the same tonnage of calcine 
fed. 3—Drossing on each shift. 


Operation of Dross Handling Equipment 

Raw dross is transported by electric fork truck 
from the furnace in skip containers which hold 
about 800 to 1000 lb. These skips are elevated by 
the electric truck onto an air operated tilting table 
which discharges the dross into the dross drums, as 
is shown in Fig. 16. The drum is rotated until it is 
ready to receive a second skip. A small amount of 
NH,Cl is added to the charge to facilitate the separa- 
tion of zinc from the dross. After several revolu- 
tions, the drum is stopped with the drain holes at 
the bottom and the molten zinc is allowed to drain 
into the launder. The molten zinc flows down the 
launder and is collected in a cast iron slag ladle. 
When no more molten zinc comes from the drum, 
the rotation is reversed and the dross discharges into 
a screw conveyor. From the screw conveyor it is 
elevated into a feed bin where it can be fed con- 
tinuously into the dross roaster. 

The dross roaster is gas fired to maintain a tem- 
perature of 800°C, which is sufficient to reduce the 
chlorine to 0.01 pct. 

The data in Table III are those as of December 
1951 and are indicative of the plant operation. Be- 
cause of the “in process” inventories, tonnage figures 
for dried residue, copper cake, and cadmium sponge 
are not necessarily typical. 
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An Aid for Making Stereographic Plots 


When Working With Cubic Crystals 


by Colman Goldberg 


T is customary to plot crystallographic planes or 

axes on a Wulff stereographic net which is ruled 
with parallels of latitude and meridians of longitude. 
If a single crystal is placed at the center of a sphere, 
the coordinates of a crystallographic plane or axis 
are the coordinates of the point where the axis inter- 
sects the sphere. The standard (HKL) projection is 
the projection for which the sphere is rotated so that 
the (HKL) pole is at the center of the projection. 

Schiebold and Sachs’ and many others have pub- 
lished standard projections for the more important 
planes of a cubic crystal. With Tables I and II, it is 
possible to plot any plane (HKL) of a cubic crystal 
on a standard (001) projection if the absolute values 
of the individual H, K, and L are nine or less, which 
is almost always the case. Using the methods out- 
lined by Barrett,’ the standard (001) projection can 
be rotated so that any arbitrary plane is at the 
center of the projection. 

The tables are believed to be important for two 
reasons: 1—The heretofore published standard pro- 
jections usually are not of the proper size to fit the 
stereographic nets available. With these tables a 
standard projection can be made which will be of 
exactly the proper size for the available stereo- 
graphic net. 2—With the tables, planes that do not 
appear on the previously published standard pro- 
jections can be easily plotted. 

For these reasons, the tables are especially useful 
in the study of optical reflections from etched sur- 
faces and can also be used to make a standard pro- 
jection for the axis which is normal to the macro- 
scopic surface. (This axis can be found by X-ray or 
optical methods.) Then if the crystal is etched, the 
effect of the etchant can readily be determined by 
comparing the latitude and longitude of the reflect- 
ing planes (as determined with an optical goni- 
ometer) with the standard projection that has been 
prepared. 

Use of the Tables 

Fig. 1 shows the meridians and parallel which 
have been designated as zero longitude and latitude. 
The tables themselves are self-explanatory. The 
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Fig. 1—Outlines of a Wulff stereographic net. 


W=270° 


Fig. 2—Outlines of a polar stereographic net. 
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LAT.=-60° 
ce LAT. = 0° 
y= 180° @=90° 


Table |. Longitude of Plane (HKL) 


Longitude is positive when K is positive and negative when K is negative. 
Longitude = 0° for all planes that have K = 0. 
Longitude (HKL) = 180° — Longitude (HKL) 


K 1 2 3 4 5 6 7 8 9 
0 90°00" 90°00’ 90°00’ 90°00" 90°00" 90°00’ 90°00" 90°00" 90°00" 
1 45 00 63 26 71 34 75 58 78 41 80 32 81 52 82 53 83 39 
2 26 34 45 00 56 19 63 26 68 12 71 34 74 03 75 58 77 28 
3 18 26 33 41 45 00 53 08 59 02 63 26 66 48 69 27 71 34 
4 14 02 26 34 36 52 45 00 51 20 56 19 60 15 63 26 66 02 
5 11 19 21 48 30 58 38 40 45 00 50 12 54 28 58 00 60 57 
6 9 28 18 26 26 34 33 41 39 48 45 00 49 24 53 08 56 19 
7 8 08 15 57 23 12 29 45 35 32 40 36 45 00 48 49 52 08 
8 ze ati 14 02 20 33 26 34 32 00 36 52 41 11 45 00 48 22 
9 6 20 12 32 18 26 23 58 29 03 33 41 37 52 41 38 45 00 
Table II. Latitude of Plane (HKL) 
Latitude is positive when H is positive and negative when H is negative. 
Latitude = 0° for all planes that have H = 0. 
H if 2 3 4 5 6 7 8 9 
K2 + L2 
0 90°00’ 90°00" 90°00’ 90°00/ 90°00/ 90°00" 90°00’ 90°00/ 90°00’ 
1 45 00 63 26 71 34 15 58 78 41 80 32 81 52 82 53 83 39 
2 35 16 54 44 64 46 70 32 74 13 76 44 78 34 79 59 81 04 
4 26 34 45 00 56 19 63 26 68 12 71 34 74 03 15 58 77 28 
5 24 06 41 48 53 18 60 47 65 54 69 34 72 17 74 23 76 03 
8 19 28 35 16 46 51 54 44 60 30 64 46 68 00 70 32 72 33 
9 18 26 33 41 45 00 53 08 59 02 63 26 66 48 69 27 71 34 
10 17 33 32 19 43 30 51 40 57 42 62 13 65 41 68 26 70 39 
13 15 30 29 01 39 47 47 35 54 13 59 00 62 45 65 26 68 10 
16 14 02 26 34 36 52 45 00 51 20 56 19 60 15 63 26 66 02 
17 13 38 25 54 36 02 44 08 50 29 55 30 59 30 62 44 65 26 
18 13 16 25 14 35 16 43 19 49 41 54 44 58 47 62 04 64 46 
20 12 36 24 06 33 51 41 48 48 11 53 18 57 25 60 47 63 35 
25 11 19 21 48 30 58 38 40 45 00 50 12 54 28 58 00 60 57 
26 11 06 21 25 30 28 38 07 44 26 49 38 53 56 57 29 60 28 
29 10 31 20 22 29 07 36 36 42 53 48 06 52 26 56 03 59 06 
32 10 01 19 28 27 56 35 16 41 28 46 41 51 04 54 44 57 51 
34 9 44 18 53 27 13 34 27 40 37 45 49 50 12 53 55 57 04 
37 9 20 18 12 26 15 33 20 39 25 44 36 49 01 52 45 55 57 
40 8 59 17 33 25 23 32 19 38 20 43 30 47 54 51 42 54 54 
41 8 53 1721 25 06 32 00 37 59 43 08 47 33 51 20 54 34 
45 8 29 16 36 24 06 30 48 36 42 41 48 46 13 50 01 53 18 
50 8 03 15 48 22 59 29 30 35 16 40 19 44 43 48 32 51 51 
52 7 54 15 30 22 35 29 01 34 44 39 47 44 09 47 58 51 18 
53 7 50 15 22 22 24 28 47 34 29 39 30 43 53 47 42 51 02 
58 7 29 14 43 21 30 27 43 33.17 38 14 42 35 46 25 49 46 
61 7 18 14 22 21 01 27 07 32 38 37 32 41 52 45 41 49 03 
65 7 04 13 56 20 24 26 23 31 48 36 39 40 58 44 47 48 09 
68 6 59 13 38 19 59 25 54 31 14 36 02 40 20 44 08 47 30 
72 6 43 13 16 19 28 25 14 30 31 35 16 39 31 43 19 46 51 
73 6 41 13 10 19 21 25 05 30 20 35 05 39 18 43 07 46 29 
74 6 39 13 05 19 14 24 56 30 10 34 54 39 08 42 55 46 18 
80 6 23 12 36 18 33 24 06 29 38 33 51 38 03 41 48 45 1 
82 6 18 12°27 18 20 23 50 28 54 33 32 37 42 41 28 44 49 
85 6 11 12 14 18 02 23 27 28 28 33 03 3712 40 57 4 
89 6 03 11 58 17 38 22 59 27 55 32 25 36 35 40 18 43 39 
90 6 01 11 54 17 33 22 52 27 47 32 10 36 25 40 08 43 3 
97 5 48 11 29 16 56 22 06 26 55 31 21 35 24 39 05 42 25 
98 5 47 11 25 16 51 22 00 26 48 31 13 35 16 38 37 42 17 
100 5 43 11 19 16 42 21 48 26 34 30 58 35 00 38 40 41 59 
106 5 33 11 00 16 15 21 14 25 54 30 14 34 13 37 51 41 10 
113 5 22 10 39 15 46 20 40 25 11 29 27 BBD 8 40 15 
117 517 10 29 15 30 20 18 24 48 29 01 32 55 36 2 
128 5 03 10 01 14 51 19 28 23 51 27 56 31 45 35 16 38 30 
130 5 01 9 57 14 14 19 20 23 41 27 45 31 33 35 03 38 17 
145 4 45 9 26 13 59 18 23 22 33 26 29 30 10 33 36 46 
162 4 30 8 56 13 16 17 27 Oa Of 25 14 28 49 32 09 35 
following are examples of longitudes and latitudes y (129) = Longitude (921) = 63°26 
obtained from these tables: 6 (129) = 90° — Latitude (921) = 13°57 
(531) = Longitude (135) = 210°58’ 
(HKL) Longitude atitude 
6 (531) = 90° — Latitude (135) = 80°16’ 
(111) 45° 00’ 35° 16’ ‘ 
(257) 35° 32’ 13° 05’ Appendix 
(752) Come a we The tables have been calculated on the basis of 
_6° 18 the following relations which can be derived by use 
of simple trigonometry: 
K 
If a polar stereographic net is used instead of a Longitude (HKL) = Arc tan —— 
Wulff net, the tables can be used to find ¥ and 6, 
atitude (HKL) = Arc tan 
(HKL) = Longitude (LKH) 
0 (HKL) 90° Latitude (LEH) References 
For example: 1. Schiebold and G. Sachs: Ztsch. Krist. (1926) 63, 
211) = 45°00’ 
¥ (112) = Longitude (211) = °C. S. Barrett: Structure of Metals. Chapter 2 (1943) 
6 (112) = 90° — Latitude (211) = 35°16’ New York. McGraw-Hill Book Co. 


TRANSACTIONS AIME NOVEMBER 1952, JOURNAL OF METALS—1161 


Sampling of Liquid Steel for Dissolved Oxygen 


(With Discussion) 


by -G. Fo Batley -Richanas 


An improved bomb-sampling technique for obtaining samples for 
oxygen analysis from liquid steel is described. Analyses of samples 
taken from open-hearth furnaces by the improyed method show 
sufficient agreement with laboratory data to indicate the accuracy 
of the method is better than that of other existing sampling methods. 


HE bomb-sampling method of determining the 
oxygen content of a liquid-steel bath was studied 
by obtaining and analyzing more than 200 samples 
from normal open-hearth heats. Of these samples, 
about 60 were obtained with a bomb of conventional 
design;* the remainder were taken with a somewhat 
modified bomb designed to give greater protection 
against slag contamination. In the new device, the 
contacting faces of the cast-iron mold halves are 
machined so that they fit closely; the opening at the 
top of the bomb is covered with a thin steel cap; 
and the top of the bomb is further covered with a 
wood block held in place by heavy steel wire. After 
the bomb has passed through the slag layer and has 
entered the steel bath, the wire melts and the wood 
block floats to the surface. Thereafter, the steel melts 
through the thin cap and flows into the bomb cavity 
where it is deoxidized with aluminum wire. An 
assembled bomb, ready for sampling, is shown in 
To standardize sampling procedure, the samples 
were usually taken through the center door and at 
the bottom of the furnace; that is, the bomb was on 
the bottom when the metal cap melted. After each 
addition to the furnace, at least 20 min elapsed be- 
fore a sample was taken. 
The oxygen contents of all the samples were de- 
termined by using the vacuum-fusion method, two 
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Fig. 1—Modified bomb assembled and ready for sampling. 


or more specimens from each sample being analyzed. 
The specimens were cubes of metal cut from a region 
in the interior of the bomb sample, as shown in 
Fig. 2. Drillings for carbon analysis were obtained 
immediately above the oxygen-analysis region. 


Reproducibility of Results 

In determining the reproducibility of the results 
obtained with the modified bomb, the following four 
factors were studied: 1—variation in the oxygen 
concentration of duplicate specimens taken from a 
single sample; 2—variation in the oxygen concen- 
tration of duplicate samples taken in quick succes- 
sion; 3—effect of the amount of aluminum wire 
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which was used as a deoxidizer on the oxygen con- 
centration of samples; and 4—effect of the size of 
aluminum wire. 

Analyses of specimens from each bomb sample 
showed that, for two thirds of the samples, the oxy- 
gen concentrations of the two or more specimens 
differed from each other by less than 10 pct of the 
mean oxygen concentration; for seven eighths of the 
samples, by less than 15 pct; and for only one 
twentieth of the samples, by 20 pct or more. Because 
of this good agreement, the extent of segregation 
of alumina particles was not considered significant; 
consequently, segregation was eliminated as a pos- 
sible source of any discrepancy between the actual 
oxygen content of the bath and that of the bomb 
sample. 

The data for the duplicate samples taken in quick 
succession were gathered on the assumption that 
should errors in the oxygen determination arise 
from such sources as slag entrapment or a boil on 
the cold surfaces of the bomb, the oxygen analyses 
of the pair would probably not agree. The carbon 
and oxygen contents of the duplicate samples are 
shown in Table I. Of the 19 pairs of samples, 12 
(63 pct) show a difference in oxygen content of 
0.001 pct or less; 16 (84 pct), a difference of 0.002 
pet or less; 17 (90 pct), a difference of 0.003 pct or 
less. This compares favorably with the precision 
claimed by Brower and Larsen* for their spoon 
method. 

Derge, in his work with the wedge-sampling 
method,’ reported oxygen data on 15 duplicate sam- 
ples. Of these, two showed a deviation as high as 
0.013 pct oxygen, and eight as high as 0.0045 pct. 


Fig. 2— Sample ingot showing positions from 
which specimens for yacuum-fusion analyses 


(square areas) and carbon analyses (round 


holes) were taken. 


Fornander‘ took bomb samples with a device 
exactly the same as that described in the present 
paper except that the molds were machined from 
mild steel rather than from cast iron. He reports 
that of 39 duplicates, only one pair showed a dis- 
crepancy larger than 0.003 pct O. There is no indi- 
cation, however, that Fornander took any of these 
samples from baths having carbon contents of less 
than 0.04 pct. 

The amount of aluminum wire added to approxi- 
mately half the samples was 0.5 pct of the sample 
weight; the amount added to the remainder was 
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Table |. Carbon and Oxygen Contents of Duplicate Samples Taken 
With the Modified Bomb 
Sam- Sam- Sam- 
ple C, oO, ple C, oO, ple C, oO, 
No. Pet Pet No. Pet Pet No. Pet Pct 
B364 0.34 0.0127 | B529 0.18 0.0236 B542 0.41 0.0111 
B365 0.34 0.0137 | 0.18 0.0200 0.41 0.0132 
B366 0.22 0.0185 | B531 0.12 0.0280 B544 0.27 0.0155 
B367 0.22 0.0172 | B532 0.12 0.0276 B545 0.27 0.0161 
B368 0.34 0.0138 | B533 0.46 0.0135 B546 0.052 0.0462 
B369 0.34 0.0156 | B534 0.46 0.0129 B547 0.052 0.0453 
B370 0.22 0.0193 | B535 0.24 0.0178 C638A 0.022 0.069 
B371 0.21 0.0202 | B536 0.21 0.0169 C638B 0.031 0.070 
B437 0.32 0.0120 | B537 0.67 0.0120 C639A 0.024 0.070 
B438 0.32 0.0109 | B538 0.67 0.0120 C639B 0.028 0.075 
B440 0.22 0.0211 | B539 0.49 0.0130 C766A 0.014 0.0510 
B441 0.21 0.0208 | B540 0.49 0.0127 C766B 0.014 0.0503 
C1178A 0.041 0.0360 
C1178B 0.032 0.0345 


1.0 pct. Fig. 3 shows that either of these percentages is 
satisfactory provided that the vacuum-fusion method 
is used in analyzing the specimens. 

The size of aluminum wire might have an effect 
on the reproducibility of results because, for very 
small wire, the surface-to-volume ratio is sufficiently 
large that the normal aluminum oxide film on the 
wire might introduce a significant error in the oxy- 
gen determination. On the other hand, wire of large 
diameter may not be completely melted before the 
steel solidifies and consequently may not be dis- 
tributed uniformly throughout the sample. In the 
series of samples taken with the conventional bomb, 
wire diameters of 0.012, 0.050, and 0.081 in. were 
used so that any difference in the oxygen analysis 
due to the size of aluminum wire could be detected. 
Fig. 4 shows that the size of aluminum wire has no 
significant effect on the results. There is no reason 
to suppose that this finding would be changed by 
the use of the modified bomb. Actually, in the 
modified-bomb series, wires with 0.012 and 0.050 in. 
diameters were used interchangeably. 

How representative the results of the vacuum- 
fusion analyses of bomb samples are of the actual 
oxygen concentration in the liquid-steel bath can 
be inferred only from the usefulness of the data in 
understanding the reactions that occur in the bath. 


Carbon-Oxygen Reaction 

In Figs. 3 and 4, the data obtained with the modi- 
fied bomb and with the conventional bomb, respec- 
tively, are plotted as activity of oxygen vs. weight 
percentage (activity) of carbon. Laboratory experi- 
ence has shown that the activity coefficient of carbon 
does not differ much from unity except at carbon 
concentrations greater than 1 pct. Consequently, the 
earbon activity for all the samples was considered 
equal to the weight percentage of carbon. The values 
for activity of oxygen were obtained by multiplying 
the percentage of oxygen by the activity coefficient 
of oxygen determined by Marshall and Chipman.° 

In Fig. 5, average curves are plotted for three 
methods of sampling; namely, the modified-bomb 
method, the conventional-bomb method, and the 
Brower and Larsen spoon method. For comparison, 
the equilibrium curve for a pressure of 1.6 atm 
(36-in. bath depth) and an average open-hearth 
temperature of 1577°C (2870°F) is plotted as a 
dashed line.® 

The data obtained with the modified bomb is 
represented by curve 2 in Fig. 5. For carbon con- 
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Fig. 3—Oxygen activity ys. percentage of carbon—modified bomb. 


centrations greater than about 0.08 pct, curve 2 lies 
somewhat above equilibrium curve 1. This differ- 
ence in the position of the two curves is expected, 
since a concentration of oxygen in excess of the 
equilibrium concentration is required to permit the 
carbon-oxygen reaction to progress at a practical 
rate (Brower and Larsen AO).* But it must be em- 


phasized that the exact amount of excess oxygen - 


required is not known, and that at least part of the 
difference in the position of the two curves may be 
due to a systematic error in the method or to a 
wrong choice of an equilibrium pressure of 1.6 atm. 
At carbon concentrations below about 0.08 pct, curve 
2 levels off and falls below the equilibrium curve. 
This condition apparently arises from the fact that 
the oxygen activity in the metal is now being con- 
trolled by the slag rather than by the carbon con- 
centration. Evidence for this hypothesis will be given 
later. 
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Fig. 5—Oxygen activity ys. percentage of carbon—comparison of 
various methods of sampling. 


The curve representing the data obtained with the 
conventional bomb, curve 3, Fig. 5, shows the same 
general behavior as the curve for the modified bomb. 
However, the oxygen values obtained are higher in 
the former method. The difference may be attributed 
to the presence of slag in the samples taken with 
the conventional bomb, although an effort was made 
to keep slag off the metal cap while slagging the 
bottom and the sides of the bomb. This effort may 
not always have been entirely successful; or, if the 
effort was successful, slag may have adhered to the 
cap a few seconds later when the whole assembly 
was plunged through the slag layer into the metal. 
When the cap was subsequently melted, this small 
amount of slag would have been washed into the 
bomb cavity where the oxides of iron, manganese, 
and silicon wouid have immediately oxidized the 
aluminum to aluminum oxide. Consequently, the 
analysis for oxygen, whether performed by using 
either the vacuum-fusion method or the wet chem- 
ical method, would have given high results. A 
number of samples taken with this method were 
discarded without analysis because of large slag in- 
clusions, Fig. 6. The wood cover used on the modi- 
fied bomb prevented contact between the slag and 
the top of the bomb. 

Data obtained by Brower and Larsen with their 
spoon method are represented by curve 4, Fig. 5. 
The oxygen concentrations obtained with this method 
are considerably higher than those obtained with 
either of the bomb techniques. The possibility that 
the high oxygen values are caused by pouring the 
liquid metal through the air is immediately sug- 
gested. In the bomb method, of course, the sample 
is solid before it comes in contact with air. 


Equilibrium Between Slag and Metal 

Curves 2 and 3 of Fig. 5 both show a tendency for 
the oxygen activities to level off at low carbon con- 
centrations. It appears that when the carbon content 
is below about 0.10 pct, it no longer controls the 
oxygen concentration. This observation implies that 
in the finishing stage of a low carbon heat, the oxy- 
gen concentration depends on the oxidizing power 
of the slag; for, although the carbon present will 
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allow a higher oxygen value than is actually found, 
the steel can have no higher oxygen pressure than 
the slag, which is its only source of oxygen. 

The tendency toward equilibrium of slag and metal 
may be verified by making use of recent work of 
Herasymenko.°® This author has derived empirically 
the following equation from the laboratory data of 
Winkler and Chipman:’ 


(Fe**) 
[a,](O-)% 


where (Fe**) is the ion fraction of ferrous ion in the 
slag; (O-), the ion fraction of oxide ion in the slag; 
[a.], the activity of oxygen in the metal; and A, a 
constant. 

Slag samples were taken simultaneously with 
nearly 50 of the modified-bomb samples. The data 
thus obtained were substituted into the equation 
just referred to in order to obtain A. In Fig. 7, A is 
plotted against the logarithm of carbon concentra- 
tion. Reference to this graph shows that A is 
certainly not constant at carbon levels greater than 
0.10 pct but tends toward a constant value at the 
lower carbon levels. 


Summary 


An improved bomb-sampling device for the sam- 
pling of liquid steel for dissolved oxygen is described. 
The improvements are all designed to provide better 


Fig. 6—Sample obtained with conventional bomb 
showing slag entrapment. 


protection against slag contamination than that 
afforded by the conventional bomb. It is shown that 
the oxygen analyses obtained with the vacuum- 
fusion method are consistent both within a single 
sample and between duplicate samples. 

The effect of the amount and the size of aluminum 
wire used as a deoxidizer is shown to be insignificant 
within the ranges studied. 

The relationship of the oxygen concentration of 
an open-hearth bath to the carbon concentration 
and to the slag composition is considered; and it is 
shown that the oxygen dissolved in the bath is more 
nearly in equilibrium with the carbon at carbon 
levels greater than 0.10 pct and is more nearly in 
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Fig. 7—Oxygen equilibrium between slag and metal. 


equilibrium with the slag at carbon levels less than 
0.10 pct. 
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DISCUSSION, D. L. McBride and R. E. Birch presiding 


C. R. Taylor (Armco Steel Co., Middletown, Ohio)— 
We have conducted investigations along quite similar 
lines, and our results agree very well with those pre- 
sented by Dr. Huff. 

In the low carbon end of the diagram, Fig. 3, there 
is an effect of manganese on oxygen solubility. When 
carbon contents are less than 0.06 pct, the manganese 
can have an effect. If a manganese “correction,” if you 
want to call it that, is applied, the scatter, pct O vs. the 
reciprocal of the carbon content, is considerably dim- 
inished. 

We have used a small wooden plug, preferably of 
soft wood, occasionally in the bomb test, instead of a 
metal cap, which is inserted into the top of the mold. 
As soon as it is charred a little bit, it blows out and 
allows the metal to go into the mold, and the results 
appear to be good when it is used. 

I would like to ask Dr. Huff what chemical method 
is used to determine the alumina content of the sample. 
I do not believe he mentioned that. 
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G. F. Huff (authors’ reply)—All oxygen analyses re- 
ported were determined by the vacuum-fusion method. 

Dr. Taylor—That would apply to the solid piece, but 
you had drillings, too. 

Dr. Huff—Those drillings were for carbon. We did 
not use a wet chemical method for the determination 
of alumina. 

Dr. Taylor—We have used straight nitric acid for 
solution of millings or drillings with good results. 

B. M. Larsen (United States Steel Co., Kearny, N. J.) 
—tThe authors of this paper have done a very careful 
and painstaking job in refining of analytical methods 
and in checking duplicate samples obtained by the 
method of sampling which they have developed, and 
my only reason for being critical of this paper is that 
I believe there is good reason to believe that this method 
of sampling in general gives low results. This matter 
is of some importance because our picture of the mech- 
anism of this whole process, of the carbon oxidation 
reaction, of the movement of oxygen into the liquid 
steel, and of the sort of equilibrium or steady state 
which exists between slag and metal, all these are 
affected more or less by this question of the degree of 
supersaturation of oxygen in the bath with respect to 
any given level of carbon content and effective CO 
pressure. 

Not only the authors of this paper, but most of the 
other investigators in this problem have apparently 
taken it more or less for granted that the so-called 
spoon method of sampling gives high results and it is 
therefore necessary to use some form of this bomb 
method to obtain a more precise value, in sharp dis- 
agreement with a rather detailed study of the two 
methods described by Brower and Larsen.’ Perhaps it 
has been taken for granted that oxygen from slag or 
atmosphere will diffuse quite rapidly into the fairly 
quiet but small mass of steel in the sampling spoon. 
Actually, however, the rates of diffusion of solute atoms 
in liquid iron without stirring are of the order of 1 cm 
per hr, so that, in the approximately 3 to 4 sec required 
after dipping to remove a spoon and pour the metal, 
with relatively little mass stirring in the spoon and 
only 2 to 3 in. of flow distance through the air, the 
amount of oxygen absorption should be small. This 
was confirmed in the work previously mentioned,” 
which indicated that, although a small error on the 
high side was possible with the best spoon-sampling 
technique, its magnitude could not be greater than 
about 0.005 pet O and probably was much smaller on 
the average. 

On the other hand, many indications confirm the 
danger of getting too low a value, due to a localized 
boiling out of both carbon and oxygen as CO. This will 
often happen even in the spoon-sampling method, if 
the spoon is not well coated with slag, if the slag is 
lumpy, or if the metal is cold and starts to freeze in 
the spoon. This effect has been repeatedly proved by 
the accompanying loss of carbon wherever there is 
even a little bit of boiling in the spoon before the metal 
can be poured into the mold containing aluminum wire. 
In general, whenever we were sampling on a cold bath 
or one with lumpy slag, or if any boil in the spoon was 
suspected on one sample, we would take three check 
samples, and in a number of such cases, two of the 
three would check closely in both carbon and oxygen 
values with the third running low in both oxygen and 
carbon, the loss of carbon corresponding (within the 
limits of error) with the decrease in oxygen as com- 
pared to the other two samples. There are other indi- 
cations of this sort which we will not detail here but 
which all tend to establish the variable but quite ap- 
preciable excess of dissolved oxygen in a bath on a 
boil, equivalent to an apparent CO pressure of any- 
where from 2 to 10 atm, so that the main difficulty in 
obtaining a good sample here is that of preventing the 
“Dpoil-out” until the metal can be brought into contact 
with the aluminum wire deoxidizer. This is less a 
matter of speed than of avoiding conditions tending to 
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stimulate bubble formation in the mass of metal near 
or in the sample mold. In a well-slagged spoon, the 
liquid metal is almost totally enclosed by a liquid slag 
surface which seems to prevent bubbles from starting 
to form. In bomb sampling on the other hand, even 
with most of the bomb surface well slagged, the metal 
which melts through the thin steel cap and which flows 
over the inside shoulder of the bomb is in contact with 
cold metal which is a very good bubble starter, and 
this we believe is what leads to low results, sometimes 
erratic. Of course if the boil-out is greater, the excess 
oxygen will be quickly lowered near to the carbon 
equilibrium, at around 1.5 atm, and results will tend 
to be lower but less erratic. This is why we felt that 
the authors here have been fooled by consistent check 
values; their use of a wooden block over the mold 
gives them the very best condition for starting a local 
boil in that metal entering the mold, a conclusion which 
tends to be substantiated by the values at low carbon, 
see Fig. 3, which are even below the apparent C-eaui- 
librium value. Note also in Fig. 5 that this wooden 
block technique tends to give the lowest results, below 
those with the conventional bomb technique where 
boil-out probably occurs but to a lesser extent where 
the wood block is not present to contact the metal for 
a short time before it breaks off and floats away (even 
the “heavy steel wire” holding the wood block in place 
helps to stimulate the localized boiling action). Fig. 5 
shows how the spoon-test values are above those from 
both bomb-mold techniques, and the writer feels that 
these higher values, though they may average a little 
bit on the high side, are much closer to the true oxygen 
contents in a boiling bath. 

In general, our criticism is that though the work 
described in this paper was carefully done, the par- 
ticular sampling technique employed was so peculiarly 
designed to give large errors on the low side that the 
results are of no significance to our understanding of 
the open-hearth bath process. We would like to urge 
that more thoughtful consideration be given to the 
points discussed above and to the advantages of the 
spoon-sampling technique. 

Frank Norris (Wheeling Steel Co., Steubenville, 
Ohio)—I agree with Mr. Larsen to a certain extent, 
that is, that the authors have certainly done an excel- 
lerit piece of work and have reported a very useful 


_ investigation. Perhaps the question that I would like 


to ask might throw some light on the point that Mr. 
Larsen mentioned. Is the bath ahead of the slag or is 
the slag ahead of the bath? This action of driving from 
the slag to the bath all the time means the slag is 
ahead of the bath, and that is certainly true of the 
method that at one time was the conventional process 
of oxidizing heats. 

The question I would like to ask is: Have you ob- 
served any differences between the samples taken after 
only an ore addition compared with those taken after 
oxidizing with lance oxygen? 

Dr. Huff—We have no data pertinent to this ques- 
tion, since we purposely refrained from sampling for 
a half hour after an ore addition. 

Dr. Taylor—We have made measurements shortly 
after boiling oxygen and using a bomb test, and they 
agreed very well with the carbon equilibrium. In other 
words, there did not seem to be much displacement. 
However, we have not done much work on it. I would 
like to point out that the bomb test is slagged up as 
it goes into the bath, and the only time that this boil 
could occur is when the piece of metal goes into the 
bomb. When we take a sample we use little pillboxes. 
They have a cap and a base, we use the base. We put 
the aluminum in the pill box, so that as the steel goes 
into the mold it hits the aluminum immediately, which 
would prevent any such boiling from occurring in the 
sample. In other words, it will be killed immediately. 

M. Tenenbaum (Inland Steel Co., East Chicago, Ind.) 
—In answer to Mr. Norris’ question, we have taken 
some random samples immediately following additions 
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of ore and gaseous oxygen to the open-hearth bath. 
The samples were taken as conventional bomb tests. 
At the time that these tests were taken, we felt they 
were accurate and rather useful. We still have no rea- 
son to think otherwise. The analysis of samples taken 
immediately after an ore addition is quite different 
than that existing earlier. As would be expected, the 
oxygen content at that time is quite high, reflecting the 
process whereby the iron oxide dissolves into the 
molten metal. We have never been successful in sam- 
pling for dissolved oxygen using the slagged spoon 
technique. Actually I am not too sure that it would be 
possible to obtain a good test using the slagged spoon 
ae the confused period just following an ore addi- 
ion. 

We have also sampled for dissolved oxygen while 
gaseous oxygen was being introduced into an open- 
hearth furnace through a jet. A typical result is as 
follows: 


Bath Analy- 
sis, C Pct O 
Sample No. L 
Before introducing gaseous oxygen 0.19 0.027 


Sample No. 2 
During introduction of oxygen 0.05 0.067 
(samples taken just below jet) 


Sample No. 3 
After jet has been removed 0.11 0.043 
(7 minutes after sample No. 2.) 


These figures show that the dissolved oxygen content 
in the localized highly active zone just below the jet 
is very high. The carbon content, however, is just about 
what would be expected with that oxygen analysis. In 
other words, a condition exists just below the jet where 
the carbon content is considerably below the average 
of the bath, while the oxygen is definitely higher. The 
relation between the bath carbon and bath oxygen is 
just about what would be expected in the open hearth. 

On removing the jet, the local action subsides some- 
what and a sample taken at that time indicates that 
the carbon and oxygen contents are again averaged 
out; that is, the carbon content increases and the oxy- 
gen content decreases correspondingly. 

As stated previously, all of our results have been 
obtained with the bomb-type sample. The major pre- 
caution used in taking samples from a moderately 
quiet bath is that whenever any boiling action is ob- 
served above the immersed bomb, the sample taken is 
discarded. 

Our experience with spoon testing has never been 
too successful. We have surely never been able to 
develop the same confidence in the technique as has 
Mr. Larsen. It should be pointed out, however, that 
wherever we have had an opportunity to compare re- 
sults, we have found that our oxygen values have 
corresponded reasonably well with those of Mr. Larsen. 

Mr. Larsen—There was not anything very involved 
about the spoon-sampling technique, except that we 
did have to be very fussy about getting a well-sampled 
spoon. We also found, if we lined the top of the bomb 
with aluminum foil and then put on a little aluminum 
cap and had a loose iron cover, just to give a little 
shielding to get through the slag, that the values were 
more nearly in agreement with the spoon-test values. 
Since those values seemed to agree best with the car- 
bon-oxygen drop in tapping, we felt that all that extra 
trouble in the bomb technique was hardly justified. 

Mr. Tenenbaum—We have tried using aluminum caps 
on our bomb molds. In general, results with the alu- 
minum cap tended to be less consistent and somewhat 
higher than were the results obtained when using steel 
caps. We attributed the higher and less consistent re- 
sults to the observed presence of slag in the tests ob- 
tained when using the aluminum caps. We never did 
shield the aluminum caps. I would expect that the 
results obtained by Dr. Taylor would come closest to 
the shielded-cap condition. 
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Mr. Larsen—The main thing that we concluded was 
that the bath has a boiling tendency, and when the 
metal has to melt through any steel cover or cap in 
getting through the mold cavity, that is the time in 
which it can do a little boiling, even on only a very 
thin layer of steel. The impression that we formed 
was that in such a boiling bath (and a steady state 
carbon boil indicates a bath which has a very natural 
tendency to boil), any such condition you put in there, 
your chances of getting too low will be greater than 
getting high. - 

Robert Kulp (Electro Metallurgical Co., Pittsburgh) 
—Mr. Larsen once presented a very nice paper on air 
oxidation of various elements in the tapping of open- 
hearth heats. I cannot see on the basis of those re- 
sults how it can be argued that this spoon test is 
proper, because in pouring that spoon test you do ex- 
pose your steel to the atmosphere. 

P. Herasymenko (New York University, New York) 
—I concur with the opinion expressed by Mr. Larsen 
that the reproducibility of tests does not constitute the 
proof that the test method is correct. It is usually 
assumed that the composition of the steel bath remains 
unchanged when the bomb sampler is immersed in the 
boiling bath. A very simple experiment can be made 
to prove that a considerable change in the composition 
of the liquid metal can take place during the immer- 
sion of solid metallic bomb. 

Take a very thin sheet which is used for the cap of 
the bomb, immerse it for a fraction of a second, say 
half a second, into unkilled liquid steel which is con- 
tained in an induction furnace without slag. During 
this very short immersion, we observe a very rapid 
evolution of gas on the sheet. When this sheet is 
withdrawn from the bath after half a second of im- 
mersion, we observe that the sheet remained unmelted, 
and about 1 mm of steel has solidified on each side of 
this very thin sheet. 

In the case of the bomb, the mass of metal is much 
larger so that more steel can solidify on the cap before 
it is remelted again. The solidified steel and the cap 
itself act as excellent catalyzers for the carbon-oxygen 
reaction. Thus, there must be some decrease in the 
oxygen content of steel entering the bomb. 

The fact that the method used by Brower and Larsen 
gives higher oxygen values speaks in favor of their 
method. This can be proved easily by taking samples 
for oxygen determination by both methods before and 
immediately after the addition of a strong deoxidizer, 
say ferrosilicon, to a boiling bath containing high car- 
bon. We observe that before the addition, the bomb 
samples give much lower, sometimes twice lower, 
oxygen contents than the spoon samples. On the other 
hand, spoon samples taken shortly after the deoxida- 
tion of liquid steel with ferrosilicon give practically 
identical oxygen values with those found in bomb 
samples. Thus, it can be concluded that the oxygen 
pickup in spoon samples from the air and from slag 
coating of the spoon can be neglected. 

I think that the danger of extraneous oxidation of 
steel in the spoon is exaggerated. The spoon method 
is simpler and, when the operator has acquired suf- 
ficient skill, is quite as reproducible as other more 
complicated methods. 


Shadburn Marshall (United States Steel Co., Pitts- 
burgh)—I would like to say a word or two in defense 
of Dr. Huff. He set out to evaluate a bomb method and 
that is all he has reported here. In his evaluation of 
it, to determine its precision, he took duplicate samples. 
The results he obtained on duplicate samples are closer 
than those anybody else has reported by the spoon 
method. I would say that that shows better precision. 
It is the only means we have to determine the preci- 
sion. Then he proceeds to determine as nearly as he 
can the accuracy of the method. He picks the carbon- 
oxygen equilibrium data, and the results by his bomb 
method approach that closer than those of any other 
method based on data in the lterature. 
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A Corrected CO/CO, Ratio for Blast Furnaces 


by Sid T. Killian 


DISCUSSION, Simon Feigenbaum presiding 


T. L. Joseph (University of Minnesota, Minneapolis, 
Minn.)—Mr. Killian is to be commended for his inquiry 
as to why a decrease of 15.3 pct in coke consumption 
was accompanied by a decrease of only 1.9 pct in the 
CO/CO, ratio of the top gas. Although I encouraged 
him in his efforts to find a more significant and mean- 
ingful carbon-gas ratio, the method, calculations, and 
conclusions originated entirely with the author. 
Whether we agree entirely with the assumptions 
underlying his corrected ratio, I think we can all agree 
that a better ratio is needed, and that he deserves 
credit for recognizing the need and for doing some- 
thing about it. 

To be most useful, the CO/CO, ratio for the top gas 
should reflect the way in which the carbon is gasified 
in the furnace, particularly the degree of oxidation 
and the extent of heat release. The effect of CO, from 
the decomposition of the limestone and the effect of 
the reaction of CO and water vapor in the upper part 
of the furnace on the quality of top gas should be 
isolated from the effect of more basic reactions such as 
ore reduction and solution loss. 

The reduction of sufficient iron oxide to produce a 
ton of pig iron and the accompanying changes in the 
proportions of the carbon gases can be expressed on a 
mol basis as follows: 


16.5Fe,O, + 16.5CO — 33FeO + 16.5CO, [1] 
33FeO + 33.0CO — 33Fe + 33CO, [2] 


The CO, from eq 1 normally escapes from the fur- 
nace because it does not react with coke at the tem- 
perature of its release. However, as much as 50 pct 
of the CO, from eq 2 may react with coke because it 
is released at temperatures above 1000°C: 


16.5CO, + 16.5C = 33CO [3] 


Thus we see that the gasification of 16.5 mols or 
about 200 lb of C in solution loss will regenerate as 
much CO as is required for the last stage of reduction. 
The pronounced effect of reaction 3 on the final pro- 
portions of CO and CO, in the gas stream is obvious. 
It aiso follows that reaction 3 materially alters the 
heat release but it cannot be entirely eliminated in 
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Table IX. Hydrogen Pickup on Four Levels Above the Tuyeres 


Aver- 

age 

Ft He Tem- 

Plane FtBelow Above He, Accumu- ture, 
No. Stockline Tuyeres Pet lative, Pct oF 
1 3 65 3.4 72.8 700 
2 11 57 3.2 64.4 1300 
3 21 46 2:3 54.0 1570 
4 44 24 0.9 30.7 1720 

Tuyeres 65 0 27.0 


Lake ore practice. A previous study indicates that 100 
lb of solution loss may be necessary to maintain the 
reducing power of the gas. A reduction of 100 1b from 
the normal level of 200 lb would mean that over 1,- 
000,000 additional Btu are released in the process. The 
100 lb of additional carbon which will be burned at 
the tuyeres will release 437,000 Btu and the absorption 
of 583,000 Btu by eq 3 would be prevented. 

One of the chief objectives of sized ore burdens and 
more uniform distribution of the gas stream is to mini- 
mize solution loss by completing reduction higher in 
the furnace and in turn to release the maximum 
amount of heat from the carbon charged. It was odd, 
indeed, to find that the use of sized ore and sinter in 
the careful tests reported by Dobscha had changed the 
CO/CO, ratio very little. 

The author has stressed the close correlation be- 
tween his corrected CO/CO, ratio and production. A 
correlation of fuel consumption and the CO/CO, might 
be more logical. Fuel consumption on the prepared 
ore burden decreased 15.3 pct whereas the corrected 
CO/CO, ratio decreased 19.0 pct. Although this agree- 
ment between the reduction in fuel and the reduction 
in corrected CO/CO, ratio is not as close as the correla- 
tion with tonnage, it indicates the corrected ratio is 
superior to the normal ratio which decreased less than 
4 pct. 

Some adjustment should be made for the reaction: 


H,O = CO, H, —700Btu [4] 
because there is evidence to indicate that about one 
half of the hydrogen is formed in the upper 21 ft of 
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ee fla and about 28 pct in the upper 3 ft of the 
stock. 

In exploring the gas phase of a Lake ore furnace at 
four levels above the tuyeres, Kinney: obtained the 
information on hydrogen pickup given in Table IX. 

The top gas from this furnace contained 4.1 pct H, 
equivalent to a pickup of 28.2 pct in the upper 3 ft of 
the stock. Evidently, water added to the skip to con- 
trol dust losses promotes the formation of hydrogen. 
At temperatures below 1600°F, 54 pct of the hydro- 
gen was formed in the upper 21 ft of the stock. 
Reaction 4 is endothermic and accordingly proceeds to 
the right at lower temperatures, Moreover, it is highly 
susceptible to catalysis by iron oxides. However, 27 
pet of the H, was formed at the tuyeres by way of 
moisture in the blast and the water-gas reaction. 
Therefore, we cannot assume that all of the hydrogen 
in the top gas is formed by reaction 4. Before we can 
adjust the CO/CO, ratio for H,, we need more complete 
information as to what portion of the total H, is formed 
by reaction 4. 

Rather than make no correction at all, I think it 
would be better to assume that perhaps 65 to 75 pct 
of the H, is formed by reaction 4. Certainly changes 
in the CO/CO, rates as a result of this slightly en- 
dothermic reaction are far less significant than changes 
resulting from reaction 3. 

J. F. Elliott (Inland Steel Co., East Chicago, Ind.)— 
The author has attempted to reinstate the CO/CO, 
ratio as a guide to blast-furnace performance. Certainly 
all readily obtained data from a furnace should be 
squeezed of their information to give an operator the 
maximum aid in running his furnace. 

The paper contains a simplified, perhaps overly so, 
evaluation of the performance of CO, liberated from 
limestone well down in the furnace and of water vapor 
entering with the charge. The treatment presented 
has several basic underlying assumptions; one of which 
is that all the hydrogen formed at or near the top of 
the furnace results from the homogeneous water-gas 
reaction: 

CO CO, H, [5] 


It is well known that generally gas-solid reactions 
proceed more rapidly than gas-gas reactions. There- 


fore, it might be expected that reaction 6 would pre- 
vail over reaction 5: 


+C@cCoO+ [6] 
Or that there might be a combination of eq 5 and: 
CO, + C= 2CO [7] 


In either case the net result is the same and it is 
probable that there is a lesser tendency to form CO, 
than CO. If CO from oxidation of carbon by the water 
of hydration could be tagged, probably farther up in 


Table X. Moisture in Burden Based on 1 Ton of Hot Metal. 
Data from Dobscha,? Tables 2 and 3 


Normal Beneficiated 
Burden Burden 
Ig. Ig. 
Loss, H:2O, Loss, 
Ore Amount Lb Lb* Amount Lb Lb* 
Group 3—Normal 2748 362 156 
Group 7—Normal 923 113 46 
Group 3—Coarse . 1637 169 ae 
Group 3—Sinter 645 21 2 
Group 7—Conc. 936 65 41 
Added Water 151 alent 92 92 
Totals — 626 202 — 347 120 


467 lb or 26 mols 
mols) 


828 lb or 46 mols 


Total moisture 
(7.4—1.6 = 5.8 mols) 


Hoe from burden 


* Assumed all water of hydration. 
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Table XI. Gas Stoichiometry of the Blast Furnace. Based on 1 Ton 
of Hot Metal. Data Obtained from Dobscha,? Tables 5 and 6 


Normal Beneficiated 
Burden Burden 
Lb Lb Lb Lb Lb Lb 
Material Mols MolsO MolsC Mols MolsO Mols C 

Air oxygen (from Nz) 50.3 100.6 42.6 85.2 
Total CO 86.0 86.0 86.0 7Ol3 Ors 70.3 
Total COs 39.9 79.8 39.9 33.3 66.6 33.3 
Total He 7.4 4.5 
Total No 190.0 160.0 
Totals 125.9 103.6 
Blast moisture 1.6 1.6 1.4 1.4 
Total O in blast 102.2 86.6 
in flux 10. 20. 10. 6.8 
Total C gasified 

(C in gas—C in flux) 115.9 96.8 
Total C gasified at 

tuyeres 102.2 86.6 
Net ‘‘solution loss” 13.7 10.2 
Pct net “‘solution loss” (11.8) (10.5) 
Top gas temperature 356°F 323°F 


the furnace some of it would be found converted to 
CO, by the reverse of eq 7, by reaction with ore, or 
by reaction with water vapor. The point to be made 
is that, as a net result of reduction of water in the 
burden to H., some CO as well as CO, is formed 
directly or indirectly. (All of the possible equations 
have not been listed.) Unfortunately there seems to 
be no means of fixing the ratio of CO to CO, formed 
from water reduction. The controlling conditions in 
a given furnace probably are ever changing. Perhaps 
the only thing that can be stated with reasonable 
certainty is that the normally burdened furnace (Table 
X) has the larger quantity of water of hydration in 
its burden and a higher top temperature than does the 
furnace with the beneficiated burden. Consequently it 
should show a greater amount of H, from the burden 
in its gas. This it does having 5.8 lb mols per ton of 
iron compared to 3.1 for the beneficiated burden. 

Mr. Killian’s method is a reasonable first approxi- 
mation for correcting the top gas ratio for the reduc- 
tion of water vapor. It probably results in a sizable 
over-correction of the CO/CO, ratio, the magnitude of 
which is difficult to establish since it is a function of 
the highly variable furnace top conditions. 

The correction for CO, coming from the limestone 
involves the assumption that it escapes from the fur- 
nace untouched by conditions in the furnace. Lime- 
stone probably calcines at temperatures above 1400°F 
and the CO, liberated comes in contact with carbon 
and ore in various stages of reduction. Joseph’s’ cal- 
culations estimate that over 40 pct of the CO, in this 
zone is reconverted by solution loss, eq 7, to CO. The 
chemical path followed by carbon from the limestone 
is quite uncertain. Some leaves the furnace unchanged 
as CO, and some is converted to CO by eq 7; subse- 
quently this may leave as CO or may be reconverted to 

The freeing of CO, from stone has considerable effect 
on the reducing capacity of the intermediate gas. 
Joseph’ has shown that in certain furnaces some solu- 
tion loss may be necessary to maintain the reducing 
capacity of the gas. Consequently increasing the lime- 
stone relative to other materials charged in a given 
furnace may possibly increase solution loss. It may be 
predicted that for a given number of pound mols of 
fluxes charged, all else being equal, dolomite should 
cause less solution loss than does limestone. This is 
because MgCO, begins to calcine around 700°F which 
is some 700° to 900°F lower than the calcination range 
of CaCO, It is perhaps unfortunate that such effects 
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cannot be observed without careful study because of 
other more significant differences of CaO and MgO 
as fluxes. : 

It is of considerable interest to note that the furnace 
operating on a beneficiated burden, Table XI, has the 
lower amount of “solution loss.” This is in spite of 
more sinter in its burden, faster driving, and lower 
gas volume. It is probable that the higher top tem- 
perature, more moisture in the burden, and larger flux 
charge in the normal burden contribute to this con- 
dition. Carbon gasified elsewhere than at the tuyeres 
is solution loss whether it be in the intermediate zone 
where some benefit is derived in up-grading the re- 
ducing gas or in the top by the water-gas reactions 
where it probably is wholly detrimental to furnace 
operation. 

In summary it may be stated that the author’s meth- 
ods yield a partially corrected CO/CO, ratio. In most 
cases they will give too high a ratio. This is because at 
high temperatures, 1600° to 1900°F, some CO, from 
limestone will be converted to CO and at low tempera- 
tures near the furnace top, CO as well as CO, will re- 
sult from the reduction of water vapor. However, at 
present we must be satisfied with this first approxima- 
tion as with our present understanding the chemical 
kinetics in the furnace column are too complex for 
more precise treatment. 

It is probable that the agreement between the ratios 
of CO/CO, for the two burdens and the inverse of the 
production rates which the author uses to justify his 
correction is somewhat fortuitous as many factors 
govern furnace performance. 


W. O. Philbrook (Carnegie Institute of Technology, 
Pittsburgh)—Mr. Killian has started with the premise 
that there is something wrong with the CO/CO, ratio 
in blast-furnace top gas as obtained by analysis, be- 
cause it failed to reflect a major improvement in blast- 
furnace performance obtained with beneficiated raw 
materials. He has developed corrections which he be- 
lieves will give a useful guide to blast-furnace opera- 
tors, and has made the significant observation that the 
hydrogen content of the gas should not be ignored. 
Any constructive paper which will stimulate discus- 
sion and thus lead ultimately to better understanding 
of the process is a forward step, and Mr. Killian has 
made a real contribution in this way. Without want- 
ing to detract from the credit due a conscientious job 
well done, I should like to take issue with Mr. Killian 
on the grounds that the corrections do not seem 
chemically sound and that a single example is not 
sufficient to establish the empirical value of the calcu- 
lation. Some constructive attempts to explain the 
points which have troubled Mr. Killian will be offered. 

Hydrogen Correction: Mr. Killian has used the re- 
action: 

CO; —' CO + H,0 (gs) [8] 


as a basis for correcting the gas analysis to a “hydro- 
gen-free basis.” The equilibrium constant for this 
reaction is: 


Pco* Px, 
[8a] 
Puy 


which may be rearranged to read: 


Du, 1 Peco 
pu,  K peo; 


[8b] 


The equilibrium constant increases with temperature 
as shown in Table XII. 

It is quite reasonable to look upon eq 8 as a “gover- 
nor” which tends to maintain a balance among the 
several possible reactions involving the oxides of car- 
bon, iron oxides, carbon, hydrogen, and water vapor. 
The reaction would tend toward equilibrium until 
“frozen” by slowness of reaction rate as the tempera- 
ture falls along the path of gas flow. In spite of cata- 
lysis by iron or its oxides, the reaction rate probably 
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becomes insignificant at a lower level in the shaft than 
is usually penetrated by the free and combined mois- 
ture in the charge, which is vaporized relatively close 
to the stock line. The hydrogen participating in reac- 
tion 8 probably comes from the coke and from moisture 
in the blast, as will be discussed later. Eq 8 does not 
seem to be useful quantitatively because there is no 
practicable way of measuring either the water vapor 
content of the gas or its temperature at the level in the 
furnace where the tendency toward equilibrium is 
frozen. If it were possible to get such information, 
however, the H,/H,O ratio should be just as valid a 
measure of “unused reducing power” of the gas as the 
CO/CO, ratio. 

Kinney’s data on hydrogen in the gas at various 
levels, as shown by Dr. Joseph, do not necessarily 
prove that the hydrogen was formed by reduction of 
moisture added at the top of the furnace. No moisture 
contents of the gas at lower levels in the furnace were 
reported, and there is not enough information for a 
reliable calculation to show where the hydrogen in- 
volved in eq 8 was introduced into the gas stream. 

In using eq 8 to “correct” for hydrogen in the top 
gas, Mr. Killian has completely ignored the water 
vapor which would result from the assumed reaction. 
This is an act of self-deception which might be hkened 


Table XII. Equilibrium Constant for Reaction CO,..H,—CO-+H,0 


TOK T°F K Tor K 
600 620 0.036 1400 2060 5 
800 980 0.25 1600 2420 3.09 

1000 1340 0.73 1800 2780 3.90 

1200 1700 1.43 2000 3140 4.65 


Data from Lewis and Von Elbe.+ 


to trading four lead quarters for a bogus dollar bill 
and then burning the bill. The transaction might re- 
lieve the holder of possible embarrassment from pos- 
sessing counterfeit money, but it would not change the 
fact that he had suffered a dollar loss on the deal—nor 
would it help discover the source of the fraud. Mr. 
Killtan’s hydrogen correction is, in effect, a procedure 
for throwing away a valid part of the oxygen content or 
used reducing power of the gas and not replacing it. 

Correction for CO, from Flux: The role of CO, from 
the flux in the furnace reactions is more subtle than 
Mr. Killian’s correction takes into account. The stone 
does not calcine to any great extent until it reaches a 
temperature in excess of 1600°F, which is well into 
the zone of ore reduction. The CO, from flux will 
interact in the same way as CO, formed by reduction 
of ore to suppress the reduction of ore by CO or par- 
ticipate in the solution loss reaction. Undoubtedly CO, 
from the flux has a real effect on the efficiency of 
utilization of coke carbon as a reducing agent, but 
this effect can be learned only by a comparison of 
overall results for the practices in question. There is 
no thoroughly reliable way to predict what the CO/CO, 
ratio in the top gas might have been if the flux charge 
had been different, because the whole reaction scheme 
in the shaft would be altered. 

Mr. Killian’s second correction assumes that the CO, 
rides through the furnace without any change and 
with no effect but to dilute the top gas and “give an 
illusion that a greater oxidation of varbon is taking 
place than really occurs.” The adverse effect of flux 
carbonate is real, but the illusion comes in thinking 
that it can be accounted for by a simple subtraction. 

Corrected Gas Ratio Compared with Production 
Rate: As confirmation of the validity and usefulness 
of his corrected CO/CO, ratios, Mr. Killian shows 
that they are almost exactly in inverse proportion to 
the daily production rates for two particular trial 
periods reported by Dobscha.* No additional examples 
from blast-furnace practice are given to substantiate 
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the claim. In spite of theoretical objections, Mr. 
Killian’s corrections might prove useful on a purely 
empirical basis, but their validity would have to be 
confirmed from a variety of blast-furnace practices. 
Until such verification has been proved, it is suggested 
that judgment on Mr. Killian’s corrections be held 
open. Their success in a single comparison might be 
just an interesting coincidence. 

Another Interpretation of Dobscha’s Data: It is 
hardly fair to make a broad indictment of another 
man’s careful and well thought out work without at 
least attempting to offer constructive suggestions 
toward an alternative solution of the problem con- 
cerned. Considerable time and effort has been put 
into analyzing Dobscha’s data to try to learn whether 
a marked difference in CO/CO, ratios for the two test 
burdens should have been expected, or whether there 
really is no anomaly to be explained. Only a few of 
the high spots can be summarized in a discussion of 
this nature. 

The method of attack included an attempt to set up 
complete material balances for all major elements to 
learn what the reducing requirements were for each 
burden and what the reducing efficiency of the fur- 
nace was for each test run. It was necessary to calcu- 
late the oxygen content of the ores used and to esti- 
mate the iron and oxygen contents of other materials 
for which exact analyses were not given. It was found 
that the proximate analyses of all the major charge 
constituents would total between 99.5 and 100.5 pct if 
the iron in the ores was calculated to Fe,O, and the 
sinter was calculated to Fe,O, Reasonable estimates 
were made for composition of slag, flue dust, etc. and 
verified by an iron balance, which closed about as well 
as Dobscha’s on the basis of ‘“unrecovered metallics.” 
The carbon balance checked exactly with Dobscha’s 
Table 7. (Dobscha’s Table 6 is not exactly consis- 
tent with his Table 7 because of a minor difference 
in computing moisture in the blast.) 

The important part of the study hinges on the 


Table XIII. Partial Oxygen Balances for Dobscha’s Test Practices® 


Oxygen Input, Lb per Normal Beneficiated Difference, 
Net Ton Pig Iron Ores Ores Pet 
Oxygen in stock from: 
Iron oxide in ores 825 750 —9 
Iron oxide in slag, etc. 25 20 
Reduction of Si, Mn, P 40 40 
Less oxygen to flue dust 
(Fe20s3) —60 —50 
Net oxygen to gas from 
metallics 830 760 —8 
Oxygen in COs from flux 300 205 —32 
Oxygen from blast (O2+H20) 1630 1375 —16 
Total oxygen input to gas 2760 2340 —15 


oxygen balance, and here a serious discrepancy arose. 
Dobscha in his calculations, and Killian by inference 
in his correction to hydrogen-free basis, have assumed 
that H, in the top gas is formed by reduction of H,O 
by C or CO in the shaft of the furnace. When this 
assumption was made and the hydrogen balance 
properly adjusted, then the total oxygen input calcu- 
lated to over 200 lb more than could be accounted for 
in the output for both the normal and beneficiated 
burdens. Since top gas samples were taken after the 
precipitators, it was thought at first that enough CO, 
might have been dissolved in the wet washers to give 
an apparent gas analysis significantly low in CO, and 
therefore too high in CO and other constituents. A 
check revealed that a veritable Niagara Falls would 
have had to flow through the washers to dissolve 
enough CO, to account for the discrepancy in the 
oxygen balance. It is likely, however, that minor 
errors were introduced by taking samples for analysis 
from the cleaned gas because of different solubilities 
of the components. 
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The next approach was to make the reasonable 
assumption that the coke contained a_ significant 
amount of hydrogen—more than that remaining in the 
top gas—so that oxygen was carried in the top gas as 
H,O vapor in addition to that simply evaporated in the 
upper part of the furnace. Calculation showed that 
about 1.6 to 1.8 pct H was needed in the coke to make 
the oxygen balance close, which is over 1 pct higher 
than is likely for normal coking temperatures. 

The coke must also have contained small amounts of 
oxygen and nitrogen, which would result in some error 
in the air calculations and carbon and oxygen balances. 
Other discrepancies would be introduced by normal 
analytical errors and through imperfect estimates of 
composition of some of the charge materials and the 
products. It is evident that complete analytical data 
for all materials are needed for an accurate material 
balance, and in particular the hydrogen, oxygen, and 
nitrogen contents of coke may not be neglected. 


Table XIV. Comparisons Calculated for Dobscha’s Test Practices® 


Basis: 2000 Lb Pig Iron Normal Beneficiated Difference, 
Ores Ores Pet 
Net oxygen to gas from 
metallics 830 760 —8 
Net coke, lb 1782 1510 —15.3 
Lb oxygen from metallics 
per lb coke 0.46 0.50 +8 


Pct of gasified coke carbon 
which was burned at 
tuyeres 88.1 89.0 
Pct C from coke burned to 
2 26.1 27.8 
Pct H from coke burned to 
HzO x >x 


The conclusions to follow will be based primarily on 
calculated oxygen contents for ingoing materials less 
oxygen carried out as Fe,O, in flue dust estimated to 
contain 50 pet Fe. No high order of accuracy is claimed. 
It is believed, however, that the evidence is fairly 
strong that H, in the top gas comes from hydrogen in 
coke and moisture in the blast dissociated at the 
tuyeres rather than from H,O dissociated higher in 
the shaft at the expense of carbon or CO. 

Partial oxygen balances calculated and estimated 
from Dobscha’s data are given in Table XIII, and com- 
parisons derived from the oxygen and carbon balances 
are summarized in Table XIV. Conclusions and obser- 
vations are as follows: 

1—The beneficiated burden was upgraded not only 
in physical structure but also chemically, because 8 
pet less oxygen had to be removed by reducing gases 
in the furnace. Much of this difference is accounted 
for by the sinter. This lower reducing-agent require- 
ment accounted for about half the 15 pct saving in 
coke with the beneficiated burden. 

2—The amount of oxygen removed from the metal- 
lics in the charge per unit of coke was about 8 pct 
greater for the beneficiated ore. This represents the 
real improvement in chemical efficiency and accounts 
for the other half of the coke saving. 

3—The thermal requirement of the process was 
lowered enough by the beneficiation of the ores and 
reduced slag volume to permit a saving in coke from 
improved chemical efficiency to be realized. 

4—Somewhat less solution loss occurred with the 
beneficiated burden, probably because better gas dis- 
tribution through the stock caused the ore to be re- 
duced higher in the furnace. 

5—A higher proportion of the coke carbon was con- 
verted to CO, with the sized and sintered burden in 
accordance with the higher chemical efficiency. The 
proportion of hydrogen converted to H,O is even more 
indicative of the improved efficiency of the practice 
with beneficiated ore, as inferred from a comparison 
of hydrogen contents of the top gas, but no quantita- 
tive comparison can be justified because the hydrogen 
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balance is incomplete. The higher conversion of hy- 
drogen to water vapor for the prepared burden might 
be explained on the basis that improved gas flow drove 
off free and combined moisture in the ores higher in 
the shaft. This would mean that little or no moisture 
could penetrate low enough in the stack to interfere 
with the reduction of ore by H, at the temperature 
level where the final gas composition was established. 

6—A combination of more carbon gasified by oxygen 
from ore above the tuyeres plus more CO, from flux 
in the normal burden, resulted in higher CO + CO, 
and lower N, in the top gas for the normal practice. 
This is entirely in accordance with Dr. Joseph’s obser- 
vations’ and is an indirect indication of the relative ef- 
ficiencies of the processes. 

7—A careful analysis of complete material balances 
for the entire processes not only gives ample evidence 
of the increased efficiency but shows how it was ac- 
complished. In this example, part of the improvement 
came from a lowered demand for reducing agent in- 
cidental to the physical beneficiation of the ores. The 
increased efficiency of utilization of carbon as a re- 
ducing agent within the furnace has also been demon- 
strated, in spite of the coincidence that there was little 
difference in CO/CO, ratio in the top gas. 

8—A change in CO/CO, ratio in the top gas should 
be a useful indication of efficiency of operation only 
when the burden and flux charges remain relatively 
constant. When a number of changes are made simul- 
taneously, it is unrealistic to expect the CO/CO, ratio 
to reflect them all. Some clues as to the quality of 


Fig. 1—Graphical comparison of the variation of several proposed 
functions of blast furnace gas analysis and production. 


We have no evidence that shows improved prediction 
of changes in furnace performance from indications of 
top gas analysis, but would like to suggest caution in 
applying relations based on long term averages to 
predict short range changes as seems to be implied by 
the reasoning in the third conclusion. 

Using Killian’s measure of constancy (i.e., the dif- 
ference divided by the mean) the detailed computa- 
tions of Table XV are summarized in Fig. 1. 


Table XV. Relation of Production to Various Functions of Top Gas Analysis 


Normal Beneficiated Difference/ 
Ores Ores Average Difference Average, Pct 
(1) Production (net tons per day) 1,324 1,605 
(2) Production squared 1,752,976 2,576,025 
(3) Hydrogen, pct 2.30 1.60 
(4) Product (2) x (3) 4,031,844.8 4,121,640 4,076,742.4 89,795.2 2.203 
(5) CO, pet 26.57 26.17 
(6) Product (4) x (5) 107,126,116.336 107,863,318.80 107,494,717.5 737,202.5 0.68 
(7) COs, pet 12.33 12.40 
(8) Ratio (6)/(7) 86,882 ,494.9 86,986,547.4 86,934,521.1 104,052.5 0.12 


On the basis of this table, the most nearly constant product is therefore: 


P2x Hx CO/COz2 = 8.69 x 107 with a saving of 0.12 pct. 


performance may be drawn, with caution, from rela- 
tive proportions of carbon oxides, nitrogen, and hydro- 
gen, but a complete study is necessary to learn the 
full story of a drastic change in practice. Juggling the 
top gas ratio by unsound chemistry is not likely to be 
a satisfactory substitute. 

9—Important errors in blast-furnace material and 
heat balances may result from failure to determine and 
consider complete analysis of all materials, especially 
the minor elements in coke. 

F. G. Norris (Wheeling Steel Corp., Steubenville, 
Ohio)—The theory which Dr. Joseph has proposed and 
which the author has so ably developed is well sup- 
ported by Dobscha’s experiment. Further examina- 
tion of the data suggests that other and perhaps simpler 
functions of production and gas composition fit Dob- 
scha’s results equally well. 


In comparing two periods on one furnace having the 
same general level of total coke, wind, and CO/CO, 
ratio, production varied inversely with the square 
root of the hydrogen content of the top gas. A more 
exact relation is that the production squared times 
hydrogen times CO/CO, equals a constant, which for 
the conditions of Dobscha’s experiment is 8.69x10’. 

S. T. Killian (There is no author’s reply due to the 
extended illness of Mr. Killian). 


1S. P. Kinney: The Blast Furnace Stock Column. U.S. Bur. Mines 
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Distribution of Manganese and Oxygen Between Molten Iron and FeO-MnO-SiO» Slags 
by H. B. Bell, A. B. Murad and P. T. Carter 


DISCUSSION, N. J. Grant presiding 


N. A. Gokcen (Michigan College of Mining and 
Technology, Houghton, Mich.)—The activities of silica, 
represented in Fig. 5 for the systems MnO-SiO, and 
CaO-SiO,, are in disagreement with the established 
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binary phase diagrams. At Nsio. = 0.50 in MnO-Si0O.,, 
and at Nsio. = 0.65 in CaO-SiO,, each binary system is 
saturated with respect to silica at 1550°C, and there- 
fore dsio. is unity in each case. The curves for Asiog 
(FeO-SiO,) and dsio, (MnO-SiO,) should nearly co- 
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incide at approximately Nsio, = 0.50, in accordance 
with the phase diagrams and the investigations of 
Korber and Oelsen. 

It should be pointed out that the slag of this investi- 
gation is a complicated four-component system, i.e., 
FeO, MnO, MgO, and SiO,, from which the authors 
obtained the activity values for the simple binary sys- 
tem MnO-SiO, after making several assumptions and 
choosing an entirely arbitrary dotted line as the cor- 
rect one by ignoring a number of experimental points 
plotted in Fig. 2. Magnesium oxide was completely 
ignored as being one of the components, although its 
concentration varies from 2.1 to 11.1 pct. If it is true, 
as the authors agree, that CaO affects the activity of 
MnO in the presence of SiO,, then the effect of MgO on 
the activity of MnO cannot be ignored, because CaO 
and MgO behave similarly in liquid slags. Accord- 
ingly, it is difficult to justify that the variation of K’m, 
and hence the activity coefficient of MnO, can be solely 
expressed as a function of silica content as in Fig. 2, 
i.e., assuming that interaction exists only between SiO, 
and MnO,, and not MgO and SiO, as well as among the 
four components. 

It is tacitly admitted that equilibrium was estab- 
lished between slag and metal in these experiments. 
Was there any experimental evidence for the attain- 
ment of equilibrium, especially in the resistance- 
heated crucibles in which both metal and slag were 
static? It is stated that the solidification of 800 to 1000 
g of liquid metal, covered with slag in an insulated 
crucible, required 10 to 15 sec after turning off the 
power. Was this period of time actually recorded to- 
gether with the temperature measurements of liquid 
metal? Our measurements of temperature, with an 
optical pyrometer sighted on a clean surface of metal 
under reducing conditions, indicated that 35 g of liquid 
iron, heated by induction current to 1550°C in 1 mm 
thick unshielded and uninsulated crucibles, required 
about 12 sec to freeze after turning off the power. It 
seems, therefore, impossible to freeze 800 to 1000 g of 
liquid iron under the conditions prevailing in these 
experiments in less than a few minutes, after which 
the retainment of equilibrium without significant 
changes is questionable. 


H. B. Bell, A. B. Murad, and P. T. Carter (authors’ 
reply)—The activities of silica shown in Fig. 5 for 
MnO-SiO, are partly based on the results of a recent 
redetermination of the MnO-SiO, phase diagram,” 
which indicates a eutectic between MnO-SiO, and SiO, 
at 47 pct SiO,, and silica saturation (1550°C) at 52 
pet SiO, (Nsio. = 0.56). We apologize for having 
allowed the dsio, line for the CaO-SiO, system to tail 
off incorrectly beyond Nsio, = 0.6. As pointed out by 
Professor Gokcen, dsio, = 1 at Nsio. = 0.65 (1550°C). 

The complication of MgO in the slags is one which 
we would have liked to have avoided. The criticism 
that we have ignored its possible effect is an impor- 
tant one, and we should perhaps have considered this 
matter at greater length in the paper. If it is supposed 
that MgO behaves like CaO in liquid slags, then K’sn 
values in the absence of MgO should have been even 
greater than those actually obtained, and ymo and 
Gyno Values lower. It is improbable that the line repre- 
senting damo in Fig. 5 would have been lower than a 
line from duno = 1 at Nsio. = 0 to dyno = 0 at Nsio, = 
0.33 (i.e., the corresponding part of the dcao curve). It 
is not agreed, however, that MgO and CaO behave 
similarly. Mg*t is smaller than Fe**, and its behavior 
should be more like that of Fe** than that of Ca‘. 

Further experiments have confirmed the lower curve 
in Fig. 2. The equilibrium position was approached 
from both sides. Equilibrium in slag-metal experi- 
ments has been reached in 10 min in a similar resis- 
tance furnace. 

The 10 to 15 sec solidification time refers to the time 
required for the thin slag layer and iron surface to 
freeze and not to the freezing of the main body of 
metal. 


K. Grjotheim (Norwegian Institute of Technology, 
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Trondheim, Norway)—This paper gives some accurate 
measurements on the distribution of manganese be- 
tween molten iron and fused FeO-MnO-SiO, slags. 
Based on these measurements the authors have given 
an empirical equation for the calculation of the manga- 
nese contents of the iron bath when it is in equilibrium 
with a known FeO-MnO-SiO, slag at 1550°C. Con- 
sidering the slag as constituted of the ions Fe”, Mn”, 
O* and SiO,*, however, and using simple thermody- 
namics an equation may be derived giving the distribu- 
tion of manganese between the slag and the metal 
phase.” If the equilibrium constant for the reaction: 


Mn + Fe*siag = Mn**siag) + Fe 
is defined like: 


Ayre * Amn?*+ 
— —— 


Amn * Are?+ 


then K“" may be calculated from the equation: 


log K™* = 3 log K™", [1] 


Here n denotes the number of different kinds of anions, 
1, in the slag, N; is the electrical equivalent fraction” 
of the anion i, and K™", is the equilibrium constant for 
a slag containing only the one kind of anions 7. For 
slags used in the measurements of Bell et al. with only 
two anions, the equation to be used will therefore be: 


log K*" = N’o2-log K™"o + N’sio,-4:log K™"sio, [2] 


and as N’oz- = 1 — N’sio,4-, log K™ will be a linear 
function of N’sio,- (see Fig. 7). 

Approximate values of K*"o and K™"sio, are available 
from the literature. K™ for the equilibrium between 
iron and fairly pure FeO-MnO slags as a function of 
the temperature is measured by Chipman, Gero and 
Winkler* and by Korber and Oelsen,* the average of 
these two investigations giving: 


6350 


log K™5 = — 2.99 [3] 


This eq 3 is also in good agreement with the measure- 
ments by Krings and Schackmann’ on the distribution 
of manganese between iron and FeO-MnO-Mgo0O slags 
within a narrow temperature range (from eq 1 Mg* 
in the first approximation is indifferent to the distribu- 
tion of manganese). Eq 3 also fits with the earlier 
publication.” 

The manganese equilibrium in silica saturated Fe- 
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Fig. 7—Dependence of log K™™ on the electrically equivalent 
ionic fraction of SiO, at 1550°C. 
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Mn silicates was examined by Korber and Oelsen.° 
They found that: 
7940 


log K™"sio, = — 3.172 [4] 


Calculations indicate that the manganese distribution 
shows little dependence on the acidity of the slag as 
long as the silica contents are beyond the orthosilicate 
formation. In this composition range one therefore 
will have K™"sio, approximately equal to K™"sio,. In 
Fig. 2 of Bell et al. this also explains the point of in- 
flection of K™" at 20 to 25 wt pct silica, where N’sio,‘- 
approximately is like eq 2. 

Introducing eqs 3 and 4 into 2 makes it possible to 
calculate log K™" at different temperatures and by dif- 
ferent slag compositions. 

If we now introduce concentration terms instead of 
activities in our equation it will be possible to calcu- 
late the manganese content in the iron bath from the 
slag analysis, if the influence of the activity coefficients 
is negligible. We thus have: 


Nye2+ 
or: 
= (K™" s10,) [5] 


Using this equation, where the manganese contents is 
obtained in weight percent, the manganese contents of 
the ion phase is calculated for the experiments by 
Bell, Murad, and Carter carried out in a resistance 
furnace at 1550°C. The calculated manganese contents 
is given in Table VI together with the results from 
chemical analysis. The “Heat No.’ are the same as 
used by the authors. The agreement between calcu- 
lated manganese content and analysis is satisfactory 
except for heat No. 20. 

It may be noted that if the equilibrium constant in 
pure orthosilicates is smaller than the value used from 
eq 4, K™"sio,<<K™sio,, then the equilibrium constant of 
Chipman et al.* will make our equation fit better to the 


Table VI. Calculated Manganese Contents at 1550°C 


Mn, Wt Pct 
Heat No. Analysis Calculated 
11 0.050 0.053 
13 0.04 0.04 
14 0.12 0.12 
15 0.46 0.48 
16 0.40 0.36 
0.20 0.20 
18 0.22 0.22 
19 0.032 0.035 
20 0.085 0.107 


measurements of Bell, Murad and Carter than eq 3 
does. 

The equilibrium for the silicon distribution between 
an iron bath and a basic slag may be formulated like: 


Si fe 20 + 20* (siagy = S10," 


It is analogous to the phosphor distribution.” As far 
as the author knows, however, there are as yet not 
sufficient accurate experimental material to check a 
similar equation for the distribution of silicon. 

H. B. Bell, A. B. Murad, and P. T. Carter—We are 
pleased to note the excellent agreement between our 
results and the calculations of Dr. Grjotheim. Further 
experiments have confirmed that the K’s value for 
heat No. 20 is high, possibly because of an analytical 
error in the determination of the small amount of 


. manganese in the metal. We are not clear why manga- 


nese distribution should be independent of acidity for 
slags more acid than orthosilicates. Our experiments 
suggest that K’nxn. for orthosilicate slags is about 10, 
i.e., considerably less than the value of 15.5 given by 
Korber and Oelsen for silica-saturated slags. It is 
probable, however, that the latter figure is too high. 


16 R. Hay, A. B. Murad, and P. T. Carter: Unpublished. 
7H. Flood and K. Grjotheim: Journal Iron and Steel Inst. 
(1952) 171, pp. 64-70. 


Silicon-Oxygen Equilibrium in Liquid Iron 


by Nevzat A. Gokcen and John Chipman 


DISCUSSION, D. E. Babcock presiding 


D. C. Hilty (Union Carbide and Carbon Research 
Laboratories, Niagara Falls, N. Y.)—-This paper is a 
very nicely detailed analysis of a difficult problem. I 
would like to point out that the results that Mr. Crafts 
and I published a few years ago had no reference to 
activity, or anything else of a similar nature; our re- 
sults were strictly empirical. It is quite gratifying that 
we now have a case where results involving activity 
coefficients and results derived from direct observa- 
tions on actual steel melts are practically identical. 
When two different laboratories, working from two 
entirely different approaches, come out with results in 
such good agreement in their major significance, that 
is an achievement. It is something that was not pos- 
sible 15 or 20 years ago. 

There is one question I would like to ask Dr. Chip- 
man. It has to do with a very minor point of disagree- 
ment in these results. When we reported the kink in 
the Si-O solubility curve I think you may recall that 
it came at the different temperature levels at about the 


1174—JOURNAL OF METALS, NOVEMBER 1952 


order of 0.015 to 0.03 pct O and 0.03 to 0.07 pect Si—we 
also pointed out that we had difficulty in obtaining 
data at that level, although we finally did get some. I 
note in going through the data for the present paper, 
that there are no samples in those particular silicon 
and oxygen ranges. I wonder if that was purely acci- 
dental or was there a reason for it. 

D. E. Babcock (Republic Steel Corp., Youngstown, 
Ohio)—Mr. Hilty, do you have any explanation for 
that discrepancy between Dr. Chipman’s curve and 
your own? 

Mr. Hilty—Our explanation for it at that time was 
that for some reason our system probably was not in 
true equilibrium with SiO,, that is, in equilibrium with 
the silica crucible at that level. We did observe, how- 
ever, that that was the level at which both the metal 
and the slag became saturated with SiO,. On the aver- 
age, in studying inclusion formation in small ingots 
permitted to solidify normally from the molten state, 
we observed pure silica inclusions at silicon contents 
over about 0.05 pect and FeO type inclusions at silicon 
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contents below that, and we attached certain important 
significance to these observations. 

John Chipman (authors’ reply)—If I understand 
Mr. Hilty’s question, it is: “Why was there no heat 
in which the silicon content was about 0.05.” We did 
not avoid this range intentionally. It simply happened 
that no heat fell at exactly this point. No anomaly is 
expected in this range. 

Mr. Babcock—With reference to Fig. 5, a curve could 
be drawn through the points equally well, if not better, 
than the straight lines. What is the significance of 
the two straight lines? 

Dr. Chipman—This question emphasizes the danger 
of a purely statistical interpretation of data. The 
vertical line at 0.088 oxygen represents heats in which 
a slag was observed. Such heats should theoretically 
contain a definite amount of oxygen and in all cases 
this was observed within +0:002 pct. 

The slanting line was established by Fontana in 
1933. Our points fall on this line when the oxygen 
content is above 0.04 pct, or rather when the silicon is 
below 0.02 pct. There is only one exception to this in 
a heat that contained 0.05 pct O at a silicon level that 
calls for about 0.044. This is regarded as experimental 
error. 

The low oxygen points which are definitely off the 
line constitute the principal subject matter for this 
paper. They are out of line because the higher silicon 
content has diminished the activity coefficient of oxy- 
gen. 

Mr. Hilty—In support of what Dr. Chipman has said, 
in oxygen solubility papers by Mr. Crafts and myself 
some of the results that we did not publish at the 
time because it seemed superfluous included statistical 
analysis of our data. We plotted our data up to about 
4 pet Si and ran a statistical analysis on them. We 
found out that the curve above 0.10 pet Si was not a 
straight line of the slope that would be expected for a 
simple %Si x (%O)’ relation. The slope of the line on 
a logarithmic plot was actually —2.12 instead of —2.0 
with a tendency toward deviations from the straight 
line at both high and low silicon ends and I believe 
that that is evidence supporting Dr. Chipman’s com- 
ments relative to the effect of silicon on the activity 
of oxygen at that level. 

Dr. Chipman—Mr. Hilty refers to the line of Fig. 9. 
Does the question concern the fact that the point at 5 
pet Si is a little below this line. 

Mr. Hilty—Not necessarily, but you remarked about 
the fact that while those data are represented by a 
straight line, there really is no reason for it, according 
to the effect of the elements on their activities. 

Dr. Chipman—lIt is true that the activity coefficients 
of silicon and oxygen in some measure offset one an- 
other to yield the straight line of this figure. At either 
end of the line the analytical results are so uncertain, 
because of the low silicon or oxygen level, that minor 
departures from the straight line can be ignored. 

J. E. Stukel (Youngstown Sheet and Tube Co., 
Youngstown, Ohio)—An extremely important fact has 
been overlooked in the discussion of this paper, that is, 
the excellent agreement of the present results with 
those published by Hilty and Crafts indicates that the 
presence of hydrogen in this system does not have a 
significant effect on the equilibrium. If this is proved 
to be the case in other systems, the technique employed 
by Chipman and coworkers may be accepted without 
reservations. As a matter of interest, when manganese 
is melted in a silica crucible as much as 18 pct Si is 
found in the metal. This indicates that manganese 
plays a definite role in the reduction of silica. 

Dr. Chipman—In reply to Mr. Stukel’s comment, I 
should like to say that we have independent evidence 
that hydrogen does not affect the equilibrium under 
consideration otherwise than expressed in the ratio 
H,O/H,. Dastur’s work on the same equilibrium in the 
absence of silicon resulted in equal values of K when 
the gas system consisted of four parts of argon per part 
of hydrogen and when argon was omitted. In view of 
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the very small solubility of hydrogen in the molten 
metal, this agreement was expected. 

C. E. Sims (Battelle Memorial Institute, Columbus, 
Ohio)—The authors make critical mention of the work 
of Zapffe and Sims. For example, it is suggested that 
equilibrium was not reached because of insufficient 
holding time. That earlier work was done under some- 
what cruder conditions than the highly refined tech- 
niques that have been developed at M.I.T., but short 
cuts to equilibrium were taken by starting with com- 
positions already close to the equilibrium to be 
attained. This would require much less time, and it 
was checked by working on both sides of the equi- 
librium. This technique apparently was used by the 
present authors. Scatter in the work of Zapffe and 
Sims is more likely the result of erratic analyses. 

The authors say of Zapffe and Sims, “Their results 
did indeed indicate that the activity coefficient of oxygen 
is decreased by the presence of silicon, although they 
made no such simple statement.” It would indeed have 
been a simple statement to make, but it would explain 
nothing. What we did show, probably for the first time, 
was that the concentration product of silicon and oxy- 
gen, or K’, is not a constant for varying conditions. It 
could have been corrected by an appropriate factor, 
conventionally known as an activity coefficient but 
which might as well have been called an availability 
coefficient. Such a factor, of course, as the authors show, 
is not a constant either, but must be adjusted con- 
tinuously for both concentration and temperature. 

There must be some good reason why silicon and 
oxygen, when both are present in iron, act as though 
they are not “all there.” One suggested reason is that 
the wrong equation is being used to express the re- 
action. We were curious and attempted an explanation, 
for which effort we are now chided. Perhaps the ex- 
planation was wrong, but if so, we would like to see 
a better one. As to the unlikelihood of SiO being in- 
volved, suffice it to say here that, at steelmaking tem- 
peratures, SiO is just as real as CO. 

We could have called this marked deviation from 
ideality an activity coefficient and have served the 
ends of thermodynamics. However, thermodynamics is 
not an end, but rather a means to an end, which is to 
enhance our basic knowledge. I believe that an under- 
standing of mechanisms will do more to advance our 
science than an amassing of constants, useful though 
the latter may be. 

Dr. Chipman—The authors share Mr. Sim’s scientific 
curiosity and would greatly welcome an adequate ex- 
planation for the large effect of silicon on the activity 
coefficient of oxygen. We feel, however, that the data 
are valuable whether or not such an explanation can 
be obtained. The use of activity coefficients rather than 
hypothetical formulas simply recognizes the fact that 
thermodynamic data can be useful without the neces- 
sity for inventing molecular models.” 

G. R. Fitterer (University of Pittsburgh, Pittsburgh) 
—The contributions of Dr. Chipman and his students 
to the science of physical chemistry of steelmaking 
have continued to be excellent and important to its 
development. Their work is usually conducted with 
such excellent laboratory technique that there is seldom 
any question regarding the validity of the data as re- 
ported. Nevertheless, one is not forced to always agree 
with their interpretation of data; in fact, Dr. Chipman 
would be the first to suggest that differences in opinion 
can only strengthen the science. It is for this reason 
that the following discussion has been prepared. 

The authors were not benevolent in their remarks 
concerning previous investigations in this field, partic- 
ularly the work of Dr. Herty and myself.’ It hardly 
seems ethical to label our work “crude” when one con- 
siders that it was done twenty-six years ago, long be- 
fore the many research tools which were used by the 
present authors became available. At that time, there 
were no high frequency induction furnaces, no vacuum 
fusion methods, little verified knowledge of thermo- 
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dynamic equilibria, and in fact, Lewis and Randall’s 
system of thermodynamics which is generally accepted 
today was only three years old when our work was 
completed. 


Had all of these tools been available, I have no doubt’ 


that we would have used them. Nevertheless, lacking 
all of these tools, a deoxidation constant of Kn = 
(% Si)(% = was obtained at 1600°C. 
This is to be compared with the value of 2.8x10~> which 
was determined by Gokcen and Chipman in this paper. 
The latter value also seems to check the excellent work 
of Hilty and Crafts” as illustrated in Fig. 14 of the 
paper under discussion. 

Because of the fact that I feel that it is due time to 
get on with the practical application of these constants, 
I would be only too happy to agree that the constant 
which has been developed and checked by these two 
sets of investigators is. correct, and that ours was close 
but not exact. I would agree to that provided that I 
honestly felt that all factors had been considered by 
the authors of this paper. 

Actually, neither Gokcen and Chipman nor Hilty 
and Crafts made use of a tool which Herty and I felt 
was necessary in order to develop the deoxidation 
constant. This was the extraction and analysis of the 
nonmetallic inclusions in all samples. Both groups of 
investigators made a statement in passing that the in- 
clusion content of their samples was “insignificant.” 
Apparently, they did not realize that only an extremely 
small quantity of SiO, particles in a sample will greatly 
change the value of the deoxidation constant. 

Gokcen and Chipman stated (p. 173) that “insoluble 
silicon was determined by either method and found to 
be of the order of 0.004 pct.’ Also, the apparent accu- 
racy of their silicon method varied from +0.002 to 
+0.003 pet. The presence of 0.004 pct Si as SiO. greatly 
alters the value of the deoxidation constant as will 
soon -be shown. This amount of silicon would be asso- 


32 

ciated with 0.004 x — = 0.00457 pct O or the steel 
28 

would contain 0.00857 pct SiO,. 

If the SiO, inclusions are to be ignored in these 
samples of Gokcen and Chipman, then the deoxidation 
constant of 2.8x10° = (% Si)(% O)* would indicate 
that with 0.10 pct total silicon (assumed), 0.0167 pct 
total oxygen would be present. However, the ‘free’ 
or uncombined silicon present at equilibrium in a 
sample containing 0.10 pct total silicon and 0.004 pct 
“combined” silicon would be 0.100 — 0.004 or 0.096 pct. 
Similarly, the uncombined oxygen would be 0.0167 — 
0.00457 or 0.01214 pct. Thus, the deoxidation constant 
corrected for the presence of 0.004 pet combined silicon 
or 0.00857 pct SiO, would be calculated as: 


or K’p = 1.4x10>. This is exactly one-half the value 
suggested by the authors. 

In criticizing the work by Herty and myself* in 
which a Kp value of 0.82x10~ was reported, it was 
stated that our “temperature measurement was un- 
certain.” Yet, a correction for the presence of 0.004 pct 
Si as inclusion material will alter the value of K’p as 
much as will a temperature difference of 50° or 60°C. 

In a steel with a normal amount of silicon of 0.28 pct, 
the oxygen content at equilibrium (i.e., K’n = 2.8x10~) 
would be 0.010 pet. Do the authors of this paper sug- 
gest that the presence of 0.00457 pct O in SiO, inclu- 
sions would be insignificant and may be ignored when 
it is nearly half of all the oxygen present in such a 
sample? Only about 0.006 pct of combined silicon (SiO.) 
is necessary to change Gokcen and Chipman’s con- 
stant of 2.8x10~ to agree with that of ours, or 0.82x10>. 
This is within the realm of possibility, inasmuch as the 
amount of combined silicon was found to be 0.004 pct 
and the accuracy of the analysis was +0.002 pct. 

It is to be regretted that the authors did not analyze 
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all samples for SiO, or insoluble silicon and correct 
their values accordingly. If they had, their constant 
would have approached that determined by Herty and 
myself. 

In their statement (p. 173) as to the method by 
which the insoluble silicon was determined, it was in- 
dicated that “either” method was used. This apparently 
referred to the “standard gravimetric method” and 
“a colorimetric method.” However, the standard gravi- 
metric method cannot be used for inclusion determina- 
tion, and this is the reason that in our work we found it 
necessary to develop an electrolytic extraction method. 
May I ask if some new or old extraction procedure 
was used by Gokcen and Chipman? It was not so 
stated in their paper. 

Hilty and Crafts also assumed that the inclusion 
contents of their specimens were negligible because 
of the nature of the rotating crucible type furnace. 
They extracted these inclusions electrolytically and 
showed some micrographs, but I do not recall that they 
reported the amount of insoluble silicon and subtracted 
it from the total to establish their constant. It might 
be assumed that their insoluble silicon was of the same 
order of magnitude as that reported by Gokcen and 
Chipman. If so, one would expect these two investiga- 
tions to check one another. 

All of these thoughts lead one to suggest that the 
modern trend of writing the reaction between oxygen 
and silicon in liquid iron as Si + 20 = SiOx.) with the 
underlines indicating that the silicon and oxygen are 
dissolved in liquid iron, is open to criticism. This is 
particularly true when one considers that this method 
of expression has become conventional, as in the AIME 
“Basic Open Hearth” book. Students who are taught 
to write the reaction as above may incorrectly assume 
that it is only necessary to analyze for silicon by the 
gravimetric method and oxygen by the vacuum fusion 
method in steels deoxidized with silicon. However, the 
gravimetric method reports the total silicon (1.e., both 
the uncombined plus the silicon combined as Si0O.,). 
Also, the vacuum-fusion procedure determines the 
oxygen in the SiO, inclusions as well as that which is 
dissolved in or associated with the iron. 

At the expense of being old-fashioned but with the 
objective of teaching students to avoid this pitfall, the 
writer still prefers to write the reaction as: 


Siiss) + 2FeOciss. = SiOx) + 2Fea 


with the statement that the silicon and “FeO” are dis- 
solved and dissociated in the liquid iron, whereas the 
SiO, is present as small solid nonmetallic inclusions dis- 
tributed throughout the metal. The metal may actually 
be in more intimate contact with such inclusions than 
with the slag or crucible wails. In other words, the 
equilibrium probably involves the presence of SiO, 
inclusions, and all ordinary steels contain such par- 
ticles. It is not necessary to consider the SiO, of the 
crucible walls in this heterogeneous equilibrium be- 
cause SiO, particles are suspended throughout the 
liquid metal. 

This latter method of writing the equation suggests 
that both dissolved (or free) silicon and the silicon 
combined as SiO, must be determined separately. Also, 
a correction must be made for the oxygen which is 
combined as SiO, to distinguish it from that which is 
free or unassociated. Otherwise, incorrect analyses of 
the data and a large error in the calculation of the 
constant will result. 

Probably the samples which were studied by Gokcen 
and Chipman as well as Hilty and Crafts express the 
ultimate in experimentally reducing the SiO, content 
to a minimum. Yet, the small amounts of these im- 
purities which were present in their samples were ob- 
viously sufficient to change the deoxidation constant 
from 2.8x10~> to 1.4x10° or less. The fact that the oxy- 
gen value is squared in the constant is responsible for 
this marked difference. 

Chipman reported that as much as 20 hr were neces- 
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sary to establish equilibrium in some samples. Could 
it be that the minute insoluble SiO, particles were 
slowly rising out of the bath during this period? Be- 
cause of the heterogeneous nature of this reaction, 
equilibrium might have been established in a few sec- 
onds and the true equilibrium constant is not depend- 
ent upon the quantity of insoluble SiO, particles sus- 
pended in the liquid—only their presence is required. 
However, analysis of the steel for total silicon and total 
oxygen would indicate a very slowly changing analysis 
due to the elimination of inclusions. But the “free” 
silicon and “free” oxygen might have attained equi- 
librium within a very few seconds with any quantity 
of precipitated SiO, particles which may have been 
present. The activity of SiO, in the constant would be 
unity with one or with a million particles. 

The writer would suggest a return to the older method 
of writing the reaction so as not to give a false impres- 
sion to the uninitiated as to the importance of analyz- 
ing the samples for SiO, inclusions. In all practical 
steels which have been deoxidized with silicon, the 
SiO, content is much larger than in the samples dis- 
cussed herein, and thus mathematically more important 
in the practical application of the deoxidation constant 
through the determination of free silicon and oxygen. 
Gokcen and Chipman as well as Hilty and Crafts have 
used the total silicon and total oxygen for their calcu- 
lation. Only the “free” or unassociated values should 
be used in the calculation of a deoxidation constant. It 
is to be regretted that the analyses for inclusion ma- 
terial were omitted in these experiments because the 
work was excellent in every other detail. The exact 
value for the deoxidation constant is not yet 
established. 


Dr. Chipman—It is regretted that Professor Fitterer 
interpreted our remarks in a personal light. The au- 
thors, in keeping with all other metallurgists cognizant 
of the early work of Herty and his colleagues, recog- 
nize the very valuable contribution that Dr. Fitterer 
and others made to our early understanding of the 
physical chemistry of steelmaking. We doubt that 
many people would disagree with us in considering 
the experimental techniques of the 1920’s as “crude” 
when viewed by modern standards. 

The principal difference in interpretation of our re- 
sults seems to hinge on the insoluble silica present in 
the specimens. We have assumed, along with Hilty 
and Crafts and many others, that the nonmetallic in- 
clusions present in such samples are formed during 
solidification rather than at the melting temperature. 
This assumption is based on the pioneer work of Sims 
and Lilleqvist* which has been confirmed so many 
times. Our data on rate of approach to equilibrium 
cannot be used to support the idea that “minute in- 
soluble SiO, particles were slowly rising out of the 
bath.” Reference to Table IV shows that in heats 
beginning with pure iron, the product [% Si] x [O]* 
remains substantially constant over a period of 16% hr. 
If inclusions were present in the metal and were 
gradually floating out, it is difficult to see how such a 
constancy could be maintained. Even in the heats in 
which a high silicon charge was used, the product, 
when corrected by activity coefficients, is again sub- 
stantially constant. Moreover, the authors have shown 
very clearly that the slow approach to equilibrium 
was associated with the slow transfer between gas 
and metal rather than to any phenomenon within the 
metallic phase. 

All of our calculations then are based on the assump- 
tion that the total oxygen and total silicon in the solidi- 
fied ingot represent the composition of the liquid metal. 
If this assumption is wrong, then not only our work 
but also that of Hilty and Crafts and of Korber and 
Oelsen must be discarded. From this viewpoint it 
does not matter what fraction of the total silicon and 
oxygen content of the ingot remains undissolved when 
the sample is treated with acid, so long as the analysis 
yields the total amount of each element. We would 
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expect that this residual might be more nearly re- 
lated to the rate of freezing rather than to any other 
variable. 

J. Pearson and E. T. Turkdogan (British Iron & Steel 
Research Association, London, England)—The authors 
are to be congratulated on a piece of fine experimental 
work, the results of which cannot fail to be of great 
use to those studying the physical chemistry of steel- 
making processes. No doubt they will take their place 
among that series of data from Professor Chipman’s 
school to which all process metallurgists constantly 
refer, 

It is known that the activity coefficient of oxygen 
remains constant in a binary Fe-O system up to satura- 
tion, i.e., dln y./d0x. = 0, from which it follows from 
the Wagner equation that oln y./dxsi = Oln ysi/Ox. = 
0. This is patently at variance with the results in Table 
VII and Fig. 6, and is further evidence that Wagner’s 
equation is not valid for the Fe-Si-O system. 

Referring to the results shown in Fig. 6, it should be 
noted that these have only limited value. They cer- 
tainly do show the effect of a given percentage of silicon 
on the activity coefficient of oxygen but at only that 
concentration of oxygen, given for the appropriate 
silicon content in Table VII, which is in equilibrium 
with that silicon content and solid silica. It will require 
further work to ascertain how the value of log Ais 


for, e.g., [Si] = 0.1 pct varies from —0.1 at 1600°C for 
oxygen contents lower than the value which is in equi- 
librium with 0.1 pet [Si] and solid silica, such as will 
occur when the silica is dissolved in a slag. It is with 
such f il values that the steelmaker will be concerned. 


Dr. Chipman—tThe application of Wagner’s equation 
requires some further explanation in view of the re- 
marks of Drs. Pearson and Turkdogan. Our eq 6 is the 
same as Wagner’s eq 15 and is strictly valid in any 
ternary system in which the concentrations of com- 
ponents 2 and 3 approach zero. The extension of this 
equation applied by Professor Wagner in his study of 
amalgams is not expected to fit the present case. It 
was specifically stated in Wagner’s paper that his eq 16 
is significant only if the deviation from ideal behavior 
for the two binary systems have equal signs. Further 
it should be noted that his entire discussion was re- 
stricted to metallic solutes and the derived equations 
are not expected to be applicable to a solute such as 
oxygen. 

Eq 6 is then valid in the present case at infinite dilu- 
tion and the value of the coefficient is not zero. The 
next question raised by Drs. Pearson and Turkdogan 
is to what extent is this coefficient independent of com- 
position. Obviously there are difficulties enough at- 
tached to the study of the system Fe-Si-O and the data 
are quite inadequate to answer this question. It has 
been tacitly assumed that the value of 0 log f./o0 [% Si] 
is independent of the oxygen concentration. This as- 
sumption appears to be well justified by the extreme 
dilution of the solution and by experience with other 
systems. It has been shown,” for example, on the basis 
of data of Korber and Oelsen that the value of the 
corresponding coefficients for the effects of phosphorus, 
carbon, and nickel on the activity coefficient of silicon 
are independent of the manganese and silicon con- 
centrations over a wide range of compositions. Further 
it has been found recently by Sherman and Chipman” 
that the effect of manganese on the activity coefficient 
of sulphur is independent of the concentration of sul- 
phur up to concentrations higher than 1 pct S. 

For a more complete discussion of the relations be- 
tween solutes in ternary solutions, the reader is re- 
ferred to Professor Wagner’s new book.” 


22See the more complete discussion of this point by Chipman: 
Metal Progress (August 1949) p. 211. 

23 Sims and Lilleqvist: Trans. AIME (1932) 100, p. 154. 

24 Chipman: Discussions of the Faraday Soc. (1948) No. 4, p. 46. 

2 Sherman and Chipman: JournaL or Metats (June 1952), Trans. 
AIME, p. 597. 

2 Wagner: Thermodynamics of Alloys. (1952), pp. 51-53. Addi- 
son-Wesley Press. 
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Relationships Between Germanium and Cadmium in the Electrolysis Of 


Zinc Sulphate Solutions 


by S. T. Ross and J. L. Bray 


DISCUSSION, R. A. Young and L. P. Davidson 
presiding 


E. M. Fitchett (Johnstown, Pa.)—The fact stated by 
the authors that: “In the laboratory, without marked 
efficiency decreases, the authors have deposited zinc 
successfully from solutions containing as high as 1 g 
per liter of germanium,” (p. 465, paragraph 3) is most 
unusual. A similar statement is made in the summary 
and conclusions: “Germanium alone, within normal 
operating limits does not cause large efficiency losses.” 
The limits are not defined. These facts are directly 
contrary to much of the published history on the effect 
of germanium in zinc electrolysis. A description of the 
conditions leading to such a successful electrolysis 
would be of interest to all engaged in the production 
of electrolytic zinc. 

It is unfortunate that the authors of this paper did 
not determine the actual concentration of germanium 
and cadmium in the solutions which they electrolyzed 
after a zine dust purification. This purification will 
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take out a variable amount of these impurities, de- 
pending upon the composition of the dust, type of 
agitation, presence of activating agents, etc. Probably 
every electrolytic zinc plant in this country has ac- 
curate methods, both wet and spectrographic, for de- 
termining germanium and cadmium. These specific 
methods, adopted from the standard analytical litera- 
ture, are often available to educational institutions for 
the asking. 

The headings of Fig. 2 and of the two tables, with 
their definite concentrations of germanium and cad- 
mium (which are not so definite according to the 
footnotes) could possibly be somewhat misleading, 
since the actual amounts of germanium and cadmium 
present during electrolysis are not known. 

Even the 1 hr electrolysis time might be too short 
for a study of this type; 12 or 24 hr tests might be 
much better. Commercial solutions have been known 
that gave over 90 pct ampere efficiency during the first 
hour of electrolysis, but no metal at all after 24 hr. 
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Volatility and Stability of Metallic Sulphides 


by C. M. Hsiao and A. W. Schlechten 


DISCUSSION, H. H. Kellogg and A. J. Phillips 
presiding 


O. W. Moles (National Lead Co., Sayreville, N. J.)— 


M 
The use of the equation W = P Sar to determine 


vapor pressures is probably not valid under the con- 
ditions of the experiments here described. W repre- 
sents the weight of gas molecules crossing a plane in 
one direction under equilibrium conditions and applies 
to the plane at the surface of the solid or liquid as well 
as to any other plane. Most of the molecules crossing 
the plane at the surface from the condensed phase to 
the gas phase have just evaporated. Possibly 10 pct 
have been reflected from the condensed surface. If it 
is possible to capture all the molecules which have 
evaporated from the surface plane, a like number 
(plus the number normally reflected) would cross any 
other plane (in one direction) in the equilibrium gas 
and therefore the above equation could be used to 
calculate the equilibrium gas pressure. However, under 
the conditions of the experiments it appears probable 
that a large proportion (90 pct or more) of the mole- 
cules which evaporated recondensed on the solid or 
liquid face. The residual gas pressure (10° mm) is 
relatively high compared to the measured pressures 
(10° to 10° mm) and considerable surface is available 
for molecules to reflect from. The results of Vese- 
lovskii and Pogorelyi which are twenty to forty times 
greater than those given by this investigation for ZnS 
may be more nearly correct. 

It might be suggested that the data may be better 
treated as a problem of diffusion, but this is not very 
hopeful because of the lack of diffusion coefficients 
and other necessary information. 

Vapor pressures of substances such as sulphides are 
important and it is hoped that the present authors and 
others will continue work on the problem and finally 
determine the desired information. 

E. J. Kohlmeyer (Berlin, Germany)—I would like to 
call your attention to two earlier publications” on the 
boiling points of metallic sulphides. The determina- 
tions were made at atmospheric pressure by heating 
the sulphides up to boiling and by controlling the 
temperature with a dipping Pt-Pt-Rh thermocouple. 
The boiling of the sulphides PbS, Sb,.S,, and SnS is ac- 
companied by a simultaneous dissociation. This is the 
reason why the boiling point is continuously rising, 
because of the enrichment of metal in the sulphide 


melt. In such manner antimony sulphide is completely 
dissociated and the boiling point rises from 885°C, the 
boiling point of Sb,S,, to 1635°C, the boiling point of 

Since the sulphides PbS and Sn§S are only partially 
dissociated, the boiling continues. The melting and 
boiling points of ZnS are close together, 1620° and 
1650°C. 

In the presence of carbon the boiling points of all 
sulphides are lowered because of the formation of un- 
stable compounds of the type MeCS existing only in 
the form of vapor. 

N. A. Gokcen (Michigan College of Mining and Tech- 
nology, Houghton, Mich.)—The slopes of the straight 
lines in Fig. 2 for liquid and solid As,S, are defined 
by the following relation: 


dlogP AH 
4.576 


i 
where AH is either the heat of sublimation or vaporiza- 
tion. This equation is also valid when the indirect 
pressure measurements differ from the true pressure 
values by a constant factor. 

Since Ni then the slope of 
the sublimation line must be smaller than that of the 
vaporization line. The slopes in Fig. 2 are thus in dis- 
agreement with these thermodynamic considerations. 

A. W. Schlechten (authors’ reply)—We are inclined 
to agree with Dr. Moles that the uncertainties of the 
experimental method make it advisable to consider the 
results as apparent vapor pressures, as we labeled 
them. However, we were encouraged to find that our 
method when used on copper checked very well with 
the determinations of other workers, and these were 
for pressures also much lower than the residual gas 
pressures. 

The interesting experiments of Dr. Kohlmeyer em- 
phasize the fact that at high temperatures dissociation 
becomes the dominant mechanism of weight loss for 
certain sulphides. 

The variance of our data pointed out by Dr. Gokcen 
may be the result of decomposition of As,S, to As,S., 
as noted on p. 68 of the paper, to a greater extent 
above the melting point. The latter compound has the 
higher vapor pressure. 


19 Metall wu. Erz (1932) 29, pp. 105-113 (1939) 36, pp. 578-584. 


Mechanism of the Reduction of Oxides and Sulphides to Metals 


by Carl Wagner 


DISCUSSION, H. H. Kellogg and A. J. Phillips 
presiding 


J. Pearson (British Iron and Steel Research Associa- 
tion, London, England)—Dr. Wagner has referred to 
the work of Richardson and Dancy and Gellner and 
Richardson on the reduction at 900°C of wustite films 
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on iron. He has assumed that iron ions and: electrons 
migrate backwards to the iron-wistite interface and 
that the reduced iron grows on the metal substrate. 
This would be a possible explanation of the results of 
these workers were it not for the fact that, as stated 
by Gellner and Richardson but not stressed, this 
growth in the center of the specimen can occur even 
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if the whole cross section has been oxidized, provided 
that the oxidation treatment is terminated shortly after 
the metal has been oxidized throughout. 

It was at my suggestion that the late O. H. Gellner 
carried out such an experiment and I studied the cross 
sections of these completely oxidized and partially 
reduced samples with care. Their appearance was 
the same as those which had been only partially 
oxidized before reduction, except that there was none 
of the original substrate left. It must therefore be 
assumed that iron atoms or iron ions and electrons 
migrated toward the recently formed wustite and nu- 
cleated there. Gellner and Richardson made sugges- 
tions as to why nucleation should be easier in the re- 
cently formed wiistite than in that at the outer surface 
of the samples. 

It appears that the iron substrate is necessary only 
to produce the condition, be it due to strain or other 
causes, which favors easy nucleation, since its effect 
persists even when the iron has been all oxidized. 
When a fully oxidized specimen is annealed and then 
treated with hydrogen, reduced metal does not build up 
preferentially in the center of the strip but each re- 
crystallized grain is reduced from its boundaries in- 
ward. 

All specimens reduced at 700°C showed reduction at 
and from the outer surface only. This is presumably 
because diffusion of iron atoms or ions is then so slow 


that the critical nucleation concentration can be ex- 
ceeded in the outer layers before the requisite but 
lower concentration is reached in the layers in contact 
with the iron or just formed from it. 

It is, therefore, to be concluded that Wagner’s over- 
all picture of the mechanism is correct but that 
combination of metallic ions and electrons and nuclea- 
tion may be dependent on some physical property of 
the oxide. 

Carl Wagner (author’s reply)—The author is grate- 
ful to Dr. Pearson for his remarks. Further research 
on the reduction of wiistite seems very desirable. In 
particular, reduction of wistite should be investigated 
in an atmosphere of water vapor and hydrogen rather 
than in pure hydrogen. The formation of fresh nuclei 
will be more probable in pure hydrogen (containing 
water vapor only as far as formed by the reduction of 
oxide) than in an atmosphere of hydrogen with a 
definite amount of water vapor. If the H,O/H, ratio 
is just slightly lower than equilibrium ratio for co- 
existence of iron and wistite, growth of retained iron 
particles rather than fresh nucleation is expected. 
Experiments in a H,-H,O atmosphere may therefore 
lead to more conclusive results and may especially 
make possible a more distinct differentiation between 
the reduction of freshly formed wistite and the re- 
duction of aged wistite. 


Observations on the Preparation of lodide Titanium 


by O. J. C. Runnalls and L. M. Pidgeon 


DISCUSSION, N. Arbiter and O. C. Ralston 
presiding 


J. M. Blocher, Jr. and I. E. Campbell (Battelle 
Memorial Institute, Columbus, Ohio)—Since the de 
Boer-Van Arkel process for making titanium metal in- 
volves a number of steps in a fairly compact unit, it 
is difficult to determine simply which of the steps is 
rate controlling. In any statement as to which step 
constitutes the rate-controlling process, qualifications 
appear to be in order. 

It is possible to design a reaction bulb in which any 
one of a number of steps is made to be controlling. 
1—With the filament removed some distance from the 
crude, as in the case of the authors’ experiments, the 
interdiffusion of iodine and iodide may be controlling. 
2—If, as is usually done, the crude metal is placed in 
a perforated cylindrical basket, or as a_ briquetted 
mass, in close proximity to the filament, the rate of 
deposition is increased (we obtained rates of deposition 
5 to 10 times those cited in the authors’ paper), and 
another rate-limiting factor, such as the reactivity of 
the crude, may take over. In this regard, we have 
noticed radically different rates of deposition with dif- 
ferent crudes, and with crudes in various stages of 
exhaustion. 3—With a very reactive crude metal and 
with optimum practical geometry, still another process 
may be controlling. It is felt that this is a diffusion 
process in the immediate vicinity of the filament in- 
volving the fundamentally adverse situation of a net 
flow of particles away from the filament. 

The separate experiments on the reactivity of iodine 
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with titanium are interesting but somewhat inconclu- 
sive. Data is still needed on the partial pressure of 
iodine in an operating decomposition bulb. A knowl- 
edge of the gradient of iodine partial pressure from 
the crude to the filament would be particularly en- 
lightening. Optical absorption may be a useful tech- 
nique here. Accurate measurements of the total press- 
ure within a decomposition bulb under various con- 
ditions would be quite revealing. Preliminary meas- 
urements have been made at Battelle in following this 
line of attack. 

It is interesting to note that the authors’ data on the 
temperature dependence of deposition rate indicate 
that the overall rate is not controlled by the kinetics 
of the decomposition reaction at the filament: 


Ti + 


Any reasonable estimate of the activation energy of 
this reaction would, if its kinetics were controlling, 
dictate a much greater temperature dependence than 
is observed here. 

The authors apparently attribute the drop in deposi- 
tion rate (eventually to zero) with increased Til, 
pressure solely to a decrease in diffusion rate. How- 
ever, there is an equilibrium factor involved here that 
must not be overlooked. As the partial pressure of 
Til. is increased, a point is reached where, due to the 
competing reaction of the tetraiodide with titanium 
to form lower iodides, the equilibrium partial pressure 
of titanium is reduced to the point that it equals the 
vapor pressure of titanium at the filament temperature 
and the deposition rate falls to zero. This effect would 
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be observed even though the rate of removal of iodine 
from the deposition zone were not a function of press- 
ure. If this limiting pressure of Til, is exceeded, 
titanium is actually removed from the filament. This 
effect cannot be explained solely on the basis of Til, 
acting as a barrier to the diffusion of iodine. 

Incidentally, the use of mg per sq cm per hr as a 
measure of the rate of deposition is somewhat mis- 
leading as it implies that the rate of deposition is pro- 
portional to the diameter of the filament, which is not 
the case. In depositing titanium at Battelle on fila- 
ments varying over a 1 to 100 range in diameter, little 
more than a 1 to 2 variation in deposition rate has been 
observed under otherwise comparable conditions. This 
in itself is evidence that the rate-controlling process 
takes place at some distance from the surface of the 
filament. A rate expression in terms of weight per 
unit of filament length per unit of time is more useful. 

In conclusion, it should be stated that, from a practi- 
cal standpoint, the rate at which Til, is formed at the 
surface of the crude is usually the overall rate-con- 
trolling factor in the iodide decomposition process for 
the production of titanium. Under otherwise com- 
parable conditions, forty-fold variations in deposition 
rates have been observed at Battelle using crude metal 
charges having different histories. The reactivity of 
the crude metal is markedly influenced by the presence 
of oxide or nitride films on the surface, or by the 
presence of impurities which become concentrated as 
the titanium is consumed. 

Although the reactivity of the crude may be rate 
controlling under certain conditions, it is recognized 
that when a highly reactive crude is used, a process 


other than the synthesis step may become controlling. 
However, it is felt that this occurs at rates of deposition 
substantially in excess of those reported in the paper. 

O. J. C. Runnalls and L. M. Pidgeon (authors’ reply) 
—The observations of Blocher and Campbell on the 
practical large-scale deposition of iodide titanium are 
interesting and, presumably, represent an extension of 
the last published work? on the subject. 

For the reaction: 


Til, > Ti + 41 


if a reasonable estimate of the activation energy is 
assumed, about 30 kcal, and for an accommodation 
coefficient of unity, the measured temperature de- 
pendence of deposition rate was what might have been 
expected up to 1400°C. Above this temperature, it is 
reasonable to assume that the volatility of titanium 
would result in a lower deposition rate than expected 
if the kinetics of this process alone were controlling 
the deposition. 

One could speculate further concerning the decrease 
in deposition rate with increase in Til, pressure above 
15 mm Hg and attribute this phenomenon, at least in 
part, to the increased effect of thermal diffusion in the 
region of the hot filament at higher pressures of Til:. 

Blocher and Campbell’s use of the term rate of de- 
position is somewhat confusing. Apparently they are 
referring to the total weight of titanium deposited per 
unit of time. In the work described, the authors found 
that the deposition rate was independent of the fila- 
ment area exposed. Hence, the use of the term mg 
per sq cm per hr was considered legitimate in describ- 
ing the deposition rate. 


Deleading Zinc Concentrate at the Parral and Santa Barbara Mills 


by C. L. Boeke and G, G, Gunther 


(Any discussion resulting from presentation at the 
Los Angeles Extractive Metallurgy Division Meeting 
will appear in the November 1953 issue.) 


I. M. Symonds (Cia Minera de Penoles, Monterrey, 
N. L., Mexico)—This is a most interesting paper de- 
scribing zinc deleading operations. Mr. Gunther was 
kind enough to show me his operation last fall. Out- 
side of the excellent results, I was most impressed by 
the ease of control. I had expected a difficult operation 
requiring careful control and supervision, but found 
one requiring little attention. ee 

The only disappointing fact of the separation is the 
poor copper recovery in the concentrate of the delead- 
ing float. The final zinc concentrate still has about 
3 pct chalcopyrite (assuming the copper is chalcopy- 
rite) which adversely affects the zinc grade. If the 
copper mineral is free, the poor recovery 1s probably 
due to the high cyanide concentration. Fortunately, 
about 75 pet of the copper is recovered before the pulp 
goes to the zine circuit. 

Mr. Gunther’s remarks about proper cyanide to zinc 
sulphate ratios cannot be overemphasized. Although 
our experience has been mostly confined to the con- 
ventional Pb-Zn separation, we have found these 
ratios most important, and more important in the mill 
than in the laboratory. The laboratory appears to give 
optimum results over a wider range of reagent control 
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than the mill, especially in regard to the effect of 
cyanide. 

In the mill in handling relatively high grade ores, 
we usually find that ratios of cyanide to zinc sulphate 
of 1 to 10 or 20 or higher work best. Where there is a 
substantial amount of chalcopyrite present, it has been 
noted that cyanide in the range of 0.02 to 0.10 lb per 
ton of ore is often beneficial in zinc rejection and 
possibly in copper recovery in the lead concentrate, 
while larger amounts, say 0.20 to 0.25 lb per ton, will 
float more zinc and cause a serious rejection of chal- 
copyrite. On an ore with 15 to 20 pct Zn content, we 
have had to use 0.8 to 1.2 lb of zine sulphate per ton 
of ore with the above cyanide to obtain optimum 
results. 

Sometime ago we made a laboratory study follow- 
ing Parral and Santa Barbara practice on an ore which 
never had a very satisfactory rejection of zine in the 
lead concentrate. The results were not encouraging 
and a mill test was not run. Since then the study 
has been reopened using fresh zine concentrate from 
the mill in the laboratory instead of one made in the 
laboratory. A reasonably clean lead float from the 
zine concentrate was obtained. It has been checked 
several times and each time the zine concentrate made 
in the mill responds and the one made in the labora- 
tory does not. Although undoubtedly some reasonable 
explanations can be given, it is presented here only 
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as an interesting observation that may be of use to 
others. 

L. H. Lange (The Galigher Co., Salt Lake City, Utah) 
—I would like to add to this an experience of mine 
along the same lines except a little more exaggerated 
on a property in Southwest Africa treating dumps 
which were very rich in copper, lead, and zinc. On a 
certain fraction of these dumps, some 200,000 tons, 
averaging about 4 pct Cu, 6 pct Zn, and 10 to 12 pct 
Pb, selective flotation was practically out of the ques- 
tion. A technique was developed for the treatment of 
these ores in which a bulk float of the sulphides was 
made, the cleaned bulk concentrate being then treated 
with dichromate and American Cyanamid reagent 610 
for the depression of the lead and copper sulphides. 
Dichromate alone had but little effect, but the combi- 
nation of this reagent and 610 produced quite a satis- 
factory result. In the early work, selective flotation of 
some of the easier floating sulphides of lead and copper 
was attempted but without much success. However, 
on some of the upper level mine ores, this scheme 
is now being used before the bulk flotation of the 
more difficultly floating sulphides of copper, lead, and 
the easy floating zinc. Sufficient soluble copper is 
present in these dump ores that no copper sulphate 
was needed to activate the zinc, the bulk flotation being 
carried out with soda ash, xanthate, and frother. This 
procedure does not make as high a grade zine concen- 
trate as is made at Santa Barbara, but the company 
had a very good contract for their zinc concentrates in 
Belgium getting pay for the copper and lead in the 
concentrates. Consequently, this treatment paid off on 
these difficult oxidized sulphide ores. 


Norman Weiss (American Smelting and Refining Co., 
Salt Lake City)—Since I was in the Santa Barbara area 
for a long time, I am somewhat familiar with the de- 
leading operations in that district. At Santa Barbara 
we started deleading in 1941 and 1942 when we ran 
into some oxidized ore from the Coyote mine. We 
found it difficult to float all of the lead without floating 
zine also. At that time the zinc concentrate ran about 
53.5 pct Zn and 3 pct Pb. This product was not accep- 
table at the zinc smelter because of its high lead con- 
tent. Consequently, after some experimentation we 
put in a deleading section. 

The zine concentrate was first conditioned with 
cyanide and zinc sulphate, also a small amount of soda 
ash. Sodium bicarbonate and sodium hydroxide were 
also used as the alkaline reagent. After the concen- 
trate had been conditioned a lead froth was made, and 
the resulting tailing (zine concentrate) ran only 1.8 to 
2 pet Pb, which was satisfactory. 

Very many Pb-Zn mills now successfully separate 
lead from the zinc concentrate in some way or another, 
particularly in the northwest. Some take a zinc flota- 
tion middling and refloat this for lead; others have 
filtered and dried the zinc concentrate before deleading. 

However, the contribution that Messrs. Gunther and 
Boeke have made to this art is very important for the 
reason that for the first time they have deliberately 
permitted lead to escape from the lead circuit in order 
to improve selection there, and then have gone ahead 
to pick it up out of the zine concentrate. As far as I 
know, this is the first time that this has been done. 

This seems to be a valuable technique for Pb-Zn ores 
containing copper. On the normal Pb-Zn ore contain- 
ing very little or no copper, the zine content of the 
lead concentrate may be held below 3 or 4 pct with- 
out much difficulty. When the ore also contains copper 
the problem is more difficult, and the operator has the 
choice of accepting a lead concentrate containing 7 or 
8 pct Zn or even more, or else of upgrading the lead 
concentrate and sacrificing precious metals and copper. 
The method used in the Parral district and described 
by the authors, therefore, may be successfully used on 
other ores of this type. 


H. S. Wildman (American Smelting and Refining Co., 
Avalos, Chih., Mexico)—At the present time at the 
Santa Eulalia mill we are treating the leasers’ ore from 
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the Santa Barbara district and as these ores are ob- 
tained at or near the surface they contain a great deal 
of the semioxidized or slow floating. lead which tends 
to report in the zinc concentrate. 

As we have not as yet been able to install a zinc 
concentrate deleading unit such as they are using at the 
Santa Barbara mill, we have resorted to the tabling of 
the lead tails prior to zinc flotation. A fair portion of 
this so-called slow floating lead has been recovered and 
at the same time the lead float has been stabilized. The 
previous tendency had been to add a surplus of col- 
lector agent to prevent so much lead passing over to 
the zinc float and at times lowering the grade below 
the shipping requirements. 

C. F. Zeuch (The Dow Chemical Co., Pittsburg, 
Calif.)—In all this work, has anything been done in 
heating the zinc concentrate before attempting to de- 
lead it? 

G. G. Gunther (authors’ reply)—No work has been 
done at Parral or Santa Barbara to investigate the 
effect and the possible use of heat in the zinc delead- 
ing operations, mainly because a cheap source of heat 
is not available at either plant. 


E. Hi. Crabtree, Jr. (Eagle Picher Co., Miami, Okla.) 
—First, I might answer Mr. Zeuch’s question on the 
effect of heat on differential separation. We have one 
operation now which is being conducted on an old 
slime pond. This slime pond resulted from muddy 
primary thickener overflows, which had accumulated 
for many years because the thickeners were too small 
for the tonnage being handled. A few years ago we 
attempted to clean out this slime pond and re-treat it. 
It contained several percentages of combined lead and 
zinc. Since we were unable to make a satisfactory 
selective separation by conventional means, which we 
assumed was due to the extremely fine sizes, we finally 
made a bulk Pb-Zn concentrate which is cleaned and 
filtered and then conditioned in what we call our hot 
conditioner. This bulk Pb-Zn concentrate is given a 
retention time at boiling temperature for approxi- 
mately 1 hr with high concentration of sodium meta- 
silicate. After this conditioning period, the material 
is passed through a hydroseparator for removal of the 
excess sodium silicate and the high caustic solution 
which we have there. The underflow from this hydro- 
separator then goes into a Pb-Zn differential circuit 
and a reasonably good separation is made. By that I 
mean that a concentrate of about 65 pct Pb and one of 
about 58 pct Zn is made. This is, I think, a solution of 
a particular problem. We have attempted this hot 
conditioning with sodium silicate on other ores and it 
was not successful, but it is particularly successful on 
very slimey material, which, incidentally, has quite a 
bit of organic material in it which resulted from the 
original ore. 

There is another comment I wanted to make on Mr. 
Gunther’s paper. As we all know, the main virtue of 
zine deleading is that we do not have to control our 
lead circuit so closely, as Mr. Weiss pointed out. We 
can work more for lead grade and allow some of the 
lead to go into the zine concentrate because of the 
opportunity to recover it later. In all of the Pb-Zn 
operations which I have had experience with, I have 
found that once the lead goes through into the zine 
circuit, which is usually a high lime circuit, the lead 
becomes very sluggish and floats slowly. As a result, 
a large portion of the lead floating in the zine rougher 
circuit floats down toward the tail ceils. At one of our 
operations in Arizona we have taken advantage of this. 
We pull off a zinc rougher concentrate which goes to 
the zine cleaners and then to filtration, but the zinc 
scavenger concentrate which has the large portion of 
the lead in it is reground in cyanide and then returned 
to the head of the lead circuit. I think that one virtue 
of this is that we can grind in quite a high cyanide 
strength without being afraid of depressing chalcopy- 
rite since any chalcopyrite that is depressed along with 
the zinc can be recovered in the lead rougher circuit. 
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Low Melting Gallium Alloys 


by R. M. Evans and R. |. Jaffee 


DISCUSSION, T. E. Leontis presiding 


J. P. Denny (General Electric Co., Lynn, Mass.)— 
The authors are to be complimented on their compre- 
hensive investigation. The adaptation of the Rosen- 
hain furnace to low temperatures, as described in their 
Technical Note,* is very noteworthy. A complete de- 
scription of experimental details is not possible in this 
type of article. However, for the benefit of future in- 
vestigators of gallium-base systems, it is highly de- 
sirable that certain observations relative to their 
thermal analyses be presented. 


A completed Ga-In-Sn investigation suggests that 
cooling curves on the gallium side of the authors’ 
Ga-Sn-Zn ternary eutectic would not give reliable 
liquidus points, because of supercooling. Further, the 
authors’ experimental procedures would presumably 
not lead to extensive supercooling of the entire eutec- 
tic, but only to supercooling of the gallium-rich phase 
of the eutectic. Clarification and/or confirmation is 
requested. 

The authors’ experience with systems of immiscible 
liquids brings to mind what was a rather perplexing 
problem relative to the Ga-In binary, and a brief de- 
scription will perhaps be of interest. Preliminary 
Ga-In melting curves, at high gallium compositions, re- 
vealed three transition points, one corresponding to the 
liquidus, one to the solidus, and one of unknown 
origin. A second problem soon presented itself: The 
liquidus could not be found at any composition be- 
tween 20 and 35 pct In. These two observations sug- 
gested that the binary must contain a central region 
of liquid immiscibility, and chemical analysis pro- 
cedures were worked out to test this thesis. An alloy 
of critical composition was prepared, centrifuged, 
quenched, and top and bottom portions sectioned for 
chemical analysis. No immiscibility could be detected. 

This dilemma was ultimately resolved by: 1—-detec- 
tion of 0.1 pet Hg impurity in a lot of so-called high 
purity gallium, which was proved to cause the addi- 
tional transition at 18.2°C, and 2—the use of sensitive 
cooling curve methods on the indium side of the eutec- 
tic. There is a moral here: if all gallium had been 


purchased in one lot, rather than at different times, 


the problem would probably not have been solved. 
The low melting points of gallium alloys would permit 
centrifuge techniques, similar to that described here, 


to be used on various immiscible gallium-containing 
liquids. 

B. W. Gonser (Battelle Memorial Institute, Colum- 
bus, Ohio)—I would like to stress the potential avail- 
ability of gallium and the desirability of developing 
new applications. Although present in aluminum and 
zine ores and some scattered sources in amounts sug- 
gesting a potential production in North America of 
some hundreds of tons yearly, difficulties in efficient 
extraction of the small percentage of gallium may limit 
practical exploitation to a fraction of this amount. 
Even so, potential availability, as uses develop, should 
be considered in terms of tons rather than grams or 
ounces. Likewise, the present high cost of several dol- 
lars a gram for small amounts is typical of most un- 
common metals when first produced in the laboratory 
or on a small pilot-plant scale. Cost undoubtedly will 
drop drastically as higher volume production is war- 
ranted. 

The properties of gallium, including its activity in 
alloying with practically all other metals, point to an 
interesting metal for metallurgical research. Such 
research should not be handicapped by the erroneous 
feeling that gallium is such a scarce and expensive 
material that it is not worth consideration practically. 

R. I. Jaffee (authors’ reply)—We would like to thank 
Dr. Denny for his detailed discussion. We acknowledge 
that supercooling of the gallium-rich alloys causes 
difficulty in obtaining accurate liquidus points. How- 
ever, as the paper points out, we claim only +2.5°C 
accuracy in the liquidus surface in this region. The 
ternary eutectic supercooled too, but an invariant point 
was always reached after solidification proceeded. We 
cannot agree with Dr. Denny that only the gallium- 
rich phase of the ternary eutectic was involved in the 
supercooling. If this were the case, in the Ga-Sn-Zn 
alloys for example, there would be no invariant point 
reached after solidification started, but a variable 
maximum temperature would be reached whose mag- 
nitude would depend upon the degree of supercooling 
and the amount of metal involved. 

Dr. Gonser’s points concerning the widespread oc- 
currence of gallium in small quantities are well taken. 
The very high cost of gallium is directly related to its 
minute production. Undoubtedly the cost could be 
reduced sharply given a bonafide use and larger pro- 
duction. 


Solidification Mechanism of Steel Ingots 


by H. F. Bishop, F. A. Brandt, and W. S. Pellini 


DISCUSSION, J. P. Nielsen presiding 


M. S. Fisher and D. R. F. West (Imperial College of 
Science and Technology, London, England)—It may be 
of value to compare certain features of the results re- 
corded in this very interesting paper with those of an 
investigation” involving determinations of tempera- 
ture gradients and rates of solidification of steel blocks 
of 3 in. sq section, cast horizontally in sand molds, 
some of which contained chills. 

Castings in plain carbon steels containing up to 0.8 
pet C were made and, throughout this range of compo- 
sitions, both inverse-rate and direct cooling curves, 
obtained from thermocouples placed within the mold 
cavity, showed a major arrest, the temperature of 
which was taken as the “effective liquidus” for the 
particular steel in question, solidifying under the con- 


ditions of the investigation. At the completion of the: 


arrest, the curves showed a comparatively rapid de- 
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crease in temperature. Some of the steels investigated 
lay within the peritectic region, and a second arrest at 
1485°C was detected. In Fig. 15, which shows the effec- 
tive liquidus temperatures, the limit of the 6 + liquid 
field has been placed at approximately 0.5 pet C. In in- 
verse-rate curves corresponding to the thermal center 
of each casting, there was always a discontinuity, viz., 
an abrupt change of slope, at a temperature about 10° 
to 20°C below the “liquidus arrest,” after which there 
seemed to be no significant irregularity in the rate of 
cooling. Curves corresponding to other positions in the 
casting generally showed some irregularities below the 
main arrest, probably as a result of heat flow from the 
solidifying interior. Even the reproducible discontinu- 
ity in the curves for the central positions appeared to 
have no theoretical or practical significance, though it 
probably corresponded to a stage in the solidification 
process at which only a relatively small amount of 
interdendritic liquid remained. Its temperature, rela- 
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tive to the liquidus, bore no apparent relation to the 
extent of the freezing range as indicated by the gen- 
erally accepted equilibrium diagram, and hence it could 
not be regarded as even a “technical solidus” value. 

The results of pour-out tests showed that the thick- 
ness of skin existing at a given time corresponded to 
the depth at which the liquidus arrest was completed. 
This means that at any given time a continuous net- 
work of crystals, no doubt containing a good deal of 
interdendritic liquid, but sufficiently coherent to hold 
together when the casting was up-ended, extended 
from the mold face to the position where the liquidus 
arrest was just about to end. The expression “start 
of freeze” wave, used by the authors in referring to 
the end of the arrest, is therefore liable to give a mis- 
leading impression, though it may not actually be 
wrong. 

The liquidus temperature, as determined under any 
particular experimental conditions, is essentially that 
at which nuclei grow to a sufficient extent for the 
thermal effect to be detected. Effective liquidus tem- 
' peratures as determined under sand and chill casting 
conditions were found to be lower than those given 
in the usual equilibrium diagram, the difference vary- 
ing slightly for the various steels investigated, but 
being of the order of 10°C. The steels contained ap- 
proximately 0.2 pct Si and 0.5 pet Mn, together with 
about 0.2 pct Ni and 0.05 pct Cr. It was estimated that 
the effect of these elements in lowering the liquidus 
values relative to those for pure Fe-C alloys was not 
more than approximately 6°C, so only part of the 
difference between equilibrium and effective liquidus 
temperatures could be accounted for in this way. The 
effective liquidus temperatures shown in the diagram 
are in good agreement with those determined by the 
authors for the steels employed in the work described 
in the present paper. : 

It is probable that even the liquidus values given in 
the generally accepted equilibrium diagram lie below 
the true equilibrium liquidus temperatures, and hence, 
under sand or chill casting conditions, when solidifica- 
tion eventually begins at the effective liquidus, a rela- 
tively large amount of solid can be formed, and 
thermal conditions are such that its formation is essen- 
tially isothermal. The effect is in fact one of under- 
cooling, but no marked recalescence occurs, probably 
because the region of labile crystallization is not 
attained. The process occurs in the metastable region, 
in which crystallization proceeds only in the presence 
of inoculation. At the liquid-solid interface, where 
the liquid is liberally inoculated with the previously 
formed solid, crystallization proceeds as rapidly as the 
heat evolved is conducted away. In the central pool of 
liquid, only a limited amount of crystallization can 
occur around nuclei provided perhaps by nonmetallic 
inclusions or metal crystallites sinking from above. 

An experiment showed a difference in the time for 
the completion of the liquidus arrest for a steel con- 
taining only 0.06 pct C and one containing approxi- 
mately 0.6 pct C, both poured with the same degree 
of superheat, the time for the former being of the 
order of 30 pct longer than that for the latter. In the 
present paper the authors have clearly established this 
effect in noting differences in the “start of freeze” and 
“end of freeze” waves for steels of these compositions. 
The facts outlined here appear to have some bearing 
on this question. For the 0.06 pct C steel (see Fig. 15), 
the relation of the temperature of the liquidus arrest 
to the equilibrium freezing range indicates that, at the 
temperature of the former (approximately 1524°C), 
the percentage of solid that could form isothermally 
would be of the order of 60 to 80 pct. This can be only 
a very rough approximation, since the true equilibrium 
freezing range for these commercial steels is not 
known. For the 0.6 pct C steel, at its effective liquidus 
of approximately 1477°C, the amount of solid that 
could form would be about 10 to 30 pct. This estimated 
difference in the amount of solid able to form isother- 
mally in the two steels cannot be correlated quantita- 
tively with the duration of the respective liquidus ar- 
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Fig. 15—Effect on equilibrium diagram temperatures of solidifying 
as commercial castings. Solid line—Equilibrium diagram for pure 
Fe-C alloys. Dashed line—Curves showing effective liquidus and 
peritectic temperatures for commercial steels solidifying in casting 
form. 


rests, but the fact that the difference does exist and is 
predictable, lends support to the view that the mecha- 
nism outlined may play an important role in the process 
of solidification of steel castings. 

There are, however, other factors to be considered. 
Although the study of solidification is basically a prob- 
lem in heat transfer, yet the mechanism of solidifica- 
tion, particularly the part played by selective freezing, 
and the possible movement of segregated liquid and 
of crystallites, is important, not only in its effect on 
the macrostructure, but also in relation to the per- 
centage of solid formed at a given temperature, 
especially when a particular region of a casting is 
considered. 

H. F. Bishop, F. A. Brandt, and W. S. Pellini (authors’ 
reply)—The detailed comments of Drs. Fisher and 
West relative to the interpretation and significance of 
thermal analysis data are appreciated. Inasmuch as 
the discussion pertains to the solidification of steel in 
sand molds it is necessary to consider the question of 
differences in the nature of the solidification mechanism 
as compared to chill (ingot-mold) solidification. This 
question has been discussed in other reports by the 
authors.“™ Briefly, the main difference in the mech- 
anism of solidification for sand walls entails a long 
delay in the movement of the “end of freeze” wave 
due to the mild thermal gradients which exist through 
the solidifying mass as compared to the case of the 
chill wall. Thus, the “start of freeze” wave may move 
to the center of the section prior to the development of 
a completely solid skin at the surface. The relative 
rates of movement of the “start” and “‘end of freeze” 
waves is dependent on the width of the solidification 
temperature range: Fig. 16 illustrates the relative dif- 
ferences in graphic fashion. Insofar as the develop- 
ment of a liquidus hold and the movement of a “start 
of freeze” wave through the liquid is concerned, it is 
not necessary to differentiate between sand wall or 
chill wall solidification since there is no difference in 
mechanism. The only difference is in the time of 
existence of the hold and the rate of travel of the 
“start of freeze” wave. 

We are in agreement with the finding that the 
liquidus hold does not occur at the equilibrium dia- 
gram temperatures: Our data indicates that the effec- 
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Fig. 16—Effect of rate of cooling and distance from interface on 
time required to start and complete solidification. 
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Fig. 17 (above)—Section through a 4 in. thick 0.30 pct C sand- 
cast steel plate. 


Fig. 18 (right) —Radiograph of the center of a sand-cast pressure 
bled ingot. 


tive liquidus is 10° to 15°F lower. However, we are 
not in agreement with respect to the solidus inasmuch 
as our data showed a corresponding effective solidus 
also 10° to 15°F below the equilibrium solidus line. 
It was accordingly concluded that the shift represented 
an alloy effect due to the presence of silicon and 
manganese. 

The discussers’ conclusion that the shift was not due 
entirely to an alloy effect unavoidably leads to a 
further conclusion that the liquidus hold is strongly 
suppressed and that a large percentage of solid may 
form isothermally during the hold period. It is difficult 
to conceive the gradual formation of solid in a strongly 
undercooled liquid as postulated, for such is in contra- 
diction to the established nature of transformations of 
highly unstable systems. There is, moreover, direct 
evidence from the growth of columnar dendrites from 
the upper surfaces to the center in sand-cast plates or 
bars which indicates that the central region remains 
essentially as clear liquid during the hold period. Fig. 
17 illustrates a section through the thickness of a sand 
cast, 4 in. thick plate of a 0.30 pct C steel, which re- 
quired approximately 12 min for the columnar growth 
to reach the center (end of “start of freeze” wave). Dr. 
West shows similar photographs" for 4x4x18 in. bars 
and provides an excellent description of the mechanism 
by which columnar growth to the center occurs only 
from the top surface. The mechanism entails the 
movement of the upper surface dendrite tips into com- 
pletely clear liquid while the lower surface dendrite 
tips are covered by small solid particles which tend 
to form just ahead of the advancing solidification front. 
Particles which form on the upper solidification front 
fall by gravity and settle on the lower surface. If the 
casting is reversed, the former lower surface reverts 
to columnar growth while the former upper surface 
now develops equiaxed structures.” In support of the 
clear liquid hypotheses of columnar growth, Dr. West™ 
observed that, “The interior of the casting was not in 
a pasty state, since the drained liquid in the pour out 
tests flowed freely.” 


SCALE: INCHES 


The failure of Drs. Fisher and West to detect a defi- 
nite inverse rate solidus point related to the width of 
the solidification range also leads to their conclusion 
that the “technical solidus” determined by the authors 
is fictitious. The discussers, however, fail to recognize 
that the authors were successful in determining an 
effective solidus which was related to the equilibrium 
solidus. That this solidus value does in fact represent 
the point of essential solidity was proved repeatedly 
by pressure bleeding of sand castings at various stages 
of solidification. Fig. 18 presents a radiograph of a 
Y% in. section removed from the center of a sand-cast 
7x7 in. ingot which was pressure bled by forcing nitro- 
gen gas into the casting 40 min after casting. The nitro- 
gen gas displaced.the interdendritic liquid at the time 
that the “end of freeze’”’ point (determined by the 
technical solidus) had reached a 1 in. depth (see Fig. 
16 “end of freeze” curve for a 0.60 pct C steel). The 
1 in. thick solid skin formed at this time is clearly 
visible in the radiograph. It should be observed that 
at this time the thermal analysis predicts a semico- 
herent condition. throughout the casting. 
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Model for Dendrite Growth Form in Metals and Alloys 


by R. B. Pond and S. W. Kessler 


DISCUSSION, J. P. Nielsen presiding 
A. Prince (Imperial Chemical Industries Ltd., Bill- 


imgham, Durham, England)—The authors have ob- 
served the occurrence of the hexagonal structure in 
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metals which have been solidified in a variety of ways. 
Recently we have observed what we believe to be a 
similar structure in an austenitic weld deposit of 
extra low carbon 18/10 Cr-Ni steel. The weld, a butt 
weld in % in. material, was made by the argon arc 
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Fig. 23—Hexagonal structure 
posit of extra low carbon 18/10 steel. 
FeCl, etch. X500. Area reduced approxi- 
mately 50 pct for reproduction. 


tion a 


Fig. 26—Mammiform boundaries coincid- 
ing with the true grain boundaries. FeCl, 
etch. X100. Area reduced approximately 
50 pct for reproduction. 


Fig. 


process using filler wire of similar composition to that 
of the plate. Figs. 23 and 24 show the structure at high 
magnification and Fig. 25 the area at low magnification. 

Fig. 26 confirms the fact that the mammiform 
boundaries form part of the grain boundaries in the 
appropriate places. The grain boundaries were brought 
up by rather deep etching in a 1:1 FeCl,/methanol 
etchant. It will be noticed that the lower half of the 
micrograph is darker than the upper half. This is not 
an effect due to defective illumination; it is possibly an 
etching effect whose significance we cannot determine. 

The curve given in Fig. 18 of the paper shows the 
expected correlation between mammiform size and 
rate of solidification. Apparently no results were ob- 
tained for sizes below 0.0075 sq mm. From Figs. 23 to 
25 we have taken the average surface area of our 
mammiforms as 0.0005 sq mm. The weld metal solidi- 
fies very rapidly, as is well known, and, if we assume 
that a distance of % in. has to solidify in the area 
where we found the mammiforms, then by taking an 
average time for solidification the rate can be deduced. 
For a solidification time of 2/3 sec the rate of solidifi- 
cation will be 334/2% in. per min. This seems, within 
the limitations placed upon an estimate of this nature, 
to be a reasonable confirmation of the authors’ curve. 

According to Messrs. Pond and Kessler a section 
taken at right angles to the section shown in Fig. 25 
should show a striated pattern. Fig. 27 is such a sec- 
tion. It will be seen that along the edge AB—corres- 
ponding to the previous plane examined—the structure 
is still hexagonal. Can this be taken to mean that the 
mammiforms, in this case, grow in a very shortened 
form rather than in the elongated form, the cross 
branches also growing to a limited extent only? Mutual 
interference of the three dimensional cross branches 
could probably then produce a mammiform structure 
on any plane. This may be a particular case in that 
we find the phenomenon just described in the region 
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Fig. 24— Hexagonal 


structure in weld de- 
posit of extra low carbon 18/10 steel. 
FeCl, etch. X500. Area reduced approxi- 
mately 50 pct for reproduction. 


plane of Fig. 25. Hexagonal structure 
still evident. X50. Area reduced approxi- 
mately 50 pct for reproduction. 


Fig. 25—Region of hexagonal structure 
in extra low carbon 18/10 weld deposit. 
FeCl, etch. X50. Area reduced approxi- 


mately 50 pct for reproduction. 


Fig. 28—Zone near weld interface of ex- 
tra low 18/10 weld deposit. FeCl, etch. 
X100. Area reduced approximately 50 pct 
for reproduction. 


of the weld metal where nucleation of the melt will 
tend to give an equiaxed structure (cf. Fig. 26). At 
the interface between weld metal and parent plate 
where the columnar structure is usually found, we 
noticed a transition type of structure in addition to 
the striated structure. Here, obviously, we are cutting 
across individual grains with variously oriented striae 
and getting the net effect shown in Fig. 28. That the 
mammiforms in the equiaxed region are not striated 
is interesting. Probably the authors would give us 
their views on the mode of occurrence of this struc- 
ture. While discussing this topic it may be noticed in 
passing that Bengough sectioned his samples so that 
he could examine planes at right angles to each other. 
On both planes he observed his double cellular texture. 

The final point is a comment on nomenclature rather 
than on observation on the admirable paper the 
authors have presented. The term mammiform is an 
ugly expression; why not refer to the structures ob- 
tained as a mosaic structure (cf. M. J. Buerger, ref. 3 
in the paper) ? 

A. J. Goss (University College, Southampton, Eng- 
land)—The authors are to be congratulated on their 
important contribution to the study of the crystalliza- 
tion of metals. In the course of experiments in this 
laboratory, some of which were reported on briefly in 
a preliminary note” and in more detail at the Autumn 
Meeting of the Physical Society, London, in December 
1951, observations of a line structure similar to that 
discussed by Pond and Kessler were made. Crystals 
of tin were grown at rates less than those used by 
Pond and Kessler, and, in agreement with these 
authors, a wider spacing of the lines was observed. For 
a rate of growth of 0.5 mm per min (0.02 in. per min) 
fine lines approximately 0.1 mm apart (as shown in 
Fig. 29) were found on the surfaces of some of the 
crystals of tin of 99.997 pct purity. 

More recently the growth of single crystals of tin 
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Fig. 29—Fine lines on surface of tin crystals. X10. 


containing accurately measured quantities of added 
metallic impurities has been studied. The line struc- 
ture has been found to be considerably enhanced by 
these added impurities, the effect increasing with a 
higher proportion of impurity. In particular, 0.1 pct 
or 0.01 pet Ag and also 0.1 pct or 0.01 pet Cd or Zn 
or Pb have been shown to increase the line structure, 
while 1 pet Sb or In, which are more soluble in tin 
than the previous metals, resulted in tin-alloy crystals 
with broad lines on the surfaces. It has been concluded 
from these experiments that the impurity is the prob- 
able cause of these line structures, and, therefore, in 
tin of higher purity, no such structure would be 
formed. Smialowski™ has obtained similar results for 
zine and he was unable to find line structure in zine 
of 99.999 pct purity. 

B. Chalmers and J. W. Rutter (University of Toronto, 
Toronto, Ont., Canada)—According to its title, this 
paper is intended to explain the formation of dendrites 
in metals. The definition of a dendrite given by the 
Metals Handbook” is as follows: “A crystal formed 
usually by solidification and characterized by a tree- 
like pattern composed of many branches; also termed 
‘pine tree’ and ‘fir tree’ crystal.’ The micrographs 
presented by Pond and Kessler show a structure which 
appears to consist of rod-like elements, of hexagonal 
cross section, aligned approximately parallel to the 
direction of growth of the specimen. The end of each 
element terminates as a projection on the solid-liquid 
interface during growth. This structure certainly does 
not fit the definition given above and, therefore, 
should not be classed as dendritic. A recent publica- 
tion*” shows the form taken by dendrites in pure lead 
and the conditions necessary for their production. 

The experiments reported by Pond and Kessler deal 
with the geometrical form of the structure which they 
investigated. In this respect, as well as in the omission 
of crystallographic and constitutional considerations, 
their observations are incomplete. For example, it was 
found that the structure may be regular or irregular; 
no experimental work is presented to show the factors 
which influence the regularity. Fig. 18 of the paper 
relates the average cross-sectional area of the elements 
of the structure to speed of solidification, without ref- 
erence to the material to which it applies. The observed 
decrease in size with increase in speed is interpreted 
as due to an increase in the temperature gradient in 
the solid with increase in speed of solidification. Since 
the speed of solidification is controlled by the dif- 
ference between the temperature gradient in the solid 
and that in the liquid, speed and temperature gradient 
are, in fact, two independent variables. 

The observations made by Pond and Kessler are 
interpreted solely in terms of thermal considerations. 
In attempting to account for the existence of the struc- 
ture, it is assumed that an array of projections is 
formed on a plane, growing interface. This is equiva- 
lent to saying that the plane interface is unstable. No 
reason is given to explain why this should be true. 
It is further assumed that these projections are stable, 
so that growth takes place at the same rate at the tip 
of a projection as at the base, although the tempera- 
ture is higher at the tip. The only justification given 
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for this assumption is to state that either the small 
mass of metal forming the projection can be heated 
above the equilibrium temperature of the interface, 
without melting, or that supercooling is necessary to 
cause the initial solidification and the temperature 
subsequently taken up by the tip of the projection is 
the true solidification temperature. This in no way 
explains why solidification can occur at the same rate 
at two points on the interface which are at different 
temperatures. On the basis of thermal considerations 
only, the projections should not be stable, but rather 
should disappear leaving a smooth, growing interface. 

In a forthcoming paper,“ it is shown that the im- 
purities present in the material used play an essential 
role in the formation of this structure. More complete 
observations, based on thermal, constitutional, and 
crystallographic considerations, are presented. A 
theory is advanced which accounts for the existence 
and observed properties of the structure. 

R. B. Pond (authors’ reply)—It is most interesting to 
note the confirmation of some of our observations by 
the work of Dr. Prince with weld-metal deposits as 
evidenced by his excellent pictures. I believe that Dr. 
Prince has answered his own question concerning the 
appearance of the hexagons on faces taken 90° apart. 
If a solid solution exists and the specimen was sec- 
tioned so that the hexagonal net formed by the inter- 
ference of the primary stalks of the dendrite was 
observable, at a 90° position the hexagonal interference 
figures of the secondary dendrite stalks might be seen 
or the line striae formed by the primary dendrite 
stalks, depending on the juxtaposition. of the second 
cutting plane relative to the dendrite. 

My thanks are also extended to Dr. Goss for the 
information on the effect of impurities on the dimen- 
sions of the line striae. It is noteworthy to report that 
since this paper was published the mammiform struc- 
ture has been observed in solidified distilled water 
which had been deaireated. In view of this, I believe 
we might expect to find the mammiform structure in 
metals of infinite purity, although the observation 
might be most difficult to make. 

Drs. Chalmers and Rutter have raised a number of 
points, and I wish to present the following answers. 

The definition of a dendrite describes this form as a 
tree-like pattern; however, neither in definition nor 
in usage is there a differentiation between the seg- 
ment of, and a total dendrite. That is to say, the twig 
of a branch, the branch of a limb and the limb of a 
tree all contain that periodic, appendaged form. The 
growth of a tree by the addition of these appendages 
or the morphology and location of the appendage is 
the characteristic of the “tree form.” While it is true, 
we have not tried to analyze the total dendrite, we 
have given data and analysis relative to that element 
which we believe to be the dendrite growth form. 

The curves relating to the average cross-sectional 
area of the mammiform to the speed of solidification, 
Fig. 18, refer to measurements on high purity tin. 

Although the speed of solidification may be con- 
trolled by the difference between the temperature 
gradient in the solid and that in the liquid when these 
temperature gradients are not dependent on one an- 
other, there exists the case where the temperature 
gradient of the liquid is a function of the temperature 
gradient of the solid because the superheat and latent 
heat of fusion are removed from the liquid through the 
solid. In this special case which describes the condi- 
tions in the experimental apparatus used, the speed of 
solidification was found to be a function of the tem- 
perature gradient in the solid. 

It should be noted that the use of supercooling of 
the liquid or superheating of the solid in explaining the 
mammiform site selection was not extended to the 
moving interface. The plane interface was shown to 
be stable when in equilibrium; however, once it began 
to move, it was not stable, but rather the mammiform 
was stable. This supported the assumption that the 
temperature of the surface of the mammiform was 
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everywhere constant, although there exists a tempera- 
ture gradient down the axis of the mammiform. It 
should be further noted that although the rates of 
solidification for any two points on the mammiform are 
constant in the direction of movement of the total 
interface, they will vary according to the direction of 


movement of the true interface (interface of the 
mammiform with the liquid metal). 


10 Goss and Weintroub: Nature (London) (1951) 167, p. 349. 

41 Smialowski: Ztsch. Metallkunde (1937) 29, p. 133. 

2 Metals Handbook (1948) Cleveland. A.S.M. 

13F. Weinberg and B. Chalmers: Canadian Journal of Physics 
(1951) 29, p. 382. 

4 J. W. Rutter and B. Chalmers: To be published. 


Origin of Porosity in Castings of Magnesium-Aluminum and Other Alloys 


by E. J. Whittenberger and F. N. Rhines 


DISCUSSION, J. P. Nielsen presiding 


W. R. Opie (National Lead Co., South Amboy, N. J.) 
—In this paper the authors have clearly shown the 
relationship between gas precipitation during solidifi- 
cation and microporosity as found in resulting castings. 
I would like to point out that microporosity, or inter- 
dendritic gas precipitation, has a very marked effect 
on the physical properties of the cast metals. 

In a commercial foundry, a completely gas-free 
casting is very seldom obtained. Numerous investiga- 
tions have been conducted to show the effect of “pin- 
hole” porosity upon physical properties. Metal with 
porosity in amounts that can just barely be seen with 
the naked eye has been compared with metal contain- 


Fig. 16—Precipitation of a small amount of hydrogen during 
solidification forms interconnected interdendritic fissures. 
X500. Area reduced approximately 30 pct for reproduction. 


Fig. 17—As the amount of gas which precipitates during 
solidification is increased the fissures are widened. The result 
is pinhole porosity which is visible on a machined surface. 
X500. Area reduced approximately 30 pct for reproduction. 
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Fig. 18—Fracture of a 
test bar made from a 
5 pct Si-Al alloy de- 
gassed with argon be- 
fore pouring. There 
was no evidence in the 
microstructure of fis- 
sures. The fracture is 
intragranular. 33,200 
tensile strength, 15.2 
pct elongation. X5. 


Fig. 19—Fracture of 
test bar of same alloy 
gassed with a small 
amount of hydrogen 
before pouring. The 
break is in part inter- 
granular where it fol- 
lowed the fissures. 
24,400 tensile strength, 
6.2 pct elongation. X5. 


Fig. 20—This material 
was gassed with moist 
hydrogen so that pin- 
hole porosity resulted. 
Again the fracture fol- 
lows the fissures. 21,- 
200 tensile strength, 
6.2 pct elongation. X5. 


ing various amounts of gas porosity of the “pinhole” 
type that is clearly seen on machined casting surfaces. 
Results have generally indicated that the effect upon 
the physical properties of porosity varying in degree 
over the range commonly found in castings produced 
in the commercial foundry is negligible. 

Deterioration of physical properties is caused by 
very small amounts of gas that cannot be seen by the 
naked eye on the machined surface. To illustrate this 
a 5 pet Si-Al alloy, melted in an induction furnace 
under controlled conditions and degassed before pour- 
ing into a silica flour mold by bubbling argon through 
the melt, had a tensile strength of 33,200 psi and an 
elongation of 15.6 pct in 1 in. Another melt made in a 
similar manner, except that a very small amount of 
hydrogen was bubbled through the melt before cast- 
ing, yielded a test specimen with a tensile strength of 
24,400 psi and an elongation of 6.2 pct in 1 in. A test 
specimen containing much more gas so that a pinhole 
type of porosity actually existed had a tensile strength 
of 21,200 psi and an elongation of 6.2 pct in 1 in.* 

Fig. 16 illustrates the manner in which a small 
amount of precipitating gas weakens a 5 pct Si-Al 
alloy by forming hairline interdendritic fissures. In 
Fig. 17, a sample taken from a test bar containing 
enough precipitated gas to produce pinhole porosity, 
it can be seen that the larger volume of precipitating 
gas tends to widen the fissure. The formation of the 
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fissure can be accomplished by a very small amount 
of precipitating gas. The presence of fissures markedly 
affects the fracture. Three test bars having the same 
grain size but containing: 1—essentially no gas pre- 
cipitation, 2—enough gas precipitation to produce only 
hairline fissures, and 3—enough gas precipitation to 
produce pinholes have fractures as shown in Figs. 18- 
20, respectively. As can be seen the gas-free material 
appears much finer grained. The metal containing the 
fissures broke under less load through the weakened 
dendrite boundaries. 

It is apparent that most commercial light metal 
castings contain enough precipitated gas to weaken 
them appreciably, as evidenced, for example, by the 
low tensile strengths and elongation values specified 
for a 5 pct Si-Al alloy (19,000 psi tensile strength, 6 
pet elongation).” From these results it would appear 
that if we eliminate gas by controlled melting and 
casting we have a means of improving physical proper- 
ties markedly. This would mean that the melt should 
contain less gas than can be held in solution in the 
solid metal. 

E. J. Whittenberger and F. N. Rhines (authors’ 
reply)—The authors wish to thank Dr. Opie for his 
interesting addition. The effects of porosity upon the 
physical properties and upon the pressure tightness of 
castings are a major reason for interest in casting 
porosity. It should be pointed out, however, that the 
attainment of high tensile properties by the near, or 
complete, elimination of gas is attended by certain 
penalties. First, as has been shown in the paper, the 
nearly complete removal of gas requires resorting to 
measures that would be difficult to make economical 
in foundry practice and, second, the control of shrink- 
age, in the absence of gas, would become so difficult 
as to make it impractical to produce many complex 
cast shapes, where adequate risers cannot be provided. 


On the whole, it would appear preferable to accept 
somewhat inferior tensile properties and to concen- 
trate upon producing a uniform quality of casting, by 
holding the gas content between definite maximum and 
minimum limits, to be established individually for 
each alloy and each type of casting. 

It may be pointed out, further, that merely limiting 
the gas content to its solid solubility limit is not suf- 
ficient to guarantee the absence of gas porosity. The 
“coring effect” may be expected to operate with gases, 
as with other solutes, and to bring about gas precipita- 
tion at much lower gross gas contents. The present 
experiments seem to indicate that the gas tolerance for 
producing a truly sound casting is almost zero. 

The authors wish to correct a misleading interpre- 
tation presented in the text regarding the relative im- 
portances of water vapor and dry molecular hydrogen 
as sources of porosity in magnesium alloys. When 
Mg-Al alloys of the same composition were exposed 
to similar partial pressures of these two gases, c.f., 
1.896 pct of porosity produced in a Mg-5.35 pct Al alloy 
by exposure to an argon atmosphere bearing 21 mm 
of water vapor, see Table III, and 0.65 pct of porosity 
associated with an alloy of identical aluminum content 
from the data for alloys exposed to an argon atmos- 
phere bearing 15 mm of dry molecular hydrogen, see 
Fig. 11, it is apparent that water vapor exerts the 
stronger porosity producing influence. This observa- 
tion, coupled with the fact that the partial pressure 
of water vapor is greater than that of molecular hydro- 
gen in foundry melting room atmospheres, is in accord 
with the general belief that water vapor is the prin- 
ciple source of unsoundness in foundry operations. 


is W. R. Opie: Doctor of Science Thesis. Mass. Inst. of Tech. 
(1948). 
19 Metals Handbook (1948) p. 825. Cleveland. A.S.M. 


Mechanism of Grain Refinement in Aluminum Alloys 


by F. A. Crossley and L. F. Mondolfo 


DISCUSSION, J. P. Nielsen presiding 


F. R. Morral (Kaiser Aluminum & Chemical Corp., 
Spokane, Wash.)—-The mechanism of grain refinement 
in aluminum alloys is not only of academic but also of 
practical interest. There appear to be two lines of 
thought to explain the mechanism, and the evidence 
presented seems to advocate each of them for the ex- 
perimental conditions under discussion; although, they 
may be related as this discussion will show. Crossley 
and Mondolfo favor the peritectic reaction theory by 
which the intermetallic compound transforms into 
crystals of aluminum solid solution and thus seeds the 
melt with nuclei above the freezing point of aluminum. 

Cibula”® found that to have effective grain refine- 
ment the intermetallic compound should have a favor- 
able crystal structure, or the interatomic distance be- 
tween aluminum atoms in the intermetallic compound 
should be similar to that in the aluminum lattice. 
Typical of these are AIB, which was found more effec- 
tive than TiC because it was a grain refiner even after 
super-heating the aluminum. Combined additions of 
titanium and boron were more effective than each 
element singly. Combined additions of titanium and 
boron resulted in a coring of AIB, coated with TiB.,. 

It seems significant that Cibula reported a grain 
size of approximately 400 grains per sq cm with only 
0.02 pet TiC, while the authors had to add up to 0.28 
pet Ti. Cibula obtained approximately 1900 grains 
per sq cm with 0.01 pet Ti and 0.001 pct B, while the 
authors obtained only 1080 grains per sq cm with 0.38 
pet Ti. It is unfortunate that Crossley and Mondolfo 
do not state the actual amounts of titanium and carbon 
in the melts where both were supposed to be present. 
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The intermetallics to which Cibula referred were, 
conceivably, favorable to solid solution in aluminum 
if present in small enough amounts. If present in too 
large amounts they may actually have a detrimental 
effect because some other reactions may take place. 
Practically, however, the presence of carbon, boron, 
and possibly other elements, singly or in combination 
with metal elements—“solid impurities” as called by 
the authors—present in proper amounts appear to 
have, on the basis of the evidence presented in the 
literature, a grain refining effect. 

F. A. Crossley and L. F. Mondolfo (authors’ reply )— 
The differences in grain sizes reported by Cibula and 
the authors are most probably due to differences in 
cooling rates and to differences in purity of alloys. The 
grain size for a given titanium content decreases as 
the cooling rate increases. Grain size also decreases 
as the purity of the alloys decreases. 

M. E. Eborall and A. Cibula (The British Non-Fer- 
rous Metals Research Association, London, England)— 
The results described in this paper have interested us 
very much, particularly as the conclusions drawn 
from the work (which we have had the pleasure of 
discussing personally with Professor Mondolfo) differ 
so widely from our own.** In view of the firmness 
with which the authors express their views, however, 
we should have welcomed some explanation, in terms 
of their conclusions, of the results obtained by previ- 
ous workers, many of which seem inexplicable if peri- 
tectic reactions are responsible for grain refinement. 
We have summarized some of the conflicting evidence 
in the next few paragraphs, before examining the sig- 
nificance of the present work. 
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The authors state that we concluded that the peri- 
tectic reaction had no important influence on grain 
refinement, mainly on the grounds that hyperperitectic 
chromium alloys were coarse grained. In fact, as is 
shown later, further strong evidence was also ob- 
tained from other alloy systems,” and a subsequent 
study® of undercooling in many different alloys sup- 
ported the theory that the nuclei causing refinement 
were not crystals of the intermetallic compounds 
formed in hyperperitectic alloys. 

For example, we have again and again shown that, 
both in pure aluminum and in Al-Cu alloys, titanium 
contents below the peritectic compositions produce al- 
most the maximum grain refinement.“ For example, 


it is shown in Table II of Eborall’s paper” that 0.046 


pet Ti will reduce the columnar structure of pure 
aluminum to a coarse equiaxial structure, and 0.125 
pet Ti will reduce it to a fine equiaxial structure (0.45 
mm grain diameter or less) ;Figs. 8 and 9 (Plates XLV 
and XLVI) and Table IV of Cibula’s paper™® show the 
large reduction of grain size in a 0.5 pct Cu alloy 
caused by only 0.01 pct Ti. All these compositions are 
hypoperitectic and it seems clear, from this evidence 
alone, that particles of TiAl, could not, even indirectly, 
be causing the grain refinement obtained. 

The undercooling measurements in these alloys® 
confirmed that, where grain refinement occurs, effec- 
tive nuclei are present in the melt, whereas, in castings 
which are not refined, such nuclei are absent. For 
example, a hypereutectic aluminum-1.3 pct Cr alloy, 
which was coarse grained, solidified after 2°C under- 
cooling following the separation of the intermetallic 
compound. This indicated that nucleation by this 
compound did not occur, since 2°C undercooling was 
normal for unrefined aluminum alloys. On the other 
hand, aluminum containing as little as 0.003 pct Ti 
showed no detectable undercooling, indicating that 
strongly effective nuclei were present; it could only be 
inferred that particles other than TiAl, crystals were 
responsible for the refinement observed. 

A further indication that the refining particles sepa- 
rate well above the Al-Ti liquidus temperature is pro- 
vided by the results quoted in Table III of Eborall’s 
paper.” Here it is shown that increase in casting 
temperature in the range 700° to 1000°C has a marked 
grain-coarsening effect far greater than that due to the 
corresponding decrease in the rate of cooling in the 
mold; the change affecting grain size therefore occurs 
in the crucible, at temperatures at which TiAl, crystals 
are in solution. The grain coarsening suggests that the 
nuclei dissolved by superheating remain in solution at 
the quite rapid rates of solidification in the mold, in- 
stead of reprecipitating. This interpretation is sup- 
ported by the observation that after the coarse- 
grained alloy is reheated to 750°C and cast, a fine 
grain size is obtained again and undercooling (which 
occurs after superheating) is once more eliminated. 
This can simply be explained by the reappearance of 
the nuclei, which separate out during remelting. 
Again, it is not possible to explain these results by 
assuming nucleation by TiAl,, particularly as the 
titanium contents of some of the alloys were as low 
as 0.01 pct. Kondic and Shutt® observed very similar 
variations in grain size and undercooling in alloys of 
very low titanium content, which they, too, assumed 
were caused by titanium-rich nuclei. 

We also showed” that very marked grain coarsening 
is produced in Al-Ti alloys, containing 0.12 to 0.29 pet 
Ti, when gases are bubbled through the melts at tem- 
peratures well above the liquidus temperatures. The 
compound TiAl,, being in solution under these condi- 
tions even in the hyperperitectic alloy, could not have 
been removed as crystals from the melt; analyses con- 
firmed that the loss of titanium from each alloy was 
0.01 pet or less. The resulting metal of high titanium 
content remained coarse grained after various melting 
and casting operations in alumina-lined crucibles, pre- 
sumably owing to the continuing absence of nuclei, but 
it could be refined again merely by the addition of 
high purity aluminum (which contains a trace of car- 
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bon), even though, as a result of dilution, the final 
titanium content was only 0.06 to 0.08 pct. 

It can be seen from this discussion that our conclu- 
sions are based on much wider experience than that 
which the authors have quoted. We can only infer 
from these results that nuclei other than TiAl, crystals 
are responsible for refinement. No alternative ex- 
planation is offered in the present paper for the re- 
finement observed in hypoeutectic alloys. 

We note that the authors do, in fact, also assume 
that impurity nuclei were present in their melts, when 
explaining the grain coarsening produced by argon 
treatment. They imply that these particles are suffi- 
ciently numerous and effective to nucleate large num- 
bers of TiAl, crystals but have no corresponding in- 
fluence on the formation of solid-solution dendrites. 
We find this difficult to understand, particularly as 
previous work on Al-Ti alloys suggests quite the op- 
posite; it has been shown that marked undercooling 
precedes the formation of TiAl, crystals but the 
solid solution crystallizes without detectable under- 
cooling whether or not TiAl, crystals are present.® 

Our second conclusion, that the impurity nuclei re- 
sponsible for grain refinement are carbide particles, 
was based on the following evidence.* First, we identi- 
fied these substances in Al-Ti and Al-Ta alloys; speci- 
mens of these alloys from which the carbide particles 
had been removed by centrifuging or passing gases 
through the melt became coarse grained. Second, car- 
bon additions to coarse-grained Al-Ti alloys, from 
which the original nuclei had been removed as de- 
scribed, restored the fine grain size. Third, all the 
known grain refiners except boron (for which an al- 
ternative explanation has been advanced) form car- 
bides of the type identified in titanium and tantalum 
alloys; these carbides have structural and other prop- 
erties which have been shown” to facilitate nucleation 
in other systems. Further confirmation has been ob- 
tained from the refinement produced by the very 
similar diborides formed by aluminum, titanium and 
other transition elements.” 

In view of this weight of evidence, we think that the 
authors might well have examined the influence of 
carbon in greater detail, particularly as the grain 
coarsening observed in several of their experiments 
on carbon additions, which is said to disprove that this 
element is responsible for grain refinement, can be 
explained quite simply without assuming any reaction 
with the added carbon. In some experiments, the 
alloys were heated for % or 2% hr at temperatures as 
high as 850° or 900°C, and under these conditions a 
considerable increase in grain size would have oc- 
curred even without the additions, as we have pointed 
out; this could have produced the observed results. It 
is, moreover, uncertain whether much reaction with 
the added carbon occurred in any of the experiments, 
because the tenacious oxide skin on molten aluminum 
normally makes it difficult to achieve contact between 
earbon and molten aluminum. We found in our own 
experiments that the addition of carbon to coarse 
grained Al-Ti melts was effective only when specific, 
highly active fluxes were used, and only then was full 
refinement obtained. If the flux used by the authors 
had been of this nature, the graphite crucibles would 
have rapidly disintegrated and we presume that they 
did not do so. Finally, even if extensive reaction with 
the added carbon did occur at the surface of the graph- 
ite or carbide particles, it cannot be assumed that 
they would have suitably dispersed in the melts; den- 
sity differences might have caused rapid segregation, 
unless a superheating treatment had been employed to 
dissolve the carbide and reprecipitate it as fine parti- 
cles. (It will be recalled that the refinement of mag- 
nesium-base alloys by carbon additions is only suc- 
cessful if suitable temperatures and fluxes are used.) 
The analyses show that, in the present experiments, 
no titanium was in fact removed as carbide particles. 
Was any direct evidence obtained that up to 50 pct or 
more of the titanium was converted into dispersed 
carbide crystals, as suggested in the paper? 
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It is probable, of course, that a number of substances 
may function as nuclei in aluminum alloys, differing 
in their effectiveness.” ** Whatever the effective nuclei 
may be in commercial grain-refining processes, there- 
fore, there remains the possibility that TiAl, crystals 
could have some, though a small, effect on the nuclea- 
tion of solid-solution dendrites, particularly under the 
conditions of solidification used by the authors. The 
(tetragonal) structure of TiAl, suggests that this com- 
pound would not be a very suitable nucleus for 
aluminum. The authors suggest that the peritectic re- 
action can assist nucleation, but the reason for this 
is not clear; the thermodynamic potential of the peri- 
tectic reaction is zero at the peritectic temperature, 
like that of the liquid to solid-solution transformation, 
and it is known, in fact, that peritectic reactions in 
general undercool considerably. Furthermore, the 
energy required for the formation of interfaces, which 
is the hindrance to crystallite formation, could hardly 
be influenced by the peritectic reaction. It is important 
to note that in all the hyperperitectic alloys in which 
marked refinement was observed by Iwasé,” the struc- 
tures of the primary and secondary solid phases were 
very similar (e.g., y iron and a copper in Cu-Fe alloys 
have face-centered cubic structures with almost equal 
lattice parameters); nucleation could, therefore, have 
occurred even in the absence of the peritectic reaction. 

Turning to the experimental evidence put forward 
by the authors, we do not think it is by any means 
conclusive. First, the sharp changes in slope at the 
peritectic compositions in their grain-size curves are 
not justified; we, and several of our colleagues to 
whom we have shown the tracings of the ordinates 
and points of the authors’ figures, with their curves 
omitted, agree that only smooth curves can be drawn. 
The most that can be said, therefore, is that reduction 
in grain size begins in hypoperitectic alloys but only 
reaches a maximum at compositions above the peri- 
tectic point. This behavior is to be expected at low 
rates of solidification, such as those used by the au- 
thors, if impurity nuclei alone were responsible for re- 
finement. At faster rates, the grain-size curves are of 
the same form but are shifted towards lower titanium 
contents; additions of a third alloying element, such 
as copper, and a reduction in casting temperature, 
have a similar effect on the grain-size curves, with no 
corresponding influence on the peritectic point com- 
position. These effects are quite contrary to those pre- 
dicted by the peritectic reaction theory and the authors 
could, therefore, quite easily check their conclusions 
by studying the above factors. 

The metallographic evidence presented is, similarly, 
too limited to be unambiguous, as several alternative 
explanations, besides the authors’, can be suggested 
for the coring observed round TiAl, crystals in an 
etched specimen. For example, at low rates of cooling, 
the TiAl, crystals might continue to dissolve in the 
nearby solid metal until it becomes locally saturated 
in titanium; the thickness of the surrounding titanium- 
rich zones would depend on the extent to which diffu- 
sion could proceed at the rate of cooling used. Thus, 
if the specimen is etched, coring would be seen round 
TiAl, crystals, in addition to the normal dendritic 
coring of the solid-solution grains. Alternatively, a 
similar structure might be produced by concentration 
gradients established round TiAl, crystals growing in 
the melt; any crystallite formed near an existing, 
larger crystal would tend to grow away from it, into 
the melt of higher titanium content, and a dendritic 
pattern of concentration gradients would thus result. 
This would tend to persist in the solid metal, owing to 
the marked supersaturation required before the forma- 
tion of TiAl, crystals, *** and would thus be imposed 
on the normal cored structure of the solid solution 
grains. Bohner* has shown similar structures which 
can be explained by means of the mechanisms we have 
suggested, and the present authors have not put for- 
ward sufficient metallographic or other evidence to 
discount these possibilities. 

We have discussed this paper in some detail as we 
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think it important to establish whether, in commercial 
refining processes, it is necessary to exceed the peri- 
tectic composition to obtain marked refinement. Fur- 
thermore the actual mechanism is of some importance 
in the development of grain-refining processes for 
other alloys; the authors may be interested to know 
that we have followed up our views in work on other 
alloys, with considerable success. 

F. A. Crossley and L. F. Mondolfo—From the Cibula 
and Eborall remarks it seems that they have concluded 
that we are saying that the peritectic reaction is the 
only nucleating factor in these alloys. This is not at 
all our position. As our results indicate the peritectic 
reaction is a third factor which adds its effect to those 
of: 1—nucleation by impurities, and 2—restriction of 
grain growth by the concentration gradient mechanism. 

Our observations of undercooling in Al-Ti alloys do 
not substantiate the contention that marked under- 
cooling precedes the formation of « solid solution under 
all conditions of cooling as is implied by the discussers. 
We observed undercooling in only two cases of Al-Ti 
alloys having titanium contents above the beginning of 
the peritectic reaction content. Both of these alloys 
had been fluxed with argon. However, the other argon- 
fluxed peritectic alloys showed no undercooling. All 
Al-Ti contents exceeding the minimum amount neces- 
sary for the peritectic reaction showed halts at the 
peritectic temperature of durations of 10 to 30 seconds 
(100 g melts). The time of the halt was roughly pro- 
portional to the titanium content. This gave evidence 
that the peritectic reaction did take place, at least to a 
limited extent, at the surface of the primary TiAl, 
crystals. 

Also, we found confirmation of the discussers’ ob- 
servations that no undercooling takes place in AI-Ti 
alloys of titanium contents below that required for the 
peritectic reaction. This, even in melts in which we 
scrupulously avoided the introduction of carbon. We 
believe nucleation and grain refinement in this range 
to be due to the mechanism proposed by Cibula and 
Eborall. We do not agree that TiC is the responsible 
nucleating agent. The melts of series 2 and 7 received 
identical treatments. They differ only in the type of 
crucibles used in the melting. The series 7 melts were 
made in alumina or coated clay crucibles, while the 
series 2 melts were made in graphite crucibles. The 
plotted results (Fig. 12 of the paper) show a signifi- 
cant effect due to the melting in graphite crucibles. 

The discussers state that the thermodynamic poten- 
tial of the peritectic reaction is zero at the peritectic 
temperature, like that of the liquid to solid transforma- 
tion. This is true, but there is evidence that the amount 
of undercooling necessary to initiate the peritectic re- 
action in Al-Ti alloys is so small as to escape detection 
by ordinary thermal analyses. The recorder used in 
our investigations could detect temperature changes of 
0.25°C, yet, generally, no undercooling was observed 
in Al-Ti alloys as we have reported above. Cibula and 
Eborall themselves report no undercooling in some 
liquid to solid transformations, and use this to support 
their proposed mechanism of grain refinement. 

If impurity nuclei alone were responsible for refine- 
ment the grain size vs..composition curve would not 
have the shape that we found. Why should the grain 
size continue to decrease in the manner observed once 
the composition of beginning of the peritectic reaction 
has been reached? If impurity nuclei alone were re- 
sponsible, alloys exceeding the composition of the be- 
ginning of the peritectic should behave similarly to the 
alloy composition just at the beginning of the peritectic 
and should exhibit much the same grain size—assum- 
ing equilibrium with respect to the liquid composition 
is extant at the peritectic temperature. This assump- 
tion seems a valid one under our experimental condi- 
tions. Figs. 8 to 10 and 14 indicate the large number of 
primary crystals that were formed and give evidence 
in support of this assumption. 

Regarding the interpretation of the micrographs, 
evidence of nucleation by TiAl, is not only supported 
by Fig. 8, which shows dendritic structure, but by 
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Figs. 10 and 14 as well, which unequivocally show 
grain structure. 

W. R. Opie (National Lead Co., South Amboy, N. J.) 
—The authors should be complimented on their sys- 
tematic investigation of the grain refinement of alu- 
minum. Their results seem to indicate that the re- 
finement is associated with the peritectic reaction and 
not to very fine individual particles of the high melt- 
ing intermetallic compounds acting as nuclei. How- 
ever, I would like to describe a phenomenon which 
occurs in Y alloy foundry practice, which I have 
attributed to grain nucleation by submicroscopic 
particles of TiAll,. 

It is common practice in the casting of Y alloy 
(AMS 4220) to mix foundry scrap with an equal 
amount of virgin ingot, bring the charge to about 
1200°F, bubble chlorine through for a short period 
to degas the melt, raise the temperature to the re- 
quired pouring temperature for the casting being 
made, pour the charge into the pouring ladles, and 
pour the castings. About 0.15 pct Ti is contained in 
the virgin ingot which is usually enough to produce 
a fine grain in the resulting castings. Because of the 
chlorination step some of the titanium is removed. The 
remelted scrap, then, usually contains less titanium 
than is required to produce fine grain in slowly cooled 
thin sections. For heats made from large percentages 
of remelted scrap it becomes necessary to add titanium, 
and the time during which it is added in the melting 
and pouring cycle determines its effectiveness. 

For example, if titanium is added in the form of a 
5 pet Ti-95 pct Al master alloy to either the scrap 
remelt furnace, the melting pot before chlorination, 
or to the melting pot after chlorination, the resulting 
casting will be coarse grained. If the addition is made 
in the bottom of the pouring ladle and the metal from 
the melting furnace poured in on top of it, the cast- 
ing will be fine grained providing the ladle is poured 
quickly. The difference in grain size between a cast- 
ing made by using the ladle addition technique and 
castings made by adding the titanium during other 
parts of the cycle is very great. Castings made in 
baked sand molds which weighed about 70 lb would 
contain about 20 grains to the square centimeter if the 
titanium addition was made in the melting furnace 
after chlorination, but would contain about 800 grains 
to the square centimeter in the same thick section if 
the addition was made in the ladle. In both cases the 
total amount of titanium was 0.18 of which 0.15 pct 
was residual titanium and 0.03 pct was added. 

The only explanation I can give for such a phenome- 
non is that the TiAl, constituents in the 5 pct Ti 
addition alloy are broken up and dispersed through- 
out the melt by the action of the molten metal dis- 
solving the addition in the pouring ladle. They do 
not however, have time to go completely into solu- 
tion before the metal is poured into the sand mold. 
Thus, being discrete submicroscopic particles at the 
time solidification commences, they act as nuclei and 
produce a small grained casting. It is to be noted 
that the amount of titanium used in the experiments 
described in this discussion is probably less than the 
amount necessary to form TiAl, by the peritectic re- 
action providing the system is in equilibrium. 

F. A. Crossley and L. F. Mondolfo—The authors 
agree that refinement is produced by TiAl, particles. 
However, our principal contention is that these TiAl, 
particles are effective nuclei because of the peritectic 
reaction, which causes the surface layer of the 
particles to be transformed to a solid solution. 

As far as the behavior of Y alloy castings, it must 
be remembered that in Y alloy iron, silicon, nickel, 
copper and possibly other elements are present. It is 
highly probable that 0.18 pct Ti does not produce the 
peritectic reaction in this alloy under conditions of 
equilibrium. But, particles of TiAl, would undergo the 
peritectic reaction (incomplete, however) whether or 
not the solution were in equilibrium. Also, there is 
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Fig. 15—Effect of titanium addition on the grain size of 
aluminum. 


evidence that silicon will combine with titanium to 
form a complex silicide which does not react peritec- 
tically with aluminum. Given sufficient time, this re- 
action would render titanium additions ineffective for 
producing grain refinement. Thus, titanium added 
immediately before casting would be most effective in 
producing refinement. 

Harold Bernstein (U. S. Naval Gun Factory, Wash- 
ington)— A similar investigation which yielded dif- 
ferent results and conclusions was described by De- 
Pierre and Bernstein.” They studied the effect of 
various additions on the grain size of commercial 
purity aluminum (99.81 pct). The results were ex- 
pressed in terms of average grain diameter. For the 
sake of brevity, Fig. 15 has been prepared. It contains: 
l—curve of average grain size of aluminum plotted 
against percentage of titanium added, from original 
data of DePierre and Bernstein; 2—curve of grains 
per square centimeter (converted from original data 
of DePierre and Bernstein) plotted against percentage 
of titanium added; and 3—curve plotted from data of 
Crossley and Mondolfo (Table I, Series 7). No. lisa 
smooth curve which approaches both axes asymptoti- 
cally; curve 2 exhibits a change in slope coincident 
with a concentration of titanium of approximately 0.13 
pet. Whether this reflects a metallurgical phenomenon 
or is simply the result of mathematical manipulations 
is open to argument. The difference between curves 2 
and 3 is striking in two respects, maximum grain re- 
finement achieved, and efficiency of titanium additions. 

The experimental technique used by Crossley and 
Mondolfo is quite similar to that described by DePierre 
and Bernstein with one important exception—melt 
temperatures. The latter investigators used a constant 
temperature for all compositions, 730°C, while Crossley 
and Mondolfo varied the temperature with melt com- 
position, reporting in one instance 900°C. 

For the operation of the peritectic reaction, there are 
three requirements; a minimum concentration of added 
element, a minimum temperature, and conditions which 
permit the reaction to proceed. It may be assumed that 
these requirements have been met in the paper under 
discussion. It becomes obvious then from a comparison 
of curves 2 and 3 of Fig. 15, that the peritectic reaction 
is not the prime factor in grain refinement. The dif- 
ferences are evidently caused by the solution, at the 
superheating temperatures used by Crossley and Mon- 
dolfo, of the nucleating particles which were very 
effective at the lower temperatures used by DePierre 
and Bernstein. A clue as to the identity of the particles 
has been furnished by Cibula® in a very competent 
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theoretical analysis. The peritectic reaction should be 
undisturbed by other variations in melting practice 
such as repeated remelting and gassing the melt. Yet, 
there is a distinct attenuation of refinement in each 
case. 

One additional point is in order. The exposure of an 
aluminum melt to carbon, either in the crucible itself, 
or by the introduction of aluminum carbide, does not 
necessarily mean carbon pickup by the melt. An analy- 
sis would be more convincing. Further, the data plotted 
in curves 1 and 2 were obtained from melts prepared 
in clay-graphite crucibles. The conclusion that carbon 
vitiates the grain refining ability of titanium is hardly 
tenable. 


F. A. Crossley and L. F. Mondolfo—We are very 
grateful to Mr. Bernstein for bringing to our attention 
his results which so clearly support our thesis. The 
fact that our curve has much flatter slopes in all parts 
is probably due to differences in the maximum tem- 
peratures reached, differences in cooling rates, and 
differences in purity of alloys. Our alloys were heated 
to higher temperatures, were slower cooled, and were 
made from aluminum of higher purity than those of 
DePierre and Bernstein. All of these differences would 
tend to produce the observed differences in the two 
curves in the figure presented. 

The peritectic reaction is not appreciably affected by 
variations in the melting practice, but the solidification 
of peritectic-alloys is. Nucleation of the primary TiAl], 
crystals is dependent on the presence of solid impur- 
ities. Gassing, superheating, and fluxing, all affect the 
number and distribution of solid impurities, thus affect- 
ing the number and distribution of TiAl, particles, 
which in turn affect the secondary nucleation of solid 
solution. 

In crucibles of graphite bonded with clay, the graphite 
at the surface tends to burn leaving a surface of pure 
clay. This, and the sluggishness of the graphite titanium 
reaction at low temperatures may account for the lack 
of noticeable reaction in DePierre and Bernstein melts. 

J. Morgan (Foundry Services, Canada, Ltd., Guelph, 
Ont., Canada)—One of the main platforms of this paper 
seems to be refutation of an early contention by Cibula 
of the grain refining effect of titanium carbide and as 
this refutation seems to be now generally accepted we 
wonder if, while producing this excellent investiga- 
tion into the peritectic reaction, the authors did con- 
sider the extension of their work a few stages further, 
especially in the light of modern knowledge of the 
combined effect of titanium and boron. This latter ele- 
ment was mentioned in the first paragraph of the paper 
but apparently merited no further discussion. In pro- 
ducing grain refinement, especially under practical 
foundry conditions, as a tool for the use of the foundry 
metallurgist, boron ranks equally with titanium, and 
more recent work by Cibula agrees that their combina- 
tion produces the maximum effect. Again under pro- 
duction foundry conditions it is not always an easy 
or quick matter to add titanium by means of hardner 
alloys and losses make it quite difficult to add a calcu- 
lated quantity. The writer is of the opinion that both 
these elements are better added in the form of balanced 
salt mixtures with agents to provide agitation. With- 
out going into academic details, a simple summary of 
our opinion would be as follows: titanium on its own 
tends to coagulate and segregate especially if the metal 
is allowed to stand for any time; excess titanium will 
cause hard spots in the castings; if the metal is “stewed” 
at high temperature for some time most of the effect 
of titanium is lost because it becomes “soluble” in the 
aluminum and does not therefore provide nuclei; in 
the presence of boron a complex is formed which does 
not segregate to the extent of the simple titanium com- 
pounds (possibly due to specific gravity considera- 
tions); while excess boron would remove titanium from 
the melt in the form of a floating dross, the balanced 
amount of boron performs the function of lowering the 
solubility of titanium (in whatever form it can be 
present) in aluminum even at quite high temperatures 
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and this makes available the maximum number of 
nuclei from the amount of titanium present. 

F. A. Crossley and L. F. Mondolfo—We are very much 
interested in Mr. Morgan’s observations since they con- 
firm our experience in the foundry. However, we felt 
that no attempt should be made to add other compli- 
cations until the mechanism of refinement by titanium 
was clearly understood. 

P. G. England (University of Birmingham, England) 
—The shape of the grain-size composition curves ob- 
tained by the authors are of great interest but, although 
these offer strong support in favor of the peritectic 
theory, there are several experimental observations 
which are difficult to reconcile with this theory. 

However, before dealing with these observations I 
would like to draw attention to one undesirable fea- 
ture of the experimental procedure employed by the 
authors. It was stated that there were marked varia- 
tions in grain size over the depth of the ingot and this 
is probably due to gravity segregation of nuclei or 
growing crystallites. By cooling unidirectionally from 
the base, however, the segregation can be largely over- 
come and an essentially homogeneous structure results. 
The method I am using is as follows, after the desired 
thermal treatment the melt is transferred to a pre- 
heated thin walled nickel crucible which is then cooled 
by standing it on a block of cast iron. Structures ob- 
tained by this method are far coarser than furnace- 
cooled specimens even with super purity aluminum, in 
spite of the faster rate of cooling. 

The facts that the peritectic theory would appear 
to be unable to explain may be summarized as follows: 

1—In order to coarsen the macrostructure of AI-Ti 
alloys by superheating, it is necessary greatly to exceed 
the liquidus temperature of the alloy. The superheat 
needed is 50°C in alloys low in titanium (0.002 pct) 
and 300°C in alloys rich in titanium (0.30 pct). 

2—After superheating to such a temperature as will 
cause coarsening of the macrostructure and then hold- 
ing, at a temperature below the coarsening tempera- 
ture but still above the liquidus temperature, for 
periods of 1 hr or more, the fine structure is again 
obtained. 

3—Aluminum is distinctly refined by as little as 0.002 
pet Ti, an amount which is well below the amount 
needed to form TiA],. 

Factors 1 and 2 may account for the abnormal in- 
crease in the number of grains on entering the peritectic 
range even if the carbide mechanism were in fact act- 
ing. At compositions exceeding 0.13 pct Ti, the liquidus 
temperature increases very rapidly and hence, also, the 
temperature to which the melts were superheated, 
since a superheating temperature of liquidus tempera- 
ture, 100°C, was used throughout. Alloys containing 
small amounts of titanium would be taken above the 
coarsening temperature and any nuclei present de- 
stroyed. Cooling from the superheating temperature 
(approximately 765°C) to the liquidus temperature 
(approximately 665°C) would take only 17 min and 
insufficient time would elapse for the nuclei to be re- 
formed. For alloys solidifying through the peritectic 
reaction, however, the coarsening temperature may 
not even be exceeded and if it were exceeded the 
higher superheating temperatures would result in a 
longer time of cooling to the peritectic temperature 
and so any nuclei that had been destroyed would have 
time to re-form. Hence alloys solidifying through the 
peritectic would be more likely to contain the normal 
number of nuclei than alloys of lower titanium con- 
tent and hence the observed discontinuity in the grain 
size-composition curve may be more apparent than 
real. 

These observations would appear to suggest that the 
explanation based on the peritectic reaction must be 
treated with caution, at least, until further experi- 
mental evidence is available. 

F. A. Crossley and L. F. Mondolfo—Recent investi- 
gations have shown that high purity metals solidify 
with just a few degrees of undercooling when solid- 
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Fig. 16—Parabolic relationship of the effect of titanium on 
grain size. 


ifying as relatively large masses of metal. When the 
metal is highly dispersed, undercooling of individual 
particles is considerable, the maximum being approxi- 
mately one fifth of the melting temperature in degrees 
Kelvin.” This behavior is attributed to the presence of 
solid impurities which nucleate the metal. These solid 
impurities are few in number in high purity metal. 
When a liquid metal of high purity is highly dispersed, 
many of the liquid particles are free of the solid im- 
purities which nucleate. The result is the observed 
undercooling in highly dispersed metal. There is no 
reason to suppose that TiAl, should behave otherwise. 
Superheating of peritectic alloys destroys some of the 
solid impurities effective in nucleating the primary 
TiAl,, the proportion destroyed being dependent upon 
the degree of superheating. It seems reasonable to 
assume that if the peritectic reaction has nothing to do 
with the resulting grain size, the grain size of the 
solid solution should become coarser with increasing 
alloy content, using the authors’ melting practice. If 
grain refinement is due to the presence of some nuclei 
independent of the peritectic reaction, the nuclei will 
be the same whether the melt is poor or rich in alloy, 
e.g., titanium content. The melting point of these nuclei, 
especially, if a particular intermetallic compound as 
Cibula contends, will be the same no matter what the 
composition of the alloy. The coarsening temperature 
should be virtually independent of titanium content 
beyond a certain very small minimum content. 

D. Turnbull and J. H. Hollomon (General Electric 
Research Laboratory, Schenectady) —Eborall and 
Cibula found that added titanium in amounts (0.05 
pet) much less than required to give a peritectic re- 
action cause marked grain-size refinement. These re- 
sults are (qualitatively at least) confirmed by Crossley 
and Mondolfo who find that the number of grains per 
square centimeter increases by a factor of at least 10 
when the titanium content is increased from 0.03 to 
0.12 pct. This range of composition is well below the 
peritectic composition of 0.15 pct. It is also noteworthy 
(Cibula) that the addition of only 0.01 pct Ti to pure 
aluminum virtually suppresses the undercooling of the 
melt. These facts cannot be explained by the peritec- 
tic theory but are consistent with Cibula’s theory. 
From the foregoing evidence it must be concluded 
that the effect, if any, of the peritectic reaction on grain 
size is superimposed on another independent effect of 
the addition element. 

The case for the peritectic mechanism rests largely 
on the supposed existence of a singularity in the 
grain size per square centimeter (n’) vs. percentage 
of titanium (x) relation at a value of x near the peri- 
tectic composition x, According to the authors’ de- 
scription there is a discontinuity in the slope of n’ vs. x 
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at x = x,. From a plot of log n’ vs. log x it was estab- 
lished that the authors’ data on titanium (Table I) 
could be described, within experimental error, by the 
parabola: 

6100212, [1] 


from x = 0.07 to x = 0.25. For x > 0.28 the departure 
from eq 1 is serious. The calculated parabola and the 
experimental points [the authors seem to have plotted 
the nominal values of x; we have plotted the analytical 
results (col. 3, Table I) when given] are plotted in 
Fig. 16. Though, as the authors indicate, the data can 
be described satisfactorily by two straight lines inter- 
secting approximately at x = 0.12 (cf. with accepted 
peritectic of about x, = 0.15), they are just as well 
described by a single analytical relation, eq 1, with no 
singularity in the vicinity of x,. 

It is interesting that eq 1 implies a linear relation 
between x and the reciprocal of the average grain 
diameter. Since n, the number of grains per volume, 
is proportional to n’ *”, it follows that n varies approxi- 
mately as x*. 

The authors’ data on the elements other than ti- 
tanium are not extensive enough to accurately define 
x vs. n’ relations. 

We conclude that Cibula’s main thesis, that marked 
grain-size refinement in aluminum is effected by nu- 
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cleation catalysts formed in the melt by titanium and 
other elements, is supported by Crossley and Mon- 
dolfo’s results. 

F. A. Crossley and L. F. Mondolfo—The lack of 
undercooling in some alloys has been commented upon 
in the reply to the discussion of Cibula and Eborall. 
The fact that the data fit a parbolic curve is perhaps 
coincidental; especially, since negative grain sizes are 
obtained for titanium contents below 0.04 pct using 
eq. 1. In our opinion the data should be interpreted 
as shown in Fig. 17. Curve A represents the effect of 
the concentration gradient mechanism; curve B repre- 
sents the effect of the peritectic reaction. A curve of 
type A is clearly evident in the Al-Fe alloys, wherein 
no peritectic reaction takes place. 
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On the Mechanism of Precipitation in Copper-Beryllium Alloys 
by A. H. Geisler, J. H. Mallery, and F. E. Steigert ’ 


DISCUSSION, J. P. Nielsen presiding 


J. T. Richards (The Beryllium Corp., Reading, Pa.) 
—This interesting paper prompts several questions: 
1—What is the effect of aging temperature on the 
formation of y’ and y” phases? Gruhl and Wasser- 
mann” have indicated a direct precipitation of the y 
phase above 325°C. Below this temperature, they 
found an intermediate phase which subsequently 
changed into equilibrium y. 2—What is the effect of 
cold work on the transition phases? Gruhl and Wasser- 
mann have observed direct precipitation to y, indepen- 
dent of temperature, when the material was cold 
worked. 3—What is the possible influence of the 7’ and 
7” phases on properties? For example, can the initial 
increase in resistance encountered at low aging tem- 
peratures be explained by the presence of y’ or y”? 
4—-Would the authors care to express their opinion on 
the existence of an order-disorder relationship between 


the 6 and y phases? Several English investigators” 
have suggested this possibility and it is not ruled out 
in the study of Gruhl and Wassermann. 

A. H. Geisler (authors’ reply)—Unfortunately the 
scope of this investigation was not of a magnitude to 
supply answers to most of Mr. Richards’ questions. 
Thus, our answers can be based only on general princi- 
ples supported by the work of Guy, Barrett, and Mehl 
on properties. We would expect that increased aging 
temperature and cold working would accelerate the 
formation of all precipitates. The hardening and in- 
creased resistance are associated with the formation 
of the coherent precipitates. Finally, in reply to the 
fourth question, there can be little doubt that y is the 
ordered form of 8 Cu-Be. 


30 W. Hume-Rothery, P. N. Reynolds, G. V. Raynor: Factors 
Affecting the Formation of 3/2 Electron Compounds in Alloys of 
Copper, Silver, and Gold, Journal Inst. Metals (1940) 66, pp. 191- 
207. 


Metallurgical Mechanism for Mercury Stress Cracking of Copper Alloys 


by W. D. Robertson 


DISCUSSION, J. P. Nielsen presiding 


W. R. Hibbard, Jr. (General Electric Co., Schenec- 
tady)—Ikeuye and Smith* have shown that the di- 
hedral angle changes with temperature if the compo- 
sition of the liquidus changes. Hansen* shows (tenta- 
tively) that the composition of the liquidus of the 
Cu-Hg diagram changes significantly between room 
temperature, 170°, and 350°C. Since the Zn-Hg changes 
also, it may be expected that the composition of the 
liquidus between brass and mercury would change 
between room temperature and 350°C. Therefore, it 
appears that the equilibrium dihedral angles between 
copper or brass and mercury should decrease with 
increasing temperature, contrary to the statement at 
the top of p. 1191 of the paper. The small dihedral 
angle found at 350°C for brass and mercury was not 
found at 170°C and would not be expected necessarily 
at room temperature. At these lower temperatures 
the angle should be larger, possibly exceeding 60°. 
Therefore the experiment presented is considered in- 
conclusive regarding the role of the dihedral angle in 
mercury cracking of brass at room temperature. 

In addition, the role of the zinc-containing inter- 
metallic compound is uncertain, e.g., the compound is 
not visible in Fig. 4, although fracture has occurred, 
and the compound is not resolvable along all bound- 
aries of Figs. 2 and 3. The composition of the com- 
pound is not known. Finally, it is difficult to see how 
stress can cause continued contact of the alloy with 
mercury. When fracture occurs, it does not appear to 
open up fresh alloy surfaces, because the unamalga- 
mated surfaces do not crack. The basic theory is 
attractive but the details lack experimental evidence. 


4K. K. Ikeuye and C. S. Smith: Trans. AIME (1949) 185, p. 762; 
JOURNAL oF Metats (October 1949). 


Fig. 5—Brass (69 pct Cu) annealed at 850°C, immersed in mercury 
at 350°C, and bent at room temperature after removal of the mercury. 


W. D. Robertson (author’s reply)—The points raised 
by Dr. Hibbard are pertinent and are being investi- 
gated as a result of the initial work reported in the 
paper. Regarding unresolvable grain boundaries, per- 
haps Fig. 5 is more illuminating. It was taken from 
the specimen shown in Fig. 3. The fracture illustrated 
was produced by bending after mercury was removed 
in vacuum. It appears that grain boundry diffusion is 
involved and that the difference between the results 
at 170° and 350°C may be explained in part by in- 
sufficient time at the lower temperature. Rather than 
speculate further about the mechanism at this time, 
we are undertaking to obtain the necessary data to 
separate the variables involved. 


Preferred Orientation in Zirconium 


by R. K. McGeary and B. Lustman 


DISCUSSION, J. E. Burke presiding 


P. A. Beck (University of Illinois, Urbana, Ill.) —The 
results presented in this paper for cross-rolled and 
annealed zirconium are particularly interesting, since 
they show much more clearly and definitely than it 
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was ever shown before the reorientation that takes 
place upon annealing in a cold worked hexagonal 
metal. Since both the cross rolling texture and the 
corresponding annealing texture represent essentially 
single orientations (with scatter), the authors’ inter- 
pretation that the reorientation may be described as a 
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30° rotation around the hexagonal axis appears to be 
well substantiated, as far as their data go. 

As pointed out earlier,” and also by the present au- 
thors, this reorientation is entirely analogous to that 
generally encountered on annealing of face-centered 
cubic metals. In both cases the rotation is around an 
axis perpendicular to the closest packed plane, and the 
extent of rotation is such as to lead to maximum dis- 
orientation between the growing grains and the matrix. 
For this particular relative orientation, where the sur- 
face energy is at a maximum, the boundary mobility is 
greatest, because the rate of self-diffusion along the 
boundary is highest.’ Thus, the authors’ findings are 
in excellent agreement with the view, according to 
which annealing textures are determined by the ori- 
entation dependence of boundary mobility (oriented 
growth theory) and the latter in turn is a result of the 
orientation dependence of self-diffusion rates in grain 
boundaries. 

F. D. Rosi (Sylvania Electric Products Inc., Bayside, 
L. I., N. Y.)—The authors should be complimented for 
their welcomed data on the textures of zirconium. 
With regard to an analysis of these textures, it is in- 
teresting to point out that a significant difference exists 
between the rolling textures of the common hexagonal 
close-packed metals; and this difference appears to be 
related to the difference in the values of their c/a 
ratios. Thus, in titanium, zirconium, and beryllium 
(which show negative deviations from the ideal c/a 
ratio for closest packing; 1.633) the cold-rolled texture 


may best be described as one in which the [1010] is 
parallel to the rolling direction and the (0001) plane 
is inclined approximately 25° to the rolling plane in 
the transverse direction. The essential difference be- 
tween this texture and that for zinc and cadmium 
(which show large positive deviations from the ideal 
ratio) is in the direction of tilting of the basal planes, 
which for the latter is in the rolling direction. In the 
case of magnesium (whose c/a ratio is close to the 
ideal value) the basal plane coincides with the rolling 
plane and may be considered as occupying an inter- 
mediate position. 

The difference in the textures of these c/a grouped 
metals strongly suggests that their crystallographic 
mechanism of plastic flow is also different. In this re- 
spect, recent studies at our metallurgical laboratory 
indicate that the plastic behavior of hexagonal close- 


packed metals with c/a ratio less than the ideal can be 
quite different from that generally associated with 
metals of this structural class, namely magnesium, 
zinc, and cadmium. In titanium, for example, slip was 
found to occur predominantly on the prismatic planes 
type I, while twinning was observed on three distinct 
types of pyramidal planes. Recently acquired results 
on the deformation of zirconium also suggest a mecha- 
nism of plastic behavior similar to titanium. There- 
fore, it is apparent that the mechanism of plastic flow 
in titanium and zirconium, of similar axial ratio, is 
not only different from that of zinc and cadmium, but 
also much more complex. Furthermore, twinning ap- 
pears to play a more important part in the deformation 
of titanium and zirconium. 

The foregoing, therefore, has been presented simply 
to acquaint the authors with the complexity of the 
problem of correlating the observed textures with the 
plastic behavior in zirconium, as well as the danger 
of drawing analogies with the textures of cadmium and 
zinc. 

R. K. McGeary and B. Lustman (authors’ reply)— 
An X-ray spectrometer has been used by the authors 
to establish with a high degree of accuracy the angular 
relationships associated with the reorientations of 
single and double-textured cold rolled zirconium upon 
annealing. With regard to this work, which will be 
published soon, it can be said that in no case are the re- 
sults inconsistent with the ideas suggested by Dr. Beck. 

The marked differences in published pole figures of 
the metals beryllium, titanium, and zirconium of c/a 
ratio less than ideal when compared to those of zinc 
and cadmium with c/a ratio greater than ideal is good 
evidence that the elementary deformation elements of 
the two groups of metals are different, as pointed out 
by the authors in the paper, and also by Dr. Rosi in his 
discussion. That the pole figures obtained on deforma- 
tion are sensitive to the single-crystal deformation 
elements and may, if they are known, be derived from 
them quite successfully, has been shown in a recent 
series of articles by Calnan and Clews.” 


19P, A. Beck: Theory of Annealing Textures. Trans. AIME (1951) 
191, p. 475; Journat or Merats (June 1951). 

20K. A. Calnan and C. J. B. Clews: Deformation Textures in 
Face-centered Cubic Metals. Philosophical Magazine (1950) 41, p. 
1085; Part II. Body-centered Cubic Metals (1951) 42, p. 616; Part 
III. Hexagonal Structure (1951) 42, p. 919; The Prediction of 
Uranium Deformation Textures (1952) 43, p. 93. 


Preferred Orientation of Arc-Cast Molybdenum Sheet 


by M. Semchyshen and G. A. Timmons 


DISCUSSION, J. E. Burke presiding 


P. A. Beck (University of Illinois, Urbana, Ill.) —An 
interesting result of this work is the fact that in cold 
rolled molybdenum sheet complete loss of work hard- 
ening is obtainable on annealing, without change in 
texture. The retainment of the cross-rolling texture on 
soft-annealing is particularly significant, since this is 
essentially a single orientation texture, where texture 
retainment could be achieved by only one of the two 
mechanisms which produce this effect in aluminum,” 
namely by recrystallization in situ. 

Recrystallization in situ was originally discovered 
by Collins and Mathewson (1940) and by Crussard 
(1944) as a phenomenon taking place on annealing in 
relatively mildly deformed single crystals of aluminum. 
It now appears to be a major (in many cases the major) 
mechanism of annealing of severely cold rolled poly- 
crystalline material, not only in aluminum,” but in 
metals as different in character as beryllium,” tita- 
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nium,** and molybdenum. All these data now confirm 
the general validity, at least for more or less pure 
metals, of the interpretation of the annealing process 
given a few years ago by Smith.” The whole question 
of recrystallization is now reopened. Indeed, it appears 
that recrystallization, as defined traditionally, may not 
occur at all, since at the time “deformed material” is 
absorbed by “recrystallized grains,” it has already be- 
come completely strain free by recovery and “re- 
crystallization in situ.” 


16P, A. Beck and H. Hu: Annealing Textures in Rolled Face- 
Centered Cubic Metals. Journat or Merats (January 1952), Trans. 
AIME, p. 83. 

7A. Smigelskas and C. S. Barrett: Preferred Orientation in 
Rolled and Recrystallized Beryllium. Trans. AIME (1949) 185, p. 
145; JournAL or Metats (February 1949). 

isH, T. Clark, Jr.: Textures of Cold-Rolled and Annealed Tita- 
nium. Trans. AIME (1950) 188, p. 1154; Journat or MerTats (Sep- 
tember 1950). 

19C, S. Smith: Discussion on P. A. Beck: Orientation in Recrys- 
tallization and Grain Growth. The Physics of Powder Metallurgy. 
(1951) p. 50. New York. McGraw-Hill Book Co. 
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Plasticity of Molybdenum Single Crystals 


by N. K. Chen and R. Maddin 


DISCUSSION, D. C. Jillson presiding 


C. H. Mathewson (Yale University, New Haven, 
Conn.)—The authors argue, chiefly on the basis of 
directional peculiarities of Laue spots after extension, 
that all slip in their molybdenum crystals was on 
dodecahedral planes in the close-packed direction. 
This basically would seem to call for a subdivision of 
the orientational space into triangular areas like the 
two shown in Fig. 1, each prescribing slip on a single 
most highly stressed system. On the contrary, they 
find a variety of single and combined slip behaviors 
in the basic triangle, which points to some unknown 
complexity in the process of deformation. It would 
appear that many more experiments will be necessary 
before this is understood. 

They demonstrate rotations about axes generally 
lying in the chosen slip plane and normal to the slip 
direction, which correspond to the elongated patterns 
of the Laue spots, but in the complicated cases where 
a predicted type of slip did not occur, the rotations 
derived from the shapes of the Laue spots do not 
always fit too well with the observed movements of 
the axis. For example, in Fig. 8 for crystal No. 12, 
the best expression of the first step in the deformation 
would be to combine I-C and II-A, just as was done 
in Fig. 11 for crystal No. 25, and not I-C and III-C, 
based on the shapes of Laue streaks. To me it seems 
rather forced to make the detailed interpretation of 
these streaks indicated in Fig. 10. Incidentally, the 
major trend of the streaks is denoted III-C in Fig. 10, 
and designated as a minor effect in the projection of 
Fig. 8. 

All in all, the authors deserve commendation for 
directing attention to the value of the strain indica- 
tions of the Laue pattern for identifying probable 
slip systems, but this in the writer’s opinion needs 
much more study and elaboration before it can be used 
with great assurance in cases of complex deformation. 

F. L. Vogel, Jr. and R. M. Brick (University of Penn- 
sylvania, Philadelphia)—It has long seemed peculiar 
that body-centered cubic metals should choose planes 
of low packing density when at least one of the 
relatively densely packed (110) planes would be 
favorably oriented for shear. The authors are the first 
to advance well documented evidence to support the 
contention that glide markings on (112) or (123) 
planes are not real but spurious and that slip really 
had occurred on (110) planes. 


The analysis of Greninger, to which reference is 
made in this paper, explains “spurious” (112) or (123) 
slip in body-centered cubic metals by cooperating 
(110) slip systems. The wavy character of the slp 
lines is attributed to variations in the relative contri- 
bution of each {110} plane to the glide process. 

If this analysis is correct, then there will exist an 
orientation of the stress system with respect to the 
crystal axes wherein, of all of the planes containing 
the slip direction, a (110) type bears the maximum 
shear stress. Now, since the resolved shear stress is 
greater on this (110) plane than on any other (110) 
plane, or combinations of other (110)’s, if it is assumed 
that slip takes place solely by (110) slip, then only 
one plane will operate in this case. This should result 
in the type of slip lines observed in face-centered cubic 
metals, i.e, lines which are straight regardless of 
whether viewed perpendicular or parallel to the plane 
of the slip direction and stress axis. Further, if it is 
assumed that slip is confined to the (110) planes there 
should appear an increase in the waviness of the slip 
lines as the plane of apparent glide varies from (110) 
to (112). Evidentally this logical result of this analy- 
sis is not borne out by the observations. 

R. Smoluchowski (Carnegie Institute of Technology, 
Pittsburgh)—The very interesting work of Chen and 
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Table Ili. Slip Planes in Body-Centered Cubic Metals 
Na K w Mo Fe*  Fe-Sij CuZn 

110 110 

0.08-0.24 112 2 112 112 112 110 2 
123 123 
110 

0.26-0.50 110 eh ? ? 112 110 110 

123 123 

0.80 123 123 ? 2, ? 110 7 


* At temperatures lower than 0.08T» only the {110} plane is ac- 
tive in iron and in Fe-Si alloys with less than 7.5 atomic pct Si. 
+ More than 7.5 atomic pct Si. 


Maddin indicates clearly how difficult it is to obtain 
conclusive experimental data on slip mechanism in 
cubic body-centered lattices. In continuation of Dr. 
Opinsky’s and my own work on Fe-Si alloys a more 
complete theoretical consideration of the critical shear 
stress in terms of dislocations theory has been made 
and will appear shortly elsewhere. It may be pointed 
out here that the well-known Andrade relationships 
quoted by the authors do not seem to hold for nonalkali 
metals as is indicated by Table III. In fact only sodium 
is in definite disagreement with theoretical considera- 
tions. This difference is presumably due to the im- 
portant role of ionic core repulsion in nonalkali metals 
as compared to the preponderant role of electronic 
configuration in the alkali metals. It is possible to 
account, in a semiquantitative way, for the tempera- 
ture and composition dependence of slip mechanism in 
body-centered cubic metals. 

A. J. Opinsky (General Motors Corp., Detroit)—The 
authors are to be commended for their paper. The 
renewed interest in this field is very encouraging. In 
the third element under “Determination of Slip Ele- 
ments” the authors state that: “the slip lines were 
quite straight and uniformly dispersed....” How do 
they then justify the later statement, in the sixth para- 
graph of “Discussion,” that: “the slip traces in body- 
centered cubic metals are inherently wavy?” It is 
true that the first statement was made concerning the 
beginning of deformation, but how can an inherently 
wavy line be straight at any time? 

It was also the discusser’s experience that the slip 
lines at low deformation were straight, and in his work 
an effort was made to keep the deformation as low as 
possible and still have visible slip lines. The resolved 
shear stress-critical shear stress theory holds, strictly 
speaking, only for the initiation of slip, for complica- 
tions may be introduced by further extension. How 
much of the data presented by the authors applies to 
the really early stage of slip? For instance, how great 
was the first extension for M-12? What was the ex- 
tension upon which the data for M-25 are based? Con- 
sider a crystal which has been strained just beyond the 
point of first yield: only a few slip bands will be ob- 
served. Hardly any rotation could have taken place, 
and very little asterism would occur. Would not the 
X-ray method of this paper be of limited or no value 
under such conditions? These are the conditions that 
must be known first before going to higher strains. 

In Fig. 11, how can slip plane III be said to operate 
if axis of rotation III-C was not observed? No combi- 
nation of I and II could be expected to yield the slip 
traces observed between I and III. 

The third conclusion of this paper is almost correct, 
but would be more precise if modified to state: “An 
explanation based upon systems of highest resolved 
shear stress does not appear to be complete....” The 
other necessary factor is critical shear stress. There 
seems to be no satisfactory a priori reason to limit the 
number of possible slip planes; the high atomic density 
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hypothesis serves merely as a guide. The introduction 
of the concept of critical shear stresses presents a pos- 
sible avenue of attack on the problem of the number 
of planes operating. High index planes do not operate 
because their critical shear stresses are too high. 
Proper low index planes above {110} may or may not 
be operative, depending on temperature and composi- 
tion. In other words, their critical shear stresses may 
be close enough to that of {110} that they can operate 
in some instances. 

_The authors were trying to prove the third conclu- 
sion when they plotted data on the maximum resolved 
shear stress triangle. However, it would be best not to 
follow this procedure, for it tends to be confusing. The 
data should be plotted on a blank stereographic tri- 
angle and conclusions drawn therefrom. 

R. G. Treuting (Bell Telephone Laboratories, Murray 
Hill, N. J.)—Amidst the wealth of data in this interest- 
ing paper there is a small but possibly quite significant 
item on which the authors may choose to comment 
further. This appears in Fig. 2, which shows Laue 
back-reflection photograms of specimen Mo-13 before 
and after plastic extension. A spot near the center, in 
the upper right hand quadrant, at the intersection of 
several tautozonal curves, seems greatly increased in 
intensity after yielding. The authors have privately 
confirmed that this is a {100} reflection. 

Increase in integrated diffracted intensities of strong 
lines from reduction in primary extinction has been 
observed in powder patterns from brass filings by 
Averbach and Warren." Although the peak intensities 
are reduced, the lines are broadened by cold work to 
a greater area. The line of the presumably active slip 
plane, {111}, does not seem particularly favored in 
this respect by other than its position as strongest. In 
X-ray micrographs of the Barrett type, it is found 
that slip lines reflect more intensely;” it has been 
suggested that a contributing cause may be faulting 
incident to slip.“ In such photographs the reflecting 
plane is not necessarily, or even probably, of the slip 
system. 


Although this {100} reflection may have become in- 
tensified from other causes (e.g., shift of the plane on 
extension to an angle with the incident beam per- 
mitting characteristic reflection), it seems pertinent to 
inquire whether it can yet be established that the 
intensification is directly attributable to the deforma- 
tion, through some such mechanism as suggested here, 
or another. 

In this connection it is interesting that the one spot 
seems intensified so much more than the others regis- 
tered. In taking X-ray micrographs of a slipped alu- 
minum crystal, the writer has observed that slip lines 
were more intensely reflecting regions irrespective of 
the particular reflection used to record the image. If 
it be due to faulting along the slip plane, this demon- 
strates the three-dimensional nature of such a fault. 
Then why in this case were the other spots not like- 
wise intensified? It may be that they were—certainly 
there are other changes in spot densities shown here, 
some relatively weakening—and that there is some 
relation between the intensity change and inherent 
intensity as in the powder patterns of Averbach and 
Warren. A satisfactory answer must await further ex- 
periment, but in the meantime the authors’ opinions 
would be of interest. 

N. K. Chen and R. Maddin (authors’ reply)—Dr. 
Mathewson points out that many more carefully docu- 
mented experiments are needed before the unknown 
complexities in the deformation process can be under- 
stood. We might add here that very careful studies are 
being made on body-centered cubic metals, i.e., molyb- 
denum, tantalum, niobium and tungsten, at Johns Hop- 
kins University with regard to: 1—the progressive 
formation of slip lines, 2—the role of the deformation 
band, 3—the structural alterations as determined by 
X-rays, 4—electron microscopy, and 5—multiple beam 
interferometry. The results of these studies will be 
reported at some later date. 
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Unfortunately, there is a misrepresentation in Fig. 
10—III-C should be designated I-C and vice-versa. 
With respect to Fig. 8, the stress axis rotation from 
position 0 to 1 is less than 2°, and the accuracy of ori- 
entation determination is +2°. Consequently, the true 
position 1 can possibly be along a great circle course 
with positions 0 and 2. Under these conditions I-C and 
III-C would accurately describe the apparent action. 

Drs. Vogel and Brick bring out two interesting points 
with respect to waviness of slip lines. and crystal orien- 
tation: 1—if slip takes place solely on a (110) plane, 
slip lines should be straight, regardless of the plane of 
observation, 2—as the plane of apparent glide varies 
from (110) to (112), there should appear an increase 
in the waviness of the slip lines. It should be stated, 
however, that these two expectations may not neces- 
sarily be fulfilled since some additional assumptions 
made underlying these expectations may be in doubt 
irrespective of the present analysis of the slip process. 
First, the waviness of slip lines may not be entirely 
due to slip on cooperating slip planes; other causes, 
such as lattice rotation during deformation, formation 
of deformation bands or mechanical twins and prob- 
able rotation of the lattice about the stress axis, etc., 
should also be considered. Second, in the case of slip 
on cooperating {110} planes, the magnitude of the 
relative contribution of each (110) plane may be as 
small as a few atomic distances and hence any dif- 
ference resulting in the macroscopic wavy character 
of the slip lines may not be resolved. Also, there may 
be nonuniform variations in the participation of each 
(110) plane to make up an integrated slip trace. 

Nevertheless, it would seem that the real character 
of waviness may be more advantageously investigated 
under the electron microscope or by means of multiple 
beam interferometry. In this respect, it can be pointed 
out that when,wavy slip bands are produced in alu- 
minum after moderate or large deformation, Wilsdorf 
and Kuhlmann-Wilsdorf™ * were able to show with 
electron micrographs that: “in spite of their non-crys- 
tallographic appearance they, in reality, are formed by 
exceedingly fine multiple slip” on (111) planes. 

Unfortunately, it seems that Dr. Opinsky did not 
realize the well-known variable involved in the obser- 
vation of slip lines, i.e., the relative position of the 
observation surface with respect to the slip direction. 
It is commonly known that in body-centered cubic 
metals, the slip lines may be straight or wavy depend- 
ing on whether the observation surface is parallel or 
perpendicular to the slip direction. This is also true 
at low deformation, though the waviness at positions 
perpendicular to the slip direction as witnessed by the 
very faint striations is not so pronounced compared to 
the slip lines after their full development. This point, 
if properly understood, should avoid the confusion 
brought out in the discussion by Dr. Opinsky. 

The deformation used in the optical determination 
of slip planes was generally below 3 pct extension. To 
determine the slip direction by axis rotation, the de- 
formation was greater. However, an alteration of the 
Laue spots, indicating the initial stage of “asterism,” 
was observed when all the specimens were extended to 
just beyond their yield. 

In Fig. 11, although the axis of rotation III-C was 
not observed, I-C was observed. In order that the 
apparent glide on (112) or (123) was to be explained 
on the present analysis of the slip process, plane III 
was believed to have operated. The operation of slip 
plane II was considered equivalent to the action of 
“conjugate slip” in face-centered cubic metals. 

The resolved shear stress-critical shear stress hy- 
pothesis, in order to be conclusive, should wait for 
more carefully documented data on the determination 
of slip systems in body-centered cubic metals. For 
instance, with respect to a specific crystal orientation, 
the exact slip plane and direction should be listed 
along with deviations from the ideal positions. In this 
respect recent work by Vogel and Brick” has indicated 
the great complexity of slip planes in iron and the 
apparent behavior of noncrystallographic slip. If the 
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hypothesis of critical shear stress is to be applied, it 
would seem that not only (112) or (123) but all planes 
in the zone containing the slip direction should be 
considered. 

Dr. Treuting’s comment on the intensification of the 
Laue spots in Fig. 2 is of great interest. We have 
puzzled about these intensity changes, but have been 
unable, so far, to assign any particular mechanism to 
account for them. It appears to us that herein is a 
clue which, when properly evaluated, should result in 
enhancing our understanding of plastic deformation. It 
can be pointed out, however, that, since the intensifica- 
tion is accompanied by an alteration of the shape of 
the spots, ie., the initial stage of “asterism,” it can be 
concluded that the range of orientation must also have 
increased after deformation. A similar observation in 
the case of aluminum can be noted. Here, the presence 
of a deformation band has been shown to be the cause 
of asterism at the early stage of deformation.” 

Certainly, it is realized that the intensities of Laue 
spots do not depend upon the crystal structure alone, 
but also are influenced by: 1—the strength of the par- 
ticular component in the X-ray beam to which each 
reflection is due, 2—each spot may be composed of 
several orders superimposed on each other, and 3— 


the different blackening effect of the various wave- 
lengths comprising the continuous radiation. 
Temperature, as is well known, has a marked effect 
on the character of slip lines; for example, the amount 
of shear taking place on slip planes has been shown to 
be a function of the testing temperature. As pointed 
out by Dr. Smoluchowski, the temperature of test does 
not determine the acting slip plane in the case of the 
nonalkali metals. Whether or not the rationalization 
based upon the absolute temperature of test holds for 
the alkali metals should await further studies on care- 
fully documented alkali single crystals of various ori- 
entations using different methods to determine the 
acting slip plane as suggested earlier in the discussion. 
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Deformation in Aluminum Single Crystals. JourRNAL oF METALS 
(May 1952), Trans. AIME, p. 528. 

15H, Wilsdorf and D. Kuhlmann-Wilsdorf: Naturwissenschaften 
(1951). 

16 F, L. Vogel, Jr. and R. M. Brick: Deformat‘on of Ferrite Sin- 
gle Crytals. (July 1952). Tech. Report No. 1 to Flight Research 
Laboratory. 

17 Ref. 9, Fig. 10. 


Plastic Deformation of Magnesium Single Crystals 


by E. C. Burke and W. R. Hibbard, Jr. 


DISCUSSION, J. E. Burke presiding 


G. B. Craig (University of Toronto, Toronto, Ont., 
Canada)—The advent of pyramidal slip at room tem- 
peratures in a magnesium crystal (M,,) and the very 
low value reported for the critical shear stress are 
puzzling. Table II shows the calculated values (ap- 
proximate) for sin xy cos i in this specimen if all the 
{1011} planes are considered. If S, is the shear stress 
resolved in the direction of glide, on the glide plane, 
and oa, is the stress operative in yield point tests, then: 


S, = 9, sin x cos A 


and for (0111) the operative slip plane is: 


Table Il. Values of Sin x Cos A} for Magnesium Crystal M., 


Pyramidal 
Planes x Sin x Cos) Sin x 

1 1101 35 0.574 48 0.669 0.384 
2 1011 52 0.788 73 0.292 0.230 
3 0111 10 0.174 14 0.970 0.169* 
4 0111 15 0.259 14 0.970 0.251 
5 1011 63 0.891 73 0.292 0.260 
6 1101 44 0.695 48 0.669 0.465 

0001 6 14 0.101 


* This is plane which slipped. 


S, = 325 (0.169) = 55 g per sq mm (approximately) 


for 1101: 
S, = 325 (0.465) = 151 g per sq mm (approximately) 


for (0001): 
S, = 325 (0.101) = 32.8 g per sq mm (approximately) 


Thus, we see the pyramidal plane in which the mini- 
mum shearing component operated. Barrett™ stated: 
“Experiments have repeatedly shown that, when there 
are several crystallographically equivalent slip sys- 
tems in a crystal, the one having the greatest resolved 
shear stress will become active....” It does not ap- 
pear to me that the measurements given are conclusive 
proot that pyramidal slip operated. 

E. C. Burke and W. R. Hibbard, Jr. (authors’ reply) 
—Although the low value for the critical resolved 
shear stress for pyramidal slip may be puzzling, there 
does not appear to be any basis for questioning the 
validity of the measurements. Under the influence of 
constraints, slip systems having decidedly lower shear- 
ing components may becume operative, e.g., “cross- 
slip” or the “forced glide” in magnesium reported by 
Bakarian. Since we believe that pyramidal slip oc- 
curred in the specimen because basal slip was in- 
hibited, it is not too surprising to find an operative 
plane with a lower shear stress. 


"7C. S. Barrett: Structure of Metais (1943) p. 236. New York. 
McGraw-Hill Book Co. 


Delay Time for the Initiation of Slip in Metal Single Crystals 
by |. R. Kramer and R. Maddin 


DISCUSSION, D. C. Jillson presiding 


C. S. Roberts (Dow Chemical Co., Midland, Mich.)— 
In this study we have seen another example of how 
modern electronic instrumentation can be of great 
value to metallurgical research. The authors have 
shown much ingenuity in their experimental work. 
However, I wish to point out that anelasticity theory 
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tells us that we must be cautious when we use pulse 
methods for measurements which are to be correlated 
with knowledge of static stress-strain behavior. 
The basic stress calibrations used by the authors 
depend on the use of static moduli combined with the 
pulsed strains. No recognition of a possible modulus 
defect has been indicated. The general agreement of 
critical resolved shear stresses may indicate that a 
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troublesome part of the relaxation spectrum was not 
involved with some of the materials and temperatures. 
Nevertheless, I hope that the authors are convinced 
that no interfering anelastic effects occur. 

I. R. Kramer and R. Maddin (authors’ reply)—The 
authors wish to thank Dr. Roberts for his comments. 
The point he raised is an important one, and is one to 


which we have given considerable thought. The criti-- 


cal resolved shear stress values on both aluminum and 
a brass obtained by the dynamic methods used in this 
study are in very close agreement with those obtained 


by static methods. This would indicate that at least 
for these metals the effect of the dynamic loading is 
small. That the anelastic effect is small in the case of 
8 brass does not necessarily follow. This effect should 
be measured in each case to be certain of the correc- 
tion which must be made. It should be pointed out, 
however, that the conclusions arrived at in this paper 
would not be changed as a result of a correction in the 
values of the critical resolved shear stress. The curves 
would be shifted but it is expected that the general 
shape of the curves would remain the same. 


Diffraction Patterns and Crystal Structure of SisNs and GesN« 


by W. C. Leslie, K. G. Carroll, and R. M. Fisher 


DISCUSSION, Robert Maddin presiding 


H. F. Beeghly (Jones and Laughlin Steel Corp., Pitts- 
burgh)—Since silicon is one of the more commonly 
used elements in steelmaking, the Si-N system has 
been the subject of active interest to research workers. 
With the advent of recently developed experimental 
techniques, data on the behavior of the system are be- 
coming available. This paper on the structure of sili- 
con nitride represents another valuable addition to 
this store of knowledge. 

We have been most interested in silicon-killed car- 
bon steels and in following the behavior of nitrogen in 
them during thermal treatment by means of the ester- 
halogen reagents to which the authors refer. Our re- 
sults, scheduled to appear soon in Analytical Chem- 
istry, indicate that the problem is somewhat more 
complex than it may initially appear to be. An “acid 
soluble” Si-N compound can be recovered from silicon- 
bearing steels heated in the temperature range of 
approximately 1100° to 1600°F, and the amount re- 
covered from a given specimen varies with the tem- 
perature and the time at temperature. However, after 
holding the specimen in the range of 2200° to 2400°F 
and quenching in water, the compound can no longer 
be recovered. In fact, the Si-N data bear a marked 
similarity to the Al-N data we published in 1949 except 
that the rate of the Si-N transformations is slower. In 
higher silicon, aluminum-free steels (1.5 to 3.5 pct Si) 
we have observed that the nitrogen may be in an “acid 
insoluble” form. We wonder if the authors have also 
observed this difference and, if so, whether they have 
found a difference in the diffraction pattern of the 
“acid soluble” and the “acid insoluble” form. 

Pol Duwez (California Institute of Technology, Pasa- 
dena, Calif.)—The authors are to be congratulated for 
their worthwhile study of the structure of silicon and 
germanium nitrides. A few years ago, we also at- 
tempted to work out the crystal structure of silicon 
nitride from powder patterns. Contrary to what the 
authors found, it was possible to explain all the re- 
flections with a satisfactory degree of accuracy on the 
basis of a phenacite type structure (rhombohedral) 
proposed by Juza and Hahn‘ for germanium nitride. 
We believe that the evidence presented in the paper 
in favor of an orthorhombic structure is not sufficient 
to rule out the alternate rhombohedral symmetry. 
Single-crystal work will obviously be necessary for a 
complete structure determination. 

W. C. Leslie, K. G. Carroll, and R. M. Fisher (authors’ 
reply)—We wish to thank Messrs. Beeghly and Duwez 
for their interesting comments. In reply to Mr. Beegh- 


ly’s remarks, we have observed no evidence in our 
work for the existence of two crystallographic forms 
of silicon nitride. Identical diffraction patterns were 
obtained for all steels and heat treatments used in 
the investigation. It was found that nitrides formed 
in these silicon steels (0.58 to 3.2 pct Si) partially dis- 
solve in hydrochloric acid and require addition of 
HF for complete solution. This behavior is believed 
to be merely an effect of particle size. However, this 
partial solubility of silicon nitride gives rise to a 
chemical interference with aluminum nitride when 
the latter is determined by the method developed by 
Mr. Beeghly. 

Morphology of silicon nitride in a steel is affected by 
the heat treatment of the steel. The nitride becomes 
more soluble in the iron matrix as the temperature 
is raised, but the temperature at which it is completely 
dissolved will differ with the steel, since it will depend 
on the concentrations of both silicon and nitrogen. 
Further comments on this subject appear in the paper 
by Darken, Smith, and Filer.6 We agree with Mr. 
Beeghly’s statement that formation of silicon nitride in 
steel is usually slower than that of aluminum nitride; 
we would like to add that it is much slower under 
ordinary conditions. 

We agree with Dr. Duwez that a single-crystal study 
of silicon nitride will be necessary ultimately to settle 
the question of its structure. Our powder pattern data, 
however, appear to rule out the rhombohedral struc- 
ture of Juza and Hahn, as does the data of these 
authors for Ge,N, when numerical errors are corrected. 
We would be interested to compare our data with that 
alluded to by Dr. Duwez for Si,N,; in a complicated 
pattern of this nature, the presence or absence of a few 
lines would profoundly affect conclusions regarding 
possible structures. Our pattern for Si,N, is the only 
one published and, unfortunately, at this time can only 
be compared with that of the isomorphous compound 
Ge,N,. In our published patterns for the nitrides, all 
weak lines were carefully checked on several different 
specimens of the material, to insure that even the 
faintest diffraction lines were reproducible. 

Our main objectives in this work were to establish 
the existence of silicon nitride in steels and to present 
a reliable means for its identification. Diffraction pat- 
terns of single crystals would be highly desirable, but 
are not absolutely necessary to the accomplishment of 
these objectives. 


6L. S. Darken, R. P. Smith, and E. W. Filer: Solubility of Gaseous 
Nitrogen in Gamma Iron and the Effect of Alloying Constituents— 
Aluminum Nitride Precipitation. Trans. AIME (1951) 191, p. 1174 
(JouRNAL or MeETAts, December 1951). 


Habit Phenomenon in the Martensitic Transformation 


by E. S. Machlin and Morris Cohen 


DISCUSSION, V. N. Krivobok presiding 


J. S. Bowles and J. K. Mackenzie (Commonwealth 
Scientific and Industrial Research Organization, Mel- 
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bourne, Australia)—The authors are to be congratu- 
lated for giving the first direct experimental proof that 
the observed macroscopic strain accompanying marten- 
site transformations is not necessarily a shear. We 
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have recently been studying martensite transforma- 
tions in various systems and a number of general 
principles have emerged that are relevant to the 
present paper. This work will be published shortly, 
but we wish to take this opportunity to comment on 
the present work in the light of our own conclusions. 

We agree with the authors that the factorization 
of the total strain on transformation into a pair of 
invariant plane distortions is not unique. This factori- 
zation of the total strain is only possible if an invariant 
direction exists, and is then made unique only by the 
introduction of two conditions. One condition arises 
from the observation that twin orientations often co- 
exist in the same martensite plate. In such cases, both 
twins have suffered the same “first”? distortion and it 
can be shown that the “second” distortions must either 
be on the twinning plane or in the twinning direction 
of the final structure. The second alternative appears 
to be the relevant condition. The other necessary con- 
dition is that the “second”’ distortion be a shear. This 
follows if the “first” distortion is identified with the 
macroscopically observed strain, since any dilatational 
component must be cumulative even in an inhomo- 
geneous distortion. 

These two conditions are satisfied by the factoriza- 
tions which have been suggested for the (225)4 Fe-C° 
and the In-Tl" transformations. They also enable 
satisfactory factorizations to be made for various body- 
centered cubic > hexagonal close-packed transforma- 
tions such as B, > y’ in Cu,Al.” The (225).4 Fe-C trans- 
formation is degenerate, because pairs of variants of 
the Kurdjumow-Sachs orientation relationship are 
twin related and, since the twinning direction is the 
invariant direction, must have the same habit plane. 
This, together with the observed coexistence of twins 
in the plates, implies the unique factorization already 
given.’ Alternative factorizations would lead to micro- 
structures in which plates with the same habit plane 
tilt the surface in opposite senses, as observed in the 
Cu,Al and In-Tl transformations. For general orienta- 
tion relationships this degeneracy is not present and 
both conditions must be used. 

The authors’ factorization of the (259). transforma- 
tion is in complete agreement with the principles out- 
lined above. Their criterion for the direction of the 

' “second” distortion cannot be successfully applied to 
other transformations and, although coexisting twins 
have not yet been reported in Fe-Ni martensite, it is 
tempting to conclude that our criterion can be applied 
in all cases. However, we believe that the accuracy of 
the present results is insufficient for them to constitute 
a conclusive test of the hypothesis. 

In this connection, we wish to bring to the authors’ 
attention the following sources of inaccuracy in the 
present work. 

1—In deriving their final strain matrices the authors 
have not made use of the most direct and reliable piece 
of experimental information, namely that the habit 
plane is the invariant plane. The deviations of the 
circles from the mean positions of the sets of dots in 
Fig. 3 indicate clearly that this is a source of error, 
which will affect the determination of the direction of 
the “first” distortion. 


The authors claim to have verified that the macro- 
scopic distortion is of the invariant-plane type. Their 
argument is unconvincing because they have assumed 
this in deriving their strain matrix. Furthermore, their 
argument is unnecessary because the observed con- 
tinuity of the transformed plate and matrix, the ob- 
served nonrotation of the intersection of the habit 
plane with the surface and the continuity of scratches 
crossing the interface establish the nature of the dis- 
tortion directly. 


2—The scatter of the measured habit planes is larger 
than probable experimental errors. As the authors 
point out, the habit plane (and the direction of the 
“first” distortion) will vary with the orientation rela- 
tionship, and conversely. Thus, unless attention is 
confined to data with the same habit plane (within the 
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experimental error), there will be unknown errors in 
the estimation of the direction of the “first” distortion 
and in the elements of the “second” distortion. In 
order to compare the various habit planes all the data 
should be reduced to a single variant. 

3—In deriving the strain matrices from the experi- 
mental data, the authors have assumed that tze = tz = 
0 exactly, and hence that the direction of the “first” 
distortion lies in (111)4. From their estimate of the 
experimental error (+0.01) in measuring tzz, tzy it 
follows that the direction of the “first”? distortion can 
be as much as 5° out of the (111). plane. 

If the (111)4 plane is unrotated, the authors are 
justified in neglecting the errors in tz» and ty. How- 
ever, Greninger and Troiano® have already shown that 
the (111)4 plane is rotated through about 1° in the 
(259)4 Fe-Ni-C transformation. It can be shown that 
even if the (111). plane is rotated by only %° the un- 
rotated plane containing the two directions of atom 
motion may be as much as 15° from the (111). plane. 
Thus it is very dangerous to accept observed zero 
rotations at their face value. 

4—When the data given for the variants shown in 
Fig. 2 are referred to a single variant it is found that, 
with the exception of the [111]. direction, all the 
directions studied lie in the same (111)4 plane. Since 
the direction of atom motion lies close to this same 
(111)4 plane, and since no extensions could be meas- 
ured, it follows that only the projection of the direc- 
tion of atom motion on the (111).4 plane can be satis- 
factorily estimated. Had other variants, or other direc- 
tions, been considered it may have been possible to 
rectify this. 

5—The second distortion determined by the authors 
in Appendix IV is not, as claimed, close to an invariant 
plane strain, since, in the axes of the matrix B, the 
points at 1, 0, 0 and 0, 0, 1 move in quite different 
directions. While the authors are justified in restor- 
ing the diagonal elements of their strain matrix for the 
“first” distortion as in Appendix III, they are certainly 
not justified in doing the same for the second matrix 
because it is uniquely determined by the “first” dis- 
tortion and the known total strain. Because of the 
probable inaccuracies in determining the strain matrix 
of the “first” distortion, and the uncertainty in the 
orientation relationship, it is not surprising that the 
authors’ experimental evidence does not establish con- 
clusively that the second distortion is a shear in the 
twinning direction. 


6—The habit planes a-f in Table I are incorrectly 
indexed; the indices given in Figs. 2 and 3 are correct. 
We also wish to point out that the poles labeled (295) 4 
in these figures are incorrectly plotted; the directions 
[295]4, [925]4, and [110]4 are coplanar. 

We wish now to comment on the authors’ views con- 
cerning the physical mechanism of the production of 
martensite plates. 

The factorization of the total strain of the trans- 
formation into two invariant plane strains is a means 
of describing consistently “what has happened” rather 
than “how it happened.” To determine the particular 
physical processes involved it is necessary to have 
more information. 

Following Greninger and Troiano, and Bowles, the 
authors have assumed that the observed macroscopic 
distortion occurs first. The argument used by the 
authors to establish the order in which the hypothetical 
component distortions occur is therefore circular. In 
any case, it is invalid since each distortion prescribes 
a vector displacement of each atom and the resultant 
displacement is independent of the order in which they 
are combined. The strain matrices do not commute be- 
cause interchanging their order does not simply inter- 
change the order of these vector displacements. It 
should be pointed out that in Appendix V the matrices 
A and B are not referred to the same axes. 

Every possible mode of transformation involves the 
production of a certain volume of material with inter- 
mediate structures. Since the activation energy asso- 
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Fig. 7 (left) Laminated martensite formed in an electropolished 
Fe-Ni-C specimen. Unetched. X150. Area reduced approximately 
50 pct for reproduction. 


Fig. 18 (right)—Same area as in Fig. 17 after cooling to a lower 
deecabiiats X150. Area reduced approximately 50 pct for repro- 
uction. 


ciated with a mode of transformation increases with 
this volume, it is clear that the mode which makes 
this volume as small as possible will be preferred. As 
the authors have pointed out, a mode of transforma- 
tion in which the strain is propagated from a localized 
nucleus will require a smaller volume in an inter- 
mediate state than one in which all atoms in the plate 
move simultaneously. They envisage movement of 
atoms within a localized strain gradient having a 
volume proportional to the final thickness of the plate. 
However, the volume of material in an intermediate 
state can be reduced still further if the transformation 
occurs by the rapid motion of a strain gradient which 
is localized within atomic distances in at least two (or 
perhaps three) of its dimensions. The final decision 
between these possibilities awaits detailed comparisons 
of their activation energies with the free energy avail- 
able for the transformation, and of the predicted rates 
of formation of plates with those experimentally 
observed. 

There is some experimental evidence indicating 
which of the above possibilities is most likely. In the 
Au-Cd®* and In-TI1 transformations thin plates are pro- 
duced very rapidly and these then broaden at a slower 
rate. This suggests that at least in these transforma- 
tions the propagating strain gradient is localized about 
a line (or a point) which moves rapidly in the habit 
plane. The strain gradient would be localized both in 
(at least) one direction parallel to the habit plane, as 
suggested by the authors, and also in the direction 
normal to the habit plane. 

Very similar behavior is observed for the (259), 
transformation in cast Fe-Ni-C specimens containing 
19.4 to 21.0 pct Ni and 0.8 to 1.0 pet C on quenching or 
slow cooling (1° per min) to liquid nitrogen tempera- 
tures. As shown in Figs. 17 and 18, the martensite 
plates first form as packets of very thin lamellae which 
on further cooling broaden (whether by growth or the 
formation of new lamellae is unknown) and eventu- 
ally build up a complete “normal” plate. The condi- 
tions required to produce this “laminated” martensite 
have not yet been clarified. This mode of transforma- 
tion is not connected with the state of the surface 
(mechanical or electrolytic polishing) or with the 
state of deformation. 

C. S. Roberts (Dow Chemical Co., Midland, Mich.)— 
This careful piece of work shows that, as is often the 
ease in transformation studies, if one is willing pa- 
tiently and carefully to carry through analyses of con- 
siderable complexity, the overall picture of a phe- 
nomenon becomes simpler and more general. It ap- 
pears that the authors have made a conscious effort to 
harmonize their conclusions with all the pertinent and 
reliable observations. 

As a result of the “least-resistance” reaction path 
concept, the authors believe that the change of habit 
in the Fe-C system at about 1.4 pct C implies the ex- 
istence of two alternate reaction paths. I have won- 
dered why as carbon atoms are continuously added to 
the lattice in this region it becomes easier to initiate 
the first strain on (259), rather than on (225),. Be- 
cause of the relative scarcity of carbon atoms in the 
lattice even at the highest end of the solubility range 
it seems likely that this effect results indirectly from 
their influence on the average interatomic distance for 
iron atoms. To my knowledge no good structure 
studies have been made in the very high carbon aus- 
tenite range. Perhaps some changes occur in the posi- 
tioning of the carbon atoms, either with respect to 
type of interstices or randomness or both. 

E. S. Machlin and Morris Cohen (authors’ reply)— 
The penetrating discussion of Drs. Bowles and Macken- 
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zie constitutes a valuable supplement to this paper. 
Their thorough analysis has brought to light some in- 
advertent errors which the authors will rectify in the 
course of this reply. 

The authors agree that their criterion for the second 
strain (p. 1023 of the paper) is not a general one. The 
alternate criterion proposed by Drs. Bowles and 
Mackenzie is undoubtedly more satisfactory, consider- 
ing its applicability to several systems. Their concept 
that the second strain should be a shear on the twin- 
ning plane or in the twinning direction of the final 
structure is certainly in harmony with the ideas ex- 
pressed in this paper. 

The following remarks are in specific reply to the 
itemized comments of the discussers: 

1—We did not take it for granted that the habit 
plane is parallel to the invariant plane because we 
wanted to learn if this parallelism really exists. To 
verify the occurrence of an invariant-plane strain, the 
procedure was to set up a strain matrix involving an 
invariant-plane motion in general form, and then show 
that the observed displacements are not only consistent 
with this matrix but yield a definite solution for the 
orientation and direction of motion of the invariant 
plane. This type of demonstration is analogous in 
principle to assuming that a certain form of equation 
relates certain variables; then experimental data is 
used to justify the equation and establish its constants. 
For example, the diffusion equation D = D,e-°*"" is 
employed in just this sense for the determination of 
the frequency factor D, and the activation energy Q 
when the diffusion coefficient D is known as a function 
of temperature T. The prevalent continuity of scratches 
across the austenite-martensite interfaces tends to 
substantiate the occurrence of an invariant-plane 
strain, but we did not feel warranted in accepting this 
observation alone as proof. In fact, continuity of 
scratches was not always assured. 

2—The scatter of the habit-plane determinations is 
beyond the experimental error and may be inherent in 
those systems where considerable plastic deformation 
attends the transformation. There is no point in reduc- 
ing the data to a single variant as this would destroy 
one of the main features of the investigation: namely, 
the direction correlation of a specific habit permuta- 
tion with a specific transformation strain (T matrix). 

3—The assumption that the (111)4 plane does not 
rotate (t-r—0) introduces relatively little error. If 
tr is taken equal to 0.01 (the estimated uncertainty in 
this measurement), the invariant plane of the first 
strain differs from that given in the paper by less than 
5°. Thus, the correlation. found between a specific ex- 
perimental habit plane and the invariant plane of the 
corresponding transformation strain is good within 5°. 

4—Other variants had been checked and no contra- 
diction was found with the assumption that, within the 
experimental error, the direction of atom motion lies 
in a (111). plane. 

5—This point of the discussers is well taken. The 
observations and calculations are such as to cause a 
comparatively large uncertainty in the evaluation of 
the second strain. Nevertheless, the elements reported 
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for the second strain may be considered to be an av- 
erage result, having reasonable significance. When the 
stereographic method was applied, these elements 
were yielded as solutions for the second strain using 
the measured first strain and the Greninger-Troiano 
orientation relationships as the known parameters. 

6—The habit-plane designations in Table I are in- 
correct, as stated by Drs. Bowles and Mackenzie. The 
last column of Table I should read: a = (592)4, c = 
(259)i4, = (925)4, b = (295)4, = f = 
(952)4. Also the (295)4 pole in Figs. 2 and 3 should 
have been plotted just to the right of the vertical line 
instead of just to the left. 

The discussers are also correct in pointing out that 
the commutative test used in Appendix V is not valid. 
Hence, the principal basis for assuming the given order 
of strains is that, if the unobserved strain is to be 
taken as a shear in the twinning direction of the final 
structure, the observed strain might well be expected 
to occur first in order to set up the conditions for the 
“second” strain. This sequence is in line with the 
conclusions of Greninger and Troiano* and of Bowles’ 
as well as with the factorization criterion of the dis- 
cussers. 

The formation of martensite in clusters of thin 
lamellae is a most interesting phenomenon. It has also 
been found recently by Reynolds and Bever in a Cu- 


Zn alloy when the transformation is induced by stress.“ 
It is hoped that Drs. Bowles and Mackenzie will con- 
tinue their work on the Fe-C-Ni alloys to clarify this 
complex mode of the martensitic transformation. 

Dr. Roberts has inquired about the two alternate 
reaction paths leading to the {225} and {259} habits. 
While the minimum activation energy along competi- 
tive paths might well depend on the carbon content, 
an a priori explanation is not available at the present 
time. It is possible, as Dr. Roberts suggests, that the 
exact positioning of the carbon atoms in the austenite 
lattice may undergo a change with increasing carbon 
content. Petch’s investigation” of the location of the 
carbon atoms in austenite was conducted on an Fe-C- 
Mn alloy containing 1.3 pet C and 13 pct Mn. The cor- 
responding habit is not known. To study the effect of 
carbon content on the carbon positioning would prob- 
ably require the introduction of an alloying element 
like nickel or manganese in order to provide com- 
pletely austenitic structures at room temperature. 


uJ. S. Bowles, C. S. Barrett, and L. Guttman: Trans, AIME 

oy 188, p. 1478; JOURNAL OF METALS (December 1950). 
eB Greninger: Trans. AIME (1939) 133, p. 204 

ne C. Chang and T. A. Read: Trans. AIME (1951) 191, p. 47; 
JOURNAL oF Merats (January 1951). 

14J, FE. Reynolds, Jr. and M. B. Bever: On the Reversal of the 
Strain-Induced Martensite Transformation in the Cu-Zn System. 
JouRNAL oF Metats (October 1952), Trans. AIME, p. 1065. 

15 Petch: Journal Iron and Steel Inst. (1942) 145, p. 111. 


Isothermal Martensite Formation 


in an 


lron-Chromium-Nickel Alloy 


by S. A. Kulin and G. R Speich 


DISCUSSION, V. N. Krivobok presiding 


R. C. Shnay (Dept. of Mines and Technical Surveys, 
Ottawa, Ont., Canada)—The authors are to be con- 
gratulated on an interesting and informative paper. 
However, several questions arise when the isothermal 
formation of martensite is considered in relation to 
the formation of bainite at temperatures near the M, 
point. The reactions in an alloy and in a plain carbon 
steel would appear to be comparable; and in the course 
of a recent investigation of the austenite-bainite trans- 
formation in a plain carbon steel,* the writer has ob- 
tained data at temperatures above and below the M, 
point. These data are in some respects similar to those 
of the authors and a comparison would seem justified. 

The steel used in this investigation had the nominal 
composition: C, 0.80 pct; Mn, 0.20; and Si, 0.20. The 
course of the transformation was followed by the use 
of a magnetic balance. The magnetic moment of the 
specimen as determined by this instrument is directly 
proportional to the percentage of the total volume of 
the specimen which has transformed to bainite. 

All specimens were austenitized at 1850°F for 4 hr, 
quenched to the transformation temperature, and 
quickly transferred to the magnetic balance. Readings 
were taken at regular intervals until the transforma- 
tion had stopped. A typical transformation curve is 
shown in Fig. 9. 

The preliminary curve preceding the S-shaped curve 
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Fig. 11—Bainite formed davine the preliminary stage 
at 480°F. Matrix is martensite formed on quenching to room 
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was found at all temperatures above the M, to around 
600°F. Both the extent of this preliminary curve and 
the time interval between it and the S-shaped curve 
were found to, decrease with increasing temperature 
as was suggested by Davenport and Bain.“ Therefore, 
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it is difficult to say with certainty whether the pre- 
liminary curve disappears at higher temperatures or is 
merely not detectable with the magnetic balance used 
in this investigation. The shape of this part of the 
bainite transformation curve is illustrated on an en- 
larged scale in Fig. 10. 

The microstructure of a specimen allowed to trans- 
form for only 2 min at 480°F, Fig. 11, shows that some 
of the new phase is formed as dark-etching blade- 
shaped particles during the preliminary stage. Micro- 
scopic inspection of specimens allowed to transform 
for longer periods showed a gradual growth of the 
particles formed during the first stage of the trans- 
formation. 

The writer would be interested in the authors’ opin- 
ion on whether this preliminary stage of bainite forma- 
tion is the same as, or in any way related to, the iso- 
thermal formation of martensite above the true M,, 
which they describe in their papers. 

S. A. Kulin and G. R. Speich (authors’ reply)—The 
authors wish to thank Mr. Shnay for his interesting 


discussion. It is quite possible that the initial portion 
of the curves shown in Fig. 9 may be due to the iso- 
thermal formation of martensite above the M, tem- 
perature. However, some questions are raised con- 
cerning Mr. Shnay’s work: 

1—Due to the unusually long austenitizing time (4 
hr at 1850°F), what precautions were taken to prevent 
decarburization? If decarburization did take place, the 
decarburization layer would transform before the 
matrix. This might give an alternate explanation for 
the initial portion of the curve in Fig. 9. 

2—The curve in Fig. 10 does not extrapolate to the 
origin. If the initial portion of the curve is due to the 
isothermal formation of martensite, then no incuba- 
tion period should be present. 


13R. C. Shnay: A Magnetometric Investigation of the Austenite- 
Bainite Transformation. M. A. Sc. Thesis. University of British 
Columbia, 1951. 

14k. S. Davenport and E. C. Bain: The Transformation of Austen- 
ite A Constant Subcritical Temperatures. Trans. AIME (1930) 90, 
p. 


Isothermal Transformation Characteristics of an lron-Chromium Alloy of Titanium 
by Charles W. Phillips and Donald N. Frey 


DISCUSSION, V. N. Krivobok presiding 


W. Rostoker (Armour Research Foundation, Chicago) 
—As I understand the text of this paper, the M. and 
M, temperatures were determined from the hardnesses 
of samples which had been step-quenched, the inter- 
mediate temperature being lowered with successive 
samples. Since according to the simple behavior of a 
martensitic reaction, the amount of martensite is de- 
pendent only on the lowest temperature of quench, 
i.e., room temperature, I do not see how the hardness 
curve of Fig. 18 can be reasonably related to M. and 
M, temperatures. Obviously, however, the authors 
have a hardness anomaly. May I suggest that the 
origin is related to stabilization of the 6 phase? In a 
recent paper,’ we pointed out that such an effect was 
operative in Ti-Mo alloys when step-quenching tech- 
niques were adopted. For instance, specimens of a 7 
pet Mo alloy quenched to 1020°F and held for 1 and 
15 sec, respectively, prior to water quenching showed 
in the former case, profuse a’ and in the latter case, 
only small amounts of that phase in a matrix of ap- 
parently retained 8. However, it was noted that this 
retained 8 was anomolously harder than gs normally 
retained by quenching at higher alloy contents and 
also harder than the normal as-quenched structure. 
It must therefore be inferred that the stabilization 
process imparts some undetermined change. We, and 
others who have noted this effect, have chosen to des- 
ignate this unusually hard £ as pf’. This p’ has also been 
noted in as-quenched Ti-Cr and Ti-Fe alloys. With 
increasing chromium or iron contents, the as-quenched 
hardness increases and the amount of a’ decreases. 
The peak in the as-quenched hardness curve occurs in 
alloys which show no a’. With further additions of 
alloy content, the as-quenched hardness drops. 

The writer feels that the type II reaction differs 
from the type I reaction only in degree. The lattice 
parameter evidence presented in the paper and our 
own experience would indicate that the structure in 
Fig. 7 is merely an (a + 8) phase mixture of extreme 
fineness. This is the type of structure which may be 
expected at or below the “nose” of the C curve. With 
successively longer holding times the plates of a grow 
both in length and thickness as the 6 phase is further 
depleted of titanium. 

It is by no means improbable that eutectoidal re- 
jection of TiCr, or TiFe or both can occur at 1000°F 
even in quite a short time. The writer does not suggest 
that the structures in Figs. 11 to 15 are necessarily 
eutectoid but that it would be fallacious to dismiss the 
possibility. Recent work at the Armour Research 
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Foundation places the ternary eutectoid at about 
1000°F. It is also known that gaseous contaminants 
raise the eutectoid temperatures. The absence of TiCr, 
or TiFe lines in X-ray diffraction patterns should not 
be taken as evidence of their absence in the structures 
as their amount at best could only be very small. We 
have found that TiCr, lines can only be reasonably 
detected in alloys containing at least 5 pct Cr and then 
only toward the completion of the eutectoid reaction. 
The occurrence of eutectoid in 1 hr is not unreasonable 
in view of the oxygen plus nitrogen content. We have 
found these elements to have a tremendous accelerat- 
ing effect on reaction rates. The writer would be sur- 
prised if the soaking treatment in air at 1800°F for 
1 hr on 0.11 in. thick slugs did not increase the oxygen 
and nitrogen contents. It might also be mentioned that 
a similar structure was noted in a 5 pet Cu-Ti alloy 
but after further careful surface preparation, the ir- 
regular dark etching plates disappeared. 

Finally, the writer would question the advisability 
of introducing new designations of reaction types with- 
out more substantial proof of their singularity. 

C. W. Phillips and D. N. Frey (authors’ reply)—Dr. 
Rostoker’s initial statements indicate that we have not 
presented the rationale of the determination of the M, 
temperature with sufficient clarity. On step quenching 
to successively lower temperatures above the M, the 
final product at room temperature (assuming no nu- 
cleation and growth decomposition of 8) will be 
largely or completely martensite, and the hardness 
will be a maximum, On step quenching to below the 
M, temperature the martensite which is formed tends 
to decompose into a and 8, or a and another phase, of 
equilibrium compositions by diffusion. The higher the 
temperature (below the M;) the greater the rate of 
decomposition and therefore the softer the structure at 
a given short time interval in the step quenching 
process. This conforms to the left hand portion of 
Fig. 18 up to about 1000°F. 

In the M,-M, range the hardness will be a function 
of the proportions of martensite formed on the sec- 
ond quench (from retained 8) and the proportion of 
decomposed martensite due to holding after the first 
quench. 

The increase in hardness above 1200°F is thus ex- 
plained by the increasing amounts of martensite 
formed on the second quench. The temperature at 
which the sharp inflection in the curve is observed is 
then taken as the M, temperature. 

In view of the fact that a hardness increase accom- 
panied the process referred to as 6 stabilization in the 
reference cited, which is directly opposite to the pres- 
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Dislocation Collision and the Yield Point of Iron 


by A. N. Holden 


DISCUSSION, V.N. Krivobok presiding 


C. S. Roberts (Dow Chemical Co., Midland, Mich.)— 
The author’s ingenious modification of Cottrell’s orig- 
inal dislocation mechanism has interested me very 
much. I am sure that this classical old problem merits 
such fresh and general approaches as this one. The 
author points out Cottrell’s inability to eliminate the 
theoretical prediction of some homogeneous flow prior 
to the yield point and described this as inconsistent 
with experiment. In an experimental study carried out 
at MIT” such prior flow was found in well-annealed 
polycrystalline specimens. Special care in alignment 
and a special strain measuring technique which gave 
the plastic strain with an accuracy of +4x10- were 
used. Strains below the yield point of the order of 
50x10° were observed for plain carbon steels in condi- 
tions which led to observation of yield points. The 
smoothness of the stress-plastic strain curves indicated 
homogeneous flow, but no direct evidence of homo- 
geneity was obtained. Of possible theoretical interest 
is the discovery in the same study that, up to an upper 
limit of grain size, lower yield points in plain carbon 
steels and commercially pure irons were a linear func- 
tion of the logarithm of the mean path in the massive 
ferrite. 

I appreciate the author’s economy of experimental 
effort as manifested by his series of “critical experi- 
ments.” However, I question whether his experiment 
using previous strain by rolling a single crystal was 
truly critical. In general, I would expect the rolling 
to cause slip on planes operative later in tension. Per- 
haps with great care previous tension along an axis 
could be used where it would be certain that common 
slip planes would not result in the later test. 

Finally, I would appreciate the author’s comment on 
the apparently finite stress level shown at zero strain 
in Fig. 6. 

H. W. Paxton (University of Birmingham, Birming- 
ham, England)—I should like to describe some experi- 
ments on the yield phenomenon in single crystals of 
iron which have been carried out in the University of 
Birmingham during the last four years under the 
direction of Professor A. H. Cottrell. The trend of 
the experiments shows unquestionably that as the 
testing technique is improved, so also is the load drop 
between upper and lower yield stresses increased. 

The crystals used were in the form of 2 mm wire 
and were grown by the conventional strain annealing 
of decarburized material. Crystals were grown from 
Armco iron and from two different mild steels. After 
growing, they were carburized at 700°C in n-heptane 
vapor diluted with dry hydrogen. The perfection 
of the crystals was checked by sharpness of back-re- 
flection Laue spots, and by Guinier’s” focusing Laue 
technique. Sharp single spots were observed. 

In preliminary experiments,* Churchman was able 
to obtain a horizontal portion on the stress strain curve 
at room temperature corresponding to a lower yield 
point extension of about 0.25 pct. The technique used 
was to solder the specimens into coaxial mild steel end- 
pieces using a suitable mounting jig. These were 
attached to the straining points via. Bowden cable and 
ball seatings which permitted self-aligning under 
load. A “hard” testing machine was used which gave 
large load drops for small extensions of the specimen. 

By testing at a lower temperature (—77°C) using 
the same mounting conditions, clear upper yield points 
(load drops of order 20 pct of upper yield stress) were 
observed in unstrained crystals. This is presumably 
because the upper yield stress (as realized by this 
mounting technique) rises more steeply with falling 
temperature than the lower yield stress. 

Recently, by further increasing the care taken in 
aligning the specimens in the endpieces, I have been 
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Table Il. Yield Stresses and Yield Points 


Upper Lower Lower 
Yield Stress, Yield Stress, Yield Point 
Speci- Kg per Kg per Exten- 
men No. Sq Mm Sq Mm sion, Pet 
VH4 7.50 7.43 0.3 
VH 8* 7.48 7.19 0.6 
Mild PXG 9 7.61 6.62 0.5 
Steel PXG 10* 8.09 7.52 1.0 
** 6.38 6.15 0.25 
PXG 12 6.15 6.11 0.2 
PXG 23by¢ 6.21 5.76 0.35 
Armco ATC 110 5.40 5.05 0.3 
THe if ATC 112 5.71 5.35 0.3 
ATC 113 5.59 5.22 0.25 


* Two or three crystals in series in gage length. 
** Rate of testing 6 times slower than PXG 10. 
7+ Tested at 70°C. 


able to obtain upper and lower yield stresses in crys- 
tals tested at room temperature and at 70°C. The 
maximum load drop is about 8 pct of the upper yield 
stress and corresponds to a sudden elongation of about 
0.003 cm in a 3 to 4 cm gage length. In these experi- 
ments, nine out of ten specimens showed a load drop 
(Table II) during the first straining; the remainder 
showed a flat horizontal portion of the stress strain 
curve at the yield point. 

Because of these results, we are inclined to think 
that: 1—virgin unstrained crystals containing carbon 
or nitrogen are capable of showing the yield phenome- 
non, 2—that when this capability is not realized in 
practice, it is because of stress concentrations de- 
veloped through imperfections in the testing technique, 
and 3—the upper stress could be raised considerably 
above its present highest value by further refinements 
in technique. 

A. N. Holden (author’s reply)—The author is grate- 
ful for the discussions to this paper by C. S. Roberts 
and H. W. Paxton. 

The observation described by Mr. Roberts that small 
amounts of plastic flow may occur prior to the yield 
point itself is interesting but not contradictory to a 
collision mechanism. If the deformation is slow enough 
so that the carbon atmospheres can move with the 
dislocations, creep can occur at stresses below the 
yield point. The load application must be reasonably 
slow, however, for this to happen. Perhaps such dif- 
fusion controlled creep would be detected with the 
slow stepwise loading employed in Robert’s work. 

The experiment on rolled single crystals is as Mr. 
Roberts suggests not critical to the collision mechan- 
ism. It was included in the paper as an interesting 
side experiment that seemed to have a ready explana- 
tion if it was assumed that the planes operative in 
rolling and tension were not identical. Another in- 
dication that deformation planes are not completely 
identical in the two cases is found in the fact that a 
rolled sheet crystal changes little in width, while a 
tensile deformed crystal usually changes in both width 
and thickness. 

The initial stress in Fig. 6 is shown as a finite stress 
because it was finite, and the value of stress reflects 
the weight of the lower grip prior to any strain 
measurement. 

I am happy to agree with Mr. Paxton in that since 
this paper was written I have been able to obtain 
sharp initial yield points in single crystals of iron. I 
shall have to disagree however with his view that it 
is simply a matter of improving alignment. I have 
devoted much fruitless time and effort in perfecting 
alignment, and I have concluded that when a sharp 
yield point exists even moderate to poor testing tech- 
niques will fail to obliterate the effect. 
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In general our experience indicates that there are 
three directions in which it is possible to proceed to 
sharpen the initial yielding effect in single crystals: 

1—The testing temperature may be lowered from 
room temperature. 

2—The specimen may be pre-stressed. The informa- 
tion on pre-stressing has been published.* Briefly, if 
an apparent elastic stress is applied to a crystal and 
if that stress is maintained for 1 hr or so before com- 
pleting the stress-strain curve, a pronounced drop in 
load may be obtained in a crystal that otherwise might 
have only a flat horizontal initial yield. 

3—The dimension of the specimen cross section 


most closely coinciding with the slip direction may be 
increased. As a consequence of the size effect described 
in this paper, many additional tests have confirmed 
that increasing the total available slip path will en- 
hance the yield point. I hope the results of these 
additional tests may be published in the near future. 


21C. S. Roberts, R. C. Carruthers, and B. L. Averbach: The Initi- 
ation of Plastic Strain in Plain Carbon Steels. Trans. A.S.M. (1952) 
44, 

22 A. Guinier and J. Tennevin: Acta Cryst. (1949) 2, p. 133. 

23 A, T. Churchman and A. H. Cottrell: Nature (1951) 167, p. 943. 

24 A. N. Holden: Journal of Applied Physics (July 1952) 23, p. 
799. 


Effect of Prior Strain at Low Temperatures on the Properties 
Of Some Close-Packed Metals at Room Temperature 


by W. C. Ellis and E. S. Greiner 


DISCUSSION, V. N. Krivobok presiding 


T. Broom (University of Birmingham, Birmingham, 
England)—The authors’ results are valuable in show- 
ing the kind of properties which could be expected if 
subzero deformation were carried out as part of a 
commercial schedule. The effect of prior strain at low 
temperatures on mechanical properties is of obvious 
commercial interest, as suggested by Beilby.® In draw- 
ing copper wires approximately 8 pct at —80°C and 
16°C after a previous reduction of approximately 47 
pet at room temperature, he found an improvement of 
6.6 pet in the ultimate tensile strength (measured at 
room temperature) of the wire deformed partly at 
—80°C compared with that of the wire deformed wholly 
at room temperature. It is likely that normal working 
at room temperature, followed by a final deforination 
at a lower temperature is likely to have important 
practical advantages over a procedure involving de- 
formation carried out entirely at the lower tempera- 
ture, even though the improvement in mechanical 
properties may be slightly less. 

It would be interesting to know the times which 
elapsed between wire drawing and measurement of 
resistance in view of the authors’ statement that: “It 
is reasonably certain that...there has been at most 
only an inappreciably small recovery at room tempera- 
ture after drawing and prior to measurement.” It has 
long been known” that recovery of resistivity at room 
temperature can occur even after deformation at room 
temperature and recent work*™ has shown that rapid 
recovery at room temperature occurs after deformation 
at low (—183°C) temperatures, This work has aroused 
much interest in view of the interpretation that a part 
of the increase in resistivity is due to the presence of 
vacant lattice sites generated in the deformation proc- 
ess. It is the movement of these vacancies which is 
thought to give rise to rapid recovery, and this pro- 
vides a reasonable amplification of the authors’ view 
that “recovery is described as involving single atoms 
or small groups.” 


Table III. Fractional Increases in Resistivity Relative to Resistivity 
at 20°C 


Temper- 
ature of 
Deformation Deformation, Fractional 


and Measure- Reduction Increase in 

Metal ment, °C in Area, Pet Resistivity 
Copper —78.5 90 0.059 
—183 36 0.065 
Nickel —78.5 86 0.075 
—183 90 0.090 


1208—JOURNAL OF METALS, NOVEMBER 1952 


Experiments have been carried out” in which wires 
have been drawn at subzero temperatures and their 
resistances measured before removal from the low tem- 
perature bath. Special arrangements were made to 
allow continued drawing without allowing the tem- 
perature of the wire to rise. Some typical results for 
copper and nickel are given in Table III. These values 
are all appreciably higher than those given by the 
authors for wires whose resistances had been measured 
at 20°C after low temperature deformation and serve 
to emphasize that in work of this kind it is absolutely 
necessary to take account of recovery. 

Finally, the authors in asserting that: “electrical con- 
ductivity is a sensitive indicator of the state of strain 
in a material,” imply, by the references given, that 
their term “state of strain’ corresponds to density of 
dislocations. However, electrical conductivity is de- 
pendent not simply upon the density of dislocations 
but also upon their arrangement, and upon the effect 
of other lattice disturbances such as vacancies and 
stacking faults. It is because of its dependence upon 
so many complex factors that conductivity is an un- 
suitable property for the indication of mechanical prop- 
erties, as shown by the authors’ results. 

W. C. Ellis and E. S. Greiner (authors’ reply)—The 
measurements of resistance reported in the paper were 
never made short of one day after completion of draw- 
ing the wire, and often two or three days may have 
elapsed. However, there is another aspect of the pro- 
cedure in drawing, which may be of as great import- 
ance, and which was not emphasized in the paper in 
the interest of brevity. During the drawing, the wires 
were warmed to room temperature between each pass 
through the dies; the wires were refrigerated only 
during the actual time they were undergoing deforma- 
tion, and for the larger reductions, there may have 
been as many as ten cycles of cooling and heating. We 
are quite ready to agree that, in such a preparation of 
the specimens, a strain, relaxing rapidly at low tem- 
peratures, is not reflected in our measurements. For 
example, in our measurements we would not find evi- 
dence for the strain associated with the relaxation at 
low temperatures so nicely demonstrated in two brief 
papers by Druyvesteyn* and Manintveld.* The relaxa- 
tion at —100° to —50°C, and the one near room tem- 
perature had already occurred in our specimens before 
measurement. In fact they would have likely occurred 
in the interval between each drawing pass. Measure- 
ments at low temperatures are valuable, as demon- 
strated by Druyvesteyn and Manintveld, in revealing 
relaxation processes but they are hardly a part of the 
comparison of the effects residual at room temperature 
in specimens deformed at room temperature and at 
lower temperatures, the subject of this paper. 

It is probably worthwhile to reiterate the main the- 
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oretical point of the paper; which is to suggest the 
importance of considering recovery as going on con- 
comitantly with hardening during plastic flow; the re- 
covery contribution decreases as the temperature of 
deformation is lowered. The larger increase in resis- 
tivity resulting from deformation at lower tempera- 
tures is interpreted to be due to a higher state of resi- 
dual strain, a net effect of less recovery during the 
deformation. 

We welcome the data included in the valuable dis- 
cussion by Mr. Broom; particularly in that, if we inter- 
pret the data correctly, it confirms the findings of our 
paper. Mr. Broom found a greater fractional increase 
in resistivity, the lower the temperature of deforma- 
tion when the measurements were made at low tem- 
perature, just as we did in our studies when the 
measurements were made at room temperature. We 
anticipate reading the full report of his work when it 
is published. 

We feel impelled to reassert that electrical conduc- 
tivity is a sensitive indicator of the state of strain in 


a metal. It was unfortunate however that Mr. Broom 
inferred that the authors believe the only source of 
electron scattering is in the densities of the disloca- 
tions. There seems to be reasonably good grounds for 
thinking that almost all of the imperfections, and inter- 
actions among imperfections, in crystals may be sources 
of added electrical resistivity. It could be wished that, 
after selecting one property for measurement, it could 
unequivocably be said that the changes in its value 
were due to one mechanism or one construct, and one 
alone. We had no such ambitious objectives in the work 
reported in this paper. Such decisive experiments are 
not often available. 


®G. Beilby: Aggregation and Flow in Solids (1921) p. 152. Lon- 
don. Macmillan Co. 

10H, Tomlinson: Phil. Trans. Royal Soc. (1883) 174, p. 110. 

11J. Molenaar and W. H. Aarts: Nature (1950) 690, p. 166. 

2T. H. Blewitt, W. Taylor, and R. R. Coltmann: Physical Review 
(1951) 82, p. 769. 

13M. J. Druyvesteyn and J. A. Manintveld: Nature (1951) 168, p. 
868. 

14 J. A. Manintveld: Nature (1952) 169, p. 623. 

15 T. Broom: Proc. Phys. Soc. (1952) 65B. 


Analytical Representation of Certain Phase Boundaries 


by W. Rostoker 


DISCUSSION, F. N. Rhines presiding 


L. Seigle (Sylvania Electric Products Inc., Bayside, 
N. Y.)—The value for the heat of transition of a to y 
iron can be written as AHa,, = AH° + if ACpdt, 


where AH® is the heat of transition at absolute zero, 
and the integral represents the difference in the 
amounts of heat required to raise the temperature of 
the phases from zero to the transition point. If it is 
true that the free energy of the solid solutions can be 
represented by eq 1, then according to assumption 2, 
the magnitude of AH° should be, using the author’s 
values: 


94,000 
AH® = (Z,-Z,) = (12-8) = 
31,000 cal per mol [di 
Using enthalpy data for pure iron,” Mi a4 ACpdt = —742 


cal per mol, it appears therefore that: 
AHg, = 31,000 — 742 = 30,000 cal per mol [6] 


Since the experimental value of AH, ,,, is about 200 
cal per mol, it is evident that if eq 1 holds, then the 
assumption of equality of bond energies in the a and 
phases is not justified. 

When the true criteria for phase equilibrium are 
applied, the fallacy of the assumptions becomes ap- 
parent. Eq 2 is not a complete statement of the com- 
mon tangent rule, since equality of the first deriva- 
tives is a necessary but not a sufficient condition for 
the existence of a common tangent. It is also neces- 
sary that: 


Both conditions, in general, cannot be satisfied with 
free energy curves based upon the author’s assump- 
tions. This is illustrated in Fig. 7 by the free energy 
curves for the « and y phases in the Fe-Ni system, 
calculated from eq 1 in accordance with the assump- 
tions in this paper, using values of the appropriate 


*The term K(T) in eq 1 is not included in the free energy 
curves. Data on p. 426 of ref. 10 show that K(T)y — K(T)a = 
1500 cal per mol. These terms cannot significantly alter the relative 
positions of the curves. 
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Fig. 7—Calculated free energy of a and y phases 
at 1000°K. 


constants from p. 1205 of ref. 10.* Obviously, it is im- 
possible to draw a tangent common to both curves. 

In view of these considerations it is difficult to re- 
gard eq 4 of the authors as much more than an em- 
pirical relation of approximately the correct form. Its 
form resembles that of the classical thermodynamic 
equations for ideal solutions’ and I wonder if the 
author has made any attempt to apply these equations, 
perhaps with modifications, to predict phase bound- 
aries? An approach to the problem along these lines 
might have some advantages in clarity and rigour. 

E. S. Machlin (Columbia University, New York)— 
In the statistical treatment of binary alloys there are 
two conditions which must be used to define the com- 
positions of the two phases that are in equilibrium. 
These two conditions are that the slopes of the tangents 
to the free energy vs. composition curves for the two 
phases, at the equilibrium compositions, must be equal 
(eq 2 of the text) and that these tangents must have 
the same intercept at the pure state. Analytically, the 
latter condition may be expressed as: 


oF 


[8] 


aF 
C 
ac 
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is a necessary condition for equilibrium between the 
a and £8 phases but not a sufficient condition. Lines 


1, 2, and 3 all obey this condition, but all do not 
define the compositions that are in equilibrium. 


Fig. 8—Demonstrating that 


The first condition is necessary but not a sufficient 
condition as illustrated by Fig. 8. Thus, the solutions 
of eq 4 of the text are not necessarily the equilibrium 
compositions C, and C,. 

It is worthwhile to set down the solutions of eq 1 
of the text obtained by applying the two conditions 
(eq 2 and eq 8). In obtaining these solutions the only 
assumption made is the usual one, namely that K(T) 
is independent of composition. The resulting equations 
are: 


and: 


where: 
No 


Za( (Vasa) — + 2V,)} 


AF’ = (F°,—F*,) is the free energy released on 
transferring one mol of the pure matrix from the B to 
the a phase. 

Using eqs 9 and 10 the assumption of Zener’ and the 
author in terms of this nearest-neighbor approxima- 
tion of binary alloys can be understood. Zener’? assumed 
ideal solution in both the a and y phases. This assump- 
tion analytically may be represented as: 


V, V;, = 0,-1.e., the heat of mixing is zero: 


In this case Zener’s equations can be obtained from 
eqs 9 and 10, where it is assumed that In (1-C) = —C, 
namely that: 


[11] 
and: 
| AF, | AF, | [12] 


B 
It is interesting to note that eq 12 implies that the 
AF; which Zener assumed to be independent of tem- 
perature, is really dependent upon temperature, inas- 
much as AF° is temperature dependent. For the most 
part Zener’s quantitative conclusions are not materially 
affected because in the temperature range of interest 
AF’ is an order of magnitude smaller than AF,. 
Professor Rostoker’s assumptions are that: 


= GVED) (Vaz) = (Vaz) We = V, 
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Applying these assumptions to eqs 9 and 10, the 
following is obtained: 


a 


and: 


There is but one adjustable parameter in Zener’s eqs 
11 and 12 and there are two adjustable parameters in 
Rostoker’s eqs 13 and 14. In view of this and the 
simplicity of Zener’s assumptions relative to those 
of Rostoker, it is this writers opinion that the last 
paragraph of Dr. Rostoker’s paper is unjustified. 

William Wilson, Jr. (Ekco Products Co., Chicago)— 
Dr. Rostoker has applied the free energy equations 
derived with the usual simplifying assumptions to 
represent certain phase boundaries in binary systems. 
Most of the theoretical phase relationships taught in 
classrooms are based on these free energy equations 
which, herein, have been applied to actual phase 
diagrams. 

The assumption of constant bond energies between 
two A atoms, two B atoms, and an A and a B atom 
is rapidly gaining momentum in metallurgy. The 
assumption of these constant bond energies independ- 
ent of the other surrounding atoms, phase structure, 
temperature, and composition warrants additional 
consideration. 

The author’s eq 2 includes only the first equality 
of those derived from the minimum free energy princi- 
ple. The complete set of equalities is: 


F,—F, 


a 


By including the second equality, it is possible to 
split the author’s eq 3 into two component equations. 
Whereas the author’s equation permits only the evalu- 
ation of V and (Vas and Vzz), one of the component 
equations permits the evaluation of Vis and V and the 
other of Vzz and V. Obviously, these component equa- 
tions permit all of the bond energies to be explicitly 
calculated. 

The discusser has in preparation a paper reviewing 
the calculation and calculated values of these indi- 
vidual bond energies. 

R. A. J. Shelton and D. Summers-Smith (Associated 


Electrical Industries, Ltd., Aldermaston, Berkshire, 


England)—Eq 4 of Rostoker’s paper is a form of the 
differentiated free energy equation for a disordered 
solid solution, simplified by assuming that the bond 
energies between like and unlike atoms do not vary 
with temperature. This assumption does not appear to 
the writers to be justified. In the case of the Fe-Ni 
diagram, values of K, = (44N (Vasa —Vszs)) and K, = 
(NV) obtained by selecting from Owen and Sully’s 
diagram data for different pairs of temperatures within 
the temperature range 400° to 800°C vary markedly. 
For instance, K, varies from —643° to —870° (it is 
assumed that the negative sign for the value of K, has 
been omitted in error in the paper) and K, from 32° 
to 404°, depending on the two temperatures chosen. If 
the values K, = —870°, K, = 404° are used, there is 
no real solution for eq 4 at 600°C. These values have 
been obtained from solubility data assumed at 800° 
and 700°; the fact that there is no solution to eq 4 at 
600° shows that extrapolation cannot be used with 
safety. This limits the use of the equation to an inter- 
polation formula, and in the case of the Fe-Ni diagram, 
interpolated values may be as much as 3 atomic pct 
different from the experimental ones, depending on 
the data assumed in the derivation of K, and K,. It is 
doubtful whether the labor involved in the analysis 
adds anything to the solubility curve obtained by 
drawing the best curve through the experimental 
points. 
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Perhaps the author would explain why coordination 
No. 12 is used in the equation on p. 1205 and not co- 
Sern No. 8, which would appear to be equally 
valid. 

Presumably the final column in Table I should refer 
to K, as calculated from the molar cohesive energy 
equation, and not from eq 4 as stated. 

W. Rostoker (author’s reply)—The volume of dis- 
cussion is taken as indicative of the lively interest in 
the subject. It appears that the true intentions in pre- 
senting the paper have been generally misunderstood 
for which the author would accept a large measure of 
blame. It was intended, and by whatever assumptions 
were necessary, to develop, however semi-empirical in 
nature, a relationship which could be used in some- 
what the same manner at the Le Chatelier equation 
is used to represent certain other specific phase bound- 
ary types. In the light of this, the author does not feel 
that challenges of justification of assumptions require 
individual reply. Several contributors emphasize the 
second condition for phase equilibria which was not 
used in the development of the analytical representa- 
tion. The author was not unmindful of this second 
condition but found no extra benefit from its use. 

Professor Machlin’s expansion of the second condi- 
tion is a useful contribution. However, it should be 
pointed out that the single adjustable parameter equa- 
tion presented at the end of his discussion was possible 


only through the use of a further ad hoc assumption, 
namely, that V, = V, = 0 whereas the author chose 
only to assume that V, = V,j. 

Messrs. Shelton and Summers-Smith have appar- 
ently accepted the empirical nature of the relationship 
but find difficulty in its application. In the particular 
case of the Fe-Ni system, the author derived the con- 
stants K, and K, from phase boundary data at 800° and 
700°C. This was done for the very reason that led 
to the difficulties discussed, namely, that the lower 
temperature data is most likely to be in error to some 
extent. The author has followed the practice of using 
the data from the highest temperatures at which ex- 
perimental work was performed because such data 
represents unquestionably the closest approach to true 
equilibrium. 

As stated in the text, the coordination number of the 
high temperature phase of both iron and titanium was 
used in the calculation of K, for the simple reason that 
the resultant answers provided the closest agreement 
with the values of K, derived from the data. The 
author cannot provide an explanation. The corrections 
to the text are proper and are acknowledged with 
thanks. 


10 Metals Handbook (1948) p. 426. Cleveland. A.S.M. 
18S. Glasstone: Thermodynamics for Chemists. (1947) p. 324. 
New York. D. Van Nostrand Co. 


Zirconium-Chromium Phase Diagram 


by E. T. Hayes, A. H. Roberson, and M. H. Davies 


DISCUSSION, F. N. Rhines presiding 


R. F. Domagala and D. J. McPherson (Armour Re- 
search Foundation, Chicago)—I should like to compli- 
ment the authors for a workmanlike job in determining 
the partial phase diagram of a system comprised of two 
metals which are certainly not easy to work with. We 
are completing work at Armour Research Foundation 
on an Atomic Energy Commission-sponsored project 
for the determination of eight zirconium binary dia- 
grams. Work on the Zr-Cr system has been completed 
and should be published within the next year. For our 
work, Westinghouse Grade 3 iodide crystal bar served 
as the zirconium melting stock. Johnson-Matthey, elec- 
trolytic chromium, specially treated for oxygen re- 
moval, was employed. 

The overall constitution of the system determined 
at Armour Research Foundation is in very good agree- 
ment with the present work. We found a eutectic at 
18 pet Cr and 1280°C, somewhat lower than the value 
reported. This temperature was confirmed by thermal 
analysis, incipient melting studies, and regular iso- 
thermal anneals. The eutectoid was located close to 
1 pet Cr and 835°C by metallographic analysis of an- 
nealed specimens. Maximum solubility of chromium in 
B zirconium was 4.5 pct at the eutectic temperature. 
Chromium solubility in a zirconium was less than 0.28 
pet at all temperatures. We found the compound at 
53 pct to melt around 1700°C, with an open maximum, 
but determined its crystal structure to be hexagonal 
close-packed (MgZn, type). The lattice parameters were 
in excellent agreement with those determined by 
Wallbaum in 1942. 

The diagrams are in substantial agreement, and part 
of the differences are undoubtedly due to the use of 
different zirconium melting stock. 

M. K. McQuillan (Birmingham, England)—I read 
this paper with a great deal of interest, as it covered 
the same field as some work of my own.° There are a 
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number of points in the present paper on which I 
would like to comment. First, I should say that I, too, 
used zirconium prepared by magnesium reduction of 
the tetrachloride and electrolytically prepared chro- 
mium, and melted the alloys in a Kroll-type arc fur- 
nace. The purity of my alloys should, therefore, be 
comparable with the purity of those of the present 
authors, and any differences in our observations would 
not be expected to be attributable to this cause. The 
differences between my observations and theirs con- 
cern the presence of the eutectic, the temperature of 
the eutectoid, and the melting point of the compound. 

I would be very much interested in any further evi- 
dence the authors may have for the occurrence of the 
eutectic at 1380°C. During the course of my work I 
noted that a number of my alloys containing 60 to 90 
pet Zr melted at about 1400°C, and for a time assumed 
that a eutectic occurred at this temperature as described 
in the paper. On further investigation, however, I found 
that the structures of the as-melted alloys could not be 
made to fit in with this interpretation of the system. 
If a eutectic exists in this region of the system it would 
be expected that the as-melted alloys would show the 
usual type of cast structure, i.e., dendrites of the com- 
pound plus eutectic. This, however, does not occur, as 
may be seen from Fig. 9. The compound seen there is 
not dendritic in form, and the remaining material is by 
no means certainly eutectic. It may be argued that a 
compound such as ZrCr, would not form dendrites but 
would tend to crystallize in geometric shapes. In this 
case, however, I have evidence to the contrary, as on 
the chromium side of the compound, where a eutectic 
occurs at about 1545°C, the compound formed from the 
liquid takes on a conventional dendritic form, and the 
eutectic is observed in the interdendritic spaces in the 
usual way. There is no reason to suppose that the com- 
pound would behave differently in an alloy lying on 
the zirconium side of the compound composition if a 
eutectic existed there too. 
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On examination of my as-cast specimens, I found 
that at 60 pct Zr the alloy consisted of massive angular 
particles packed closely together and parallel to each 
other, with a small quantity of broken up, finely divided 
compound between them. With increasing zirconium 
content, the size of the massive particles decreased, 
and became more comparable with those of the inter- 
granular material, until at about 80 pct Zr (close to 
the proposed eutectic composition) no distinction could 
be made between massive particles and broken up 
material. I interpreted these observations as follows. 
On cooling from the melt the alloys on the zirconium 


side of the compound first enter a single-phase 6 solid- 


solution region. On further cooling, massive grains of 
the compound separate out along crystallographic 
planes, the temperature at which this process begins 
being lower the higher the zirconium content of the 
alloy. As the cooling process in the argon are furnace 
is very rapid, there will be no time for the remaining 
B solid solution to attain its equilibrium composition, 
and a stage will be reached at which the solution con- 
tains more chromium than it can tolerate at the tem- 
perature in question. It will then transform suddenly, 
forming the broken up material observed between the 
massive grains. At about 80 pct Zr the temperature 
at which the sudden breakdown occurs is such that the 
primary grains of compound have had virtually no 
time to grow before the whole structure transforms, 
and a structure not unlike a eutectic appears. This is 
closely analogous to the behavior of Cr-Ti alloys con- 
taining 30 to 40 pct Ti. In this system a £6 solid solution 
region extends across the whole diagram between 1360° 
and 1400°C, a compound being formed at lower tem- 
peratures. On cooling in the argon arc furnace, these 
alloys break down suddenly, forming lamellar struc- 
tures of compound and solid solution which can readily 
be taken to be eutectics at first glance. There is, how- 
ever, abundant evidence to the contrary in this case.’ 

In repeating the work on the Cr-Zr alloys, I found 
that I could heat the specimens containing from 60 to 
90 pet Zr at temperatures above 1400°C without melt- 
ing them, though I was not always successful in doing 
so. I was forced to assume that the melting was due 
to some form of contamination, though I do not regard 
the point as having been cleared up satisfactorily. 
There is a further piece of evidence I might add. On 
heating a series of alloys of compositions in the range 
60 to 90 pct Zr at 1400°C, I found that all the alloys 
except that containing 60 pct Zr melted completely 
away. If this series of alloys were in fact being heated 
just above the eutectic temperature, it would be ex- 
pected that those farthest away from the eutectic com- 
position would not melt completely, but would simply 
show rounded areas of eutectic in their microstructures 
after quenching, indicating those regions which had 
been in the liquid state. I would be most interested to 
hear the authors’ views on this subject, and, in par- 
ticular, would like to know whether dendrites of the 
B solid solution appeared in their as-melted alloys con- 
taining about 85 pct Zr. 

On the subject of the eutectoid temperature, I am 
surprised that any significant arrest point could be ob- 
tained in cooling curves of these alloys at cooling rates 
as rapid as 5°C per min. In titanium alloys the im- 
purities present in magnesium-reduced material spread 
out the transformations occurring at the titanium-rich 
end of the system, and, instead of a eutectoid line, a 
three-phase region occurs, in which a and £ solid solu- 
tions and compound coexist. By analogy, the arrest 
point observed by the authors, even if their cooling 
rate were sufficiently slow, would correspond pre- 
sumably to the beginning of the three-phase region 
rather than to the eutectoid line. I have, however, 
some experimental evidence to offer on this point. An 
alloy lying just on the chromium side of the eutectoid 
composition was examined in the temperature region 
790° to 980°C by the hydrogen pressure method,’ in 
which transformations in alloys are followed by observ- 


1212—JOURNAL OF METALS, NOVEMBER 1952 


ing the changes in the equilibrium pressure of hydrogen 
in a closed system containing the alloy and a very small 
quantity of hydrogen. Observations are made at a series 
of temperatures, a number of pressure readings being 
taken at each temperature until no further change in 
pressure is observed. Thus the alloy has a good chance 
of being in equilibrium when the final pressure read- 
ing is taken at any particular temperature. By this 
method it was found that the eutectoid transformation 
occurred over a range of temperature from 920° to 
835°C. It is expected that the transformation tempera- 
ture in a pure alloy would be closer to the latter tem- 
perature than to the former. There was, however, no 
evidence for a eutectoid at 805°C. At this temperature 
the pressure readings, plotted as log p against 1/T, lay 
on the straight line corresponding to the a solid solu- 
tion. I feel that evidence other than that of thermal 
analysis is necessary before 805°C is accepted as the 
eutectoid temperature. 

My third point concerns the melting point of the 
compound. I have already stated that on the chromium- 
rich side of the compound a eutectic reaction occurs 
between the compound and the chromium-based solid 
solution at a temperature between 1540° and 1550°C. 
It is difficult to reconcile this fact with the authors’ 
observation that the compound melts at 1525°C. I have 
heated it to 1620°C without observing melting. 

EK. T. Hayes, A. H. Roberson, and M. H. Davies 
(authors’ reply)—The authors wish to thank the dis- 
cussers for their comments on this paper. No doubt 
some refinements will be made to the diagram as more 
work is done on the system. In general there is good 
agreement between the Armour Research Foundation 
group and the Bureau of Mines staff. Any minor varia- 
tions in results can be attributed to variations in the 
purity of starting materials. 

The variation in crystal structure is rather difficult 
to explain. No evidence of a hexagonal close-packed 
structure that could not be attributed to a zirconium 
was found in any of our work. Considerable difficulty 
was experienced in obtaining a sample of the pure 
compound, and it is suggested that the extra lines ob- 
served by other workers may have been the result of 
an impure compound. 

Table III lists the important lines of the crystal struc- 
ture as calculated and observed at this laboratory. It 
will be noted that the observed intensity values cor- 
relate very well with the calculated values, which 
indicates that the structure is correct, that is, face- 
centered cubic. 

Because of the similarity of titanium and zirconium, 
it seems likely that the intermediate phase in both 


Table III. Diffraction Data for ZrCr, 


Observed 
hkl A 20 F2pU Intensity 
111 4.13 21.4 1,875 2 
200 3256 0 0 
220 2.54 35.3 72,000 38 
311 2.17 41.5 175,000 61 
222 2.07 43.6 40,000 16 
400 1.80 50 0 
331 1.654 55.9 1,540 Slight indication 
420 1.620 0 0 
422 1.470 63.2 46,900 12 
333-511 1.386 67.5 87,000 14 
44 1.274 74.2 72,200 9 

1.218 78.4 8,700 2 
442-600 1.20 0 0 

140 85.0 24,200 4/10 change of 
scale factor 

533 1.099 89.0 35,300 13 
622 1.087 90.2 25,600 10 
444 1.040 95.6 1,240 Slight indication 
551-711 1.009 486 0 
640 1.000 0 0 
642 0.963 106.2 63,000 15 
553-731 0.938 110.2 21,800 25 


Copper radiation filtered through nickel filter. 

_ Note: Observed intensity values are the number of chart divi- 
sions over background intensity. Values for lines below 620 were 
obtained using a larger size receiving slit. Second value on 620 line 
included for comparison. 
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systems should be similar. A comparison of the struc- 
ture data of TiCr, as determined by Duwez and Taylor’ 
reveals a startling similarity with the values reported 
in Table III, and is another basis for confirming the 
authors’ belief that the structure of ZrCr, also is face- 
centered cubic. 

No evidence has been developed for believing that 
a field of extended solubility exists, as suggested by 
Mrs. McQuillan. She states’ that she was rather sur- 
prised at the region of complete solubility in the Ti-Cr 
system even though they were close to the 15 pet limit 
suggested by Hume-Rothery. Since the atomic dimen- 
sions of zirconium and chromium differ considerably 
more than 15 pet, it is not unreasonable to expect the 
result to be the normal eutectic type of diagram. 

The micrograph referred to, Fig. 9, was taken at 
X500. At this magnification the dendritic structure of 
the cast material is not as apparent as it is at a lower 
magnification. 

Melting point determinations, observed through an 
optical pyrometer, showed that alloys near the eutectic 
composition did melt suddenly in many cases. 


Subsequent to the publication of the paper, addi- 
tional measurements have indicated that the melting 
point of the intermediate compound ZrCr, should have 
been reported as 1650° +10°C. 

Impurities in zirconium metal, especially oxygen and 
nitrogen, are known to raise the transformation tem- 
perature of a to 6 and to spread the temperatures over 
a range. The zirconium used in this investigation was 
specially selected for low impurity content and gave 
lower transformation temperature values than are ord- 
inarily obtained when standard production run zirco- 
nium is used. 

We feel rather confident that the diagram as pre- 
sented is essentially correct with the exception of the 
revised melting point of the intermediate phase. 


®M. K. McQuillan: A Survey of the Constitutional Diagram of 
the Chromium-Zirconium System. Report SM 165 (January 1951) 
Aeronautical Research Laboratories, Department of Supply, Fisher- 
men’s Bend, Melbourne. 

7M. K. McQuillan: Journal Inst. Metals (1951) 79, p. 379. 

8 A.D. McQuillan: Journal Inst. Metals (1951) 79, p. 73. 

°P. Duwez and J. L. Taylor: Trans. A.S.M. (1952) 44, p. 495-517. 


Constitution of Titanium-Aluminum Alloys 


by H. R. Ogden, D. J. Maykuth, W. L. Finlay, and R. |. Jaffee 


DISCUSSION, F. N. Rhines presiding 


E. Bumps and H. D. Kessler (Studebaker Corp., South 
Bend, Ind., and Armour Research Foundation, Chicago, 
respectively)—In the region of the Ti-Al phase dia- 
gram that the authors established on the basis of metal- 
lographic data, we find them in reasonably good agree- 
ment with similar data obtained at the Armour Re- 
search Foundation. It is unfortunate that they were 
not able to extend their studies to higher temperatures, 
for if they had, they would not have shown the high 
temperature relationships predicted in Fig. 1. 

The results of our work on the Ti-Al system are based 
primarily on micrographic analysis of iodide titanium- 
base alloys with up to 64 pct Al, annealed at tempera- 
tures as high as 1400°C. The slight difference in slope 
of the a + £ field for the two investigations is illus- 
trated in Fig. 19 and may be due to differences in 
actual composition or variations in technique. In any 
case, we have been able to show a + £ structures ex- 
tending to much higher temperatures and higher alu- 
minum contents, Fig. 20. Also, by quenching a 25 pct 
alloy from the £ field we obtained serrated a, indicating 
a transformation had taken place. On this basis, we 
question the authors’ conclusions regarding the solu- 
bility of aluminum in £ titanium for the interpretation 
of their Figs. 8 and 9. 

Our data indicated the a + £ field extended to a 
peritectoid reaction: 6 + y — a, whereas y was formed 
by the peritectic reaction: 6 + melt — y. 

We obtained similar microstructures in the a + vy 
field as reported in this paper, and concur with the 
authors’ interpretation of precipitation. Although there 
is good agreement with the data at 1100°C for the 
extent of the y field, we found that this phase field 
becomes wider, rather than narrower, at elevated tem- 
peratures. 

On the basis of extensive investigation of many alloys 
in the region between 45 and 63 pct Al, we were unable 
to obtain the structure shown in Fig. 15 for alloys in 
the 50 pct Al region. Fig. 21 illustrates the structure 
obtained by annealing an as-cast 49 pct Al alloy at 
1100°C, the same treatment used by the authors. The 
structure has been interpreted as being TiAl, platelets 
precipitated from the supersaturated y solid solution. 
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Fig. 19—Comparison of a + 6 phase fields. 


Conversely, the structure in Fig. 15 resembles that of 
our 61 pct Al alloy in the as-cast condition, in which 
case the primary needles were y phase and the matrix, 
TiAl,. Upon annealing at 1100°C, the structure con- 
sisted of primary y needles in addition to Widmann- 
statten platelets of y which were rejected from the 
supersaturated TiAl, matrix as shown in Fig. 22. 

Wolfgang Gruhl (Institute fur Metallkunde, Claus- 
thal-Zellerfeld, Germany)—The interesting results of 
this treatise are generally in agreement with the re- 
search carried out in the Institute of Metallurgy at the 
Bergakademie Clausthal. Several aluminothermically 
produced Ti-Al alloys, with titanium contents between 
50 and 80 pct produced as pre-alloys to use to add 
titanium to make nonferrous alloys, have been investi- 
gated by microscope and X-ray diffraction. The same 
kinds of crystals have been found as were described 
by the authors. The investigated alloys contained, 
apart from titanium and aluminum, as impurities: 0.38 
to 0.43 pet Fe and 0.56 to 0.63 pct Si. 
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Fig. 20—25 pct Al alloy water quenched 


after 6 hr at 1200°C. Structure shows 
a+ transformed 8. X150. Area reduced 
approximately 50 pct for reproduction. 


Fig. 21—49 pct Al alloy water quenched 
after 6 hr at 1100°C. Structure shows 
a fine precipitation of TiAl, in a ¥ 
matrix. X100. Area reduced approxi- 
mately 50 pct for reproduction. 


Fig. 22—61 pct Al alloy water quenched 
after 7 hr at 1100°C. Structure shows 
primary y platelets with fine Widmann- 
statten precipitation of y from the satu- 
rated TiAl, matrix. X100. Area reduced 


One alloy containing 78.4 pct Ti showed pure a grains 
in its microstructure. Alloys containing 75.5, 72.4, 70.1, 
67.3, and 66.0 pct Ti also consisted of a grains which, 
however, with decreasing titanium content produced 
increasing bands by precipitation of the y marked phase. 
One alloy containing 63.5 pct Ti showed two kinds of 
crystals, namely the pure y phase and a grains with 
banded y precipitations. Alloys containing 57.2 and 
55.3 pet Ti consisted of y grains and Al,Ti. 

From these microstructures it may be seen that as 
a result of the aluminothermically produced alloys the 
field of the y phase, which may be considered as the 
intermediate compound, AITi is far more limited than 
was observed by the authors. After the experiments 
at low temperatures, the y field was found to extend 
only to 59 to 61 pet Ti while the heterogeneous fields 
y + a and y + AI,Ti were enlarged accordingly. The 
a field too is somewhat narrowed and reaches at low 
temperatures only about 77 pct Ti. At higher tempera- 
tures, however, the a field extends and reaches at the 
peritectic temperature up to 65 pct Ti. This has been 
proved by the fact that primary y grains have only 
been observed below this concentration, while between 
65 and 77 pct Ti, the y phase is always found as a pre- 
cipitate in a grains. The deviations of these investiga- 
tions may be traced back to the aluminothermically 
produced material which contained iron and silicon. 

By X-ray investigation it was also found that the 
y phase has a tetragonal face-centered lattice. The 
superlattice lines were also observed. The axial ratio 
of the tetragonal lattice was fixed as c/a = 1.02, the 
lattice constant was a = 3.999A and c = 4.080A. A 
change of the lattice constant between y in balance 
with a and y in balance with Al,Ti could not be ob- 
served. The reason may doubtless be found in the nar- 
row limits of the y field. 

The axial ratio of the hexagonal a lattice in balance 


oriented grains. X150. 
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approximately 50 pct for reproduction. 


with y was fixed as c/a = 1.62, the lattice constant was 
a = 2.867A and c = 4.645A. 

It was further observed that the precipitation of the 
y phase at cooling exclusively takes place on the 
(0001) planes of the hexagonal a grains. This could 
clearly be seen in the microscope when grinding bigger 
grains, the orientation of which had correctly been 
found by Laue-X-ray-photographs, in certain crystal- 
lographic directions. Fig. 23 shows two grains of an 
alloy containing 66 pct Ti on which the y precipitates 
owing to the various position of the (0001) planes to 
the surface of slide appear to be broad and fine 
striped alternatively. Owing to this precipitation, al- 
loys between 65 and 77 pct Ti showed a distinct cleav- 
ability in the hexagonal, basal plane which is not more 
perceptible in higher titanium contents. 

Fig. 24 shows the typical intergrowing of a grains at 
their solidification in an alloy with 66 pct Ti. The 
grains seem to be dovetailed into each other at their 
boundary. It is clearly seen that the growth direction 
of the hexagonal crystals passes parallel to the basic 
plane and are clearly recognizable by subsequent pre- 
cipitation of y on the (0001) planes. 

Niels Engel (University of Alabama, University, 
Ala.)—Because the electron-gas energy-band theory 
has not been of much help in accounting for metallic 
properties, especially diagram formation, I have tried 
to develop a different theory which may be of some 
help in this respect to metallurgists. This theory has 
not yet been published in English and I suppose metal- 
lurgists will be interested in knowing about it. I have 
called it the “electron oscillator theory’ to distin- 
guish it from the electron-gas theory. 

This theory postulates that the number of outer 
bonding electrons control the lattices of metals crys- 
tallizing with body-centered cubic, hexagonal close- 
packed, and face-centered cubic lattices in the same 
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Fig. 23—~ precipitation on planes of two differently Po ea 


manner as the number of outer bonding electrons con- 
trol the lattices of the (8-N) rule phases according to 
Hume-Rothery. One electron per atom controls the 
body-centered cubic lattice, two bonding electrons per 
atom the hexagonal close-packed lattice, and three 
bonding electrons the face-centered cubic lattice. This 
is evident from the metals, sodium, magnesium, and 
aluminum, respectively. 
: Allotropic transformations are caused by a change 
in the number of outer bonding electrons. In the tran- 
sition metals electrons can be transferred from the 
outer bonding level to an inner partly filled d-shell, 
or vice versa. In the transition elements from the 
columns 3, 4 and 5 headed with the elements Sc, Ti 
and V, electrons are sucked into the d-shell from the 
outer shell when the temperature is raised. Allotropic 
transformations, if any, therefore exhibit lattice 
changes from hexagonal structures (two electrons) at 
low temperatures to body-centered cubic structures at 
high temperatures (one electron). Ti, Zr, and Hf 
change from hexagonal low temperature structure to 
body-centered cubic high temperature structure. In the 
transition elements from columns 6 to 8 headed with 
the elements Mn, Fe, Co, and Ni the opposite trend 
exists. Here electrons leave the d-shell and enter the 
outer shell when temperature increases. Iron changes 
from body-centered cubic (one electron) to face-cen- 
tered cubic structure (three electrons) and cobalt 
changes from a hexagonal close-packed low tempera- 
ture structure to a face-centered cubic high tempera- 
ture structure. Reasons for these trends are given in 
a previous paper.® 

Adding alloying elements to metals with allotropic 
transformations will influence the temperature at 
which the allotropic transformation taken place ac- 
cording to the number of outer bonding electrons. The 
addition of elements carrying three or more bonding 
electrons per atom to titanium will stabilize the 
hexagonal phase and push the transition to higher 
temperatures. Elements carrying only one bonding 
electron per atom will stabilize the high temperature 
phase and move the transition to lower temperatures 
with increasing amount of alloying elements. For 
cobalt the same principle is valid. Elements with three 
or more bonding electrons added to cobalt stabilize 
the high temperature structure and decrease the tran- 
sition temperature while elements carrying one or two 
bonding electrons per atom stabilize the low tempera- 
ture structure and increase the transition temperature. 

This theory was given in a talk at Battelle Memorial 
Institute in 1948, and the predictions made at that time 
have since been proved in several cases by experi- 
ment.” * Hafnium, which was not known to possess an 
allotropic transformation in 1948, also obeys this rule. 

The influence of elements forming interstitial solid 
solutions was not discussed fully in 1948 and their in- 
fluence therefore was not predicted by the theory. 
Since this time experiments have proved to be in 


agreement with expectations. Interstitial atoms do not 
introduce new lattice points because they hide between 
the greater transition atoms. The bonding electrons of 
the interstitial atoms are given off to, or form bonds 
with, the bonding electrons of the lattice forming transi- 
tion atoms. In elements from cols. 3, 4, and 5 these 
added electrons are sucked into the d-shell or form 
bonds with d-electrons. The added electrons will not 
go into the outer shell to stabilize the electron-rich 
phase. In neutralizing some of the d-electrons by pair- 
ing, the opposite effect must be expected. Interstitial 
atoms added to cols. 6 to 8 elements give off their elec- 
trons or form bonds with the outer electrons thus in- 
creasing the stability of the electron-rich phases. 

H. R. Ogden, D. J. Maykuth, W. L. Finlay, and R. I. 
Jaffee (authors’ reply)—The authors are pleased to see 
the results of other investigations on this interesting 
system. The work done by Bumps and Kessler in deter- 
mining the diagram between 1100°C and the melting 
range is a definite contribution which fills in the tem- 
perature range not covered in this investigation. Over 
the ranges investigated, the two investigations are in 
good agreement. With regard to the discrepancy con- 
cerning the microstructure of an alloy containing 50 
pet Al, it is possible that the alloy we studied was 
segregated and the area shown in Fig. 15 is higher in 
aluminum than the balance of the ingot. Since we were 
primarily interested in the titanium-rich region of the 
diagram, we did not make as extensive an investiga- 
tion of the y + TiAl, field as Bumps and Kessler did. 

The results reported by Gruhl confirm the existence 
of the phases present as established by this investiga- 
tion, and in the investigation of Bumps and Kessler, 
and also Duwez and Taylor.” It is probable that the 
impurities present in his alloys had an influential affect 
on the solubility limits of both the a and y phases since 
the other investigations were in good agreement. The 
lattice constants of the y phase determined independ- 
ently by Gruhl are also in good agreement with those 
reported here and by Duwez and Taylor.” The inter- 
growing of a grains shown in Fig. 24 is probably caused 
by the g to a transformation rather than solidification 
since Bumps and Kessler have found a peritectoid re- 
action rather than the peritectic reported here. 

The authors wish to thank Dr. Engel for his discus- 
sion of his alloy theory. In 1948, Engel predicted inde- 
pendently, through the use of his theory, that aluminum 
additions to titanium would raise the transformation 
temperature, which has subsequently been proved by 
this and other investigations. 


»N. Engel: Kemisk Maanedsblad (1949) 30, p. 53. 

10 N. Engel: Kemisk Maanedsblad (1949) 30, p. 97. 

1A. R. Elsea and C. C. McBride: Trans. AIME (1950) 188, p. 154; 
JourRNAL oF Metats (January 1950). 

2. E. Fletcher and A. R. Elsea: Trans. AIME (1951) 191, p. 897; 
JOURNAL OF Merats (October 1951). 

13 P, Duwez and J. L. Taylor: Crystal Structure of TiAl. JourNAL 
or Metats (January 1952), Trans. AIME, p. 70. 


Solubility of Gaseous Nitrogen in Gamma Iron and the Effect Of 
Alloying Constituents—Aluminum Nitride Precipitation 


by L. S. Darken, R. P. Smith, and E. W. Filer 


DISCUSSION, F. N. Rhines presiding 


E. Spire (Consulting Engineer, Montreal, Que., 
Canada)—I want to congratulate the authors for their 
remarkable study of this difficult problem. Do they 
have an idea of what happens to aluminum nitride 
when the steel is molten? Is it simply dissolved in the 
metal or dissociated, completely or partially? 

H. F. Beeghly (Jones and Laughlin Steel Corp., 
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Pittsburgh)—The various metal-nitrogen systems in 
commercial steels and their behavior during thermal 
treatment have been subjects of growing importance 
to producers and fabricators. In recent years, these 
systems have been explored with renewed vigor and 
fresh approaches. The authors’ paper represents one 
of the results of this renewed interest. 

Table IV shows the effect of silicon contents up to 
0.58 pet on lowering the solubility of nitrogen in 
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austenite; the authors point out that, with higher sili- 
con, difficulty was experienced in equilibrating the 
steels with the nitrogen atmosphere, but that, in 
general, with increasing silicon contents up to 3.48 pct 
a smaller amount of nitrogen was absorbed. They 
ascribe this difficulty to an oxide film. The existence 
of an “acid insoluble” nitrogen compound in the steels 
with the larger silicon contents would result in an 
apparent lowering of the nitrogen solubility unless the 
analytical method was modified to give a total nitro- 
gen value. I am wondering if the authors would care 
to comment on this as a possible explanation for the 
seemingly erratic behavior of the higher silicon steels, 
and also whether their experience indicates that the 
oxygen content of the metal influences the solubility 
and rate of solution of nitrogen. It likewise would be 
of interest to know the aluminum content of these 
steels, since this element has a very pronounced effect 
on the behavior of nitrogen in steel. 

The earliest reference to the structure of aluminum 
nitride (AIN) that has come to our attention is that 
of Ott* in 1924. His powder data on prepared samples 
and ours on aluminum nitride extracted from steel’ * 
agree very well and are given added support by the 
present authors, who are to be congratulated for their 
careful experimental work and its orderly presentation. 

L. S. Darken, R. P. Smith, and E. W. Filer (authors’ 
reply) —In reply to Mr. Spire’s question, there is little 
doubt that aluminum nitride has a high solubility in 
molten iron or steel; that is, if added in moderate 
amount to molten iron or steel it would yield a homo- 
geneous solution. There is no reason to believe that 
this solution would contain molecules of aluminum 
nitride, especially since the nitride phase itself is not 
molecular. An excellent description and diagram of 
the atomic arrangement in an Fe-Cu-S melt has been 
given by Rosenqvist and Cox,* presumably an Fe-Al- 
N melt would be of analogous arrangement. Experi- 
mental work on the solubility of nitrogen and of alu- 
minum nitride in molten Fe-Al alloys would be of 


interest in this connection; this is beyond the scope 
of the present report. 

We do not fully understand Mr. Beeghly’s suggestion 
of an “acid insoluble” nitrogen compound. It is true 
that Si,N, is not always dissolved by hydrochloric acid, 
particularly if the silicon content of the iron or steel 
is high. In view of this Mr. Momeyer, in analyzing our 
samples containing silicon, used a mixture of hydro- 
fluoric and hydrochloric acids for solution; there was 
never any indication of an undissolved nitride residue. 
In treating the alloys of Table IV with an ammonia- 
hydrogen atmosphere at about 600°C, we found (in 
work to be reported subsequently) that about 1 pct N 
could be introduced into the alloy, precipitating the 
silicon almost quantitatively as Si,N, There was no 
trouble in dissolving this nitride completely in the 
acid mixture: this was verified to our satisfaction by 
the fact that, for equilibrated specimens, the nitrogen 
content of each specimen bore the same ratio to the 
silicon content as would be anticipated on a stoichio- 
metric basis, allowing for the relatively small solu- 
bility of nitrogen in silicon-free ferrite. 

We have found, in accord with the experience of 
others, that a layer of surface oxide acts as a highly 
impermeable barrier to nitrogen penetration. We have 
found no evidence that minor oxide inclusions in the 
metal have appreciable effect on the solubility or dif- 
fusivity of nitrogen. 

It is indicated by analysis that the aluminum con- 
tents of each of the alloys of Table IV are 0.006 pct or 
less. As may be seen from Fig. 4, this is not sufficient 
to influence the equilibrium nitrogen content at the 
temperatures under consideration. 

13H, Ott: The Lattice of Aluminum Nitride. Ztsch. Physik (1924) 
22, pp: 201-214. 

14H. K. Work and G. H. Enzian: Effect of Deoxidation on Strain- 
Sensitivity of Low-Carbon Steels. Trans. AIME (1945) 162, pp. 
eer ay Beeghly: Determination of Aluminum Nitride Nitrogen 
in Steel. Analytical Chemistry (1949) 21, p. 1516. 


16'T, Rosenqvist and E. M. Cox: Trans. AIME (1950) 188, p. 1389; 
JOURNAL oF MetTats (November 1950). 


Constitution and Properties of Some Iron-Bearing Cupro-Nickels 


by E. W. Palmer and F. H. Wilson 


DISCUSSION, F. N. Rhines presiding 


G. L. Bailey (British Non-Ferrous Metals Research 
Association, London, England)—I was glad to see this 
further work on the structure and properties of the 
Cu-Ni-Fe alloys of low nickel content in which we 
have been so interested in the United Kingdom since 
before the war.’ 

The authors’ data on the variation in solubility of 
iron in both 5 and 10 pct Ni alloys with temperature 
is based on more detailed observations than we have 
made but is generally in line with our own work. The 
difficulty in these matters is in the identification of the 
structures obtained. The precipitation of the second 
phase which we presume to be the a’ solid solution, 
richer in nickel and iron, from the a solution with 
which it is in equilibrium occurs in such a fine state 
of division that its resolution by ordinary micro- 
graphic methods is impossible in the early stages. We 
have published® some electron micrographs which il- 
lustrate the effects observed more clearly but we agree 
with the authors when they say that dark staining 
characteristics when the alloys are subjected to sea- 
water corrosion are more sensitive in detecting the 
presence of the a’ phase than is the microscope. 

After taking this point into consideration, however, 
I confess to some difficulty in understanding Fig. 4. I 
can only assume that the precipitates visible at such a 
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low magnification as 150 diam in these relatively coarse 
forms are produced from iron-rich areas of the initial 
solid solution due to inadequate homogenization. If 
this is so I find it difficult te accept the authors’ con- 
tention that such local variations in iron concentra- 
tion as are capable of giving the heavy precipitates 
shown in Fig. 4 do not in fact materially affect the 
solvus surfaces of their equilibrium diagrams. 

I share the authors’ enthusiasm about the resistance 
to corrosion of these alloys by seawater but I am not 
fully in agreement with them on the vexing question 
of the best iron content for these alloys. In Fig. 3 of 
ref. 8, we give many results showing that the resistance 
of these alloys to impingement attack in the Jet Test” 
increases as the iron content rises to 2 pct. With higher 
iron contents pitting at shielded areas is likely to 
occur. Admittedly the addition of 0.75 pet Fe produces 
a large improvement in corrosion resistance compared 
with a pure 90/10 Cu-Ni alloy, but the further im- 
provement on raising the iron to 2 pct is substantial. 
We recommend from 1.5 to 2 pct Fe as the desirable 
range from the point of view of corrosion resistance. 

While it is true that British practice generally uses 
a hard tube, the corrosion resistance of the 10 pct Ni 
alloys has in our work been little affected by the 
structural condition. Although the annealed alloys 
blacken in seawater, this effect seems to be superficial 
and not to be accompanied by any real decrease in 


TRANSACTIONS AIME 


corrosion resistance as is the case with the 5 pct Ni 
alloys. I admit however that there may prove to be 
some justification for the authors’ suggestion that this 
point is affected by the degree of pollution of the 
water. We also lack firm evidence. 

There is, finally, a point I should like to raise on 
which the authors do not touch. In certain circum- 
stances, it seems that grain boundary separation of oa’ 
can result in an intercrystalline weakness in the alloys 
which is revealed by severe working of material in a 
susceptible condition. This hardly affects the manu- 
facture or use of condenser tubes but may show in cer- 
tain severe coppersmithing operations. Have the authors 
encountered anything of this nature? 

E. W. Palmer and F. H. Wilson (authors’ reply)— 
It is unfortunate that our manuscript was completed 
before the comprehensive and valuable work reported 
by Mr. Bailey became available in this country. Mr. 
Bailey’s discussion is a welcome one, since it points out 
both areas of agreement and of possible disagreement 
in the two investigations. 

With regard to precipitation of the iron-rich phase, 
Mr. Bailey, on the basis of the fine state of subdivision 
of the precipitate which is shown in his own excellent 
electron micrographs, fears that the precipitates which 
we show in Fig. 4 as resolvable at 150 diam are evi- 
dence of a local iron segregation. In none of our sam- 
ples was there as sharp a gradient of iron concentration 
as would be required to account for the precipitation 
shown at the boundaries of new grains in Fig. 4. Iron- 
rich areas due to coring would be elongated in the 
direction of rolling and would have appreciable breadth 
with a gradual concentration gradient. The magnetic 
colloid pattern in Fig. 7a, where the rolling direction 
is vertical, demonstrates these characteristics. The dis- 
tribution of precipitate in Fig. 4 appears to be across 
the rolling direction since it occurs at the boundaries 
of the tiny new grains which are found in “deforma- 
tion bands” which characteristically line up in a trans- 
verse direction. 

Precipitate size, and hence its resolution, is more a 
function of the degree of supersaturation and the rate 
of diffusion of iron, than of the iron concentration. 
Perhaps our text should have emphasized our observa- 
tions that this relatively large, optically resolvable 
precipitate (exaggerated, as it is, by electropolishing) 
is typically found in samples annealed above 650°C, 
see Fig. 6a. It is, therefore, not found in 10 pct cupro- 
nickels with less than about 1% pct Fe. Mr. Bailey has 
shown particles which are appreciably larger (equiv- 
alent to about 0.1 mm at 150X) in a sample of a 5 pct 
Ni-1.3 pct Fe alloy slowly cooled to 700°C, his Fig. 15,* 
and we believe that any samples of suitable iron con- 
tent which he may have quenched and reheated to 
700°C would have shown precipitates of the same order 
of magnitude as we show, Fig. 4. We are sure he does 
not consider the grain boundary precipitates in his Fig. 
15 as evidence of a high local iron concentration. 

The differing conclusions arrived at in the two in- 
vestigations, with regard to the most suitable iron 
content for the 10 pct Ni alloy, result largely from 
differences in condenser tube practices in the United 
Kingdom and the United States. This point was touched 
on briefly in the addendum to our paper. We agree that 


a further improvement in corrosion resistance results 
from increasing the iron content from 0.75 to 2.0 pct, 
provided the iron is retained in solid solution. Fig. 3 
of Mr. Bailey’s paper refers to specimens quenched 
from 850°C, and iron contents up to about 3 pct should 
therefore be in solid solution. It is perhaps significant 
that in this figure Mr. Bailey has indicated a trend 
toward increased impingement attack of the higher 
iron specimens that would have contained free iron. 
In any case, since our paper was presented additional 
evidence from actual power plant service tests has 
strongly confirmed the harmful effect of free iron in 
condenser tubes supplied with polluted coastal waters. 
We therefore feel that the iron content should be 
limited to the amount that can be retained in solid 
solution during normal condenser tube fabrication. In 
British practice, where a hard drawn tube is used, the 
necessary quench from high temperature, and thorough 
pickling of the subscale formed, may be carried out 
on a short tube of fairly heavy gage that is subse- 
quently drawn to finish dimensions. With this practice 
iron contents appreciably above 0.75 pct may be re- 
tained in solid solution in regular production. But in 
United States practice, where a relatively soft tube is 
required, the length of the tube, the thinness of gage, 
and the limited final reduction permitted, all conspire 
to make quenching from a high temperature, and 
thorough removal of the subscale so formed, quite im- 
practical. We are still of the opinion expressed in the 
paper, that 1.0 to 1.25 pct Fe represents the maximum 
level at which complete solubility of the iron content 
can be assured in regular commercial production in 
this country. It should be mentioned, as emphasized 
by John R. Freeman, Jr., Technical Manager of Amer- 
ican Brass Co., in the oral discussion following presen- 
tation of our paper, that these 10 pct cupro-nickel tubes 
are regularly supplied, in this country, with a final 
reduction of 10 to 15 pct, primarily to harden the tube 
enough to prevent accidental damage in handling. 

The final point raised by Mr. Bailey has to do with 
‘Intercrystalline weakness” of these alloys that may 
show up during certain severe coppersmithing opera- 
tions. We have not encountered this in our studies, and 
indeed, a series of single blow forging tests (with a 
50 lb hammer falling 4 ft onto a % in. diam x % in. 
tall specimen) failed to give any evidence of failure 
with 10 pct cupro-nickel specimens containing up to 
2 pct Fe tested at temperatures ranging from 650° to 
850°C. However, it has been our experience that pre- 
cipitation hardening alloys are often fragile in the 
range of temperatures where precipitation can actually 
occur, and it would not be surprising if alloys of high 
iron content, with substantial amounts of iron in solid 
solution, were to develop intergranular ruptures at 
some critical rate of strain during coppersmithing 
operations. Such failures would seem less likely with 
lower iron contents, and this is perhaps another reason 
why alloys of moderate iron content may some day 
prove to be more practical than those in which a max- 
imum iron content has been used to obtain a fractional 
increase in corrosion resistance. 


° British Patents 557065 (1939) and 578283 (1943) . 
10 Journal Inst. Metals (1928) 40, p. 141. 


Viscous Creep of Gold Wires Near the Melting Point 


by F. H. Buttner, E. R. Funk, and H. Udin 


DISCUSSION, M. A. Williamson presiding 


A. P. Greenough (University College, Swansea, Great 
Britain)—I have recently made some experiments on 
the deformation of silver wire at high temperature in 
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an atmosphere of oxygen-free nitrogen.” The observa- 
tions which I made confirm the main conclusion of this 
paper, that the most satisfactory mechanism so far sug- 
gested to explain the deformation which takes place 
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under low stresses is the diffusion of vacant lattice sites 
from the surface of the wire to the grain boundaries. 
The highest stress applied to the silver wires was 9x10° 
dynes per sq cm, and there was no evidence that crys- 
tallographic slip occurred in any of the specimens. 
Kinking was observed in the silver wires, but there 
was no evidence of any axial rotation of the grains. 
No bulges developed in the wires. 

However, the main feature of the silver wire experi- 
ments was the lack of reproducibility of the strain 
measurements. There were two distinct effects. Speci- 
mens made to be as nearly alike as possible gave strains 
which differed, by factors up to two, on being annealed 
simultaneously. The rate of strain of a given specimen 
seemed to vary with time. It is interesting to see that 
both these effects appear to have been noticed in the 
work on gold wires. The results given in Fig. 2 show 
that the strains measured in the two pairs of wires 
carrying identical loads varied by a factor of the order 
of two. In the text it is suggested that the strain rate 
begins to decrease after a time and may eventually be- 
come zero at a limiting value of the strain. 

Both effects were investigated in some detail for the 
silver wires. Temperature differences between various 
parts of the furnace would acount for variations in the 
behavior of similar specimens, but the effect was too 
large to be completely explained in this way. Accord- 
ing to Herring’s work,° the observed strain should vary 
inversely as the length of the grains in the wire, but 
there seemed to be no correlation between the average 
grain lengths of the specimens and the observed 
strains. The extent to which kinks and offsets develop 
in different specimens will influence the measured 
strains, but the differences were again too large to be 
explained in this way. 

Experiments in which silver wires were heated for 
a long period of time were difficult to interpret, as it 
was found that the temperature control was rather 
unsatisfactory, errors up to 20°C arising over a period 
of weeks. However, wires in which the applied stress 
was negligible were heated for periods up to 750 hr, 
and there was no indication of an approach to a 
limiting strain value, although the strain rate de- 
creased during the first 100 hr. A series of wires 
carrying a range of loads showed a second definite 
trend. As the time of annealing increased, the applied 
load for zero strain increased, and wires which at the 
start of the experiment were extending, began to 
contract. This is equivalent to a rise in the apparent 
value of the surface energy. The effect was surpris- 
ingly large. After about 200 hr at the high tempera- 
ture, the surface energy had apparently increased to 
two or three times its original value. Several experi- 
ments gave this result. 

It would be interesting if these phenomena are found 
in other metals, particularly copper. The statement in 
the present paper, that the reported increase of vis- 
cosity with the decreasing radius of copper wires is 
now regarded as insignificant in view of the relative 
lack of refinement of the earlier experiments, makes a 
reassessment of accuracy of the results of that experi- 
ment desirable. 

Assuming that these effects are general, and are not 
due to imperfect experimental conditions, it is apparent 
that the present simple theory will have to be extended 
or modified. The values of the surface energies of 
solid copper,*® silver,” and gold,” obtained by this 
method agree well with the values to be expected from 
measurements on the liquid metals,“ and with the 
values calculated for the solids.” In the case of 
copper, the result is consistent with the value obtained 
by quite a different method.” 

It is difficult to conceive of any other effect which 
would cause the specimens to contract. This particu- 
larly applies to those loaded specimens which at first 
extend, but after a period of about 50 hr, begin a con- 
traction which apparently continues indefinitely. It 
seems unreasonable to suggest that the surface energy 
increases with time to the extent required to explain 
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the results. Any contamination of the surface should 
lower the surface energy. 

The observed strain rate is of the order of that calcu- 
lated by Herring on the assumption that vacant lattice 
sites diffuse between the surface and the grain bound- 
aries, and other evidence confirms the importance of 
this mechanism.” However, this does nat preclude the 
possibility of one or more other mechanisms operating 
simultaneously. It is tempting to suggest that the in- 
creased strain rate in the initial stages of the experi- 
ment is related to the microcreep observed by Chal- 
mers” * in his single crystals of tin. The grain bound- 
aries in the polycrystalline tin specimens which did 
not show microcreep were longitudinal. In the thin 
wire experiments, the grain boundaries are transverse. 

It has long been realized that edge dislocation can 
act as sources or sinks for vacant lattice sites. This 
could be the cause of microcreep in single crystals. 
Nabarro® rejected this suggestion on the grounds that 
the activation energy necessary to create a vacant 
lattice site on the edge of a dislocation is larger than 
for an external surface, and too large for the rate of the 
process to be appreciable. Other authors, for example 
Seitz,” assume that the activation energies are approxi- 
mately the same. Such a mechanism would show many 
of the characteristics of microcreep. The limiting strain 
would correspond to the exhaustion of suitable edge 
dislocations. As each dislocation grows or shrinks in 
its own plane, the strain would cause the crystal to 
bend slightly. Longitudinal but not transverse grain 
boundaries would inhibit the bending, and thus inhibit 
the microcreep. 

It is evident that more experimental work on high 
temperature deformation may yield much useful in- 
formation. Experiments in which the behavior of 
single crystals is compared with specimens having 
only transverse grain boundaries, and with specimens 
having longitudinal grain boundaries, would be par- 
ticularly interesting. Some results on these lines have 
been obtained for silver,’ but experimental difficulties 
prevented measurements being made until the speci- 
mens had been at high temperature for more than 
100 hr. 

F. H. Buttner (authors’ reply)—It is always reassur- 
ing to find one’s experiments confirmed by independent 
work done in other laboratories. Dr. Greenough’s com- 
munication comes as welcomed news that puts greater 
confidence in the work now being done, as well as in 
future experiments presently under consideration. 

It is felt, however, that in interpreting these experi- 
ments, caution should be exercised in drawing con- 
clusions from the agreement between experiment and 
theory. The important finding here is that although the 
mechanism explains the observations, the observations 
do not necessarily prove the mechanism. The fair con- 
clusion is that the wires deform by a means of what 
is effectively a Herring-Nabarro mechanism within the 
stress range and time periods used. 

What appears to be a serious objection to the Nabarro- 
Herring mechanism is that it cannot explain: 1—dim- 
inishing strain rate with time, and 2—limiting strain, 
without introducing hypothetical modifications, These 
modifications are reasonable, but unproven, and as such 
leave the quantitative argument somewhat unsettled. 
Diminishing strain rate with time and limiting strain 
were observed with gold wires in some preliminary 
tests. Indications are that the same properties hold for 
silver wires in our experiments. 

The side items brought up by Dr. Greenough are real 
ones and are certainly worth discussing. These issues 
include: 1—the lack of strain reproducibility in two 
separate wires identically loaded, and 2—the peculiar 
elongation followed by shrinkage observed in some 
wires. Both of these effects were noted by Dr. Funk 
and me in the early stages of our work on silver. It 
took considerable time in conducting many experi- 
mental variations before we felt reasonably sure that 
the difficulties were understood and the problem solved. 
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The anomalous strain behavior in silver was the first 
difficulty we faced. At the start, we bought fine silver 
wire of acceptable high purity from a reputable house. 
We observed in our first tests that the wires first elon- 
gated and then shrunk just as Dr. Greenough observes. 
That is, the stress-strain line showed an initial positive 
vertical displacement, and later settled to a lower 
position, around which crossover point the line rotated 
counterclockwise with time. This came as a shock, since 
no such observations were previously made on copper. 
The temptation was, of course, to attribute phantom 
properties to the surfaces of silver wires to explain 
this behavior. Dr. Wulff, although impressed by these 
explanations, remained unconvinced and suggested 
that dissolved oxygen may cause the effect. Since oxygen 
is highly soluble in silver, and these oxygen percent- 
ages are not reported in the ordinary chemical analyses, 
it could reasonably be expected that high purity silver 
melted in air would carry appreciable amounts of 
oxygen. Wire drawn from such billets and heated in 
the oxygen-free furnace atmosphere, may first pre- 
cipitate oxygen within the wire to create an elongation, 
while dissipating the oxygen by diffusion. Once being 
oxygen-free, the wire would shrink or elongate further 
at a rate depending on its load. To make a long story 
short, we melted and cast high purity silver into a 
small billet in vacuum and had wire drawn from it. 
The first string of wire was, unknown to us, drawn by 
the contractor from a piece cut from the pipe of the 
billet, and had longitudinal holes down the length of 
the wire. Highly loaded specimens of this wire initially 
shrunk, but gradually went into an elongation while 
the zero strain point drifted gradually to lower stress 
levels with time. The wires simply shrunk while the 
longitudinal holes were sintering shut. Finally, this was 
realized and a string of wire was drawn from a sound 
portion of a vacuum-cast billet. With this set of wires, 
all apparitions disappeared, and the silver wires began 
to behave like the previous copper wires. 

As another check, we ran some of the first wire in 
hydrogen. The presence of oxygen dissolved in these 
was shown by the occurrence of hydrogen embrittle- 
ment, which was unmistakably evident by the silver 
crucible’s falling apart, and the wire’s elongating and 
twisting like Chinese ashes. 

I suggest, therefore, that Dr. Greenough’s observed 
strain anomalies are due to dissolved oxygen in his 
high purity silver wires. 

The other difficulty observed by Dr. Greenough con- 
cerns the lack of reproducibility of strain in specimens 
made to be as nearly alike as possible. For this, he 
cites several experimental causes, which are reason- 
able and should be eliminated from his technique. In 
our experiments, we had no similar thermal gradients 
either in time or geometry, yet like loaded wires were 
observed to vary in strain. The more refined strain 
measuring technique reduced human error to a min- 
imum and apparently emphasized the effect in these 
relatively shorter gage length specimens. 

Even though two wires may be taken from the same 
spool, loaded alike, and run together in a test with 
the smallest separation in position possible, the wires 
are not alike, because the distribution pattern of small 
amounts of impurities can vary along the wire. The 
microstructure of a given segment of wire will depend 
on the nature and distribution of impurities in that 
segment. Since the distribution of impurities may not 
be the same in all segments, even adjacent ones, in a 
spool of wire of very low impurity concentration, the 
microstructure of the wires will accordingly vary. 
Chalmers and also Herring and others have shown that 
the creep rate is sensitive to microstructure. 

The microstructure of these wires are always de- 
scribed as being “bamboo,” where each grain is a 
cylinder in contact with its neighboring grain through 
a flat grain boundary interface running across the wire 
and perpendicular to the axis. The bamboo structure 
is the lowest energy structure for a fine wire of high 
purity, and that structure predominates in these speci- 
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Fig. 7—Diagram showing stable grain formations. 


mens. However, in localized impurity regions, grain 
boundaries can become hung up in the manner of Fig. 
7. In both cases, the planes intersecting at line mn are 
at 120° to one another, and are stable. Chalmers has 
shown that over lengths of bicrystals where the inter- 
face is parallel to the axis of load, as in the case for 
plane mnop in Fig. 7a, no microcreep occurs. There- 
fore, whenever this configuration appears within a gage 
length, it effectively shortens the gage length by at 
least the distance mp. Since it is impracticable to com- 
pensate for these configurations, in any present measur- 
ing technique, the strains and strain rates so measured 
are in error on the low side. It is reasonable to assume 
that configurations of the type in Fig. 7b have a lesser 
effect in the same direction. 

Our summary position in this matter is that since 
impurity concentration variations along the length of 
high purity wire are random, no two gage lengths have 
the same periodicity of local concentration along the 
length. Thus, the microstructure varies with the num- 
ber of Fig. 7 departures, which are different in number 
for two wires otherwise the same. The effective gage 
length is accordingly variable. Since it is impossible 
to compensate for this in measuring, the strains will 
more probably be unlike, in varying degrees, than 
alike. 

Since this is a random perturbation, it seemed more 
reasonable to treat the data statistically than to base 
conclusions on the unpredictable behavior of individual 
wires. It is largely on these grounds that the data in 
the paper was handled as it was; by averages, least 
squares, etc. 

Since no wire is perfect, and all carry these depar- 
tures to some extent, the overall effect is to give slower 
strain rates, or higher viscosity than the theoretical 
ideal. It is felt that this is the principal reason why 
the experimental viscosities of Fig. 4 are slightly higher 
than the Herring theoretical. 

This condition should have no bearing on the cross- 
over point, since the effect is to cause the stress-strain 
line of Fig. 2 to rotate around the crossover point 
counterclockwise at a slower rate. 

I would like to take the liberty of answering a pre- 
vious informal criticism of the paper in this discussion. 
There has been some feeling that the choice of the 
word “microcreep” is unfortunate in this particular 
application, because of an ostensible difference in mech- 
anism between gold at high temperature and single 
crystals of tin at low temperature. To my understand- 
ing, the term applies to the observed effects of: i 
creep strain proportional to stress, 2—decreasing strain 
rate with time, and 3—limiting maximum strain. The 
position the authors take is that any creep system that 
manifests the above properties is undergoing “micro- 
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creep.” Any number of mechanisms have been, and 
may yet be, proposed which will explain the above 
properties. These, at the moment, include slow moving 
dislocations, subcell boundary movement, and modified 
interpretations of Nabarro’s mechanism. One Nabarro 
modification does fit Chalmers’ microcreep data. Quan- 
titative arguments for each are seen to hinge on only 
one measurable quantity, the activation energies, which 
turns out to be about the same regardless of the mech- 
anism. Therefore, since no mechanism has been fully 


proven, it seems wiser to define the word “microcreep” 
on its original property basis rather than any mech- 
anistic one. 


22 A, P. Greenough: Unpublished. 

2°3N. K. Adam: The Physics and Chemistry of Surfaces. Third 
Edition, p. 164. Oxford University Press. 

2%R. Fricke: Ztsch. Physikal Chem. (1942) [B] 52, p. 284; also 
Ztsch. Elektrochem. (1948) 52, p. 72. 

2K. Huang and G. Wyllie: Proc. Phys. Soc. (1949) 62A, p. 180. 

26G. J. Bailey and L. I. M. Watkins: Proc. Phys. Soc. (1950) 63B, 
p. 350. 

2 F. Seitz: Advances in Physics (1952) 1, p. 43. 


Vapor Pressures of Zinc Over AgZn Alloys 


by E. E. Underwood and B. L. Averbach 


DISCUSSION, W. A. Williamson presiding 


P. Herasymenko (New York University, New York) 
—The partial molar thermodynamic properties of zinc 
(referred to liquid zinc) calculated from the data of 
the authors are given in Table III. A very sharp de- 
crease in Hz, and Sz, after about 50 pct Zn seems to 
indicate that the degree of order in the homogeneous 8 
phase changes very considerably within the range of a 
few atomic percent zinc. It would be interesting to 
know if there are corresponding changes in the physi- 
cal properties of the alloys (e.g., in the electric con- 
ductivity) and in the X-ray data. 


Table III. Partial Molar Thermodynamic Properties of Zinc 
= of, 
Atomic RT In azn Han, Szn, 
at 620°C, Cal per Atom 
Pet Zn Cal per Atom Cal per Atom per Deg 
43.4 —2840 —3800 1.08 
50.4 —2010 —3200 1.33 
53.7 —1550 —1700 0.17 
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It is usually assumed that partial thermodynamic 
functions vary continuously with the composition of 
a homogeneous phase. The writer is of the opinion that 
discontinuous changes in these functions at certain 
composition of a solid solution occur frequently, but 
were overlooked in previous investigations. An exam- 
ination of the data on the vapor pressures of zine over 
CuZn alloys reported by Hargreaves> (dew-point 
method) and by Herbenar, Siebert, and Duffendack® 
(absorption-spectra method) can be taken as a con- 
firmation of this view. Unfortunately, there are some 
differences in the slopes of the straight lines obtained 
by plotting log dm against 1/T (and hence in the values 
of Hz and Sz derived from both sets of data) which 
show that one of these methods was accompanied by 
systematic errors of unknown nature. However, the 
experimental data are consistent with themselves in 
each method of measurement, and a similar depend- 


ence of Hz and Sz, values on the content of zinc may 
be derived qualitatively, see Fig. 8. It is probable that 
there are at least three regions in the a phase in which 
the partial heat of solution of zinc is practically con- 
stant but varies discontinuously at certain contents of 
zinc. The transitions between these regions occur at 
about 8.3 and 16.6 atomic pct Zn, i.e., at the ratios of 
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Fig. 8 (left) —Partial molar heat, Hon, and partial molar 
entropy, Szn, in CuZn alloys. 


Fig. 9 (right)—Partial molar heat, Hz, and partial molar 
entropy, Szn, in AgZn alloys. 
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[Zn] to [Cu-Zn] equal to 1/12 and 1/6 respectively. 
These ratios may be probably connected with certain 
types of atomic arrangement in the face-centered lat- 
tice (coordination No. 12). On approaching a certain 
ratio from the side of lower zinc contents, a consid- 
erable short ordering of zinc atoms takes place which 
is reflected in the lowering of the partial entropy of 
zine. An increase of zinc content above this ratio leads 
to the formation of a new type of atomic arrangement 
which is more disordered than the foregoing one. Still 
further increase of zinc content promotes a consolida- 
tion of the new configuration, and the entropy de- 
creases again. 

The measurements of zinc vapor pressures over 
AgZn alloys in the a phase made by Birchenall and 
Cheng* indicate the probable existence of at least two 
distinct regions for which the partial molar heat of 
zinc is practically constant, see Fig. 9. Alloys contain- 
ing 7.3 and 10.5 atomic pct Zn are completely dis- 
ordered, whereas the alloys between 17 and 29 atomic 
pet Zn must have an appreciable degree of order as 
can be judged from the lowering of the partial molar 
entropy of zinc. Precision measurements of lattice 
parameters in this system by Lipson, Petch and Stock- 
dale” show interesting changes near 3, 17, and 29 
atomic pct Zn. It was suggested by the authors that 
the parameter-composition curve of AgZn alloys con- 
sisted of four smooth curves intersecting at about 
these compositions. The data by Underwood and Aver- 
bach make probable thé existence of two distinct 
regions in the £ field of AgZn alloys. 

The discontinuous changes as described above can be 
suspected in many other cases of homogeneous solid 
or liquid solutions. Since such changes may have their 
counterpart in changes of physical and technological 
properties of homogeneous phases, a detailed accurate 
determination of thermodynamic properties of alloys 
appears to be highly desirable. 

L. Seigle (Sylvania Electric Products Inc., Bayside, 
N. Y.)—The writer had the opportunity to design, 
construct, and put into operation the Hargreaves’ ap- 
paratus used in the work of Underwood, et al., and 
was impressed with the utility of the dew-point method 
for the determination of vapor pressures when condi- 
tions are appropriate for its use. Certain facts lead to 
the belief, however, that the possibility of error due 
to changes in the surface compositions of the solid 
alloys brought about by the measurement process itself 
needs careful inspection. It seems possible that the 
difference in vapor pressures observed between bulk 
and powdered alloys in the present work is due to a 
greater depletion of zinc at the surface of the bulk 
than at the surface of the powder particles. In carry- 
ing out a determination a definite amount of zinc is 
extracted from the test specimen within a short period 
of time (a simple calculation shows that there is not 
enough zinc in the vapor phase alone to form a deposit 
which can be easily seen) in order to form a visible 
deposit of pure liquid zinc at the colder end of the 
quartz tube. This quantity vaporizes from a much 
smaller surface area in the bulk than in the powdered 
alloys, and the tendency for surface depletion is corre- 
spondingly greater in the bulk material. Relatively 
greater decreases in the concentration of zinc at the 
surface of the bulk alloys could explain the difference 
in vapor pressures between bulk and powdered alloys 
observed in the present work. 

On the other hand, the explanation advanced by the 
authors to account for the higher zinc vapor pressures 
over the powdered alloys does not seem reasonable. To 
make a dew-point measurement it is necessary to 
transfer enough zinc through the vapor phase to form a 
visible deposit at a point about 6 in. distant from the 
specimen, and to establish the equilibrium tempera- 
ture by repeated evaporation and condensation of this 
deposit. It is hardly conceivable that such a process 
ean be carried out without transferring the minute 
quantity of zinc between high and low points on the 
particle surface, separated by only a few ten-thous- 
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Table 1¥. Comparison of AH Calculated by Different Methods 


Xan AHzn, Cal per Mol 
Birchenall, Herbenar, 

et al.4 et al.? 

0.05 —9300 

0.0734 — 2420 

0.1053 —2850 —8100 

0.15 — 7100 

0.1733 — 4920 

0.20 —6350 

0.2345 —5170 

0.25 —5800 


andths of an inch, necessary to equalize the vapor pres- 
sure of zinc over these irregularities. Indeed, the very 
same “quite large’ diffusion rate of zine in the solid 
which is invoked by the authors to maintain equality 
between surface and interior compositions would alone 
quickly equalize the chemical potential of zinc over 
the entire surface, and eliminate any difference in 
vapor pressure between high and low points. The 
maximum increase in vapor pressure which can be 
expected from the decreased particle size of the fine 
powders is probably close to that calculated on the 
basis of the average particle size, and therefore negli- 
gible in comparison with the sensitivity of the dew- 
point method. 

Certain peculiarities in the data of Birchenall and 
Cheng for a AgZn alloys also point to the necessity for 
caution in evaluating results obtained from the dew- 
point method, particularly when small differences are 


involved. The absolute value of AHz, calculated from 
their data is compared in Table IV with the same 
quantity calculated from the data of Herbenar, Siebert, 
and Duffendack, who utilized a different experimental 
method. 

The results of Birchenall and Cheng, which indicate 


an abnormal decrease in the absolute value of AHz 
with zine concentration, are apparently incorrect. Al- 
though the evidence in this instance is very indirect, 
here again one is inclined to raise a question about the 
effect of concentration changes at the specimen surface 
as a likely source of error. 

Niels Engel (University of Alabama, University, 
Ala.)—The Cu-Zn, Ag-Zn, and Au-Zn alloys exhibit 
very low free energy values of zinc at the noble metal 
end of the diagram and decreasing activities of the 
noble metals toward the middle of the diagrams. The 
explanation of this behavior is somewhat vague and is 
said to be caused by the energy difference between the 
hexagonal close-packed zine and a hypothetical face- 
centered cubic zinc. An entirely different explanation 
of this behavior can be given. 

In an earlier publication® I have postulated that the 
number of outer bonding electrons controls the lattice 
of metals analogous to the Hume-Rothery (8-N) rule 
phases. Thus one outer bonding electron controls a 
body-centered cubic lattice as found in the alkali 
metals, two outer bonding electrons control the hexa- 
gonal close-packed lattice as found for beryllium, mag- 
nesium, calcium, and a series of other metals, and three 
electrons control a face-centered cubic lattice. From 
this postulate the number of bonding d-electrons in 
the transition metals can be estimated. 

The wave mechanical stipulations lead to the con- 
sideration of electrons in quantum states as rigid oscil- 
lators which cannot be changed unless the quantum 
state is altered. Based on this I have developed a new 
theory, termed the “electron oscillator theory” which 
accounts for the Cu-Zn, Ag-Zn, and Au-Zn phenomena 
under discussion and for many properties of metals and 
nonmetals. The theory is only partly published.* Ac- 
cording to it, the interaction between two equal un- 
paired electrons should release about the same amount 
of energy by pairing under equilibrium conditions. 
If we assume the bonding energies of the different 
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kinds of electrons to be as given in Table V, the 
AH values (AH value is the energy necessary to vapor- 
f an element from solid at 273°C to a 


oo gas) of all elements can be calculated from 
the estimated electron distributions according to this 


rule. The numbers in Table V are taken from ref. 13. 
According to this theory copper, silver, and gold 
must have the following electron-distributions: 


p** sho 


rthand writing Cu 


If it is assumed that crystalline copper is formed of 
75 pet Cu (8)* atoms and 25 pct Cu (10)* atoms, dia- 
magnetism and other pr operties of copper can be ac- 
counted for** Thus copper is considered as a transition 
metal which is In agreement with its high melting 
point, high Young's modulus, color and noble character. 
Cu-Zn, Ni-Zn, and Co-Zn form alloys of the same type 
containing Hume-Rothery 8, y, and (e) phases*** 
whereas the Cu-Ni or Cu-Co diagrams are entirely 
different. Thus in alloys copper acts as a transition 
metal. 

Alloying copper, silver or gold with zinc or other B 
group metals, the equilibrium Ag (8)*= Ag (10)°* shifts 
to the rig ght partly because the average nuclear charge 
is Increased and partly because the added atoms have 
closed d-shells. Diluting silver with atoms having 
complete inner shells must interrupt the d-electron 
bonds. By changing these bonds, silver atoms are 
transferred from the Ag (8)* state to the Ag (10)? 
state. By this change two d-electron bonds and two 
outer electron-bonds are broken. This work is equiva- 


Table V. Bonding Energies of Different Kinds of Electrons 


degree 


cal/moi 


MOLAR ENTROPY 
T 


~BIRCHENALL 
& CHENG 
o} 
~~ UNDERWOOD 
& AVERBACH 
= a ALLOY FILINGS 
Steet o BULK ALLOYS | 


Bonding Energy of 
d-electrons, 


Bonding Energy of 
(s+p) Electrons, 


Period Kesl per G-atom Keal per G-stom 
2 40 
3 20 
4 16 26 
5 15 30 
6 15 36 
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Fig. 10 (left)—Partial molar heats of formation of solid Cu-Zn 
alloys at 1100°K referred to solid zinc. 


Fig. 11 (below)—Partial molar entropy of mixing solid Ag-Zn 
alloys at 620°C. 


lent to 2 (30 + 15) keal per g-atom = 90 kcal per g- 
atom but only a part of the silver atoms can be trans- 
ferred and the maximum amount is 75 pct. 

In brass, because the e phase and the disordered s 
phase have random atom distribution, it must be as- 
sumed that several zine atoms occupy lattice points 
with d-electron bonding and therefore are transferred 
to Zn (8)* or Zn (9)* atoms. Thus several zine atoms 
are bonding with stronger d-electron bonding. This 
accounts for the low activity and vapor pressure in 
alloys with more than 40 pct Ag. 

The commonly accepted viewpoint, that copper and 
silver are one electron metals and zinc is a two elec- 
tron metal cannot account for the decreasing melting 
points, decreasing strength properties, decreasing va- 
por pressures, color and other properties of the copper 
column, B-group element alloys. The electron-oscil- 
lator theory accounts for these property changes by the 
interrupted d-electron bonds. 

E. E. Underwood and B. L. Averbach (authors’ re- 
ply)—It is difficult to justify discontinuities in the par- 
tial molar quantities AHz, and ASz. on the basis of the 
data presented by Dr. Herasymenko. These functions 
are very sensitive to slight experimental errors and the 
integral molar quantities would be more significant. 
Our data are presented in Figs. 10 and 11 and much 
greater accuracy is required before any discontinuous 
behavior in these functions can be confirmed. 

A more detailed answer to the arguments of Dr. 
Seigle seems necessary, since they cast doubt on the 
validity of the dew-point method itself. His reasons 
for expecting no increase in zinc vapor pressure over 
the filings are convincing, but his explanation of the 
observed difference does not take into consideration 
all the facts available. He believes that the difference 
in vapor pressure between filings and bulk alloys is 
due to a greater depletion of zinc at the surface of the 
bulk alloys than at the surface of the powder particles. 
Why then should there be a difference of the same 
magnitude between the filed and the preheated powder 
particles of the same size as shown in Fig. 7? If the 
increased vapor pressure of the powders over the bulk 
is due, as he thinks, to lesser surface zine depletion, 
then the preheated and as-filed powders should have 
essentially the same (increased) vapor pressures. But 
the preheated powders have the same vapor pressure 
as the bulk alloys (within 10 pct) and in fact, were 
usually less than the corresponding bulk alloy vapor 


TRANSACTIONS AIME 


AC UN U FING. No 
= 
= 
~ 
\ 
z \\ 
HAR A A \ 
\ / \ 
4 
> aS DEA 
A “ 
~ 
4 ~ 
~ 
~ 
~ 
J AL 
> > 
wey 
Culs'2sp'3 sp‘ 4 
Agis Ac (8.5)>> 
Auls2sp 3s 4s p° d 5 6 Sp Au 


pressures (see Table I). Only the as-filed powders ex- 
hibited an increased vapor pressure. 


Thus a consideration of the behavior of both types 
of powders obviates the line of reasoning adopted by 
Dr. Seigle. Our proposed explanation of the experi- 
mentally observed difference in vapor pressures may 
still be correct, although other explanations would 
certainly be welcome. 

As for the doubts cast upon the sensitivity and the 
applicability of the dew-point method itself, one need 
only compare data from this method against that ob- 
tained in other ways. For example, activities of a CuZn 
alloys derived from the dew-point, absorption spectra, 


weighing and carrier gas methods?*" show the dew- 
point data to be as good as any. The same result is 
also shown by Weibke and Kubaschewski” in a com- 
parison of AHm for CuZn alloys, obtained from electro- 
motive force calorimetric, and dew-point measure- 
ments. The authors are grateful to Dr. Seigle for his 
assistance in the construction of the apparatus. 


“H. Lipson, N. J. Petch, and D. Stockdale: Journal Inst. Metals 
(1941) 67%, p. 79. 

18.N. Engel: Kemish Maanedsblad (1949) 30, p. 53. 

4M. Hansen: Aufbau der Zweistofflegierungen. Berlin (1936) 
Springer. 

15 T, Schramm: Ztsch. Metallkunde (1938) 30, pp. 122, 327. 

16F. Weibke and O. Kubaschewski: Thermochemie der Legier- 
ungen. (1943) p. 231. Springer-Verlag. 


Effect of Temperature on the Lattice Parameters of Magnesium Alloys 
by R. S. Busk 


DISCUSSION, M. A. Williamson presiding 


Niels Engel (University of Alabama, University, 
Ala.)—In this paper it was pointed out that the elec- 
tron-gas and energy-band theory accounts for the fact 
that the lattice parameters exhibit a sudden change 
when the electron concentration (number of bonding 
electrons per atom) exceeds a certain number around 
two. This statement is said to support and prove the 
electron-gas theory. But this theory is not able to 
account for a series of experimental data. Also several 
expectations, deduced from this theory, are not found 
to exist. In Figs. 6 and 7 the energy bands of the 
second and third periods are given as they must be 
assumed in order to account for the electrical prop- 
erties of the elements in these periods. 

In Figs. 6 and 7 the electron-gas and energy-band 
theory is compared with the electron-oscillator hy- 
pothesis in accounting for the properties of the ele- 
ments in the second and third periods. Fig. 6 shows 
the second period. The energy-bands are overlapping 
and separated to be in agreement with the electrical 
conductivity of the elements. The oscillator hypothesis 
explains conductivity due to electron vacancies. In 
graphite there is a closed s-shell in every other atom 
and two vacancies in the others. Conductivity is there- 
fore only maintained by migration of s-electrons in 
graphite. In boron there are no s-electrons. The 
diatomic molecules of nitrogen and oxygen and the 
paramagnetism of oxygen can be accounted for by a 
similar behavior as the s-electrons of the bonding 
electrons. But this explanation will deviate too much 
for the purpose of this discussion. Fig. 7 shows the 
third period. In the energy-band picture about two 
s-electrons are assumed in magnesium and aluminum, 
but only one s-electron is assumed in silicon. The 
diamond lattice is assumed to be controlled by a sp’ 
hybrid. However the electron distribution develops 
ideally according to the oscillator hypothesis. Only 
sodium, magnesium, and aluminum exhibit electron 
vacancies and conductivity. 

To account for the insulator properties in Si, P, and 
S in the third period it must be assumed that the four 
last added p-electrons must be taken up in bands con- 
taining only one electron per band.’ (Compare the 
electron band picture in Hume-Rothery." Hume- 
Rothery does not consider the insulator properties of 
the nonmetals.) In the second period already the first 
p-electron must have entered a single electron band. 

Based on the energy-band picture in Figs. 6 and 7, 
the following questions must be asked: 

1—Is it consistent with the energy-band idea that 
electrons of the same kind (p-electrons) can be divided 
into separated bands? 

2—Is it consistent with the energy band idea that 
single electron bands can exist? 

3—Why are the first two p-electrons (in boron and 
diamond) separated into two single electron bands in 
the second period, but overlapping in the third period 
(aluminum)? 
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4—Why are s-electrons and d-electrons taken up in 
continuous .overlapping bands, while p-electrons are 
divided into single electron bands? 

5—Why do the peaks and valleys (y and w and 
further x and z) of the energy band below four elec- 
trons per atom not show up in the electrical conduc- 
tivity of alloys? For example consider the Li-Mg 
system or the alloys between Mg and three electron 
metals where the mentioned discontinuity in the 
lattice parameter is found. 

6—Why does the beginning of the p-electron band 
(x) not show up in the lattice constants similar to the 
filling up of the s-electron band (z)? 

In magnesium alloys the electron-gas theory postu- 
lates the first Brillouin zone to be filled at about two 
electrons per atom. This is claimed to explain the 
sudden change in lattice spacing and c/a values of 
several magnesium alloys when the electron concen- 
tration exceeds a few percentage points over two elec- 
trons per atom. This was emphasized in the paper by 
Busk. If the electron-gas energy-band theory is cor- 
rect a sudden change in electrical conductivity and 
possibly other properties should be expected when the 
same electron-concentration or temperature is ex- 
ceeded. A sudden change in lattice spacing or other 


properties should also be expected when the filling de- 


gree is such that p-electrons are introduced into the 
p-band, for example at x in Figs. 6 and 7. Such 
phenomena are not found by experiment. 

If the number of electrons should vary with the 
energy level depending on the average number of 
bonding electrons per atom, the electrical conductivity 
should be expected to vary in accordance with the 
energy band layout (Figs. 6 and 7) caused by different 
numbers of conducting electrons at different filling up 
degrees. Nothing indicating such a behavior is ob- 
served. In addition to these discrepancies between the 
electron-gas and energy-band theory and measured 
data, the theory violates the principles developed 
along with the Bohr theory of atomic structure. Ac- 
cording to these principles a filled shell is saturated 
and therefore unable to form bonds. Therefore two 
s-electrons per atom should form a closed or saturated 
shell, which has been pointed out as accounting for the 
inability of helium to form bonds. Beryllium, mag- 
nesium, or calcium atoms with two s-electrons should 
be expected to form inert atoms with properties almost 
like the helium atoms. 

Several other inconsistencies and disagreements with 
measured data of the energy-band theory can be men- 
tioned. Some of these are discussed with reference to 
other papers.® 

Because the electron-gas and energy-band theory 
seems to fail on several points, I have developed 
another theory which can account for all the phenom- 
ena the electron-gas theory is able to account for. This 
new theory is further able to account for things which 
are impossible to explain by the electron-gas theory 
at the present state. 
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This new theory is called the electron-oscillator hy- 
pothesis and it can only be given very briefly in this 
discussion. I hope to be able to publish the theory in 
detail later. The electron oscillator hypothesis con- 
siders electrons in quantum states as rigid unchange- 
able oscillators. This statement is deduced from the 
wave mechanical stipulations. A single oscillating 
electron seeks to pair with another oscillating electron 
to cancel their fields. A particular oscillating electron 
can pair with another electron in the same atom form- 
ing a neutral pair. Such a neutral pair cannot bond 
atoms together. If no electrons are available for pair- 
ing within the same atom the unpaired electron can 
pair with an electron in another atom and form a bond 
’ between these two atoms. If non-paired electrons ex- 
ist or can be created by the unpairing of one or more 
electron-pairs in a neutral atom, these non-paired elec- 
trons can form bonds with non-paired electrons in 
other atoms. Bonding of this kind is called homopolar 
bonding and, according to the electron-oscillator hy- 
pothesis, is due to cancellation of the fields of the non- 
paired electrons. This field cancellation is of essen- 
tially the same nature as pairing of electrons within 
the atom. It can be shown that interaction of non- 
paired electrons located in different atoms releases 
more energy than interaction or pairing within the 
atom. The first four electrons added to the outer 
(s + p) shell will normally remain capable of forming 
bonds with other atoms, see bottom of Figs. 6 and 7. 

The electron distribution in the elements of the 
third period is given in Figs. 6 and 7. In sodium there 
will be an average of 0.9 s-electrons (maybe more) 
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and 0.1 p-electrons (maybe less) per atom. Both s 
and p-electrons are paired with electrons from other 
neighboring atoms thus forming bonds. Because one s 
and three p quantum states can be occupied by elec- 
trons before pairing within the atom begins, there will 
be three vacant quantum states in the sodium lattice. 
In magnesium around 0.98 s-electrons and 1.02 p-elec- 
trons must be assumed. In the magnesium atoms no 
outer electrons will be paired within the atom and 
there will be two vacant quantum states. In the 
aluminum atoms we assume one s-electron, two p-elec- 

_ trons and no internal pairs and one vacancy. In the 
silicon atoms we find one s-electron, three p-electrons 
and no internal pairs and no vacancies. In the phos- 
phorus atom two s-electrons pair within the atom 
leaving three bonding p-electrons and no vacancies, 
and so forth. 

Electrical conductivity is accounted for on the fol- 
lowing basis. Electrons occupying the same kind of 
quantum states require the same ionization energy and 
are therefore located at the same energy-level. At 
absolute zero temperature such electrons are at exactly 
the same energy level. With increasing temperature 
and increasing atomic vibrations the heat energy be- 
comes superimposed on the ionization energy. Thus 
electrons of the same kind from different atoms will 
be located at different energy levels. 

Only if vacancies are present among outer quantum 
states is electrical conductivity possible. Then elec- 
trons can jump from one quantum state to another in 
the same energy level. If no vacancies are present 
electrons must be elevated to the next higher quantum 
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state in the same or neighboring atoms before they can 
move and therefore insulator properties are created. 
According to Fig. 7, sodium, magnesium, and aluminum 
will be conductors and silicon, phosphorus, and sul- 
phur will be insulators. 

According to this theory a discontinuity at the point 
where all added electrons become p-electrons must be 
expected in the lattice parameter of hexagonal crystals 
and none in the electrical conductivity. This is be- 
cause s-electrons have a ball shaped “electron-dis- 
tribution” or field distribution and p-electrons have a 
directed “electron distribution” or bonding field. 
Therefore, s-electrons seek to maintain the same dis- 
tance to all nearest neighbors whereas p-electrons only 
interact with one neighboring atom. This theory 
matches with almost all the data I know about. 


The s-electrons have a ball shaped range of greatest 
interaction with other electrons and therefore form a 
body-centered cubic lattice, while p-electrons overlap 
in cigar-shaped regions. Two electrons force atoms 
into a close-packed hexagonal lattice and three elec- 
trons into a face-centered cubic lattice. This postulate 
accounts for many features interesting to metallurgists. 
A publication showing that this electron oscillator hy- 
pothesis can account for thermodynamic properties, 
magnetic properties, ferromagnetism and many dia- 
grams and intermetallic phases has been published in 
Danish.’ 


*Hume-Rothery: Atomic Theory for Students (1948) p. 252, Fig. 
114. London. Institute of Metals. 

‘ See N. Engel’s discussions on pp. 1214, 1221, 1226. 

»N. Engel: Metals and Alloys as Electron Concentration Phases. 
Kemisk Maanedsblad. Copenhagen (1949) 30, p. 53. 


Correlation Between Electrical Conductivity and Temperature Coefficient 
Of Resistance of Solid-Solution Alloys 


by M. Hansen, W. R. Johnson, and John M. Parks 


DISCUSSION, M. A. Williamson presiding 


J. K. Hulm (University of Chicago, Chicago)—The 
electron theory of metals throws some light on Han- 
sen, Johnson, and Parks’ empirical relationship be- 
tween electrical conductivity and temperature coeffi- 
cient of resistance. If the continuous solid solution 
data are included, this empirical relationship may be 
written in the general form: 


1 [2] 
Pr 


where p is the electrical resistivity, the subscript r 
indicates room temperature values, and f and ) are 
constants of the following type: 

1—For dilute solutions of different solute metals in 
a given solvent metal, 6 is constant and ;/ is zero. 

2—For the continuous solid solution alloys of Group 
IB metals and their transition metal neighbors there 
are two cases: a—Systems like Pd-Pt in which single 
values of 6 and i’ characterize the entire range of con- 
centrations. b—Systems like Au-Pd in which the con- 
centration range is split into two parts, each charac- 
terized by a separate pair of constants (f,, 4,) and 
(Bey 

"ene electron theory of metals “~ indicates that the 
electrical resistivity of a solid solution alloy should be 
of the form: 


BG) -T [3] 


where the first term on the right hand side is due to 
scattering of electrons by the solute atoms, x being the 
fraction of solute atoms and D being a constant for a 
given pair of solute and solvent atoms. The second 
term is due to scattering of electrons by the thermally 
vibrating ionic lattice and the coefficient B is calcu- 
lated to be: 
2 Mm a 
[4] 
2 Mhke? 


where m and e are the electronic mass and charge, 
respectively; M is the atomic weight; C, the electron- 
lattice interaction constant; a, the lattice parameter; 
N., the number of conduction electrons per atom; and 
0, the Debye temperature, the other symbols having 
their usual meaning. Since M, C, a, N, and 0 will all 
depend upon the concentration x, B has been written as 
a function of x in eq 3. «J 

It is now easy to interpret eq 2 under condition 1, 
since with i zero, eqs 2 and 3 yield: 


(x) =1 [5] 


For small values of x, B may be expected to be 


TRANSACTIONS AIME 


ATOM PERCENT Pd 


Fig. 15—Variation of B or 


with composition for the 
Pd-Pt and Pd-Au systems at 0°C, after Geibel. 


practically independent of the nature and concentra- 
tion of the solute and to have a value characteristic of 
the pure, solvent metal. 

Interpretation of eq 2, condition 2, is more difficult, 
but it is clear that nonzero values of } are required to 
allow for the fact that B may change appreciably as x 
varies from zero up to 0.5 or more.. Eqs 2 and 3 lead 
to the approximate relationship: 


B (x) = [1—2-D-x (1-x) 1/8 [6] 


and it is not really surprising that B can be repre- 
sented, at least over a limited range, by a quadratic 
function of the type of eq 6. The fact that such a func- 
tion is appropriate over the entire concentration range 
for the Pd-Pt system seems to originate in the coinci- 
dence that the B values for the separate pure metals 
are almost exactly equal,” as shown in Fig. 15. 

It is interesting that the behavior of alloys of copper, 
silver, and gold with their transition metal neighbors, 
such as nickel and palladium, may be described by two 
pairs of constants and where the value 
applying to the copper, silver, or gold-rich half of the 
concentration range is effectively zero. Mott and 
Jones* have already discussed this phenomenon and 
postulate that in the copper, silver, or gold-rich half 
of the range the transition metal d-band is completely 
full, and the B value arising from the conductivity 
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contribution of the s-band electrons is practically in- 
dependent of concentration, as shown in Fig. 15. In the 
transition metal-rich half of the range, the d-band is 
partially empty and there is an increased resistance 
due to s to d-band transitions, varying rapidly with 
concentration and thus requiring a finite 4 value. The 
nickel-rich region of the Cu-Ni system is not well 
represented by eq 2, a discontinuity in B being found 
at the composition where the ferromagnetic Curie 
point occurs at room temperature. 

R. Smoluchowski (Carnegie Institute of Technology, 
Pittsburgh)—It is indeed interesting to see that there 
is that much apparent regularity in the behavior of 
electrical conductivity and of its temperature coeffi- 
cient in various alloys. In general, from the elemen- 
tary theory of conductivity, a rough proportionality 
would be expected between conductivity and the 
change of resistance. However, it is surprising that 
this parallelism extends to so many diverse systems. 
For binary alloys in which the two components have 
similar outside electronic structures, the relationship 
between the two quantities depends in the well-known 
manner upon the mass of the atom and the correspond- 
ing Debye temperature. It would hardly be expected 
that anything that simple would apply to alloys of 
transition metals whether they are ferromagnetic or not. 

It is perhaps worth pointing out that the LeChatelier- 
Guertler rules as formulated by the authors are not 
generally applicable. Conductivity is not a linear func- 
tion of volume percentage (Bi-Bi,Pb, Bi-Sn, Cd-Pb, 
Cu-Fe, Mg,Pb-Pb, Pb-Sb, etc.). Also it is not true 
that electronic resistivity is always lower in the pure 
metal than in a solid solution; an example here is the 
Fe-Co alloys in which after an initial rise the re- 
sistance drops below that of pure iron. 

J. O. Linde (Institutionen for Fysik I, Kungl. Tek- 
niska Hogskolan, Stockholm, Sweden)—For the de- 
scription of the dependence of resistance on tempera- 
ture in alloys, I introduce the resistivity-temperature 


coefficient a’ = Sat The numerical values of this 
Po 

coefficient can, in many cases, be approximated to those 


—, or with 
R, t 


fairly good approximation, the dilutation coefficient of 
the pure basic metal can be used in correcting a to a’. 
The empirical relation discussed in this paper may 
just as well be written: 


i [7] 
= 
Po po at 
where p, denotes the resistivity at 0°C and k and c are 
constants. As discussed by the authors, the constant c 
can, for different alloy systems, be positive or negative. 
Eq 7 can be transformed into: 
dp 1 c 


8 
Aten [8] 


of the resistance coefficient a = 


d 
From eq 8 it can be seen that if — (which quantity 


can easily be calculated from p, and a’) is plotted 
against p,, the regularity concerned gives a straight 
line, the direction of which depends on c. Evidently 
c <0 gives a line directed upwards, c > 0 downwards 
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and c—0 horizontally. Examples of curves corre- 
sponding to c < 0 are given in Fig. 16, taken from one 
of my publications.” In the figure p, denotes the addi- 
tional resistivity of the alloys. It can be seen from 
this, as well as from corresponding graphs for other 
alloy systems with b-metals (not transition metals) as 
added elements, that the deviation from Matthiessen’s 
law (which law evidently is strictly obeyed in the 
case of c = 0) as a rule decreases with the valence, 
or group number, of the added element. According to 
my opinion, eq 8 is more appropriate for the analysis 
of experimental data of resistance of alloys (makes 
for instance possible a more sensitive representation 
of the results) than eq 7. A correction of a for the 
thermal expansion of the samples is not essential as 
long as only dilute alloys are dealt with, the relative 
value of the correction being rather small in these 
cases. 

Niels Engel (University of Alabama, University, 
Ala.)—The electron-gas and energy-band theory is at 
present accepted as the theory which accounts for 
electrophysical properties. As pointed out in my dis- 
cussion of Busk’s paper,” the electron-gas and energy- 
band theory is not able to account for the insulator 
properties of silicon, phosphorus, and sulphur. 

In the following it will be shown that this commonly 
accepted theory is unable to account for the tempera- 
ture dependency of the electrical conductivity unless 
new reversing assumptions are added to the theory. 
In Fig. 17, a partly filled energy band at different tem- 
peratures is shown according to the energy-band 
theory. At absolute zero temperature the energy band 
is filled up to a very sharp upper energy limit. All 
quantum states with a lower energy content than this 
limit are occupied and no electrons occupy quantum 
states with higher energies. At intermediate tempera- 
tures the upper energy limit is somewhat diffused, 
which means that the quantum states in a certain 
energy region are partly filled and partly unoccupied. 
With increasing temperature this partly filled and 
partly vacant region increases. Each energy-level 
represents a quantum state or an electron moving 
through the lattice with a well-defined velocity and 
in a certain direction. Normally the vector sum of all 
directions and velocities of electrons at any point in a 
crystal must be zero. Applying an electrical field some 
electrons are elevated or depressed to other quantum 
states with movements directed toward the direction 
of the field. The vector sum becomes different from 
zero which is equivalent to a flow of electrons. From 
these assumptions, which are the assumptions of the 
electron-gas and energy-band theory, the number of 
conducting or free electrons (electrons which are able 
to change direction with a slight change of energy 
content) should be expected to increase with the tem- 
perature. The electrical conductivity should be ex- 
pected to change in the same way. However experi- 
ment shows the opposite behavior. 

To overcome this difficulty new assumptions are 
introduced by the electron-gas and energy-band theory 
and the old ones eliminated by philosophy. The new 
assumption is that the electrons in the electron-gas 
interact with the vibrating atoms. The more violent 
vibrations of atoms at higher temperatures increase 
the number of interactions between atoms and elec- 
trons and decrease the average free path length of 
electrons. A shorter free path length is concluded to 
decrease the flow of electrons. However if the aver- 
age velocity of the electrons is constant (from Fig. 17 
it can be seen that the average electron velocity of 
free electrons will be decreased slightly with increas- 
ing temperatures), and the probability of entering 
quantum states with vectors directed toward the direc- 
tion of the field is unchanged, the average free path 
length of the electrons should not be expected to have 
any influence on the flow rate of electrons erected by 
a certain potential. Therefore*this assumption is also 
unable to account for the temperature dependency of 
the electrical conductivity. 
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Fig. 17—Effect of temperature on the sharpness of 
the upper energy limit. 

By working out the theory different authors intro- 
duce in their calculations either a temperature depend- 
ing time the electrons are free or a dependency on the 
energy difference between vibrating atoms. The effect 
of the two first assumptions are either hidden or elimi- 
nated. The necessity of these assumptions therefore 
cannot be seen. A new theory not containing useless 
assumptions is therefore urgently needed. With the 
electron-oscillator hypothesis I hope to have made a 
useful suggestion. 

The electron-oscillator hypothesis is founded on the 
wave mechanical stipulations. Electrons in quantum 
states are considered as oscillators restricted to vibra- 
tions with restricted amplitudes by the stipulation that 
the wavelength of the mass wave of the vibrating 
electron must be an integer on the path length of one 
period of vibration and thus controlling or quantizing 
the energy content of the electrons. Electronic oscilla- 
tors are considered as unchangeable and each electron 
creates a field, which can be cancelled by pairing. 
Pairing of electrons can be established within the atom 
and such paired electrons are neutralized and cannot 
form bonds. Electrons not paired with another electron 
within the atom are able to pair with electrons in 
other atoms, thus forming bonds. Pairing resulting in 
bond formation is preferred. The way in which elec- 
trons pair and form bonds in the second and third 
period is given in ref. 26 in comparison with the 
energy-band picture. 

In sodium there may be 0.9 s-electrons and 0.1 p- 
electrons all of which form bonds, but we do not know 
the exact distribution between s and p-electrons. The 
numbers are only a guess. When a particular electron 
forms a pair with an electron located in another atom, 
no further electron pairing with the first considered 
electron can occur in the atom. When four electrons 
from the same atom form bond pairs with electrons in 
neighboring atoms, no further electrons can be taken 
up in the atom by these four electrons without break- 
ing bonds. 
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In sodium we have one bonding electron and three 
vacancies. In magnesium we have two bonding elec- 
trons distributed with about 0.99 s-electrons and 1.02 
p-electrons and two vacancies. In aluminum there are 
1 s-electron and 2 p-electrons and 1 vacancy per atom, 
and in silicon there are four bonding electrons and no 
vacancies. If vacancies are present, electrons from 
other atoms can move to these and occupy them and 
thus move or diffuse through the lattice. Atomic diffu- 
sion is supposed only to be possible when atomic va- 
cancies are present.” Electronic and atomic diffusion 
are analogous. Therefore elements possessing elec- 
tronic vacancies are metals and are electrical conduc- 
tors. Nonmetals have no vacancies and are insulators. 
According to the electron-oscillator theory all electrons 
occupying the same kinds of quantum states have ex- 
actly the same energy. Electrons can jump from atom 
to atom without energy interchange with the sur- 
rounding world at absolute zero temperature in ideal 
lattices containing vacancies. Therefore such lattices 
are superconductors. By increasing the temperature 
atoms vibrate and bonds between atoms are partly 
broken. Then electrons will be situated at different 
energy levels. At higher temperatures electrons can 
only move through the lattice if the field from the 
applied potential is able to elevate the electrons from 
a lower to a higher level. The difference in energy 
levels between different atoms increases with tempera- 
ture and the resistance also increases with tempera- 
ture. This dependency can be exactly calculated on 
this basis for high as well as for low temperatures. 
From this theory the temperature dependency of the 
electrical conductivity should be expected to be the 
same for all metals as found by Hansen and coworkers. 
Only if the temperature changes alter the electron dis- 
tribution, that is, some electrons are changed from, 
say, 4 s to 3 d- positions, should a deviation from this 
rule be expected. 

The electron oscillator hypothesis is a rather new 
theory which has not been checked on all kinds of 
applications yet, but when applied on new unknown 
objects it seems to be able to account for several facts 
as shown in my contributions to other discussions.” 

.M. Hansen, W. R. Johnson, and J. M. Parks (authors’ 
reply) —The volume of discussion is taken as indicative 
of a real interest in the subject. Dr. Hulm’s discussion 
is a valuable addition to the appreciation of the funda- 
mental origin of conductivity phenomena. We are 
pleased to note that the empirical analysis is not con- 
tradictory to fundamental tenets. 

With regard to Dr. Linde’s remarks, it is not felt 


dp 
that a plot of vs. p has any advantage over a plot 
1 dp 
of — —— vs. — in the estimation of the magnitude of 
p aT p 


the constants, if due regard is taken of the significant 
d 
figures for the data on p and a In any least-squares 


solution for c, k (Linde) or ~, } (Hulm), the same 
accuracy should be obtainable, although Dr. Linde’s 
eq 8 is certainly less laborious to handle. Possibly Dr. 
Linde’s scientific sensibilities are disturbed by plots of 
the type of Figs. 6 to 9. We would hasten to note that 
such a presentation is not intended to have scientific 
import, but rather to provide admittedly approximate, 
but very useful, engineering generalization. A proper 
evaluation of the effects of individual alloy additions 
must necessarily handle data for specific alloy systems 
individually, Figs. 4 and 5. 

The method of data presentation, according to Dr. 
Linde’s eq 8, is similar to that used by Norbury and 
Kuwada. His point that the line for a given system 
may be horizontal or skewed up and down is illus- 
trated in Fig. 14, if rotated 90°. 

It is likely that the LeChatelier-Guertler rule per- 
taining to heterogeneous mixtures of two phases is 
only valid to a first approximation. Unfortunately, 
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Fig. 18—Electrical conductivity-temperature coefficient of 
resistance relationship in Fe-Co alloys. 


there are, to our knowledge, no reliable data on the 
systems mentioned by Smoluchowski to substantiate 
his claims concerning rule 1. However, rule 2 is valid 
for all disordered solid solutions. 

With regard to Dr. Smoluchowski’s reference to the 
Fe-Co system and the higher conductivity of the 
ordered FeCo phase compared with respect to the 
e-Co and the a-Fe solid solutions, an issue has been 
raised which was purposely omitted from the text of 
the paper because of lack of adequate, accurate data. 


From the data by Ellis, and by Kussmann, Scharnow, 
and Schulze, the electrical conductivity-temperature 
coefficient relationship is plotted in Fig. 18. Three lines 
are shown for each of the three phases: namely, the 
a-Fe solid solution, the ordered FeCo phase, and the 
e-Co solid solution. Although there are insufficient 
points to substantiate the variations to be expected, 
there is good indication that the linear relationship is 
real. The same relationship is found when the data 
on the Cu-Au system is considered. A distinct con- 
ductivity-temperature coefficient line exists for each 
phase—Au, AuCu, AuCu,, and Cu—when the electrical 
conductivity is plotted vs. the temperature coefficient. 

We look forward to amplification of Professor 
Engel’s conductivity theory in some future publication. 
The statement is made in his discussion: “From this 
theory, the temperature dependency of the electrical 
conductivity should be expected to be the same for all 
metals as found by Hansen and coworkers.” This 
appears to be a misunderstanding of the text, as no 
such statement was made or implied. 

The authors have received a communication from 
Dr. W. Koster, Director of the Max Planck Institute 
for Metals Research, Stuttgart, Germany, which is 
believed to be of interest: ‘““Your data and presentation 
have proved once more in a very clear way how nicely 
the old rule by Mathiessen is correct. This rule says 
that the product of the resistance of an alloy and its 
temperature coefficient is equal to the product of those 
two values of the pure metal, and consequently is a 
constant. If the resistance is replaced by the electrical 
conductivity, a straight line results which is, as shown 
in your paper, actually fulfilled. The 6 values given 
in Table I of the paper are Mathiessen’s constants; that 
is, conductivity divided by the temperature coefficient 
of the pure metal.” 


22F. Seitz: Modern Theory of Solids (1940) New York. McGraw- 
Hili Book Co. 

23N. F. Mott and H. Jones: Theory of the Properties of Metals 
and Alloys (1936) Oxford. Clarendon Press. 

24W. Geibel: Ztsch. anorg. allgem. Chemie (1911) 69, p. 39 and 
70, p. 240. 

2 J. O. Linde: Thesis. Stockholm (1939). 

26 See p. 1223. 

27 See pp. 1214, 1221. 


Internal Friction Measurements on Iron Wires of Commercial Purity 
by Ake Josefsson and Eric Kula 


DISCUSSION, M. A. Williamson presiding 

L. J. Dijkstra and R. Sladek, (Ontario Research 
Foundation, Toronto, and Institute for the Study of 
Metals, Chicago, respectively)—This interesting paper 
confirms some results obtained some years ago in col- 
laboration with Fast,* namely the broadening of the 
nitrogen peak by the presence of small amounts of 
manganese. Later on a more extensive study of this 
effect was made at the Institute for the Study of 
Metals at Chicago. As the work has not yet been sub- 
mitted for publication we wish to mention here briefly 
some of the results. 

The effect of about 0.5 atomic pct manganese, chro- 
mium, molybdenum, or vanadium on the nitrogen- 
peak in iron was examined. The broadening found 
previously in the case of manganese was even found 
to be more pronounced for chromium. In the case of 
molybdenum and vanadium a double peak was ob- 
served which seemed to justify the idea that in all 
cases mainly two relaxation times were involved: 
namely, the normal relaxation time as found in pure 
iron and a second relaxation time related to the 
existence of abnormal interstitial lattice sites intro- 
duced by the foreign metallic element. The analysis 
showed that for the normal nitrogen-peak as a refer- 
ence at 22°C the abnormal peak was found at about 
32°, 47°, 75°, and 87°C in the case of manganese, 
chromium, molybdenum, and vanadium, respectively. 
In the manganese alloy the free energy difference for 
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a nitrogen-atom at an abnormal and a normal lattice 
site was estimated at 2800 cal per mol. This means 
that for temperatures above 100°C the solid solubility 
and overall diffusion rate of nitrogen is not much 
affected by additions of 0.5 pct Mn. We believe that 
the difference in rate of precipitation of nitrogen in 
pure iron and the manganese alloy is mainly a ques- 
tion of the number of potential nuclei available in the 
different steels. 

In studying the effect of these alloying elements on 
precipitation of nitrogen, a distinction must be made 
between the para reaction and ortho reaction, using 
terminology introduced by Hultgren.’ The ortho re- 
action in which the alloying metallic element partici- 
pates in the diffusion under formation of nitrides oc- 
curs at high temperatures such as 600°C. The para 
reaction in which the alloying metallic element does 
not diffuse and in which the nitride inherits its alloy 
content from the matrix occurs at lower tempera- 
tures. To prevent the ortho reaction the alloys have to 
be quenched rapidly from the y phase. It is not sur- 
prising that the authors find that the height of the 
peak indicates a lower nitrogen content than chemical 
analysis. In the first place the peak is not a single 
relaxation peak and secondly, the steels were not 
quenched from the y phase after the nitrogen was 
introduced at 580°C. 


“A, Hultgren: Trans. A.S.M. (1947) 39, p. 915. 
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Production of Spiegeleisen from Open-Hearth Slag 


In an Experimental Blast Furnace 


by Russell C. Buehl and Miles B. Royer 


A three ton per day blast furnace using blast temperatures up to 
2200°F was operated to recover manganese from open-hearth slag 
and manganiferous iron ore. The spiegel product containing 12 to 
24 pct Mn was blown in a basic converter to high manganese oxide 

slag as described in the paper which follows this one. 


HE steel industry, which uses over 900,000 short 

tons of contained manganese yearly, depends on 
the maintenance of supplies of manganese from for- 
eign sources such as India, Gold Coast, and Union 
of South Africa. Domestic ores furnish less than 10 
pet of the yearly requirements of metallurgical ores 
and, unfortunately, the United States has no large, 
or even moderate, grade deposits that could supply 
a major portion of the requirements for many years. 
It may be necessary to obtain manganese from low 
grade materials, even though the cost is appreciably 
higher than when imported ores are used. An Amer- 
ican Iron and Steel Institute questionnaire prepared 
in 1949 revealed the startling fact that open-hearth 
slags contained about as much manganese as is 1m- 
ported annually. The quantity of slag produced each 
year by integrated steel plants (not including cold- 
melt shops) and the manganese contained in the 
slag follows: Flush slag, 4,500,000 net tons a year 
containing 408,000 net tons Mn; tap slag, 7,230,000 
net tons a year containing 364,000 net tons Mn; fora 
total of 772,000 net tons Mn. Some of this slag is re- 
turned to blast furnaces but about 75 pct would be 
available for the recovery of manganese. In several 
‘decades, when many of the present sources of high 
manganese ores have been depleted, open-hearth 
slag and manganiferous iron ore may become the 


R. C. BUEHL, Member AIME, is Chief, and M. B. ROYER is 
Metallurgist, Ferrous Pyrometallurgy Section, Bureau of Mines, Re- 
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AIME by Feb. 1, 1953. Manuscript, March 27, 1952. New York 
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major source of the manganese required for steel 
production. 

In 1948, manganese-ore imports from the U.S.S.R. 
were 427,000 net tons or 34 pct of the foreign ore. 
Imports from this source were only 81,000 tons in 
1949. It became evident that adequate stockpiles of 
manganese could not be accumulated for many years. 
The Bureau of Mines initiated an extensive research 
program on methods for increasing domestic pro- 
duction of manganese and entered into a coopera- 
tive agreement with the American Iron and Steel 
Institute for recovering manganese from open-hearth 
slags whereby the Institute provided additional re- 
search funds and trained operating personnel. 


Description of Process and Equipment 


Numerous pyrometallurgical and hydrometallur- 
gical processes and combinations of the two can be 
applied to the recovery of manganese from open- 
hearth slag and manganiferous iron ore. The process 
being developed at the Pittsburgh Station of the 
Bureau of Mines consists of: 

1—Reduction of open-hearth slag in a blast fur- 
nace to recover the iron and manganese as spiegel- 
eisen with 12 to 24 pct Mn. 

2—Selective oxidation of the manganese from the 
blast-furnace metal in a basic-lined converter to 
produce a high manganese slag with up to 60 pct Mn 
content, which is a synthetic ore for the production 
of ferromanganese. 

This process has the advantage over other proc- 
esses in that the equipment which would be used, 
such as blast furnaces and converters, has been highly 
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Fig. 1—Metal cast from experimental blast furnace. 


developed in large units and the operations are famil- 
iar to steel-plant personnel. In addition, pilot-plant 
work could be started without preliminary labora- 
tory studies because of previous related work by the 
Bureau of Mines in cooperation with the Minnesota 
School of Mines Experiment Station.** 

This paper presents work on the first step of the 
process. The second step is described in another 
report.’ 

The major purpose of the work was to demon- 
strate, in as short a time as possible, that the process 
could be utilized without encountering excessive 
technical difficulties. Data on the process, including 
slag and metal temperatures, heat losses, and dust 
load in the flue gas, were taken whenever it was 
feasible to do so without obstructing the general 
operations. 

A 3 ton per day experimental blast furnace was 
constructed for this investigation and operated in- 
termittently for seven months. The furnace was built 
inside an existing building as shown in Fig. 1. The 
aluminum-painted cylinder immediately to the right 
of the furnace is one of the pebble stoves used to 
heat the hot blast. The reversing valves for the 
stoves are on the platform at the upper right of the 
photograph. Spiegel was cast into a large metal mold 


Table |. Analysis of Open-Hearth Slags and Ore from Aroostook 
County, Maine 


Source of Ore Mn, Fe, P, SiOv, AlLOs, CaO, MgO, 
or Slag Pet Pet Pct Pct Pet Pct Pct 


Aroostook County, 

Maine, ore 11.0 25.3 1.2 22.6 6.6 4.3 1.6 
Open-hearth flush slag 

from Homestead 

No. 5 11.6 20.9 14 22.5 7.1 20:5 5.6 
Open-hearth flush slag 

from Homestead 


No. 4 9.8 25.4 1.2 19.0 4.7 20.1 6.0 
Flush and tap slag from 


Average of flush slags* 10.2 27.0 4.0 164. 
Average of flush* and 
tap slags 17.0 «63.9, 


* Does not include duplex shops with low manganese slags. 
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as shown to reduce loss of metal and errors in weigh- 
ing. The photograph also pictures the method used 
for cooling the bosh and stack with water sprays. 
The total height of the furnace was limited, by the 
crane clearance, to 22 ft, and this was the major 
reason for using such a short stack. 

Fig. 2 shows the general construction of the blast 
furnace as it was in the last series of tests with one 
of the pebble stoves. In the initial tests, the bosh 
and stack were lined with fire-clay brick. During 
two weeks of operation these brick were eroded to 
34-in. thickness in the bosh and % to 1% in. thick- 
ness in the stack. In the last campaign, the bosh was 
lined with 2% in. of carbon brick and the lower half 
of the stack with 4% in. of carbon brick. These car- 
bon brick showed no deterioration during 22 days 
of operation except for small areas immediately 
above and opposite the tuyere. 

It was anticipated that the furnace would freeze 
often and have to be shut down and cleaned because 
of its small size, so the hearth was made removable. 
This removable hearth construction proved very 
satisfactory. During several days of operation, the 
hearth was eroded to a diameter of 30 in. and depth 
of 21 in. below the tuyere, after which the heat 
losses were so great that the refractory thickness 
remained constant. Both fire-clay brick and rammed- 
plastic fire clay were used successfully in the hearth. 

Two pebble stoves of the design described in the 
Royster patent® were used to heat the hot blast. The 
stoves are lined with mullite brick backed with 11 
in. of insulating brick. They are filled with alumina 
spheres about 1 in. in diam to a depth of 6 ft; these 
serve as the heat-exchange medium. The maximum 
temperature of the stoves, which is limited to about 
3100°F by the softening temperature of the brick, is 
measured by a radiation instrument and controlled 
by adjusting the ratio of natural gas to combustion 
air. 

Another unusual feature is automatic reversal of 
the stoves by a time-cycle controller which actuates 
air-operated valves. At first the stoves were reversed 
at definite time intervals by a clock mechanism, but 
with this arrangement the stoves sometimes were 
reversed before the moisture, which condensed on 
the lower refractories, had evaporated; this caused 
a moist blast. Later the stoves were reversed when 
the stove flue reached 300°F, which assured that the 
hot blast would not pick up moisture from the re- 
fractories. 

Operation of the stoves has been very satisfactory. 
The mullite brick did not deteriorate noticeably. 
Some of the alumina balls split in half, but the pres- 
sure drop through the stoves was still low at the 
end of the test period, about 10 in. of water. 

The blast-furnace flue gas was cleaned with a wet 
washer, which performed well enough to avoid vio- 
lation of the Pittsburgh smoke ordinance. 


Operation of Experimental Blast Furnace 


An appropriation large enough for constructing 
and operating the experimental blast furnace be- 
came available in November 1950. The furnace was 
blown in near the end of April 1951, on a light 
burden of open-hearth slag. The slag and metal did 
not carry enough heat to remain fluid in the hearth, 
which had not reached the stable temperature, so 
it was difficult to flush and tap the furnace. Blowing 
in the blast furnace as a cupola with charges of 
metal and coke worked very well, and the method 
was used in the later tests. 
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Another difficulty encountered was the building 
up of a scaffold of frozen slag just below the tuyere, 
so that all of the metal and slag would not drain 
from the furnace. This difficulty was remedied by 
increasing the diameter of the bosh at the tuyere 
from 19 to 26 in. inside refractories, removing about 
5 in. from the bottom of the water-cooled bosh and 
replacing it with the refractory-lined hearth, and 
changing from a circular to an elliptical tuyere in- 
clined downward at an angle of 6°. 

Plugging of the furnace flue near the wet washer 
caused several interruptions of operations during 
the early tests, but this was remedied by simple 
scrapers in the ducts. 

The operations during August, which followed 
these changes in furnace construction, were better 
and more consistent than those for the previous 
periods. The cinder notch and tapping hole could 
usually be opened by barring, but occasionally short- 
time burning with an oxygen lance was necessary. 

Analyses of the open-hearth slags used are shown 
in Table I, together with the analysis of mangani- 
ferous iron ore from an exploratory project in Aroos- 
took County, Maine. Also shown are weighted aver- 
ages for flush slags and mixtures of tap and flush 
slag, which were computed from a tabulation pre- 
pared under the auspices of the American Iron and 
Steel Institute. The flush slag from the No. 4 shop 
of the Homestead Works and the mixture of flush 
and tap slag from the Duquesne Works, both of the 
U. S. Steel Co., were chosen as representative of 
the average slags that would be available if the 
process were put into commercial operation. The 
slag and ore charged were crushed and screened to 
—3 +4 in. size. 

The size and analyses of the various fuels used are 
shown in Table II. Coke of the desired size was dif- 
ficult to obtain during the early months of operation 
of the blast furnace because of a coke shortage. A 
coke breeze (fuel 1 in Table II) was therefore used 
in the early tests during May and June and in sev- 
eral later tests when the supply of larger coke was 
depleted. Although this coke was mainly +1 in. as 
screened at the plant, it was very friable, and a good 
deal of —% in. material was again removed before 
use. 

Although the furnace could be operated on this 
small coke without excessive blast pressure at the 
normal blowing rate of 300 to 400 cu ft per min and 
with satisfactory manganese recovery, nevertheless 
the stock did not descend smoothly, making it neces- 
sary to check the furnace repeatedly. The pressure 
also tended to build up as the operations progressed, 
finally resulting in complete hanging of the charge 
and decrease of the blast to a low volume. 
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Fig. 2—Vertical section of experimental blast furnace and pebble 
stove. 


The larger foundry nut coke (fuels 2 and 3 in 
Table Il) was used in most of the tests described 
in this report. While this coke was used, the tuyere 
pressure was generally under 3 lb per sq in. and did 
not increase during operations when the furnace was 
properly burdened for the hot blast. 

The use of egg anthracite, fuel 4 in Table II, re- 
sulted in high pressure drop and a hanging furnace. 
The low temperature coke, fuel 5, consisted of round 
balls prepared in an externally heated rotary kiln. 
This coke had good shatter resistance but poor abra- 
sion resistance, so that some coke dust was produced 
by handling. When this coke was used as half of the 
blast-furnace fuel, operations were satisfactory from 
the standpoint of pressure drop and movement of 
the charge. 

Typical examples of results of the tests with vari- 
ous raw materials are summarized in Table III. The 
data are grouped into periods during which the 
charge and analysis of products remained reasonably 
constant. The results of smelting operations with 


Table II. Analysis of Fuels Used in Experimental Blast Furnace 


Fuel 1 Fuel 2 Fuel 3 Fuel 4 Fuel 5 
Source J.&L. Steel Corp. Pgh. Coke & Chemical Co. Jeddo-Highland Coal Co. Disco Co. 
Type Coke breeze Nut foundry coke Egg anthracite Low temperature coke 
Size —34+1% —3% + 27/16 —44+1% 
Strength Friable Strong Strong Fair 
Volume matter 2 1.5 1.2 3.6 18.6 
Fixed carbon, 87.8 88.7 90.2 86.2 70.2 
Ash 10.2 9.8 8.6 10.2 11.2 
sh analysis, pct: 
SiOz. 49.5 51.6 50.6 47.6 49 
AlzOz 28.4 29.2 29.9 43.4 23 
Fe20z 14.5 11.8 12.6 4.2 20.3 
CaO 2.9 2.8 2.3 0.7 2.5 
MgO nal 0.8 0.9 0.8 1.7 
Naz20 + K20 2.6 1.8 2:3 
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coke on slag from the No. 5 shop of the Homestead 
Works, which were conducted in August, are given 
in periods 1 and 2. 

In period 1, the manganese content of the spiegel 
product varied only between 21 and 23 pct and the 
silicon between 0.8 and 1 pct over a period of several 
days. The metal also contained about 4.2 pct C, 3.8 
pet P, and 0.10 pct S. In the same period, the man- 
ganese content of the slag was between 3 and 4 pct, 
except for occasional samples with 2.5 to 4.5 pct. 

In period 2, the proportion of limestone and dol- 
omite in the charge was decreased with consequent 
decrease in basicity of the slag. The silicon content 
of the metal increased during the operating period 
to 4 pet. The slag of this period carried a much lower 
proportion of the manganese charged than the more 
basic slag of period 1. 

The iron content of the open-hearth slag used in 
these periods is rather low compared to most of the 
flush slags reported; as a result, the manganese con- 
tent of the spiegel is high. The manganese recovered 
in the metal was calculated by two methods. As re- 
ported under manganese yield in Table III, it was 
figured as the ratio of manganese to iron and phos- 
phorus in the spiegel divided by the same ratio in 
the open-hearth slag. This assumes 100 pct recovery 
of iron and phosphorus in the blast-furnace opera- 
tion. The figures under manganese distribution were 
calculated as the weight of manganese in metal, slag, 
or flue dust divided by the manganese in the open- 
hearth slag or ore charged. The agreement in the 
manganese recovery calculated by both methods in- 
dicates that the charge materials and products were 
weighed with reasonable accuracy. 

Tests with the flush slag from the No. 4 shop of 
the Homestead Works, which the Bureau ran in 
November, are shown as operating period 3. This 
slag had 4 pet more iron than that from the No. 5 
shop. The coke per ton of spiegel produced was much 
lower than for the No. 5 slag. Probably this was due 
chiefly to the higher iron content of the No. 4 slag, 
but additional experience in operating the furnace 
may also be partly responsible. Although the man- 
ganese content of the metal was considerably lower 
than when the slag from the No. 5 shop was used, 


it should nevertheless be satisfactory for the pro- 
duction of high manganese slag by selective oxida- 
tion of the manganese in a converter. 

The mixture of tap and flush slag from the Du- 
quesne Works yielded metal with only slightly lower 
manganese content than the high iron fiush slag 
from the No. 4 shop, as shown in operating periods 
4 and 5. In addition, the recovery of manganese was 
about the same as for the higher grade open-hearth 
slags. However, because of the lower manganese and 
iron content of this charge material, the weight of 
blast-furnace slag per ton of metal and consequently 
the coke per ton of spiegel were both considerably 
higher than for the flush slag from the No. 4 shop. 

Operations with the manganiferous iron ore from 
Aroostook County, Maine (periods 6 and 7), were 
similar to those employing open-hearth flush slag, 
and the spiegel produced had about the same analy- 
sis. Considerably more limestone and dolomite were 
required for the ore than for the open-hearth slags, 
many of which were self-fluxing or required only 
small amounts of flux. 

In operating period 8, the fuel consisted of about 
an equal amount of low temperature coke (Disco) 
and —1¥% in., +% in. coke breeze. The slag burden 
during the early part of this period was too high, 
because of the low fixed-carbon content of the low 
temperature coke, and was gradually decreased as 
the test proceeded. By the end of this operating 
period, the manganese in the slag had decreased to 
2% pct, and that in the metal increased to 15 pct. 
This indicates that low temperature coke can be 
used as part of the fuel for this process, but a greater 
amount is required than with metallurgical coke. 

After satisfactory data had been obtained on the 
reduction of open-hearth slag with coke, anthracite 
was substituted for some of the coke during various 
periods of operation in proportions ranging from 25 
to 100 pet of the total fuel. The furnace pressure 
rose considerably and became erratic soon after the 
use of anthracite was started. The charge in the fur- 
nace did not move as regularly as in periods with 
coke operation. One of the campaigns with anthracite 
is shown as operating period 9. The manganese con- 
tent of the blast-furnace slag ranged from 3 to 9 pet, 


Table III. Typical Results of Experimental Blast Furnace 


Operating period 1 2 3 4 5 6 7 8 9 
Homestead Homestead 

Sources of slag or ore Homestead No. 5 No. 4 Duquesne Aroostook Ore Duquesne No. 5 
Hours reported 96 24 ‘ie 2 40 44 32 56 
Burden, lb per ton spiegel* 

Coke 4130 4000 3250 4070 4080 4380 3950 4250: 3180 

Anthracite ; 2230 

Mostly 3, Similar 

Fuel used (No. in Table II) 2 2 2 some 1 to 3 2 2 land 5 3and4 

Ore or open-hearth slag 6380 5590 5100 5880 6260 5370 5470 5840 6720 

Flux (limestone + dolomite) 1910 910 620 3607 0 3790 3510 70 1280 
Blast temperature, °F 2020 2150 1940 1810 2075 1900 1950 1950 1760 
Blast volume, cu ft per min 420 450 450 420 375 450 450 400 430 
Production, tons spiegel per 24 hr 213 3.08 3.57 2.43 2.32 2275 Si 2.65 1.86 
Slag rate, lb per ton of spiegel 4800 3400 2800 4100 3370 4200 5200 3885 4950 
Slag basicity 1.36 1.23 LAS 1.24 1.18 1.08 0.99 AT 1.18 
Tons fuel per ton Mn produced 9.7 8.8 10.6 15.0 16.7 12.1 11.5 18.7 14.7 
Analysis of products, pct: 

Metal, Mn 21.3 22.2 15.3 13.6 11.8 18.0 Lies 11.3 18.4 

Si 0.9 3.3 2.0 Dat 1.8 25 2.6 tS 1.9 
Pp 3.8 3.9 3.0 2.5 3.2 2.9 Bee 3.6 

Slag, .Mn 3.6 2.7 3.8 2.0 3.1 3.8 3.6 4.7 4.8 
Mn yield from ratio Mn: (Fe+P) 61 65 55 58 46 59 By, 43 45 
Manganese distribution, pct: 

Recovered in metal 58 68 61 63 49 62 56 50 47 

In slag 23 14 22 19 22 25 32 41 31 

In flue dust 9 9 12 13 17 8 - 6 

Unaccounted for 10 9 5 5 12 5 8 3 } 22 


* 2000 lb spiegel. 
+ Bessemer cinder. 


+ Mixture of 2160 lb byproduct coke (No. 1) and 2085 lb low-temperature coke (Disco No. 5). 
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Table IV. Comparison of Experimental Blast-Furnace Operations with Previously Reported Results on Spiegeleisen 
Production from Low Grade Raw Materials 


3 Ton per Day Blast Furnace 
Using Open-Hearth Slag From: 


Minneapolis 
Experimental 


6 Ton per Day Small Commercial 


U. S. Steel Co., Homestead, Pa., 


Blast Furnace,7; 
Cuyuna Mangan- 


Operationt{ 
Around 1917, 


No. 5 Shop** No. 4 Shop iferous Iron Ore 80 Tons per Day 
Baerace burden, lb per ton spiegel:* 
oke 
4100 3250 3030 3920 
620 1261 2870 
Ore or charge slag analysis, pct: 
sa 11.6 9.8 8.2 12.5 
AWA 21 25.4 33.8 32.4 
22.5 19.0 8.1 20.8 
atio of SiO2/Mn + Fe 0.69 0.54 0.19 4 
Hot-blast temperature, °F 2050 1940 580 380 
Furnace products: 
Slag, lb per ton spiegel 4500 2790 
Mn in slag, pet 3.4 3.8 Oe 3B 
Spiegel analysis, pct: : 
In 21.5 15.3 12.2 15.7 
Ratio of Mn in slag/Mn in metal 016 
Mn distribution, pct: 
In spiegel 60 61 58 
In slag 21 22 39 46 
In flue dust 9 12 3 11 
Unaccounted for 10 5 


* 2000 lb spiegel. 
** Average of operating periods 1 and 2 from Table III. 


+ Data from T. L. Joseph, see ref. 4, p. 230. 
= Data from P. H. Royster, see ref. 7, pp. 6, 7. 


which was higher and varied over a wider range 
than for operations with coke. Comparing the an- 
thracite operations with periods 1 and 2, in which 
slag from the same shipment was reduced with met- 
allurgical coke, the use of anthracite resulted in 
higher fuel consumption, decrease in production, 
and lower recovery of manganese. A return to coke 
as the entire fuel resulted in great improvement 
within several hours. When anthracite was used, the 
pressure drop through the furnace, expressed in 
pounds per square inch, exceeded the weight of the 
charge on a square inch of cross-section area. Under 
such conditions, the charge could not be expected to 
descend smoothly through the furnace. 

It is believed that better results would have been 
obtained with the anthracite at lower blast volumes 
per square foot of furnace cross section. However, 
freezing of metal and slag in the hearth of the ex- 
perimental furnace due to excessive heat losses pre- 
vented the furnace from being operated below 300 
cu ft per min. Consequently, it was not possible to 
run the experimental blast furnace with anthracite 
as fuel at flow rates much lower than were used 
with coke. 

The manganese in the spiegel, in the blast-furnace 
slag, and that leaving the furnace as flue dust ac- 
counted for only 90 to 95 pct of the manganese 
charged, as shown in Table III. During the opera- 
tions, accretions grew on the walls, a salamander 
formed in the hearth, and the refractories dissolved 
considerable high manganese slag. Consequently, the 
manganese held by the furnace probably increased 
during a run; this would result in the loss of some 
manganese, estimated at several percent of the man- 
ganese charged, even though the reporting period 
did not include the beginning or end of the cam- 
paign. In addition, the slag charged was inhomo- 
geneous. Samples of charge slag were taken during 
the various shifts, and the manganese analysis varied 
by as much as 3 pct Mn; that is, manganese ranged 
from 10 to 13 pct for the slag from Homestead No. 5 
shop. Although most of the error of inhomogeneous 
slag would be removed by averaging, nevertheless 
it is estimated that an error of several percent could 
occur because of the limited number of samples taken 
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and the variation of manganese analysis and mois- 
ture content with particle size. It was also found 
that during slow metal flow at cast, as much as 5 pct 
of the manganese contained in the spiegel was lost 
by oxidation in the runner. In the earlier tests, be- 
fore this loss was discovered, many of the samples 
were taken at the end of the runner. It is believed 


that, with longer operating periods on a raw mate- 


rial of uniform analysis, the manganese unaccounted 
for in the metal, slag, and flue dust would be re- 
duced to a small percentage of the manganese charged 
and that the recovery of manganese would then in- 
crease to between 60 and 65 pct. By returning the 
flue dust to the furnace after suitable agglomeration, 
it should be possible to improve the recovery of 
manganese to perhaps 70 pct. 

An analysis of the entire operating. data showed 
that during periods of very high operating tempera- 
ture, when the manganese content of the blast- 
furnace slag was low, the loss of manganese in the 
flue dust was abnormally high, up to 17 pct of the 
manganese charged. Conversely, during periods of 
colder operations with large loss of manganese in 
the blast-furnace slag (30 pct or more of the man- 
ganese charged) the loss in the flue dust was as low 
as 4 pct. The manganese recovery in the spiegel was 
nearly the same as during periods when the man- 
ganese content of the blast-furnace slag was much 
lower. This is illustrated by the low flue loss and 
manganese unaccounted for in period 8 as compared 
to periods 5 and 6 in Table III. Therefore, it appears 
that most of the manganese loss as flue dust results 
from volatilization at high operating temperatures. 
Such loss limits the manganese recovery in the 
metal product of the small experimental blast fur- 
nace. 

With operating periods of only 1 hr between flushes, 
about one-fourth of the slag enters the hearth dur- 
ing the last 15 min before a flush. The manganese 
in this slag had little time for reduction in the hearth. 
Consequently, lower manganese contents might be 
expected in the slag from a large furnace operating 
at the same temperature and therefore an appre- 
ciably higher manganese recovery. 

The data show a large dependence of coke rate on 
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the sum of the manganese and iron content of charge 
slag. Slight alteration in operation of open-hearth 
furnaces and in analysis of blast-furnace metal and 
charge ore could result in a considerable increase 
in the grade of open-hearth flush slag and thereby 
lower the coke requirements per ton of spiegeleisen 
made from open-hearth slag. 

The blast-furnace tests successfully demonstrated 
that the first step in the process investigated (the 
production of spiegeleisen from open-hearth slag) 
could be utilized without encountering excessive 
technical difficulties. This was the major purpose of 
the work. In addition, the blast-furnace operation 
also showed that high hot-blast temperatures up to 
2200°F could be used advantageously for the pro- 
duction of spiegeleisen. In Table IV, two periods 
from these operations are compared with those of 
an experimental blast furnace operated about 1925 
at Minneapolis by the Bureau of Mines in coopera- 
tion with the University of Minnesota Mines Experi- 
ment Station,* in which spiegel was produced from 
manganiferous iron ores of the Cuyuna range. Dur- 
ing World War I, spiegel was produced commer- 
cially from low grade ores, and such operations were 
reported by Royster.’ One of these operations with 
a furnace using a particularly low grade of ore is 
also reproduced in Table IV. 

Comparison of cols. 2 and 3 of Table IV shows 
that, in tests herein reported, the manganese content 
of the blast-furnace slag was reduced to a much 
lower value than in the Minneapolis tests when the 
two furnaces were operating at about the same coke 
rate. This resulted in lower loss of manganese to 
the slag, even though the slag weight per ton of 
metal was considerably higher. 

A comparison with the commercial operations of 
col. 4 shows that, in spite of a lower grade raw 
material, the present operations resulted in appre- 
ciably lower coke per ton of metal, lower manganese 
in the blast-furnace slag, and a higher manganese 
recovery than the 80 ton per day blast furnace when 
the same grade of spiegel was produced. Conse- 
quently, the data of Table IV show that the small 
one-tuyere blast furnace used in this investigation 
did very well compared with previous small opera- 
tions on low grade raw materials, probably because 
of the high blast temperatures used. 


Conclusions 


1—The experimental blast furnace operated sat- 
isfactorily with consistent results over a period of 
several days and would be suitable for investigating 
many types of blast-furnace problems. 

2—The production of spiegeleisen from open- 
hearth slag in a blast furnace presents no unusual 
technical difficulties. 

3—Spiegeleisen with 14 to 23 pet Mn can be pro- 
duced from open-hearth slag and manganiferous iron 
ore from Aroostook County, Maine. The recovery of 
manganese in the spiegeleisen product is about 60 
pet of the manganese in the open-hearth slag or ore 
charged without the return of any flue dust. In a 
large furnace with the return of part of the flue dust, 
recoveries of around 70 pet should be attainable. 

4—Mixtures of flush and tap slags from open- 
hearth furnaces can be used for the production of 
spiegeleisen. The recovery of manganese is about the 
same as for flush slags, but the coke required per 
ton of metal is higher when tap slag is employed as 
part of the charge owing to the lower metallic con- 
tent of this slag. 
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5—The coke required per ton of spiegel depends 
on the metallic content of the charge and ranged 
from 3300 to 4100 lb per net ton in the experimental 
blast furnace. 

6—High blast temperatures up to 2200°F can be 
employed if the raw materials are sized properly. 

7—A wide range of slag basicity of 1 to 1.3 lime 
plus magnesia over silica plus alumina can be em- 
ployed. The main effect of increasing basicity is to 
lower the silicon content of the metal without ap- 
preciably affecting the manganese recovery. By suit- 
able control of basicity of the blast-furnace slag, the 
silicon content of the metal can be varied between 
l1.and 3 pet Si, which covers the desirable range for 
the later use of the metal in the production of high 
manganese slags. 

8—Anthracite is more difficult to use as a blast- 
furnace fuel than metallurgical coke. 
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Production of High Manganese Slags by Selective 


Oxidation of Spiegeleisen 


by Miles B. Royer and Russell C. Buehl 


High manganese slags of low phosphorus and iron content are 
produced by air oxidation of high phosphorus spiegeleisen in a basic- 
lined converter. Control of phosphorus and iron within specification 
limits for ferromanganese ore feed is obtained by a unique cyclic 
operating procedure. Various types of slags, or synthetic manganese 

ore, can be made. 


N affiliated paper’ describes the production of 

high phosphorus spiegeleisen containing 14 to 
23 pct Mn and up to 4 pct P in an experimental blast 
furnace from open-hearth slag or manganiferous 
iron ore. This phosphorus content is too high for use 
of the spiegel in normal steel-production operations. 
Consequently, a preferential separation must be 
effected whereby the manganese is concentrated in 
a product that is usable in industrial operations. The 
preferential separation methods being investigated 
for this phase of the work are confined to pyrometal- 
lurgical processes for ready incorporation into steel- 
plant operations. It is fortunate that manganese is 
more actively oxidizable than iron or phosphorus, 
and therein lies a preferential separation method 
for isolating manganese from these two elements. 
Silicon is more strongly oxidizable than manganese, 
and its oxidation precedes, or occurs simultaneously, 
with manganese. Therefore, manganese and silicon 
are separable into a high manganese oxide slag 
phase while the phosphorus and iron remain in the 
molten metallic state. Complete separation of these 
elements represents an ideal condition which is not 
generally attainable in actual operations. This pyro- 
metallurgical method for separating manganese 
from phosphorus and iron by preferential oxidation 
was investigated by blowing 500 lb of metal in a 
basic-lined vessel to obtain preliminary informa- 
tion on the effectiveness of the procedure. 

Certain conditions of attainment in the separation 
process are desirable in any method for removing 
manganese from high phosphorus spiegeleisen, such 
as: 1—High recovery of manganese in the oxidation 
product; 2—the product to be of equal or better 
quality than ferromanganese-grade ore—48 pct Mn 
minimum, less than 10 pct SiO., and Mn-P ratio of 
300:1; and 3—attainment of the enumerated objec- 
tives in a product amenable to industrial handling, 
such as a slag of high manganese content that will 
flow from the processing vessel and of sufficient 


M. B. ROYER is Metallurgist and R. C. BUEHL, Member AIME, 
is Chief, Ferrous Pyrometallurgy Section, Bureau of Mines, Region 
VIII, Pittsburgh. 

Discussion on this paper, TP 3408CD, may be sent, 2 copies, to 
AIME by Feb. 1, 1953. Manuscript, May 14, 1952. New York 
Meeting, February 1952. 


TRANSACTIONS AIME 


fluidity for ready separation of metallic granules 
that may have become mixed with the manganese 
slag phase. 

Previous Work 


Recovery of manganese from low grade ores and 
industrial byproduct slags by smelting to spiegel- 
eisen, with subsequent oxidation to synthetic ferro- 
manganese-feed ores, has been a subject for periodic 
investigation during the past four or five decades in 
the United States and Germany. Joseph* and asso- 
ciates of the Bureau of Mines North Central Experi- 
ment Station, Minneapolis, Minn., smelted manga- 
niferous iron ores of the Cuyuna range, Minn., to 
spiegeleisen and subsequently tried air and ore oxi- 
dation procedures for concentrating the manganese 
into synthetic ferrograde manganese ore. 

Joseph’s results on the operation of a side-blown 
basic-lined converter for air oxidation of manganese 
from molten spiegeleisen were so discouraging that 
the procedure was abandoned after 11 blowing tests. 
Much slag was thrown from the converter vessel; 
phosphorus content was four to five times the maxi- 
mum allowable for ferro ore; and a manganese-iron 
ratio of only 2 or 3:1 was obtained in the slag in- 
stead of the required 8:1. 

Oxidation of manganese from spiegeleisen with 
about 0.5 pet P, by adding iron ore to molten spiegel 
in an experimental open-hearth furnace, proved 
moderately successful in Joseph’s experiments. The 
main drawback to the operation was the necessity 
for over-oreing for effective oxidation of the manga- 
nese with consequent too high iron oxide residual in 
the slag. Furthermore, the phosphorus content was 
proportional to the iron concentration and therefore 
much too high, so that several hours of reduction by 
a carbonaceous material were required to adjust the 
iron and phosphorus to the desired content of high 
grade ferro feed. 

A troublesome feature of the slag product of the 
spiegel oxidation process was its lack of fluidity if 
the silica content was less than 10 pct, the concen- 
tration considered desirable for the synthetic ore. 
Approximately twice the desired concentration of 
silica was required to impart enough fluidity for 
transfer from the vessel by pouring. 

The acute shortage of manganese in Germany 
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Fig. 1—500 Ib basic converter furnace. 


during World War II caused intensive search for 
any means of alleviating the situation. Various 
plant-scale trials were made to produce synthetic 
ferromanganese feed by oxidizing manganese from 
manganese pig iron in runners or ladles and by 
blowing spiegeleisen in basic converters. Wens’ re- 
ported the results of basic converter operations on 
approximately 5000 tons of low phosphorus spiegel- 
eisen at the Krupp Works in Essen. The manganese 
recovery in the slag was only 66 pct, because, to 
maintain phosphorus and iron concentrations within 
the limits for application to ferromanganese produc- 
tion, the blowing had to be discontinued at 2 to 3 
pct Mn residual and approximately 1 pct C in the 
metal. The manganese slags contained 12 pct en- 
trapped metal. The slags were so viscous that they 
remained in the vessel while the metal was poured. 

Other plant-scale tests in Germany* on over 2 pct 
P spiegeleisen for production of ferro feed by oxida- 
tion of manganese in the basic converter usually re- 
sulted in slags with over 0.5 pct P. The slags were 
viscous and carried 6 to 12 pct entrapped, high 
phosphorus metallic granules. When the procedure 
produced a slag containing 0.30 pct P and 40 pct Mn, 
the operation was considered good. Such grade ma- 
terials would be quite unsatisfactory for producing 
ferromanganese in accordance with United States 
specifications. 

Description of Equipment 

Fig. 1 shows the 500 lb capacity, basic converter 
vessel used in these preliminary tests for produc- 
tion of synthetic manganese ferro feed from high 
phosphorus spiegeleisen. The conventional shape of 
the Bessemer acid-lined converter was not followed 
on this small-scale model. Instead, a rectangular 
parallelepiped metal shell with semicylindrical bot- 
tom was constructed for greater facility in lining 
the vessel with refractory material. The shell was 
lined with ™% in. thick asbestos, 4% in. insulating 
brick, and an inner course of 4% in. periclase brick 
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to form a crucible 27 in. long, 13% in. wide, and 27 
in. deep. A removable, semicylindrical top, with a 
6 in. centrally located port for escape of blast gases, 
was provided to prevent excessive loss of heat by 
radiation that would occur if the rectangular cruci- 
ble were left open at the top. A single 1% in. diam 
tuyere was located in the front end of the furnace, 
blowing in the direction of the long axis. It was 
inclined so that the air blast was directed tangen- 
tially on the crucible bottom. The metal tapping 
hole and a 10x10 in. door for pouring hot metal into 
the vessel, sampling of products, and withdrawal of 
slag were also located on the same end of the fur- 
nace as the tuyere. This location of the tuyere was 
not ideal, because it had to be plugged whenever 
slag or metal was removed. However, when the 
tuyere projected through the side of the furnace 
near the back wall to avoid the disadvantage of 
plugging, the slag products were much higher in 
iron and phosphorus content. The converter vessel 
was suspended centrally on its short axis for tilting 
forward or backward by a hand wheel and worm- 
gear mechanism so that penetration of the air blast 
into the metal bath could be regulated to any degree 
desired. The entire converter unit was mounted on 
a platform scale for weighing ingoing materials and 
products at any stage of the oxidation operations. 
Air blast for the oxidation was supplied by a blower 
of 350 cu ft per min, 5 psi capacity. The blowing 
rate, usually 250 to 300 cu ft per min at 3 to 5 psi, 
was indicated and recorded on an integrating flow 
meter compensated for pressure. 


Oxidizing Operations 


These exploratory oxidation tests were made be- 
fore the experimental blast-furnace operations for 
production of spiegeleisen from open-hearth slags. 
Therefore, synthetic spiegeleisen of the approximate 
composition expected from smelting operations was 
provided by melting proportionate weights of com- 
mercial spiegeleisen, ferrophosphorus, ferromanga- 
nese, and ferrosilicon in an are furnace. This hot 
metal was transferred by ladle to the converter ves- 
sel, which was preheated to approximately 2700°F. 
The actual composition of the synthetic, high phos- 
phorus spiegel was determined from a sample taken 
during the pouring into the converter vessel. 

The initial idea on the oxidation of spiegeleisen in 
a basic converter was to produce a high manganese 
synthetic ore by blowing the metal until the manga- 
nese had been removed to the extent that high re- 
covery in the slag was attained. Approximately 1 
pct Mn residual in the metal was set as the objective 
for obtaining adequate recovery in the oxidized 
product, but concurrently the product of such strong 
oxidation had to meet the quality specifications pre- 
viously enumerated for phosphorus and iron content 
and preferably silica of less than 10 pct. 

Thirty oxidation tests were made on synthetic 
high phosphorus spiegeleisen by this single-stage 
oxidation procedure—blowing toward 1 pct Mn 
residual followed by tapping the metal and slag 
products. Table I lists some examples of this oxida- 
tion procedure. The iron and phosphorus contents 
of the slag products were much higher than the 
specified 8:1 and 300:1 Mn-Fe and Mn-P ratios, re- 
spectively, except in those instances when the blow- 
ing was terminated at a 4 to 6 pct Mn residual in 
metal. However, termination of oxidation at 4 pet 
Mn residual is impractical from the recovery stand- 
point. 
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In Fig. 2, the phosphorus content of the slag is 
plotted in relation to the manganese residual in the 
metal and the iron content in the slag. It is apparent 
from curve A that, to limit phosphorus at 0.15 pct, 
the blowing should be stopped at 6 to 7 pct Mn 
residual. Furthermore, phosphorus oxidation pro- 
ceeds concurrently with iron, as shown by curve B, 
indicating that iron oxide content of the slag should 
be limited to less than 4 pct for the desired control 
of phosphorus. Therefore, if the phosphorus in the 
slag is controlled to 0.15 pct or less, during the oxi- 
dation of high phosphorus spiegel, the Mn-Fe ratio 
automatically will be above the 8:1 required for 
ferro-grade ore. 

Additionally, it must be pointed out that the slag 
analyses in Table I represent the constituents after 
removal of entrapped, high phosphorus metal as 
indicated in the column designated “Metal Removed, 
Pct.” This column also is a relative indicator of the 
viscosity of the slags at the particular operating 
conditions. If such slags, with their entrapped 
metal, were to be used for further processing to 
ferro-alloys, separation of entrapped metal would 
be necessary to prevent additional iron and phos- 
phorus contamination. 

The described results on single-stage oxidation 
virtually parallel those reported by previous in- 
vestigators—viscous slags with consequent metal 
entrapment; necessity for termination of oxidation 
at the point that iron becomes actively oxidizable 
with concurrent increase in phosphorus oxidation; 
and inability to produce a high manganese slag 
within the specified limits on phosphorus from a 
phosphor spiegel. 

From these results and available previous in- 
formation, it became evident that a change in 
operating procedure was imperative. The method 
followed was to oxidize the manganese to approxi- 
mately 1 pct residual, tap the blown metal, and re- 
tain the slag in the vessel. Retention of the slag 
was accomplished readily, because at this stage of 

_the operation the slag contained only 5 to 10 pct SiO, 
and was extremely viscous. Such slag analyzed 10 to 
15 pct Fe and upward of 0.5 pct P and in addition 
carried up to 20 pct entrapped metallic granules. A 
new batch of spiegel was poured into the converter 
vessel, and almost immediately a vast change 
occurred in the chemical and physical character of 
the high manganese slag. It became fluid enough to 
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Fig. 2—Graphic illustration of the phosphorus content of high man- 
ganese slags in relation to the iron content in the slag and the 
residual manganese in the blown metal. 


pour readily over the lip of the sampling door. In 
most instances there was no entrapment of metallic 
granules. The most gratifying results, however, were 
the low phosphorus and iron contents—less than 0.1 
and 3 pct, respectively. Table II illustrates this 
eyclic operation when applied to the blowing of 
spiegeleisen of 2 pct or more silicon content. These 
results demonstrate clearly that high manganese 
content slags, with phosphorus and iron concentra- 
tions within ferro feed specifications, can be pro- 
duced from high phosphorus spiegel that is strongly 
oxidized to low manganese residual for effective 
manganese recovery. 

Mn-Fe ratios of 26 to 30:1 and Mn-P ratios of 
500 to 800:1 are well above the minimum specifica- 
tions for ferromanganese grade ore. Also the slags 
are devoid of entrapped metal, except for the first 
tap slag listed. The metal content in this instance 
may have been due to lower than normal operating 
temperature in the converter. 

The distribution of manganese in products of the 
described oxidation tests, in which the 1 pct Mn 
residual was not always attained, was 75 to 80 pct 
in the slag (synthetic manganese ore), 5 to 10 pct 
in the blown metal, and 2 to 4 pct in the flue gas 
for several tests in which such samples were taken. 
The remaining 5 to 15 pct unaccounted-for consisted 
mainly of material that ran out of the sampling door, 
slag and metal particles blown out of the vent, and 


Table |. Oxidation of Manganese from 2 to 4 Pct P Spiegeleisen. Examples of Single-Stage Oxidation to Various 
Manganese Residuals 


Analyses, Pct 


Metal Slag Ratio 
CaO+ Metal Re- Tempera- 

Mn Si P Cc Fe Mn P SiO2 Al203 MgO moved, Pct ture, °F Mn-P Mn-Fe 
roe 002 36 03 11.0 56.4 0.90 3.4 4.5 1.0 9.5 63 Rul 
Ho 0:00 ri 03 10.5 55.1 1.13 4.2 3.2 2.6 20.0 2820 49 55 
ie 0.04 aa ot 10.0 46.1 0.64 12.9 4.3 12.7 12 2990 72 4.6 
eh 001 39 14 10.9 49.0 1.12 8.6 6.2 6.7 8.2 2650 44 4.5 
28 6.03 38 o7 10.5 51.2 0.73 10.4 3.4 5.5 6.4 2950 70 5.0 
38 0:00 26 16 10.6 59.3 0.63 4.4 4.8 26 2890 94 5.6 
wir 0:00 27 07 2.8 46.1 0.18 14.8 2.5 14.2 4.3 2910 256 16.5 
i 4.4 57.8 0.25 2.7 2.4 5.7 2910 231 13.0 
coe 008 50 04 5.0 59.4 0.24 14.7 1.6 4.9 6.0 2910 247 11.9 


* Analysis of metal charged into converter. 
+ Analysis of blown metal. 
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Table II. 


Selective Oxidation of Manganese by the Cyclic Process from High Phosphorus Spiegel Containing Enough 


Silicon to Produce Fluid Slags 


Analyses, Pct 


Metal Slag Ratio 
CaO+ MetalRe- Tempera- 
Mn Si Pp Fe Mn P Si02 MgO moved,Pct ture, °F Mn-P Mn-Fe 

Add metal 19.6 1.94 2.1 2.5 
Blow metal to 1.8 0.03 3.8 0.7 10.5 51.2 0.73 10.3 3.4 5.5 10.9 2950 70 4.9 : 
Tap metal Retain slag 
Add metal 20.4 3.45 2.5 3.6 
Blow metal to 13.0 0.06 3.8 2.6 54.4 0.09 18.8 3.9 4.5 iS 604 20.9 
Retain metal Tap slag 
Blow metal to 1.2 0.01 Shih 0.2 9.4 46.5 0.68 18.0 4.2 4.2 a BAS? 2880 68 4.9 . 
Tap metal Retain slag 
Add metal 21.5 2.20 3.0 2.3 
Blow metal to 17.0 0.19 ance 1.3 52.4 0.03 23.9 2.1 4.8 None 1746 40.3 : 
Retain metal Tap slag 
Blow metal to 4.1 3.9 0.4 8.0 56.7 0.24 10.3 4.0 5.0 7.0 2950 236 Wek 
Tap metal Retain slag 
Add metal 18.6 2.23 3.3 3.2 
Blow metal to 11.8 0.04 3.7 3.1 3.4 55.8 0.09 16.7 2-0 4.9 10.4 2600 620 16.4 
Tap metal Tap slag 
Add metal 1.92 4.2 3.2 
Blow metal to 1.3 0.03 4.7 1.3 5.9 46.9 1.03 20.1 3.1 5.9 0.7 2820 45 7.9 
Tap metal Retain slag 
Add metal 21.7 2.47 3.9 Sak 
Blow metal to TL 0.01 4.9 2.4 0.9 52.8 0.03 23.6 2-9 5.4 None 1760 58.6 
Retain metal Tap slag 
Blow metal to 2.1 0.03 By? 0.4 if fe) Sia 0.80 17.0 2.9 3.0 9.5 2740 65 fal 
Tap metal Retain slag 
Add metal 20.6 0.89 3.8 2.8 
Blow metal to A Be Be 0.03 3.9 2.8 1.9 53.6 0.08 23.3 0.9 3.7 None 2810 670 28.2 
Retain metal Tap slag 
Blow metal to 2.3 0.01 4.8 0.3 9.9 45.5 0.82 14.3 3.6 9.2 3.3 2750 55 5.0 
Tap metal Retain slag 
Add metal 21:5 2.6 4.0 3.3 
Blow with N2 to 21.9 0.4 4.1 Bil 15 45.5 0.09 25.2 4.3 8.3 None 2750 505 30.3 
Tap metal Tap slag 
material removed in sampling. Such losses should mesh and then concentrated by magnetic separation. 


be considerably less in a stabilized industrial opera- 
tion. 

Admittedly, the silica content of the slag is much 
higher than the specifications for ferro-grade 
material and illustrates a previous statement that 
ideal specified conditions are not all attainable 
simultaneously in a direct processing procedure. As 
an alternative to the high silica synthetic manganese 
ore, the basic converter may be operated to produce 
viscous, lower silica slags, with their attendant, 
entrapped, high phosphorus-bearing metallic gran- 
ules by blowing metal with a lower Si-Mn ratio than 
is used to produce the fluid slags. Table III shows 
the analysis of such slags. In every case the metal 
of the previous heat had been blown to an accept- 
ably low manganese content and high phosphorus 
slag retained in the furnace for treatment with the 
succeeding spiegeleisen charge. The analysis of the 
products of the intermediate phase of the operation 
are not shown in Table III. The slag contained from 
4 to 15 pet entrapped metal which was removed by 
a hand magnet before analysis. 

A composite of slags, such as shown in Table IV, 
contained more than 0.7 pct P before removal of 
metallic shot. This sample was ball-milled to 20 


The resultant concentrate contained 60 pct Mn, 2.8 
pet Fe, and only 0.15 pet P. Approximately 98 pct 
of the manganese was recovered in the beneficiated 
product. 

Although these relatively viscous slags are ame- 
nable to mechanical treatment for removal of en- 
trapped metal and thereby provide an acceptable 
concentrate, additional processing steps are intro- 
duced that require crushing and grinding of the 
slag, magnetic separation of metallic pellets, and 
agglomeration of the concentrated slag to a usable 
blast-furnace feed. Therefore, to obviate this addi- 
tional processing, greater fluidity of the converter 
slag without increasing silicon content beyond the 
12 to 15 pct range is highly desirable and brings 
up the subject of additional agents for imparting 
fluidity to high manganese slags. 


Slag-Fluidizing Agents 


Substitution of part of the silica by other oxides to 
obtain equivalent fluidity in manganese slags at 
certain operating temperatures has been advocated 
by various investigators in the past. Herty, Conley, 
and Royer’ showed that alumina could be substituted 
for some 10 pct of the 20 to 25 pet SiO, content 


Table II1. Limited Oxidation of Manganese from High Phosphorus Spiegeleisen Without Enough Silicon to Produce 
Fluid Slags 


Analyses, Pct 


Metal Slag Ratio 
CaO+ Metal Re- Tempera- 

Mn Si Cc Fe Mn SiO». AlsOs MgO moved, Pct ture, °F Mn-P Mn-Fe 
27.2 2.3 3.9 2.6 
12.8 0.0 4.9 1.4 3.4 60.1 0.16 16.0 0.6 2.0 15.6 2830 376 17.7 
24.8 3.9 3.1 
18.3 0.0 4.6 1.9 2.4 62.0 0.06 15.2 0.9 2.1 3.9 1033 25.8 
18.1 1.3 4.0 2.6 

6.4 0.0 5.0 0.7 2.9 57.7 0.11 13.6 2.5 4.8 6.2 2820 524 19.9 
22.2 2.2 3.8 2.5 
11.6 0.0 4.6 ils! 3.8 63.2 0.15 15.6 0.3 0.5 7.4 2740 421 16.6 
19.6 2.3 4.0 3.4 

6.7 0.0 4.8 nl) 3.5 54.4 0.16 14.6 2.9 4.7 2990 340 15.5 
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Table IV. Examples of Alumina Substitution for Silica in Cyclic Oxidation of Phosphor Spiegel 


Analyses, Pct 


Metal Slag 
Sequence of 
c CaO Metal Re- 

Operations Mn Si P Mn Fe P SiO. MgO eyed, Pet 
Add metal 17.4 0.63 3.5 
erties to 1.9 0.03 4.0 48.2 9.1 1.08 8.2 10.7 4.6 3.3 

ow me fo) 17.0 0.07 3.6 58.6 4.1 H 
Heiss at 0.38 10.4 6.2 4.5 20.4 Tap slag 
Blow metal to 0.9 0.00 3.3 49.4 9.6 2.29 7.4 17.8 2.3 8.0 
Tap metal Retain slag 
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required in a high manganese slag to obtain pouring 
fluidity at 2700° to 2900°F. A further advantage 
claimed for the alumina substitution was that better 
control of silicon in ferromanganese smelting was 
obtainable by the lower silica concentration in the 
blast-furnace charge. Borax also imparted fluidity 
to manganese slags but was not considered eco- 
nomically usable. 

A series of spiegel oxidizing tests was made in the 
present investigation whereby an aluminous clay 
was added to the reaction vessel during the blowing 
period to attain 8 to 18 pct Al.O;. The silicon content 
of the spiegel was adjusted to provide 6 to 11 pct 
SiO, in the slag product. Although a certain degree 
of fluidity was attained with alumina in the high 
manganese slags of less than 11 pct SiO, concentra- 
tion, the phosphorus control was very unsatisfactory, 
as shown in Table IV, even though the oxidation 
was performed in the cyclic manner. The noticeable 
build-up of phosphorus in the successive cycles of 
the oxidation operation indicated an affinity of 
alumina for phosphorus similar to that normally 
associated with lime. Such build-up of phosphorus 
during successive cycles was not noted with low 
alumina slags. This is vivid evidence that slag 
fluidity for preventing entrapment of metallic gran- 
ules is not the only characteristic to be considered. 
Proper control of phosphorus content within speci- 
fied limits is the main factor on which the success of 
the project depends, and the alumina substitution for 
silica appears to be detrimental to phosphorus 
control. 

Another fluidizing medium for high manganese 
oxide slags proposed by Lofquist® involves introduc- 
tion of sulphur by a compound such as iron pyrites. 
The manganese of the metal reacts with the iron 
sulphide, resulting in transfer of manganese to the 
slag phase as manganese sulphide and precipitation 
of iron to the metal portion of the melt. At a MnO- 
MnS ratio of 1:1 the melting point is only 2335°F 
compared with about 3100°F for manganous oxide. 
This sulphidation-oxidation method for obtaining 
slag fluidity was moderately successful in a number 
of tests in our investigation and in some operations 
in Germany reported by Wittig’ and coworkers. 
However, such slags would require further process- 
ing, such as roasting to remove sulphur, followed by 
sulphur recovery. In addition, if the metal is blown 
below 2 pct Mn, it will have a high sulphur content, 
that is, 0.15 pet S, which would necessitate con- 
siderable expense for its removal in the further 
utilization of the blown metal in steel production. 
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There were various inherent limitations in these 
500 lb spiegel oxidation operations. Heat losses by 
radiation from the oxidizing vessel were abnormal 
in relation to the heat evolved from the 450 to 500 
lb of spiegel treated. Therefore, some of the indi- 
cated slag viscosity may have resulted from lower 
vessel temperatures than would be encountered on 
larger scale operations. Also the lip or spout, over 
which the manganese slag was removed, was un- 
heated. Therefore, high slag fluidity was necessary 
for slag removal by pouring. Further heat loss 
occurred while disconnecting the air-blast line and 
plugging the tuyere before each slag withdrawal and 
metal tap. 

To eliminate various objectionable mechanical 
features and proportionately decrease the heat 
losses, a 2000 lb capacity basic converter of the con- 
ventional bessemer shape has been erected for con- 
tinued larger scale operations on manganese oxida- 
tion to a synthetic manganese ore. Improvement in 
pouring of slags of lower fluidity is expected from 
this vessel because the pouring lip will have been 
heated during the oxidation operation. Also, better 
uniformity in operating temperatures should result 
from the increased heat evolved during oxidation in 
relation to the radiation area. 


Conclusions 

These preliminary small scale tests show that 
preferential separation of manganese from high 
phosphorus spiegeleisen is feasible in a basic con- 
verter operation. High manganese slags of consist- 
ently low phosphorus can be produced by a cyclic 
operating process. 

Alternative types of high manganese slag products 
of the preferential oxidation process are indicated. 
Fluid slags that contain no entrapped metal are well 
within ferro specifications for phosphorus and iron 
but too high in silica content. Lower silica viscous 
slags, with attendant entrapped metal, require 
mechanical beneficiation for removing metallic 
granules so that phosphorus and iron are limited to 
the specified concentrations for ferro feed. 

Larger scale oxidation experiments on phosphorus 
spiegel in a 2000 lb capacity vessel of the conven- 
tional bessemer type are in progress to obviate some 
of the operating and mechanical limitations inherent 
in small scale operations. 
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Technical Note 


Effect of a Prequench on the Martensite Reaction in Tool Steel 


by John J. Gilman 


ECENT experiments have shown that the mar- 

tensite reaction in a standard tool steel is in- 
fluenced by the history of the reacting austenite. The 
martensite reaction proceeds to a given extent at a 
higher temperature in austenite formed from an 
annealed spheroidal structure than it does in aus- 
tenite formed from tempered martensite: that is to 
say, a prequench lowers the temperature range of 
the martensite reaction in this steel. Furthermore, 
a prequench alters the appearance of the martensite 
as compared to martensite formed from “virgin” 
austenite. 

The steel used for this work was a manganese 
nondeforming tool steel of the following composi- 
tion: C, 0.85 pct; Mn, 1.43; Si, 0.23; Ni, 0.12; Cr, 0.59; 
and W, 0.59. A piece from a rolled bar was forged 
to % in. sq and annealed to a spheroidal structure. 
Disks 1 in. thick were used in the experiments. 
Several sets of the specimens were prepared and 
austenitized in lead at 1475°F. Three sets were held 
at 1475°F for 15 min, quenched in water, and im- 
mediately reheated to 1475°F. After this quench the 
three sets were held for 5 min, 30 min, and 3 hr, 
respectively, at 1475°F and then the individual speci- 
mens in each set were quenched in molten baths to 
325°, 300°, and 275°F, respectively, and held for 15 
sec. Immediately after the quenching treatments, 
the specimens were tempered at 600°F for 30 sec to 
darken the martensite and then were quenched in 
water. The holding times were short enough to avoid 
isothermal transformation. Three other sets of speci- 
mens were given the same final quenching treat- 
ments as the first three, but they were austenitized 
at 1475°F for 20 min, 35 min, and 3 hr and 15 min, 
respectively, without an intermediate water quench. 
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The two individual specimens from each set were 
quenched together in order to eliminate quenching 
errors. Several experiments were run in this way 
but only the six sets referred to are described in 
detail because they all yielded essentially the same 
results. By means of the stated heat treatments the 
martensite reaction was investigated for: 1—aus- 
tenite formed from an annealed structure, and 2— 
austenite formed from tempered martensite. 

The martensite reactions of the two types of aus- 
tenite differed significantly. This is shown by Figs. 
1 and 2. Comparison of the photographs on the left 
in Figs. 1 and 2 with those on the right shows that 
less martensite was formed by a quench to a given 
temperature from prequenched austenite than from 
austenite formed from an annealed structure, that 
is, the prequench suppressed the martensite reaction. 
The effect was observed for specimens austenitized 
20 min, 35 min, and 3 hr and 15 min. A comparison 
of Figs. 1 and 2 shows that the martensite reactions 
in both sets of specimens occurred at lower tempera- 
tures with increased austenitization time. This was 
caused by the increased dissolution of residual car- 
bides with time at 1475°F. However, the difference 
in amount of martensite formed in prequenched 
austenite as compared to virgin austenite was ap- 
proximately the same for all three austenitization 
times. One further observation should be noted. The 
needles of the martensite formed from virgin aus- 
tenite are somewhat longer on the average and show 
less of a tendency to cluster than those of martensite 
formed from prequenched austenite. This causes the 
martensite on the right in Figs. 1 and 2 to have a 
more acicular appearance than the martensite on 
the left. 

Since the sets of specimens used in this work were 
austenitized for identical total lengths of time and 
the effect of a prequench on the martensite reaction 
existed for specimens held at the austenitizing tem- 
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Fig. 1 (right and below)—Effect of pre- 
quench on the martensite reaction in tool 
steel specimens austenitized for 20 min 
at 1475°F. Etched in picral. X650. Area 
reduced approximately 66 pct for repro- 
duction. 

a (left) —Specimen austenitized at 
1475°F for 15 min, water quenched, and 
reheated for 5 min. 

b (right)—Specimen austenitized for 20 
min at 1475°F. 

a and b—Quenched in salt bath at 325°F 
for 15 sec then tempered at 600°F for 
30 sec. 


low) —Effect of pre- 
quench on the martensite reaction in tool 
steel specimens austenitized for about 3 
hr at 1475°F. Etched in picral. X650. 
Area reduced approximately 66 pct for 
reproduction. : 

a (left) —Specimen austenitized at 
1475°F for 15 min, water quenched, and 
reheated for 3 hr. 

b (right) —Specimen austenitized for 3 
hr-15 min at 1475°F. 

a and b—Quenched in salt bath at 325°F 


perature for both short and long times after the pre- 
quench, it is felt that the observed effect cannot be 
attributed to a direct carbide-dissolution effect. It 
is possible, however, that the prequench acts in- 
directly on the carbide dissolution reaction by intro- 
ducing internal strains which persist when austenite 
is formed. This is not a particularly attractive inter- 
pretation of the phenomenon, however, because of 
the difference in the appearance of the martensite 
needles between the prequenched specimens and 
those that were not. Also, because the effect of the 
prequench is not sensitive to austenitizing time. It 
seems more likely that the structure, rather than 
the composition, of the austenite formed from tem- 
pered martensite is different from that austenite 
formed from an annealed structure. The structural 
difference is not grain size because the fracture 
grain size of both the prequenched and the virgin 
austenite were between 9 and 10 on the Shephard 
scale. Perhaps the structural difference is related to 
the different mode of formation which austenite 
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c (left)—Specimen austenitized at 
1475°F for 15 min, water quenched 
and reheated for 5 min. 


d (right) — Specimen austenitized 
for 20 min at 1475°F. 


c and d—Quenched to 300°F for 
15 sec then tempered at 600°F for 
30 sec. 


for 15 sec then tempered at 600°F for metic Se 


c (left) —Specimen austenitized 
at 1475°F for 15 min, water 
quenched, and reheated for 3 hr. 


d (right) — Specimen austenitized 
for 3 hr-15 min at 1475°F. 


c and d—Quenched to 300°F for 
15 sec then tempered at 600°F 
for 30 sec. 


takes in tempered martensite as compared to pear- 
lite.* 

The effect of a prior quench on the martensite 
reaction in tool steel is of some practical interest 
because it explains a fact known to steel treaters: 
it is unwise to double-harden tools as they are likely 
to crack on the second quench. The suppression of 
the martensite reaction to lower temperatures caused 
by the first quench accounts for this phenomenon. 
Unfortunately, it was necessary to discontinue the 
present investigation so that the general significance 
of the prequench effect in the martensite reaction 
was not established. It would be of interest, for 
example, to know whether the effect exists in hypo- 
eutectoid steels. 

The author wishes to thank the Crucible Steel Co. 
of America whose facilities were used for part of 
this work. 
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Lead Blast Furnace Gas Handling and Dust Collection 


by R. Bainbridge 


HE Consolidated Mining and Smelting Co. of 
Canada Ltd. has operated a lead smelter at 
Trail, B. C., for many years. In order to take ad- 
vantage of metallurgical advances, as well as to 
improve materials handling methods, this company, 
commonly known as “Cominco,” commenced plan- 
ning a program of smelter revision and moderniza- 
tion some years ago. The first stage of this program 
involved the design and construction of a new blast 
furnace gas cleaning system. The selection of equip- 
ment, the design of facilities, and preliminary op- 
erating details of this system will be dealt with in 
this paper. 
The essential problem was to clean and collect 100 
tons of dust daily from 153,000 cfm* (12,225 lb per 


* All gas volumes mentioned in this paper are at normal tem- 
perature and pressure (32°F, 760 mm Hg) unless otherwise noted. 


min) of lead blast furnace gas which varied in tem- 
perature from 350° to 1100°F. Because it was de- 
sired to collect the dust dry, either a Cottrell or a 
baghouse cleaning plant was to be selected. Comin- 
co’s many years of experience with both systems 
provided a background for choosing the most satis- 
factory installation. 

All information pertinent to the two methods of 
dust recovery was carefully investigated, and it was 
decided to replace the existing equipment with a 
baghouse. Very briefly, the reasons for this de- 
cision were as follows: 

1—A baghouse installation would be practical be- 
cause the SO. content of the gas was low and corro- 
sion would not be a problem if the baghouse operat- 
ing temperatures were held sufficiently above the 
dew point. 

2—Variations in the physical characteristics of 
fume and dust, which are inherent in this blast fur- 
nace operation, should not substantially affect the 
operating efficiency of a baghouse. 

3—For the same capital cost, metal losses (stack 
and water losses) would be appreciably less in a 
baghouse. 

4—A baghouse would be easier to operate, and 
would not require the use of highly skilled labor. 

5—Operating and maintenance costs of a bag- 
house would be lower. 

6—The only available space for reconstruction 
was relatively small, and not suited to a Cottrell 
installation. 

Once the baghouse system was decided upon, de- 
tailed design of the installation was begun. 


Baghouse Design 
Gas Cooling: Before the required capacity of the 
baghouse could be determined, the method of cool- 
ing the gas to the temperature necessary for bag- 
house operation had to be chosen. The problem con- 
fronting the design engineers was how best to cool 
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Table |. Normal Range of Outlet Flue Gas Temperatures 


Gas Temperature, °F Pct of Test Period 


Below 300° 23 
300°-400° 45 
400°-525° 27 
525°-650° 4 
Above 650° 1 


153,000 cfm of gas from a temperature ranging from 
350°F to brief peaks of 1100°F, down to 210°F, the 
maximum safe baghouse inlet temperature. 

A survey of existing blast furnace gas tempera- 
tures in the outlet flue showed that the normal range 
was as given in Table I. 

The obvious choices of cooling method were:. 1— 
cool completely by the addition of tempering air; 
2—utilize a heat exchanger; 3—cool by radiation; 
and 4—cool with water spray in conjunction with 
the admission of tempering air. The advantages and 
disadvantages of the various cooling methods were: 

Air Addition: To cool completely by the admis- 
sion of tempering air involved tremendous volumes, 
Fig. 1. For example, to cool 1 lb of blast furnace gas 
at 450°F requires 1.84 lb of air at 80°F or 1.60 lb at 
60°F. As it is necessary to design for peak condi- 
tions, it can readily be seen that volumes of temper- 
ing air in the order of 1,500,000 cfm would have to 
be handled. Using the normal design figure of 2.5 
cu ft per sq ft of bag area, a baghouse installation 
comprising some 600,000 sq ft of filter cloth would 
be necessary. Such design requirements would be 
prohibitive, not only from a standpoint of capital 
expenditure, but also because of space limitations. 

Heat Exchanger: The utilization of a heat ex- 
changer was given serious consideration. A horizon- 
tal tube unit using air as the medium to cool the 
required volume of blast furnace gas from 400° to 
250°F was investigated. Cooling above 400°F would 
be done by water spray, and below 250°F by ad- 
mission of tempering air. 

The estimated capital cost of such a unit was 
found to. be prohibitive. From an operating stand- 
point, there was considerable doubt as to whether 
the soot blowing equipment provided would effec- 
tively keep the dust from building up on the tube 
surface. The performance of heat exchangers oper- 
ating on dusty gas in other company operations had 
not been too favorable. 

Radiation Cooling: Although somewhat cumber- 
some, gas cooling by radiation from ‘trombone’ tubes 
or other similar equipment (cyclones) is employed 
in many metallurgical operations. Such an installa- 
tion was also considered. However, calculations 
showed that an installation much larger than the 
space available would be required to handle the gas 
volume involved. For example, to cool 153,000 cfm 
of blast furnace gas from, say, 600° to 250°F (i.e., 
remove in the order of 58,500,000 Btu per hr with 
heat transfer rates varying from 1.1 Btu per sq ft 
per hr per °F for the higher temperature ranges to 
0.88 Btu per sq ft per hr per °F for the lower ranges) 
would need a cooling area of some 175,000 sq ft. 
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Fig. 1—Sketch showing arrangement of new baghouse and blast furnaces. Dotted areas indicate ground made available 


for further new construction. 


In addition to the prohibitive space requirements, 
it was anticipated that maintenance on such an in- 
stallation would be heavy. This could be very seri- 
ous due to acid corrosion if water cooling were used 
ahead of the radiation cooling unit for peak temper- 
ature conditions. 

Water Cooling: Water cooling, properly utilized, 
constitutes the most positive method. As the cooling 
depends on the evaporation of the water, the higher 
the gas temperature and the higher the degree of 
atomization of the water, the more effective will be 
the degree of cooling. Based on limited experience 
in our own plants and advice from outside sources, 
a cooling system using high pressure (700 to 750 
psi) water sprays with tempering air was designed. 

Possible operating conditions when cooling from 
650° to 210°F are indicated by the calculated figures 
in Table II, which are based on cooling to 275°F by 
water in the winter and to 250°F in the summer. The 
balance of the cooling would be by tempering air. 

Based on a 10 ft diam (or equivalent) steel flue 
from the main furnace flue to the cooling unit, a 25 
ft diam (or equivalent) cooling tower and a 14x15 
ft flue from the cooling unit to the baghouse inlet 
fans, the pressure drop from the blast furnaces to 
the baghouse inlet was calculated at 4.0 in. water 


gage and from the baghouse inlet to the stack inlet 
8.12 in. water gage (including 5 in. water gage 
across the bags). 

With the foregoing data as a basis, the design en- 
gineers developed a detailed design according to the 
following specifications, see Fig. 2: 

1—Blast-furnace gas would be cooled by an auto- 
matically controlled spray system installed in the 
uptake side of a two compartment steel tower. 

2—-The standard Meyer spray head fitted with a 
hard disk (Haynes stellite) would be used. 

3—To assure adequate atomization 700 psi water 
would be used. 

4—-A water filter would be required to remove 
abrasive silt. 

5—An automatically controlled tempering air 
damper would be installed at the base of the tower 
downtake. 

6—The tower would be designed to permit a 10 
sec retention time. 

7—The design must provide some means for 
cleaning dust and/or slime from the base of the 
tower. As the most suitable method had not been 
decided provisions were to be made: 

a—-To permit a dragline installation at the base of 
the tower downtake and the fan inlet flue. 


Table II. Operating Conditions for Cooling from 650° to 210°F 


Winter Operation 


Summer Operation 


Air temperature 
Dry weight of gas 
Water in furnace charge 
Water in air to blast furnaces 
Water before cooling 
Wet weight of original gas 
Heat to be removed by cooling water 
Water required: to cool to 275°F 
‘ to cool to 250°F 
Water after cooling 
Weight of wet gas after cooling 
Air at 40°F to cool from 275° to 210°F 
Air at 90°F to cool from 250° to 210°F 
Total weight of gas 
Water in cooling air: at 90 pct R.H. 
at 50 pct R.H. 
Total water 
Dew point 
Total volume to cooler fans 
Total volume to stack fans 
(assume 10 pct leakage) 


96 lb 


° 


12,225 lb per min 
36 lb per min 
60 lb per min, 90 pct R.H. 
per min 
12,321 lb per min 
1,111,000 Btu per min 
965 lb per min 


1,061 lb per min 
13,286 lb per min 
5,300 lb per min 


18,586 lb per min 
26 lb per min 


1,087 lb per min 
110°F 


330,000 cfm at 210°F 
355,000 cfin at 195°F 


90°F 
12,225 lb per min 
36 lb per min 
194 lb per min, 50 pet R.H. 
230 lb per min 
12,455 lb per min 
1,200,000 Btu per min 


1,080 lb per min 
1,310 lb per min 
13,535 lb per min 


4,700 lb per min 
18,235 lb per min 


74 lb per min 
1,384 lb per min 
120°F 


325,000 cfm at 210°F 
351,000 cfm at 199°F 


TRANSACTIONS AIME 


DECEMBER 1952, JOURNAL OF METALS—1303 


DRO$$ RETREATMENT FURNACE 4 PLAST FURNACES ZWOLDING FURNACES 
Tooo <fm 140.000 cfm Go00 cfm 
| Feep Flue 
CONDITIONING AIR 
COOLING speays 
TOWER Joo - 780 psi 
ALL FLUES AND EQUIPMENT INSULATED, | 4 
FLOM of 4/4 42 FANS [0 STACK be Pumes 
1 
| LADEN Ges 2 At FAN \ 
| 
10 VSE UNITS PULVERIZED 
LMEROCK 
| { (23 7/ bay 
=: 
SToRAce To psi AR | 1 
conveyor 7 Pome 70 psi AR. 1 
9 INSTRUMENTS 
psi AR 1 
j 
GS" FULLER H t 
1 MPERATURE CONTROL 
MINT FURNACE TIMING RELAY INS[ROMEN TS 
70 STORAGE Ay 
PLANT, 44 FAN 43 FAN 
STACK 
DFT 
286 FI 


Fig. 2—Smelter blast furnace smoke plant flowsheet. 


b—To allow a slime run-off from the uptake side 
to a sump equipped with a pump. 

c—To permit a dragline installation on the uptake 
side should the dust deposit be dry. 

d—To purchase a small Payloader which could 
be manipulated in the tower for clean-out during 
shutdown. 

8—Two duplicate fan units operating in parallel 
off the cooling tower outlet flue would be required. 
These fans were to have variable speed control by 
means of fluid couplings. The speed would be auto- 
matically controlled by the draft at the cooling 
tower inlet; i.e., indirectly by draft at the blast fur- 
naces. The proposed rating of each fan was 165,000 
cfm, 4 in. static pressure at 210°F, 1500 ft elevation, 
rated maximum horsepower, 250. 

9—There would be two duplicate variable speed 
baghouse outlet fans operating in parallel. Fans to 
be rated at 180,000 cfm, 9 in. static pressure, 210°F, 
1500 ft elevation. Fan speed to be automatically 
controlled through fluid coupling by baghouse inlet 
draft, rated maximum horsepower, 450. 

10—The baghouse would use the small bag largely 
because of familiarity with this type. 

11—The baghouse unit would be that manufac- 
tured by the American Wheelabrator and Equipment 
Co. and would have the following specifications: 

a—20 compartments of 396 bags each, installed 
in two banks of 10 compartments. 

b—A total bag area of 108,240 sq ft less 10 pct 
when shaking. 

c—Air-cloth ratio—3.08:1 when shaking. 

d—Volume of gas—300,000 cfm at 210°F. 

12—The baghouse inlet flue, compartments 
proper, outlet flue, clean gas fans, and stack breech- 
ing would be adequately insulated. 

13—The stack would be of reinforced concrete, 
284 ft high, 13 ft ID at the top and 20 ft 4 in. ID at 
the bottom. Wall thickness to be 15 in. at the bot- 
tom, decreasing to 9 in. at the top. 
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14—Interior building construction would have no 
protruding beams. Structural steel would be con- 
tained within smooth walls to prevent dust collec- 
tion and to facilitate washing down. 

Flue Dust Collection: It has already been noted 
that the labor and equipment cost involved in re- 
covering the flue dust from the original treater in- 
stallation was high, and industrial hygiene standard 
very low. It was imperative that any new design 
should incorporate a dust handling system that 
would be as completely automatic as practically pos- 
sible. Keeping this in mind, collector screw convey- 
ors were designed for installation below each bag- 
house compartment hopper. These conveyors dis- 
charged into a system of collector conveyors which 
ultimately delivered the dust to a single storage bin. 
This bin, in turn, was designed with a system of 
screws which discharged the dust to a Fuller- 
Kinyon pump. The purpose of this pump was to 
transport the dust by pipeline to a properly de- 
signed receiving bin at the sintering plant. In the 
event of the pump or pump system being down for 
any reason, the screw discharge system could alter- 
natively discharge to the narrow gage transportation 
system outside the building. 

Instrumentation: To facilitate smooth operation 
and hold operating labor to a minimum, it was 
agreed that the plant design should include com- 
plete instrumentation. The final arrangements were: 

1—Temperature recorder controller for tower 
control which would record the tower inlet tempera- 
ture and operate the control valves on the spray 
banks, to hold the tower outlet temperature at the 
level set on the control indicator. 

2—Two temperature recorder controllers for bag- 
house inlet control which would record the tempera- 
ture at the baghouse inlets, and control the degree 
of opening of the tempering air damper. This would 
be the final temperature control designed to hold 
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the baghouse inlet temperature at a maximum of 
210°F. 

3—Controller for bypass damper which is a time 
relay to operate in conjunction with the baghouse 
inlet controllers. Should the temperature at the 
baghouse inlet rise to 240°F through faulty spray 
operation, excessive furnace flue temperature or for 
any other reason and remain at that level for 70 sec, 
the relay would actuate a solenoid on the bypass 
damper and open the bypass flue to the stack. At 
the same time, the baghouse inlet fans would be 
automatically stopped. This is a safety precaution 
to protect the bags from excessive temperatures. 

4—Draft recorder controller for baghouse inlet 
fans which would control the baghouse inlet fan 
speed and hold a predetermined draft at the cooling 
tower inlet. Control would be through a fluid drive 
coupling on the fan drive assembly, both fans 
would be controlled in parallel. 

5—Draft recorder controller for baghouse outlet 
fans which would control the speed of the baghouse 
outlet fans and maintain a predetermined draft at 
the baghouse inlet. As before, control would be 
through fluid drive couplings. 

6—Miscellaneous Instruments: Among miscella- 
neous instruments on the control panel would be: 
spray water pressure recorder, spray water pressure 
indicator, draft indicator, air pressure indicators, 
and signal lights for conveyors, baghouse compart- 
ments, etc. 

Fig. 3 shows the complete instrument installation. 


Plant Operation 

The new plant was put into service on April 24, 
1951. Each half was first run separately as a check 
on the equipment. Minor alterations or modifica- 
tions were made as required. During a trial period, 
the treaters were allowed to remain in position as a 
safeguard should any major shutdown of the new 
plant be required. 

In subsequent baghouse operation, the gas cooling 
mechanism has operated smoothly, and there has 
been no difficulty in holding the gas temperature be- 
low the prescribed maximum despite a fairly wide 
temperature range at the cooling tower inlet. The 
fans have operated well, and draft conditions have 


Table Ill. Representative Assays of New Baghouse and 


Old Treater Dust 


Total $0,/S, 
Pb, Pet Zn, Pet S, Pct Pet Cd, Pct 
Baghouse dust _ 57. 8 14.7 DD 2.1 4.1 
Treater dust 51.0 12.0 9.6 3.4 3.8 


been maintained. Dust recovery has been excellent 
at better than 99 pct. The dust collecting and dis- 
posal system has operated without serious trouble, 
although some modification in the design of the 
storage bin is indicated. The labor savings originally 
expected have been realized. Also of great impor- 
tance is the marked improvement in industrial hy- 
giene brought about by the improved methods of 
dust handling and transportation. 

However, as might be expected, the operation has 
not been completely trouble-free. The first diffi- 
culty, and probably the most serious, developed 
from a change in the characteristics of the blast 
furnace dust itself. Whereas the dust which previ- 
ously had gone to the treater units was well oxi- 
dized, the dust passing through the cooling tower to 
the baghouse is not oxidized to the same degree. 
Some metallic fume, principally lead, is present and 
the dust is rendered much more pyrophoric. This 
became evident after a few days of operation when 
the dust in one of the compartment hoppers com- 
menced to smolder, Table III gives the assays of the 
new baghouse dust and old treater dust. 

X-ray diffraction examination of the baghouse 
dust showed the presence of metallic lead and PbS. 
After burning, the product of oxidation was shown 
to be basic lead sulphate (2 PbO-SO,). Examination 
of treater dust showed that it was predominantly 
PbSO;. Evidently the conversion of the lead com- 
pounds in the furnace dust to sulphite was the re- 
sult of a low temperature reaction in an aqueous 
medium (humidifying flue). 

The higher sulphur content of the treater dust is 
a further indication that a greater proportion of 
the sulphur, leaving the furnaces as gaseous SO,, 
passes through the baghouse as such, whereas in the 
treater system, it was converted to the sulphite and 
retained in the dust. 

The damage caused by this dust burning incident 
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Fig. 3—Baghouse instrument panel. 
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during the initial operating period was not serious. 
Only a few bags were destroyed, but the need was 
indicated for some type of control over this potential 
hazard. The necessary control has been maintained 
by injecting pulverized lime rock into the flues at 
the baghouse inlet fans. The lime rock seems to 
act as a retarder as far as ignition and subsequent 
burning is concerned. Lime-rock consumption has 
been in the order of 2 to 3 tons per day. The rate 
at which it is introduced into the system is con- 
trolled by an ‘“‘ignition test.’”’ In this test, a sample 
of dust is taken each hour and subjected to an 
electric spark. The ease of ignition of the dust and, 
if ignited, the rate of burning are noted, and the 
rate of lime-rock addition is adjusted accordingly. 

The ignition of the pyrophoric dust is probably 
due to a spark resulting from the static charge that 
tends to build up on the bags due to shaking. If the 
gas is bone dry, the accumulation of a static charge 
is more likely to be higher than under conditions of 
higher relative humidity. For this reason, wet and 
dry bulb temperatures are taken hourly and the 
dew point calculated. The limit to the quantity of 
water added for humidification was arbitrarily set 
so that the gas temperature would be held at least 
40°F above the dew point. 

It has previously been stated that the cooling 
tower and automatically controlled sprays have been 
adequate from a cooling standpoint. The number 
of banks of sprays going into operation is controlled 
by the tower inlet gas temperature. As originally 
designed and installed, the sprays went into opera- 
tion in sequence starting with the lowest bank of 
sprays. However, for the purpose of humidification, 
the lowest bank was taken off automatic control and 
operated continuously within the limits described. 
Despite the fact that the atomization of water was 
probably adequate and the gas temperature seldom 
lower than 350°F, evaporation of the water was far 
from being as complete as had been anticipated. 
Tower inspection showed that there was consider- 
able slime formation at the base of the uptake, 
corrosion of the steel at the base was apparent and 
there was excessive build-up on the walls and cross- 
members supporting the sprays. It was obvious that 
spray water was impinging on the tower walls and 
on cross-members, resulting in the reformation of 
water droplets which fell out of the gas stream. 
Means of countering this problem were discussed at 
length. A sloping floor was built at the base of the 
uptake to facilitate slime removal by washing with 
high pressure water. This was not successful as 
clean-out was only partial and the tonnage of slime 
production was high. 

At the time of writing this report, the sequence of 
spray operation has been completely reversed; that 
is, the sequence starts with the top bank of sprays. 
This is proving effective in that it has reduced slime 
formation, and the bottom of the tower has dried up. 
There has not been any indication of water carry- 
ing over to the inlet fans or baghouse units. How- 
ever, it is felt that ultimately all obstructions inside 
of the tower should be removed, and spray heads 
strategically re-installed through the walls. 

Prior to designing the baghouse, bag tests were 
run to determine the efficiency of various types of 
bag cloths. It was considered, at that time, that a 
good grade wool fabric would be suitable. On this 
basis, the original bag installation was wool. For 
test purposes, one unit (396 bags) was subsequently 
fitted with staple Orlon bags. The performance of 
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these bags has proved superior to that of the wool 
bags. The draft loss is somewhat higher, but the 
effective volume after shaking is greater for the 
Orlon bags, and the volume does not tend to fall 
off so rapidly in the interval between shaking. The 
Orlon bag passes less dust into the compartment. A 
further advantage of the Orlon synthetic fabric is its 
ability to withstand higher operating temperatures. 
From previous discussion on gas cooling, it is easy to 
realize to what extent gas volumes may be reduced 
if the final temperature can be 25° to 50°F higher. 

At the present time, several fabric manufacturers 
are attempting to produce and market synthetic 
cloths to compete with wool. Several of these ma- 
terials are now under test, in addition to the staple 
Orlon, and it is expected that eventually the wool 
bags will be permanently replaced. 


Flue Dust Treatment 

The difficulties connected with the recovery of flue 
dust appear to have been satisfactorily met with the 
installation of the new baghouse. However, in any 
metallurgical plant, the treatment of flue dust is a 
problem. Generally speaking, it carries high metal 
values, is mechanically difficult to handle, offers 
metallurgical troubles in treatment, and creates a 
rather serious problem in industrial hygiene. The 
lead plants of Cominco are no exception. 

Prior to the construction of the baghouse, the 
blast furnace dust (and sintering plant dust) was 
recirculated back to the sintering plant at a con- 
trolled rate. The control was based on the cadmium 
content of the blast furnace dust. Experience had 
shown that if the cadmium content was allowed to 
exceed 3.5 pct, loss of cadmium through the treaters 
to the stacks became excessive. To hold the cad- 
mium content at the required percentage, a propor- 
tion of the dust was given a strong acid leach in 
one section of the zinc plant. This leach was in- 
corporated into the plant circuit for cadmium and 
zine recovery. This operation has never been very 
desirable, but when the baghouse replaced the 
treaters, the difference in the character of the dust 
made it still more undesirable. The presence of 
metallics caused the evolution of arsine in the leach- 
ing process. This operation was discontinued. 

As an alternative to direct leaching of blast 
furnace dust, a portion is currently being blown into 
the hot slag retreatment flue by means of the Fuller- 
Kinyon pump-at the flue dust storage bin. The dust 
so handled is roasted and incorporated into the zine 
oxide fume which is subsequently treated for zine 
and cadmium recovery. This method is, in many 
ways, superior to the direct sulphuric acid leaching, 
but its use means there is still a large circulating 
load of dust through the sintering plant with the 
attendant health hazard and smelting cost. To mini- 
mize the handling and treatment costs, to eliminate 
the health hazard involved, and to recover the con- 
tained metals as soon as possible, new treatment 
methods are being studied. 

The first step in the plan for revision of Cominco’s 
lead smelter, the design and installation of the bag- 
house, has been completed. This unit means in- 
creased dust recovery, lower maintenance cost. 
lower operating labor costs, and healthier working 
conditions in the blast furnace gas handling and 
flue dust recovery operations. An early solution to 
the flue dust treatment problem will bring to a 
satisfying conclusion this phase in the modernization 
of the smelter. 
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Liquidus Surface of the Fe-S-O System 


by D. C. Hilty and Walter Crafts 


The liquidus diagram for the iron field of the Fe-S-O system 
has been derived experimentally. The solubility of oxygen in 
molten Fe-S alloys has been measured at several temperatures 
and found first to decrease slightly and then increase rapidly 

with increasing sulphur content. 


cE is well-known that the types, distribution, and 

amount of inclusions in any given steel are closely 
allied with the oxygen and sulphur contents of the 
metal, so that the term ‘“deoxidation” as conven- 
tionally applied in steelmaking refers not only to 
the control of oxygen and oxide inclusions but to 
collateral modification of sulphide inclusions as well. 
Inclusions commonly occur in steel as mixtures of 
oxides and sulphides, sometimes closely associated 
and sometimes apparently completely divorced. 
Their effects on the properties of the metal may 
vary widely depending on their types and distribu- 
tion as well as on their quantity. The mechanism 
by which inclusions form, however, and the means 
for controlling it are exceedingly complex and not 
well understood. Nevertheless, as described by 
Benedicts and Lofquist’ and by Wentrup’ all oxide 
and sulphide inclusions, excluding mechanically en- 
trained matter, must result from specific modifica- 
tions of the basic equilibria of the Fe-S-O system. 

In an investigation of the mechanism of deoxida- 
tion and inclusion formation being carried out at the 
Union Carbide and Carbon Research Laboratories, 
it became evident that quantitative data for the 
fundamental Fe-S-O system were essential to a bet- 
ter understanding of the problem. Consequently, 
the liquidus surface of the portion of the Fe-S-O 
diagram of interest in steelmaking has been deter- 
mined, and the solubility of oxygen in liquid iron 
containing sulphur has been measured. 


Fe-S-O Diagram 

The portion of the Fe-S-O diagram of specific in- 
terest in steelmaking is the Fe-FeS-FeO corner. Of 
the contiguous binary diagrams for this partial sys- 
tem, only those for Fe-FeO and Fe-FeS are known 
with reasonable certainty.’ Several attempts to de- 
rive the FeO-FeS diagram have been made, chief 
among them being the work of Giani as reported by 
Oberhoffer,* and, more recently, that of Vogel and 
Filling.’ Although both Giani and Vogel and Fulling 
published diagrams for the FeO-FeS system, their 
observations indicated that the oxide component 
approximated Fe,O, rather than FeO, so that there 
is doubt whether the system is truly binary. 


D. C. HILTY and W. CRAFTS, Members AIME, are Research 
Metallurgist and Associate Director of Research, respectively, Union 
Carbide and Carbon Research Laboratories, Inc., Niagara Falls, N. Y. 

Discussion on this paper, TP 3416C, may be sent, 2 copies, to 
AIME by Feb. 1, 1953. Manuscript, June 11, 1952. New York 
Meeting, February 1952. 
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Fig. 1—Fe-O-S diagram according to Vogel and Fulling.° 


Benedicts and Lofquist and also Wentrup pub- 
lished qualitative sketches of the ternary diagram 
based on the assumption that it was of the type 
described by Marsh*® for a ternary system in which 
two of the contiguous binary systems are simple 
eutectic systems and the third exhibits a solubility 
gap in the liquid. Apparently, however, the only 
previous effort to establish the diagram experi- 
mentally was that of Vogel and Filling whose re- 
sults are reproduced in Fig. 1. 

Although defining approximately the limits of the 
miscibility gap and the location of the ternary eutec- 
tic, point EF in Fig. 1, Vogel and Fiilling’s diagram 
must be considered only semiquantitative. It was 
derived from a limited number of observations 
mainly along two quasi-binary sections, and the di- 
rections of the tie-lines and the location of the criti- 
cal point, K in Fig. 1, were estimated by computation. 


Experimental Procedure 


The experimental technique employed for the 
present investigation involved melting mixtures of 
ferrous sulphide and ferric oxide in contact with 
iron. Since it was considered that in this part of 
the system the vapor pressures of sulphur and SO, 
are so low that they would not affect the results sig- 
nificantly, the melting was carried out in a current 
of argon to sweep out products of any initial re- 
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: Table |. Nominal Composition of Samples as Charged in 
Iron Crucibles 


Mixture FeS, Pct Fe203, Pct s-O 


-4 
-6 
-7 
-8 80.0 
-9 
-1 
-1 


Ne 
© 


from melted electrolytic iron. The crucibles were 
¥% in. OD x % in. ID x 2 in. high with a bottom 
thickness of 44 in. The amount of the charge varied 
between 2 and 3 g. The compositions of the various 
mixtures employed are listed in Table I. 


When charged, the crucibles were suspended on a 


\ 
Fe = tungsten wire in a vertical-tube Globar furnace 
with automatic temperature control. The tube was 
a in. standard McDanel combustion tube. Argon 
Fig. 2—Fe-O-S diagram according to this investigation. was admitted through a seal at the top of the tube 


action between the FeS and Fe.O,; and prevent any and permitted to sweep through the tube at a rate 
subsequent oxidation. of approximately 4 liters per min. The tungsten 

Mixtures of FeS and Fe.O, powders calculated to | suspension wire extended through the seal and was 
give a specified ratio of sulphur to oxygen were fastened outside the furnace, so that it could be cut 


charged in iron crucibles machined from rod forged for quenching the crucible without opening the top 


Table II. Results of Samples Melted in Iron Crucibles 


Chemical Analysis, Pet 


Slag Layer Metal Layer 
Tempera- 
Mixture ture, °C Fe Ss Fe Ss 0,* Pet Remarks on Micro-observations 
S-+ 1000 68.14 19.68 krimary oxide in ternary eutectic 
A tew particles of unreacted oxide 
1100 68.58 19.42 Primary oxide in ternary eutectic 
1200 69.53 18.12 Primary iron and oxide in ternary eutectic 
1300 69.70 18.08 Primary iron and oxide in ternary eutectic 
1350 70.93 18.22 Primary iron and oxide in ternary eutectic 
1400 70.82 16.60 95.39(?) 3.98 0.321 Separation into two layers. Top layer: primary iron (small) and 
oxide in ternary eutectic. Bottom layer: iron-rich, primary iron 
with sulphide and small amount ternary eutectic 
S-6 1400 73.15 Primary oxide and traces of iron in ternary eutectic 


15 8.78 
1450 74.54 6.65 98.29(?) 0.76 0.180 Separation into two layers. Top layer: primary iron and considerable 
oxide in small amount ternary eutectic. Bottom layer: mostly 
primary iron with some sulphide and traces ternary eutectic 


S-7 900 No evidence of fusion 
925 67.30 23.80 Ternary eutectic only 
1000 70.37 21.79 Primary iron and ternary eutectic with needles of FeS phase (?). 
Excess iron in bottom of crucible 
1100 70.10 22.89 Similar to above, but fewer needles 
1200 70.59 23.28 Similar to 1000° and 1100°C samples 
1300 70.37 21.77 Primary iron and small amount of sulphide in ternary eutectic 
1350 72.38 21.18 Similar to 1300°C sample 
S-7 1400 95.61(?) 3.68 0.306 Separation into two layers. Mostly metal layer. Top layer: primary 


iron (small) and oxide in ternary eutectic. Insufficient for analy- 
sis. Bottom layer: iron-rich, primary iron with sulphide and small 
amount ternary eutectic 


S-8 1150 71.04 25.27 Primary iron and sulphide in ternary eutectic 
1350 76.51 20.50 Separation into two layers. Top layer: primary iron and sulphide with 
ternary eutectic. Bottom layer: iron-rich, primary iron and sul- 
phide with small amount ternary eutectic. Insufficient for analysis 
s-9 1000 68.36 25.57 Primary iron (small) and considerable sulphide in ternary eutectic 
1100 70.15 25.30 Primary iron and sulphide in ternary eutectic 
1200 71.49 24.00 Similar to 1000° and 1100°C samples except a little more primary iron 
1300 72.38 23.45 Same as above, but more primary iron 
1350 73.28 21.84 Mostly primary iron and sulphide in ternary eutectic, but some smali 
globules of iron-rich phase—no separation. Sample probably on 
edge of miscibility gap 
S-11 1000 68.36 27.59 Small quantity primary iron and large amount sulphide in ternary 
eutectic 
1100 70.37 25.85 Similar to above with more iron 
1150 reeves 26.09 Similar to above with less ternary eutectic 
1200 71.49 25.19 Similar to above with more iron dendrites 
1300 76.40 22.89 Considerable primary iron with sulphide in ternary eutectic 
S-1l 1350 76.40 20.76 90.65 8.34 Good separation into two equal layers. Top layer: primary iron and 
sulphide in ternary eutectic. Bottom layer: iron-rich with consid- 
erable binary eutectic sulphide and ternary eutectic 
1350 Incomplete separation into layers as above 
1350 75.74 ZiE25 No separation 
S-12 980 68.36 29.56 Binary eutectic of sulphide and iron with small amount of ternary 
1000 69.25 28.68 Similar to above but with small amount primary iron 
1100 71.04 27.15 Similar to above with more primary iron 
1200 72.60 25.23 Increasing amount of primary iron dendrites 
1300 75.73 23.01 Similar to 1200°C sample, but still more iron 
1350 81.80 16.04 Apparently, separation into two layers of very nearly similar compo- 


sitions. This sample probably near critical point of miscibility 
gap. Analysis is total for both layers 


25 Oxygen determined by vacuum fusion on samples with more than 95 pct Fe. Error in analysis for iron too large to permit estima- 
tion of oxygen “‘by difference’’ at this low oxygen level. 
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Fig. 3—Structures of eutectic compositions. : 
a—Sample S-7 at 925°C showing ternary eutectic. X2000. b—Sample S-7 at 925°C showing needles in ternary eutectic. X2000. 
c—Sample S-7 at 1300°C showing primary iron in ternary eutectic. X100. d—Sample S-12 at 980°C showing pyrrhotite-iron eutectic 
in ternary eutectic matrix. X100. e—Sample S-4 at 1000°C showing nonequilibrium with iron, magnetite with wustite-iron eutectic 
in ternary eutectic matrix. X100. 


Fig. 4—Structures of conjugate liquid phases formed at 1350°C and illustration of primary iron precipitation 


just below three-phase equilibrium temperature. 


a—Sample S-11 at 1350°C showing nonmetallic phase, primary iron with pyrrhotite-iron eutectic, and ternary eutectic. X100. b— 
Same as a. X2000. c—Sample S-11 at 1350°C showing metallic phase, primary iron with pyrrhotite-iron eutectic and ternary eutectic. 
X100. d—Same as c. X2000. e—Sample S-11 at 1350°C showing primary iron with pyrrhotite-iron eutectic and ternary eutectic. 
X100. f—Same as e. X2000. 
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Fig. 5—Structures of conjugate liquid phases formed at 1400°C and of wustite-iron eutectic. 


a—Sample S-4 at 1400°C showing nonmetallic phase, primary iron with wustite-iron eutectic in ternary eutectic matrix. X100. b— 
Same as a. X2000. c—Sample S-4 at 1400°C showing metallic phase, primary iron with pyrrhotite-iron eutectic and ternary eutectic. 
X100. d—Same as c. X2000. e—Sample S-4 at 1100°C showing wustite-iron eutectic in ternary eutectic matrix. X100. f—Same 


as e. X2000. 


of the furnace. The bottom end of the tube was 
closed with a trapdoor which fitted fairly loosely in 
order to permit free escape of the argon. 

Temperatures were measured by a calibrated 
platinum-platinum-10 pct rhodium thermocouple 
encased in an alumina tube just touching the cruci- 
ble in the furnace. The cooling effect of the argon 
sweeping through the tube caused somewhat more 
variation in the operation of the furnace controller 
than would have otherwise been the case. However, 
continuous observations of temperature during the 
course of the runs indicated that the record tem- 
peratures are correct to within +10°C. 

At the conclusion of a run, the tungsten wire was 
cut, and the crucibles were permitted to drop 
through the trapdoor into a bucket of water for 
quenching. A cylindrical guide of wire mesh placed 
below the trapdoor prevented overturning of the 
crucibles and spilling of their contents during the 
quenching operation. After quenching, the crucibles 
and their contents were sectioned vertically. One 
half was employed for microscopic examination, and 
the other was used for chemical analysis. 

In all of the runs the crucibles were held for 2 hr 
at temperature. Preliminary work indicated no sig- 
nificant difference in results between holding peri- 
ods of 1 hr and 8 hr, so that it was considered that 
substantial equilibrium with the crucible was at- 
tained in much less than 2 hr. 

The ferrous sulphide employed was prepared by 
igniting powdered electrolytic iron and powdered 
sulphur. Chemical analysis indicated that it con- 
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tained 35 pct S and approximately 64 pct Fe, the 
balance being mainly oxygen. In this investigation, 
of course, contamination of the ferrous sulphide by 
a small amount of oxygen was not objectionable. 
The ferric oxide was chemically pure Fe.O; obtained 
commercially. 
Experimental Diagram 

The results of chemical analyses and microscopic 
examination of samples from the various runs are 
tabulated in Table II. From these results and other 
essential data taken from the published Fe-O and 
Fe-S diagrams,’ a partial diagram for the Fe-O-S 
system was constructed as shown in Fig. 2. Points 
for the 1450°C isotherm around the miscibility gap 
were obtained from the analysis of slags from the 
rotating furnace heats which will be described. 

Micrographs illustrating various points in the di- 
agram are reproduced in Figs. 3 to 5. Fig. 3a shows 
the appearance of the ternary eutectic, point (E) in 
Fig. 2. The ternary eutectic was located at the posi- 
tion indicated because sample S-7, melted at 925°C, 
contained practically nothing but ternary eutectic. 
A similar sample heated to 900°C failed to melt. 

Fig. 3b shows some curious needles that were ob- 
served in samples containing all ternary eutectic or 
a high proportion of ternary eutectic melted at tem- 
peratures below 1200°C. Optically, the properties 
of these needles resembled those of FeS. X-ray dif- 
fraction patterns indicated only FeO, FeS, and vari- 
ous small amounts of metallic iron present in sam- 
ples containing them. Samples with ratios of sul- 
phur to oxygen higher or lower than that of the 
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eutectic were not observed to contain needles. The 
specific identity and the mechanism of formation of 
these needles are not known, but it is inferred that 
they resulted from some peculiar phenomenon in 
the solidification of the eutectic during quenching. 

Fig. 3c illustrates the appearance of the ternary 
eutectic at low magnification and also the primary 
precipitation of iron that occurred upon quenching 
from a higher temperature. This particular sample 
contained the S-O ratio of the ternary eutectic but 
was heated to 1300°C. The iron dendrites are in- 
dicative of the high solubility of iron in the liquid 
at the indicated temperature. 

Fig. 3d represents the point at 980°C on the Fe- 
FeS binary eutectic, and Fig. 3e illustrates the point 
marked “sample failed to reach equilibrium” in Fig. 
2. In Fig. 3e, the dark crystal at the center of the 
picture was identified as magnetite, Fe,O, The 
lighter wiistite (FeO) is easily distinguished. 

Fig. 4a to d illustrates opposite ends of the 1350°C 
tie-line across the miscibility gap. The sample sepa- 
rated cleanly into two layers in the crucible, and 
Fig. 4a and b are micrographs of the nonmetallic 
layer while c and d refer to the metallic layer. Fig. 
4e and f represent a sample of the same S-O ratio 
heated to a temperature below that of the three- 
phase equilibrium. 
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Fig. 6—Effect of sulphur on the solubility of oxygen in liquid iron. 


Micrographs of samples at opposite ends of the 
1400°C tie-line across the miscibility gap are shown 
in Fig. 5a to d. Fig. 5e and f illustrate the point at 
1100°C locating the iron-wiistite binary eutectic. 

Although it could not be located precisely, the 
critical point (plait point) of the miscibility gap, 
point (P) in Fig. 2, is believed to lie close to the 
location shown. Samples with ratios of sulphur to 
oxygen higher than that of S-11 melted at 1340°C 
gave no indication of phase separation within the 


Table III. Results of Rotating Furnace Runs to Determine Effects of Sulphur on the Solubility of Oxygen in Molten 


Iron 
Metal Analyses, Pct Slag Analyses, Pet 
Tempera- Total Metallic oO, 
Run ture, °C s (0) Ss Fe Fe SiO» MgO By Cale. 
A 1654 0.022 0.267 
1649 0.038 0.241 
1651 0.064 0.244 
1652 0.096 0.241 
1647 0.12 0.236 
1649 0.189 0.232 
1646 0.276 0.265 
1647 0.354 0.273 
1654 0.50 0.326 
1652 0.63 0.340 
B 1651 0.012 0.290 
1648 0.011 0.260 0.10 74.09 3.20 1.49 21.1 
Gc 1599 0.008 0.218 
1600 0.022 0.193 
1605 0.049 0.175 
1604 0.081 0.184 
1600 0.11 0.180 
1597 0.183 0.193 
1598 0.250 0.218 
1595 0.361 0.218 
1596 0.46 0.215 
1599 0.59 0.251 
B 1601 0.011 0.210 
D 1552 0.016 0.162 
1551 0.031 0.173 
1547 0.042 0.173 
1546 0.10 0.163 
1546 0.173 0.160 
1553 0.267 0.169 
1553 0.344 0.202 
1554 0.36 0.200 
1550 0.49 0.201 
E 1540 0.007 0.196 
1546 0.031 0.174 
1550 0.084 0.193 
1555 0.18 0.191 
1553 0.445 0.209 
1550 0.88 0.230 
13.01 70.93 2.10 2.46 8.7 
1548 3.82 0.574 
¥ 1497 1.20 0.219 2.29 74.00 eu 1.21 20.0 
1500 1.14 0.206 
1505 2.44 0.294 
1498 3.58 0.528 
1497 4.53 0.531 
1505 5.36 0.643 
15.08 77.07 40.3 2.30 1.01 3.0 
1501 11.68 2.94 
270 
1445 4.25 24.6 2.6 1.27 6.7 
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liquid and suggested a 1340°C isotherm more or less 
parallel to the 1300°C isotherm approaching the Fe-S 
side of the diagram at approximately 18 pct S in 
agreement with the Fe-S diagram. In sample S-12, 
melted at 1350°C, however, there was micrographic 
evidence of separation into two layers of almost 
identical compositions. It is considered, therefore, 
that the critical point is situated approximately at 
(P) in Fig. 2 at a temperature between 1340° and 
1350°C. It is notable that the various isotherms of 
the iron surface as drawn in Fig. 2 (in accordance 
with the experimental data) intersect the Fe-S side 
of the diagram in close agreement with the pub- 
lished Fe-S diagram. 

The authors wish to point out that, although for 
the sake of completeness in construction the diagram 
has been extended to a binary join between pyrrho- 
tite and magnetite, no knowledge of the system be- 
yond the iron-wiistite and iron-pyrrhotite bound- 
aries is implied. The results, however, and in par- 
ticular the micrograph in Fig. 3e do appear to sup- 
port the type of construction employed in estimating 
the location of the magnetite-wustite peritectic. 
Although this diagram is in qualitative agreement 
with that of Vogel and Fulling, certain significant 
differences, particularly the specific locations of the 
ternary eutectic and the plait point of the liquid 
miscibility gap, are evident. 


Solubility of Oxygen in Liquid Fe-S Alloys 


The solubility of oxygen in liquid iron containing 
sulphur was evaluated by means of a series of rotat- 
ing furnace heats made in magnesia crucibles under 
an argon atmosphere according to a technique that 
has been described.’ The melting stock employed 
was electrolytic iron, and sulphur additions were 
made in the form of the. ferrous sulphide described 
above. In order to keep the heats saturated with 
oxygen at all times, additions of chemically pure 
ferric oxide were made when required. This was 
especially necessary at the higher sulphur concen- 
trations in which the solubility of oxygen in the 
metal increased rapidly. 

The determination of oxygen in the samples from 
these heats by conventional vacuum-fusion tech- 
niques presented something of a problem. It was 
quickly apparent that determination of oxygen by 
the usual methods in samples containing more than 
about 0.05 pct S could lead to serious complications. 
This obstacle was overcome, however, by the 
vacuum-fusion method developed by Hamner and 
Fowler® for this investigation. Sulphur contents 
were determined gravimetrically. 

The analytical results for both metal and slag 
samples are given in Table III. At the higher tem- 
peratures the slags were so fluid and watery that 
they could not be sampled reliably, so that in most 
cases only slags from low temperature heats were 
analyzed. From the slag analyses that were avail- 
able, however, it was evident that contamination 
from the crucible and from the thermocouple pro- 
tection tube was so low that its effect could be con- 
sidered relatively unimportant. 

From the results in Table III solubility curves 
were plotted as shown in Fig. 6. The rapid increase 
in oxygen solubility at high sulphur concentrations 
is notable. The small decrease in oxygen content 
with increasing sulphur up to approximately 0.10 
pet is consistent at the different temperatures, and 
is believed to be real. Presumably, it is a reflection 
of the fact that the Fe-S system, itself, tends toward 
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liquid immiscibility,’ so that it would be anticipated 
that the initial effect of sulphur might be one of 
broadening the Fe-O miscibility gap. 

Because the electrolytic iron employed as melting 
stock contained from 0.008 to 0.01 pet S, these ob- 
servations could not be extended below that level. 
Consequently, it is not known whether the curves 
continue their indicated trend or level off as zero 
sulphur is approached, In this connection it may be 
worthy of note that currently accepted values of the 
solubility of oxygen in pure iron were derived from 
measurements on iron containing small amounts of 
sulphur. 

It is possible that because of the incidental slag 
contamination that has been disregarded as not sig- 
nificant in plotting them, these curves may be up to 
5 pct low with respect to oxygen over their whole 
range. Such an error is well within the analytical 
precision, however, and it is considered that within 
the experimental limits Fig. 6 is an adequate repre- 
sentation of the solubility of oxygen in liquid iron 
containing sulphur. 

Summary 


The liquidus diagram for the Fe-FeS-FeO region 
of the Fe-S-O system has been derived. The system 
is shown to have a ternary eutectic located at 67 pct 
Fe, 24 pct S, 9 pet O and approximately 920°C. A 
liquid miscibility gap extends into the system from 
the Fe-O side to a sulphur content of 21.5 pct with 
a minimum point at approximately 81.5 pct Fe, 16.5 
pet S, 2 pet O and 1345°C. 

The solubility of oxygen has been determined at 
several temperatures in liquid iron containing sul- 
phur. It appears that with increasing sulphur con- 
centrations, the oxygen content of iron first de- 
creases slightly, up to about 0.10 pct S, and then in- 
creases rapidly. 
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Determination of Oxygen in Iron in the Presence Of 


Sulphur by the Vacuum-Fusion Method 


by H. L. Hamner and R. M. Fowler 


URIN G the last 25 years, there appeared in the 

literature a number of papers describing equip- 
ment and operating techniques for the determina- 
tion of total oxygen in iron and steel. In the early 
papers, comparatively little attention was paid to 
side reactions that occur when iron is saturated 
with carbon at a high temperature in a high vacuum. 
As more experience was gained with the new 
method, the limitations appeared. Metals, with a 
boiling point lower than iron, distilled out of the 
crucible, condensed in the cooler part of the furnace, 
and subsequently reacted with carbon monoxide to 
form oxides and carbon. Aluminum, manganese, 
and the alkaline earth metals proved troublesome in 
this respect. Modifications have been devised to 
overcome the difficulties due to aluminum and man- 
ganese, while the alkaline earth metals are not of 
too much concern as yet to the steel chemist. The 
reactions of sulphur have received less attention, 
although it is generally recognized that some carbon 
disulphide is probably formed. Liquid air traps 
have been used in some cases to prevent any carbon 
disulphide from entering the analytical train. Sul- 
phur was not a particular problem at the Union 
Carbide and Carbon Research Laboratories until 
the analysis of the irons of higher than usual sulphur 
contents became necessary. 

In order to describe the procedure developed for 
such irons, it will be necessary to first describe the 
type of vacuum-fusion equipment employed because 
the operation of vacuum-fusion equipment is an art 
to a considerable extent. At the Laboratories, 
vacuum-fusion equipment has been in daily opera- 
tion since about 1930. Over the years, the evolution 
of this apparatus has been governed by the versa- 
tility required to analyze a wide variety of materials. 
Since all types of materials from high purity metals 
to slags are analyzed and, since seldom more than a 
few samples of one type are analyzed in succession, 
the apparatus was designed for accuracy and flexi- 
bility rather than for speed. A general view of the 
equipment is shown in Fig. 1, while Fig. 2 shows the 
relationship of the various parts. 

In Fig. 2, A is a vertical double-glazed 24x2% in. 
OD silica tube heated with a 20 kva mercury-arce 
high frequency generator. The tube is closed with a 
water-cooled brass head attached with de Khotinsky 
cement. A turret cap fits on this head and is sealed 
with a 4%x3 in. “O” ring. The head contains a sight 
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Fig. 1—General view of vacuum-fusion equipment. 


glass and two 8 in. horizontal glass tubes, for sample 
storage, cemented in with de Khotinsky cement. 
B is a four-stage Gaede mercury diffusion pump 
connected to the water-cooled head with a 1% in. 
copper tube through a flange with an “O” ring. The 
output of the vacuum pump feeds into an automatic 
Toepler F pump which compresses the gas sample 
over mercury in the measuring burettes, G and H. 
There are bypasses in this line for a McLeod gage C 
and a Piranni gage D, a manometer E, and for initial 
pumping out of the system with a Cenco Megavac 
backing-up pump. 

The reduction crucible shown in Fig. 3 is machined 
of Tungar Bulb quality (A.G.K.T.E.-2) graphite. 
The sample is guided into the crucible with the 
graphite funnel depicted on this figure. The arrange- 
ment of the crucible, radiation screens, etc. in the 
furnace is as follows: 

A 115/16x6% in. Alundum thimble, porosity RA- 
84, with two % in. holes near the top and opposite 
each other which take a pair of special tongs used 
for lowering it in place, is prepared. A % in. layer 
of powdered graphite is placed in this Alundum 
thimble, and the graphite crucible containing 20 g 
of ingot iron and 0.5 g of carbon is carefully centered 
on this bed of graphite powder and graphite powder 
is packed around it to the top of the graphite cru- 
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Fig. 2—Arrangement of vacuum-fusion apparatus. 


cible. This assembly is then lowered into the quartz 
tube where it rests on a 1 to 2 in. layer of quartz 
chips. The graphite funnel is next placed in position 
in the mouth of the crucible. 

Above the funnel is placed a silica liner 2x12 in. 
which rests on the graphite funnel. Several of these 
liners are available, and they are cleaned with hy- 
drochloric acid and dried thoroughly after each run. 
A copper funnel rests in the top of the water-cooled 
head and serves to guide the sample into the 
graphite funnel. 

The sample weight is so chosen that the volume 
of the evolved gases is not more than 75 to 100 ml. 
The sample should preferably be in the form of solid 
rods approximately % in. in diameter. For steels 
of low gas content, a piece 14x in., weighing 
approximately 50 g, is a suitable sample. Samples 
are thoroughly polished with emery cloth and 
cleaned with ether immediately before the deter- 
mination. If the sample contains seams, they are 
opened and cleaned. Powdered samples are weighed 
into crucibles made of % in. high carbon steel rod 


Waterial for Sunpels Ordinary Acheson Graphife 


Fig. 3—Crucible and funnel for vacuum-fusion equipment. 
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1 in. long with approximately 1/16 in. wall. The 
gas content of a blank crucible from each length 
of rod is determined, and all crucibles from this 
length are kept together. The crucibles are de- 
greased, then degassed in the pumped-out furnace 
at 1250° to 1300°C before they are used, and are 
kept in a dessicator. 

The specimen or crucible is placed in the glass 
tube in the turret head, and the furnace is closed. 
The fore pump is started, the system evacuated, 
then the Gaede pump is started, and the system is 
pumped to <100 microns. Next, the high frequency 
power is turned on, and the crucible is heated to 
1700° to 1800°C and held there until a vacuum of 
<2 microns is maintained for 30 min. The power 
is then shut off for about 5 min with all pumps 
operating. If the vacuum is satisfactory at the end 
of this period, the system is isolated from the fore 
pump by closing the stopcock leading to this pump, 
the sample is dropped with a magnet, and the power 
is turned on. The power is brought up gradually, 
and the behavior of the sample is observed through 
the sight glass on the top of the furnace. If the gas 
is evolved too rapidly, the power input is lowered 
until the bath is quiet. Finally the power is increased 
to 1700° to 1800°C and held until the reaction is 
complete and no more gas is being evolved. Mean- 
while, the Toepler pump has been manipulated to 
collect the gas over mercury. At the end of the 
reaction, this gas is transferred to a conventional 
Orsat gas analysis apparatus, where it is analyzed. 

Usually in the analysis of irons, no carbon dioxide 
will be found, but when the first samples of high 
sulphur irons were analyzed, there was evidence of 
considerable carbon dioxide or other gas adsorbable 
in potassium hydroxide. A mass spectrographic 
analysis of the evolved gas indicated considerable 
carbon disulphide and some carbonyl sulphide, so 
experimentation was started to either prevent the 
formation of these sulphur-bearing gases or remove 
them. Since the former would be more convenient, 
a number of modifications of the iron bath were 
tried. No improvement was obtained -with additions 
of tin, mischmetal, or copper to the iron bath. Use 
of a bath containing about 10 pct Si practically pre- 
vented the formation of sulphur-bearing gas but 
gave low results for oxygen probably because of 
the formation of oxy-sulphur compounds of silicon. 

If the formation of these O-S-Si compounds 
could be prevented and the sulphur evolved as sili- 
con sulphide, then the analysis of high sulphur irons 
for oxygen would be much simpler, but none of the 
several modifications tried was successful. So it ap- 
peared that the gas mixture would have to be puri- 
fied before analysis. If only carbon disulphide were 
present, a cold trap would remove it effectively, but 
carbonyl sulphide boils at —50.2°C at 760 mm, and 
if it were frozen out, there would be some loss of 
oxygen. 

After considering a number of possible means of 
purifying the gas, the most promising appeared to 
be hydrogenation of the sulphur compounds to hy- 
drogen sulphide on a hot platinum wire. This 
method was first used by Lusby* and was later 
studied and modified by Sands, Wainwright, and 
Egleson,* who showed that on synthetic samples con- 
taining carbon disulphide, carbonyl sulphide, ethyl 
mercaptan, and thiophene, at least 99.9 pct conver- 
sion of the sulphur compounds to hydrogen sulphide 
was effected. Their tests on various proportions of 
hydrogen, carbon monoxide, and sulphur gases indi- 
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Table |. Effect of High Sulphur on Oxygen by the Vacuum-Fusion 


Method 
Oxygen, Regular Modified 
Sample S, Pct Method, Pct Procedure, Pct 
al 0.022 0.194 0.193 
2 0.042 0.174 0.173 
3 0.049 0.188 0.175 
4 0.081 0.206 0.184 
5 0.129 0.258 0.236 
6 0.44 0.271 0.209 


cated that a minimum of 28 pct H, was required to 
obtain complete conversion. With mixtures of hy- 
drogen and nitrogen, they showed that conversion 
was complete with only 15 pct H,. There is a possi- 
bility of a reverse reaction between carbon monox- 
ide and hydrogen sulphide to yield carbonyl sul- 
phide, but this reaction can be reduced by dilution. 

Carbonyl sulphide, prepared by treating a satu- 
rated solution of sodium thiocyanate with 40 pct sul- 
phuric acid was added to an equal volume of nitro- 
gen and hydrogenated successfully with a platinum 
spiral which was built into a modified combustion 
pipette. Likewise, the sulphur compounds in syn- 
thetic mixtures of carbon monoxide, nitrogen, and 
carbon disulphide could be converted to hydrogen 
sulphide by this procedure. The hydrogen sulphide 
was then removed by absorption in lead acetate so- 
lution or oxidation by iodine. 

In the procedure finally adopted, the gas was 
mixed with an equal volume of hydrogen and passed 
over a hot platinum spiral (1050°C) several times 
until the reaction appeared to be complete. It was 
then passed through a lead acetate or iodine pipette 
to remove the hydrogen sulphide. The now sulphur- 
free gas was measured, the carbon monoxide con- 
verted to carbon dioxide over hot copper oxide and 


absorbed in potassium hydroxide. From the change 
in volume, the percentage of oxygen in the iron was 
calculated. 

In Table I are some results for oxygen on samples 
with and without removing the sulphur gases. As 
can be seen, the results are lower in proportion to 
the amount of sulphur present when the gas is puri- 
fied before analysis. As can be seen from the first 
few samples, in the case of steels with high oxygen 
and normal sulphur contents, the interference of 


. sulphur is not great, but, above the level of about 


0.05 pct S, it is probably necessary to modify the 
vacuum-fusion procedure to remove the sulphur 
gases before oxidizing the carbon monoxide, or the 
results obtained will be too high. Likewise, with 
low oxygen steels, the interference of sulphur may 
be serious. 

The probable accuracy of a method such as this is 
difficult to estimate since there are no standards 
and the uniformity of samples of high sulphur iron 
is not too good. In general, the precision of dupli- 
cate determinations is comparable to that obtained 
with low sulphur material. 

Since it has been shown that carbon disulphide 
and carbonyl sulphide are present in the gases from 
a vacuum extraction of an iron or steel, in order to 
obtain accurate results for oxygen, some provision 
must be made for the removal of these sulphur com- 
pounds. While hydrogenation to hydrogen sulphide 
and absorption in lead acetate proved satisfactory 
in the present case, it is hoped that further research 
will disclose a better procedure. 
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Technical Note 


Relative Diffusion Rates of Zinc and Copper in Alpha Brass 


by R. W. Balluffi and B. H. Alexander 


ELATIVE diffusion rates of copper and zinc in a 

brass have been measured in a vapor-solid type 
of couple with which the amounts of copper and zinc 
diffusing past inert Kirkendall markers can be 
obtained by means of a few simple experimental 
measurements. If inert markers are placed on the 
surface of copper which is then exposed to zinc 
vapor from « brass chips, the particles become buried 
due to outward diffusion of the copper, as shown in 
Fig. 1. A schematic diagram of such a couple after 
diffusion is shown in Fig. 2. Consideration of the 
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diffusion flow of copper and zinc shows that the 
entire hatched area, including the cross-hatched 
area, is proportional to the amount of zinc diffused 
inward past the markers and that the smaller cross- 
hatched area is proportional to the amount of copper 
diffused outward past the markers. These areas are 
completely determined by the expansion of the 
couple, the depth of the buried particles below the 
surface, and the chemical composition at the speci- 
men surface. As Darken' has shown, the ratio of 
diffusivities of copper and zinc is then given by the 
ratio of these two areas. 

Polycrystalline copper and two copper single- 
crystals made by the Bridgman method were pre- 
pared in the form of 1.5 em diam disks approxi- 
mately 0.5 em thick with faces plane and parallel. 
Tungsten particles approximately 0.001 cm in diam 
were bonded to the surface of each disk by heating 
5 hr at 1060°C in vacuo. Each specimen was next 
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Table |. Ratio of Diffusivities 


of Zn and Cu in a Brass 


Specimen 
Expansion, Cm 


Depth of Buried 
Particles, Cm 


Final Con- 
Corrected Corrected centration at Dzn 
Diffusion Tempera- for Density for Density Markers, 

Specimen Time. Hr ture, °C Observed Changes Observed Changes Atomic Pct Zn Deu 

Single 69 850 0.014 0.012 0.0030 0.0028 25.6 5.2 (for 27 
crystal atomic pct Zn) 

Single 159 830 0.023 0.019 0.0043 0.0041 24.2 5.8 ( for 27 
crystal atomic pct Zn) 

Polycrystal 187 890 0.025 0.021 0.0048 0.0046 24.2 5.7 (for 27 


atomic pct Zn) 


sealed in an evacuated quartz capsule together with 
a zine reservoir of fine e brass chips and was then 
diffusion annealed. 

All data are given in Table I. It was found that 
small inclusions, <0.0002 cm in diam, were buried 
along with the larger particles. These served as 
more accurate markers than the larger particles. 
Corrections for lattice parameter changes were 
easily made since the density may be regarded as a 
linear function of concentration without appreciable 
error. We assumed that the specimen cross section 
remained constant, in accordance with other work. 


Fig. 1—Large tungsten particles buried in copper single- 
crystal after zincification for 159 hr at 890°C. X500. 


Equal increments of distance, therefore, contain 
equal numbers of atoms. Measurement of the weight 
loss from pure copper at the same temperature in 
vacuo indicated that negligible copper was lost from 
the zincified specimens during diffusion. 

The concentration at the markers after diffusion 
was found in each specimen by chemical analysis 
and the diffusivity ratios were then calculated from 
the areas defined in Fig. 2. In every case the markers 
were found to be at essentially the same concentra- 
tion as the surface layer. Chemical analysis of the 
brass chips after diffusion indicated that approxi- 
mate equilibrium was maintained between the 
specimen surface and the chips since the zinc con- 
centrations were found to be the same. Since the 
brass chips originally contained 29.0 atomic pct Zn, 
the concentrations at the markers varied between 
this value and the final values which are given in 
Table I. The ratio of diffusivities calculated from 
the final integrated areas is, therefore, taken to be 
characteristic of the average composition at the 
markers during the run. 

Metallographic inspection revealed that a single 
grain boundary formed during diffusion in each 
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single-crystal specimen oriented parallel to the 
whole diffusion zone and located near the region of 
maximum concentration gradient. A grain size of 
about 1 mm was maintained during diffusion in the 
polycrystal. 

The results show conclusively that unequal diffu- 
sion rates and the Kirkendall effect occur in brass 
single-erystals. The method described here of 
measuring relative diffusion rates is particularly 
accurate when one component diffuses much more 
rapidly than the other. In this case the relatively 
small number of slower diffusing atoms is always 
obtained directly from the area shown in Fig. 2. 
When sandwich-type couples are employed, the 
number of slower diffusing atoms is obtained from 
the small difference between the marker position 
and the “interface for maximum possible shift,” see 
ref. 2, which is obtained by graphical integration of 
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Fig. 2—Schematic diagram of yapor-solid type 
couple containing inert markers. 


the area under a large portion of the penetration 
curve. Of course, the present method may only be 
applied in the case, such as the present, where only 
one component evaporates at an appreciable rate, 
but it is believed that a sufficient number of systems 
meet these requirements to make the method of 
general interest. 


‘+L. S. Darken: Discussion on paper by A. D. Smigelskas and 
E. O. Kirkendall: Trans. AIME (1947) 171, p. 138. 


°=L. C. C. da Silva and_R. F. Mehl: Trans. AIME (1951) 191, p. 
155; JouRNAL oF Metats (February 1951). 
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Nature of the Line Markings in Titanium 


And Alpha Titanium Alloys 


by C. M. Craighead, G. A. 


HERE has been considerable discussion among 

metallurgists and others interested in the de- 
velopment of titanium alloys as to the nature of the 
fine line markings which appear in the microstruc- 
tures of unalloyed titanium and a titanium alloys. 
These markings have been variously called x phase, 
etching pits, and twins. 

Figs. 1 to 3 show typical examples of the line 
markings as they appear, respectively, in high 
purity iodide titanium, commercial purity titanium 
rod, and a high purity a alloy containing 0.2 pct N. 
The commercial purity titanium sample, shown in 
Fig. 2, contains both line markings and some 
spheroidal retained-8 phase. The 8 phase seen in 
this micrograph should not be confused with the 
line marking, since it originates from the iron pres- 
ent as an impurity in the sponge metal. 

It will be noted that the line markings seem to 
have a definite orientation pattern with respect to 
the grains and in titanium noticeably resemble the 
precipitation occurring in artificially aged high 
purity Al-Cu alloys. This similarity led to the hy- 
pothesis that the line markings observed in titanium 
and a titanium alloys resulted from precipitation of 
some unknown phase. With the work of Hagg* and 
McQuillan’ as background, there was little reason 
to suspect hydrogen of being responsible for the line 
markings. Hagg reported that up to 33 atomic pct 
H was soluble in a titanium, and McQuillan re- 
ported an a solubility of up to 8 atomic pct. Fur- 
thermore, McQuillan examined metallographically 
a 5.1 atomic pct H alloy quenched from 300°C and 
stated that the structure appeared to be a single- 
phase a solid solution. 

Line markings have been observed frequently 
and were first noted by Jaffee and Campbell’ in 
1949. They did not observe them in vacuum-an- 
nealed titanium and a Ti-O and Ti-N alloys, but did 
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observe them in Ti-H alloys containing 0.25, 0.5, 
and 1 atomic pct H. They stated that it was doubt- 
ful that the markings were a second phase based on 
hydrogen, because 1 atomic pct was far from the 
accepted solid solubility of hydrogen in titanium. 
Finlay, Resketo, and Vordahl,* in 1950, concluded 
that the markings were a true second phase as a re- 
sult of observations on their etching characteristics. 
Anderson’ commenting on these markings in tita- 
nium was inclined to associate them with hydrogen, 
but was loath to call them titanium hydride, because 
of the reported high solubility of hydrogen. Work 
at Battelle Memorial Institute for the Navy Bureau 
of Aeronautics,’ done concurrently with the work 
described in this paper, provided information on the 
experiment converse to that described by Jaffee and 
Campbell in 1949. This work showed that the 
amount of line markings in unalloyed titanium 
could be decreased by vacuum annealing at ele- 
vated temperature. It was suggested that this was 
the result of removal of hydrogen; previously, the 
data of Jaffee and Campbell® showed that the mark- 
ings appeared when hydrogen was added. Recent 
work at Battelle for the Ordnance Corps, Depart- 
ment of the Army, which is described here, now 
establishes the identity of the markings as a tita- 
nium hydride phase. 

A sample of high-purity titanium rod % in. diam, 
0.009+0.001 wt pct H (0.43 atomic pct), Fig. 1, was 
resistance heated in a 0.05 micron vacuum for 4% 
br at 1500°C. During the early states of heating, 
the pressure increased to 150 microns, indicating 
that gases were being evolved. After cooling in 
vacuum, the iodide titanium rod was analyzed for 
hydrogen. Vacuum-fusion analysis showed 0.0006 
+0.0003 wt pet H (0.03 atomic pct) to be present.* 


* While the work reported here was done with metal that was 
vacuum annealed at 1500°C, further work has shown that vacuum 
annealing at as low as 850°C will effectively remove the hydrogen. 


Metallographic examination of the vacuum-an- 
nealed rod showed only a transformed £ structure. 
There was no evidence of fine line markings, Fig. 4. 
A section of this vacuum-annealed rod was cold 
rolled to 0.040 in. thick sheet and annealed for 1 hr 


DECEMBER 1952, JOURNAL OF METALS—1317 


| 


Fig. 1—lodide titanium rod annealed Fig. 2—Commercial purity titanium Fig. 3—-lodide titanium with 0.2 pct 
in argon for 1 hr at 800°C and rapidly rod annealed for 1 hr at 790°C in air. N annealed in argon for 1 hr at 


cooled in the furnace. Hydrogen con- Hydrogen content not determined. The 700°C and furnace cooled. Hydrogen 
tent, 0.009 + 0.001 wt pct (0.43 line markings and spheroidal retained content not determined. 
atomic pct). B in equiaxed a structure are shown. 


Figs. 1 to 3—Structures showing line markings in titanium and a@ titanium alloys. X250. 


\ 


Fig. 4—Same iodide titanium as in Fig. 1 after annealing 
42 hr at 1500°C in yacuum. Hydrogen content, 0.0006 + 
0.0003 wt pct (0.03 atomic pct). Note there is no evidence 
of line markings in the transformed a structure. 


Fig. 5—Same material as in Fig. 4 cold rolled to 0.040 in. 
thick sheet and annealed 1 hr in air at 700°C. Structure 
shown is that of equiaxed a devoid of all line markings. 


Figs. 4 and 5—Structures after removal of hydrogen. X250. 


i 


Fig. 6—Same material as in Fig. 4 after absorption at 
700°C of about 0.3 atomic pct H. With the addition of 
hydrogen, the line markings reappear. Note the uniform 
distribution of the hydride phase. 


Fig. 7—Same sample shown in Fig. 6 after cold rolling to 
0.040 in. thick sheet and annealing for 1 hr in air at 
700°C. Equiaxed a grains and the precipitated hydride 
phase are shown. 


Figs. 6 and 7—Structures after the addition of about 0.3 atomic pct H to the hydrogen-free base. X250. 


at 700°C in air. Metallographic examination re- 
vealed an equiaxed a structure free of all line mark- 
ings, Fig. 5. As a final experiment, a sample of the 
vacuum-annealed rod was treated with hydrogen 
in a Sieverts-type absorption apparatus. Approxi- 
mately 0.3 atomic pct H was absorbed at 700°C. 
The structure of the sample after absorption of hy- 
drogen, Fig. 6, again showed line markings similar 
in appearance to those observed in the original ma- 
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terial containing 0.43 atomic pet H. The structure 
of this hydrogen-treated specimen after cold rolling 
to 0.040 in. thick sheet and annealing in air for 1 hr 
at 700°C is shown in Fig. 7. Line markings in the 
equiaxed a structure are again evident. ; 

Except for an increase in the amount and size of 
the precipitated phase, the microstructure of a Ti-H 
alloys does not change with hydrogen contents up 
to at least 4.5 atomic pct. X-ray diffraction pat- 
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Figs. 8 and 9 (Right. Fig. 8, left; Fig. S}, 
right) —Structures of Ti-H alloys. Ti-1.2 
and 4.5 atomic pct H alloys, respectively. 
As cooled from 700°C in the Sieverts-type 
absorption apparatus. X250. 


Figs. 12 and 13 (Right. Fig. 12, left; 
Fig. 13, right) —Structures of Ti-H alloys. 
Same specimens as Figs. 10 and 11. Re- 
heated 15% hr in argon at 350°C and 
slowly cooled in the furnace. X250. 


terns on alloys containing 2.8 and 4.5 atomic pct H 
showed two phases: a titanium and a second phase 
identified as TiH. Work presently in progress with 
Ti-H alloys has shown that, up to at least 4.5 atomic 
pet, hydrogen is soluble in a titanium at 200°C. The 
room-temperature solubility of the hydride phase is 
less than 0.14 atomic pct (0.0029+0.0003 wt pct). 

The hydride phase cannot be retained in solid 
solution by quenching in cold water. It precipitates 
as a finely dispersed phase, either during the quench 
or on subsequent aging at room temperature. Figs. 
8 to 13 show the structures of high purity titanium- 
1.2 and 4.5 atomic pct H alloys in various conditions. 

It is evident that the hydride phase, shown in 
Figs. 8 and 9, is soluble at 250°C, but precipitates 
as a finely dispersed phase, either during quenching 
or on subsequent aging at room temperature. When 
slowly cooled from 350°C, Figs. 12 and 13, the 
titanium hydride again precipitates as line mark- 
ings and in the higher concentrations as large par- 
ticles of the hydride phase. 

While it is not intended to discuss mechanical 
properties in any detail in this paper, it is impor- 
tant, from practical considerations, to summarize 
them here. The chief mechanical property effect of 
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Figs. 10 and 11 (Left. Fig. 10, left; Fig. 
11, right)—Structures of Ti-H_ alloys. 
Same specimens as Figs. 8 and 9. Solu- 
tion treated 16 hr in argon at 400°C, 
quenched in cold water, reheated 16 hr 
in argon at 250°C, and quenched in cold 
water. Note the redistribution of the hy- 
dride phase on quenching from 250°C. 
X250. 


the insoluble hydride phase is to significantly lower 
the level of impact strength. The hydrogen content 
normally found in commercial titanium (0.3 to 0.5 
atomic pct) is sufficient to cause a substantial low- 
ering of the impact energy absorption level. This is 
accompanied by no effect on the tensile properties. 
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Thermodynamic Properties of Solid Nickel-Gold Alloys 


by L. L. Seigle, Morris Cohen, and B. L. Averbach 


Free energies, enthalpies, and entropies of mixing of Ni-Au solid solu- 
tions containing 5 to 95 atomic pct Ni have been determined by the 
electromotive force method at 700° to 900°C. The thermodynamic 
activities exhibit large positive deviations from Raoult’s law, and the 
entropies of mixing are almost twice those of ideal solutions. The enthal- 
pies of mixing are positive (heat is absorbed) and are attributable to the 
lattice distortional energy resulting from the size difference between 
the nickel and gold atoms. This factor appears to be responsible for 

the miscibility gap at lower temperatures. 


N the thermodynamic study of metallic solid solu- 

tions, most interest has been directed toward 
systems with negative deviation from Raoult’s law, 
namely, those exhibiting superlattice or compound 
formation. The results of previous investigations 
are summarized in recent publications.*~ Relatively 
little experimental work has been carried out on 
solid solutions which manifest a positive deviation, 
possibly because the range of solubility in such 
cases is usually quite limited. Nevertheless, the re- 
lationship of the thermodynamic properties of these 
solutions to diffusion, nucleation, and precipitation 
in the solid state are of considerable importance. 

The binary Ni-Au alloys are particularly suited to 
an investigation of these relationships. Despite the 
presence of a miscibility gap at lower temperatures, 
Fig. 1, indicating a large positive deviation from 
Raoult’s law, complete solid solubility is found 
above 840°C. Moreover, the difference in the atomic 
scattering powers of nickel and gold is sufficiently 
great to permit X-ray diffraction studies of atomic 
arrangements and pre-precipitation phenomena. 
Radioisotopes of both nickel and gold are available 
for diffusion work, and finally, a large difference in 
nobility between the two elements facilitates meas- 
urement of the thermodynamic properties. 

The present paper describes the experimental 
determination of the free energies, enthalpies, and 
entropies of mixing of solid Ni-Au alloys. Table 
I gives a list of the symbols used in the paper. 


Experimental Method 


The stability of nickel chloride relative to gold 
chloride’ indicated that the galvanic cell method 
could be used for determining the thermodynamic 
properties of Ni-Au alloys. An electrolytic cell (Fig. 
2) was constructed, similar to that of Weibke and 


L. L. SEIGLE, Member AIME, is associated with the Metallurgy 
Laboratory, Sylvania Electric Products, Inc., Bayside, N. Y., and 
M. COHEN, Member AIME, and B. L. AVERBACH, Junior Member 
AIME, are associated with the Dept. of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. 

Discussion on this paper, TP 3368E, may be sent, 2 copies, to 
AIME by Feb. 1, 1953. Manuscript, April 15, 1952. Philadelphia 
Meeting, October 1952. 

This paper is based on a thesis by L. L. Seigle submitted in 
partial fulfillment of the requirements for the degree of Doctor of 
Science in Metallurgy to Massachusetts Institute of -Technology, 
November 1951. 


1320—JOURNAL OF METALS, DECEMBER 1952 


a LEVIN a) o FRAENKEL & 
1600 DE CESARIS (12) 
* GERLACH (i3) VAUPEL (15) 
THIS INVESTIGATION KOSTER & (16) 
DANNOHL 
4 
A 
SOLUTION 
7 
1009 
900};- SOLID SOLUTION 
a x ° 
= 
WW 
= 


600- + 
TWO SOLID SOLUTIONS 
400;- et 
300;- 
Au 2 3 4 6 8 9 Ni 


Fig. I—Ni-Au phase diagram. 


Matthes,’ in which the electrodes were solid nickel 
and Ni-Au alloys, and the electrolyte was a fused 
mixture of alkali chlorides containing NiCl,. The 
cell electrodes were made from fine gold granules 
and carbonyl nickel shot melted together under 
argon, chill cast, swaged to 1/16 in. diam rod, and 
annealed for one week at 850°C. Commercial rea- 
gent and chemically pure grade salts, purified by 
dehydration, were used for the electrolyte. The cell, 
operating in an atmosphere of purified argon, was 
heated in a resistance-wound cylindrical furnace 
whose temperature was controlled to within £0.5°C. 
The potential developed between the pure nickel 
and the alloy electrodes, which is related to the 
thermodynamic properties of the alloys by standard 
equations to be presented later, was measured with 
a potentiometer and a mirror galvanometer sensi- 
tive to 107 v. 

Dehydration of the electrolyte was carried out in 
the assembled cell by evacuating at 100°C for about 
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50 hr until the pressure dropped below 1 micron, 
and then heating to 700° to 900°C with a rapid flow 
of argon which was purified by passage over P.O, 
and heated magnesium chips. During the initial 
heating, final traces of moisture were presumably 
volatilized and swept out of the cell along with a 
small amount of NH,Cl originally mixed into the 
electrolyte to aid dehydration. 

In most of the tests a uniform procedure was 
followed by cycling the cells between 700° and 
900°C in 10° steps, allowing 1 hr at temperature, 
and measuring potentials at 15 min intervals. This 
was the most rapid heating rate consistent with the 
attainment of thermal equilibrium within the cells, 
since it took about 1 hr for the cell temperatures to 
level off after a change of 10°C. Temperatures were 
measured with a calibrated platinum-platinum- 
rhodium thermocouple. It was considered important 
to keep the testing time at a minimum in order to 
avoid, as much as possible, changes in the composi- 
tion of the electrode surfaces and volatilization of 
NiCl, from the electrolyte. 


Table |. List of Symbols 


AF Relative integral molar free energy, free en- 
ergy of mixing 

AF Relative partial molar free energy 

AH Relative integral molar enthalpy, heat of mix- 
ing 

AH Relative partial molar enthalpy 

AS Relative integral molar entropy, entropy of 
mixing 

AS” Relative partial molar entropy 

ASez Excess relative integral molar entropy 

AS* Entropy of mixing of ideal solution 

a Activity 

7 Activity coefficient 

x Mol fraction 

n Valence of conducting ion 

i Faraday’s constant = 23,070 cal volt-1 equiva- 
lent-1 

€ Electromotive force 

ACp Relative heat capacity at constant pressure 

ACr Relative partial heat capacity at constant pres- 
sure 

AEp Distortional energy per mol 

Ge Shear modulus of pure metal 

Ve Molar volume of pure metal 

5 Solubility parameter 

a Coefficient of thermal expansion, bulk 

B Compressibility 

AEV Sublimation energy 

b,c Constants 


Electrode compositions were determined after the 
runs by chemical analysis of the portion of the elec- 
trode immersed in the salt bath. Analysis of both 
submerged and top parts of a number of alloy elec- 
trodes indicated that there were slight changes in 
composition during the run, varying from about 0.3 
atomic pct for an 80 atomic pct Ni alloy to 1 atomic 
pet for an alloy containing 10 atomic pct Ni. Micro- 
scopic examination and chemical analysis of the 
surfaces of a few electrodes did not reveal any dif- 
ference between surface and interior compositions 
within the sensitivity of the method of examination, 
estimated at a few percentage points. Nevertheless, 
alteration of the surface concentration of the alloy 
electrodes is considered to be the major source of 
error in the present work. Since changes of compo- 
sition in both directions were found, it is judged that 
the error introduced by this factor was of the same 
order as the scatter of data, which increased with 
decreasing nickel content and ranged from about 
2 to 15 pct. Chemical analysis disclosed that the 
amount of gold picked up by the pure nickel cathode 
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Fig. 2—Electrolytic cell for potential measurements. 


varied between 0.01 and 0.07 atomic pct Au. Yet, 
there was no discernible segregation of gold at the 
surface of the cathode. No appreciable silicon pick- 
up from the quartz cup was found. 

After being heated to temperature the cells 
quickly developed a steady potential, but in the pre- 
liminary runs a slight downward drift of the voltage 
was encountered at the rate of a few hundredths of 
a millivolt per hour. This drift, which could be 
attributed to changes in the electrode surfaces, was 
minimized by suitably choosing the electrolyte com- 
position. The electrolyte which seemed to give the 
most stable and reproducible cell behavior was an 
equimolar KCl-NaCl mixture (melting point, 
660°C) plus 0.2 mol pct NiCl, and 0.6 mol pct 
NH.Cl. 

Although the stability of the cell was affected by 
changing the salt mixture, the measured thermo- 
dynamic properties were not dependent to any sig- 
nificant degree upon the electrolyte composition. 
This is shown by the compilation of data in Table 
II, obtained from the potential-temperature curves 


Table II. Thermodynamic Properties of 47 Atomic Pct Ni Alloys 
at 850°C 


Electrolyte Composition AHni ASni ani 


28 mol pet KCl, 72 mol pet LiCl + 


0.04 mol pct NiCle 2500 cal 2.6 e.u. 0.83 
per mol per mol 

28 mol pet KCl, 72 mol pet LiCl + 

0.13 mol pet NiCl2 2400 2.4 0.90 
28 mol pet KCl, 72 mol pet LiCl + 

0.20 mol pet NiCle 2500 2.6 0.87 
28 mol pet KCl, 72 mol pet LiCl + 

0.87 mol pet NiCle 2400 2.3 0.88 
50 mol pet KCl, 50 mol pet NaCl + 

0.26 mol pet NiCls 2500 2.7 0.89 
50 mol pet KCl, 50 mol pet NaCl + 

2.00 mol pct NiCls 1900-2400 11.8-2.3 0.90-0.95 
For ideal solution 0 1.5 0.47 
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for one alloy in various electrolytes. The main fea- 
tures of each run are alike in revealing a high posi- 
tive heat of mixing, an unusually high entropy of 
mixing, and a large positive deviation from Raoult’s 
law. Results obtained with the 2.00 mol pct NiCl. 
electrolyte were especially uncertain. It appeared 
that reduction of the Ni~ concentration, at least 
down to 0.2 mol pct, improved the operation of the 
cells. 

Experimental Results 

Data from a typical experimental run with the 0.2 
mol pet NiCl. electrolyte are shown in Fig. 3. Coin- 
cidence of the heating and cooling curves indicates 
that the rate of temperature change was not too 
rapid for the virtual attainment of equilibrium in 
the single-phase region. At the left of the figure, 
corresponding to lower temperatures, the heating 
and cooling curves are separated, probably due to 
retarded precipitation in the heterogeneous region, 
but the two branches join together at the phase 
boundary. Separation of the heating and cooling 
curves in the heterogeneous range occurred with 
alloys whose nickel content was below 50 atomic 
pet, but the curves for higher nickel alloys over- 
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Fig. 4 Activity curves at 850°C for Ni-Au alloys. 
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lapped quite well in both single and two-phase 
regions. 

An interesting feature of Fig. 3 is the slight but 
appreciable positive curvature of the potential-tem- 
perature curve in the single-phase range. A similar 
curvature was obtained with all alloys containing 
less than 80 atomic pct Ni, and the magnitude in- 
creased erratically with the gold content. 

Data such as given in Fig. 3 were recorded for 
alloys throughout the entire composition range using 
the same type of electrolyte. The thermodynamic 
properties derived from the potential-temperature 
curves are given in the following sections. 

Free Energies of Mixing and Activities: The 
partial molar free energy and activity of nickel 
relative to pure solid nickel as a standard state are 
given directly by the cell potential: 


= In = Fe [1] 


Corresponding values for gold can be obtained by 
graphical integration of the Gibbs-Duhem equation, 
and the integral molar quantities are then deter- 
mined from the relationship: 


AF = ABS [2] 


The activity curves at 850° and 900°C (Figs. 4 
and 5), above the solubility gap, reveal the exist- 
ence of a large positive deviation from Raoult’s law, 
as expected from the appearance of the phase dia- 
gram. Indeed, the agreement between the experi- 
mental values and those calculated by Paranjpe® 
(the method he employed was similar to that de- 
scribed by Borelius’) from the location of the phase 
boundary is striking. In Fig. 4, the experimental 
curves in the neighborhood of Xx; = 0.85 have been 
drawn to conform with the phase diagram of Fig. 1, 
although the experimental points indicate the pos- 
sibility of a slight inversion here, as shown by the 
dotted lines. The data are not accurate enough to 
justify an indication of the presence of two phases 
at 850°C in contradiction to the reported phase 
diagram. However, the miscibility gap in Fig. 1 has 
not been located so precisely that this possibility 
should be excluded. 

It is evident from the increased scatter of data on 
the low nickel side that the experimental method 
becomes poor for concentrations below 20 atomic pct 
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Fig. 5—Activity curves at 900°C for Ni-Au alloys. 
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Fig. 6—Nickel activities in stable and metastable solid 
solutions of Ni-Au alloys at 700°, 750°, and 800°C. 


Ni. This is probably related to the more pronounced 
changes in composition of the high gold electrodes 
that were discussed earlier. 

Fig. 6 presents the nickel activity curves for both 
metastable and stable solid solutions at 700°, 750°, 
and 800°C. Values for the metastable solutions were 
calculated by extrapolation of the single-phase por- 
tions of the potential curves to temperatures below 
the miscibility gap. The solid lines in this figure 
represent the stable activity values, which are ap- 
proximately independent of composition in the two- 
phase region. The positions of the horizontals in 
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Fig. 7—Relative integral molar free energies of stable 
and metastable solid solutions of Ni-Au alloys. 
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Fig. 6 were used to locate the designated points on 
the phase boundaries shown in Fig. 1. 

Relative integral molar free energies (i.e., free 
energies of mixing) of stable and metastable solid 
solutions are shown in Fig. 7. Values of AF for the 
metastable solutions were calculated on the basis of 
extrapolation of the potential-temperature curves 
from the single-phase regions. The absolute values 
of the free energies of mixing are small, in con- 
formity with the high positive deviation from 
Raoult’s law. This makes the free energy curves 
unsuitable for locating the phase boundaries by the 
common tangent method, inasmuch as small ex- 
perimental errors can change the shape of the curves 
and appreciably shift the points of tangency. 

Finally, the plot of log y vs. (1 —X)’ in Fig. 8 
shows that the activity coefficients do not vary with 
composition in a simple manner and indicates that 
the solution is not regular. It is interesting to note 
the good agreement between the experimental 
points and the lines calculated from the phase dia- 
gram. 

Enthalpies of Mixing: Relative partial and inte- 
gral molar enthalpies at 900°C (Fig. 9) were com- 
puted directly from the potential-temperature 
curves by use of the Gibbs-Helmholtz equation in 


the form: 
de ) | 
3 
0 P,XxX ] 


AHy, = —n ( 


It follows from this equation that if « is a linear 


function of T, AHy; is temperature independent, for © 
if «e = bT +c, then: 


= —n +¢—bT] = 
—n Yc = constant [4] 


The slight curvature of the potential-temperature 
curves suggests that AHx, depends on temperature 


Oe ) 

was 
Ly 5: 
determined from the tangent to the curve at 900°C. 


in this system, and therefore ( 
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Fig. 8—Variation of log y with (1-X)* at 900°C for 
Ni-Au alloys. 
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Fig. 9—Relative partial and integral molar enthalpies 
at 900°C for Ni-Au alloys. 


Values of AH,, were obtained by graphical integra- 
tion of the Gibbs-Duhem equation, and the integral 
quantities were then calculated as before, eq 2. 

As expected from the phase diagram, the rela- 
tive enthalpies of Ni-Au solid solutions are positive, 
which means that heat is absorbed when nickel and 
gold are mixed isothermally. In contrast to the close 
agreement between experimental and calculated 
activities, there is a large discrepancy between the 
enthalpies as measured experimentally and those 
calculated from the phase diagram. The probable 
reason for this divergence is that the entropy of 
mixing of solid Ni-Au alloys is considerably higher 
(see next section) than the ideal value assumed in 
the calculations.* ° If the calculated AF is approxi- 
mately correct, in agreement with the phase dia- 
gram, then use of a low value for AS forces AH 
to come out low also. 


Entropies of Mixing: Relative partial and integral 
molar entropies at 900°C are presented in Figs. 10 
and 11. These quantities were obtained from the 
slopes of the potential-temperature curves in ac- 
cordance with the equation: 

5 
[5] 


P,x 


nA 


Excess entropies were calculated from: 
AS” = AS— AS‘ = AS + RinX [6] 


As shown in Figs. 10 and 11, the entropy of mix- 
ing of solid Ni-Au alloys is very much higher than 
the ideal (random) entropy of mixing. This result 
was confirmed in every test performed and is ap- 
parently a real characteristic of the system. As 
discussed later, the excess entropy may arise from 
the probability that the heat capacity of the solid 
solution is greater than the average heat capacity 
of the component metals, that is, an increase in vi- 


ING: 
brational entropy occurs on mixing. 
0 
To confirm this experimentally it would be neces- 
sary to determine ACp = —(XniCry, + 


over a range of low temperatures where no atomic 
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rearrangements occur in the alloy, and then extra- 
polate to the temperatures of interest. 

Curvature of the Potential-Temperature Curves: 
The meaning of the aforementioned curvature is 
seen by differentiating eq 5: 


( Ore ) ( 


Rough estimates of x; were made from second 
derivatives of the experimental curves. These indi- 
cated that (AC>)»: is of the order of 5 to 10 cal 
deg? mol” for alloys in the neighborhood of 50 
atomic pct Ni and increases to about 8 to 16 cal deg” 
mol” for the high gold alloys. 

It is difficult to draw conclusions from these 
values, because the partial heat capacities depend 
upon the compositional variation of the integral 


[7] 
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Fig. 10—Relative entropies of mixing at 900°C for 
Ni-Au alloys. 


heat capacity, and the latter could not be determined 
from the experimental data. However, the consis- 
tent positive sign of the curvature, which indicates 
that the enthalpy of mixing increases with tem- 
perature, leads to the supposition that a change in 
atomic configuration takes place within the solid 
solution as the temperature is raised. 


Discussion of Results 

In view of the substantial difference in molar vol- 
umes between pure nickel and gold (Table III), it 
seems likely that lattice distortional energy of the 
solid solution plays a major role in the positive 
deviation from Raoult’s law and in the heat ab- 
sorption on mixing. In fact, the 15 pct difference 
in atomic diameter of the elements is at the ex- 
treme limit for complete solid solubility, and the 
latter condition only prevails at the high tempera- 


Table III. Molar Volumes of Nickel and Gold 


Atomic 
Diameter, A 


Molar 
Volume, Cu Cm 


Nickel 2.49 6.55 
Gold 2.88 10.2 
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tures where the TAS term is relatively large. The 
presence of a minimum in the solidus and liquidus 
curves signifies that the deviation from Raoult’s law 
in the solid solutions is more positive than in the 
liquid solutions, and this further points to the ex- 
istence of strain energy in the solid. 

If the positive deviation from Raoult’s law and 
the positive heat of mixing are attributable to lattice 
distortional energy, these characteristics should not 
be exhibited by the liquid solutions. This is con- 
firmed by calculation of the activities of nickel in 
the liquid state (relative to pure liquid nickel); the 
liquid solutions are found to be almost ideal, as 
shown in Fig. 12.7 


i In these calculations the data of Fraenkel and Stern for the 
solidus were utilized. Values of 4330 cal per mol for the heat of 
fusion of nickel and 1455°C for its melting point were taken from 
the 1948 edition of Metals Handbook, Cleveland, A.S.M. 


The experimental heats of mixing of the solid 
solutions are compared in Fig. 13 with values cal- 
culated on the basis that the heat absorption arises 
solely from lattice strain due to the differing atomic 
sizes. The various equations are listed in the Appen- 
dix. It is not intended to discuss the theoretical for- 
mulation of the distortional energy term, but merely 
to point out that estimated values are more than 
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Fig. 11—Excess entropies of mixing at 900°C for 
Ni-Au alloys. 


high enough to account for the experimental re- 
sults. In fact, it may be significant that the meas- 


ured heats of mixing are actually lower than those 


predicted from the difference in atomic size alone. 
The effect of gold upon the magnetic susceptibility 
of nickel” suggests that the gold 6s electron attains 
a lower energy state in the alloys by going into the 
unfilled nickel 3d band. Such a transition might 
contribute a negative term to the heat of mixing 
and explain why the experimental values of AH lie 
below those computed on the basis of distortional 
energy alone. However, undue weight should not 
be placed on the calculated distortional energies 
because of the assumptions involved. (See Appen- 
dix. 

ce possible that the high excess entropy is also 
brought about by changes in electronic configura- 


Table IV. Theoretical Entropies at 1000°K 


Debye 
Metal Atomic No. Temperature, °K S1000 
Ni 28 375 13.6 e.u 
Cu 29 315 14.5 
Zn 30 210 WES: 
Au 79 170 18.8 
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Ni 
Fig. 12—Activities of nickel in liquid solutions relative 
to pure liquid nickel. 


tion, which influence the atomic cohesive forces and 
therefore the vibrational specific heat. Filling of 
the nickel 3d band by electrons from gold atoms in 
the alloy might lead to a decrease in the high bind- 
ing energy usually associated with the partially 
filled d band of the transition elements. A decrease 
in the cohesive forces within the lattice would in- 
crease the frequencies of atomic vibration, lower 
the Debye temperature, and raise the specific heat 
at low temperatures. This, in turn, would provide 
a finite, positive value for AC» and account for at 
least a part of the observed excess entropy. Some 
idea of the order of magnitude of this effect can be 
obtained from the variation of the Debye tempera- 
ture among different metallic elements. Table IV 
lists Debye temperatures for a few metals taken 
from Glasstone™ and theoretical entropies computed 
from Debye’s equations, using data from Nernst.” 

Progressing from nickel to zinc, the decrease in 
binding energy upon filling of the nickel 3d band is 
reflected in a decrease of Debye temperature and 
increase of entropy at 1000°K. These entropy dif- 
ferences are of the same order of magnitude as the 
excess entropies of the Ni-Au solid solutions and 
suggest that a change in atomic vibrational frequen- 
cies due to a change in electronic structure may well 
account for the excess entropy of the alloys. No 
account is taken of entropy changes arising from 
the magnetic transformation and electronic specific 
heat, which are also at play in nickel and nickel 
alloys. 
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Fig. 13—Comparison of experimental and theoretical 
enthalpies of mixing of Ni-Au solid solutions at 900°C. 
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It is evident that the usual statistical treatment 
of solid solutions” (ascribing the enthalpy to the 
sum of the nearest-neighbor atomic-bond energies 
and assuming an ideal entropy of mixing) is not 
applicable to Ni-Au alloys. There is a substantial 
increase in heat capacity on mixing, and hence the 
AC, terms cannot be neglected in the enthalpy and 
entropy of mixing. In other words, the Kopp-Neu- 
mann rule does not hold for this system, and the 
assumption of an ideal entropy of mixing (as is done 
in regular-solution theory) is unjustified. 

In addition, it appears that the positive enthalpy 
of mixing for Ni-Au alloys is primarily due to lat- 
tice distortion, rather than to an inherent tendency 
of the system to form Au-Au and Ni-Ni bonds in 
favor of Ni-Au bonds. According to conventional 
theory, solid solutions that have a miscibility gap at 
lower temperatures should have a positive heat of 
mixing because of a preference for like bonds over 
unlike bonds.t This is supposed to result in the 


+ The usual expression for the heat of mixing is the difference 
between the sum of the nearest-neighbor bond energies in the solid 
solution and the sum of the nearest-neighbor bond energies in the 
component metals. In order for AH to be positive according to this 
assumption, the average energy of like pairs of atoms must be less 
(attract more strongly) than that of unlike pairs of atoms. 


precipitation of A-rich and B-rich phases on cool- 
ing. In the Ni-Au alloys, however, the overriding 
tendency for unmixing on cooling appears to stem 
from the lattice distortional energy which can be 
reduced by the separation into nickel-rich and gold- 
rich phases. 

Within the solid solutions above the miscibility 
gap, a preference for like bonds should lead to 
groupings of nickel-rich and gold-rich clusters. Yet 
recent measurements of ditfuse X-ray scattering by 
Flinn” offer direct evidence that short-range order, 
rather than clustering, exists in the Ni-Au alloys. 
Moreover, the substantially ideal behavior of the 
liquid solutions also indicates that there is no pre- 
ponderant attraction between like atoms over un- 
like atoms. 

These results for the Ni-Au alloys demonstrate 
the significance of distortional energy in solid-solu- 
tion phenomena. However, there are undoubtedly 
systems in which the distortional energy is com- 
paratively small, and in such cases, the atomic ar- 
rangements and tendency toward ordering or pre- 
cipitation may well be controlled by the relative 
bond energies of the like and unlike pairs of atoms. 
The Al-Zn alloys” seem to fall in this category. 

Conclusions 

1—Free energies, enthalpies, and entropies of 
mixing of solid Ni-Au alloys containing 5 to 95 
atomic pct Ni have been determined by means of 
potential measurements at temperatures between 
700° and 900°C. 

2—In conformity with the phase diagram, which 
contains a miscibility gap, the thermodynamic ac- 
tivities indicate a large positive deviation from 
Raoult’s law. 

3—The enthalpies of mixing are positive (heat is 
absorbed) and are attributable to the lattice dis- 
tortion resulting from the size difference between 
the nickel and gold atoms. It appears to be this 
factor, rather than the relative bond energies be- 
tween like and unlike pairs of atoms, that leads to 
unmixing at lower temperatures. 

4—The entropies of mixing of Ni-Au solid solu- 
tions are almost twice those of ideal solutions. This 
large excess entropy is probably due to an increase 
in heat capacity on mixing. 
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5—There is good agreement between the experi- 
mental activities and those computed from the 
phase diagram. However, this agreement lacks sig- 
nificance because the calculations are based on ideal 
entropies of mixing, which forces a compensating 
error in the calculated enthalpies. 
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Appendix. Calculations of Lattice Distortional Energy 


Values of lattice distortional energy were computed 
from the following formulas: 


E 2/3 ( x x ) 


° 
Ni Au 


(Vni° Wane [A-1] 


Eq A-1 was taken from Lawson.” Values of Gm? = 
7500 kg per sq mm and Ga.” = 2600 kg per sq mm 
were taken from the International Critical Tables. 
Eq A-1 corresponds to the case of an incompressible 
ball pushed inte a hole which changes size to accom- 
modate the sphere. All of the strain energy is thus 
expended in distorting the lattice. There appears to be 
a numerical error* in Lawson’s formula: eq A-1 gives 


* The authors are grateful to L. S. Darken for pointing out the 
discrepancy in the Lawson equation. 


energy values one-half those computed from the orig- 
inal formula. 


Sau dni (View Vui°)? 


3 XnNi 
[A-2] 
Eq A-2 was taken from Scott.” On p. 323 of ref 21 


2 


= 
the values of the solubility parameters: § = ( = ) : 
are given as $41. = 98, and 6x1 = 124 cal’? cm”, 

The third method of computing AEp employed in 
this paper follows that of Heumann,” but is treated 
somewhat differently here because of an error in one 
of his assumptions. Following Heumann, the distor- 
tional energy is regarded as depending on the mean 
extension or compression of Ni-Ni and Au-Au bonds, 
and the number of each type of bond in the solid solu- 
tion. As a starting point, the following standard equa- 
tion™ is used: 


— |} =F | — 


Integration at, constant T yields: 


[A-3] 


oP 
E-E° = AEn=T -(V-V°) PdV_ [A-4] 


By a standard formula: * 


aV 
aP (=) 
where a = and 6 = [A-6] 
V \oP /, 


T 
Therefore, AEp = j Pav [A-7] 


In the term under the integral sign, P is not simply 
the external atmospheric pressure as implied by 
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Heumann’s neglect of this integral, but is actually the 
stress which alters the bond lengths. At constant T, 
eq A-6 becomes: 


dv 
av [A-8] 
—l (/V-V° 
and P= —— 
Ve [A-9] 
Therefore: i PdV = 
(V-V°)? 
2pV° 
aT 
( )+ dave [ ] 


The second term on the right is the energy required 
to achieve a given change in molar volume, and is 
independent of the sign of the change. It represents 
the hydrostatic work required to expand or compress 
a given atom. The first term on the right is the iso- 
thermal heat effect accompanying the elastic strain, 
with heat being absorbed for an expansion and evolved 
for a compression. The algebraic sum of the two 
terms is the lattice distortional energy. 

In the Ni-Au solid solutions, the molar volume varies 
linearly with composition: 


(V-V°) au (Vxi° Wis) Xni [A-12] 


Furthermore, in a random solution the fraction of Ni- 
Ni bonds is Xyn:’?, and the fraction of Au-Au bonds is 
Xa. Setting the energy proportional to the respective 
numbers of bonds, the distortional energy becomes: 


aniT 
AEp = [ (Van? Vni’) Xau 


Bni 


Wie Vwi) | 
2Bni 

Bau 


Values of physical constants used in the calculations 
were: 


= 13.310 per °C 


Bui = 0.54 107° 
= 6.55 cucm 


= 14.2 x 10s per 
Bau = 0.59 10% 
Vau = 10.2 cucm 


Eqs A-1, A-2, and A-13 form the basis of the theo- 
retical curves in Fig. 13. 
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Technical Note 


Modifications of an X-Ray Method for The 


Measurement of Retained Austenite Concentrations in Hardened Steels 


by Karl E. Beu 


HE integrated intensity X-ray method of meas- 

uring retained austenite concentrations in 
hardened plain carbon or low alloy steels as pro- 
posed by Averbach and Cohen” * has the advantages 
of being a highly sensitive and precise quantitative 
method. The various phases of this method have 
been studied and several modifications have been 


K. E. BEU is associated with the Physics-Instrumentation Dept., 
Research Laboratories Div., General Motors Corp., Detroit. 
TN 135E. Manuscript, Aug. 15, 1952. 
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developed which aid not only in reducing the time 
required per determination, but which also increase 
the possible accuracy of the method. 

A fundamental step in the original calculation 
procedure is to plot V-A(@) curves for austenite and 
martensite and to obtain V;/V, ratios from these 
curves.’ In taking this ratio the absorption factor 
A(@) drops out since it is constant for a given dif- 
fraction angle 6. The reason for eliminating A(@) 
in this manner is because it is apparently assumed 
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(200) (220) MARTENSITE 
(220) (3) (222) AUSTENITE 
| CEMENTITE 


Fig. 1—Microphotometer record of a gage block containing 4.3 pct 
austenite and 7.1 pct cementite. Fig. 1 is reproduced directly from 
an original unretouched microphotometer record. 


that the dependence of A(@) on @ is not known ac- 
curately enough to permit including it in the con- 
stant factor relating integrated X-ray intensity and 
concentration. The use of such V-A(@) curves and 
Vu/V.4 ratios, however, renders the method* suscep- 
tible to non-compensating errors which may affect 
the accuracy (although not necessarily the preci- 
sion) of the measurement.* 


* Drawing a single smooth curve through three martensite VA(@) 
points is open to interpretation by the observer since, theoretically, 
an infinite number of smooth curves can be drawn through three 
points. For this reason the original method! is not completely ob- 
jective. Furthermore, if a smooth curve is drawn through three 
martensite VA(@) points and one of these points is slightly incorrect 
due to experimental error, the two VarVa ratios subsequently ob- 
tained from such a curve will each reflect this error in the same 
sense giving rise to an error which does not average out when the 
two VmVa ratios are averaged for one sample. This type of error 
has been described as a non-compensating error. This cannot hap- 
pen when using the average V method (to be described). 

That the difference between the two methods can be significant is 
indicated by comparing results using the two methods. The origi- 
nal method! gave 10.1 + 0.3 pet, while the average V method gave 
11.1 + 0.3 pct on the same sample. The error indicated is standard 
deviation. The fact that the two results do not overlap within the 
range of their standard deviations indicates the extent to which the 
non-compensating error of the original method can affect the re- 
sults. 


It can be shown that the theoretical absorption 
factor A(@) calculated for a flat, homogeneous 
sample® is valid and accurate if the experimental 
conditions are properly satisfied. These conditions 
include such factors as rotation of the flat sample 
surface in its own plane to minimize large grain size 
and preferred orientation effects, accurate position- 
ing of the sample with respect to the X-ray beam 
and the film cylinder of the diffraction camera, 
maintaining sample flatness, etc. Then, instead of 
using the equation: 


and plotting VA(@) curves, A(@) is combined with 
the constant term R to form a new constant, G. This 
gives an equation: 

If 


where G = R:-A(6). A G factor is calculated for 
each diffraction peak in a similar manner to the R 
factors previously described.* R,A(0@), and G factors 
for iron K a radiation are given in Table I. It should 
be noted in particular that A(@) has been evaluated 
for each diffraction peak at the Bragg angle at which 
it occurs. 

By measuring the integrated intensities of each 
of six diffraction peaks, and using the appropriate G 
factor in each case, six values for V are obtained for 
the martensite (200), (211), (220) and the austenite 
(220), (311), and (222) diffraction peaks for each 
sample (containing only martensite and austenite). 
The three V’s for the martensite peaks are averaged 
and the same is done for the austenite peaks. These 
average V’s are then normalized to percentages. This 
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averaging process is not susceptible to the non- 
compensating errors possible using the VA(@) curves 
and, hence, the average V method may be more 
accurate than the original method.’ The precision of 
measurement has been found to be comparable for 
the two methods. The calculation time required has 
dropped from about 1% hr per sample using the 
original method’ to about 4% hr.+ The saving of time 


+ Diffraction peak areas on the microphotometer record are meas- 
ured by applying the midpoint ordinate rule.‘ 


using the average V method is important in view of 
the fact that well over 500 such calculations have 
been made in the past year in this laboratory. 

It has also been found worthwhile to measure 
cementite concentrations by the average V method 
along with austenite, thereby rendering the X-ray 
determination of the absolute percentage of aus- 


Table !. R,A(@) and G Factors Using Iron K Alpha Radiation 
for 1 pct Carbon Steel 


Diffraction Peak R A() G 
Martensite (200) 7.89 0.288 2.27 
(211) 21.31 0.414 8.82 
(220) 15.95 0.464 7.40 
Austenite (220) 13.60 0.365 4.96 
(311) 26.55 0.445 11.82 
(222) 10.02 0.459 4.60 
Cementite (140) ] * 1.44 
{ (313) 
(330) 2.16 
(043) 1.42 


* These peaks are unresolved on a microphotometer record of a 
hardened steel. 


tenite a completely independent method for plain 
carbon or low alloy steels. To measure cementite by 
this method takes only about 5 min calculation time 
per sample in addition to the time normally re- 
quired for an ordinary calculation. This 5 min can 
be compared to a minimum of 1 to 2 hr to measure 
cementite by lineal analysis. Certain precautions 
have to be taken in evaluating the intensities of the 
cementite peaks;’ however, the accuracy of the X- 
ray method and lineal analysis are comparable for 
plain carbon or low alloy steels. Fig. 1 shows a 
typical microphotometer chart from which austenite 
and cementite concentrations have been determined 
by the average V method for the diffraction peaks 
marked. 

A quartz crystal ground and bent to satisfy both 
Bragg and focusing conditions has been found to 
give considerably higher monochromatic intensity 
than the rocksalt monochromators previously sug- 
gested." * This is indicated by the fact that our X- 
ray exposure times with the quartz crystal mono- 
chromator are less than half the times given in a 
previous exposure chart.” For example, our ex- 
posure time for 4 pct or more austenite is about 45 
min as compared to 2% to 4 hr listed in this chart. 
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Microconstituents in Chromium-Base 


Chromium-lron-Molybdenum Alloys 


And Their Behavior with Heat Treatment 


by Joseph P. Hammond, Arthur B. Westerman, and Howard C. Cross 


The phases in Cr-Fe-Mo alloys have been investigated with homo- 
genization, aging temperature, composition range, and alloy addi- 
tion as yariables. Metallography, three X-ray methods, and hardness 
were used as methods of study. The behavior of o, MxC., and Z 
phase are reported for composition range 60 pct Cr-15 to 25 pct Fe- 
15 to 25 pct Mo- <0.005 to 0.36 pct C with aging at 1400° to 2000°F. 
With 2 pct Ti, TiC and TiC-TiN are formed; with nitrogen Cr.N. 


HE recently developed class of chromium-base 
heat-resistant alloys shows appreciably higher 
strength than commercially used high temperature 
alloys. However, further developmental work is re- 
quired to impart needed shock resistance and some 
degree of room-temperature ductility to these alloys. 
Extensive exploratory work on chromium-base 
alloys was begun in a program initiated by the War 
Metallurgy Committee of the National Defense Re- 
search Council at the Climax Molybdenum Co. in 
the early part of 1942.* Alloys were sought for gas- 
turbine blades for use at 1600°F. A minimum of 5 
pct elongation in the stress-rupture test was a re- 
quirement. From the Climax work, ternary alloys 
of chromium, iron, and molybdenum appeared to 
show the greatest promise as materials for gas-tur- 
bine blades. The composition line in the ternary 
diagram joining the 60 pct Cr-15 pct Fe-25 pct Mo 
and 60 pct Cr-25 pct Fe-15 pct Mo alloys was indi- 
cated as representing the most useful combination 
of strength and ductility.. Strength increased while 
ductility decreased as molybdenum was raised in 
this composition range.” The 60 pct Cr-15 pct Fe- 
25 pct Mo type alloy was thought to have the most 
suitable properties for gas-turbine blades.’ 
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Concurrent with the study reported here, other 
investigations were being made on Cr-F'e-Mo alloys. 
The liquidus temperatures on a series of low carbon, 
ternary alloys were being determined, and iso- 
thermal sections drawn at 2370°, 2010°, and 1650°F 
(1300°, 1100°, and 900°C).? Also, various methods 
of preparation and some mechanical and physical 
properties of chromium-base alloys, particularly the 
60 pct Cr-15 pct Fe-25 pct Mo type, were being in- 
vestigated.’ 

At the inception of the present program, only a 
limited study had been made of etchants for devel- 
oping the microstructures of chromium-base alloys; 
X-ray analysis of the microconstituents had not 
been made. A review of the literature revealed that 
no phase-diagram work had been reported on the 
Cr-Fe-Mo system. 

Scope of Work 


The work on chromium-base alloys includes the 
following: 1—The development of etching methods 
for differentiating between the microconstituents; 
2—The identification of microconstituents by X-ray 
diffraction methods; and 3—A_ comprehensive 
metallographic and hardness study after various 
heat treatments. 

The phases were studied by three standard X-ray 
techniques: 1—The block-sample focusing-camera 
method; 2—The powder-diffraction method on elec- 
trolytically separated residues; and 3—The powder- 
diffraction method on cold-worked aggregate sam- 
ples. The results by the first two methods were cor- 
related with the metallographic data. The third 
method was used largely to study conditions ap- 
proaching equilibrium, since cold working prior to 
heat treating accelerated precipitation. 

Seven types of alloys were investigated: 50 pct 
Cr-50 pet Fe, 40 pet Cr-40 pct Fe-20 pct Mo, 55 pet 
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Table |. Chemical Compositions of Chromium-Base Alloys Investigated 


Vacuum-Fusion 


Wet Method, Pct Method, Pct 
Nominal 
Number Composition, Pct Cr Fe Mo Cc No Si Ti Oz He No 
A3452 50Cr-50Fe 48.8 51.0 0.05 0.02 0.003 
A3453 40Cr-40Fe-20Mo-0.02C 39.2 42.0 18.8 <0.02 0.010 
A3454 55Cr-25Fe-20Mo-0.02C 55.0 25.8 18.5 <0.02 0.008 
A4460* 60Cr-15Fe-25Mo-<0.005C 58.6 15.0 26.3 <0.005 0.004 
A2948 60Cr-15Fe-25Mo-0.01C 57.0 15.8 26.3 1 0.025 46 
A2949 60Cr-15Fe-25Mo-0.01C 56.8 15.9 26.2 0.01 0.029 0.44 
A2791 60Cr-15Fe-25Mo-0.03C 57.2 15.6 26.1 0.03 0.03 0.49 0.004 0.0003 0.012 
A4463 60Cr-15Fe-25Mo-0.06C 59.3 15.2 25.1 0.06 0.025 
A4459 60Cr-15Fe-25Mo-0.09C 59.6 15.0 25.0 0.09 0.029 
A2789**  60Cr-15Fe-25Mo-0.09C 0.09 
A2958 60Cr-15Fe-25Mo-0.10C 59.9 14,7 24.3 0.10 0.024 0.49 
A2632 60Cr-15Fe-25Mo-0.16C 60.5 14.1 24.3 0.16 0.023 0.43 Al 0.15 0.005 0.00007 0.020 
A3849 60Cr-15Fe-25Mo-0.36C 57.7 15.7 25.8 0.36 0.008 0.07 0.011 0.00023 0.001 
A4462* 60Cr-25Fe-15Mo-<0.005C 61.3 24.8 14.3 <0.005 0.003 
A4461 60Cr-25Fe-15Mo-0.09C 59.6 25.1 15.0 9 0.031 
A3840 65Cr-13Fe-22Mo-0.09C 63.8 12.6 22.7 0.09 0.031 0.48 0.014 0.00007 0.018 
A3843 70Cr-11Fe-19Mo-0.08C 67.6 9.3 22.2 0.08 0.018 0.42 0.016 0.00007 0.009 
A4567 58Cr-15Fe-25Mo-2Ti 58.3 15.2 24.5 0.09 0.046 2.01 
A4691 58Cr-25Fe-15Mo-2Ti 57.5 25.6 14.9 0.09 0.051 1.85 


* Alloy was prepared with lowest practicable carbon content. 

** Only carbon was determined. 
Note: The fact that the nitrogen analyses as determined by the wet method are higher than those determined by the vacuum-fusion 
method is attributed to an interference effect which chromium vapor imposes in the latter method. 


Table Il. Phase Identification Results by Block and Separation X-Ray Analyses 


Sample Method of Nominal Composition, Pct Specimen Identity of 
No. Analysis Heat Cr Fe Mo Cc No Ti Condition Microstructure* Constituents** 
1 Block A2958 60 15 25 0.10 As-cast a + a.c. carbide a + MosCe (420) 
2 Separation A4459 60 15 25 0.09 As-cast a + a.c. carbide (see “Sizable;’”? was MosCo 
Fig. la) 
3 Block A3849 60 15 25 0.36 As-cast a + a.c. carbide a + MosCe (420, 422, 511 
and 440) 
4 Separation A3849 60 45 25 0.36 As-cast a + a.c. carbide “Sizable;’? was MosCe 
5 Separation A2789 60 15 25 0.09 Aged 96 hr a+ o+ ac. carbide + ‘Sizable’’ and colloidal; 
at 1800°F finely dispersed both were MosCe 
phase 
6 Separation A2791 60 15 25 0.03 Aged 144 hr a + finely dispersed “Sizable’” and colloidal; 
at 1600°F constituent + possibly colloidal was Z + 
a.c. carbide faint MesCe + con- 
taminant 
rf Separation A2791 60 15 25 0.03 Aged 68 hr a + o + finely dis- ‘‘Sizable’’ and colloidal; 
at 1800°F persed constituent .+ colloidal was very 
possibly a.c. carbide faint MosCett 
8; Separation A2948 60 15 25 0.01 Aged 96 hr a + finely dispersed Colloidal; was Z 
at 1600°F constituent 
9 Separation A2949 60 15 25 0.01 Aged 96 hr a + y» + finely dis- Colloidal; was Z 
at 1800°F persed constituent 
10 Block A2949 60 15 25 0.01 Aged 96 hr a + finely dispersed a + strong line at (420 
at 1600°Ft constituent of MosCe) 
11 Block A4459 60 15 25 0.09 Aged 144 hr a + ac. carbide + a@ + MoesCe (420 and 422) 
at 1400°F finely dispersed con- 
stituent (see Fig. 2b) 
12 Block A4459 60 15 25 0.09 Aged 144 hr @ + ac. carbide + a@ + MesCe (420 and 422) 
at 1600°F finely dispersed con- 
stituent (see Fig. 2d) 
13 Block A4459 60 15 25 0.09 Aged 96 hr @ + ac carbide + a +o + MosCe (420 and 
at 1800°F finely dispersed con- 422) 


stituent + precipitated 
o (see Fig. 2f) 


14 Block A4459 60 15 25 0.09 Aged 96 hr a + a.c. carbide + pre- a + o + MosCe (420 and 
at 2000°F cipitated o surround- 422) 
ing carbide (see Fig. 
_ 2g) 
15 Separation A4461 60 25 15 0.09 As-cast a + a.c. constituent con- ‘“Sizable’ and colloidal; 


sisting of carbide and both were MosCoe 
o (see Fig. 1c) 
16 Block A4461 60 25 15 0.09 Aged 144 hr« a + a.c. constituent con- a@ + MoesCe (420 and 422) 
at 1400°F sisting of carbide and 
o + finely dispersed 
constituent (see Fig 
2b’) 


17 Block A4461 60 25 15 0.09 Aged 144 hr @ + a.c. constituent con- a@ + o + MosCe (422) 
at 1600°F sisting of carbide and 
o + finely dispersed 
constituent + precipi- 
tated o (see Fig. 2g’) 
18 Block A4461 60 25 15 0.09 Aged 96 hr a + a.c. constituent con- a + o + MosCe (422) 
at 1800°F sisting of carbide and 
o + much precipitated 
o (see Fig. 2f’) 


19 Block A4461 60 20 15 0.09 Aged 96 hr a + massive o (see Fig. a+oa 
at 2000°F 2g’) 
20 Block A4459 60 15 25 0.0277 Homogenized, a + uniformly dispersed (Specimen moved in ex- 
aged 144 hr phase posure) 
at 1400°F 
21 Block A4459 60 15 25 0.0277 Homogenized, a + uniformly dispersed a@ + MosCe (420) 
aged 144 hr phase 
at 1600°F 
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Cr-25 pct Fe-20 pct Mo, 60 pct Cr-15 pet Fe-25 pet 
Mo (< 0.005 to 0.36 pct C), 60 pet Cr-25 pct Fe-15 
pet Mo (< 0.005 and 0.09 pet C), 65 pct Cr-13 pct 
Fe-22 pct Mo (0.09 pct C), and 70 pct Cr-11 pct 
Fe-19 pct Mo (0.08 pct C). 

Of these, the 60 pct Cr-15 pct Fe-25 pct Mo and 
60 pet Cr-25 pct Fe-15 pct Mo type alloys were 
studied comprehensively. The 50 pct Cr-50 pct Fe, 
40 pet Cr-40 pct Fe-20 pct Mo, and 55 pct Cr-25 pct 
Fe-20 pct Mo types were included principally to 
permit a study of o phase. The 65 pct Cr-13 pct Fe- 
22 pct Mo and 70 pct Cr-11 pct Fe-19 pct Mo types 
were investigated to determine the effect of increas- 
ing the chromium while maintaining the Fe:Mo 
ratio at 15:25. 

A limited study was made of chromium-base al- 
loys with 2 pct Ti and others with significant nitro- 
gen contents, principally to study the formation of 
new phases. 

For the metallographic and hardness examina- 
tions, the materials were aged at 1400°, 1600°, 1800°, 
and 2000°F for times ranging from 2 to 96 hr, and 
in some cases 144 hr. For X-ray studies on block 
samples and electrolytically extracted residues, ag- 
ing treatments of 144 hr at 1400° and 1600°F and 


96 hr at 1800°, and sometimes 2000°F, were used. 
The aging of powdered aggregate samples for X-ray 
examination was generally conducted at 1400°, 
1600°, and 1800°F. 

Both as-cast and aged materials and homogenized 
and aged samples were included in the metal- 
lographic, X-ray, and hardness studies. However, 
due to excessive decarburization which occurred 
during homogenizing, and in some cases significant 
nitrogen pickup, the latter results are reported only 
on a limited basis. 


Preparation of Materials 


The alloys studied were prepared by melting and 
casting in vacuum using equipment which was de- 
scribed previously.”** For the most part, the melt- 
ing stock consisted of low carbon ferrochromium, 
low carbon fused chromium metal, and molybdenum 
powder. Carbon additions, which act as a deoxi- 
dant,”** were made as graphite. The melting and 
casting procedure consisted essentially of melting 
the charge, holding it molten for about 20 min at 
3200° to 3300°F, and then chill casting in a three- 
winged copper mold. 


Table II. Phase Identification Results by Block and Separation X-Ray Analyses (Continued) 


Sample Method of Nominal Composition, Pct Specimen Identity of 
No. Analysis Heat Cr Fe Mo Cc No Condition Microstructure* Constituents** 
22 Block A4459 60 15 25. 0.02¢7 Homogenized, a + uniformly dispersed a + MosCe (420) 
aged 96 hr phase + trace of 
at 1800°F grain-boundary o 
23 Block A4459 60 ils) 25 0.0277 Homogenized, a + massive ¢ ots trace a+o 
aged 96 hr of carbide particles 
at 2000°F 
24 Block A4461 60 25 15 0.02+7 Homogenized, a + uniformly dispersed a + Mo3Ce (strong 420) 
aged 144 hr phase 
at 1400°F 
25 Block A4461 60 25 15 0.02;¢7 Homogenized, a + uniformly dispersed a@ + Moe3Ce5 (strong 420) 
, aged 144 hr phase + trace of o as : 
at 1600°F clusters 
15 0.02 Homogenized, a + abundance of mas- a+oa 
aged 96 hr sive o + slight amount 
at 1800°F of carbide particles 
27 Block A4461 60 25 15 0.0277 Homogenized, a + abundance of mas- q@ +o 
aged 96 hr sive o 
at 2000°F 
28 Separation A4459 60 15 25 0.0277 Homogenized, a + uniformly dispersed Colloidal; pattern too 
aged 144 hr phase faint 
at 1400°F 
29 Separation A4459 60 15 25 0.027 + Homogenized, a + uniformly dispersed Colloidal; pattern too 
aged 144 hr phase faint 
at 1600°F 
30 Separation A4459 60 LS 25 0.0277 Homogenized, a + uniformly dispersed Colloidal; was Mo3Ce + 
aged 96 hr phase + _ trace — of contaminant 
at 1800°F grain-boundary ¢ 
31 Separation A4461 60 25 15 0.0277 Homogenized, a + uniformly dispersed Colloidal; pattern too 
aged 144 hr phase faint 
at 1400°F 
i 1 0.02 Homogenized, a + uniformly dispersed Colloidal; was Me3Ce. 
aged 144 hr phase + trace of o as 
at 1600°F clusters 
i 0.02 Homogenized, a + abundance of mas- ‘“‘Sizable’’ and colloidal; 
aged 96 hr sive g + slight amount both were 
at 1800°F of carbide particles 
34 Separation A3843 70 11 19 0.08 As-cast a + a.c. carbide “Sizable”’; was MosCs 
i .005 Heated 24 hr a + massive nitride + ‘Sizable’’ and colloidal; 
at 2500°F in nitride needles (see both were CroN 
nitrogen Fig. 5a) 
and % argon 
i 4567 58 1 25 0.09 0.05 As-cast a + ac. TiC + a.c. TiC- ‘Sizable’’ and colloidal; 
TiN (similar to Fig. both were TiC + TiC- 
5b) TiN 
37 Separation A4691§ 58 25 15 0.09 0.05 As-cast a + ace. TiC + a.c. TiC- “Sizable’” and colloidal; 


TiN (similar to Fig. 
5b) 


both were TiC + TiC- 
TiN 


* “a means as-cast. 

** Block Analyses: 
determined, evidence for its presence is not included. 
Separation Analyses: 
separated. 


+ Test was repeated five separate times giving the same results. 


significant. 


The numbers in brackets refer to the Miller indices of the Mzs3Cz lines detected (see Fig. 4). Since o was easily 


The “sizable”? and colloidal residue particles were separately collected and analyzed. The o phase was not 


(Three of these separations were conducted on Heat A2949.) 
++ Carbon analysis was taken after homogenizing, running from 0.015 to 0.025 pct. Nitrogen pickup during homogenization was not 


+ Prior to aging, sample was rough cut on surface to be X-rayed, to induce cold-worked condition. — 
t+ The sample of ‘‘sizable” particles was too meager to give a pattern. The colloidal pattern was faint; a stronger one may have 


revealed Z. 
§ Contains 0.05 pct Nz and 2 pct Ti. 
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The chemical analyses of the alloys are listed in 
Table I. 

Samples for the investigation were taken from 
ingots in an established fashion, so as to insure 
uniformity of results among samples in the various 
series.” 

Homogenizing was carried out in tubular silicon- 
carbide resistor furnaces, usually for periods of 25 
hr at 2500°F. The time and temperature were 
established after preliminary studies of homogeniza- 
tion treatments. High purity commercial argon, 
further purified by passing through a titanium 
getter, a desiccant, and a refrigerant,” to remove 
moisture and nitrogen, was used as a protective 
atmosphere. 

Block samples were aged in electric muffie fur- 
naces, which cycled within +10°F of the operating 
temperature. They were protected from the atmos- 
phere during the aging treatments by sealing in 
evacuated quartz tubes and were quenched by 
breaking the vials in oil. 


Experimental Methods 

Metallographic Method: Microspecimens of chro- 
mium-base alloys were readily prepared by the con- 
ventional methods of grinding and_ polishing. 
Powdered rouge was found to be most satisfactory 
for polishing these alloys. 

An etching method was developed for distinguish- 
ing o from other phases. This consisted of etching 
electrolytically with a chromic acid solution and 
then staining with an alkaline permanganate solu- 
tion; as a result, o was colored a characteristic 
brown. Correlation with X-ray diffraction identifi- 
cation, described later, showed this to be a definitive 
test for o. Microstructures in which o was identified 
by this etching technique are shown in Figs. 2g’ and 
ld. After reference to Fig. 2g’, which shows o in an 
a matrix, o in Fig. 1d can be readily distinguished. 

A constituent consisting of more than one phase 
was revealed in aged chromium base alloys by X- 
ray diffraction methods, as described later. This 
looked like the finely dispersed constituent shown 
in Figs. 2b and d. However, this research program 
ended before a metallographic technique was de- 
veloped for differentiating between phases of this 
constituent. 

With the exceptions given, all of the phases ob- 
served in chromium-base alloys (including the 
phases formed as a result of titanium and nitrogen 
additions) were readily distinguishable with the 
etchants employed. As a general practice, all struc- 
tures which contained o in appreciable amounts 
were etched by the chromic acid-alkaline perman- 
ganate technique. All structures which did not con- 
tain o were generally etched electrolytically in a 
glycol-alcohol-nitric acid solution. The latter etchant 
is more readily applied and is not so prone to etch 
out extremely fine carbide particles. 

The chromic acid-alkaline permanganate tech- 
nique consists of etching electrolytically in a 2 pct 
chromic acid solution for 15 to 20 sec with 3 v across 
the cell. This is followed immediately by the stain- 
ing treatment; the specimen is immersed for 6 to 12 
sec in the alkaline permanganate solution. The im- 
mersion treatment stains the o a yellow to dark 
brown color, depending on the immersion time and 
the alloy type. The alkaline permanganate solution 
is prepared by saturating a 4 pct sodium hydroxide 
solution with crystals of potassium permanganate, 
and must be made up fresh prior to use. 
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The electrolytic method using the glycol-alcohol- 
nitric acid electrolyte consists of etching for 20 sec 
in a solution of 20 ce of ethylene glycol, 200 cc of 
ethyl alcohol, and 20 cc of nitric acid with 3 v across 
the cell. 

X-ray Methods: Block-Sample Technique: Dif- 
fraction studies for identifying the microconstituents 
were made on block samples using 5 and 10-cm 
radius nonsymmetric focusing cameras and chro- 
mium radiation with vanadic oxide filtering. The 
curved surfaces of the specimens were ground and 
polished in a metallographic manner on a specially 
designed device, and then subjected to the metallo- 
graphic etchants described previously. Etching the 
microconstituents in relief increased the sensitivity 
of this method of analysis. 

Powder Technique on Electrolytically Separated 
Residues: Microconstituents were also identified by 
X-ray diffraction analysis of residues separated 
electrolytically from block samples wherever sepa- 
ration was feasible. This method of examination 
provided precise diffraction patterns of the constitu- 
ents, which facilitated identification by the other 
X-ray methods. 

Many electrolytes for separating the individual 
phases from the aggregate alloys were tried. The 
best electrolyte by far was found to be 10 pct 
hydrochloric acid, and subsequently was used gen- 
erally. However, hydrochloric acid was ineffective 
in separating o. A precise X-ray pattern for o was 
established from X-ray photograms of alloys con- 
sisting entirely of oc. 

The residue resulting from electrolytic separations 
on an alloy sample containing massive and finely 
dispersed particles generally consisted of particles 
which were large enough to settle from suspension 
in the electrolyte (“‘sizable” particles) and others 
which were in the colloidal state. These two types 
of particles were collected separately, cleaned, and 
analyzed. The sample comprising the sizable parti- 
cles represents the massive particles in the struc- 
ture; the colloidal sample consists, for the most part, 
of the finely dispersed particles of the structure. An 
improved method was developed for collecting and 
cleaning suspension-type and colloidal-type resi- 
dues;> this will be described in detail in a later 
publication. 

The residue samples thus obtained were analyzed 
in a 57.3-mm radius Debye-Scherrer-type X-ray 
camera, generally using chromium radiation with a 
vanadic oxide filter. The X-ray data obtained by 
both the block-sample and the separation method 
are presented together in Table II. 

Powder Technique on Cold-Worked and Aged 
Aggregate Samples: This method was used to de- 
termine the presence of phases under conditions ap- 
proaching equilibrium and to study the contraction 
and expansion of the matrix phase during precipi- 
tation. The data obtained are interpreted largely 
apart from those resulting from the metallographic 
and the other X-ray methods, since the phase reac- 
tions in chromium-base alloys are sluggish and con- 
sequently the two categories of data may not be 
expected to agree always. 

Samples of the alloys were prepared by powder- 
ing to a 200-mesh size. To insure a maximum of 
cold work before aging, each powder sample was 
processed in a Fisher mechanical grinder for 1 hr. 
For protection during heat treating, each sample was 
incorporated in a 1-mm ID quartz tube which was 


TRANSACTIONS AIME 


vacuum-sealed after it was flushed three times with 
argon to eliminate oxygen and nitrogen. 

Heat treatment was carried out in a small induc- 
tion furnace which maintained temperature within 
+3°F. The samples were quenched by dropping 
from the bottom of the furnace into a beaker of 
water. 

The X-ray exposures were made in a 57.3-mm 
radius Debye-Scherrer-type camera, using chro- 
mium radiation with a vanadic oxide filter, The data 
so obtained from powdered aggregate samples are 
listed in Table III. 

For the purpose of clarity, the three X-ray meth- 
ods of examination described above will hereafter 
be referred to as: 1—block X-ray analysis, 2—sepa- 
ration X-ray analysis, and 3—powder X-ray analy- 
sis. 

Hardness Determinations: Individual hardness 
measurements, made on a Vickers machine using a 
10-kg load, represent the mean of 10 determinations. 
The hardness data were plotted against time at the 
various aging temperatures, and curves derived by 
curve fitting. 


Metastable Constitutionality as Determined by a 
Correlation Between the Metallographic 
and X-ray Results 


60 Pct Cr-15 Pct Fe-25 Pct Mo and 60 Pct Cr-25 
Pct Fe-15 Pct Mo Type Alloys: Except for Cr.O, in- 
clusions,* which appear in rapidly increasing amount 
as carbon content approaches 0 pct, the as-cast 60 
pet Cr-15 pct Fe-25 pet Mo alloy with up to about 
0.03 pct C consists solely of body-center cubic a. 
At the 0.03 pct C level, an as-cast M.,C.-type carbide 
is present, and increases in amount as the carbon is 
raised to about 0.36 pct, and probably higher (for 
results of X-ray analyses on this constituent, see 
Table II, samples 1 through 4; and Table III, sample 
24). 

When 60 pct Cr-15 pct Fe-25 pct Mo type alloys 
containing about 0.005 to 0.36 pct C are aged at 
1400° to 1800°F, a constituent having etching char- 
acteristics similar to the as-cast carbide precipitates 
in finely dispersed form. As the carbon content in- 
creases from about 0.005 to 0.03 pct and higher, the 
amount of the finely dispersed constituent formed 


Table III. Results of Powder-Diffraction Studies on Chromium-Base Alloys 


kvesative Khase 


Intensities; a 
Sample Heat Nominal Heat Phases - Parameter, do, 
Number Number Composition, Pct Treatment Revealed Mo23Ce Sigma in A Units 
1 A3452 50Cr-50Fe-0.02C 48 hr,1450°F* ato m+ 2.873 
2 A3452 50Cr-50Fe-0.02C 48 hr,1800°F* a + Moa3sCe vvi— 2.874 
3 A3453 40Cr-40Fe-20Mo-0.02C As-castft vvs 
4 A3453 40Cr-40Fe-20Mo-0.02C 48 hr,1450°F* ¢ vvs 
5 A3454 55Cr-25Fe-20Mo0-0.02C 48 hr,1600°F* a+o m 2.905 
6 A3454 55Cr-25Fe-20Mo-0.02C 48 hr,1800°F* ato mf 2.909 
7 A3454 55Cr-25Fe-20Mo-0.02C 68 hr, 1800°F{ at+o vvt 2.912 
8 A4460 60Cr-15Fe-25Mo-<0.005C As-cast{ a 2.932 
9 A4460 60Cr-15Fe-25Mo-<0.005C 48hr,1600°F* a ce ae line at (420 of 
23Ce 
10 A4460 60Cr-15Fe-25Mo-<0.005C 48hr,1800°F* a+oa vi+ 2.931 
11 A2948 60Cr-15Fe-25Mo-0.01C 48 hr, 1600°F* a + line at (420 of MosCe) 
12 A2791 60Cr-15Fe-25Mo-0.03C As-cast} a : 2.930 
13 A2791 60Cr-15Fe-25Mo-0.03C 48 hr, 1600°F* aq + lines near (420 and mf+ 2.917 
422 of Mo3Ce) 
14 A2791 60Cr-15Fe-25Mo-0.01C 144 hr, 1600°F* q@ + lines near (420 and mf + 2.917 
422 of MosCe) 
15 A2791 60Cr-15Fe-25Mo-0.01C 48 hr, 1800°F* a@ + g + possibly lines f 2.927 
near (420 and 422 of 
MosCe) 8 
16 A2791 60Cr-15Fe-25Mo-0.01C 144 hr, 1800°F* a@ + + possibly lines 2.92 
near (420 and 422 of 
Mo3Ce) 
17 A4459 60Cr-15Fe-25Mo-0.09C As-cast} a 2.928 
18 A4459 60Cr-15Fe-25Mo-0.09C 48 hr, 1600°F* a+ MzCe vi 2.915 
19 A4459 60Cr-15Fe-25Mo-0.09C 48 hr, 1800°F* a+ + possibly MosCe vi+ 2.925 
20 A2632 60Cr-15Fe-25Mo-0.16C 48 hr, 1400°F* a + MosCe mf+ 2.922 
21 A2632 60Cr-15Fe-25Mo-0.16C 48 hr, 1500°F* + MosCe mf + 2.921 
22 A2632 60Cr-15Fe-25Mo-0.16C 48 hr, 1600°F* a + Moes3Ce mf+ 2.920 
23 A2632 60Cr-15Fe-25Mo-0.16C 48 hr, 1700°F* + MesCe + o vi— vvi— 2.925 
24 A3849 60Cr-15Fe-25Mo-0.36C As-cast} a + MosCe mf— 
25 A3849 60Cr-15Fe-25Mo-0.36C 48 hr, 1600°F* a + MosCe mf+ 
26 A4462 60Cr-25Fe-15Mo-<0.005C As-castf a 2.907 
27 A4462 60Cr-25Fe-15Mo-<0.005C 96hr,1400°F* a 
28 A4462 60Cr-25Fe-15Mo-<0.005C 48hr,1600°F* ato vi+ 2.899 
29 A4462 60Cr-25Fe-15Mo-<0.005C 48hr,1800°F* ato vf 2.903 
30 A4461 60Cr-25Fe-15Mo-0.09C As-cast{ a 2.905 
31 ‘A4461 60Cr-25Fe-15Mo-0.09C 48 hr, 1400°F* a@ + MosCe vi 2.888 
32 A4461 60Cr-25Fe-15Mo-0.09C 48 hr, 1600°F* +o + possibly MxCe mf— 2.894 
33 A4461 60Cr-25Fe-15Mo-0.09C 48 hr,1800°F? ato vf 2.900 
34 A3840 65Cr-13Fe-22Mo-0.09C 48 hr, 1600°F* a + Ma3Ce vvt 2.918 
35 A3840 65Cr-13Fe-22Mo-0.09C 48 hr,1800°F* a + MosCe + o £ vvf— 2.925 
36 A3843 70Cr-11Fe-19Mo-0.08C 48 hr, 1600°F* a + Mo3Ce vi 2.926 
37 A3843 70Cr-11Fe-19Mo0-0.08C 48 hr, 1800°F* a + MosCe vvf 2.927 


* dered and ground 1 hr on the Fisher grinder before heat treating. 
esis was condcred in Aone condition or, if a heat treatment was indicated, powdered subsequent to the heat treatment. 


{ The relative intensities of the precipitating phases were obtaine 


d by using the a matrix phase as an internal standard. Relative 


i iti upon comparisons between the strongest ¢ line and the a@ 200 Ka line in cases of comparisons between the g 
the 420 line of the type carbide and the 110 Kg line in cases of comparisons between the MosCe- 


type c 


arbide and the a phase. The particular lines used in establishing the relative phase intensities may be located by referring to 


the X-ray line intensity chart in Fig. 4. The ratings vvf, vf, f, mf, m, ms, s, vs, and vvs, in order of increasing order of intensity, 


were used in appraising the relative intensities. 
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Fig. 1—Microstructures of chromium-base alloys. X1000. 
a (upper left) —60 pct Cr-15 pct Fe-25 pct Mo-0.09 pct C alloy as cast. Heat A4459. 


Electrolytic glycol-alcohol-nitric acid etch. 


b (upper right)—60 pct Cr-15 pct Fe-25 pct Mo-0.09 pct C alloy aged 96 hr at 1800°F. 
Heat A4459. Same as Fig. 2f. Alkaline permanganate etch. 


c (lower left)—60 pct Cr-25 pct Fe-15 pct Mo-0.09 pct C alloy as cast. Heat A4461. 


Alkaline permanganate etch. 


d (lower right)—60 pct Cr-25 pct Fe-15 pct Mo-0.09 pct C alloy aged 144 hr at 1600°F. 
Heat A4461. Same as Fig. 2d’. Aikaline permanganate etch. 


increases. Above about 0.09 to 0.16 pct C, the capac- 
ity of the alloy for precipitating the finely dispersed 
constituent decreases, and at the 0.36 pct C level, 
only very small amounts precipitate. 

All three X-ray methods revealed the finely dis- 
persed constituent to be solely M,;C,-type carbide 
in alloys containing 0.09 pct C (see Table II, samples 
5, 11, and 12; and Table III, sample 18); it is likely 
that this is true at carbon levels above 0.09 pct (see 
Table III, samples 20 through 23). 

The different methods of X-ray analysis were not 
in complete agreement as to the identity of the finely 
dispersed constituent at the 0.03 and 0.01 pct C 
levels. However, separation X-ray analysis, which 
was of greatest value in identifying finely dispersed 
phases, revealed that the dispersed constituent con- 
sisted of M..C,-type carbide plus an unidentified Z 
phase at the 0.03 pct C level, and of solely the Z 
phase at the 0.01 pct C level (see Table II, samples 
6 and 7, and 8 and 9, respectively). The results ob- 
tained on the dispersed constituent by the other 
X-ray methods at the 0.03 and 0.01 pct C levels 
(Table III, samples 13, 14, and 11; and Table II, 
sample 10) are largely reconcilable with the data 
obtained by the separation method by considering 
the precipitated Z phase to be in a strained condi- 
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tion as a result of a lattice registry between it and 
the matrix phase.’ 

Microstructures resulting from aging the 60 pct 
Cr-15 pet Fe-25 pct Mo-0.09 pet C and 60 pet Cr- 
25 pct Fe-15 pct Mo-0.09 pet C alloys for periods up 
to 144 and 96 hr at temperatures from 1400° through 
2000°F are presented in Figs. 1 and 2. A metastable 
constitution diagram of the 60 pct Cr-15 to 25 pct 
Fe-15 to 25 pet Mo-0.09 pet C alloy range represent- 
ing 96 hr of aging at 1400° through 2000°F is shown 
in Fig. 3. This diagram, distinguishing between as- 
cast and precipitated constituents, is based upon the 
foregoing microstructures together with largely 
block analyses as the method of X-ray examination 
(Table II, samples 11 through 19). 

The as-cast structures of both the 60 pct Cr-15 pct 
Fe-25 pct Mo-0.09 pct C and 60 pct Cr-25 pct Fe- 
15 pet Mo-0.09 pet C alloys contain M.,C,-type car- 
bide (note Table II, samples 2 and 15) of both a 
massive and “eutectic-appearing” form. At high 
magnification and after applying the alkaline per- 
manganate etchant, the 60 pct Cr-25 pet Fe-15 pct 
Mo-0.09 pet C alloy discloses a small amount of o 
enveloping the massive carbides (see Fig. 1c). The 
eutectic-appearing structure of the 60 pet Cr-25 pct 
Fe-15 pct Mo-0.09 pet C alloy also usually contains 
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a and a’—Aged 24 hr at 1400°F. 
Glycol-alcohol-nitric acid etch. 


b and b’—Aged 144 hr at 1400°F. 
Glycol-alcohol-nitric acid etch. 


c and c’—Aged 10 hr at 1600°F. 
c and d—Glycol-alcohol-nitric acid 
etch. 


d and d’—Aged 144 hr at 1600°F. 
c’ and d’—Alkaline permanganate 
etch. 


e and e’-—Aged 8 hr at 1800°F. 
Alkaline permanganate etch. 


f and f’—Aged 96 hr at 1800°F. 
Alkaline permanganate etch. 


g and g’—Aged 96 hr at 2000°F. 
Alkaline permanganate etch. 


60 pet Cr. 15 we Fe- 25 pet Mo- 0.09 pet C ies 60 pct Cr-25 pct Fe-15 pct Mo-0.09 Bk C alloy. 
Heat A4459. Heat A4461. 


Fig. 2—Microstructures of chromium-base alloys after aging at 1400° to 2000°F. X250. 
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Fig. 3—Schematic diagram showing the microconstituents in 
alloys of the 60 pct Cr-15 to 25 pct Fe-15 to 25 pct Mo-0.09 
pet C range, after aging 96 hr at temperature. 


o as its second component, while the second con- 
stituent of the comparable structure in the 60 pct 
Cr-15 pct Fe-25 pct Mo-0.09 pct C alloy is believed 
to be a (see Fig. la). 

The as-cast constituents of both the 25 pect Mo and 
15 pet Mo-bearing alloys locate semicontinuously in 
the grain boundaries and, to a lesser extent, as iso- 
lated particles in the interstices of the dendrites.° 

Referring to Fig. 3, aging the 60 pct Cr-15 pct Fe- 
25 pet Mo-0.09 pct C alloy at temperatures up to 
about 1900°F precipitates the finely dispersed car- 
bide in the interstitial areas, superimposing the as- 
cast carbide and increasing in coarseness with aging 
temperature (see Figs. 2a through f). In the tem- 
perature range from about 1700° to 1900°F, massive 
o, in addition to the finely dispersed carbide, is pre- 
cipitated (Figs. 2e and f), forming as clusters of 
particles in interstitial areas and as masses surround- 
ing the as-cast carbide (refer to Fig. 1b for greater 
detail). At about 1900°F and higher, the dispersed 
carbide is no longer precipitated; aging results in 
the formation of massive oc, largely adjoining residual 
as-cast carbide (Fig. 2g). 

It will be noted from Fig. 3 that the same phases 
precipitated on aging the 60 pct Cr-15 pct Fe-25 pct 
Mo-0.09 pet C alloy—the finely dispersed M.,C, car- 
bide and o—precipitate also in the 15 pct Mo-bear- 
ing alloy; they form generally within temperature 
ranges removed about 200°F below those for the 
25 pet Mo alloy. For the 60 pct Cr-15 pct Fe-25 pct 
Mo-0.09 pct C alloy, the as-cast carbide persists 
after aging at temperatures up through 2000°F; in 
the 15 pet Mo-bearing alloy, the as-cast carbide per- 
sists after aging up to 1800°F, but not at 2000°F 
(Figs. 2a’ through g’). 

With exceptions to be mentioned, the microstruc- 
tural features of the 60 pet Cr-25 pct Fe-15 pct Mo- 
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0.09 pet C alloy after aging at 1400° through 2000°F 
are similar to those for the 60 pct Cr-15 pct Fe- 
25 pet Mo-0.09 pet C alloy (Fig. 2). 

It will be observed that the finely precipitated 
carbide disperses more uniformly in the 15 pct Mo- 
bearing alloy than in the 25 pct Mo type (compare 
Figs. 2a’ through 2d’ with 2a through 2f). Also, it 
is to be noted that for comparable aging times sub- 
stantially larger amounts of o are formed in the 
15 pct Mo alloy than in the 25 pct Mo type (compare 
Figs. 2c’ through 2g’ with 2e through 2g—refer to 
Fig. ld for greater detail in constituents forming in 
the 15 pct Mo type). 

The metallographic features of the 60 pct Cr-15 
pet Fe-25 pct Mo type alloy at the carbon levels 
0.01, 0.03, and 0.16 after aging at 1400° through 
2000°F were found to be essentially the same as 
those at the 0.09 pct C level with two exceptions: 
The substitution of the Z phase for the finely dis- 
persed M.,C, carbide in the low carbon range; and 
the variable quantity of finely dispersed constituent 
and as-cast M.,C, with carbon content, described 
earlier. The o formed in the microstructures in the 
same temperature range as for the 0.09 pct C level, 
and, for a comparable aging time, appeared in about 
the same amount at carbon levels down to 0.01 pct. 

Metallographic examination of the 60 pct Cr- 
15 pet Fe-25 pct Mo-<0.005 pct C and 60 pct Cr-25 
pet Fe-15 pct Mo-<0.005 pct C alloys revealed only 
extremely slight amounts of precipitate after pro- 
longed aging at 1400° through 2000°F. The tem- 
perature ranges in which the dispersed phase and o 
were found corresponded to the temperature ranges 
for these types of alloys with 0.09 pct C (see Fig. 3). 

An investigation was not made as to whether the 
Z phase forms on aging in the 60 pct Cr-25 pct Fe- 
15 pct Mo type alloy in the 0.005 to 0.03 pet C range. 

The microstructures of aged Cr-Fe-Mo alloys, as 
well as properties, can be significantly affected by 
prior homogenization. As contrasted to the non- 
uniform distribution of the finely dispersed con- 
stituent in as-cast and aged alloys, the finely dis- 
persed constituent in homogenized and aged mate- 
rials was uniformly distributed. 

The microstructures for the homogenized and aged 
60 pet Cr-15 pct Fe-25 pct Mo-0.015 to 0.025 pct C 
alloy* showed uniformly dispersed M.,.C, after the 


* Samples were taken from casting A4456, which analyzed 0.09 
pce: Decarburization occurred during homogenizing, leaving sam- 
ples void of as-cast constituent prior to aging. 


1400° to 1600°F aging treatments and, after aging 
at 1800°F, both the uniformly dispersed M.,C, and 
traces of o. Aging at 2000°F produced predominantly 
o with a slight amount of carbide. 

Aging the homogenized 60 pct Cr-25 pct Fe-15 pct 
Mo-0.015 to 0.025 pet C material** produced uni- 


** Taken from casting A4461— the substantial loss of carbon indi- 
cated occurred during the homogenization. 


formly dispersed M,C, at 1400°F, predominantly 
dispersed M.,C, with a very small amount of o at 
1600°F, predominantly o with a very slight amount 
of carbide at 1800°F, and all o at 2000°F. 

It was not expected that the finely dispersed phase 
would be overwhelmingly predominant in the homo- 
genized 60 pct Cr-15 pet Fe-25 pct Mo-0.015 to 0.025 
pet C alloy aged at 1800°F+ and homogenized 60 pct 


tT A duplicate experiment on the same type alloy was conducted 
with a different heat, giving the same results. 


Cr-25 pct Fe-15 pct Mo-0.015 to 0.025 pet C alloy 
aged at 1600°F. This particularly appears anomalous 
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when it is considered, as will be shown subsequently 
by the powder-diffraction results on cold-worked 
samples, that predominantly o is stable in these two 
alloys at the respective temperatures in question. 
The cause for this anomaly is not wholly under- 
stood. The explanation may be associated with the 
microscopically uniform distribution of elements 
prior to aging; an appreciable period taken in heat- 
ing up to the aging temperature is also thought to 
be a factor.’ 

Both block and separation X-ray analyses for the 
constituents described in the homogenized and aged 
alloys are shown in Table II, samples 20 through 27, 
and samples 28 through 33, respectively. 

65 Pct Cr-13 Pct Fe-22 Pct Mo-0.09 Pct C, 70 Pct 
Cr-11 Pct Fe-19 Pct Mo-0.08 Pct C, 55 Pct Cr-25 Pct 
Fe-20 Pct Mo-0.02 Pct C, and 40 Pct Cr-40 Pct Fe- 
20 Pct Mo-0.02 Pct C Alloys: Metallographic study 
of the 65 pct Cr-13 pct Fe-22 pct Mo-0.09 pet C and 
70 pet Cr-11 pct Fe-19 pct Mo-0.08 pct C alloys 
showed a decrease in amount of fine dispersed phase 
formed on aging at 1600°F as the composition was 
altered from the 60 pct Cr-15 pct Fe-25 pct Mo- 
0.09 pct C analysis toward the 70 pct Cr-11 pct Fe- 
19 pet Mo-0.08 pct C analysis. 

The as-cast microstructures of the 65 pct Cr-13 
pet Fe-22 pct Mo-0.09 pct C and the 70 pet Cr-11 pct 
Fe-19 pct Mo-0.08 pct C alloys were similar to that 
of the 60 pct Cr-15 pct Fe-25 pct Mo-0.09 pct C 
alloy. The as-cast constituent in the 70 pet Cr-11 pct 
Fe-19 pct Mo-0.08 pet C alloy was shown to be the 
M.,C,-type carbide by separation X-ray analysis (see 
Table II, sample 34). Therefore, it appears that the 
as-cast constituent in the 65 pct Cr-13 pct Fe-22 pct 
Mo-0.09 pct C alloy is also an M.,C,-type carbide. 

Both the 65 pet Cr-13 pct Fe-22 pet Mo-0.09 pct C 
and the 70 pet Cr-11 pct Fe-19 pct Mo-0.08 pct C 
alloys contained the as-cast M.,C.-type carbide and 
the finely dispersed phase after aging at 1600°F. 
After aging at 1800°F, the 65 pct Cr-138 pct Fe- 
22 pet Mo-0.09 pct C alloy contained residual as-cast 
earbide and a very small amount of co, while the 
70 pet Cr-11 pet Fe-19 pct Mo-0.08 pct C alloy con- 
tained residual as-cast carbide and an even smaller 
amount of o. After aging at 2000°F, the 65 pct Cr- 
13 pet Fe-22 pct Mo-0.09 pct C alloy contained a 
smaller amount of residual as-cast carbide and only 
a trace of o, whereas the 70 pct Cr-11 pct Fe-19 pct 
Mo-0.08 pet C alloy showed only a small amount of 
residual as-cast carbide. 

Powder X-ray analyses of the 65 pct Cr-13 pct Fe- 
22 pct Mo-0.09 pet C and 70 pet Cr-11 pct Fe-19 pct 
Mo-0.08 pct C alloys gave qualitative confirmation 
of the phases observed metallographically (see Table 
III, samples 34 through 37). Since these analyses 
revealed only M.;C,-type carbide and o, it may be 
assumed that the finely dispersed phase, in addition 
to the as-cast constituent, is the M..C.-type carbide, 
especially since the carbon contents of these alloys 
are moderately high. 

Examination by both the metallographic and the 
powder X-ray method (Table III, sample 5) revealed 
a and finely dispersed o in the 55 pct Cr-25 pct Fe- 
20 pct Mo-0.02 pct C alloy aged at 1600°F. The o 
increased greatly in amount and particle size as the 
aging temperature was increased to 2000°F. No o 
was observed after aging at 2200°F. 

Metallographic examinations, including techniques 
using polarized light,’ showed that the 40 pct Cr- 
40 pct Fe-20 pct Mo-0.02 pct C alloy, both as-cast 
and after aging at 1600° to 2200°F, has a one-phase 
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Fig. 4—X-ray line intensity chart of powder-diffraction films taken 
of selected Cr-Fe-Mo alloys. The powder samples were cold worked 
prior to heat treating so as to give conditions approaching equilib- 
rium. qa and o patterns in graphs 1 and 3 are based upon the 50 
pet Cr-50 pct Fe alloy, while the M,,C,-type pattern in graph 2 
was obtained from a residue extracted from the 60 pct Cr-15 pct 
Fe-25 pct Mo type alloy. Where lines of different phases appear 
to have superimposed, the line is dissected. All a-phase lines are 
marked “a’’). 


microstructure. Powder X-ray analysis revealed this 
phase to be o (see Table III, samples 3 and 4). 


Phase Transformation Studies by Powder X-ray Analysis 


Table III lists the powder-diffraction data. A line- 
intensity chart graphically illustrating some of the 
powder X-ray photograms is presented in Fig. 4. 

Table III shows the phases appearing in the vari- 
ous samples, and gives the relative intensities of the 
precipitating phases, so that the amounts of a phase 
represented in different photograms may be roughly 
compared.’ Also, the parameter value (a,) for a is 
given for each condition of preparation, so that the 
precipitation process may be studied from the stand- 
point of contraction and expansion of the matrix 
phase. The parameter values are accurate to 1 part 
in 3000. 

It will be noted in Table III that two different 
methods of preparation were employed. Most fre- 
quently used was the method (asterisk note in Table 
III) for attaining conditions approaching equilib- 
rium; this consists of grinding for 1 hr to cold work 
the sample before heat treatment. The other method 
of preparation (single dagger note in Table III) 
consists of grinding the as-cast specimen, or, if a 
heat treatment is specified, grinding subsequent to 
heat treating. Samples prepared in the latter man- 
ner were used to determine the lattice parameter of 
the a phase prior to any precipitation or in a state 
comparable to that resulting from a practical period 


of heat treating in block form. 
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Table IY. Comparison of Lattice Parameters of M,,C,-Type 
Carbides in Chromium-Base Alloys With Known Isomorphs of the 


M,,C,- Type 

Qin 
Carbide, Pct A Units 

As-cast Mo3Ce in 60Cr-15Fe-25Mo-0.36 C (Heat A3849) * 10.751 
As-cast MosCs in 60Cr-15Fe-25Mo-0.09C (Heat A4459) * 10.725 
As-cast Mo3C¢ in 60Cr-25Fe-15Mo-0.09C (Heat A4461) * 10.698 
10.638 
(Cr, Fe) 10.565 
(Fe, Mo) 10.527 

(Cr, W) 23Ce& 10.73 


* Carbide was separated by the electrolytic method and analyzed 
by powder X-ray diffraction. 


In Fig. 4, o (graph 3) is present in the 50 pct Cr- 
50 pct Fe, 40 pet Cr-40 pct Fe-20 pct Mo, 55 pct Cr- 
25 pet Fe-20 pet Mo, 60 pct Cr-15 pct Fe-25 pct Mo, 
60 pct Cr-25 pct Fe-15 pct Mo, and, to a slight extent, 
65 pet Cr-13 pct Fe-22 pct Mo alloys (graphs 4, 5, 
6, 8, 10, and 11, respectively). Similarly, evidence 
of the M..C,-type carbide (graph 2) is shown for 
the 60 pet Cr-15 pet Fe-25 pet Mo-0.09 pct C, 60 pct 
Cr-25 pct Fe-15 pct Mo-0.09 pct C, and, to a lesser 
extent, 65 pct Cr-13 pct Fe-22 pct Mo-0.09 pct C 
alloys (graphs 7, 9, and 11, respectively). 

Fig. 4 also shows that the lattice sizes of a, o, and 
M..C.-type carbide for the different alloys vary. The 
o phase in the 50 pct Cr-50 pct Fe, 40 pct Cr-40 pct 
Fe-20 pct Mo, 55 pet Cr-25 pct Fe-20 pct Mo, and 
the 60 pct Cr-15 pct Fe-25 pct Mo type alloys 
(graphs 4, 5, 6, and 8, respectively) undergoes a 
progressive expansion. The o lines at low D values, 
which are least affected by specimen absorption, 
show this trend. The o in the 60 pct Cr-25 pct Fe- 
15 pet Mo alloy is smaller in lattice dimensions than 
the o in the 60 pct Cr-15 pct Fe-25 pct Mo alloy 
(graphs 10 and 8). This relation also holds for the 
M..C.-type carbide (graphs 9 and 7). Inasmuch as 
the atomic radius of molybdenum is 8.8 pct larger 
than that of chromium, and the radius of iron only 
0.8 pct smaller than that of chromium, alterations 
in molybdenum content are largely responsible for 
the volume changes in these phases. 

In determining a suitable period of aging to assure 
a near-equilibrium condition for samples previously 
cold worked by grinding, experiments were made to 
indicate the effect of time on the degree of precipita- 
tion. Table III, samples 12 through 16, shows that 
precipitation is nearing completion after 48 hr of 
aging at 1600°F (where M.,C,-type carbide is pre- 
cipitated) and 1800°F (where predominantly o is 
precipitated). Although the precipitation of M.,C,- 
type carbide is accompanied by a substantial con- 
traction of the matrix phase (coinpare parameter 
values for samples 13 and 14 with that of sample 
12), both the parameter values of a and the relative 
intensities of the M.,.C,-type phase are the same after 
aging both for 48 (sample 13) and 144 hr (sample 
14). Since the data indicate that the formation of 
o produces a slight contraction of the matrix lattice, 
the change in the a parameter resulting from o 
formation for the 48 and 144 hr of heating at 1800°F 
is in the wrong direction to indicate a greater pre- 
cipitation at the longer time (samples 12, 15, and 
16). Consequently, this slight difference in parame- 
ter values must be ascribed to experimental error. 

On the basis of the foregoing experiments, 48 hr 
was accepted and used as the standard period of 
aging for establishing a near-equilibrium condition. 

It is interesting to note that the a parameter 
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values for the 50 pct Cr-50 pct Fe alloy do not differ 
much for the specimen which precipitated the M.,C,.- 
type phase and that which precipitated o (compare 
samples 1 and 2). This is understandable, since 
chromium and iron have approximately the same 
atomic radius, and the impoverishment of the matrix 
with respect to either metal will not alter the pa- 
rameter appreciably. 

On the other hand, the a matrix phase for the 
55 pet Cr-25 pet Fe-20 pct Mo alloy undergoes con- 
siderable contraction on precipitating greater 
amounts of the o phase (see samples 5, 6, and 7). 
This is apparent since the relative intensity of o in 
the respective samples increases while the a pa- 
rameter value is decreasing. It further may be con- 
cluded that, under equilibrium conditions, more o 
forms in the 55 pct Cr-25 pct Fe-20 pct Mo alloy at 
1600° than at 1800°F. Also, cold working prior to 
heat treatment greatly accelerates the reaction. 

The powder-diffraction data for the 60 pet Cr-15 
pet Fe-25 pct Mo-<0.005 pet C and the 60 pct Cr- 
25 pct Fe-15 pct Mo-<0.005 pct C alloys (samples 8 
through 10, and 26 through 29) show little evidence 
of the finely dispersed phase as a result of aging at 
1600° and 1400°F, respectively. This is to be ex- 
pected in view of their very low carbon contents. 
However, o is formed in large amounts in these 
alloys when aged at the higher temperatures. In 
fact the amounts are similar to those found in these 
types of alloys containing 0.09 pet C (compare the 
relative intensities of o-sample 10 with 19; and 
samples 28 and 29 with 32 and 33). 

Only extremely small amounts of o are formed in 
block samples of the 60 pct Cr-15 pet Fe-25 pct Mo- 
<0.005 pct C alloy on aging at 1800°F, and of the 
60 pet Cr-25 pct Fe-15 pct Mo-<0.005 pct C alloy on 
aging at 1600°F, whereas the powder X-ray results 
show that, for conditions approaching equilibrium, 
comparatively large amounts of o are formed in 
these alloys at the respective temperatures. From 
this it may be concluded that the formation of o is 
extremely sluggish in these alloys when the carbon 
content is <0.005 pct, but is accelerated greatly by 
cold working. Block samples of these two types of 
alloys containing 0.09 pect C form an abundance of 
o on aging at the temperatures mentioned, but still 
much less than is formed under near-equilibrium 
conditions. It is apparent that carbon promotes the 
formation of o in these alloys. With comparable 
aging of block samples, even 0.01 pet C in the 60 pct 
Cr-15 pct Fe-25 pct Mo alloy produces as much o 
as does 0.09 pet C. 

The 60 pet Cr-15 pct Fe-25 pct Mo alloys with 
<0.005 and 0.01 pct C show faint evidence of a pre- 
cipitated phase as a result of aging at 1600°F (Table 
III, samples 9 and 11). This evidence, as mentioned 
earlier, possibly represents the Z phase revealed by 
the separation X-ray method, although it consists 
of a line located where the 420 index line of the 
M.;,C, phase normally falls.* 

The formation of the M.,C.-type carbide in the 
60 pet Cr-15 pct Fe-25 pct Mo-0.09 pct C alloy as 
a result of aging at 1600°F is accompanied by a very 
substantial contraction of the matrix lattice (com- 
pare sample 18 with 17). The contraction resulting 
from the precipitation of the M.,C.-type carbide is 
even somewhat greater in the 60 pct Cr-25 pct Fe- 
15 pet Mo-0.09 pct C alloy aged at 1400°F (see sam- 
ples 31 and 30). The contractions suggest that 
molybdenum may be a prominent atom in the M.,C,- 
type carbide. Since, as will be shown later, the car- 
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pct C alloy heated 24 hr at 2500°F in an 
atmosphere of 50 pct nitrogen and 50 pct 
argon. Glycol-alcohol-nitric acid etch. 
Shows massive and needle-like Cr,N-type 
nitride. 
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a—60 pct Cr-15 pct Fe-25 pct Mo-<0.005 b—58 pct Cr-15 pct Fe-25 pct Mo-2 pct Ti 


alloy aged 96 hr at 1800°F. Unetched. 
Shows residual as-cast TiC and TiC-TiN 
particles. 


Fig. 5—Microconstituents in chromium-base alloys. X500. 


bide of the 15. pct Mo-bearing alloy is smaller in 
parameter than that of the 25 pct Mo-type, it may 
be concluded that greater amounts of carbide are 
precipitated in the former on aging. 

A survey of the findings of the powder-diffraction 
study on chromium-base alloys with respect to the 
phases present (Table III) qualitatively substanti- 
ates the metastable constitutionality of these alloys 
discussed earlier. The most striking departure of 
the equilibrium results from those determined for 
aged block samples concerns the presence of o in 
<0.005 pet C materials, which difference is resolved 
in terms of the extreme sluggishness of the o re- 
action at this carbon level. At higher carbon levels, 
notwithstanding the formation of considerably 
larger amounts of phases in the powder samples as 
compared to aged block samples, the carbides were 
detected with difficulty in the temperature regions 
where o began to form. This was due to a super- 
imposition of the prominent carbide lines on the o 
spectrum (see graph 11, Fig. 4, for example). 


Microconstituents in Chromium-Base Alloys 


M,,C,-Type Carbide: Table IV shows a comparison 
between the lattice parameters of the carbides in 
chromium-base alloys and parameters of known iso- 
morphs of the M.,C, type. The face-centered cubic 
M..,C.-type carbides in chromium-base alloys deviate 
considerably in parameter value from Crw:C,, (Cr, 
Fe) ..C,, and (Fe, Mo).,C., but fall closely in line with 
the value given for (Cr, W) o.Cc. 

Molybdenum and chromium have much _ higher 
affinities for carbon than does iron. Also, these 
metals are represented in large amounts in the 60 
pet Cr-15 pet Fe-25 pct Mo type alloy. Therefore, it 
is likely that the carbide in the 60 pct Cr-15 pct Fe- 
25 pct Mo type alloy contains chromium and molyb- 
denum as its major metal elements. 

The slightly larger atomic radius of tungsten as 
compared with molybdenum, and the smaller lattice 
parameter of (Cr,W)xC, as compared with the 
M.,C,-type carbide in the 60 pct Cr-15 pct Fe-25 pct 
Mo (Table IV), suggest a higher ratio of molyb- 
denum to chromium atoms in this M.,C, carbide than 
of tungsten to chromium atoms in (Cr, W).»Cs. 
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The (Cr, W).,C, carbide in Table IV was found in 
Cr-W-C alloys, and calculations revealed it to con- 
tain 10 atomic pct of tungsten. 

Since the parameter for the M.,C,-type carbide of 
the 60 pct Cr-25 pct Fe-15 pct Mo type alloy is 
smaller than that of the 60 pet Cr-15 pct Fe-25 pct 
Mo alloy, it is likely that the carbide of the former 
alloy contains a lower percentage of molybdenum, 
and may even contain a small amount of iron. 

Sigma Phase: The o of chromium-base alloys is 
isomorphous with the FeCr intermetallic compound 
in the Cr-Fe side of Cr-Fe-Mo ternary system and 
also the FeMo compound in the Fe-Mo side.”* The o 
spectrum did not appear to vary appreciably in the 
alloys studied, except for shifts of the complete 
spectrum. 

Z Phase: The crystal structure of the Z phase was 
not identified. None of the spectra of known car- 
bides, nitrides, or intermetallic compounds con- 
sidered matched its pattern. 

Cr,.N-Type Phase: Although nitrides are not or- 
dinarily formed in chromium-base alloys under the 
conditions of preparation used, they may form as a 
result of contamination during heat treating or ser- 
vice. The two types of constituents observed, a mas- 
sive and a needle-like phase, are illustrated in Fig. 
da. Both of these constituents were shown to be a 
hexagonal Cr.,N-type nitride, the massive one by 
both separation (Table II, sample 35) and powder 
analysis, and the needle-appearing one, by powder 
analysis.’ 

With low nitrogen pickup only the needle-like 
phase is formed, whereas with high nitrogen pickup, 
both constituents appear. Cr.N needles form at 
temperatures as high as 2500°F and remain stable 
in the 60 pet Cr-15 pct Fe-25 pct Mo type alloy at 
temperatures as low as 1600°F and at least as low 
as 1400°F in the 60 pct Cr-25 pct Fe-15 pct Mo type.° 

TiC and TiC-TiN Constituents: Titanium com- 
bines with carbon and nitrogen in chromium-base 
alloys, forming as-cast inclusions which are visible 
in the unetched microstructure. .These constituents 
consist of light dove-gray, irregular-shaped parti- 
cles generally located in the grain boundaries, and 
other angular or cubic-shaped particles varying 
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Fig. 6—Hardness-time curves for as-cast, chromium-base alloys aged at various temperatures. 
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from a light-yellow to an orange color and located 
both in the grains and at the boundaries. Very often 
the angular-shaped particles are continuous with 
the irregular-shaped ones, giving gradations in color 
from yellow to orange to dove gray. These constitu- 
ents are shown in Fig. 5b. Aging at 1800°F does not 
change the character of these constituents. 

Separation X-ray analyses of as-cast 58 pct Cr- 
15 pet Fe-25 pct Mo-0.09 pct C-0.05 pct N-2 pct Ti 
and 58 pct Cr-25 pct Fe-15 pet Mo-0.09 pct C-0.05 
pet N-2 pct Ti alloys showed a spectrum of rather 
sharp lines, corresponding to the face-centered cubic 
TiC phase, and a spectrum of diffuse bands, corre- 
sponding to a continuous series of solid solutions 
between the face-centered cubic TiC and TiN (Table 
II, samples 36 and 37, respectively). In studies on 
titanium steels investigators have shown that the 
gray inclusions are TiC and the yellow and orange 
particles correspond to a continuous series of solid 
solutions between TiC and TiN.* 

Indications were found for the formation of finely 
dispersed titanium compounds on aging the 58 pct 
Cr-15 pet Fe-25 pet Mo-0.05 pct N-0.09 pct C alloy.’ 


Hardness 


Hardness-time curves plotted for chromium-base 
alloys aged at 1400°, 1600°, 1800°, and 2000°F are 
compared in Fig. 6. The hardness data obtained on 
the <0.005 pct C alloys aged at these temperatures 
are shown as a range within which all of the indi- 
vidual hardness values fell. 

The addition of carbon made the 60 pct Cr-15 pct 
Fe-25 pct Mo and 60 pct Cr-25 pct Fe-15 pct Mo 
type alloys amenable to age hardening. This be- 
havior correlates with the metallographic findings, 
inasmuch as the <0.005 pct C alloys revealed only 
extremely small amounts of precipitate after aging. 

The 60 pet Cr-15 pct Fe-25 pct Mo-0.09 pct C 
alloy shows the highest hardness after aging at 
1600°F. For aging times in excess of 144 hr, aging 
at 1400°F might show higher hardness. Aging at 
1600°F produces about a 30 pct increase in gee 
ness over that of the as-cast alloy. 

These trends appear to correlate well with the 
microstructures shown in Fig. 2. The finely dis- 
persed carbide contributes to the hardness by a dis- 
persion-hardening process, and the as-cast carbide 
and o by forming a mechanical mixture with the 
matrix. 

The trends revealed by the 60 pct Cr-15 pct Fe- 
25 pct Mo alloy with 0.06 and 0.09 pct C are similar. 
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As expected, the hardness for the 0.06 pct C alloy is 
lower. 

The hardness of the 60 pet Cr-25 pct Fe-15 pct 
Mo-0.09 pet C alloy after aging is generally equal 
to, or higher than, that of the 60 pct Cr-15 pct Fe- 
25 pet Mo-0.09 pct C alloy for corresponding aging 
temperatures. For aging at 1400°F, this may be 
attributed to a more uniform distribution of the 
finely dispersed carbide, and, at the higher tempera- 
tures, to larger quantities of o (see Fig. 2). 

In general, higher hardnesses are obtained on 
aging homogenized alloys as compared with as-cast 
alloys. After aging for 144 hr at 1400°F, the ho- 
mogenized 60 pct Cr-15 pct Fe-25 pct Mo-0.015 to 
0.025 pct C alloy gave a hardness of 792 Vickers, as 
compared to 642 for the as-cast alloy. 

Study of the hardness indentations showed that 
twinning occurred in areas free from finely dis- 
persed phases.’ This behavior in chromium-base al- 
loys represents a mode of deformation which may 
contribute favorably to plasticity. 

Deformation twins in chromium-base alloys are 
illustrated in Fig. 7. The twinning action is accom- 
panied by a cracking noise and the resulting bands 
have all the visible characteristics described for 
Neumann bands by Mathewson and Edmunds.’ 


‘Summary and Conclusions 

A comprehensive study has been made of the 
phases in chromium-base alloys and their behavior 
with heat treatment. Three different methods of 
X-ray examination, metallography, and hardness 
measurements were used in the research. The X-ray 
methods include: 1—The block-sample focusing- 
camera method; 2—the powder-diffraction method 
on electrolytically separated residues; and 3—the 
powder-diffraction method on cold-worked aggre- 
gate samples. The results obtained by the first two 
methods are correlated with the metallographic re- 
sults. The third method was used to study structures 
under near-equilibrium conditions and changes in 
the parameter of the matrix phase. 

Emphasis was given to the 60 pct Cr-15 pct Fe-25 
pet Mo and 60 pet Cr-25 pct Fe-15 pct Mo type al- 
loys ¢the alloys having the most useful high-tem- 
perature properties) with <0.005 and 0.09 pct C. 
Alloys of the 60 pct Cr-15 pct Fe-25 pct Mo type 
with up to 0.36 pet C were studied. Alloys with 2 
pet Ti and others with nitrogen were also examined. 

In addition to the body-centered cubic a matrix, 
the following phases form in chromium-base alloys 
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Fig. 7—Character of deformation accompanying hardness indentations in chromium-base 
alloys. Vickers 10 kg load. Glycol-alcohol-nitric acid etch. a (upper left) —60 pct Cr-15 pct 
Fe-25 pct Mo-0.06 pct C alloy as cast and aged 96 hr at 1600°F. Heat A4461. X500. Shows 
the plastic deformation and absence of striae. This is typical for microstructures containing 
copious finely dispersed phase. b (upper right) —60 pct Cr-15 pct Fe-25 pct Mo-<0.005 pct 
C alloy as cast. Heat A4460. X250. Illustrates the amount of striae which accompanies in- 
dentations in <0.005 pct C alloys. c (lower left)—60 pct Cr-15 pct Fe-25 pct Mo-<0.005 
pct C alloy as cast. Heat A4460. X1000. c and d are taken of the same field of view on the 
<0.005 pct C type alloy with the illumination striking from opposite directions in the respec- 
tive micrographs. The fact that the striae appearing white in one micrograph appear black in 
the other, and vice versa, clearly illustrates that they are inclined with respect to the surface 
of the microspecimen. This feature together with the characteristics for the striae mentioned 
in the text are proof that the striae are deformation twins. d (lower right) —60 pct Cr-15 
pet Fe-25 pct Mo-<0.005 pct C alloy as cast. Heat A4460. X1000. 


and are readily distinguishable metallographically: 
1—A face-centered cubic M.,C.-type phase indi- 
cated to be (Cr, Mo).,C, by the X-ray data; 2—A o 
phase isomorphic with the FeCr and FeMo inter- 
metallic compounds; and 3—An unidentified phase, 
designated Z. When titanium and nitrogen are 
added, the following are also observed: 1—The face- 
centered-cubic TiC phase; 2—Constituents consist- 
ing of a continuous series of solid solutions between 
the face-centered cubic TiC and TiN phases; and 
3—A hexagonal Cr.N-type phase. 

The as-cast 60 pct Cr-15 pct Fe-25 pct Mo type 
alloy consists of all a phase or a plus M.C,-type 
carbide, depending upon the carbon content of the 
alloy. The as-cast M.,C.-type carbide first appears 
in the 60 pct Cr-15 pct Fe-25 pct Mo type alloy at a 
carbon level of about 0.03 pct and increases in 
amount as the carbon content is raised to 0.36 pct 
and probably higher. 

When the 60 pct Cr-15 pct Fe-25 pct Mo type 
alloy with 0.01 to 0.36 pct C is aged at temperatures 
of 1400° to 1800°F, a finely dispersed constituent is 
precipitated, which is responsible for age hardening 
in this alloy. This constituent first appears at a car- 
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bon level of about 0.005 pct and precipitates in 
larger amounts as the carbon content is raised to 
about 0.03 pct. Between 0.09 and 0.16 pct C, the 
amount of the finely dispersed constituent begins to 
decrease, and at 0.36 pct C, only avery small amount 
is formed. Based on X-ray analysis the dispersed 
constituent consists of Z phase at 0.01 pct C, and of 
both Z and M,,C, carbide at 0.03 pct C. Between 0.09 
and 0.36 pct C, the finely dispersed constituent con- 
sists solely of M..C,-type carbide. 

When the 60 pct Cr-15 pct Fe-25 pct Mo type 
alloy with 0.01 to 0.09 pct C and higher is aged at 
temperatures of 1800° to 2000°F and higher, massive 
o forms in substantial amounts. 

The 60 pct Cr-25 pct Fe-15 pct Mo type alloy was 
not studied thoroughly by X-ray in the carbon 
range up to 0.03 pet. Consequently, it is not known 
whether the Z phase forms in this type alloy. Both 
the M.,C,-type carbide and small amounts of o form 
in as-cast 60 pct Cr-25 pct Fe-15 pct Mo alloys when 
the carbon content is. sufficiently high. With the 
possible exception of the Z phase, the same phases 
form on aging in both the 60 pct Cr-15 pct Fe-25 pct 
Mo and the 60 pet Cr-25 pct Fe-15 pct Mo alloys, 
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but in the latter at a temperature about 200°F 
lower. The structural features produced on aging 
are very similar in both alloy types. 

Block X-ray and powder-diffraction analyses on 
the 60 pet Cr-15 pct Fe-25 pct Mo and 60 pet Cr-25 
pet Fe-15 pct Mo type alloys with <0.005 pct C 
indicate that the reaction for the formation of o is 
extremely sluggish at this carbon level and is pro- 
moted greatly by cold working. Since block samples 
of the 60 pct Cr-15 pct Fe-25 pct Mo type alloy con- 
taining only 0.01 pct C after aging at 1800°F reveal 
a substantial amount of o, it is apparent that carbon 
promotes the formation of o in these alloys. 

Metallographic studies of 60 pct Cr-15 pct Fe-25 
pet Mo, 65 pet Cr-13 pct Fe-22 pct Mo, and 70 pct 
Cr-11 pct Fe-19 pct Mo type alloys with 0.09 pct C 
reveal that the amount of finely dispersed phase 
(M.;,C.-type carbide) formed on aging at 1600°F 
drops off as chromium is increased with iron and 
molybdenum maintained at a 15 to 25 ratio. 

The 40 pct Cr-40 pct Fe-20 pct Mo type alloy con- 
taining 0.02 pct C, as-cast and after aging at 1600° 
through 2200°F, consists solely of o. 

Aging for 144 hr at 1600°F produces the highest 
hardness, about 690 Vickers, in the 60 pct Cr-15 pct 
Fe-25 pet Mo-0.09 pct C alloy. This is an increase of 
about 30 pct over the as-cast hardness of this alloy. 
Aging for 144 hr at 1400° and 1600°F and for 96 hr 
at 1800° and 2000°F produces higher hardnesses in 
the 60 pct Cr-25 pct Fe-15 pct Mo-0.09 pct C alloy 
than in the 60 pct Cr-15 pet Fe-25 pct Mo-0.09 pct 
C alloy in all cases. The higher hardness of the 60 
pet Cr-25 pct Fe-15 pct Mo-0.09 pct C alloy aged at 
1400°F is due to a greater uniformity of dispersion 
of the M.,C,-type carbide, and at the higher tem- 
peratures is caused by the formation of larger 
quantities of massive o. 

Homogenization prior to aging increases the hard- 
ness of chromium-base alloys. The higher hardness 
of homogenized and aged alloys, as compared with 
as-cast and aged alloys, is due to the more uniform 
distribution of the finely dispersed constituent, 
which, for homogenized 60 pct Cr-15 pct Fe-25 pct 
Mo and 60 pct Cr-25 pct Fe-15 pct Mo type alloys 
containing about 0.015 to 0.025 pct C, is the M,,C,- 
type carbide. 


Chromium-base alloys undergo twinning adjacent 
to hardness indentations at room temperature when 
finely dispersed phases are not present. 


Acknowledgments 


The authors wish to express their gratitude to 
Professors C. H. Mathewson and Walter R. Hibbard, 
Jr., for their cooperation and suggestions; to Dr. 
J. R. Van Pelt for the administration of the Battelle 
fellowship; and to the late Dr. H. W. Gillett for his 
advice and encouragement. The writers are also 
indebted to Dr. C. M. Schwartz for his aid in con- 
nection with the X-ray work. Special thanks are 
due Mr. W. L. Havekotte for his cooperation, es- 
pecially in preparing the alloys for this work. 


References 


*R. M. Parke and Frederick P. Bens: Chromium- 
Base Alloys, Symposium on Materials for Gas-Tur- 
bines. 49th Annual Meeting, A.S.T.M. (June 24-28, 
1946) pp. 80-98. 

2J. W. Putnam, R. D. Potter, and N. J. Grant: The 
Ternary System Chromium-Iron-Molybdenum. Trans. 
A.S.M. (1951) 43. 

’W. L. Havekotte, C. T. Greenidge, and H. C. Cross: 
Chromium-Base Alloys. Proc. A.S.T.M. (1950). 

*“R. M. Parke: Heat-Resisting Metals for Gas Tur- 
bine Parts. N.D.R.C. Research Project, NRC-8, OEMsr- 
457, February 26, 1945. 

° Joseph P. Hammond: Dissertation on: An Investi- 
gation of the Microconstituents in Chromium-Base 
Chromium-Iron-Molybdenum Alloys and Their Be- 
havior with Heat Treatment. (June 1949) Copies are 
filed at the Engineering School, Yale University, and at 
Battelle Memorial Institute. 

°C. O. Burgess and W. D. Forgeng: Constitution of 
Iron-Chromium-Manganese Alloys. Trans. AIME 
(1938) 131, p. 277; also, F. M. Becket: On the Allotropy 
of Stainless Steels. Trans. AIME (1938) 131, p. 15. 

*C. H. Mathewson and G. H. Edmunds: The Neu- 
mann Bands in Ferrite. Trans. AIME (1928) 30, p. 311. 

®V. Adelskold, A. Sundelin, and A. Westgren: Ztsch. 
anorg. allgem. Chemie (1933) 212, p. 404. 

°H. J. Goldschmidt: A. Molybdenum Sigma Phase. 
Reseurch (1949) 2, No. 7, p. 343. 

* W. Hume-Rothery, G. V. Raynor, and A. T. Little: 
On the Carbide and Nitride Particle in Titanium Steels. 
Journal Iron and Steel Inst. (1942) 145, p. 129. 


Technical Note 


Increase of High Magnetostriction by Magnetic Anneal 


by H. E. Stauss and G. Sandoz 


N increase in the value of magnetostriction™ is 
known to result from the annealing of some 
ferromagnetic alloys in a magnetic field. Similar 
increases may be anticipated in the value of the 
magnetostriction of alloys that are of interest be- 
cause of their normal high values. Two were selected 
for trial, 87 pct Fe-13 pct Al (Fe,Al) and 69 pct Co- 
31 pet Fe, the latter being used as a representative 
of the Co-Fe alloy series. 
The influence of a magnetic field present during 
annealing is explained by the domain theory of 
magnetism.’ The field orients the domain vectors in 
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its own direction when the alloy is at or below the 
Curie temperature, and holds them there until the 
metal is cold. During cooling the interaction stresses 
between neighboring grains are largely relaxed. 
Interaction stresses will reappear, however, if the 
state of magnetization of the specimen is changed in 
any way, and will be larger the more the new state 
of magnetization differs from the one existing during 
the magnetic anneal. In this connection the 180° 
reversal of a magnetization vector is not considered 
a change because a simple reversal does not tend to 
produce a change in shape of a magnetized region. 
When the field existing during the anneal is removed 
after the metal is cold, the domain vectors can turn 
back only to the nearest crystallographic directions 
of easy magnetization because return to random 
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orientation would introduce much larger elastic 
strains. The sample need not remain magnetized; 
even if demagnetized, it will still show the effect of 
the “magnetic anneal” in subsequent magnetizations. 

If a “magnetically annealed” specimen is later 
placed in the same direction with respect to a second 
magnetic field, there should be only the small change 
in length associated with the rotation of the mag- 
netization vector from the easy direction to the field 
direction. If the transverse direction of the specimen 
is placed parallel to the second field, the measured 
change in width should be almost one and one half 
times the change in dimension caused by magneto- 
striction in a normal specimen. Thus proper choice 
of directions of the annealing field and of the second 
field can increase magnetostriction in one direction 
in a “magnetically annealed” specimen by almost 
50 pet over the highest value observed in a normal 
specimen. This increase has been measured by ob- 
servers to whom reference has already been made.** 

The possible influence of sample shape, for ex- 
ample toroid or bar, upon the enhanced values of 
magnetostriction in terms of domain theory is not 
clear. The possibility must be considered that the 
shape of the specimen may influence the ability of 
the domain vectors to return to a random distribu- 
tion after a “magnetic anneal’? when the applied 
field has been removed; that is, the shape may affect 
the permanent change in dimensions that are frozen 
in as a result of a “magnetic anneal.” This effect is 
to be distinguished from that predicted by Becker’ 
for ellipsoids while still in the magnetic field. In the 
three available instances reported in the literature, 
two experimenters used toroids, one* with the mag- 
netically soft 68 permalloy and the other* with the 
hard Alnico V. The third experimenter’ used a short 
bar of the hard Alcomax II. For the present meas- 
urements on alloys with high values of magneto- 
striction, bar specimens were selected as most con- 
venient. In the arrangement adopted, the specimen 
was placed in a gap between the larger faces of 
the pole pieces of an electromagnet, with the speci- 
men in contact with one pole and separated from the 
other pole by a small gap produced by a brass spacer 
acting also as the support of the sample. It is dif- 
ficult to apply Becker’s correction in this case where 
the specimen forms part of a ferromagnetic circuit 
with one gap; and no attempt has been made to do 
so. The actual measurements obtained for maximum 
magnetostriction appear to indicate that the Becker 
effect was small in this experiment. 

For the “magnetic anneal” the specimen was 
heated in position between the magnet poles by 
means of a resistor wound directly on the sample. 
The 87 pct Fe-13 pct Al alloy was heated to 700°C 
and the 69 pct Co-31 pct Fe alloy was heated to 
900°C, in the absence of a field. At these tempera- 
tures the maximum attainable field was turned on 
and the specimen slowly cooled in the field to about 
100°C at an initial rate of about 100°C per hr, and 


Table |. Comparison of A (Maximum) as Measured with Values of 
Xs from the Literature 


\ (Max) 


Xs 
(As Measured) (Literature*) 
x106 x106 


Nickel —40 —40 
87 pct Fe-13 pct Al 39 40 
69 pct Co-31 pct Fe 87 89 


* Chap. 13 of ref. 5. 
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Table Il. Influence of “Magnetic Anneal”’ 
87 Pct Fe- 69 Pct Co- 
13 Pct Al 31 Pct Fe 
Alloy Alloy 
\ (max) x 108 39 87 
\ (mag. anneal) x 106 26 37 
d\ (trans. mag. anneal) x 108 45 107 
\ (max) = maximum measured value of. 
X (mag. anneal) = measured in same direction as field of ‘‘mag- 
netic anneal.’’ 
d (trans. mag. anneal) = measured normal to direction of field of 


“magnetic anneal.” 


quenched from 100°C. The Curie points of these 
specimens had been determined to be 560° and 
890°C, respectively. For the anneal in the absence 
of a field the specimens were heated in a large 
hydrogen furnace for 3 hr at 900°C and furnace 
cooled to induce ordering and thereby eliminate the 
influence of ordering’ upon changes in magnetostric- 
tion. As a precaution the alloys were given these 
long initial anneals at a temperature equal to or 
above that attained in the subsequent magnetic an- 
nealings in order to reduce the influence of changes 
in grain size. 

The specimens used were 3x3x2 cm, approxi- 
mately, and the alloys were cut from hot-forged 
sand castings. A nickel specimen cut from a chill 
casting was used to check on the measurement of 
magnetostriction. The Curie point of each specimen 
was determined from a cooling curve, with B meas- 
ured by a coil wound on the center of the specimen. 
Magnetostriction was measured with strain gages® 
mounted upon the specimens in three mutually per- 
pendicular directions. For each specimen in its regu- 
larly annealed condition, a curve of magnetostric- 
tion (A) vs. magnetic induction (B) was made, and 
for each sample the maximum attainable value of 
magnetostriction, 4 (maximum) compared favor- 
ably with published values of \, for saturation as 
shown in Table I. 

The influence of the “magnetic anneal” on mag- 
netostriction is shown in Table II. Comparison of the 
first and third lines shows that an appreciable in- 
crease in linear magnetostriction was produced by 
means of a “magnetic anneal” in the case of the two 
alloys of high original magnetostriction, 87 pct Fe- 
13 pet Al and 69 pct Co-31 pct Fe, but the increase 
was only 1.2 times instead of the anticipated 1.5 
times. Nor did the magnetostriction measured 
parallel to the annealing field vanish, as is shown in 
the second line. Possibly a form effect influenced 
the measurements, perhaps a self-disorientation of 
the magnetic vectors. This effect in “magnetically 
annealed” bars would be similar to the self-demag- 
netization of bars magnetized cold. 
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Technical Note 


Structure and Crystallography of Second Order Twins in Copper 


by M. Sharp and C. G. Dunn 


ie twinned crystals of the face-centered cubic 
metals the lattice of one twin is a mirror image 
of the other in a common twin boundary. When 
several twins appear within one large grain in a 
sheet specimen, the twin boundaries form a set of 
lines at the surface of the specimen which coincide 
with {111} planes of the large grain. Furthermore, 
for twins of the same orientation, these lines are 
parallel. 

Generally, the presence of identically oriented 
regions with straight parallel boundaries coinciding 
with a {111} plane of the surrounding crystal is 
strong evidence for identifying the island regions 
as twins of the parent crystal. However, Fig. 1, 
which shows the macrostructure of a large grain of 
copper with island regions that satisfy these con- 
ditions, is not an illustration of {111} twins. Since 


Fig. 1—Macrograph of a large grain of cop- 
per with several relatively large second-order 
twins. Natural size. 


Fig. 2—Micrograph of section taken at point of initial growth of 
first-order twin B and second-order twin C. The section is cut 
perpendicular to both the surface of the sample and the straight 
boundary between grains A and C. X100. Area reduced approxi- 
mately 50 pct for reproduction. 


the reverse side of the specimen has much the 
same appearance, it was thought at first that these 
regions, which appear dark in the macrograph, 
actually were twins. According to X-ray data, how- 
ever, these regions are second-order twins of the 
large crystal. 
With regard to their formation, these second- 
order twins formed by secondary recrystallization 
in a cube texture matrix. Growth occurred in the 
direction of the arrow (see Fig. 1) as the speci- 
men moved slowly into a gradient temperature fur- 
nace as described previously.* Nucleation of the 
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second-order twins occurred, therefore, on the ends 
facing opposite the arrow. If the origin of the 
second-order twins were due to repeated twinning, 
some first-order twin structure should be visible 
on these ends. This proved to be the case, as very 
small twins were readily found with the aid of a 
microscope, and probably could have been seen, in 
some instances, under ideal lighting conditions with- 
out aid of a microscope. 

Fig. 2 shows a cross-section view taken perpen- 
dicular to both the surface and the {111} trace of 
the parent crystal (visible as a straight boundary 
in Fig. 1) at the beginning point of growth of a 
second-order twin and where one first-order twin 
was relatively thick. In the micrograph, A is the 
large parent grain; B is the first-order twin of A; 
and C, which is a first-order twin of B, is a second- 
order twin of A. Between A and B and between B 
and C the major straight portions are traces of com- 
mon {111} twin boundaries. The straight portion 
of boundary between A and C, however, is not a 
common crystallographic plane to the two lattices; 
it is a {111} plane of A and a {115} plane of C. 

Without considering the mechanism of twinning 
itself, the origin of the second-order twins may be 
accounted for in terms of repeated twinning and 
special growth characteristics. After each nuclea- 
tion, a selective growth process can be thought of 
as favoring growth of the first-order twin in local 
spots only and favoring growth of the second-order 
twin to an extent comparable with that of the parent 
grain over relatively large areas in a way similar 
to that described for twinning in aluminum.” 

It has already been pointed out that the boundary 
between the large grain (A) and the second-order 
twin (C), which is responsible for the straight 
boundary portions in Fig. 1, involves a {111} plane 
of A and a {115} plane of C. The same combination 
of planes is not only possible in first-order twins, 
but actually appears quite frequently.® Their preva- 
lence in first-order twins and their presence here 
in second-order twins, together with the necessary 
occurrence of a large number of common lattice sites 
at the boundary, is an indication that this combina- 
tion produces an “energy cusp’””’ boundary. (Energy 
cusp boundaries have been described by Shockley 
and Read.") The configuration of atoms near a {111}, 
{115} boundary in first-order twins is of course dif- 
ferent from the configuration near the same type of 
boundary in second-order twins. 
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